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ACTIVITY OF IRON IN IRON-PLATINUM SOLID SOLUTIONS* 
HUGO R. LARSON} and JOHN CHIPMANt 


Slags of known iron activity were broug ght into equilibri im with pl Lat 156 , the platinum 
absorbing a quantity of iron which depended upon the iron ac y of tl 

rhe activity coefficient of iron was thus determined it 
eleven per cent iron. rhe iron-platinum alloys show strong 


L’ACTIVITE DU FER DANS LES SOLUTIONS SOLIDES FER-PI 
Des laitiers, dont l’activité du fer était connue, ont été amenés a l’équilibr 
1550°C; la quantité de fer absorbé par le platine dépendait de I’a t 
Le coefficient d’activité du fer fut ainsi déterminé dans des al 
a onze pour cent de fer. 
Les alliages fer-platine manifestent un écart négatif, imp 


DIE AKTIVITAT DES EISENS IN FESTEN EISEN-PLATIN LOSUNGEN 


Schlacken mit bekannter Eisenaktivitat wurden bei 155 rc mit latin ins Geichgewicht ¢ 
wobei das Platin eine von der Aktivitat der Schlacke abh > Eisenme ibsorbiert. 


Auf diese Weise wurde der — itskoeffizient des E isens in P lati 
und elf Prozent Eisen enthielten, bestimmt. Die Eisen-P latin Leg 
Abweichungen vom 


The usefulness of platinum as a structural Wagner [4] has developed, from the Gibbs- 


material in metallurgical research is limited by its Duhem relation, a formula by which it is possible 
propensity for alloying with other metals. Crucibles 
and thermocouples are readily contaminated by 
metals reduced from fused salts or slags but the 
exact conditions governing this phenomenon have 
not been described. This paper contains data on the 
contamination of platinum by iron from melt 
consisting of CaO, FeO and FeO; under controlled 
conditions of known activity of iron and oxygen. 
The data permit calculation of the activity coeffi- 
cient of iron in the Pt-Fe solid solution in the range 
0-11 per cent Fe. 

Tron activity in lime-iron oxide slags 

The procedure used in these experiments was 
similar to that used by Darken and Gurry [1] and 


has been described in detail elsewhere [2]. Carbon- icueE 1 neienes 


dioxide-carbon monoxide mixtures were passed CaO-FeO-Fe20; at 1550°C. 
over the melt contained in a small platinum cru- 
cible until equilibrium was reached. The melt was to calculate the activities of two components in a 
quenched and analyzed for CaO, FeO and Fe,Q;. ternary 
of the third component is known: 


r system over a range in which the activity 


Four atmospheres were employed at a temperature 
of 1550°C: air, CO., CO./CO = 11.4 and CO:/CO_ ,. 
= 2.50. The data of Fetters and Chipman [3] and < & 

of Darken and Gurry [1] permitted extending the 
results to lime-iron oxide slags in equilibrium with 
iron. The corresponding oxygen pressures covered 
a range from about 10 ‘to 10-° atmospheres. The 
experimentally determined oxygen pressures, inter- 
In the lime-iron 


polated to even values of p.,, are shown in Figure 1. 
1052 - can be chosen as Fe, O and ¢ 
*Received June 27, 1953. 
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Integrating the equation yields: 


\TINI 
-a 
5 
) In ) 
\ 
Vi 
\ 
Vi 
mmponents 
ctivity of 
48) 
Vere 


RGICA, 


The integration is carried out for various con- 
stant y values from zero to that represented by 
lime saturation. If the standard state for iron is 
chosen as pure liquid iron, the lower integration 


N’o, 


slag in equilibrium with iron. 


limit, is the mole fraction of oxvgen for the 


The results of graphical integration over the 


experimental composition range are shown by 


lines of constant iron activity in Figure 1. 
Iron activity in iron-platinum alloys 
the iron-plati- 


Rather 


At equilibrium the iron activity in 
num solid solution equals that in the slag. 
than destroy the crucible for analysis, a thin piece of 
platinum foil weighing about 0.2 gram was coiled 
and placed in the bottom of the crucible. Slag 
compositions and atmospheres were chosen to give 
a range of iron activities indicated by the points 
in Figure 1. After equilibrium had been reached, 
the crucible was quenched in mercury, the slag 
was analyzed to permit calculating the iron activity 
and the platinum foil was analyzed for iron. 

A summary of the experimental results is given 
in Table I. ; 


determine 


The first series of three samples was 
the 
equilibrium. Evidently 


used to time necessary to attain 


four hours was sufficient, 
although longer times were used in most subsequent 


+ 


experiments 


In the second series of five samples an attempt 
was made to melt slag 


but eq 


s with different lime contents 
ial iron activity. Although the iron activities 

not come out equal, the iron content of the 
platinum increased in a regular fashion as the cal- 
culated iron activity increased. Samples 228 and 
229 should be compared to samples 236 and 238. 
The calculated iron activity and the percent iron 
latinum almost 


were identical although 


the 
contents and atmospheres under which the two 


in the Pp 


there was a considerable difference in lime 


slags were melted. In the third group two slags 
different but 
activity The iron 


iron 
the 
Imost identical for each sample. 


with contents the same 


were melted. content of 
platinum foil was 
These constitute good checks of the ternary activ- 
ity calculations. 

Figure 2 have 


the 


The iron activities in Table I and 
been based on pure liquid iron as standard 


state. The standard state can be changed to pure 
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solid iron by using the known heat of fusion of iron. 
However, the experimental temperature, 1550°C, 
is so close to the melting point, 1535°C, that the 
difference, 0.003 log units, is insignificant. 


FIGURE 2. Activity coefficient 
alloys at 1550°C. 


of iron in iron-platinum 


For these dilute solutions it is possibly more 
the the 
infinitely dilute solution of iron in platinum. The 


informative to use as standard state 


activity coefficients based on this standard state 
are shown on the right-hand scale of Figure 2. 


TABLE | 


MMARY OF EXPERIMENTAL RESULTS 


Fe in Pt 
Per Mol. 


10 10.90 
00 10.92 
9 28 
57 10.46 
40 10.84 
50 10.90 
5 10.95 


1] 


salance C 
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1 
log a 
dN, 
log dp. (A 
OL dy LV 
e 
NT 
Yo 7 
4 
A 
A 
Li 
SC 
Sla 
Time FeO 
Sample hrs. CO2/CO Weight cent Fr —log Gre -logyFe 
228 6 11.4 63.10 37 ). 299 1.87 1.34 
229 t 11.4 63.20 37 0.300 1.87 1.35 
230 2 11.4 ). 257 
338 13.5 61,68 38 288 1.98 1.44 
7.5 7.7 10.20 40 ),298 1.83 1.30 
238 £.5 7.76 40.18 40 ). 299 1.83 1.31 
245 7.75 4.64 29.0 38 ).301 1.76 1.24 
247 5.5 1.64 28.19 38.62 06 0.303 1.79 1.27 
17 5 67 .f 34.60 55.00 5.84 0.179 00 2.25 
; 340 6 855 19.09 50.9¢ 5.82 0.178 2.90 2.15 
342 3.5 35.5 19.05 51.56 5.84 0.179 2 95 2 20 
352 f CO2 33.72 61.18 3.47 0.112 3.59 2.64 
54 CO2 23.78 61.40 3.27 0.106 3.54 2.56 
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WORK-HARDENING IN STRETCHED AND TWISTED ALUMINIUM 
CRYSTALS* 


H. W. PAXTON?{ and A. H. COTTRELLt 


rhe effects of plastic twisting on ihe tensile 
\fter such a twist the tensile stress nee d to « 
some cases, this is followed by a period of | increased vy 
when the twisting is applied during the period « 
tension, but they also ‘pe ir in crystals which u 
during tensile straining. An e wr a lation of 
those dislocations produci ing the tensile strain 
introduced during the twisting. The observed m 
twist can be predicted reasonably well by means of a formula deduced ft 
provide evidence in favour of the view that multiple slip is a cause of wor 


L’ECROUISSAGE DES CRISTAUX D’ALUMINIUM ALLONGES | 


Un examen est fait des effets de torsion plastique sur la déformation de cristaux d’ 
traction. Aprés une telle torsion, la tension de traction, nécessaire 4 la continuatio 
par traction, augmente brusquement et, dans certains cas, est suivie d’une péri 
accru. 

Ces effets sont le plus prononcés quand la torsion est app 
facile’ dans un cristal orienté de fagon a donner du glissement simple en traction, ma 
également dans des cristaux qui se déforment oli nt | I 
plus sévére pendant la def. mation par traction. Or 
termes de la difficulté qu’auraient les dislocations qi 
tions entrecoupantes, introduites lors d ir observée de m le te 
a la suite d’une torsion plastique, peut étre assez exactement prédite au moyen d’une formule déduite 
de la théorie; ces résultats appuient l’opinion que le glissement multiple consti cause de 
l’écrouissage. 


liquée pendant la péri 


VERFESTIGUNG VON GESTRECKTEN UND GEDRILLTI 
ALUMINIUMKRISTALLEN 


Die Wirkung der plastischen Verdrillung auf die Zu 
untersucht. Nach einer solchen Verdrillung i ( 
wendige Spannung stark an; in einigen Fa Her 
Diese Effekte treten am starksten hervor, we 
ung’’ in Kristallen, die fiir einfache Gleitung 
an Kristallen auf, die mehrfache Gleit 
verfestigen. Es wird eine Erklirung 
Versetzungen, die die inneren Spannut 
Weg kreuzenden Versetzunge i 
beobachtete Gréssenordnu 
friedensteller de r Genauig! 
gesagt werden. Die Ergebni 
ist. 


wahrenc 


Rather in re n these somewhat arbitrary 
Introduction groupings itions it seemed preferable, 


During tensile straining work hardening appears the experiments described below, to explore 
almost fortuitously in a single crystal since there is possibility Tr ical 
nothing in the macroscopic deformation, apart trolled distribution of dislocations 
perhaps from bending at the grips, to cause disloca-_ crystal a suitable non-unifo plastic 
tions to accumulate in the material. The observa- some stage during the tensil perimen ‘or sim- 
tions of easy glide in crystals oriented for single pli ity, a uniform distribution of dislocations was 


slip bear this out [1; 2; 3]. In such cases dislocations desired and this uniformity could be obtained, over 


accumulate only because obstacles, e.g., deforma- distances large ipared witl » spacing of slip 
i iI it varied linearly 


tion bands, are created where the slip happens to 


deviate from the simple laminar flow that satisfies Either twisting 


of these 


the macroscopic requirements of the deformation. 
ne d the 


*Received July 19 Lightness of the 
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n cr tal ‘ 
} rr 
riented for single slit 
i 
( t ( 
rement f{ g a plasti 
TORDUS 
everformung von Alum ristallen wurde 
Lie e zur Fortsetzung der Zugverformung t- 
9 larauf eine Per Wie verstarkter Verfest yung 
-rdrillung in einer Periode der “‘leichten Gleit 
154 
) g orientiert sind, erfolgt. Aber sie treten au 
die sich wahrend der Zugverf lung st 
vorgeschlag die lav iusgeht, dass d 
, Schwierigkeiten hab h durch die ihre 
ch plastischer Verdrill ae 
+ > ook he + | 


sLURGICA, 


tensile straining was temporarily 
give the crystal a small plastic 


The 


taken of the 


the 
halted in order to 
the 


however, 


twist about tensile axis. tensile straining 


was then resumed and a note > effect of 


the twist on the subsequent stress-strain curve. 


Experimental Method 


99.996 per aluminium, kindly 


Aluminum Company of America, 
bars 2-3 


were swaged to round diameter, 


machined and reduced to 1 cm diameter in grooved 


rolls, and etched and dra 


without 


wn to 0.32 cm diameter, 


annealing. Spec trog iphic al aly ses of the 
and zinc, 
Pieces of the 
salt bath at 


strained 2 per cent in tension 


detected 
in 0.001 


recrvstallized in a 


wire manganese 


its less th: 


finished 
in amout per cent. 
wire were then 
650°C for 15 seconds, 
at room temperature, and finally moved axially at 
2 cm per hour 
650°C 
to 15 cm. Their orientations, 
k-reflection L: 


cvlindrical furnace at 


This produced single crystals in lengths up 


civen in Figure l, 


were n ue method. 


ends were 
in duralumin end- 
a bonding resin 
ing portions of the specimens 


between the end-pieces were usually 5-7 cm long 


The 

the grips of machine and 

tensile strain applied at the rate of 1.5 K 10~-° per 
upper 

the 

The angle 


suspended vertically between 


a small hard-bea 


end pieces were 


m tensile 


To twist a crystal plastically, its 
while 


second. 


end-piece was temporarily clamped 


lower one was rotated in a light bearing. 


of rotation was measured optically with mirrors 


attached to the en id-pie es. 
f these mirrors 


The movements of revealed some 


slight and adventitious twisting and bending of the 
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training, particularly 
The t 


horizontal deflections of 


specimens during the tensile s 
at the 
was shown by 


twisting 
the light 


beam, and amounted in extreme cases to a relative 


beginning of the experiment. 


rotation of the end-pieces, about the tensile axis, of 


The 


vertical deflections and usually 


20 minutes of arc. bending was shown by 


amouted to a rela- 
tive rotation of the end-pieces, about a horizontal 


axis, of 30 minutes of arc, although in two speci- 
mens known to be poorly aligned it rose to 1 degree. 
It seems likely that this twisting and bending is 


caused by the specimens and their end-pieces 
settling down into axial alignment. Nishimura and 
Takamura [4] have recently observed plastic 
twisting, of about the same amounts as in the pres- 
ent work, when straining aluminium strip crystals 
in tension. 

To ascertain whether the intentionally applied 
the 


were mounted with 


twist was distributed uniformly along gauge 


length, several small mirrors 


spots of adhesive along one specimen. After giving 
rotations of up to 3 degrees, 
twists were found to be distributed very uniformly 
but 


due to 


the ensuing plastic 
over the central portion of the gauge length, 
did not extend to the ends. This end-effect, 
the constraints of the end-pieces, was unexpectedly 
large. Twisting could not be detected within 1 cm 
from the end-pieces, and the uniform region only 


began at about 1.5 cm from them. 


Results 


The high purity of the aluminium was reflected 


in the low values obtained for the critical resolved 
this stress did 
the 


result similar to 


furthermore, 


shear stress ib] » | 


ly with temperature over 


+20°C, 


not vary < ppreci a 


range bs — 185°C to 


curves of aluminium 
crystal no. 15. 


Stress-strain 
; curve 2 


FIGURE 2. 
curve 1—crystal no. 9 


crystals; 
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PAXTON anv COT x >: WORK-HARDENING ALUMINIUM 


TABLE | purity of the material, although Nishimura and 
CRITICAL RESOLVED SHEAR STRESSES OF ALUMINIUM 


Takamura [4] obtained very similar results. 


CRYSTALS* 


Some ty pical effects ol applying a twist 
the tensile experiment are shown in Figures § 
Reference 
number of Temperature of 
specimen experiment °C 


20 


“Where the stress-strain showed « 


ing) preceded by a small rounded p 


was found by extrapolating the linear 
other cases the critical stress wa 
as first detected. 
is doubtful be 
curve at the start 


that obtained by Neurath and Koehler 
copper crystals. Two typical stress-strair 
are shown in Figure 2. The greater rate 
hardening in crvstal no. 15, tl 
which was nearly suitable for 
compared with that of no. 9, 
slip, igrees with the observati 

In crystals oriented 
length of the easy glide 


work-hardening larger 


5 
iuring 
3 to 6. 
] | 51 
3 20 55 
i 20 66 
6 20 75 on 
7 74 72 
9 +20 68 
10 185 62 
13 +20 57 
- j | 
14 20 5 | 
l6a 20 15 
16b 20 52 | cy 
1S 20 744 2 rvst 13: « { tal 16 
19 185 78 
im ali Cases the totai ro , VY, given to the iower 
f +} lar ] | 
Dy lide (linear harden- end-piece was of the order 10 lian. The over-all 
snear s in, he Suriace, where S ne 
nas the str t I a | tne iene S IS Ot Order ZX ae) 
From the siopes of the stress-sti curves o! these 
Lie tic flow (see Figure 6 crystais, the work-! enil cue t in ¢ ent 
? ncrement of. tensile st he yf der 
954 on pure 3 QI sq mm. 
curves Figure 3 compares tw ves trol spt mens 
yf work out { | the > ST ] {) { l- 
ition Ol tension, \ lie the tensile sti I f the 
slip. ther wac terriunte tr 13s 10 
I cit le TO Ve T | | rT ST i 
} she S es DO 4 ( 
slip tl I twist sed | 16 sq mm 
e rate mn the stress eect | siie ition, 
he rve eventu set me 
| 
| 
| 
| / 
| 
| 
VA 
/ 
| 
| 
2 Gtrece-ctr n nd ct = 
FIGURE 3. tre una 
crvstals of the same orientatio! curves ] tre t 
15; curves 3 and 4—crystal 1 14 ct t 


stress 35 gm/sq mm greater than it. From the slope 


of the curves in this range of strain, the glide strain 


to produce an increment of 
3.6 10-*. The 


is shown in 


tension needed 


gm/sq mm would be twist of 


both specimens, as a function of stress, 


ficure. The adventitious twist should be 


the 
noticed. 
The effect of ing was particularly striking 


in specimens orientations favoured single 


slip and easy as those of Figure 4. Here 
the twist produced a sharp step in the stress-strain 
curve, followed by an increase in the rate of work- 
should be noticed that this part of 
olates back approximately to the 


this a 


hardening. It 
the curve extra] 


critical shear stress at zero strain; ppeared to 


occur generally after small twists (Figure 6 shows a 


less convincing example) but not after large ones 


see Figure 5). 
[he specimen of Figure 5 was given two rather 


large twists, one each direction. In each case a 


substantial increase in flow stress occurred. When 
the stress-strain curve were large, as 
but 


- like part of a hysteresis 


vertically became 


» effects of two twists, 


but with different 


dairection 


cond twist was three times 


and produced a stress incre- 
2.4 times larger than that produced by the 

first. An unusual feature in this experiment was the 
rtial untwisting which occurred when the tensile 


ining was resumed after twisting. 


Discussion 
Ever since Taylor's theory [6] it has been believed 
that the most common and severe form of work- 
hardening in a single crystal is that caused by the 
mutual interactions of dislocations which accumu- 
late during plastic straining. Recent studies have 
emphasized that the important interactions are 
those between dislocations in different glide sys- 
(7; 8]. 


tems In some cases these dislocations may 


combine to form sessile ones [9; 10]. In others, 
intersecting dislocation lines have to cut through 
each other in order to continue their glide motions, 
and energy has to be supplied to make the jogs 
which are then formed at the points of intersection 
[11]. A simple calculation [8; 12] shows that the 
applied stress Ao needed to drive a dislocation line 
through a field of intersecting lines, whose density 
sq. cm, is given in order 


across its slip plane is p per 


of magnitude by 


auodp’, 


(] Ao 


where a ~ 1, uw is the shear modulus, and 3 is the 
length of the Burgers vector; here the energy of a 
jog is taken as aud*®. This formula does not take 
account of thermal fluctuations, which enable the 
dislocations to cut through one another at somewhat 
lower stresses. 

The results of the present work can be explained 
The 


twisting produces dislocation lines in slip systems 


in terms of intersecting dislocations. plastic 
which intersect those used during the tensile strain- 
ing, and the tensile stress has to be raised to provide 
the energy for the jogs which form when the dislo- 
The detailed 


introduced by 


through another. 
the 


twisting depends on the orientations of the slip 


cations cut one 


distribution of dislocations 


and a detailed treatment would involve a 


systems, 
separate analysis for each crystal. However, it is 


easy to see that in general the systems used in 


stretching and twisting intersect one another. 

In plastic twisting there are two ideal orienta- 
tions, corresponding to the fact that, at any point 
in an elastically twisted circular cylinder, the shear 
stress is a Maximum in two directions, respectively 
perpendicular and parallel to the axis of twist. In 
the first of these ideal orientations the slip plane is 


perpendicular to the axis of twist and ‘rotational 


lip’ occurs [11; 13; 14], ideally producing a crossed 


‘id of screw dislocations in each active slip plane 


mode of deformation in the second ideal 
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inclined further up, rathe is 
| 
| | 
| 
we = | 
| / 
| 
— 
taken in the sane 
magnitudes. T] 
(15). 
he 


PAXTON 


orientation is more difficult to visualize, but is 


analogous to that which occurs when a bundle of 
parallel wires is twisted, allowing free sliding be- 
tween contacting wires. In this case the active slip 
planes are parallel to the axis of twist, and can be 
regarded as dividing the crystal up into a bundle of 
long, thin parallel columns, across the interfaces of 
which little or no shear stress can be sustained. An 
example of the operation of such slip systems has 
been noted by Gough, Wright and Hanson [16]. 

In practice, the slip systems actually used during 
twisting will be those that lie close to these ideal 
orientations. Since these ideal orientations lie at 
45 degrees to the ideal orientation for slip during 
tensile straining i.e., the plane of maximum resolved 
shear stress, the slip systems used in stretching and 
twisting will generally intersect one another. 

[t should be possible to predict the increment of 
work-hardening due to the plastic twisting by first 
calculating the density of intersecting dislocations 
and then using equation (1) to find the stress 
needed to drive a dislocation through them. At 
this stage of the work, however, an accurate cal- 


culation would be unprofitable; because of the 


approximate nature of equation (1) and the com- 
plication of the non-uniformity of the twist along 
the 


estimate can be significant. 


only an order of magnitude 


gauge length, 
Such an estimate is easily made. Let the angle of 
twist be @ radians/cm. Then a slip surface that 


intersects the slip systems used in twisting no 


longer remains plane but is twisted by an angle of 


the same order. Consider a small square, ABCD 
with sides of length d, marked out in the slip plane 
before After twisting, the 


twisting (Figure 7 


FIGURE 7. Displacem 


BCD, by plastic twisti 


B, and C, still define a plane, but 
the 


three points A, 
D no longer lies in it. Proceeding along BC, 


lattice rotation about this line is of order @/cm. 
Thus CD is rotated an 


about the axis BC. The distance that D is moved 


angle 6d, relative to AB, 


out of the plane, on the end of the rotated arm CD, 


WORK-HA 


number 
through 


1,, 
proaut e 


as the order of n litude he densit of disloca- 


ions introduced | twisting. Substituting 


-esult in equation iking a = 1, gives the 
increment in shear ress r caused by a pl i 


Cw ist per 


Table 


this 


2 compare 1e stress increments given by 


formula with experimental values, taking 


‘ 
L = A 


10° gm. persq.mm.and b=2.9X 10 
i 


etter than exper ted in View of 


Che agreement is 


( OMPARISON 


yme ot the 
No 


++ 


one another. 
taken nen se 
shortening the eff 


1 1 


increa 


rees 
nese resu 


view tha 


] | 
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l aow! tne values ot @; Dy 
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fact that the tive sl nes r tens straining 
than is given by equation (2) because the ersect 
1 
ee Its thus provide evidence in favour of 
Dp! Ss 5 a ause WOrk- 
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hardening. It is interesting to note that the inter- 
secting slip not only has an immediate effect on the 
stress to continue the original mode of slip; it also 
increases the subsequent rate of work-hardening. 
Mott’s theory [7], this can be 


basis of 


On the 


interpreted in terms of an increase, due to the 


presence of the intersecting dislocations, in the 
number of places where a piled-up group of dislo- 
to form during the subsequent 


i 


~ se 
cations 1s likely 


tensile deformation. 
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ON THE STRENGTH OF SOLID SOLUTION ALLOYS* 


J. C. FISHER 


Short-range order is shown to 
solid solutions. Because motion of 
destrovs the order and pr duces an 1 


stress 7 = 7/0) is required to force the 


RESISTAN( 


re que 


fortement 


Introduction 


Single crystals and polycrystals of solid solution 


alloys are considerably stronger than crystals of 


pure metals. Two strengthening mechanisms are of 
particular interest, one previously proposed by 
Cottrell and modified by Suzuki for clo 

crystals, and another now to be 


mechanisms complement each other. 


Strength Produced by Segregation 
Atoms at Dislocations 


Cottrel! | has suggested a streng 


anism that yf particular importan 


concentratio1 
cluster preferenti 
cations, 


energy. If deformation is to proceed 


ture wh re tu iute toms 
dislocatior ak away from their ass« 


solute atoms, increasing their energy in the pi 
cess. For body-centered cubic crvstals, where dis- 


locations are not dissociated into partials, the 
ivated, leadit 


of breaking iwa\ rma tlva , 


tered cubic alloys by relatively 


minor solute additions. Subsequent additions of 


tor once a disiocati 


solute have decreasing effec 


is pinned, which requires only a small sol 
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Strength 


SOLUTION SO] 


Produce 


Short-Ranége 


Order 


in important ¢ tr t to the strength of oh] illove 
dislocat throug ryst th short-range or partial! 
terlace posit re y per t area, 1dit 
SUR DES ALLIAGES DU | 
tions solides HMMM allices. Du fait que le mouve td ed tion at ( t ive 
ordre a petite distance détruit partiellement I lit tn terf ) t wne 
energie move e, posit par té de surface, il est ce I iDD 1 et = 
taire r = y/b pour forcer la dislocation a se déplacer le long du plan de glissem 
ZUR FESTIGKEIT VON LEGIERUNGEN, DIE FESTE LOSUNGEN SIND 
Re wird ceseict. dass die Naheord Fest 
festen Lésung leistet. Da die Bewegung einer Versetz | é Kristall Nahi | 
diese Ordnu rum Teil zerstért 1 eine sre einer p ttle 1 
Oberflacheneinheit scl t, ist zusatzl T LO! 
in de leitebene zu bews 
enti tion, additional soilut ( ises relativel' little 
) Li 
| ] + 
eee For face-centered cubic crystals, on the other 
hand scl mt re ] ted int nart ] 
nand, disiocations are dISs¢ ited intO pa 
1 1 1 1 
SUZUKI nas pointed outctt C regation solute 
T ] f 14 ] 
lie elements I occur tnroug! l | rauited reg? ns 
OCA 1 1 > 
in weake potent \ ie Be 1use tne 
el | i stress 
rtition of s te eleme | ety I the St kK 
\ccording to him, solut toms dilute s I ( 
in the neighborhood of dislo- t f 
el aecre sing the qisio 
ite I { I ent 
] ] | ] n 
ted ( ler next tio 
a sharp increase of strength with decré 
perature. It is likely that this mechanis : Here ag equ 
responsible for the rapid increase of strengt ( stress, f ts mot reates ral m 
duced in bod)-cr [i f ator plane. In most 
solid tions. ver, th me e 
located at rando in ot nosed of large 
ill ator } } e ones 1 
will tend to be s! ones 
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Consider now a with short- 


range order, i.e., wi ' short-range 

departure from ran iness. A dislocation in such a 

is 1 i zero stress, 

» equilibrium short- 

, producing a more 

higher energy. As 

out before the invention of 
iti nergy interf: 

process, 

, therefore, 

ith short- 

hat is required to 


ntain the displ: of such a disloca- 


absence of diffusion) is a measure of the 


yn (in the 


ng eect. nl increment 1s not deter- 


a thermal ac cess, and (when 


in units of the modulus) should 


itures 


1S 


type described 


ng-range order signif 


of dislocations in nnealed 


crystal. In the simplest ordered alloys, for example, 


dislo themselves into pairs, each 


twice that for 


itions regrou 


pair having a Burgers vector equal to 
the disordered lattice. Since the motion of a dis- 


location pair re-creates the ordered structure, the 


pair is in neutral equilibrium under zero 


1 


tne 


‘r itself provides 


locati into 


1ISLOK ions 


ust form the edge 


] ] 
‘red reg 


VOL 


At equilibrium with respect to dislocation glide, 
AE =0 the 


range order hardening is 


stress increment due to short- 


and 


\ f n ni 
orael Ol magni 


An estimate of the 


requires a knowledge of the misfit energy y. As an 


example, a rough calculation based upon a nearest- 


neighbour bond energy model gives y = 10 ergs 


for 70-30 alpha brass, and a stress increment of 


about 5-108 dynes/cm? or 8000 psi. This value is 


several the vield strength of brass single 


crystals, suggesting that a significant fraction of the 


times 


strength of brass is caused by short-range order. 


Conclusion 


he strength ol 


solid solution alloys 
that 
the order, creating an 
A stress 7 = 7 
ition is to move, for 


with short-range order results from the fact 
dislocation motion destroys 


interface of positive ener b or 


greater 1S required lia 


accompanying slip 


least equ il the energy of the interface that 


is produced. | ntrast t he type of hardening 
is produced. in contrast to the type of nhardening 


Cottrell, which is associated with 


proposed by 


segregation of solute atoms near a dislocation, and 


which leads in body-centered cubic alloys to a yield 


stress that decreases rapidly as the temperature is 


raised, it is predicted that order hardening should 


be nearly independent of temperature at low tem- 


he temperature-independence of order 
that 


th of close-packed 


peratures. 


very similar to suggested by 


‘neth is 


stren 


thermodynamic 


illoy and its mechanical proper- 


} 


which is | 


provided by the order-hardening 
should be of 


hanism, considerable utility in 


‘eneth of solid solutions. 
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| nge-range order need not lead to a strengetnen- 
ing effect of the (MM for short-range 
order, because |] cantly alters dislos 
must at 
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force for grouping paiirs. for each 
single dislocation m7 of a surface 
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SOLUBILITY OF CARBON IN FERRITE* 
MATS HILLERTt 
The solubility of cementite in ferrite is known from sever il determinat s. Now 


graphite in ferrite has been determined by a computatior 


Che two solubility curves have 1 compared from a theoretical point 
entropy of format 


role in the absolute value of the so 


f view. It is sl 


im. nia 
n, pl 


} 


on of the substance, wit ich the solution is in equil 


LA SOLUBILITE DU CARBONE DANS LA FERRITE 


La solubilité de la cementite dans la ferrite est connue; ell sté détermi 
Cette fois la solubilité du graphite dans | mentite rminée 1 tl 
courbes de solubilité furent comparées du poin ique. 

Il est montré que l’entropie de formation de la substance avec laquell 
oue un role important dans la valeur absolue de la solubilité 


DIE LOSLICHKEIT DES KOHLENSTOFFS IN FI 


Aus verschiedenen Bestimmungen ist die Léslichkeit von Zementit in Ferri 
keit von Graphit in Ferrit wurde im Folgenden rechnerisch bestimmt. 


Die beiden Léslichkeitskurven wurden nach theoretischen Gesichtspunkten verg] 


gezeigt, dass die Bildungsentropie eines Stoffes, mit dem die Lésung im Gleichgewicl 
wichtige Rolle im Absolutwert der Léslichkeit spielt. 


with cementite according -urve This activity 
1, Computation of the Graphite temperature in curve IT] 
in Ferrite of Figure 1. The curve was drawn by using the 
The solubility of carbon in a-iron, ferrite, repre- computed increase in free energy 4Ag when that 
sents two key-functions to the understanding of amount of cementite, Fe;C, is formed from graphite 
important behaviour and properties of steel for 
temperatures up to some 720°C. There are two Inx or Inae 
such functions because ferrite can be saturated 
with carbon either to equilibrium with graphite or 
to equilibrium with cementite. In Figure 1 these 
functions have been plotted as the natural loga- 
rithm of the mole fractions of the carbon content 
(In x) versus absolute temperature. This informa- 
tion has been compiled in the following way. 
Curve I, for ‘‘the solubility of cementite,’’ is the 
one compiled by Wert [1], from measurements by 
the damping method by Dijkstra [2] and Wert [1] 
and by a diffusion method by Stanley [3]. A differ- 
ent method of arriving at the solubility function is 
the calorimetric one used by Borelius ef a/. [4]. This 
yields much lower values; and the calorimetric 
results have not been included in curve I. Wert has 
found it possible to represent the data by the 
function 


(1) x=0.119e ““=e 


This straight-line approximation is good over 
the entire temperature region where measurements 
have been performed; that is, down to 150°C. 

Curve II, for ‘‘the solubility of graphite,’’ has 
been computed from curve I with the aid of data 
for the carbon activity of ferrite in equilibrium 
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and ferrite, which contains one mole carbon. This 


increase can easily be evaluated from thermo- 
dynamic data for cementite, ferrite and graphite, 
published by Darken and Gurry [5], Darken and 
Smith [6], and Rossini ef a/ [7]. The data concerning 
formation of cementite are given in Table I. Curve 
III for the carbon activity of ferrite in equilibrium 


with cementite in Figure 1 was then simply taken as 
| cem 4Ag 
RI 
This 


convention of adjusting 


involves, first, the customary normalization 
the activity scale for each 


ith graphite becomes 1, and, second, the assump- 
an iron activity unity both in ferrite that is 
equilibrium with graphite and in ferrite in 
librium with cementite. The latter assumption 
small solubilities 
the 


activity,’ can be approximated by a straight-line 


is justified by the exceedingly 


actually involved. Curve III, for ‘‘cementite 


expression of the same form as (1): 


is shown dotted adjoining the 

Figure 1. It becomes a very bad 

approximation near and above 768°C and near and 
below 190°C, which are the Curie temperatures of 
ferrite and cementite. This is 


] 


more clear from a 


at tem] erature 
vith er: 

lity Curve 


The 


shown 


obtained. 
proximation curve, 


must be 


It seems quite reasonable to assume that Henry’s 
law is valid for the very dilute solutions of carbon 
in ferrite. Thus, it is evident that straight-line 
ion of both curves I and II at the same 


ipproximation 
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time is permissible only when curve III can be 
approximated to a straight line. According to 
Figure 1, this is not the case at low temperatures. 
Thus, at least one of the straight-line approxima- 
tions of the curves I and II must become very poor. 
For several vears it has been generally accepted 
that cementite is a metastable, and graphite a 
stable, phase at all temperatures. It is possible to 
describe the metastable character of a phase in a 
more precise manner than is usually used. Thus, 
we can say that cementite in equilibrium with 
ferrite at, for example, 700°C, is metastable with 
respect to graphite. This is a way of stating the fact 
that cementite and ferrite in equilibrium at 700°C 
than 1. 


Figure 1 we get the value 1.25. It is an interesting 


have a carbon activity higher From 
feature in Figure 1 that the carbon activity in the 
ferrite-cementite equilibrium approaches and then 
goes below the value 1 with increasing temperature. 
This that 


cementite in equilibrium with ferrite is not 


means above a certain temperature 
meta- 
stable but stable with respect to graphite. For un- 
alloyed steel this does not occur until the tempera- 
ture is so high that the equilibrium state between 
cementite and ferrite is metastable with respect to 
austenite. 

It is interesting that a different line of computing 
the ca 
librium for these higher temperatures leads to the 


that 


rbon activity of the ferrite-cementite equi- 


same conclusion cemetite is not metastable 


but stable 


conditions. This line s fo 


1 


with respect to graphite under these 
] 
it 


ws. R. P. Smith [8] 


measured the car activity in ternary alloys 


a number oli compositions ata 


perature 1000°C. It appears possible to perform 


tion to ompositl 


trapola 
it. In this way 
ith 0.7 atomic per carbon 
activity 1 at 1000°C 
in Figure 


only 0.2 


curve | 
one finds that hould contain 
cent 


5 atomic per carbon in equilibrium 


i 
with cementite at this temperature. Thus, 


ferrite-cementite equilibrium at 1000°C must 
ivi iderablv lo 


wer than 1. 


2. Theoretical Discussion 


Suppose that mainly consists of one 


a phase, l, 
and that it 
of another component, B. This phase 1 is 


the 


component, A, can contain small 
amounts 
librium with a B-rich phase, 2, with 


composition A,B», 
Bil = 0, m =1 


for equilibrium, i.e., of saturation, is 


in equ 


which eventually is pure 


The thermodynamic condition 


12 | 
temperature so that the activity for equilibrium 
W 
3 = 0.03853e" 
Knowing the carbon content (curve I) and the 
of the ferrite, which at the same temperature would 
orrespond to a carbon activity of unity, on the 
further assumption of full proportionality between 
tivit nd concentration of solute at these very 
concentrations—that is, assuming the validity 
of Henry’s law. The concentration at activity 1 is 
by definition the solubility of the 
this wav. then. the solul ite 
[] straight-line 
viously 
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on 9 


aG' 
(6) 


on 2 


where G' and G? are the Gibbs free energy of the 
two phases; dm. is the infinitely small amount of 


phase 2, measured as mole, that is thought to be 
transferred to phase 1. (In this paper one mole is 
defined as NV atoms. N is the Avogadro number.) 
By introducing heat content, H, and entropy, S, 


instead of G in (6) and by multiplying with the 


m 
-, the following is obtained: 


side is the heat 


factor - 


ek as 


On» 


0H” 
Ons On» 


absorbed by the 
9 


The left-hand 
system, when that amount of phase 2 is dissolved 
in phase 1, which contains one mole of component 
B. This can be called the heat of solution of B and 
designed Ly. The right-hand side of (7) is the tem- 
perature multiplied by the entropy increase of the 
9 


system, when the same amount of phase 2 is dis- 
solved. This entropy increase can be split into two 
terms. The first of these depends on the change in 
the randomness of the atom positions and for low 


B-content it can be computed to —R{In x — In g]. 
x is the mole fraction that indicates the B-content in 
phase |. For substitutional solutions g is 1 and thus 
For interstitial 
the 


Ing is zero and can be omitted. 


solutions, g is the number of holes per atom in 
mother lattice; g is 1 for carbon in austenite and 4 
for carbon in ferrite. The other entropy term repre- 
sents the increase from other causes—for instance, 
changes of the thermal vibrations and of the dis- 
tribution of electron spin directions. This term is 
clves 


here designed s*. Now (7 


(3 


On the assumption that the temperature depend- 
ence of s* and Lz is negligible, the heat of solution 
raphite into 
ferrite can be evaluated by comparison of (1) and 
(4) with (8). The result is Z& 16600 cal 
Leem = 9700 the cementite solubility 
values, determined by Borelius et al [4] by the 
calorimetric method, one gets L&" = 19400 cal and 
Leem = 12500 cal. R. P. Smith [9] has determined 
L*: from carbon activity measurements at tem- 


of carbon from cementite and from ¢ 


and 


cal. From 


peratures above A; and he found Ls" = 20000 cal. 

Under the same assumption of temperature 
independence, s*/R can be evaluated from the 
solubility expressions. Zener [10] has determined 


OF 


CARBON 


s*/R from data on the solubility of several elements 
in aluminum and for all elements he found positive 
and rather small values. He has explained this from 
a theoretical point of view, too, by calling attention 


to the fact that the decrease of the elastic modulus 


that foreign atoms always give rise to in a lattice 
must involve an increase of the vibrational entropy 


Phis 


the 


in the region surrounding each solute atom. 
to ll 


experimental data that Chus, 


capable ol explaining 


Zener 


effect seems be 


has analysed. 


he can assume that there was no other important 


contribution to s*/R, which means that the solute 


atoms have nearly the same entropy in the solution 
the I i 


in substance with which the solution is in 
equilibrium. 


as 


realized very 


the 


This condition may eventually be 
the 


lattice structure in their pure st: 


well, if two kinds of atoms have same 
ites and if the solu- 
tion is in equilibrium with the solute kind of atom 
i i of 
1 equilibrium with pure copper. Zener 


R the 


aluminum when in equilibrium with 3-phase. Thus 


in its pure state, e the solution copper in 


aluminum i 
for solution of in 


has evaluated s* copper 


Zener’s interpretation of R is exactly right only if 
rom pure and pure 
It would 


Robt Lined 


ind of pure copper 


3-phase is formed f opper 


aluminum without change. 


any el 
be interesting to compare lues of s* 
from the solubilities of 
in aluminum, but unfortt the latter solubility 
is probability very determine. 
For 
pari 
determine 
compiled by Wer 


solutions car 


ison can be made. 

and 
ned by the 
the solubility of ¢ 

—(0.2. 


to oul 


explat 


and s* 
Ac cording 


between the two \ 


should depend of formation 


entrop' 
from graphite and ferrite. 


\vailable data, 4As 


cementite, when formed 


This should then be d in 


Table I, show that the entropy of formation has 


this value at about 560°C. This temperature lies 


in the temperature region where the solubilities 
have been investigated. 


3orelius ef al t} propose an appreciable 


negative value of s*/R for the solution of cementite 
in ferrite can be due to ferromagnetism. At the tem- 
peratures of interest the cementite is not ferro- 
magnetic and therefore the three iron atoms, which 


are dissolved in the ferrite with each carbon atom, 


| 
— 
m ON», 
is negative value cannot be 
t discussed by Zener. From 
RT 
terpretatiol the dillerence 


ACTA 
are transformed into a ferromagnetic state. This 
involves a redistribution of the electron spin direc- 
tions and consequently a large entropy change. As 
the 
point of ferrite, the experimentally determined en- 


temperature is increased towards the Curie 


tropy of formation of cementite strongly decreases 


but it does not tend to reach the zero value. as is 


shown in Table I. Thus, the ferromagnetism can 


TABLE | 


300 

100 6498 
500 708] 
600 
700 7238 


1320 


SOO 696] 
900 6323 
1000 
1100 
1200 
1300 
1400 2578 
1500 2400 


5080 
3566 
3081 


2798 
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only explain about half the observed value of s*/R. 
The entropy of formation decreases even when the 
temperature is decreased below a certain value. This 
happens because the cementite then becomes ferro- 
magnetic too. 

By means of (8),s*/R can be evaluated from the 
graphite solubility in austenite (¢ = 1). The result 
is very close to zero and consequently close to the 


value found for graphite in ferrite. 
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THE FORMATION OF MECHANICAL TWINS* 


B. A. BILBY? and 


It is suggested that the nucleation of mechani 
are set up in a crystal round inhomoge: 
fields round two types of inhomogeneity arising 
and the kink band. It is shown that in hexagon 
direction of the dislocations in the inhomogeneit 
with available data on these metals, and critic 
this hypothesis and that which proposes a macr« 


leities ol 


LA FORMATION DI 


I] est suggéré que la germination 


de mac les 
locales, créées autour de diverses hétérogénéi 


de deux types d’hétérogénéités engendrées par la 


ment limitée et la bande de pliage 


MACLES ME 


me 


déf 
Il est montré que 


A. R. ENTWISLE} 


\NIQUES 


es est ¢ 


és dans u ristal. On a ex 


rmation plastiq 


dans 


germes de macles, sur des plans contenant la direction de g 


généité, est peu probable. La théorie est comparée 


1ux dor 


ant ces métaux. On suggére des expériences qui faciliterai 


et celle qui propose une tension critique, 


DIE MECHANISCHE 


Es wird angenommen, dass der Beginn der mechanischen 


macroscopique de mac 


ZWILLINGSBILDI 


Zwillings 


értlichen Spannungen bestimmt wird, die in einem Kristall um die vers 


bestehen. Die Spannungsfelder um zwei Arten vo 


formung auftreten—das begrenzte Gleitband und das 


vezeigt, dass es unwahrscheinlich ist, dass in 
entstehen, die die Gleichrichtung der Versetzung i 


hexag 


fiir diese Metalle vorhandenen Daten verglichen. 


ermOglichen, zwischen dieser Theorie und eine 


spezifische Spannung der Zwillingsbildung postulier 


1. Introduction 


There is some evidence in support of the hypo- 
thesis that in metal crystals mechanical twinning 
begins when the applied shear stress on the twin- 
ning plane resolved in the twinning direction reaches 
a critical value (Thompson and Millard [1], King 
[2]). The measured critical twinning stress, how- 
ever, usually varies within wide limits, and the 
criterion for the onset of twinning is not so well 
the 
Experiments on twinning and untwinning under 


established as corresponding one for slip. 


reversed stresses, for example those of Jillson [3], 
show on the other hand, that under certain condi- 
tions the growth of twins of macroscopic size is 
controlled by the externally applied stress. It is 
the purpose of this paper to make a preliminary 
examination of the hypothesis that the nucleation 
twins is controlled large local 


of mechanical by 


stresses which are set up in the crystal round 


inhomogeneities of various kinds. We shall not be 
concerned here with the subsequent growth of the 
twin nuclei. It will be assumed that the nucleation 


is determined by the resultant local shear stress 
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on the twinning plane resolved in the twinning 


direction, although, as will appear, an important 


conclusion of the theory under less re- 


strictive assumption. 
ide by 


inhomogeneities 


Recently, suggestions have been m various 
workers about the role of specili 
of stress in initiating mechanical twinning (Burke 
and Hibbard [4], Frank and 
Feustel [6] . We consider here 


geneity produced by previous plastic 


Stroh 5], 


Low and 


two types of inhomo- 


deformation, 


namely, the bounded slip band and the bend plane. 
| 


The discussion is confined to crystals with a hexa- 
gonal close-packed structure, since it is for these 


that most data are available. The idea twin 


formation in hexagonal metal crystals is influenced 


by previous plastic deformat has received con- 


siderable attention in the past. Empirical rules 


have been formulated relating the operative slip 


win planes Gouch and 


direction to the operative t 


Cox [7: 8], Bakerian and Mathewson [9]). There is 
indication that the rules have 


Andrade and Hu 


shall examine these rules in the light of t 


also some 


application tchings 


hy pothe sis. 


2. The Stresses round Bounded Slip Bands 
Let X, Y, U and Z denote the conventional axes 


of reference for a crystal with the hexagonal close 


1 + 11 1 1 1 
va \ t is é the tre 
teal 9 le: | ‘ 
re ested to d twee 
are 
scopic critical t tre 
es ( ies te 
I inde de . 

\ 
SGrungen, di Verlauf der plastischen Ver- 

ile Metall ZW eskeime auf Eben 

der Stérung enthalten. Die Theorie wird mit d 

Neue ersucne werae reves die es 
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packed structure, consider a region of the 
crystal where the Y slip direction is operative. It 
is anticipated (Mott [10]) that if dislocation groups 
at the ends of bounded slip bands exist in hexagonal 
metal crystals deforming by basal slip, they will be 
composed of screw rather than of edge dislocations. 
We therefore examine the stresses on the twinning 
a group of long, straight screw 


[1210] direction. The 


planes produced by 


dislocations parallel to the 


elastic field of such a group is one of anti-plane 


take axeS X1, Xo, X 


strain, and if we 
[1010], 

non-zero components of the stress tensor 
Let 


parallel to 


1210] and [0001] respectively, the only 
are Pie 


and po new axes x,’ whose direction cosines 


with respect to the axes x,’ are /,,;, be chosen for 


each twinning plane so that x;’ is the normal to the 
twinning is the twinning direction. 
the twinning plane resolved in 
the twinning direction, pj3, and the normal stress 
on this plane, $33; are then readily calculated from 


the relation: 


are of the form ffy. + u 


and 


and uw for ~/. are shown in Table I. 


f 
e 


axis [1010 


for pf, are obtained by replacing 


- constants a, b and o by the constants c, 2a and 
o respectively. For a hexagonal structure of axial 
the values of the constants in units of m?, 


+ 52) 


ratio 


where m? stands for 1 } are :a 6s, 


2./3(s? — 3),c¢ = 


= 

In preparing this table, x{ has been chosen so 
is positive it assists the twinning in 
s? > 3. For 


that when p/, 


zinc and cadmium where the other 


hexagonal metals, where s? must be 
negative if it is to assist twinning. The notation 
TX, TX’ etc., indicates the pair of complementary 
twinning planes containing the X slip direction, 


and is used by Gough and Cox. 


The table shows that both p’, and p%, are zero 


for the twinning planes containing the operative 
slip direction. Thus if either of these stresses (or 
any combination of them) controls the local nuclea- 


tion of twins, we should not expect twinning to 


dey 


occur on these planes. This result ends only on 
the assumption of anti-plane strain and is inde- 
pendent of the form of the expressions fj. and po; 
for the stresses due to the dislocation group. 

We shall later require the results of a correspond- 
ing analysis for a state of plane strain with stress 
V( poe + p22, D and P23, 

field 


edge dislocations lying along [1010] with Burgers 


components fu = 
where v is Poisson’s ratio. The of a group of 
vectors along [1210] is of this kind. The stresses 


pis and p33 are now of the form fpo2 + ghz; + hhos, 
where the values of f, g and h for pj; 
Table I. 
stituting the constants D, —E, —F, K, —L, o for 
A, B, C, G, H, o respectively, and in units of m' 


the constants have the values: 


are shown in 


Expressions for $33 are obtained by sub- 


i n TY and JY’ 


strain, and to 


are 


The stresses 


thus not for a - of plane 


pr ceed 


Zero 
to sper ify the dis- 
A detailed 


mn eage and screw disloc a- 


further it is 


essary 


tribution of dislocations in the group. 


analysis for groups 


tions is in progress and the results will be published 


shortly. However, both at large distances and also 


in the region very near to the leading dislocation, 


the field of the group is of the same form as that 
of a single edge dislocation, and it is easily shown 
that the 


twinning is less on the planes 7 Y and 7 Y’ than on 


for such a field stress p{, favouring 


the other twinning planes. 
Table I shows that both for states of plane and 
on TY 


differ in form from those on the other twinning 


anti-plane strain, the stresses and 
planes. We cannot, however, distinguish between 
the complementary pairs 7X, TX’ and TU, TU’. 
For an edge group the stresses on 7X and TU’ 
(and on TX’ and TU) are the same, while for a 
screw group the stress components fj. and p23 are 
anti-symmetric and symmetric in the x; coordinate 
respectively, and this implies that if 7X operates 
so also does TU’. For any complementary pair the 
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AND E 


stresses p{, are not very different because the planes 
are nearly perpendicular to one another. 
Distinctions can, however, be made when we 
consider the effect of the applied stress in addition 
to that of the The 
conclusion then follows that twinning on planes 


dislocation groups. general 
containing the operative slip direction will not 
occur, and of the other twinning planes, that com- 
plementary pair will operate on which the macro- 
scopic resolved shear stress is the greatest. This is 
true if the twins are nucleated by screw groups, and 
probably true if they are nucleated by edge groups. 
There may, however, be a considerable variation 
in the macroscopic resolved shear stress at which 
the first twinning is observed, since the nucleation 
is not controlled by the macroscopic stress only. 
The empirical rule formulated by Bakerian and 
Mathewson [9] as a result of some experiments on 
the compression of magnesium crystals at various 
temperatures was: ‘‘The operative pair of planes 
is the pair for which the intersection with the slip 
plane makes an angle of as near 90 degrees as is 
geometrically possible with the projection of the 
compression axis on the same plane.’’ Thompson 
and Millard [1] have pointed out that this rule is 
approximately equivalent to the statement that 
the favoured planes are those for which the macro- 
scopic resolved twinning stress p/, is the greatest. 
Computations show that when the compression 
axis lies in any 30 degrees sector bounded by 
2110) and (i010) in 


stereogram, there is a 


directions the conventional 


hexagonal region near 
(0001] where the /{, stress opposes twinning on all 
the twinning planes, while in the remainder of the 
sector there is one twinning plane for whicl 

stress is the greatest, and this is in fact the plane 
The 


thesis of the present paper would predict that the 


selected by the above empirical rule. hypo- 
same twinning planes operate, since in this set of 
experiments the exclusion of the twinning planes 
containing the operative slip direction automati- 
cally follows from either hypothesis. This is so 
because, with the stress system employed, there are 
always other twinning planes for which the macro- 
scopic stress p/, is greater. Stress systems can, 
however, be applied where this is not the case, for 
example, if the magnesium crystals are deformed 
small and 


in tension and the angles xy» and Xp» are 


nearly equal. 


Gough and Cox [7; 8] subjected cylindrical zinc 
crystals to alternating torsional stresses and found 
that in any region of the crystal, twinning occurred 


on one or other of the complementary pairs of 
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twinning planes not containing the operative slip 
direction. They were unable to formulate a rule 
selecting which of these two pairs operated, al- 
though they divided their crystals into two ti pes 
according as the operative slip—operative twinning 

XYU or XUY.* In l 
paper, they show the shear stress on the twinning 
the 


sequence was their secon 


plane resolved in twinning direction as a 
function of \, the angular distance about the tor- 
sion axis measured from a reference mark on the 
crystal surface. Their stresses are, however, not 
correct. We have recalculated them and have also 
performed a similar calculation for the crystal 
examined in their first paper. The stresses for the 
crystals examined in their second paper, which 
were all of similar orientation, are shown in Figure 


1. The graphs are divided by vertical lines separat- 


STRESS 


SHEAR 


RESOLVED 


ing regions in which the X, and U slip directions 


ire operative (as determi maximum 


here 
} 


fails to distinguish 


resolved shear stress criterion lear that 


also, the stress svst applied 


the two hypotheses since in any region of the 


crvstal the twinnu s with the highest 


stress are not those containin 
We should predict i 
crystals the i 
1] 


{ 
S LOLLOWS: 1N 


resolved twinning 
the operative slip direction 
either theory hat in these 

twinnil 
ee ae in region X twinning on both 


1 
qaoes n 


and 7U, TU’. This prediction 


fact agree vith either of the sequences X Y/ 


observed. Figure 2 show S the Stresses for the ¢ ry 


paper [7], in which 


oni 


of the first 


*The sequen 
Y, the operative 
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TY, TY’ was observed. The fact that the resolved 
twinning stresses on these planes are small compared 
with those on the other twinning planes is evidence 
pothesis of a critical resolved 


180°, 


against the simple hy 
stress for twinning, although when 

where maximum twinning was observed, the largest 


i 
twinning stress is that on JT Y. However, there is no 


explanation on either theory of the absence of TU, 
TU’ twins in the X-region and of 7X, TX’ twins in 


STRESS 


SHEAR 


RESOLVED 


Cox thus 
is possible that 
was initiated by 


However, the interpreta- 


bjected to sta torsion are 


3. The Initiation of Twinning by Bend Planes 
have suggested that kink 

ills of edge dislocations 
inate at 


1 certain length a kink band 


stress concentra- 
an lengthen in a direction 

I y continuous creation of 
dislocation pairs at its tip. After the band has pro- 
pagated in this way the two dislocation walls can 
separate to form isolated bend planes. We shall 
now make a rough calculation of the stresses p’, on 
the twinning planes of a hexagonal crystal in the 


neighbourhood of the tip of a kink band. If 0 is the 
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Burgers vector of the dislocations, D their spacing 
in the walls, and w the distance between the walls, 
then at distances R > w the stress field near the 
tip of a long kink band approximates to that of an 
edge dislocation with Burgers vector B = wb/D [5]. 
The vector B lies normal to those of the disloca- 
tions of the walls, that is, along the length of the 
kink band itself. The elastic field is one of plane 
strain and we use the results of section 2, taking the 
dislocation line along x; and the Burgers vector B 


along x3, the normal to the basal plane. In Figure 3 


: The stresses on twinning planes near the end 
of a kink band in magnesium. The X;-axis lies perpendicular 
to the ne of the paper. The dislocations in the band lie 
» the X,-axis with their Burgers vectors parallel to 
lhe stress field near the t p I 
gle dislocatior parailel 
ng planes TY, TY 
wi functions of @ 1 
shear modulus and tance from 
n line. The stress is zero on the circle 
proportional to the radial dista 


ai 
» stresses being plotted outwards 


and its 


the stress — p/, is plotted as a function of the angle 
@ for vy = 4. This is the resolved twinning stress 
for a crystal such as magnesium for which s? < 8. 
Only TY, TY’ and TX, TU’ are 
shown, since the stresses on 7X’, TU are nearly 
equal to those on 7X, TU’. For all the twinning 


the stresses on 


planes, —{, is positive on one side of the kink 


band and negative on the other, and it is always 
greater numerically on the planes 7X, TU’, than 
on the planes 7 Y, 7 Y’ 


the stresses are small. We assume 


, except in one region, where 
that the motion 
of the kink band as it extends along its length does 
not greatly alter the form of the stresses at its tip. 
Consequently, if twins are nucleated at the tip of 
the band as it propagates, we expect to find them 
on one side only, and predominantly of the kind 
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AX 
3 
O-4r tes 
VA 
J oa oe 
vA +! \ / 
/ \ | 
= f | 
y a / \ = - X2 
\ / 
J / \ / 
\ PA | | ~ > / 
60 120 80 
19524 
I RE 2 Resolved shear stress on the t ing planes 
the same units as that for Figure 1. 
the U-region. The results of Goug 
find no complete explanation, and 1 
in their experiments the twinning 
tion is made more difficult because their crystals circle, positive 
were subjecte l to man‘ hundreds of thousands of 
iiternating stress cycles. |] xperiments on crystals 
desirable 


3Y AND 


which do not contain the slip direction of the dis- 
locations in the walls. Similarly, if the other wall 
of the kink band moves away, we expect to find a 
bend plane, with twins on one side only. 

We suggest that this is the explanation of the 
] on 


| 


Figure 14 in the paper of Burke and Hibbard [4 


the deformation of magnesium crystals, where 
twins are shown on one side of a bend plane. Our 
interpretation is that, since the single-bend plane 
has only a very localised stress field, the twins 
were nucleated on the right side of the tip of a kink 
band as it moved downwards in the Figure 14, and 
that the left side wall subsequently moved away 
during the bending and no longer appears in the 
figure. There are two sets of twin bands in the 


figure, and analysis shows that as we _ should 
expect neither set contains the slip direction of the 
dislocations in the bend plane. This interpretation 
could be tested by direct observation of the forma- 


tion of the twins by a high-speed camera. 
4. Discussion 


In twinning and martensite transformations, 


deformations occur which are macroscopically 


homogeneous. A dislocation mechanism for pro- 
ducing deformations of this kind has been proposed 
[1; 11] and it has been shown that the necessary 
arrangement of dislocations can always be found 
at the junction of the two structures which are 
[12;13]. 


understant 


undergoing mutual transformation 
difficulty 


growth of a twin nucleus once formed. In iron it is 


arises therefore in 


geometrically possible for twins to de velop irom 
monolayer nuclei [11], but there are difficulties in 
extending this idea to other materials [14]. is 
therefore important to examine possible explana- 
tions of the origin of twin nuclei. The suggestion 
that 


the 


been made such nuclei originate 


the The 
hypothesis is a possible alternative to this proposal. 


We have shown in this note that stresses favour- 


has 


during crowth of crystal. present 


ing the nucleation of mechanical twins in hexagonal 
metals exist round two specific inhomogeneities 
caused by plastic deformation. It is clearly implied 
that some previous plastic deformation is a neces- 
twin formation, although its 


sary yndition for 


amount may be very small. In addition to the 
experiments already mentioned, interesting evi- 
dence in support of this has been obtained recently 
by Cahn [16]. Of course, we do not wish to imply 


that this requirement is a universal one, since there 
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may be other inhomogeneities not c: 


previous plastic deformation which ars 


effective in producing twins. This seems pa 
‘ials like « 


experiment 
is very import 


1 


m suitably oriented wi 


and twinning elements of t Otherwise 


as has been shown, the results may be 


ambicuot 


In particular the more usual experiments o1 


deformation of zinc in tension (or magnesium 


compression) are not sufficiently discriminating. 


A number of interesting consequences follow 


from this theory. For example, if the stresses round 


dislocation groups initiate both twinning and 


fracture, we may expect certain parallels between 
these processes. It is to be noted, for instance, that 
low testing, generally 


temperatures and impact 


favour deformation by twinning or fracture rather 
than deformation by slip. More detailed considera- 
tion of these problems is, however, required, and 


we shall not discuss them further here. 
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TRANSITION METAL DIBORIDES* 
BENJAMIN POST,{; FRANK W. GLASER{ and DAVID MOSKOWITZ}! 


iracteristics of ight transition metal diborides have been investigated. It was 
these hexagonal compounds the length of the ‘‘a’’ axis is determined prim- 

I I contacts in the case of diborides of the smaller metal atoms, 
rides of the larger metal atoms, the metal atoms are the determining 

tal atoms were postulated to explain variations in lattice dimensions and “‘c/a”’ 
imination of the melting points of the diborides relative to those of their respective 
at they reflect primarily the strength of the Me-B bonds in these structures. The 
| solid solubility appeared to depend mainly upon size factor considerations. In cases 
en two diborides where one of these was of a more highly ordered structure 


re disordered ph ise was favored. 


cated th 


LES BIBORURES DES METAUX DE TRANSITION 


lit métaux de transition furent examinés afin d’étendre la connaissance de leur 
les 

ieur de l’axe ‘‘a’’ de ces composés hexagonaux est déterminée, soit par 
ontacts bore-bore, soit par les contacts entre les atomes métalliques; le premier cas s’applique 
iuX a petits atomes, et le deuxiéme cas aux biborures des métaux a grands 
des dimensions des atomes métalliques a été proposé pour expliquer les 
ions des réseaux et dans les rapports “c a’’. Un examen des points de fusion 
‘aison avec les points de fusion de leurs métaux respectifs, a permis de con- 
tent principalement I’intensité des liaisons Me-B dans ces structures. L’étendue 

tuelle, dépend surtout du facteur de dimensions 
tion solide entre deux biborures, dont un a une structure plus ordonnée que 


née prédomine. 


DIBORIDE DER UBERGANGSMETALLE 

ide von acht Ubergangsmetallen wurden untersucht. Es 
Verbindungen die Lange der a-Achse in Diboriden mit 
von den Bor-Bor Kontakten bestimmt ist, wahrend bei 
lie Metallatome die grésse bestimmenden Faktoren sind 


llatome postuliert, die die Veranderungen den Gitter- 


’ Verhaltnis erklaren kann. Ein Vergleich der Schmelzpunkte der Diboride 
} 
i 


entsprechenden lle deutet darauf hin, dass der Schmelzpunkt der Diboride in 
1; Veg 


Stabdilitat der | sind g reflektiert Das usma der gegenseitigen festen 


n Raumbedarf abzu inge! In festen Lésur ve 
I Oheren Ordnut rad als die andere aufwies, 


¥ metal atom has six equidistant closest metal neigh- 

Introduction bors in its plane, and twelve equidistant boron 

[somorphous diborides of eight transition metals neighbors, six in the layer above and six in the 
Ti [1], Zr [2], Hf [3], V [4], Nb [5], Ta [6], Cr [7] layer below the metal atom. Correspondingly, each 
and Mo [8a,b]), hi been described in the exten- boron atom has three closest boron neighbors in its 
sive literature of metallic borides. Most of these, as plane, and also forms six boron-to-metal bonds. 
well as the closely related Mo.B; and W.B; com- Kiessling [10] has determined the crystal struc- 
pounds, have been described by Kiessling in a tures of the closely related Moe.B; and W.Bs. 
comprehensive review article [9]. These resemble ordered modifications of the MeB, 

In this paper some structural and physical pro- structure and are discussed below. 
perties of these borides and their solid solutions A diboride of uranium, apparently isomorphous 
will be discussed. with those listed above, has recently been prepared 

The crystal structures of the diborides are simple. [11]; it is not included in this discussion, which is 
They are of the C-32 type. The primitive hexagonal limited to diborides of transition metals of the 
unit cell one formula weight of MeB». first, second and third long periods. 
The space group is D’j—C 6/mmm, with the metal 


atom at 0,0,0, and boron atoms at 24, 4%, % and I. Structural Considerations 
14, 24, 4%. As shown in Figure 1, the metal and 1. Lattice Dimensions 


boron atoms lie in alternate planar layers. Each Lattice constants of the isomorphous diborides 
—— ——— are listed in Table I in order of increasing length of 
*Received August 21, 1953. . 
the a axis. Boron-to-boron dis ances are als 
tPolytechnic Institute of Brooklyn, Brooklyn, New York : tances are also 
tAmerican Electro Metal Corporation, Yonkers, New York. listed. 
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POST, ET AL.: TRANSITION METAL DIBORIDES 
Studies of a number of compounds in which Norton et a/ [4] and Kiessling [9] have noted the 
boron-boron bonds exist indicate that the “‘normal’’ fairly regular increase in this ratio which accom- 
boron radius is 0.87 A, i.e., the ‘normal’ boron- panies increasing size of the metal atom. It is of 
boron separation is 1.74 A [9]. In the MeB, struc- some interest to investigate this effect more 
ture, the length of the ‘“‘a’’ axis is 1/3 times the closely. 


boron-boron separation. In the borides of the Values of interatomic distances in the pure metals 


smaller metal atoms (e.g., Cr and V )the length of and in their diborides are listed in Table II. It will 


Ww 


— 


©) 


(a) PROJECTION ALONG THE C AXIS 
WITH ADJACENT UNIT CELLS OUTLINED 


be noted that in all cases the “‘observed”’ Me-B 
bond length exceeds the corresponding calculated 
value by 0.07 + .01 A. This Me-B separation is 


related to the axial lengths in the following wa’ 


(2) PROJECTION ONTO PLANE 


FIGURE 1. Arrangement of metal (Me) atoms and Boro 
3) atoms in MeBo. 


the ‘‘a’’ axis is determined primarily by boron- 

boron contacts. The length of the ‘‘a’’ axis in- 

creases with increasing size of the metal atoms. 

Thus, in ZrB2, the boron-boron separation, which 

must equal a/1/3, is 1.83 A, or 0.09 A in excess of ot 

the ‘‘normal’”’ value. Evidently, in such borides, : : y my 0.07 

the metal atoms are in ‘‘contact’’ and determine 

the length of the ‘‘a’’ axis. \ Li: 31 0.07 
These elementary considerations of atomic size Nb (0.0 

indicate that, regardless of other factors, it is 

doubtful whether metal atoms much smaller tha 

Cr, or much larger than Zr, can form diborides of 


n 


the type discussed. The excessive separation of 
metal atoms in one case, and of boron atoms in the 
other, would undoubtedly lead to. structural 
instability. 
2. “c/a’”’ Ratios and Me-B Bond Lengths 

Values of the ‘‘c/a’’ ratios are listed in Table 


TABLE ] 
Unir CELL Dimensions of Mertat (1x A 
: 
S660 ) 5 3.09 3 30 1.07 


AC METALLI 


calculated values are simply the sums of the 


idius and the radii of the metal 


atoms for twelve-fold coordination. 


‘‘normal”’ boron 


Evidently, the effective radii of either the metal 


boron atoms, or both, are substantially 


greater 


1 


the rad ised for these ‘‘calculated 


this 


values. 
point by a 
ttice 


boron content |6; 


Considerable ligh is shed on 


consideration of the variation of the la 
nts of NbB. and TaBs with 
] 


[These compounds show rel 


con- 


itively wide homo- 


ranges. Comparable data are not available 
- diborides 
at th 


lower boron 

64 atom per cent = 3.099A 
3.224 A. At the upper boron limit (ca. 
3.057 A 


results have been reported by 


per cel and ai 


ind have also been obtained in the 

rse of this investig ition. 

In the case of NbBo, Brewer ef al. [13] found that, 

boron limit (the exact 
a= 3.110A 

3.085 A and 


the lower homogeneity 
ind c= 
ron limit 
Me-B dis- 
remain substantially throughout 

these are 2.41 A in TaB, 


is clear from equation (1 


In both however, the 


compounds, 


ances constant 


NbB.. It 


rem 


n increase in ‘‘a”’ 


1ins constant, 
} for by a decrease in ” and 
is is observed. 
‘‘a’’ decreases as the boron 
reases as the 
Structure a 
stoichiometric 
filled 


the 


the 


n deficiencies. 
between 
expansi 1U due to 
L: 


irged metal itoms are 


forces: 


O| by 


forces within » boron network 


cohesive 


resist in’ increases in the boron-boron 
‘ations. In these circumstances the ‘‘a’’ dimen- 
I full 


insive 


ises when the cohesive forces of a 


iecre 


- are opposed by the weakened exp: 


I 


1 partially filled metal layer. (It must be 


orne in mind that when the boron content rises to 


) 


72 atomic per cent, as in the case of TaBso, the metal 


content is only 28 atomic per cent, and there are, 


therefore, 8 vacancies out of every 36 available 


metal positions.) Similar considerations explain the 
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increase in ‘‘a’’ when the boron content is decreased. 


The observed variations in ‘‘c’’ simply compensate 


for the changes in ‘‘a’’ while d(ye_,) is maintained 


constant. 
“Enlarged’”’ 


explain the variations in lattice dimensions. The 


metal atoms have been postulated to 


magnitude of this ‘‘enlargement”’ appears to corre- 
spond closely to the values listed in column 5 of 


Table II (i.e. 


increase bv 


the radii for twelve-fold coordination 


MeB,). 


axis will be close to twice this 


appear to these amounts in 


The length of the ‘‘a”’ 
radius in cases where this in- 


“enlarged”? metal 


crease does not involve a large increase in 
boron-boron separation over the ‘“‘normal”’ (1.74 z 
value. However, in cases like ZrB. and HfBo, the 
the 
direction is no greater than the metal radius for 
twelve-fold coordination. In both ZrBs and HfBz 
the strong cohesive forces in the ‘‘stretched”’ boron 


1.83 A in ZrB: 


sion of the metal atoms in the ‘‘a’’-direction. 


effective 


1 


radius of the 


metal atom in a’: 


lattice (B-B = prevent any expan- 
No 
such restraints are present in the “c’’ or the 
“\Me-B”’ 
metal radii increase by approximately 0.07 A. 


he 


on this basis. Where, as in CrB. and VBo, even the 


directions, and in these directions these 


variation in the c/a ratio can be explained 
expanded metal atoms are not in contact, the c/a 
ratio is small. It can readily be shown that, when 
the metal atoms are in ‘“‘contact’’ and the boron- 
boron separation is ‘“‘normal”’ or close to ‘‘normal,”’ 
1.08. In 


“normal” 


the « ratio will be about the case of the 


6699 


largest metal atoms the increase in “‘a 
is prevented by factors mentioned above and the 
10 and 1.11. 


2. Melting Points of the Diborides 


c/a ratio rises to l. 


A comparison of the melting points of the metals 
Table III 
melting points of diborides that had not previously 


been rep 


and their diborides is of interest. The 
were determined in the course of this 
investigation. The ratios of the melting points of 
the diborides to the melting points of their respec- 
tive metals are also listed in Table III. These ratios 
which reflect the thermal stabilities of the dibor- 
ides relative to the pure metals) decrease regularly 
in going from Group IV to Group VI, and decrease 
ulso within each group in going from lower to 
higher atomic numbers. The melting points of the 
pure metals behave in the opposite fashion; they 
increase in going from Group IV to Group VI, as 
well as in going from lower to higher atomic num- 
bers within a group. 

It is evident that the bonds which determine the 


thermal stability of the diborides are not simply 


0, 
thes 
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Me-Me bonds. Nor do they appear to be point 
bonds. The melting points of diborides of large 
metal atoms have the highest melting points, 
although in these compounds the B-B separations 
are greatest, and the B-B bonds presumably weak- 
est. It therefore appears probable that the melting 
points of the diborides refl 
of the Me-B bonds. 

The data in Table III indicate, too, that the 
diborides of Group VII would, if they 


ect primarily the strength 


existed, hat result btained with these three 
TABLE III 
METALS AND THEIR D1IBO 


MP*°C. Ratio MP (MeB 
he exten { mutual solubility was « 
MeB 


1500°C 


2990 of two ol 


1850 1900 


M 2690 100 ' onstan ‘ould easily | » disguised incomplete 


\\ 3410 2°00* 7 11d iution. ich nighne a on ‘Imperatures 


A} 


*Refers to melting point of Wel hen heated 


like MoeBs, transforms to the f 


» measured 
point. 


probably exhibit low thermal stability relative to 
the pure metals. So far as is known diborides of 
these metals have never been prepared. 
These results may be compared with 
findings of Hagg and Kiessling [14]. Theit 
of ternary metal-boron systems indic: 
transition metals of the first series, the strength 
the Me-B bonds (in MeB and Me.B) decreases in column 
with increasing atomic numbers. -stimated 
shown 


II. Solid Solutions 


It is evident that metal-to-metal replacement to 
form solid solutions should occur readily in the 
diborides. In this section we shall discuss the results 
obtained in the course of an investigation of these 


solid solutions. 


fovanl and Sam 
Preparation of Raw Material and Samples 


All the metal diborides were prepared by 
synthesis from the elements. The purity 
products was controlled by chemical and 
diffraction analyses. 

To obtain solid solutions, two borides were mixed 
in the desired proportions and hot pressed into bars 
approximately 44 X 4% X 1”. Very high currents 
were then passed through these boride test samples. 
Samples were heated in this way very rapidly to 
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TABLE IV 
LUBILITIES OF METAL DIBORIDES 
{ 3 


Solubility Radius Ratio 
Mole % in ZrBz % Diff. 
3000 + 100 100 liBs in 10 
92500 16 0-5 VB, 14 

3000 3 100 

3000 + 100 

2100 0-5 

2600 + 1( 14 100 


2700 +1 


S000 + 
3000 + 
27004 
+ 1 
3000 + 
2100+1 
2500 4 


27004 


2100+ 100 
2100+100 
2500 +100 
2000 + 100 
2500 +100 
2500 + 100 
2000 + 100 
2100+100 


tion is consistent with the considerations discussed 
above in Part I. In Table IV a number of reactions 
where only limited solubility could be observed are 
listed. The extent of solubility was estimated from 
X-ray diffraction measurements of lattice constants. 
It was assumed that, in the regions of interest, 
lattice constants varied linearly with composition. 
It was estimated that solubility limits could be 
approximated in this way to within 5 per cent by 
interpolation. 

It will be noted that the behavior of the MoB, 
solid solutions showed anomalous variation of 
lattice constants with composition. Large and 
positive deviations of the ‘‘c’’ axis were observed 
in the solid solutions with ZrBs, TiBs and CrBs. 
The cause of these deviations is difficult to deter- 
mine; it is, however, probably related to the 


’ 
1 
work 
\vi 


1ich have been observed in the reported 
the lattice constants of pure MoB, 

Table I). 
Efforts were also made to prepare solid solutions 
of MooB; and W2B;. As was mentioned above, the 


structures of these two compounds are very similar; 


24 ACTA MET sxx... 2, 1954 
2 3 
\py Solubility 
ZrBzin Mole % 
in 100 
Hil 100 
‘* VB, 10-15 
NbI 100 
lal 100 
10-15 
Mol _ 100 
MeB MeBz in TiBs 
riBs in ZrB 00 10 100 ZrB in TiBe 1] 100 
Hf] 00 8 LOC HfB . 9 100 
VI 00 5 100 VB 5 100 
00 3 100 NbB 3 100 
00 2 100 TaBe 2 100 
CrB 00 6 100 CrB 5 100 
MoB 00 3 100 MoB, 3 100 
in MeB Meh 
in TiB2 100 in CrBe 6 100 
‘* 14 10-15 ZrB 17 0-5 
HIB; 13 § HfB. 15 0-5 
NbB;z 8 100 “ 8 100 
Tal 7 100 8 100 5 
MoB, 3 100 MoB; 3 100 
a limits not as yet determined. 
R] 
Ca D AND OBSERVED LATTICE CONSTANTS OF META 
Dit IDE SOLID SOLUTIONS 
50-50 Mole Per cent 
Cal Observe Cak 
en 
Cr 3.00 2 99 3.147 3.14 
2 QR4 2 3.061 3 045 
3.029 03 3.185 
3.023 025 3.165 
NI 3.002 3.065 3.12 
Z 2 3.10 379 392 
Hf 3.085 3.6 3.9308 
3.013 3.0] 3 12 3.15 
3 O54 Ob 266 3.264 
053 3.05 3 246 3 246 
\ 3.03 3.035 3.147 3. 206 
Zr/Hi 3.155 3.50 497 
129 3.426 3.42 
| 124 Be 397 3.40 
3.105 O85 3.30 > 40 


Sf At: 


they differ only in the lengths of the ‘‘c’’ axes, i.e., 


in the extent of ordering in the ‘‘c’’ direction. In 


W.B; the sequence of metal sheets in the ‘‘c’’ 
direction is AABBAA;in Mo.Bsitis AABBCCAA. 
Planar and puckered layers of boron atoms alter- 
nate between layers of metal atoms. In both W.B; 
and Mo:Bs separations between layers of metal 
and 


A in 


atoms are of two types; they are 3.07 A 
3.85 A in WoBs, 3.138 A 3.82 
MooBs. 

It was found that larger amounts of Mo.B; can 


and and 


be accommodated in the W.B; structure than vice 
versa. The W.B; phase is the more disordered of the 
two and its structure is favored in solid solution 
formation. 

Similar results were observed in the TiB,-W2B; 
system. In solid solutions containing 50 mole per 


cent of each compound, the phase present had the 
MeBP: structure. 

The result in this latter case is of particular 
interest since repeated efforts to prepare pure WB, 


were unsuccessful. It is possible that this compound, 
like MoB, [8a], forms at high temperatures; how- 
this (WB:) 


at room even 


ever, phase was not observed 


temperature after very rapid 


quenching of the high temperature reaction 


product. 


TRANSITION METAL 
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OBSERVATIONS ON THE STRUCTURAL CHANGES ACCOMPANYING 
RECOVERY IN SUPER-PURITY ALUMINIUM* 


W. PERRYMAN? 


1 by metallographic and X-ray 
»s and after annealing at temperat 
-hardness tests have also been cart 


n a super purit iminium-1% magnesium 


lirectly after Cc ld working atl 


nerfe 
easingly p rec 
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rrespective 
ind at t 


the suber 
he subgrain boundary regions. It is 


ries is probabl » driving force for the 


MODIFICATIONS STRUCTURALES QUI ACCOMPAGNEN]! 
DANS L’ALUMINII DE TRES HAUTE PURETE 
» pureté a été examinée au moyen de méthodes meétallo 
température ambia 
illant de l’ambi 


1elqu 


RHOLUNG 
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minium single crystals and coarse grained poly- 
crystalline aluminium have received wide attention. 
In recent years the stru re hanges which Little work has been done, however, on the recov- 
accompany the recoveryt of lightly strained alu- ery of heavily cold rolled aluminium and further- 
more little notice seems to have been taken of the 
possibility that recovery can proceed at the same 

time as recrystallization. 
*Throughow 3 paper recovery © taken 1 nat Heidenreich [1], using an electron transmission 
microscope method, has shown that the grains of 
high purity aluminium, heavily cold worked by 
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lhe structure of super-p luminium has b exam i- 
tion directly after cold rolling at room and liquid air temperat ires 

the range, room temperature to 375°C. Hardness and mic} 1 

it. A small amount of work has been done o -_ 

It iss that there exists oom temperature a subgrain structure, 
the subgt s of w come inc! a t on annealing. This increase in perfectio the 
subg s is my 11 id mang get t is found that the percentage softening 

ght t by this recovery process is about 50-60% yf the amount of cold work. 
Further tis sl that recovery can proceed both b | sam ne as recrystalliza- 
t suber size decreases with increasing cold reduction, decreasing annealing temperature 

It cluded that dur recovery dislocations pposite 
that this residual strain energy in the subgrain bounda [is 
growth of recrystallizat le 
OBSER‘\ IONS SUR LES 

STAURATION 

1 375" les essais macroscopiques et microscopiques de dureté ont aussi été f expér 

sous-¢ leviennent de { en plus parfaits lors du recuit. L’accroissement de la perfection des 
o1 est mpagné d’une d tion de dureté. Le pourcentage de dim tion de dureté, produit 
' ot rect i est d' ' a0) ) el que soit le degré d’éct ve. Il est montré, de 
pl la restaurat nent a’ :vant la recristall méme temps que cette derniér 
La grosseur de sous-grains d d le pourcentage de réduction par laminage augmente, quand 

la température de recuit est ée et quand « oute du magnésium a I’aluminium. On concl = 

la restauratic tenues dans ke 5-07 s di sent. les dislocations Li. 

montré que cette énergie résiduelle de déformation « titue probablement la force motrice pour | 1On, 
rois es germes de recristallisation 
BEOBACHTUNGEN VON STRUKTURVERANDERUNGEN DIE BEI DER kK == 
VON REINSTALUMINIUM AUFTRETEN 

e Struktur 1 Re t I m wurde metallograpl h 1 réntgenographisch direkt nach 
Kaltw ei Zimmertemperatur und bei der Temperatur der fliissigen Luft ch Gliihen 
Hart 1 Microhartemessung¢ 1 einige Versucl ( r Reinstalum lagnesium 
Legierung durchgefiihrt 

et, dass das Al ium ttelbar nach der Kaltbearbeitung bei Zimmertemperatut 
eine Fe rnstruktur zeigt s die | <Orner durch Gliihen fehlerfreier werden. Diese wach 
ende Vergiitung der Fei rner geht H 1 in Hand mit einer Verminderung der Harte de 
50 etragt 1 zwar | dem 4 der Kaltbearbeitung. Es wird weiterhit 
gezeit e Erholung hl vor cl 1 der Rekristallisati erfolgen ka Die 

r | <Orner 1 t zunehme r Kaltbearbeitung, mit abnehmender Gliihtemperatur 

Beobachtung rd geschloss« dass wil r Erhol Versetzungt rhalb 

loscl lie verbleibenden Versetzungen 1 lie | rngrenzen ¢ dier¢ Es wird gezeigt, 

rzer energi¢ r Korngrenz rscheinlich die treibende Kraft im Wachstum 
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hammering at room temperature, consist of slightly 
disoriented, imperfect subgrains of an average 
diameter of about 2 microns. Smaller subgrains 
were observed if the hammering was done at 
—196°C. Because of the lack of sharp ‘extinction 
contours’ Heidenreich concluded that these sub- 
grains, immediately after being formed, have con- 
siderable strain. However, on standing at room 
temperature all subgrains showed extinction con- 
tours such as were observed with grai fully 
recrystallized aluminium from which he concluded 
that during recovery the subgrains became more 
perfect. Heidenreich also found that during recov- 
ery at room temperature and even at elevated 
temperatures below those required for recrystalliza- 
tion the subgrain size remained essentially constant. 
Hirsch and Kellar [2] using an X-ray micro-beam 
technique confirmed the findings of Heidenreich 
and moreover found that the subgrains in high 
purity aluminium (99.99%) exhibited a limiting 
size of approximately 2 microns after about 10% 
cold reduction; with smaller amounts of cold work 
they found the subgrain size to increase, it being 
about 5 microns at 3% cold reduction. Impurities 
were found to decrease the subgrain size. Later 
work by Gay and Kelly [3] has shown that similar 
structures exist after cold working copper, nickel, 
iron, zinc, lead and cadmium. 

Similar observations to those described above 
have been made by Beck and Hu [4] on severely 
rolled (95% cold reduction) high-purity aluminium. 
Using electrolytic etching and a polarising mi 
scope they found that the subgrain size was about 
2 microns and that this size was independent of 
annealing temperature up to 220°C. It is interesting 
to note the authors’ statement that in some 
formed grains recrystallization did not 


with annealing temperatures up to 330°C 

when this occurred the subgrain size had 

to about 20 microns, and furthermore, the 

tion difference between adjacent subgrains had 
int reased. Tate and McLean [5] have also obser ved 
subgrains in cold rolled aluminium but the size of 
the subgrains was much coarser (20 microns) than 
those observed by other workers. They also found 
that as the temperature of rolling was decreased 
if 


no 


the subgrain structure became less distinct, 
being evident after rolling at 73°C. The I. 

size of the subgrains observed by Tate and McLean 
mav be due to lack of sensitivity of their metallo- 
graphic technique. They may in fact have been 
observing groups of much smaller subgrains, not 


being able to detect the very small orientation 


difference between the individual 
groups. 

The present work was carrie 
further the recovery process and to see 
tionship, if any, exists between recove 


crystallization. 
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been carried out on su] 


work h iS been done 


ium-magnesium 


civen in Table I. 
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polished in a solution 


were then electrolytically 
containing five parts methyl alcohol and one part 
perchloric acid [6] and finally electrolytically etched 
in a solution containing 49 parts water, 49 parts 
methyl alcohol and 2 parts hydrofluoric acid [6]. 
Specimens were then examined under polarised 


light. 

Another technique used was to etch in a solution 
containing 25% 
water. The etchant was maintained at 


nitric acid, 2% hydrofluoric acid 
and 73% 
50°C and specimens were etched for short times 
with intermediate washings. The total etching 
time was generally about 1 minute. Specimens were 
then examined under phase contrast illumination. 
For the examination of very fine substructures this 
method was better than the polarised light tech- 
nique, because the grain contrast using the latter 
method decreases with increasing numerical aper- 
ture of the objective. With phase contrast there is 
no such limitation on the magnification which can 
be used. 
(e) Micro-hardness Testing 

An Eberbach micro-hardness tester was used for 
surveying the hardness of different regions after 
annealing. This normal Vickers 


diamond and the load is applied by means of a 


tester utilizes a 
spring. 
f) X-ray Examination 

[he normal back reflection Laue technique and 
an oscillating beam method were used. The latter 
method is similar to that used by Barrett [7] for 
worked 


studying the spread of orientation of a 


grain. The specimen is irradiated with a beam of 
unfiltered X-radiation from a Copper target at a 
glancing angle of about 20°, while the specimen and 
film are oscillated together through +5°. So that 
the diffraction photographs could be examined at a 


ienification of about ten times, a fine grain film 


Results 

a) METALLOGRAPHIC EXAMINATION 
(1) Examination of Cold-Worked Material 

Careful examination of super-purity aluminium 
lirectly after heavy cold rolling (80%) at room 
temperature revealed the presence of fine bands 
and small subgrains about 1-2 microns in size; see 
Figure 1. 
smaller cold 
should be noted that the structures, such as that 


Similar structures were observed after 


reductions down to 20 per cent. It 
shown in Figure 1, were never sharp and after 


rolling at liquid air temperature the structures were 
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even more diffuse; in fact no subgrains could be 


seen. 


(2) Annealing at Room Temperature, 100°C to 240°C 
and 325°C 


After the material had stood at room temperature 
for one year the substructures were much sharper 
and the bands appeared to have split up into sub- 
grains; compare Figure 1 with Figures 2 and 3. 
With decreasing amounts of cold work the struc- 
tures observed were slightly coarser than those 
observed after 80 per cent cold reduction. Further- 
more with the smaller cold reductions the equiaxed 
subgrains were more difficult to see, probably 
because of smaller orientation differences between 
adjacent ones. Although there had been an appreci- 
able change in structure on standing at room tem- 
perature, the Vickers Hardness Number of material 
cold rolled 80 per cent had only decreased from 
42.1 to 39.8. 

Similar observations were made on specimens 
annealed at 100°C directly after cold rolling 80 per 
cent. After five minutes annealing, fine equiaxed 
subgrains 1-2 microns were observed and were much 
sharper than those observed directly after cold 
working. With longer annealing times the sub- 
grains did become slightly coarser in some areas; 
see Figure 4. In other areas, however, the equiaxed 
subgrains were still about 1-2 As before, 
the bands became split up into subgrains. Some- 


microns. 


times one grain would consist completely of the 
banded structure and in other cases there would be 
both equiaxed subgrains and bands in the same 
was small: it 
100°C 


Again the hardness decrease 
falling from 42.1 to 40.2 after 16 hours at 
and to 38.2 after 6 days at 100°C. 

200°C 


formed 


orain. 


but the 


After annealing at and new re- 


crystallized grains were same 


structural changes as those described above were 
observed in the unrecrystallized areas, except that 
the equiaxed subgrains were slightly larger; see 
Figure 5. New 


are also apparent in Figure 5. Although the 


recrystallized grains (marked by 
arrows 
recovered structures observed after annealing at 
240°C were similar to those found after standing at 
100°C, 


was 


temperature and after annealing at 
micro-hardness tests that 


much more advanced with the 240°C annealing 


room 
showed recovery 
treatment. For example, after 16 hours at 100°C 
little cha had 
after 16 hours at 240°C the hardness of unrecrvs- 


nge in hardness occurred whereas 


tallized areas had fallen to about 30.5, i.e., about 


50 per cent softening had taken plac e. 


a 
+1 


PLATE I (all figures reduced by 34). Figure 1—Super-purity aluminium directly after cold working 80% at room temperatur¢ 
Etched in 25H NO;, 2HF, 73H2O-phase contrast (1000). Figure 2—Super-purity aluminium cold worked 80% and annealed | 
year at room temperature. Etched in 25H NO;, 2HF, 73H2O-phase contrast (1000). Figure 3—Same as Figure 2 another fiel: 

x 1000). Figure 4—Super-purity aluminium cold worked 80% and annealed 16 hours at 100°C. Etched in 25H NOs, 2HF, 73H.2O 
phase contrast (1000). Figure 5—Super-purity aluminium cold worked 80% and annealed 3 hours 240°C. Etched in 25HNO 
2HF, 73H.2O-phase contrast (1000). Figure 6—Super-purity aluminium cold worked 80% and annealed 20 seconds 350° 
Ktched in 25HNO;, 2HF, 73H2O-phase contrast (XX 1000). Figure 7—Super-purity aluminium cold worked 20% and anneale 
20 seconds 350°C. Etched in 25HNO;, 2HF, 73H2O-phase contrast (X 1000). Figure 8—Super-purity aluminium cold worke« 
20% and annealed 4 minutes 375°C. Electrolytically etched-polarised light ( 200 Figure 9—Same as Fig. 8 another fiel: 

200). Figure 10—Super-purity aluminium cold worked 40% and annealed 10 seconds 375°C. Etched in 25HNOs, 2H] 
73H.O-phase contrast * 200 


ODES; 
PRS 
lO 


> 


f 


re IT (all figures reduced by *4 re | l -purity aluminium cold worked 50% and annealed 10 seconds 375°(¢ 


) 

25H NO. 2HF. 73H.O. I t slightly after hing. Phase contrast (200 Figure 12—-Super-purity aluminium cold 
rked 20% and anneal 1 minute 375 lectrolytically etched-polarised light (200 Figure 13—Super-purity bass 
1m magnesium alloy old worked i anneale 20 seconds 350°C. Etched in 25HNOs, 2HF, )-phase 

x 1000). Figure 14 illating beam, X-ray pattern from super-purity aluminium cold worked 50% (X4). FiGurt 
lating beam X-ray pattern from I ain area. Super-purity aluminium cold worked 50% given two separate 

f 10 seconds 375°C (x4 Figu ng beam X-ray pattern from same coarse subgrain area as Fig. butafter 
anneals of 10 seconds 375°C ( re 17——Oscillating beam X-ray pattern from area shown in Fig. 8 (X4 

Oscillating beam X-ray pattern from area shown in Fig. 9 (X4 Figure 19—Oscillating beam X-ray pattern from 

ystallized commercial purity tlumin 5.5% magnesium alloy. Grain size lOu ( X4 Figure 24——Same field as shown 


5 after electrolvtic polarised ig xX LOOU 
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(3) Annealing at 350°C, 375°C, and 400°C 


Annealing at these higher temperatures gave 


the 
Figure 6 shows the equiaxed 


similar substructures to those described in 
previous section. 
subgrain structure in material cold-rolled 80 per 
cent. As with the lower annealing temperatures the 
subgrains increased in size with decreasing cold 


work (see Figure 7) 


the fine substructures already 


In addition to 
described, annealing at these higher temperatures 
produced areas showing much coarser subgrains 
(10-30 microns). Furthermore it was possible to 
electrolytic 
Only 
could be 


subgrains by 
light 


substructures 


observe these coarse 


and_ polarised examination. 
the 


obtained using this electrolytic etching technique 


etching 
indications of fine 
which suggests that the orientation difference be- 
tween adjacent subgrains is larger with the coarse 
Although in 
equiaxed 


than with the fine subgrain areas. 


general these coarse subgrains were 


(Figure 8), they were sometimes elongated (Figure 
9). These 


observed by chemical etching and phase contrast 


coarse subgrain areas could also be 
examination. Figure 10 is a photograph of an area 
showing fine subgrains, coarse subgrains and new 
recrystallized grains. It will be noticed in Figure 10 
that while slip lines are apparent around the micro- 
hardness impressions in the new recrystallized 
grains, they are virtually absent around the im- 
pressions in the subgrain areas. This indicates that 
the subgrain areas are much more resistant to plastic 
deformation than are the new recrystallized grains. 
a specimen after 


This was confirmed by bending 


electrolytic polishing and chemical etching. Figure 
the 


demonstrates the difficulty of plastically deforming 


11 shows resultant structure and clearly, 


a subgrain area; in fact, the coarse subgrain areas 
behave in a similar way to the areas in which fine 
subgrains are present. 

It is interesting to note that recrystallization 


nuclei were never seen in areas showing coarse 


subgrains. Figure 12 illustrates this point and shows 
recrystallization nuclei at the grain boundary and 


also within a grain in which no substructure 


appears to be present. However, on chemical 
etching and phase contrast examination this grain 
was found to have fine subgrains present (2-4 
microns). Figure 5 shows the presence of recrystal- 
lization nuclei within a fine subgrain area. Once the 
recrystallization nuclei had formed they appeared 
to be able to grow within both fine and coarse sub- 
grain regions. The rate of growth of these nuclei 


was measured by using the technique described by 
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Sperry [8] for studying grain boundary migration. 


This consists of stripping the oxide film off after 


electrolytic etching and re-etching after successive 


annealing treatments. For super-purity aluminium, 


cold-rolled 20 per cent and annealed at 375°C, the 


rate of growth was found to be the same in both fine 


and coarse subgrain areas, namely 5 X 10-*cm/sec. 


(4) Effect of Magnesium 


Magnesium in solid solution was found to de- 


crease the size of both the fine and the coarse sub- 


grains. For example, while subgrains 1-2 microns 


in size were observed in super-purity aluminium 


cold rolled 80 per cent and maintained at room 


temperature for one year, none were observed in an 
aluminium-1% magnesium alloy, probably because 
their size was below the resolving power of the 
at higher 


microscope. On annealing temperatures 


similar but finer substructures to those found in 


Figure 13 


super-purity aluminium were observed 
shows the fine subgrain structure in an aluminium- 
1% magnesium alloy at 350°C. The subgrains com- 
with those observed in 


after 


pare in size super-purity 


iluminium standing at room temperature. 


not observed in 


Che 


Fine subgrain structures were 
alloys containing 4 and 5 per cent magnesium 
examination of these alloys was made difficul 
the tendency of the etchant 1 i t] 


well be that fine subg1 


the, could not be seen 


occasionally seen; the 
less prevalent than 


allovs of low magnesium « 
b) X-RAY 


B iC k 


direc tly 


EXAMINATION 


reflection Laue 


after rolling at 


room 


+1 


liquid air temperature In bo 
Scherrer rings were obtaine 
more diffuse after rolling ; 
at room temperature. 
temperatures the rings becam« 


lonover 


sharpen completely until times much 
were needed for the fine substructures to become 
sharp and clear after etching. For example with a 


specimen rolled 80 per cent and maintained at 


room temperature tor one year 


s tl 


the diffraction 
1at shown in Figure 2 
the 


from an area in a specimen 


pattern from an area sucha 


consisted of sharp rings while diffraction 


pattern annealed 16 
hours at 100°C, such as that shown in Figure 4, 


gave moderately diffuse rings; in fact it needed 3 


1 
t hy 
ere he ever, vel ! ch 
} iil Liuiill 
cases diffuse Del - 
being slight 
] + 
quid air temperature 
iter anne ng at low 
sharner but did not 
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to give rings comparable to those 


at room temperature even 


structure alter one year 


‘tallographi 


iture was similar to that after 16 


1t room temper: 
hours at 100°C. Coarse subgrain areas such as those 


shown in Figure 8 always gave sharp Debye- 


Scherret 


The diffraction photograp 


rings. 


hs referred to above 


were examined in a recording densitometer and the 
breadth 
gether with the Vickers hardness values are given 


in Table II. No great 


they do show 


half-peak determined. The results, to- 
accuracy is claimed for these 


results but that there is a marked 


reduction in line breadth during recovery. 


TABLE II 


100° ¢ 


¢ 


attern taken from 

inium cold worked 
iat the reflection is 
which covers an 


ya spread of about 


drawn out into a smeary 
area on the film corresponding t« 
10 degrees in the orientation of the reflecting grain. 
yn photographs taken from areas showing 
‘ain structures did not show any sign 
ik up of the reflections which would corre- 
to separate reflections from the fine subgrains; 
imilar to that shown in Figure 14 
10-30 


broken up 


Coarse subgrain areas 


sflections which 


were 
nese being the reflections 

from Figure 15 shows the pattern 
from a coarse subgrain area 10-20 
in super-purity aluminium cold worked 
ind given two successive anneals of 10 seconds 

at 375°C. The reflection from the unrecrystallized 
area is broken up into streaks, each streak being a 
doublet owing to the presence of a; and az compon- 


ents of the characteristic radiation. The same area 
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was followed after successive anneals of 10 seconds 


at 375°C and it was found that with increasing 


annealing time the streaks became more distinct 
and the general diffuse background less. Figure 16 
shows the pattern obtained from the same area as 
that Figure 15 but 


anneals of 375°C, that is, 


further 
a total 


shown in after two 


10 secs. at aiter 


annealing time of 40 seconds. Comparing Figures 


15 and 16 it will be noticed that there is a smaller 


number of streaks after 40 seconds annealing than 
after 20 seconds. This is probably due to growth of 


the new recrystallized grains within the subgrain 


areas. Measurements taken from these diffraction 


patterns show that the total range of misorienta- 


tion within the unrecrvstallized grain is about 


5 degrees and the orientation difference between 


adjacent reflections from the subgrains is about 


1—4 minutes. It must be emphasized that this figure 


does not necessarily represent the orientation 


difference between adjacent subgrains. Figures 17 
and 18 the the 


equiaxed areas 


show diffraction patterns from 


and elongated coarse subgrain 
shown in Figures 8 and 9 respectively. It will be 
noticed that the break-up of the X-ray reflection 
from the elongated subgrains is not so complete as 
from the equiaxed subgrains. This is due to in- 
sufficient resolving power of the X-ray technique, 
but slightly 


elongated subgrain structure than that shown in 


for examination of a similar finer 
Figure 9 showed practically no signs of break-up of 
the X-ray reflection. 

It is 


specimen was given 


interesting to note than when the same 


a number of separate short 
anneals the streaks in the oscillating beam picture 


became clearer with less background intensity 


than with specimens annealed at the same tempera- 
for longer times. Similar observations to 


ture but 
this have been made by Eborall [9]. This diffuse 
background could result either from residual strain 
or from particle size. The latter seems unlikely, but 
aluminium-5% 


examined. This gave sharp streaks with no diffuse 


to check this a fully recrystallized 


magnesium alloy with a grain size of was 


background (see Figure 19), thus confirming that 
residual strain is probably the c 1use of the « iffus 


background in the oscillating beam photogr: 


c) MICRO-HARDNESS TESTS 


Micro-hardness tests were carried out on speci- 
mens of super-purity aluminium cold-rolled 20, 40, 
and 60 per cent at room temperature and annealed 
at 375°C for various times. Hardness impressions 


were made in three different kinds of area, (1) areas 
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days at 100°C 
obtained after one 
\FTER R VI 
Half-peak Vickers 
cms Number 
a) Rolled 80% at liqui iI 
temperaturt 2.24 14.7 
b) Rolled 80% at 1 I 
temperature 1 85 12.) 
3.76 10.2 VOl 
| +3 davs at 2 63 39.8 
} 2 9 a 
-6 davs at 3.02 38.2 
9 74 39.8 
2 Be 1m Vet} 
oure | shows litiraction 
coarse grained super-purity aiul 
50 per cent. It will be seen tl 
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showing coarse equiaxed subgrains,—e.g., 
Figure 8; (2) areas showing fine substructures 
e.g., see Figures 6 and 7; and (3) areas consisting of 
new recrystallized grains. Wherever possible hard- 
ness tests were also made in areas showing the 
elongated type of subgrain structure (see Figure 9 
In order to identify the respective areas, specimens 
were etched prior to hardness-testing and tests 
were carried out after both electrolytic and 
chemical etching. 

The results obtained from chemically and elec- 
trolytically etched surfaces were the same and so 
only those from electrolytically etched surfaces are 
given in Tables III, IV and V and are shown 
plotted in Figures 20, 21 and 22. Each result is the 


TABLE III 


MICRO-HARDNESS TESTS ON S.P. ALUMINIUM COLD-WoRKED 
20% AND ANNEALED AT 375°C.—Loap 25.17 Grams 


MICRO-HARDNESS NUMBER 


Annealing Equiaxed New 


time Recrys- coarse ibgrair recry 


secs tallization ibrgair tallized 


grains 


As cold- 
rolled 
30 

60 

120 
240 
240 
{80 
960 
1800 


*These impressions mad 
grains. 


40c 6a 
FiGuRE 20. Microhardness tests on 
ium cold-rolled 20% and annealed? at 
electrolytically etched—load 25.95 grams. 
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TABLE I\ 
M 5.P 1 ( VORKED 
10% a» ANN 36.78 GRAM 
HARDNESS NUMBER 
‘ tal j 
\ 
1 
0 95 98 ) 19 3+1 > 
2U 23.0+1.0 | 27.5+1 18 §+0.4 
60.0 .0+4-1.4 18.4+0.5 
120 80.0 24.1 95.3+1.0) 19.4+1.4 
| 
—* 3GRAIN 
| AF 
: 
« 
0 99 242 
2.2 23 .5+0.6 | 27.1+0.9 
6.0 28.441.3 26.7+0.8 
25.8 24.5+0.8 23.4+1.0) 18.53+0.8 | 
50.0 23.9+0.8 | 24.2+0.6 : | 
50.0 24.7+0.8* 
94.0 24.8+1.1 
95.3 22 .3+1.1 21.4+0.¢ | Mic 1 ne lumin- 
- elec et er 678 
| 
— TABLE \ 
wp A» 75% los 6.78 GRAM 
| 
| 
} 
4 
0 30.0 25 8+] 27 .72+1.0)' 18.6+1.2 
18.0 1541.8] 27.24 
3/79 C—sper ens 2i.2 
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ANNEALING TIME 
iluminium 


specimens electro- 


FIGURE 22. Microhardness tests on super-purit} 
cold-rolled 60% and annealed at 375°C 
lytically etched—load 36.78 grams. 


15 impressions. The percentage 
taking five 


mean of about 
recrystallizations was determined by 
photographs of each condition and measuring the 
recrystallized areas with a planimeter. 

From these results it is clear that (1) both coarse 
and fine subgrain areas are considerably harder 
than the new recrystallized grains; (2) the hardness 


of the areas showing fine subgrain structures 
decreases with annealing time, ultimately reaching 
a value approximately equal to that of the coarse 

bgrain areas; (3) the hardness of the areas show- 
ing elongated substructures is slightly higher than 

1at of equiaxed subgrain areas; (4) the major part 
of the decrease in hardness due to recovery takes 
place after short annealing times; and (5) recovery 
can proceed at the same time as recrystallization. 


Table VI 


recovery as determined 


percentage softening due to 


the 


gives the 
micro-hardness 


tests where 


Hw — H, 


ftening = 

H... = Hardness of cold-worked material 

H., = Hardness of completely recrystallized 
material 


HT, 


= Hardness after annealing for ¢ seconds. 


From Table VI it appears that within the limit of 
experimental error the percentage softening due to 
the cold 
reduction. Further support for the above result is 


recovery is independent of percentage 
given in Figure 23 which shows the percentage 
recrystallization as a function of the macroscopic 
Vickers Hardness Number (2.5 kilogram load). 
The rate of softening is much more rapid in the 
early stages of the recrystallization process than in 


the later stages where there is a linear relationship. 
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TABLE VI 


PERCENTAGE SOFTENING DUE TO RECOVER’ 


Surface preparation 


Electrolytically 
etched 
Elect 


er 


roly tically 
Electrolytically 


etched 


Chemically etched 
Cl 


1emically etched 


e 


It is clear from the micro-hardness tests that the 


rapid softening in the beginning of the process is 
due to the fact that recrystallization and recovery 
are going on together. If the straight line is extra- 
polated to zero percentage recrystallization we 


a figure of 58 per cent softening which 


arrive at 
represents the amount of softening due to recovery. 
This 


the micro-hardness tests. 


agrees very well with the values obtained by 


Discussion of Results 


It has been shown that subgrains 1—2 microns in 


diameter are present in super-purity aluminium 
heavily cold worked at room temperature. No sub- 
crains however, could be seen in the same material 
rolled at liquid air temperature. This result is in 
contradiction to Heidenreich’s [1] findings but may 
simply be due to the lower sensitivity of the tech- 
nique used here. After annealing, the subgrains 
appear much sharper after etching and moreover 
the banded structure is found to be broken up into 
subgrains. These structural changes produce a 
sharpening of the Debye Scherrer rings in back 


reflection Laue photographs and also cause a slight 


34 
| % Cold reduction | Softening 
20 57 
10 53 
60 
10 67 
3 = z PER PURITY ALUMINIUM C RO LED 20% 
: | ANNEALED 375° 
SUPER PURITY ALUMINIUM COLD ROLLED 60% 
sob ANNEALED 35 
a PER PURITY ALUMINIUM OLLED 40% 
t ANNEALED 375 
0 SUPER PURITYA MINIUM DROLLED 60% 
T 
4 5 é 8 90 100 
2YSTALLIZAT N 
FIGURE 23. Percentage recrystallizatio s a function of 10S2 
percentage softening. 
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decrease in hardness. The subgrain size decreases 
with increasing amounts of cold work, decreasing 
temperature, and with additions of magnesium. 
These results are similar to the effect of the respec- 
tive variables on the as recrystallized grain size 
except that the subgrain size increases with anneal- 
ing temperature and does not alter very much with 
annealing time. The fact that the subgrain size 
increases with annealing temperature strongly 
suggests that the mechanism of formation of these 
substructures is different from that of recrystalliza- 
tion because it is known that the as recrystallized 
grain is either independent or decreases with 
increasing annealing temperature. It is generally 
supposed that the driving force for grain growth in 
a completely recrystallized structure is the grain 
boundary surface energy, this being a function of 
the orientation difference between neighbouring 
grains. Thus when this orientation difference is 
very small, such as it is between neighbouring sub- 
grains, there will be little tendency for subgrain 
growth with increasing annealing time. 

With annealing 
100°C coarse 


observed in 


temperatures of 350°C, 375°C 
subgrains 10 to 30 microns in 
addition to fine 


and 
diameter were the 
subgrains approximately 4 microns in size. Fur- 
thermore, the hardness of the former was practi- 
cally independent of annealing time while the hard- 
ness of the latter decreased with annealing time, 
ultimately reaching the same value as that of the 
coarse subgrains. Another difference between these 
coarse and fine subgrains areas was that recrystal- 
lization nuclei were never observed in the former 
but were observed in the latter type of area. 

The hardness tests have shown that recovery 
proceeds both before and during the recrystalliza- 
tion process and within the experimental error the 
percentage softening brought about by recovery is 
about 50-60 per cent and is independent of the 
amount of cold work. Similar results were obtained 
by Kornfeld [10] who found that with aluminium 
single crystals the percentage softening brought 


about by recovery was about 40 per cent and was 


independent of the amount of cold work. X-ray and 


metallographic examination has shown that this 
softening is accompanied by an increasing perfec 
tion of the subgrains formed during cold working. 
This, together with the fact that little subgrain 
growth has been observed with increasing annealing 
time. is in direct contradiction to the recent con- 
clusions of Beck [11] who cl: that ‘‘Present 


evidence indicates that only a minor component ol 


Lims 


the work hardening is released in recovery, while 
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subgrain growth is capable of releasing the remain- 
ing larger portion which is connected with the sub- 
boundaries.” 
Back reflection 
recovered areas which showed either the coarse o1 


Laue photographs from fully 


fine subgrain structures gave sharp Debye Scherrer 
rings, thus indicating that long-range strains have 
disappeared during recovery. Oscillating beam X- 
ray patterns obtained from recovered areas showing 
coarse subgrains always consisted of a diffuse back- 
ground upon which discrete spots were super- 
imposed. It has been shown that this diffuse back- 
ground is probably due to residual strain which is 
supported by the fact that the subgrain areas are 
considerably harder and more resistant to plastic 
deformation than the fully recrystallized material. 
The question remains as to the distribution of this 
strain within the separate subgrains. In this con- 
nection it is interesting to note that Hirsch and 
Kellar [2], using a micro-beam X-ray technique, 
found that the reflections from the small subgrains 
were superimposed on a diffuse background and 
from an analy sis of these patterns Hirsch [12] con 
cluded that the diffuse background was due to a 
highly strained boundary region. Such a distribu- 
tion of strain could explain the diffuse background 
work. In this connection, it 1 


observed in this 


interesting to note that during this work a 


tively wide dark fringe around the subgrain boun- 
always been observed during examina 


This 


daries has 


tion under the phase contrast microscope. 


the boundary region has been attacked 


he 


means that 


} 


by the degree than have t 


etchant to a greater 


centres of the subgrains. Such a result would 


expected if subgrain boundary region was 


heavily strained relative to that of the centre of the 
subgrain. 


neip To Ul position as 


Chis work does not 
worked 


to whether the subgrains in the a id 
metal are formed by the polygonisation mechanism 


as postulated by Cal formed by the 


in [13] or are 
cold working operation itself as suggested by Beck 
14]. It is clear, however, 
here and that of Hei 
Hirsch and Kellar [2] that the 
tively imperfect directly after cold working. 
Heidenreich [1] Hirsch 
found that for super-purity aluminium 
at room tem- 


from the work 


also from denreich 


subgrains 


and ind Kellar [2] have 


the sub- 


erain size directly after cold working 


perature is independent of cold work above 20 per 


cold reduction. The work reported here con 


cent 


firms this observation. However, 
the subgrain size has been 


ifter annealing, 


increa 


found to 
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increasing annealing temperature and decreasing 
amounts of cold work. This suggests that subgrain 
growth takes place in the very early stages of 
the 
equilibrium value. Furthermore, on annealing, the 


] 


annealing, subgrains quickly reaching an 


subgrains become more perfect probably because the 
dislocations within the subgrains diffuse, disloca- 
tions of opposite sign cancelling each other out and 
others diffusing into the subgrain boundary region. 


[he dislocation density of the subgrain boundary 


regions thus increases, thereby producing an in- 


crease in the orientation difference between ad- 
jacent subgrains. This is probably the reason why 


it was much easier to observe the subgrains after 
annealing than directly after cold working. 

The effect of magnesium in decreasing the size 
of the subgrains is in agreement with the findings of 


(1] and Hirsch and Kellar [2]. Heiden- 


Heidenreich |{1] 
reich found that 4 per cent copper in high-purity 
aluminium reduced the subgrain size and Hirsch 
and Kellar found that the subgrain size was smaller 
aluminium than in 99.99° 


in 99.2% aluminium. 


This effect may be due to the formation of an 


atmosphere of impurity atoms around dislocations 
thus hindering their movement (Cottrell [15] 
Recrystallization nuclei have only been observed 
in the fine subgrain areas while growth of recrystal- 
lization nuclei with a completely different orienta- 
tion has been observed to take place within both 
fine and coarse subgrain areas. Measurements of the 
erowth rate of recrystallization nuclei showed that 
for super-purity aluminium cold-worked 20 per cent 
annealed at 375°C the rate of growth was 


5 X 10 


subgrain area 


and 
about ‘cm/sec irrespective of the type of 
into which the nucleus was growing. 
This result, together with the fact that the coarse 
subgrain areas were found to be much harder than 
the fully recrystallized material, casts some doubt 


on Beck and Hu’s 


lization im situ leads to an apparently complete 


[4] conclusions that ‘‘recrystal- 


return to the fully annealed condition.’’ Further- 
more, it has been suggested by Beck [16] that the 


driving energy for grain growth within the sub- 


grain areas is the grain boundary surface energy. 
Beck et al [17] investigated primary grain growth 
in super-purity aluminium and found that with a 
grain size of about 200 microns the rate of growth 
at 400°C was about 8 X 10 
size on which the measurements reported here were 


7 cm/sec. The subgrain 


performed varied between 5 to 20 microns so that 
the grain boundary surface energy would be about 
10 to 40 times that of material with a grain size 
of 200 microns. Assuming that the driving force for 
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primary grain growth is the grain boundary surface 
energy, then the rate of growth within the subgrain 
>to8 X 10-* cm/sec. 
The actual rate of growth would probably be much 


areas should be about 3 X 10 


less than this because the grain boundary surface 
energy is a function of orientation difference be- 
tween adjacent grains and thus would be smaller 
for the subgrain areas where the orientation differ- 
ence is a few minutes of arc than for the fully 
recrystallized material used by Beck et a] where the 
orientation difference would probably be several 
degrees. From the above and also the fact that the 
rate of growth of the recrystallization nuclei were 
the same irrespective of the subgrain size into which 
they were growing strongly suggests that the 
increased grain boundary surface energy brought 
about by the small subgrains is not sufficient to 
explain the rapid growth of new grains in such 
areas. It is far more likely that the driving force is 
the strain energy which is concentrated in the sub- 


grain boundary zones. 


It has been suggested by Cahn [18] that the 
subgrains formed during recovery may act as the 
nuclei for recrystallization. Figure 5 suggests that 
this may be so but as will be seen from Figure 24 
the recrystallization nuclei shown in Figure 5 have 
a completely different orientation from that of the 
fine subgrain matrix. Some effort has been made to 
measure the orientation of such recrystallization 
nuclei by the etch pit technique but due to the high 
chemical activity of the subgrain areas the etch 
pits are confined to the unrecrystallized areas and 
the boundary between the recrystallization nucleus 
and the unrecrystallized matrix. It is interesting to 
note that the etch pits within the subgrain areas 
were formed preferentially at the subgrain boun- 
daries. The fact that recrystallization nuclei are 
only observed in areas which show the fine sub- 
grain structure does, however, indicate that these 
fine subgrains may be acting as the nuclei for 
recrystallization. 
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INTERSTITIAL AND VACANCY MIGRATION IN Cu;Au AND COPPER* 
J. A. BRINKMAN, C. E. DIXON, and C. J. MEECHANt 


Vacant lattice sites and interstitial atoms in excess of the equilibrium concentrations have been 
introduced into the alloy CusAu by quenching rapidly from high temperatures and by irradiating 
with cyclotron particles. Experiments of other investigators, involving the introduction of interstitials 
and vacancies into copper * cold work and irradiation, have been discussed. Two annealing states 
have been observed between — 100°C and +200°C in both Cu;Au and copper. For each material, the 
low-temperature state is found in the vicinity of —30°C and the high-temperature state in the vicinity 
of +150°C. Vacancy migration has been assigned to upper-state and interstitial migration to the 
lower in CusAu, on the basis of arguments w hich show that only the former should order the alloy. 
From other arguments, the same assignments have been made for copper, and the similarity of the 
two materials has been discussed. The following assignment of migration activation energies has 
been made for copper: vacancies — 1.19 ev, interstitials —0.7 


LA MIGRATION DES ATOMES INTERSTITIELS ET DES LACUNES RETICULAIRES 
DANS CusAu ET DANS LE CUIVRE 


Des lacunes réticulaires et des atomes interstitiels ont été introduits dans I’alliage CusAu, en excés 
de la concentration d’équilibre, au moyen d'une trempe rapide a partir de températures élevées et 
par irradiation avec des particules du cyclotron. Les expériences d’autres chercheurs, se rapportant 
a l’introduction d’atomes interstitiels et de lacunes dans le cuivre, par écrouissage et par irradiation, 

sté discutées. Deux états de recuit ont été observés entre —100°C et +200°C dans Cu;Au et 
cuivre. Dans les deux cas l'état caractéristique des basses températures se trouve dans le 
voisinage de —30°C, et celui caractéristique des températures plus élévées, dans le voisinage de 
+150°C. En se basant sur a arguments, on montre que seule la migration de lacunes permet- 
trait la mise en ordre de I’alliage. Par conséquent, ce mécanisme fut attribué a l'état supérieur, 
alors que la migration des shedams s interstitiels fut réservée a l'état inférieur. D’autres arguments ont 
conduit a I’ attributi mn des mémes mécanismes au Cuivre; la similitude des deux matériaux fut dis- 
cutée. Les valeurs suivantes ont été attribuées a l'énergie d’activation de migration pour le cuivre: 
lacunes —1.9 ev, atomes interstitiels —0.7 ev. 


DIE BEWEGUNG VON LEERSTELLEN UND ZWISCHENGITTERPLATZEN IN Cu;Au 
UND Cu 

en Leerstellen und Atome in Zwischengitterplatzen tiber die Gleichgewichtskonzentra- 

nen hinaus durch schnelles Abschrecken von hohen Temperaturen und durch Bestrahlen mit 

vl lotron Teilc hen in die Legierung Cu;Au eingebaut. 

Es wurden die Versuche anderer Autoren, die die Einfiihrung von Leerstellen und Zwischen- 
gitteratomen in Rasier durch Kaltbearbeitung und Bestrahlung untersuchten, diskutiert. Sowohl 
in Cu als auch in Cu;Au wurden zwei Gliihstadien zwischen —100°C und +200°C beobachtet. In 
beiden Stoffen zeigte sich das Tieftemperaturstadium in der Umgebung von —30°C und das Hoch- 
temperaturstadium in der Umgebung von +150°C. Wanderung der Leerstellen kann dem Hoch- 
temperaturstadium zusc hriebe n werden und Wanderung der Zwischengitteratome dem Tieftempera- 
turstadium, und zwar auf Grund von Uberlegungen die zeigen, dass nur der erste Mechanismus 
die Legierung ordnen sollte. Auf Grund weiterer Uberlegungen werden die gleichen Beziehungen fiir 
Kupfer postuliert, und die Ahnlichkeit der beiden Materialien wird erértert. Kupfer wurden die 
folgenden Aktivierungsenergiewerte zugeschrieben: Fiir Wanderung der Leerstellen —1.19 ev, fiir 
Wanderung der Z\ wische ngitteratome — 0.7 


: The methods of defect production which are used 

Introduction have an important bearing on the problem of 

It is well known that lattice imperfections, par- separating the effects of the various defects. Cer- 
ticularly interstitial atoms, vacant lattice sites,and tainly a method in which only one type of defect is 
dislocations, are important in determining the produced can be used to great advantage. Also, 
physical properties of metals. It has been difficult, methods which produce equal numbers of defects, 
however, to isolate the effects of specific defects, and others which produce one type in excess, will 
because many properties are affected in a similar — be helpful. Such methods as these, which have been 
than one of them. Annealing employed in the present work and by others, are 
means of separating these heating to high temperatures and quenching, 


caiis 


manner by more 
studies offer a possible 
effects. However, as long as more than one type of irradiating with high-energy particles, and cold- 
defect is present in a metal, the annealing will working. The first of these methods involves the 
probably be complicated by interactions among the _ production of only a single type of defect, namely, 
various defects. vacancies, although the concentrations which can 
be retained are quite small. 
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migration of vacancies increases the degree of order 
of the alloy. Each vacancy makes a large number of 
jumps during its lifetime, thus producing consider- 
able atomic rearrangement. The resistance decrease 
associated with the increased degree of order 
resulting from the migration of a single vacancy 
is generally much larger than the _ resistance 
decrease associated with the disappearance of the 
Therefore, Cu;Au 


has been made in the present experiments for the 


vacancy. considerable use of 
purpose of observing extremely small vacancy con- 
centrations. 

CusAu 


have been made by Siegel [1], Blewitt and Coltman 


Investigations of irradiation effects in 
[2} and Adam, Green, and Dugdale [3], as well as 
others. The latter two papers demonstrate that 
defects produced by irradiation can accelerate the 
ordering rate under suitable conditions. Overhauser 
[4] and Eggleston [5] 
effects in copper. They both found a well defined 
—30°C. Bowen, 


Kropschot [6] have studied the 


have studied irradiation 
annealing state in the vicinity of 
Eggleston, and 
annealing kinetics of copper, cold-worked at room 
temperature, and measured an activation energy of 
l 
temperature range 100°C to 200°C. These experi- 
the 
atoms and vacant lattice sites into these materials. 


ev, associated with an annealing state in the 


ments all involve introduction of interstitial 

his paper describes experiments on the alloy 
Cu;Au which indicate the existence of two anneal- 
ing states, and makes specific assignments of inter- 
stitial migration and vacancy migration to these 
annealing states, as well as to the corresponding 
states in copper. In the Discussion of Experiments, 
these assignments are made for each material 
independently. In the Conclusions, the assignments 


made for Cu;Au are compared with those for copper. 


Discussion of Experiments 
A. Effect of Quench Temperature on the Ordering 
Rate of Cu3;Au 
Che following experiments demonstrate that the 
isothermal ordering rate of Cu;Au at 150°C is con- 
siderably enhanced by quenching the alloy rapidly 
from a temperature in the vicinity of 600°C. The 
ordering rate, as determined by the rate of change 
of electrical resistivity, increases with increasing 
quench temperature. This effect is interpreted as 
evidence of having frozen in the vacancy concen- 
tration which exists in thermal equilibrium at the 
quench temperature. The interpretation is based 
on the assumption that vacancy diffusion is respon- 
sible for the ordering process. 


INTERSTITIAI 


AND VACANCY MIGRATION 


Cu;Au specimens of dimensions 0.020 & 0.020 X 
0.5 inch were water-quenched from various tem- 
peratures in a modified Rosenhain apparatus 
Taylor [7]. Resistance 


— 196°C 


similar to that described by 
measurements were made at after anneal- 
ing for various times in a wax bath. During pre- 
liminary measurements the initial resistivity was 
- 196°C, 
pendent of quench temperature within the errors 


hence all initial 


found to be 10.0 micro-ohm-cm at inde- 
of the dimensional measurements; 
resistances in the different specimens were assumed 
to correspond to a resistivity of 10.0 micro-ohm-cm. 

The data in Figure 1 show the effect of quench 


temperature on the ordering rate at 150°C. The 


FIGURE 1. Dependence of the orderii 
the quench temperature. 


is used as 


initial slope of each resistivity- urve 


the ordering rate. The ordering rate 


with 


1 measure 
quench temperature be- 
Che 704°C curve is 


urve, which 


in rease 


and 648° 


is seen to 

tween not 
appreciably different from the 648°C « 
may indicate that the quenching rate was too slow 
the 


ies at the higher temperature 


to freeze in equilibrium concentration of 


It is probable 


short-range ord which 


initial states of 
the 


influence the initial slopes and shapes of 


that the 


exist at different quench temperatures will 


these 


curves to some extent, and quantitative values of 


the will 
} 


reliable. One cannot, however, attribute the 


relative numbers of vacancies not be 
major 
effect of the quench temperature dependence to 
reasonable 


the 1 


short-range order, since any assump- 


tion concerning its effect on ordering rate 


suggests the opposite temperature dependence to 
that which was observed. 


) 


[he data of Figure 2 were obtained by the fol- 


lowing procedure. A specimen was quenched from 
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542°C and annealed at 182°C for 210 minutes, at 
which time the ordering rate was essentially zero. 
The annealing temperature was changed to suc- 
cessively higher temperatures of 232°C, 245°C and 
300°C for 2 minutes, 


3 minutes and 2 
respectively, and then was lowered to 182°C again. 


5 minutes, 3 


[he purpose of this procedure was to determine 
the extent of the atomic diffusion and to show that 
the ordering rate decreased with time as would be 
expected if non-equilibrium vacancies were re- 
tained by the quench. The increases in resistivity 
which occurred at the higher annealing tempera- 
tures indicate that the first flattening of the curve 
was a result of the attainment of the equilibrium 


degree of order at 182°C within antiphase domains 


FicurRE 2. Ordering and disordering behavior of CusAu 
after quenching from 542°C. 


[8], rather than a result of the disappearance of the 
non-equilibrium vacancies. The resistivity increases 
are undoubtedly due to partial disordering within 
antiphase domains. If one assumes that the dis- 
ordering relaxation time [9] is characterized approxi- 
mately by the time required for the resistivity to 
attain two-thirds its maximum value at each tem- 
perature (e.g., 5 minutes at 232°C, 3 minutes at 
245°C) and compares these relaxation times with 
a 60-minute value which was observed at 250°C in 
a well-ordered alloy containing no non-equilibrium 
that a few non- 


equilibrium vacancies still exist after 3 hours at 


vacancies, it can be concluded 
182°C. Evidence that the number of excess vacan- 
cies had decreased was obtained by a comparison 
of the ordering rates at 15 minutes and 220 minutes 
where the alloy had The 
superposition of the two rates shows that the 


identical resistivities. 
ordering rate depends primarily on the vacancy 
concentration rather than on the resistivity. 
Further data for Cu;Au quenched from 542°C 
and annealed at successively higher temperatures 
110°C 


between and 204°C are shown in Figure 3. 
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These data were taken for the purpose of determin- 
ing the activation energy for vacancy migration in 
Cu;Au by observing changes in the slopes of the 
resistivity-time curves with changes in temperature. 
The curves are unusual in that each exhibits an 
initial negative curvature followed by an inflection 
point, indicating that the annealing is not a single- 
stage process. Hence an interpretation in terms of a 
single activation energy will probably have no 
significance. 


RESISTIVITY AT 77°K (MICRO-OHM CM) 


— — — INDICATES INITIAL 


SLOPES OF CURVES 


30 
MINUTES 


FiGURE 3. Continuous annealing of CusAu quenched from 
542°C at successively higher temperatures showing a complex 
ordering process. 


B. Electron Irradiation of Cu3;Au 


In Part A of this section, it is shown that a non- 
equilibrium concentration of vacancies can be 
quenched into Cu;Au, and that these vacancies 
have appreciable mobility at 150°C. Let us now 
examine irradiated Cu;Au and look for evidence of 
vacancy migration. Probably the simplest kind of 
damage, consisting only of interstitial-vacancy 
pairs, is produced by 1 Mev electron irradiation. 
This irradiation is not capable of producing high- 
temperature thermal spikes and the associated 
types of damage, perhaps dislocations, because the 
maximum energy which can be transferred from a 
1 Mev electron to an atom is only of the order of 
50 ev. 

The first such irradiation was made at room tem- 
perature by Adam, Green and Dugdale [3]. They 
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observed that a type of defect was stored up in 


Cu3Au 
electrical resistivity increase, but which annealed 
at 100°C and 130°C, producing additional ordering 


ordered which produced no measurable 


of the alloy. The same result has been observed in 
this laboratory [10] and, in addition, an irradiation 
— 190°C 
which, by the absence of a disordering effect, con- 
firmed the belief that thermal spike effects are 
unimportant from such irradiation. To identify the 


of an ordered alloy was performed at 


defect responsible for the ordering observed by 
Adam, Green and Dugdale, let us consider whether 
or not interstitial migration can order Cu;Au, 
since it has already been established in Part A of 
this that 
ordering. 


Since there is no known method of introducing 


section vacancy migration produces 


exclusively interstitials into a metal, analogous to 
quenching in a non-equilibrium vacancy concen- 
tration, one must resort to theoretical considera- 
tions to determine whether interstitial migration 
will produce ordering. One might expect a gold 
interstitial atom in Cu;Au to have a higher energy 
of formation than a copper interstitial in the same 
material, because of its larger size. The ‘‘inter- 
stitialcy’’ migration mechanism of Huntington and 
Seitz [11] requires the replacement of the inter- 
stitial by a different atom during each elementary 
jump. For ordering to occur, both copper and gold 
atoms must participate in this process. However, 
because of the difference in formation energies of 
copper and gold interstitials, interstitial migration 
will probably occur only among the copper atoms 
of the alloy. Hence one would not expect inter- 
stitial 
detailed treatment of this problem is given in the 


migration to produce ordering. A more 
Appendix. On the basis of the arguments above, it 
may be concluded that the 100°C to 150°C anneal- 
ing state in electron-irradiated Cu;Au is a result of 
vacancy migration. This is consistent with the 
that 
in Cu3Au in the same temperature range. 


observation quenched-in vacancies migrate 
Cyclotron Irradiation of Cu;Au 


In the preceding part of this section, it is shown 
that 
Cu;Au which migrate at 


electron irradiation produces vacancies in 
100°C 130°C. A 


irradiation produce 
than 


and 


moderate cyclotron should 


larger interstitial-vacancy concentrations 
were obtained from the electron irradiation. Be- 
cause of these larger concentrations, one may be 
able to observe another annealing state in Cu;Au 


which can be associated with interstitial migration. 


INTERSTITIAL AND \ \ \ 


MIGRATION 
Che need of a larger interstitial concentration arises 
from the inability of the interstitials to order the 
illoy; hence the concentration of interstitials must 


be sufficiently large to produce a measurable 
resistivity increase resulting from the associated 
lattice distortion. The results of a cyclotron irra- 
diation of Cu;Au are described below. 

Two .003 inch foils of Cus;Au were irradiated 
with 9 Mev protons 
grated beam intensity of 5 X 10" 
The temperatures 


below —100°C during the irradiation. One of the 


simultaneously to an inte- 
protons cm*. 
specimen were maintained 
specimens, O, was well ordered, and its initial 


The 


specimen, D, was disordered by air quenching from 


resistivity was 1.7 micro-ohm-cm. other 
120°C, and its initial resistivity was 10.1 micro- 
ohm-cm. All resistance measurements in this exper- 
ment were made at — 180°C, and resistivity values 
are given for this temperature. After the irradia- 
tion, the specimens were simultaneously heated for 
intervals of about 15 minutes at successively higher 
the 

approximately 20°C. 


temperatures, temperature intervals being 

The irradiation caused an increase in the resis- 
tivity of specimen O of 4.25 micro-ohm-cm, while 
the 0.65 


Upon pulse annealing these specimens, a decrease 


increase in D was only micro-ohm-cm. 
of about 0.60 micro-ohm-cm was observed in each 
in the range —60°C to 0°C. Further pulse annealing 
to 130°C caused a resistivity decrease in specimen 
O of another 0.45 micro-ohm-cm, while that in D 
was less than 0.05 micro-ohm-cm. 

[he major part of the large resistivity increase 
in O is a result of radiation disordering, an irradi- 
ation effect first reported by Siegel [1]. The resistiv- 
ity increase in D cannot be attributed to disorder- 
ing since this specimen was completely disordered 
before the irradiation: hence it is attributed to the 
lattice distortion associated with interstitials and 
vacancies. If one assumes that equal interstitial- 
vacancy concentrations are produced in O and D, 
and that these concentrations produce an equal 
resistivity increase in each, the 4.25 micro-ohm-cm 
separated into two parts: 
0.65 


increase in O can be 
3.60 micro-ohm-cm due to disordering and 
micro-ohm-cm due to lattice distortion. 
Since the total resistivity decrease in D did not 
exceed the increase, which is associated with lattice 
the decrease is associated with the 
lattice 
ordering. This viewpoint is supported by the fact 
-60°C 


to 0°C, while if it was due to ordering, one should 


distortion, 


recovery of distortion rather than with 


that all of the decrease occurred in the range 


i @ 
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expect a further change in the range 0°C to 130°C. 
Furthermore, the fact that the resistivity decrease 
in D was nearly equal to the radiation-induced 
increase indicates that both the interstitials and 
the vacancies were annihilated during the low- 
temperature annealing. Assuming, therefore, that 
the dominant process involves the annihilation of 
interstitials and vacancies resulting from the 
migration of one, a simple argument can be used to 
show that a small concentration of the less mobile 
defects will remain after the annihilation. For the 
sake of simplicity, and in anticipation of later con- 
clusions, it will be assumed that the defects migrat- 
ing at the lower temperature are interstitials. 

An interstitial migrating randomly through the 
lattice will have a given probability, P,, of encoun- 
tering and annihilating a vacancy on each jump, 
and another probability, Pa, of being annihilated 
at an edge dislocation or grain boundary, either of 
which presumably can act as an infinite sink for 
vacancies and interstitials. P, should be propor- 
the concentration, while P, 
should remain not all of the 


vacancies will be annihilated by the interstitials, 


tional to vacancy 


constant. Hence 
as P, will eventually become smaller than Py, and 
the remainder of the interstitials will go mainly to 
The 
concentration remaining after the interstitials have 
the 


original interstitial-vacancy pair concentration, as 


dislocations and grain boundaries. vacancy 


annealed should be nearly independent of 
long as it was large enough so that P, > P, before 
annealing. 

A comparison of the resistivity changes in O and 
D in the two temperature ranges enables one to 
conclude that ordering occurred in O. Since the 
resistivity decreases in O and D in the range — 60°C 
to 0°C were the same, it is concluded that the de- 
crease in O resulted from the recovery of lattice 

the 0°C to 
+130°C, O exhibited a further decrease of 0.45 


distortion, just as in D. In range 
micro-ohm-cm which was not observed in D. This 
decrease is attributed to an increase in the degree 
of order of O. The fact that no ordering was ob- 
served in D can be explained by the lack of pre- 
viously established domains of long-range order. 
Svkes and Evans [8] point out that ordering within 
domains is a much easier process than the growth 
of new domains of long-range order. The domains 
were already established in specimen O, and thus 
an increase in the degree of order within domains 
was observed. 

The above data indicate the presence of two 
annealing states in cyclotron irradiated Cu;Au, one 
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above and the other below room temperature. 


Ordering is associated only with the high-tempera- 
ture state. Since cyclotron damage consists pre- 
dominantly of interstitials and vacancies, and 
ordering is associated with only the high-tempera- 
ture state, interstitial migration has been assigned 
to the low-temperature state and the ordering 
observed at high temperatures is interpreted as the 


result of the migration of a small vacancy concen- 


tration which escaped annihilation by the inter- 


stitials. 
D. Cyclotron Irradiation of Copper 


The annealing of damage produced in copper by 
cyclotron irradiation has been studied by Over- 
hauser [2] and Eggleston [3]. By means of electrical 
resistivity measurements, they found a_ well- 
defined annealing state in the vicinity of —30°C, 
characterized by an activation energy of 0.7 ev. 
A large part of the total radiation-induced resistiv- 
ity change is associated with this annealing state. 
Both find 
defined activation energy in the temperature range 
—100°C to +200°C. Interstitial and 
vacancy migration both should exhibit well-defined 
that the 


investigators failed to another well- 


migration 


activation energies; thus it is believed 
0.7 ev activation energy characterizes the migra- 
tion of one of these defects. 

The annealing kinetics of this state also were 
studied by Overhauser. He was able to show that a 
second-order reaction was consistent with the data, 
and that the the 


annihilation of interstitial-vacancy pairs. This con- 


concluded process involved 
clusion is consistent with the absence of a second 
well-defined activation energy, since both defects 
are produced in equal numbers by irradiation. 

The above consideration indicates that both the 
migration of interstitials and that of vacancies 
cannot be studied by electrical resistivity measure- 
ments in cyclotron-irradiated copper. Therefore 
one must resort to other means of interstitial- 
vacancy production in which one of the defects is 
produced in greater numbers than the other. Part E 
consider such involving the 


will experiments, 


annealing of cold-worked copper. 


Cold Work of Copper 

It has been suggested by Seitz [12] that vacancies 
and interstitials are produced in metals by cold 
work, that the will 
probably exceed that of the interstitials. He indi- 


and vacancy concentration 
cates that vacancies should be produced in prefer- 
ence to interstitials when the production is a result 
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of dynamic instability of the in-phase motion of 
atoms during the passage of a dislocation. 

If the above result is accepted, a means is pro- 
vided for determining whether interstitials or 
vacancies migrate more easily in copper. If the 
vacancies move first, and disappear primarily by 
interstitial-vacancy annihilation, only a_ single 
annealing state should exist. On the other hand, if 
interstitials move at a lower temperature than 
vacancies, a second annealing state should exist at 
a higher temperature, resulting from the migration 
of the unannihilated vacancies. 

Eggleston [5] has observed an annealing state for 
cold-worked copper in the vicinity of —30°C which 
is characterized by an activation energy of about 
that 
same mechanism is involved in this state and the 
0.7 


ture annealing state in cold-worked copper has 


0.7 ev. Both he and Overhauser suggest the 


ev state in irradiated copper. A high-tempera- 


been studied by Bowen, Eggleston and Kropschot 

[6]. The annealing between 100°C and 200°C of the 

resistivity change produced in copper by cold work 

appeared to be characterized by well-defined 

activation energy of 1.25 ev. 

cold-worked 
100°C to 


a Wwe 


Two annealing states exist in 


the 


as Si 


copper in 
+200°C, 
activation 


temperature range 
1own above, each possessing 
defined energy; in irradiated copper, 
however, only one was found in this temperature 
range. Let us assume that the upper state results 
from the migration of either interstitials or vacan- 
cies, rather than that of a third defect. Then the 
the 


implies that it involves the migration of the defects 


mere existence of high-temperature state 


produced in greater numbers, namely, vacancies. 


Annealing Kinetics 


Let us examine in more detail the assumption 
that the activation energy characterizing the uppe 
annealing state in cold-worked copper is that for 
The 


involve the annealing of other defects in addition 


vacancy migration. actual process could 
to vacancies. Annealing of dislocations, for example, 
might result in the following manner from the 
migration of vacancies. Stresses present in cold- 
worked metals tend to move dislocations which are 
restrained from moving by high vacancy concen- 
These free to 


the 


dislocations will be 
move and the 


vacancies. It is thus possible that a part of the 


trations [12]. 


annihilate upon removal of 


physical change associated with this 


annealing state results from the annealing of such 


property 


complex defects as dislocations, while the ther- 
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mally activated process is simply the migration ol 
vacancies. 

If the annealing observed from 100°C to 250° 
is actually such a process as we have suggested 
above, one should be able to make certain predic- 
shape of the 
should 


decrease 


the resistivity 
First, 


resistivity 


tions concerning 


annealing curves. one expect the 


the 
result of the disappearance of vacancies, and the 


initial part of to be the 


final part to result from the disappearance of both 


vacancies and dislocations, predominantly the 


latter. If it is true that the first part of the annealing 
is due to the loss of vacan¢ ies, and if these vacancies 
anneal by true volume diffusion to dislocations and 


grain boundaries, then a fairly accurate calculation 


of » fraction of the vacancies remaining at any 


time during an isothermal anneal can be made by 


solving the problem of diffusion of 


uniform concentration of defects out of 


whose boundary is maintained at zero conce 
tion. This calculation will be described below. 
The phy 


region are 


sical analogs of the boundaries of the 


erain boundaries and edge dislocations, 
which presumably can act as sinks for vacancies 
rather 


The 
] 


sh ipe of the region, and 


solution is insensitive o the actual 


a sphere will be assumed 
the simple shape which most nearly approximates 
the physical situation one were dealing with a 


highly anisotropic material in which diffusion 


were 
two-dimensional 


three-, the appropriate sh. 


predominantly one- OI! 
ipes woul | be 
i cvlinder, respec tively. 


Diffusion out of a sphere has been treate 


Serin and Ellickson [13]. The expression for 


Iraction acancies remaining, 2/7 


1S 


of the sphere and D the diffusio1 


being the radius 


coefficient of the vacancies. One can treat rp as 


representing some distance of the order of the 


separation between dislocations. The 
D, should have the following 


temperature dependence: 


iverage 


diffusion coefficient, 


2 D Do 


where E,, the activation for 


energ\ 


the 


represents 
tem- 


17, 


migration of vacancies. By measuring 


erature dependence of 7 and plotting In 7 vs 
| 


an initial! 
@ 
| | 


sURGICA, 


one should be able to determine £,, from the slope 
of the resulting straight line. 

Assuming that the resistivity arising from the 
vacancies is at all times proportional to the average 
density of vacancies present, the measured resis- 
tivity change should be proportional to (1—#/np) 
until most of the vacancies have annealed. The 
experimental curve should then begin to fall below 
the calculated curve as dislocations begin to anneal. 
With this assumption, one can transform the resis- 


tivity data as follows: 


(3 n/No = 
~ 
where pmax is the residual resistance of a given 
specimen before the anneal was begun, and p, 
represents the residual resistance which the same 
specimen should have after all of the vacancies 
have annealed and before the dislocations have 
begun to anneal. This, of course, is an idealized 
case and cannot be achieved; nevertheless, po can 
be determined from the asymptote of the calculated 
curve if the experimental points follow the theoreti- 
cal vacancy decay curve sufficiently far to deter- 
mine it accurately. Thus one is free to adjust two 
constants in order to fit the experimental data to 
the calculated curve: po, determining the fraction 
of the total resistivity change which is associated 
the the 
involving dislocations 


time, 7, 
the 


vacancies, and relaxation 
the 


diffusion coefficient of vacancies. 


with 
density of and 

The numerical data of Bowen, Eggleston and 
Kropschot were kindly furnished to us by R. R. 
Eggleston, and it has been possible to obtain a good 
as shown in 
the 


fit by use of the above expressions, 


Figure 4. The calculated curve is shown as 


Fraction of vacancies remaining 
after annealing for time, ¢ 


FIGURE 4. 
worked copper, 


solid line, and it can be seen that the experimental 
points accurately follow the curve until over 90 
per cent of the vacancies are gone. Subsequently the 


1954 


points fall below, indicating that the dislocations 
do not begin to disappear until most of the vacan- 
cies have been removed. It was found that po/pmax 
= (0.60 + 0.02 for all three curves, while r+ varied 
with temperature as shown in Table I. 


TABLE I 


(min) 


From the In + vs 1/7 plot in Figure 5, one finds a 
well-defined activation energy: E, = 1.19 + 0.01 
ev. 


TEMPERATURE, °C 


FicureE 5. Determination of the activation energy for 


migration of vacancies in cold-worked copper. 


The copper used in this work was oxygen-free 
with less than 0.05 per cent silver, but otherwise 
its purity was not definitely established. The cold 
work was performed by successively drawing 
through dies at room temperature to a total reduc- 
tion in cross-sectional area of 96.9 per cent. Recent 
work still in progress, using 99.999 per cent pure 
copper, indicates that cold work produces more 
the 


material, because po/pmsx for similar amounts of 


dislocations and fewer vacancies in purer 
cold work is found to be higher and 7 to be lower at 
a given temperature. The activation energy for 
vacancy migration, however, remains essentially 
unchanged. 

Bowen, Eggleston and Kropschot measured an 
activation energy of 1.25 ev. According to the 
present interpretation, they observed a complex 
process involving the annealing of both vacancies 
and dislocations. While the predominant thermally 
activated process responsible for all of the annealing 
is probably vacancy migration, it is believed that 
there may exist other obstacles, as well as vacan- 
cies, tending to impede the motion of the disloca- 
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tions. This would give a value somewhat too high 
for the observed activation energy if determined 
from the entire annealing range. It is believed, 
therefore, that the value of 1.19 ev, obtained above 
from the part of the measurements involving the 
vacancies only, represents the better value for the 
activation energy for migration of vacancies in 
copper. 

It should be pointed out that the annealing curve 
calculated above possesses certain characteristics 
which serve to distinguish it from one describing a 
process which obeys a chemical rate equation of the 
form: 

dn 
(4 — me 

dt 
A curve governed by such a rate equation always 
has a finite initial slope; hence, for sufficiently 
short times, one should be able to approximate the 
elapsed portion of the curve by a straight line. By 
making sufficiently close measurements, one should 
find that during the very early part of the anneal- 
ing the amount of damage removed is proportional 
to the 


process, on 


the diffusion-to-boundary-type 
the 


time. In 
the other hand, rate should be 
proportional to the concentration gradient at the 
boundaries, rather than to the average defect con- 
centration, as is demanded by the chemical rate 
equation. Equation (1) can be shown to approach 


6 
No 


for ¢ sufficiently small. The initial slope in this case 


(5 


is infinite, and by making measurements at sufh- 
ciently small times one should find that the amount 
of damage annealed is proportional to Vt. This is 
actually observed for the first few points of the 
125°C anneal shown in Figure 4, indicating that 
the annealing mechanism involves the diffusion of 
defects to an infinite sink. However, in the case of 
the low-temperature annealing observed by Over- 
hauser and Eggleston, the interstitials presumably 
migrate to vacancies, each of which can act only 
once as a sink. Therefore no tendency should exist 
for the defect concentration to be depleted in a 
non-uniform manner, as it is in the neighbourhood 
of dislocations and grain boundaries in the event 
that the defects are required to migrate to them to 


be destroved. One should therefore expect the low 
the 


temperature state to obey chemical rate 


equation. 
One can present additional arguments demon- 
strating that the first part of the 100°C to 200°C 
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annealing is the disappearance of vacancies rather 


than interstitials or dislocations. Because of the 


defined activation energy obtained from 
that this part of the 


sharply 
Figure 5, it seems unlikely 
process is the disappearance of dislocations. It is 
difficult to imagine a large number of dislocations 
so uniform in shape and size as to require exactly 
the to move each. Even if this is 


same energy 


assumed to be the case, diffusion from a slab or 
cylinder should be a more accurate model, since 
each dislocation is limited to one or two degrees of 
freedom. The experimental points, however, fit the 
curve for three-dimensional diffusion much better 
than for one or two dimensions, indicating that the 
annealing is that of simple defects, such as inter- 
stitials or vacancies, capable of diffusing in three 


dimensions. 


Conclusions 
The experiments discussed in the preceding sec- 
tion involve various methods of producing lattice 
defects in the alloy Cu;Au and the pure metal 
copper. The first four columns of Table II sum- 
the 


present discussion. The specific assignments of the 


marize the experimental data pertinent to 


defects to the various annealing states are shown 
in Column 5. They are based on a series of argu- 
ments given in the previous section which are 


summarized below. 


TABLE II 


OBSERVED ANNEALING STATES 


Migrating 


Activation 
I mperfec- 


Energy 


Approx 
Material Treatment 
Temps 

tions 


Vacan- 


cres 


Rapid quench 150°C 


Vacan- 


Electron 
irradiation 


Cyclotron 
irradiatiot stitials 
Vacancies 
Cyclotron Inter- 
irradiation stitials 
Cold work 7 eV Inter 
stitials 


1.19 ev |Vacancies 


[wo annealing states have been observed in 


Cu;Au: (1) a high temperature state in the vicinity 


15 
| 
CusA 
Ci 


RGICA, 


and (2) a low-temperature state in the 


of 150°C, 
vicinity of —30°C. It has been concluded indepen- 
dently from the quenching experiments and from 
the irradiation experiments that the high-tempera- 
ture state is a result of vacancy migration. In the 
quenching experiments, only vacancies are expected 
to be present. In the irradiation experiments the 
annealing state is observed by an ordering effect. 
Since interstitial migration has been shown to be 
incapable of ordering this alloy, the high-tempera- 
ture state is again attributed to vacancy migration. 
The most probable mechanism for the low-tempera- 
ture state seems to be interstitial migration because 
cyclotron damage is believed to consist primarily of 
interstitial-vacancy pairs. 

Two annealing states are found in both coppe! 
Cu;Au 


tures. Overhauser’s analysis of cvclotron-irradiated 


and at approximately the same tempera- 
copper has established the low-temperature state 
as interstitial-vacancy annihilation. This annihila- 
tion must be a consequence of the migration of one 
of these defects. The presence of only a single well- 
defined annealing state in irradiated copper, where 
are produced in equal 
that the 


vacancies 
the 


involves 


interstitials and 


numbers, supports conclusion low- 


temperature state interstitial-vacancy 


annihilation. On the other hand, in cold-worked 
copper, where vacancy production is believed to 
predominate, the high-temperature state as well 
as the low-temperature state is observed. Since the 
low-temperature state involves interstitial-vacancy 
annihilation, causing the interstitials to be entirely 
removed in the lower state, the high-temperature 
migration. 
the 


interstitial 
state 


state cannot result from 


The 


assignment of it to 


kinetics of this favor 


the 


annealing 
annealing of vacancies 
rather than to a third defect. 

The discussion thus far has been limited to an 
independent analysis of each experiment and com- 
parisons among the Cu;Au experiments as well as 
comparisons among those involving copper. How- 
ever, if one assumes that there is a close similarity 
in the respective temperatures at which vacancies 
and interstitials migrate in Cu;Au and in copper, 
then the same assignments can be made on the 
basis of this assumption alone. Since two annealing 
states have been observed in each material in the 
same temperature ranges, this assumption seems 
tenable. The assignment of vacancy migration to 
the high temperature state in Cu;Au, from the 
quenching experiments, then enables one to assign 


the same mechanism to the high temperature state 
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in copper. As the lew temperature state in copper 


involves interstitial-vacancy annihilation, inter- 
stitial migration must be assigned to this state in 
both the 


obtained by making the above assumption as those 


materials. Thus same conclusions are 


obtained from the previous approach. 
the 
vacancy migration in copper, one can now obtain 


Having determined activation energy for 
the formation energy for vacancies. The activation 


[14], 


energy for 


energy for self-diffusion in copper, 2.07 ev 


should be the sum of the activation 
motion of vacancies and their formation energy. 
Subtracting 1.19 ev from this value, one obtains the 
formation energy of 0.88 ev for vacancies in copper. 

If one compares the activation energies in Table 
[I with the predicted activation energies for vacancy 
migration in various metals given by Mott [15], it is 
that which we have 


evident the annealing state 


migration is the one 


Mott to be 


[4] also assigned 


associated with interstitial 


which has been assumed by due to 
vacancy migration. Overhauser 
vacancy migration to the low temperature anneal- 
ing state, basing this assignment on an experiment 
116}, 


change 


of Kauffman and Koehler in which partial 


annealing of a resistivity quenched into 


gold wire was observed below room temperature. 
They interpreted this resistivity change as arising 
from quenched-in vacancies. Our conclusions 
disagree with the above assignments 

On the other hand, support for the present assign- 
ment of 1.19 ev and 0.88 ev as the activation enereg\ 
the 


and formation 


for vacancy migration, 


is obtained 
Sladek 


for quenched-in 


energy of vacancies, E,,, respectively, 


from recent measurements of Nowick 
[17]. They determined £,, and EF, 
70-30 
measurements, and found that in this alloy -,, was 
than E,, 
for diffusion in 
1.36 ev 


ind 


vacancies in silver-zinc from. anelastic 


somewhat smaller Furthermore, since 
the activation copper 
2.07 ev, in 70 


silver-zinc, one would expect similar processes 


energy 
in comparison with 
occur at correspondingly higher temperatures 
copper than in the silver-zinc alloy. The tempera- 
tures at which Nowick and Sladek observed vacancy 
the 50°C ; 


this experiment, one would expect 


migration were in neighbourhood of 


hence, from 
vacancies in copper to migrate at higher tempera- 
the 
energies for migration of interstitials and vacancies 


tures. Theoretical calculations of activation 


in copper have been made by Huntington and 
Seitz [11; 18]. Their calculations indicate that F,,, 


should exceed E,,;, the activation energy for inter- 
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stitial migration, by about 1/2 ev; i.e., interstitials 
should anneal at lower temperatures than vacan- 


cies. 


Appendix 


We wish to estimate the difference in the energy 
of formation of gold and copper interstitial atoms 
in a Cu;Au lattice. The formation energy of inter- 
stitial copper 
Huntington and Seitz [11]. It was found that about 


atoms in has been calculated by 
half of this energy arises from the closed shell 
repulsive interaction, the remainder coming from 


the We shall 


neglect the electronic energy in the present calcul- 


the change in electronic energy. 
ation, as it should be approximately the same for 
either a copper or gold interstitial. Thus it should 
be possible to estimate the difference in formation 
energies of gold and copper interstitials by simply 
calculating the difference in the repulsive energy 
contributions. 

We shall use a Born-Mayer type [19] exponential 
the 


interstitial 


calculating 
the 


repulsion interaction, Ae~’’’, in 
repulsive energy contributions to 
formation energies, allowing relaxation of nearest 
neighbour atoms only, as was done by Huntington 
and Seitz. The values of A and p for copper inter- 
stitials in copper will be taken as A, v= ie x 10 
ev /ion pair and pc, = 0.150 A, following Hunting- 
ton and Seitz. 

The radius of the gold atom’s closed shell elec- 
tron core is about 13 per cent larger than that of 
the copper atom; thus one should expect the corre- 
sponding value of p in a similar exponential repul- 
sion representing the interaction of two gold atoms 
to be about 13 per cent larger than the above value 
for copper. More precisely, we shall take 


the lattice 


the subscript. It 


where a represents parameter ol 


metal designated by should be 
noted that this is equivalent to holding a constant 
and substituting the appropriate values of both 

and ro for gold into Zener’s form of the Born-Mayer 


potential 


(7 A’e 


where a represents the lattice constant of the metal 
in question and 7p is the distance between nearest 
neighbours in the equilibrium configuration of the 
lattice. 


The value of A should also be larger for the gold 
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atom than for the copper, due to the larger number 
We 


shall not attempt to estimate any other value for 


of electrons in closed shells of the gold atom 


A, but shall simply take 
A au = Acu 


and remember that this is the direction which will 


give a conservative estimate of the difference in 
formation energies. 

[he repulsive potential to be used for gold, 
Ae~'/*au, then gives a stronger repulsive interaction 
between two gold atoms than between two copper 
atoms at any given separation, a result which one 
intuitively feels must be true. 

If one were to consider the interaction between a 
gold and copper atom, as would be encountered, 
for example, in the case of a copper interstitial in 
gold, one should expect the value of p in such an 
interaction to be approximately the average of 
Pou and pay. That use of such an approximation is 
justified is indicated by the fact that the lattice 


close to T 
1 


parameter for Cu;Au is very 


As we are interested in gold and copper interstitials 


in CusAu, we shall define an effective p for Cu;Au 


p 


is follows: 


Then the value of p to be used for interactions of i 


interstitial with its surrounding atoms 


Au will be taken iS 


coppel 


interstitial, we 
s the above expressions and t 


lattice parameters, 


gold 


copper 


the exponen 
[t is also probable 


] 


neighbours to relax would 


believed th il 


— 
954 lou 
Cu + While 
ior a go Au T 2PCusAu 
lon = 3.61 A 
La 1.07 A 
la l 4 3.44 \ 
PAu PCu ’ 
ay 
Ore ita ~ Value Ol ey tne I DUISI VE 
interstitial in \ nd 3.9 ev tor that « 
interstitial 
s pointed out | Hut Of and Seitz [21], 
values slightly. It is Ei neclecting t 
est ite higher value for A th for A 
\ ( ncel Su h et TS | th t 5 ev represents 
r estimate of the differenc in the tort tio 


Cu;Au. However, even if it is only as much as 1 ev, 

the following arguments should still be valid. 
Consider now the annealing of interstitial atoms 

in CusAu. 


quire an activation energy 


A copper interstitial will probably re- 
for migration of the 
order of 0.5 ev, the value calculated for copper 


interstitials in copper by Huntington and Seitz 


[11]. The migration involves the pushing of a nor- 
mal lattice atom into a new interstitial position, its 
site subsequently being occupied by the old inter- 
stitial. If both new and old interstitials are copper, 
then the initial and final energies should be very 
nearly the same, the only energy barrier overcome 
being the 0.5 ev activation energy. If, however, the 


gold 


the order of 5 ev 


new interstitial is a atom, an additional 


energy of must have been fur- 
nished to form this gold interstitial. On the other 
hand, if the original interstitial was gold and the 
final is copper, 5 ev will have been given up as heat 
to the lattice. 

[t immediately becomes apparent that any gold 
interstitials formed in the lattice will, upon the 
first jump, replace copper atoms on normal lattice 
sites, and that the annealing of the interstitials will 
subsequently proceed only among the copper atoms 
of the lattice. For ordering to occur, both the copper 
and gold atoms must participate in migration and 
exchange of lattice sites. Therefore, while the acti- 
vation energy for annealing of interstitial atoms in 
the 


activation energy for ordering by interstitial migra- 


CusAu is probably of the order of 0.5 ev, 


tion is probably of the order of 5 ev. Thus, for all 


practical interstitial ordering is 


hibited. 


purposes, pro- 
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SLIP PLANES AND THE ENERGY OF DISLOCATIONS IN A BODY- 
CENTERED CUBIC STRUCTURE* 


N. K. CHEN and R. MADDIN?t 


3ased upon a consideration of the energy of 
centered cubic metals, modified values of the Cha 
Burgers vector to the interplanar spacing for 
alternate {110} slip process. It is shown tha 
general theory of Chalmers and Martius in 
lowest value of 8B. Chus, it is concluded that the 


LES PLANS DE GLISSEMEN’ ER DI DISLOCATION 


On a déterminé des 
rapport entre le vecteur de 


se basant sur l’énergie des dislocations, les plan 
centrés et en admettant un processus de glissement 
modifiées de 8 sont en bon accord avec la théori 
additionnels de glissement correspondent aux 
pour le systt¢me principal de glissement 

On conclut que le processus de glissem«e 


énergétique 
GLEITEBENEN UND DIE EN 


\uf Grund von Betrachtungen der Energie d 
raumzentriert-kubischen Metallen wurden modi 
8—das Verhiltnis des Burgers Vektors zum >} 
abgeleitet Dabei wird angenommen, das 
gezeigt. dass eine gute Ubereinstimmung zw 
von Chalmers und Martius besteht, da di 
Werten entsprechen. Daraus wird g 


guns ist 


Chalmers and Martius |1; 2] have shown that have confirmed that in ery case » lowest 
the energy of a dislocation in a crystal depends on alue corresponds he most frequently observed 


the orientation of its plane as well as on its Burgers _ slip plane and slip direction. 


vector. This mav be seen in the following wa‘ Chey have also demonstrated that when more 


The shear strain in the crystal caused by the dis- than one slip system is reported, th 


placement by a Burgers vector “‘s’’ is proportional system corresponds to that 
lowest 3. In this respect, however, 


to the angle of shear 8 = s/d where d is the inte 
planar spacing of the crystallographi ane significant ‘‘di ‘pancy’’ arises in the case 
parallel to the plane of the dislocation. If the dis- body-centered ic metal This ‘discrepancy 


the values of 


placement occurs in a closely packed plane having a in be seen in Table I which shows 
large interplanar distance from its neighbor, the for the body-centered cubi 
shear strain of the lattice will be smaller than when observed slip systems. 

the same displacement is brought about in planes 

with closer spacing. Since the energy of a disloca- 

tion is a function of the state of strain of the 

crystal, it follows that the energy must depend on 

the orientation of the plane of the dislocation as 

well as on the Burgers vector [1; 2]. Hence the dis- 

locations of lowest energy are those of lowest 8, 

and the lowest value of 8 is expected to correspond 

to the dislocations that are active in actual glide 

Chalmers and Martius [1; 2] have calculated a 

series of values of 8 for each crystal structure and 


*Received September 7, 1953. 
#School of Engineering, The Johns Hopkins University, 
Baltimore, Maryland. 


ACTA METALLURGICA, VOL. 2, JAN. 1954 


lislocations and the possible slip plan body- 
lmers and Martius paramet the ra of the 
} 112; and ; 123} pla es are derived suming a 
modified 8-values are in good reement with the 
ternate ; 110; slip process is « cal favored 
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[3; 4] 
(112 


It has been suggested that the experimen- 


tally observed slip on and {123} planes is 
actually slip on alternating segments of two non- 
‘110} 


further explored recently [5] with experiments on 


parallel planes. This possibility has been 


molybdenum single crystals. It is the purpose of 
this note to indicate from theoretical considerations 
of the energy of dislocations that the process of 
alternate {110} slip is energetically favored. It will 
be seen that, based on this assumption, a modified 
ind {1 


is 1.414 and 1.38 respectively. This is in agreement 


value of can be derived for 11] 23} which 
with the general theory of Chalmers and Martius 
[1; 2 


to the next lowest value of 


that the additional slip system corresponds 
Consider a plane perpendicular to the Burgers 


vector (Figure 1). In this figure, the trace of {110}, 


has been indicated. These 


112}, 12: 
three planes are all perpendicular to the paper and 


and 3; planes 

contain the same Burgers vector (i1] 

of dis- 
112! 


the relative 
the 


In order to estimate energy 


locations in term parameter, 8, for 


planes, assuming they are com] osed of alter- 


110! slip 


nate planes, the following steps have 
a $110} plane, formed by 
the 
i. dislocation. This movement, termed 
Q}”’ 

i nonparallel 11 


been ment ¢ 


atoms A and B, is assumed to slip first by 
movement ol! 
“unit 

1110}"’ 


atoms 


isa slip, is followed by another “unit 
0} plane, formed by 
the 


s are always con- 


slip OI 
B 


and tne line 


and This implies that Burgers 


vector of dislocation 


tained in two alternating 1110} planes, or that the 
screw component of the dislocation travels through 
110 | lane 


integer 


another nonparallel 


,112} 


-vstal Vi 


Ona 


plane, in 


ipparent 


( 
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Thus, the energy of the dislocation of both the 
AB BC of a 


plane (ABC), can be separately regarded as being 


segments, and “composite {112}”’ 
a function of the same parameter. 8/119}, as derived 
earlier by Chalmers and Martius, [1; 2] above. 
Nevertheless, in estimating the relative energy of 


dislocations on a ‘‘composite {112}’’ plane over a 

certain width, an additional factor, /, the width of 

the dislocation along the slip plane, has to be con- 

sidered. It can be shown that within a width / there 


(y V3)a “unit {110}” slip movements 
along a } 110} plane, but (///2 a) X 2 ‘unit }110}"’ 
{112}” 


parameter, 


are 


slip movements along a ‘composite slip 
Therefore a modified 


1112} 


plane. 


for a ‘‘composite plane, would be 


1.414. 


In the same manner the energy of dislocations 


for a “composite |123}"’ plane, consisting of alter- 
nate |110} dislocation movements, can be repre- 


sented by a modified parameter, 


42) xX 3 


(\/2/+V/3)a 


are only slightly larger than 


99) 
ao 


next additional slip systems in the body-centered 


the and {112} planes should be the 
cubic metals. 

Several problems concerning the slip process in 
the body-centered cubic metals can be now con- 
the ratio 


sidered. First, it seems justifiable to take 


of the energy of dislocations on different planes to 
the same as the ratio of the correspond- 
/S 


be roughly 
ing critical resolved shear stresses. Thus, 
is taken to be approxim equal to 
1.154. and 


These tw ratios for 


O the critical resolved shear 


turn out to be exactly the same as the values 


stresse 


estimated by Smoluchowski [6]. According to Smol- 
uchowski [6] a rough estimate of the relative values 
of the critical shear stresses can be made on $1 10!, 
}112}, and {123} planes if it isassumed that the shear 


» 
is proportior al to the ratio of the length of a disloca- 
tion to the length of its projection on the slip plane. 
Since “the length of a dislocation” in his assump- 
the path of di 
1110} | 


that his estimate and the present one give the same 


tion is actually slocation movements 


on alternate lanes, it is not surprising to see 


\CTA 
L/(N/zZa) X 2 2 
Vo 
V3 2 
— 5 X73 
fo 3 2 3 fi 
2 3 3 
LSE ive 1us it becomes evident that since the parameters 
FIGURE | \tomic configuration of 111) plane, perpen- 
dicular to the Burgers ctor 1 1 body-centered cubic 
slip plane. 
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ratios of the critical shear stresses for {110}, {112} are characterized by the movements of 


and {123} planes. It should be noted that, if slipon the track 333, the {112} plane and the C 
] 


the {112} and {123} planes were actually dis- the movements of B and D on track 333, also the 


location movements on these planes, the high (112' plane. There is a great difference between 


ratios, (Sfiu0}/Sfu0} = Bfu uot = 1.738 and_ this model and the model of alternate {110! slip in 


1/Sti10} = 1 2.64), would appear to the respective assumptions involved in 


prohibit slip on {112} and {123} planes. process. The model of Steijn : 
The ratios $4110) /.Ss419: and S Sfio}, as estim- assumes that atoms A and C, B and D 


1 


ated above, would be expected to be influenced by _ together in their movement along a {112} track, so 


temperature, composition, and perfection of the that they can be differentiated as type-B and type- 
crystals concerned. In general, the ratios will be C movements. Without this assumption, the move- 


decreased as the temperature or imperfection of the mentofany single atoms is indis 


ils increases [6]. On the other hand, the ratios The model of rnate } | slip, however, 
ase WI addition of solute elements that Segomel Ai, together and 


crystal under axial tension, the accompanied by the movements of Segment B, 


n of resolved shear stress on different planes This assumption is essential since the eners 


calculated in the usual manner, viz., dislocations depends on the ne cont 


sin X cos \, where P is the applied load, Burgers vector 


Ais the cross-sectional irea, X is the angle between itsel 
the stress axis and the slip plane and X is the angle The hypothetical curve 
between the stress axis and the slip direction. It vhicl how the variation of the resistan 
can be seen that the orientation of the cry in alon ve (111) zone can be derived on the as 
dictate the activity of a slip plane, if the limiting ternate slip on {110} segment 
ratios, (S411 = 1.154 and / S41 1.134), ne resi hose obtained bv Stetiin 
theoretically estimated on the premise of disloca- hei 
tion movement on alternating {110} planes, are 
not exceeded. 

The crystallography of slip planes in the deforma- S ibove whicl 
tion of ferrite single crystals has been extensively alternate {110} slip is improba 
investigated recently by Brick and co-workers is! basi laini 
(8; 9]. They found that plastic deformation occurs 
by elide in the 111 direction on planes which are occurrence of slip on 
not necessarily crystallographically significant. 


The identity of the noncrystallographic slip plane Acknowledgment 


is determined by the orientation of the crystal with [his work was sponsored 

respect to the stress axis and by the variation of Research under Contr ynr 248(05 
the resistance to shear of these planes. The latter 

function according to Steijn and Brick [9] is con- 

tinuous between ¥ = 0 and y = 30, where y is the 

angle between the observed glide plane and the 

plane {110} in the zone (111). In order to explain 

slip on high-index planes and the continuous varia- 

tion of the resistance to shear of these planes, they 


proposed a model based on the movements of 
individual rows of atoms along the (111) direction. 


Thus {110} slip is considered to be composed of A bs . 
movements, and {112} slip is made up of an equal - nein 

number of type B and of type C movements. All 

the other slip planes can then be described as being 

made up of A and B plus C movements. Referring 

to Figure 1, the A-type movements are charac- 

terized by the movements of atoms A and B on the 

track 231, the {110} plane. The B type movements lished in Trans. A.S.M., 1954. 
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EFFECT OF NEUTRON IRRADIATION ON A SUPERSATURATED SOLID 
SOLUTION OF BERYLLIUM IN COPPER* 


G. T. MURRAY? and W. E. TAYLORi 


on the electrical resistivity, hardness, X-ray line shape and 
ition annealed copper-beryllium alloy were investigated. Temperature 
10°C. With the exce ption ol X-ray line effects, the observed cha ges 
used by aging the alloy at low temperatures. Retrogression pheno- 

1 samples were also found to be similar to retrogression following low-temperature 

shat luring irradiation are attributed to the formation of small precipitate 

o result from the acceleration of the diffusion rate on a microscale 

nd interstitials. The investigation revealed anomalous changes 

lu n which were found to be duplicated by low-temperature aging of single 
Lower rates of pr rty changes in cold-worked samples than in solution-annealed samples 
found to occur at low aging temperatures after being first observed in irradiated samples. 
served during irradiation were apparently related to density increase. 

lue of irradiation studies as a means of investigating metallurgical 


L’IRRADIATION AUX NEUTRONS SUR UNE SOLUTION SOLIDE DE 
GLUCINIUM DANS LE CUIVRE 
l li aux neutrons sur la résistivité électrique, la densité, la 
de rayons X et de la densité d’un alliage cuivre-glucinium 
te mpérature variait de O0°C a 40°C. A I’exce ption des effets 
ments observés ressemblaient aux modifications causées par un 
ses temperatures, 
phénomeénes de rétrograda 


le 
| 


e précipitation. I] 


1 sur une échelle 


NG NEUT 
LOSUNGEN \ 


ur tiefe Alterungs-temperature! 
worden war ie wahrend der Bestrahl 


iZ U 


markedly altered by the radiation (i.e., energetic 


ntroduction particles) which is present in reactors. In this 


Experience in the application of nuclear energy paper experiments will be described in which 


has shown that the properties of solids may be specimens of copper containing 13.5 atomic per 
cent beryllium were exposed in the ORNL uranium- 

graphite reactor. The energetic particles with which 

a ae rporatio earc we are concerned are the fast neutrons resulting 


Laboratories, Detroit higat fr 4 
rom nuclear fission of the fuel atoms : 

{Presently at Motorola, nc. Research Lal y, [1]. The 
charged particles (protons, beta-particles, alpha- 
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Che ef 
position, 
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L'EFFET DI 
Or vestigu 
forme et la posit 
non précipité. Pe 
vieillissement de 
On i1uSsi COI 
la rétrogradation qui suit le Vici! 
priétés pendant l’irradiation sont attribués a la formation de petits germes dq est 
supposé, que ces germes résultent d’un accroissement de la vitesse de diffusio iii _micro- 
scop jue. par la présence d exces de lac es et d’atomes interstitiels. Cette investigation a révél 
des modificat S rmales de | ensité pendant l’irradiation, qui peuvent étre reproduites par 
I till idiés. Les di t s 1 paramétre de réseau, observées pend t Virradiat ; 2 
éta t ar remme . iees a | ccr ssement de la densité (‘ec Ser it yns soulignent l’importa 1QOGZ 
ON BERYLLIUM IN KUPFER 
Form Lage der Réntgenstrahlreflexionen und die Dichte von einer nach Glithen und Ab- 
recken als feste Lésung vorliegenden Kupfer-Beryllium Legierung untersucht. Die Temperat 
hre er Bestrahl betrug Es ze te sich dass mit Ausnahme der R tgenstrahl 
eflekte eobachteten Veradnder at durch Altern der Legierung bei tiefe Temperature 
he r¢ Ver erunge tspreche Die Erhol ngserschei! ngel I bestrahlter Probe 
entspr ebenfalls der Erhol h Alterung bei tiefer Temperatur. Die Eigenschaftsanderung: 
r¢ Bestrahlung werde die Bildung kleiner Ausscheidungskeime zuriickgefiihrt. Es 
rd angenommen, dass diese Keime die Folge der durch zusitzliche Leerstellen und Zwischen- 
zitteratome hervorgeruf rtlichen Vergrésserung der Diffusionsgeschwindigkeit sind. Di 
Untersuchungen zeigten anomale Dichteveranderungen wahrend der Bestrahlung, die bei der Tief- 
temperaturalterung von Einkristallen reproduziert werden konnten. In kaltbearbeiteten Prob. 
Proben gefunden; dies wurde ebenfalls { — funden, nachdem es 
\bnahmen der Gitterkonstanten hinger Diese 
Versuche zeigen den Wert der Bestrahlungsstudien als HilfsmittelNNMNIntersuchung metallurgischer 
ereche 
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particles, and fission fragments) have a very short 
range in solids as a result of the strong coulomb 
interaction with the lattice ions. On the other hand, 
fast neutrons penetrate through large distances of 
the 
thermal 


the lattice, producing an effect throughout 


volume of the material. The slow (or 
neutrons may also affect the material as a conse- 
quence of transmutations which introduce impurity 


atoms. 


Theory 


The theory developed by Bohr [2] for the inter- 
fast 
been extended to solids by Seitz [1], James [3], and 


action of nucleons with gaseous atoms has 

others [4; 5]. The results of their calculations show 

that incident fast neutrons will knock atoms from 

lattice positions, and that during their recoil move- 

ment these atoms will dissipate recoil energy by: 
1. Excitation of the valance electrons in the 

solid. 
the 


and 


Elastic collisions with other atoms in 
lattice causing additional (secondary 
tertiary) displaced atoms. 

Elastic collisions in which the atom which 
has been struck does not receive sufficient 
energy to be displaced, but is excited to a 
higher vibrational energy condition. 

The term ‘‘knock-on’’ has been used to describe 
the recoiling atoms which receive enough energy to 
be displaced from a normal lattice site. After com- 
ing to rest the knock-on will result in the presence 
of a vacant lattice site and an occupied interstitial 
site which will be referred to as displacements. The 
track of the primary knock-on has been referred to 


as a ‘“‘thermal spike’’ because of the high kinetic 


energy imparted to the atoms in this region. 
The number of interaction events, 0, between the 
bombarding particles and atoms in the lattice pe 
cubic centimeter in a time, ¢, is given by: 
(1) O = Noo, ot 
where Np, is the number of atoms per cubic centi- 
meter, o, is the cross section of the atomic species 
for the event Q, and ¢ is the total neutron path 
length per cubic centimeter per second = cm~*sec™ 
For a copper alloy containing 13.5 atomic per 
cent beryllium, the concentration of transmutations 
(after complete radioactive decay) and of primary 
displacements for an integrated neutron flux (¢¢) of 
10'8 will be approximately 3.16 and 
2.9 X 10-* respectively. (Since the thermal neutron 
flux is not usually the same as the fast neutron flux, 
the exposure times for the two processes will not 
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IRRADIATION 


Chis 


purities and defects is so small that no changes of 


usually be the same.) concentration of im- 


appreciable magnitude should be observed in the 
physical properties. The average distance which a 
fast travels between 3.9 


neutron 
alloy 


displac ements will be 


cm 


for the It is evident th: ribution of 


primary homogeneous 


samples of the size of one centimeter. 


The 


knock-on by a fast neutron is given by 


average energy imparted to 


} 


is the energy of the neutron, m is the mass 
and M is the 
For 2 mev fission neutrons this equation 


360 


where 
of the neutron, mass of the atom. 

clves 
llium 


for the energy f the primary ber. 


and 61 


Key 


knock-ons kev for the primary copper 


knock-ons. These energy values are well above the 
[9 


energy required to displace the atom [2; 6] (approxi- 


1; 


must be 


lattice 


the excess energy 


through the 


mately 30 ev 
the 


Calculations 


pated as atom moves 


based the method developed bi 


Seitz show that most of the energy of the primary 
knock-ons will be di sipated by exCita- 


about 2 or 


the 


] - 
electrons, ince only 


» valence 
ollisions. On 


dissipatec \ IC 


the prim i 


almost all ol the energy ol! 


} lact ir 


OSU eCiastl 


collisions 


secondary knock-ons obt 
copper primaries is 230 ev. 
produce tertiar’ lispli ment for W 


in turn 


can be applied » avera ‘nergy of 
the tertiary knock-ons will ibout 60 ev, which 
is too smal 


| to lead to a continuatio1 f the « hain, 


1 


Che total number of secondary knock-ons cat 


be obtained by dividing the available energy of the 
primary by the average energy of the 


1 


Following Seitz | » will assume that half of the 
lattice 
The available 


secondary knock-ons is 


lost collisions excites 


vibrations rather than knock-ons. 


energy for creation of 
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30 kev, which will produce on the 
Similarly, 


therefore about 


average about 130 secondaries. one can 


calculate the number of tertiaries produced per 
secondary. The resulting estimate of two tertiary 
knock-ons per secondary is probably too high. A 
value of one tertiary per secondary will be assumed. 
Thus there is a total of about 260 knock-ons per 
primary displacement. 

The atomic fra 
0.65 10- 
with 


tion of all displacements will be 
, or 0.065 atomic per cent of vacancies 

quantity of interstitials, for an in- 
These 


interstitials will be introduced 


tegrated flux of cm vacancies and 


in the vicinity of the 
these clusters the con- 


primary knock-on; within 


centration will be higher than is given by the above 


estimate. Since the tertiary knock-ons_ receive 


energies of only about 60 ev, it seems unlikely that 
they could move more than one or two lattice 
The resulting vacancy-interstitial 


ble, 


these defects by 


distances. pair 


nod L 
and there may be a 


should be highly unsta 


rapid recombina- 


tion. 
Th 
ne 


regions associated with primary knock-ons will be 


iveragt distance between the damaged 


primaries X 


ns per cc 


107°, so that L is 


in integrated flux of 10'5 cm 


1 11° 
For copper-be! Villu 
I 


1.2 X 10 


The results of these considerations, 


cm tor 
summarized 
» that the response of the lattice 


lent neutrons will lead to: 


number of 
interstitial pairs. 
A large number of secondary and tertiary 


vacancy-interstitial pairs (distributed in 
random clusters throughout the alloy 
of the 
the dissipation of 


the 


Local thermal excitation lattice 
about 


of 


resulting from 
30 


primary knock-on. 


kev of energy along track the 


The energy loss by the primary beryllium knock- 
The 


energy imparted to the electrons will be rapidly 


ons is mainly due to electronic excitation. 
spread through the lattice by electronic motion and 


will not result in permanent alteration of the metal. 
Previous Studies 
of 


were 


of irradiation 


the general 


The studies neutron 


metals 
those of Billington and Siegal [7] who observed 


earliest 


described in literature 
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hardness and resistivity changes in several metals 
and alloys as the result of neutron irradiation. 


TABLE I 


CHARACTERISTICS OF 2 MEV NEUTRONS 
13.5 ATomic PER 


INTEGRATED FLUX = 


INTERACTION WITH 


BERYLLIUM IN 


10'8 cm~?) 


LATTICE IONS IN CENT 


COPPER 


3.16 X 1076 
6.0 1078 
0.93 10 


Atomic fraction transmutation impuritie 


Atomic fraction primary displacements 


Neutron 


1 
displacements 


me iree path betwee! primary 

1.63 cm 
61 
360 key 
230 ev 


Average energy of prin displacements Cu kev 
Be 
of secondary knock-ons 


of tertiary kr 


Average energy 


10ck-ons 60 ev 


Aver ige energ 
Average number of secondaries 
primary* 130 
Total 
primary” 
Atomic per cent 


stitials* 


260 


0.15 
1.2 cm 


Average distance between damage regions 


*From copper primary knock-ons only. 


They found that the increase of hardness and 
electrical resistivity of a solution annealed copper- 
beryllium alloy during neutron irradiation were 
much greater than in the case of pure metals or 
stable alloys. The effects were attributed to the 
presence of vacancies and interstitials introduced 
by the irradiation. 


As will be seen from the phase diagram (Figure 1), 


FIGURE 1. Equilibrium diagram for copper-beryllium sys- 
tem (after Filnow and Mack, Journal of Metals, October, 
1950, p. 1230). 


the 13.5 atomic per cent beryllium alloy which they 
used exceeds the solubility of beryllium in copper 
at low temperatures. By quenching from 820°C, 


Be 
195% 
1. A small number of transmutation impuri- 
ties. 
9 


AND | 


most of the excess beryllium is retained in a super- 
saturated solid solution. With time, this solution 
decomposes to form a precipitate of the gamma- 
phase in the copper-rich matrix. At temperatures 
below 40°C, the rate of precipitation is so slow that 
no changes are observed over a long period of time. 
The formation of precipitate nuclei during aging at 
higher temperatures is known to be accompanied 
by [8]: 
1. Increase in hardness. 

resistivity for short 


Increase in electrical 


aging periods at low temperatures. 


3. Decrease in electrical resistivity at high 
temperatures or long periods at low tem- 
peratures. 

Billing- 


solution-annealed 


The differences which were observed by 
ton Siegal the 
copper-beryllium alloy and other metals are of the 


and between 
correct sign and magnitude to be accounted for by 
the the 
beryllium alloy during the irradiation. This hypo- 


formation of small nuclei in copper- 
thesis is in contradiction to the tentative conclu- 
sions of Billington and Siegel, who did not consider 
the effect of 


changes. 


aging conditions on the resistivity 


Experimental Methods 


Two lines of attack were followed in the present 
investigation in order to investigate the possibility 
of irradiation-induced nucleation. First, the pro- 
perty changes accompanying the neutron irradia- 
tion of a supersaturated solid solution of copper- 
beryllium were compared with the changes occur- 
alloy. A 
correspondence was found between irradiation and 
Secondly, 


the irradiation-induced changes in copper-beryl- 


ring during normal aging of this so0od 


low-temperature aging. the stability of 


lium at elevated temperatures was compared with 
the stability of changes resulting from normal low- 
temperature nucleation. The results of these experi- 


ments also showed a correspondence between 


irradiation and low-temperature aging. 
The alloys used and their composition are given 
in Table II. The copper-beryllium alloy was part 


of the special binary alloy obtained from the 


Beryllium Corporation by Billington and Siegel. 
The beryllium content of this alloy exceeded the 
solubility of beryllium in copper at the solution 
small 

the 


the 


annealing temperature; consequently, a 


amount of the beta-phase was retained 


solution-annealed specimens. Material for 


preparation of single crystals was obtained by 


remelting the original alloy in vacuum with suff- 
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cient copper added to produ ea single phase alloy 
Single 


11.4 atomic per cent beryllium crystals 


were grown by the Bridgman method. The unsa 
solution alloys Cu-Zn, Cu-Ge, Cu-Ga, 


ated solid 


and Cu-As were melted under argon atmosphere. 


Borax flux was used to prevent vaporization of 
Che Cu-Sn, ¢ and Cu-Si 
alloys were generously provided by O. T. Marzke 
of the Naval Research | 

Electrical 
on a Kelvin double bridge or by a potentiometric 


0.32 


the 


alloying element. ‘u-Mn, 


iboratory. 


resistivity measurements made 


using round rods cm in diameter 


method, 


and 6.3 cm long for specimens. In the potentio- 


rABLE I] 


measul 
of 64 seconds. 

the number of counts ol 
was used for the intensit 


The intensity was measu! 


MURRAY NE 
Dias 
er ¢ 
\ if ti t 
Be (polyct é 9 9 Ry 
( Be { Q¢ 
Cy-Z 119 
( Ga 1 407 ( 
Cu-Ge 1 6% Ge 
Cu-As \s 
Cu-S 19 ¢ 
QCA 
Cu-M 20. \ 
metric dd, the volt ie drop acri me ‘ mple 
was compared ith the voltage ross a 
standard resistance in ries with the n. 
Voltages were measured with a Leeds Nor- 
thrup type K2 potentiometer. The reproducibility 
ol measurements U.10 per ce tor the 
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vals through the intense region of the diffracted 
lhe line position, defined as the mid-point 
ilf-height, was reproducible to within —0.01°. 


Copper-beryllium samples were annealed in 


vacuum at 820°C for one hour and quenched in 


water to retain the supersaturated solution as a 


metastable state. For purposes of comparison, 
samples were prepared from the same stock and 
solution treated together in order to eliminate any 
possible differences between samples which might 
result from variations in temperature or quenching 
rate. 

All aging experiments conducted at temperatures 
higher than 200°C were carried out in a constant 
50% KNO:;, 50% NaNO; 
salt bath. For aging experiments conducted below 
200°C 
ployed. Temperatures of aging baths were held to 
+ 1% 


temperature nitrate 


a constant temperature oil bath was em- 


Specimens were irradiated by inserting them in 
the Oak Ridge Uranium-graphite reactor. The fast 
neutron flux was estimated to be 1 X 10'® cm~’sec™. 
The thermal neutron 
0.4 10" sec 
in aluminum carriers which were cooled by the 
the 
measurements indicated that the sample tempera- 


flux was estimated to be 


[he samples were contained 
cooling system of reactor. Thermocouple 
ture varied between 0°C and 40°C, depending on 
the ambient atmospheric temperature. 


Comparison of Irradiation and Low-tempera- 
ture Aging 


irradiation on the resistance and 


a number of alloys and the effect of 
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aging at low temperature on the copper-beryllium 
alloy are given in Table III. 

The increase in electrical resistivity of the copper- 
beryllium alloy as a function of integrated flux is 


shown in Figure 2. The increase appears to approach 


FIGURE 2. Change of resistivity of solution annealed 


copper-beryllium during neutron irradiation. 


an upper limit at an integrated fluxof3 & 10'%cm-?. 
This may be a saturation value or a true maximum 
in the curve. The behavior described by this curve 
was found to apply to both single-crystal and poly- 
crystal samples, indicating that the irradiation 
effect is not associated with grain boundary 
phenomena. 

Resistivity changes during aging of polycrystals 
at various temperatures are shown in Figure 3. 


The comparison of the curves for irradiation and 


TABLE III 


bo 


oO 


KK KK KK KK KK OK OX 


bo 
or 


u "4 
The effect of 
Alloy 
hardness hardness AH Resistance | Resistance AR Fast flux 

before after before after 
( Z 13] 130.7 0.23 1.5 10'8 

48.9 73.4 24.3 
Cu-G 313.6 0.13 5 1018 

78.6 21.8 5 
Cu-Ge 737.5 737.9 +0.10 

64.6 80.2 15.6 5 10'8 
Cu-As 135.4 135.6 +0.15 10'8 

77.4 95 18.1] ; 10'8 
Cu-S 5.1% 68.3 86. | 17.9 364.4 364.0 —0.08 10'* 
Cu-S 10% 86.4 96 10 681.5 681.8 +0.04 1Q'8 
Cu-Mn (109% 69.2 81 12.2 135.5 135.0 —0.37 1018 
Cu-Mn (20% 91.2 103. 12.0 311.8 311.5 —0.10 10'8 
Cu 40.8 56 15.7 116.3 116.5 +0.17 ‘ 10'8 
Cu-Be 98 145 47 168.4 520.3 +11.1 " 10'8 
Cu-Be (Single 278 306.6 +10.3 1018 

crystal 

Cu-Be 11] 139 28 467 .6 513.1 9.5 
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aging of polycrystals and single crystals is shown 
in Figure 4. 

Billington and Siegel [7] reported that the mag- 
nitude of the resistance change due to irradiation 
was reduced by cold-working the solution-annealed 
specimens prior to the irradiation. This observation 


was verified. For an,exposure of 2.5 X , cnr, 


> 


FIGURE 3. Resistivity changes during aging 
beryllium at temperatures below 300°C 


the specimens which had _ been 


solution-annealed and cold-swaged to a 50 per cent 


resistivity of 


reduction of area increased 0.20 micro-ohm centi- 


meters or 1.7 per cent whereas the resistivity of 


specimens which had been only solution-annealed 
increased by 1.31 micro-ohm centimeters, or 13 per 


cent. A similar retardation was observed in the 


FIGURE 4. Resistivity changes in copper-beryllium during 
PI 


irradiation and during aging at 75°C 
case of cold-worked samples which were aged at 
75°C. 


worked 


Polycrystal samples which had been cold- 
(50% R.A.) by 
annealing appeared to age more slowly than speci- 
had Che 
resistivity changes during aging two 


swaging after solution 


mens’ which been solution-annealed. 


for these 
conditions are compared in Figure 5. 

It was found that the shape of the (331) X-ray 
line was altered considerably, with a shift of the 


line to larger Bragg angles as a result of irradiation. 


before and after 


The 


irradiation are compared in Figure 6. The amount 


line shape and _ position 


of shift as a function of the integrated flux is 


ot ypper-bery 


shown in Figure 7. A corresponding shift was 
found for other lines. Specimen filings were aged 


at 125°C 


duced on solid polycrystalline specimens an 


for 122 hours, a treat which pro- 


increase 


FIGURI 
from neutror 


resulting 
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in resistivity of the order of 15% and a hardness 
100 DPH 
This treatment produced no effect on the (331) line 


increase of approximately numbers. 


shape or position. During aging at higher tempera- 


tures, the diffraction lines broaden and decrease in 
intensity as new lines appear at a smaller diffrac- 


tion angle for the alpha-phase, and at a larger 


diffraction angle for the gamma-(precipitate) 
phase [9]. 

Density measurements were made by the im- 
mersion method on two copper-beryvllium rods 
approximately 0.64 cm in diameter and 5.1 cm long. 
One 


neutron 


specimen was an integrated 


the 


standard. Using the stan- 


exposed to 


flux of 3.8 X cm and other 
specimen retained as a 
dard to correct for temperature changes, an increase 
in density of 0.18% was measured for the irradiated 
specimen. An increase of 0.19% in density is to be 
expected on the basis of the lattice parameter 
change for an exposure of 3.9 X 10'§ cm-*. The 
density change to be expected during precipitation 
in copper-beryllium is in the direction of a decrease. 
Such decreases have been observed at high aging 
solution-annealed 


125°C 


temperatures [10]. Aging of 


polycrystal samples for 25 hours at 
a single crystal at 200°C for 6 hours caused 


anomalous increase in density of 0.26%. 


Retrogression Experiments 


Several experiments were conducted to deter- 


mine the effec irradiation on the subsequent 


aging of the copper-beryllium alloy. It was observed 
that recovery process appeared as the aging 


of the 
effects were rapidly removed, part remained and 


temperature increased; part irradiation 


affected the course of the precipitation reaction. At 


sufficiently high temperatures, complete recovery 


of the irradiation effects occurred and the precipi- 
tation followed a course which showed no effect of 
the irradiation. A similar recovery process occurred 
in sper imens which | 


These 


explained as the result of retrogression, or redissolv- 


id been aged at low tempera- 
tures. observations can be most readily 
ing of precipitate particles which are too small to be 
stable at the higher temperatures. The observations 
and explanation correspond to the retrogression 
Masing [11] in aluminum- 


phenomena observed by 
had 


copper specimens been aged at low 
temperatures. 

The subsequent aging behavior at 300°C and at 
325°C 


trical 


of irradiated samples as measured by elec- 


unirradiated 


with 


resistivity is compared 


standard specimens in Figures 8 and 9. The major 
the irradiated 
specimens and non-irradiated standards are (1) 


differences between the behavior of 


rapid partial recovery of the irradiation effect, and 
(2) accelerated aging of the irradiated specimens. 
Partial recovery of the irradiation effect was ob- 
tained at temperatures as law as 175°C. 
The effect of low-temperature aging (125°C) on 
subsequent aging at a higher temperature (325°C) 
is shown in Figure 10. Here there was also observed 


a rapid recovery of the resistivity increase caused 


FIGURE §8. 
300°( 


Resistivity measurement of retrogression at 
1 copper-beryllium nucleated by neutron irradiation. 


ol retrogression at 


neutron irradiation. 


x 


TIME (sec 


FIGURE 10. Resisitivity measurement of retrogression at 
29 


325°C in copper-beryllium nucleated by aging at 125°C. 
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by the prior aging, together with accelerated aging 
at a later stage. The subsequent aging behavior 
at 375°C of an irradiated specimen and a specimen 
aged at a low temperature (125°C) are shown in 
Figure 11. In both cases the rapid recovery occurred, 
but the accelerated aging which was observed at 
325°C is absent. 


measuremel 


ryllium 


FIGURE 11] Resistivity 
(complete) at 375°C in copper-be 
irradiation and by i 


in the 


solution-annealed condition and subsequently aged 


Hardness specimens irradiated 


with a corresponding standard at 300°C and at 
325°C 
ture 

complete recovery, whereas no apparent recovery 
occurred at 300°C. The 


(Figures 12 and 13). At the higher tempera- 


the irradiated specimen exhibited almost 


Irradiated 


ogress! 


FIGURE 12. Irement of retr 
at 300°C in copper-beryllium nucleated by neutr 


H rd ess meas 
sent 
irradiation. 
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parently aged at a more rapid rate than the 


corresponding standards at both temperatures. 


The subsequent aging at 325°C of a specimen 


which had been previously aged at 125°C 
in Figure 14. Practically no recovery occurred a 
325°C. An accelerated aging rate resulted as in the 


is shown 


case of the irradiated specimens. The subsequent 


wing at 375°C of an irradiated specimen and a 


CS 


nen aged al 
a standard in Fig 
complete recover\ oct 
samples, and the aging 
Solution-annealed filing vere irradiated and 


4 
subjec tea to 


short periods of aging at 300°C 


simultaneously with solution-an- 
nealed filings. After 30 seconds at 300°C no change 


] 
non-irradiated 
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in the line shape or position was observed in either 
the irradiated or the standard specimens. Another 
set of specimens, standard and irradiated, was held 
at 350°C for 


tions of the 


30 seconds. The line shape and posi- 
standard remained unchanged, but 


FIGURE 15. Hardness measurement of retrogression 
plete) at 375°C copper-beryllium nucleated by 


irradiation and by aging at 100°C. 


com- 


neutron 


approximatly 75 per cent recovery was observed 
for the line shape and position of the irradiated 
filings (Figure 16). 


FicureE 16. | Effect of retrogression at 350° on the shape and 
position of the (331) line of irradiated copper-beryllium (in- 
tegrated flux of 2.56 X 10!8/cm?). 


Discussion 
The effects of irradiation in nuclear reactors on 
the properties of supersaturated solutions of beryl- 
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lium in copper were found to be in agreement with 
the results of Billington and Siegel [7]. Because of a 
more extensive investigation of the effects of low- 
temperature aging, it is possible to explain the 
effects of irradiation in a different way. Billington 
and Siegel [7] rejected the hypothesis that the pre- 
cipitation process was partially responsible for the 
observed effects because of (1) the increase of 
resistance during irradiation, and (2) the smallness 
of the irradiation effects in cold-worked samples. 
Both of these observations are in opposition to the 
the heat- 


temperatures. 


usual commercial 


The 


low-temperature aging remove these objections, 


effects of aging at 
treatment data obtained for 
since it was found that both of these abnormalities 
occur during the initial stages of precipitation 
occurring at temperatures in the range of 100°C or 
lower. The possibility of precipitation effects asso- 
ciated with irradiation must therefore be recon- 
sidered. 

Although the changes in hardness and resistivity 
due to irradiation can be explained by precipitate 
nucleation, a new difficulty is introduced by the 
shift of the X-ray diffraction line. This is difficult 
to explain on the basis of induced precipitation for 
two reasons: 

1. The shift is anomalous; i.e., depletion of the 
parent solution should expand the lattice. 
This would be accompanied by a broaden- 

of the X-ray 


a shift in the opposite direction 


diffraction line, and 
possibly 
from that observed. 

Such an effect on the X-ray line as that 
obtained during irradiation could not be 
obtained by aging at low temperatures, as 
was the case for hardness and resistivity. 
difficulties encountered when 


The 


attempting to explain the increase in density due 


same are 
to irradiation on the basis of induced nucleation of 
the precipitate. The agreement between the den- 
sity increase calculated from the line shift and the 
measured density increase resulting from irradia- 
tion suggests that these two phenomena are related. 

It may be assumed that such properties as X-ray 
diffraction and density, which depend on the bulk 
of the material, will not be affected appreciably by 
nuclei concentrated at the grain boundaries. The 
density change and shift of diffraction angle during 
irradiation occurred under conditions where there 
The 
nuclei distribution in the single crystal aged at 
200°C was probably relatively homogeneous. On 
the other hand, in the filings and polycrystalline 


was a homogeneous distribution of nuclei. 
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density sample, the nuclei obtained during aging at 
125°C were almost certainly clustered at the grain 
boundaries. Since the retrogression of irradiation- 
induced line shift corresponds temperaturewise to 
the hardness retrogression, it is probable that the 
line shift and density increase resulted from the 
coherent strains of relatively homogeneously dis- 
persed precipitate nuclei. 

The effects of irradiation on copper-beryllium 
which were not observed in stable alloys and pure 
copper support the hypothesis that during irradi- 
ation precipitate particles are formed. The corre- 
spondence obtained between irradiation and low- 
temperature aging indicate that the nuclei formed 
during irradiation resemble those which form at 
about 100°C. 

On the basis that the nature of the precipitate 
nuclei induced by irradiation resemble those which 
form at low-aging temperatures there should be a 
similarity in the stability of the nuclei formed 
under these two conditions. This should appear as a 
similarity of retrogression phenomena in samples 
nucleated by the two methods. Such an agreement 
was found. The occurrence of retrogression corre- 
sponded in such details as the resolution between 
particle sizes which cause resistivity increase and 
hardness increase. This resolution of particle sizes 
results from the almost 
resistivity at 300°C as contrasted to the complete 


complete recovery of 
absence of recovery of hardness at this same tem- 
perature. 

A more complete description of the retrogression 
is given by the ratio of the amount of recovery, 
AP’, of the physical property, P, to the original 
change of the property, AP, during irradiation or 
low temperature aging. The retrogression ratio is 
plotted as a function of temperature in Figure 17. 
Although there is considerable scatter of the data, 
the points for resistivity and hardness fall into well- 


defined scatter bands which are resolved for the two 


FiGuRE 17. Retrogression of copper-beryllium as mea 
bv hardness and resistivity. 
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properties. It may therefore be concluded that the 


particles responsible for the resistivity increase 


differ from those responsible for hardening. 


(Figures 11 


15) 


do not show the accelerated aging which occurs for 


The aging curves at 375°C and 


the nucleated samples at 300°C and at 325°C. The 
acceleration at the lower temperatures should occur 
if all of the nuclei are not dissolved. The absence of 
acceleration 375°C. indicates that all the 
nuclei have been removed at this temper: 

prec ipitate 


established. 


[The mechanism of formation of 
nuclei during irradiation is not clearly 
Presumably the rate of diffusion is accelerated on a 
microscale by the presence ol excess vacancies ind 
interstitials resulting from the displacements « reated 
the 


formation as a result of lattice excitation (thermal 


during irradiation. The possibility of nuclei 
spikes) cannot be discounted.* 

The experiments described indicate that nuclei 
which form as a result of irradiation or aging at low 
temperatures affect the properties of the material 
in different ways than do the nuclei which form at 
higher temperatures. The difference is presumably 
related to the smaller size of nuclei which are stable 
at lower temperatures, although there may also bea 
difference in orientation, shape, or structure [13]. 
Very large resistan¢ e in reases have been observed 
to be associated with low-temperature nuclei in the 
copper-beryllium alloy. Retrogression experiments 
indicate that this effect is not related to the coher- 
lattice Che 


mechanism of the resistance mav be 


ent strains which cause hardening. 


increase here 


the coherent scattering of electrons suggested by 


Mott [14] 


a number of 


Summary 


Comparison of the effects of irradiat 


aging suggest the possibility of precipitate nucle 


tion induced by fast neutron irradiation. The retro- 


gression phenomenon provides convincing evidence 
for the presence of precipitate nuclei in the irradi- 


ated specimens. The results of both types of experi- 


ments indicate a similarity between irradiation 
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induced nuclei and those which naturally form at 
low aging temperatures. 
In addition to indicating the existence of pre- 


cipitate nuclei resulting from neutron irradiation, 


these experiments have shown: 

1. In copper-beryllium very large increases in 
electrical resistivity can be obtained by 
irradiation or by aging at sufficiently low 

temperatures. 
The that 
resistivity in copper-beryllium are not the 


nuclei produce an increase in 
same as those that cause hardness increases. 
Cold 


aged at low temperatures show a slower rate 


worked copper-beryllium samples 
of resistivity change than annealed samples. 
Copper-beryllium exhibits anomalous lat- 
tice parameter and density changes when 
nuclei which form at low temperatures are 
through the 


homogeneously distributed 


lattice. 
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ORDER-DISORDER IN Cu-Au ALLOYS 
II. THE NATURE OF THE ORDER-DISORDER TRANSFORMATION 
AND LONG-RANGE ORDER* 


FRANK E. JAUMOT, JR. 
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Introduction 


The majority of the experimental work on order- 
disorder in Cu-Au alloys has been made on the 


stoichiometric alloys Cu;Au and CuAu, and has 


indicated that the transformation in the neighbour- 
hood of Cu;Au is a homogeneous one. Thus, one 
would expect a reversible transformation with a 
precipitous drop at the critical temperature, 7, in 
the degree of order present. Evidence has been 
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given in support of these phenomena in the alloy 
Cu;Au [1] 


been based on t 


and much of the theoretical work has 


he premise of a homogeneous phase 
transformation. 

More recently, arguments have been advanced 
Nix and 
Shockley [1] that the transformation could reason- 


ably be 


with 


supporting the suggestion first made by 


a classical or heterogeneous phase change 


ordered and disordered phases present in 


equilibrium at a given temperature. Evidence has 
ype of phase change 
and somewhat less convin« 


Cu-Au 


been given in support of thi 
for the alloy Co-Pt [2], 
evidence [3;4] has been given for t 


ing he 


system. 
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It is interesting to consider why the nature of 
order-disorder transformation has never been 


demonstrated. If the 


the 


definitely, ordering reaction 
were a heterogeneous one, occurring by nucleation 
phase 


the lume of the ordered 


the 


nd growth, 


would gradually increase at expense of the 


disordered phase, equilibrium diagram 


would show the ordered phase separated from the 


disordered phase by a two-phase region. There are 
two possible reasons why this situation may have 
gone undetected although recognized as possible. 
In the Cu-Au system, the low critical temperatures 
result in a low diffusion rate at low ordering tem- 
peratures, and thus a low rate of growth combined 
with a high nucleation rate. Without highly refined 


techniques, conventional X-ray patterns may not 


detect the resulting finely dispersed areas of order 


and disorder. Secondly, most of the work has been 
attempted close to the stoichiometric composition 


of the ordered region, since only then are the various 
theories of ordering applicable. In this region one 
would expect a two-phase region, if present, to be 
detection. 
Cu-Au 
anomalous 


critical 


quite narrow and hence likely to escape 


It has been shown [5; 6] that alloys of 


near the composition Cu;Au exhibit an 


thermal expansion near the 


in the | 


temperature. This may be explained either as an 
increase in cell size with a decrease in order, or if 


explained on the 


ses be present, 1t may be 
the disordered phase. SJ kes 


mn that disordered samples 


size than 


ordered samples a fundamental X- 
ray reflection from a sample containing both the 
ordered and disordered phases would appear as a 


relative intensities of the two 
-asure of the amount of 

each phase present. Tl 


carelul measur! 


1us it would appear that very 


ements on a high angle fundamental 
X-ray reflection, made at temperature, should give 
concrete evidence as to the nature of the order- 
disorder transformation. 

However, the situation is not entirely favorable. 
Assuming for the moment that one has an ideal 
classical phase ( hange, it is interesting to ask what 
one should expect to find regarding the positions of 
the portions of the 


due to the two pnases, 


split fundamental reflection 
at different compositions. 
The maximum separation of the lines due to ordered 
and disordered phases will occur at 25 atomic per 
cent gold, which would make resolution of the two 
lines easier than for any other composition. How- 
over which one could 


ever, the temperature range 
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detect the two phases in equilibrium is theoretically 
zero (along BB’ in Figure 1) at the stoichiometric 
composition. Thus, a study of the nature of the 
transformation using samples containing 25 atomic 
per cent gold is almost certain to produce a dis- 
continuity in line position and lead one to believe 
the transformation to be homogeneous. 

At compositions above or below stoichiometric, 
one would expect a considerably wider temperature 
range (along AA’ or CC’ in Figure 1) in which the 


oc 


25 


Atomic percent Au > 


il I storma ) 


Ide lized classical hase tra 


yhases coexist. At the same time, in these regions 
g 


one has an insufficiency of one of the constituents 
so that one would expect the line positions of the 
ordered and disordered phases to be less widely 
separated and consequently resolution of the lines 


should be more difficult. 


The Experiment 

Single crystals of alloys containing 15.5, 20.25, 
23.45, 23.25, 30.4. and 34.2 atomic per cent gold 
hereafter referred to as 15, 20, 23, 28, 30, and 34 
per cent samples) were grown in a furnace designed 
by Nix [8]. Samples } inch in diameter and } inch 
thick were cut from these crystals and oriented with 
crystal faces parallel to the (1,0,0) planes. These 
samples were polished and electrolytically etched 
in a 5 per cent solution of potassium cyanide. They 
were then annealed and ordered using the following 
procedures: 48 hours at 875°C, 24 hours at 600°C, 
24 hours at 400°C, 200 hours at 360°C, 300 hours 
at 300°C, slowly cooled to 200°C and held there for 
72 hours, followed by slow cooling to room tem- 
perature. After annealing and ordering the samples 
were again etched and checked for orientation. 

The first set of measurements were made with 


= 
B 
A | ¢ 
/ 
[A 
| % 
| | 
' i 
two pl 
basis of 
of Cu;Au have a substantially larger cell 7/ 


JAUMOT 
the samples mounted in the furnace described in 
Part B of this paper, using CuK, radiation mono- 
chromated by a bent quartz crystal monochromator 
and collimated by a series of “‘home-made’’ slits. 
These slits did not employ the principle of Soller 
slits. Consequently, we found that the narrowest 
line width obtainable was approximately 10 min- 
utes in 26 

Inasmuch as the first set of experiments indi- 
cated that the fundamental reflections were split, 
but were not resolved, it was decided that higher 
resolution would have to be achieved. To this end, 
Soller slits* of the following specifications were 
diver- 
0.02° 
divergence. The combination of the extreme colli- 
the foil 
reduced the intensity of the monochromatic beam 


used: beam slit, high resolution Soller, 0.4° 
gence; detector slits; high resolution Soller, 


mation and the absorption by nickel 
to a point below the maximum efficiency of the 
Geiger counter used for detection. Thus we were 
forced in the second set of measurements to use 
continuous radiation. However, it was found that 
the resolution of the a-doublet was even better, 
due to the improved slit arrangement, than that 
found using the monochromatic radiation. Since 
the measurements were being repeated anyway, 
and since the preliminary work indicated results of 
great interest, it was decided to no longer rely on the 
rotational alignment being kept exact by a fitted 
pin. Consequently, in spite of the advantage of 
studying six samples essentially simultaneously, it 


was decided to use the furnace-sample holder and 


) 


mount shown in Figure 2, and study the samples 


one at a time. 


A 
A) HOLE FOR z 
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FIGURE 2. Fu 
diffraction line position as < 

The temperature of the furnace was controlled by 
a Chromel-Alumel thermocouple placed near the 
furnace windings. The thermocouple potential was 
balanced against a reference potential using a Brown 


Franklin Institute, La ra- 


Philadelphia, Pa 


*Kindly loaned to us by The 


tories for Research and Development, 
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voitage p 


| he 


the bias voltage for the 


Converter amplified difference 


vided electronic control 


circuit used. This control circuit supplied a differ- 


ential current to the furnace using an imped ince 


reflection principle. The temperature in the furnace 
luctu- 


was controlled to an amazing degree. The 


the temperature in did not 


itions in 
£0.05 ® 


most cases 


ex( eed 
It is 


over periods as long as 12 hours. 


not intended to that the temperature 


of the sample surface known to 0.05°C, since 


the temperature was measured at the the 


sample and the cradient was undetermir 


Results 


The angular position of the (4,0,0) fundamental 


reflection was used throughout as a means of study- 


ing the nature of the order-disorder transformation. 


peak position were taken 


The measurements of the | 


the using a Leeds and 


intensities 


by recording 
Northrt 


I 
crystal through the Bragg angle 


» Speedomax Recorder while turning the 
at the rate of 0.1 
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chronously at at in 20 per minute 


accuracy Ol 


, it is probable that absol 


not attained, particularl 


f fine, widel 


able | 


-dispe 


fives a ti 


FI ( 65 
0.02" in 26 
T 1 1 11 1 4 11 
| neating progral ( owed Was e@SS@I 
neat he 1 well-ordere Sample tft 
| ] | 4 
used for equilibrium was that the li position 
] } ] i¢ + 
snoulad not cli nge, or ( ( ( | 
ee = diminish, within a period of at least 12 hours. Even 
SPECIMEN HOLDER times 
~ NICKEL FOIL 
HEATING COIL-C { 
ASBESTOS 
FOR HYOROGEN INLET 2 
yA 
Sf 
} 
920 75 19 24 
IR the) 24 
10) 1X? 24 


ACTA METALLURGICA, VOL. 2, 1954 


Figures 3a through 3f show the curves of line cated. Also listed in the figures are the half-widths 


position of the (4,0,0) fundamental reflection as a_ of the lines below, approximately at, and above the 


function of temperature for the composition indi- so-called critical temperature. 


FIGURE 3. (4,0,0) Line position as a function of temperature 
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Figures 4a through 4d show line shapes for these 
lines for temperatures below, in, and above the 
critical region. These lines are direct tracings of the 
recorder chart. 
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$,0,0,) Line sh 
28% sampl 
minutes 1! 


Discussion of Results 


Che 15 per cent sample gave relatively uninterest- 
ing results. The points can be fitted to one straight 
line at the lower temperatures and to another 
slightly difterent slope at the 
These two straight lines can 


be joined smoothly by a line having a slight curva- 


straight line with 


higher temperatures. 
| 


ture. The curved region of the plot of the line 


position versus temperature extends from approxi- 
l 


290°C to 360°C. 


mately Chus, marked effect 


on line position due to ordering was detected for the 
iltthough 


super- 


> 
B of 


15 per cent sample 


ture maximum was detected 
this paper 


Generalizing, t 
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transformatiol heteroge 


rather than a Chis cor 


iction pe. igul ic, d). The ise olf the 
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trary, in Figures 3d through 3f, the curves are 
shown as dotted lines to a considerable extent in 
the critical regions, since they depend on positions 
taken from the recorder chart for peaks that were 
not clearly resolved (see Figures 4c, d). The upper 
dashed line in all plots of angle versus temperature 
is an extrapolation of the straight line portion of 
the curve in the ordered region, and the distance 
between this line and the disordered line is the 
maximum angular separation in 26, one could ex- 
pect between the peaks (this value is given in 
hundredths of a degree on the plots). 

Figures 4c and 4d clearly indicate the manner 
in which the second phase becomes evident. First, 
an asymmetry appears on the low-angle side of the 
line and increases with increasing temperature in 
such a way that it can be regarded only as another 
peak. At still higher temperatures the line becomes 
quite broad and relatively flat at the peak (see 
Figure 4c), and finally the asymmetry appears on 
the high angle side of the line. We believe that this 
behaviour can be interpreted only in terms of a two 
phase transformation. It must be admitted that we 
obtained apparently resolved peaks of approxi- 
mately equal magnitudes only for the 28 per cent 


sample, but this is presumably due to the small 


separation of the peaks, and the practical limit on 
the size of the temperature increments. For ex- 
ample, at the temperature at which one would 
hope to get the two peaks with equal intensity for 
the 34 per cent sample, the peak separation is less 
than 6 minutes in 26 and the half-width of the K, 
line at temperatures in this region is greater than 
12 minutes. Thus, complete resolution is not phy- 
sically possible and the combined peaks appear 
simply as a considerably broadened line. 

The half-widths of the lines themselves provide 
strengthening for the contention of two phases. 
The half-width the 34 per cent 


sample (Figure 4d) for example, was 7.2’ in 26 at 


of the line for 
room temperature, and only 7.8’ at 352°C. How- 
ever, in the critical region the line broadened con- 
siderably with a maximum half-width of more than 
12 minutes. This broadening began as much as 
10 degrees beiow the first real indications of asym- 
metry. It is important to note that the intensity 
fd is logarithmic, in 
the half- 


scale in Figures 4a through 


order to get a proper perspective of 
intensity measurements. 


The valley between the K, 


tion of the presence of two phases. 


, and K,, peaks gives 
still a third indica 
Incidentally, no implication is intended that the 
unrelated.) At 


and below the critical region, 


three indications mentioned are 


temperatures above 
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this valley is deep and symmetric. In the critical 
region the valley becomes relatively shallow and 
takes on an asymmetry compatible with that 
described for the K,, peak. This is clearly shown 
in the 3rd, 4th, and 5th illustrations in Figure 4d. 
There is one unusual feature of the line positions. 
Assuming two phases, the evidence is that from the 
initial inception (as nearly as we can guess the 
positions of the peaks from the asymmetries) the 
change in line position with temperature is linear 
for the disordered phase, but the curve of line 
position versus temperature for the ordered region 
shows a marked concave curvature, beginning in 
fact, at temperatures below those at which the 
asymmetry is first apparent. This is demonstrated 
in the curves of line position versus temperature. 
The samples containing less than 25 per cent gold 
(copper-rich) present an altogether different picture 
than the illustrated in 
Figures 4a and 4), none of the three points men- 


gold-rich samples. As 
tioned above as evidence for a two-phase system is 
clearly observed for the copper-rich samples. There 
does seem to be a slight broadening of the diffrac- 
tion peaks in the critical region. In fact, the curves 
show that the half-maximum widths of these lines 
have their greatest values in the critical region. 
However, the broadening is so slight that it can 
No definite 
asymmetry was observed in the peak of any copper- 


hardly be regarded as anomalous. 


rich sample, and the peak positions were relatively 
definite throughout (as contrasted to the wide, 
irregular peaks described above). The curve of peak 
position versus temperature can be drawn as a 
smooth curve joining the more or less linear por- 
tions of the ordered and disordered phases. Thus, 
based on the evidence at hand it would be very 
difficult to state that the transformation is hetero- 


geneous for samples containing less than 25 


per 
cent gold. 

There is a possibility that the transformation 
on the copper-rich side of Cu;Au is a heterogeneous 
one, with the failure to detect the two phases being 
due primarily to the difference in size of the two 
atoms. The combination of circumstances which 
make the detection of two phases difficult in this 
region can be seen more clearly by referring to 
Figure 1. 

Consider the disordered composition D, which 
when cooled to a certain temperature separates 
into the two phases with compositions D’ and D”. 
D’, the disordered phase, is relatively poorer in gold 
and thus has a smaller cell size than composition D. 
D”, although ordered and consequently reduced in 


cell size from a disordered alloy of composition D”, 
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is rich in gold compared to D and thus is relatively 
larger. It is possible that these conditions combine 
to cause a near superposition of the peaks so that 
two phases, if present, are not detected by the 
present method. 

A sort of “‘inverse’’ reasoning applies in the gold- 
rich side of CusAu so that there the condition is 
more favorable for detection of two phases than 
might be expected if both atoms were.of the same 
size. 

Summarizing, the most we can say of the trans- 
formation on the copper-rich side is that if it be 
two phase, the two-phase region must span a narrow 
composition range. 

It is impossible to state that one has demonstrated 
an equilibrium process in an experiment such as the 
present one if the desired temperatures are ap- 
proached only from one direction. All the work 
discussed to this point was done by heating well- 
ordered samples. This method was used because 
equilibrium is reached much more quickly on heat- 
ing than on cooling. 

In order to determine whether or not we were 
dealing with an equilibrium phenomena, the 28 per 
cent sample was repeated, using a cooling tech- 
nique. The results are shown in Figure 5. The 


sample was heated to 422°C and held at that 
temperature for 48 hours. It was then cooled to 


Intensity 


Log 


T= 24°C 
(quenched 


from 422 


FiGuRE 5. (4,0,0 Line shapes of 28% sample for decreas 


temperatures. 
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approximately 380°C and held at that temperature 
for 21 days. No effect on the line, other than a slight 
broadening, was noted until the sample had been at 
temperature for over ten days. After 15 days it was 
clearly evident that the initial results were repro- 
ducible. This long “incubation” period supports 
the evidence found by other workers [4] studying 
electrical resistivity. 

[t is both interesting and surprising that on 
cooling to lower temperatures (in 2 or 3°C inter- 
vals) the equilibrium was much faster. In fact, the 
sample was held at no temperature (other than 
380°C) for more than 200 hrs. In spite of this, the 
stages in the transformation are clearly indicated 
as illustrated in Figure 5. We have included in the 

the the 
quenched from 422°C 


figure a tracing of line obtained from 


sample when it was Phis 
allows a comparison with the line taken at tem- 
perature. The higher temperature apparently pro- 
duces approximately a 15 cent increase in 
half-width. 

We would like to 


have used the word 


per 


emphasize that although we 
“equilibrium” in our discus- 
sion, we do not believe that we attained an absolute 
thermal equilibrium in all cases. However, we do 
believe that we have approached equilibrium to the 
degree that the conclusions are valid. [n all cases 
the evidence was that the situation could not be 
materially improved in any reasonable time (for 
example, 21 days at 380°C for the 28 per cent 
sample). 

Figure 6 gives a qualitative picture of the trans- 
formation as determined from our data. There is 
no claim made for accuracy, since the individual 


points have a possible error of at least +5°C. The 
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points on the copper-rich side were taken as the 
lowest temperatures at which definite asymmetry 
was first visible on the low-angle side of the line, 
and the highest temperature at which it was seen 
on the high-angle side of the line. The points on the 
copper-rich side were taken as the temperature at 
which the slope of line position versus temperature 
was steepest. The dashed line thus represents what 
would be the critical temperature for a homo- 
geneous transformation. 

It is probable that somwhat more positive evi- 
dence could be obtained from an experiment of this 
kind by incorporating a few changes in the experi- 
mental set-up. First of all, it is obvious that one 
should measure the line position at the highest 
possible angle, in order to obtain maximum resolu- 
to do this, one could use Cok, 
no cobalt target X-ray 


Secondly, it would be 


tion. In order 


radiation. Unfortunately 
tube was available to us. 
advisable to set more stringent criteria on the equi- 
librium conditions. These would include allowing the 
samples to remain at a given temperature for very 
long periods of time, perhaps more than 30 days. 
This, of course, would require several years to 
complete the range of compositions studied here, 
and consequently is impractical except under the 
most unusual conditions. However, it remains that 
really incredibly long times are going to be re- 
quired to make certain that the samples are in their 
most perfect equilibrium condition, and particu- 
larly that nuclei of the second phase have had a 
hance to grow to their maximum size. 

B. LONG-RANGE ORDER IN CU-AU ALLOYS 

Introduction 

\lloys of copper and gold, near the composition 

Cu;Au, at 


for ordering, 


emperatures above the critical tem- 


exhibit a disordered face- 
but below the 


the 


perature 


centered cubic structure, critical 


temperature, in the ideal case, structure is 
ordered with the copper atoms occupying the face- 
centered position. In the non-ideal, or normal situ- 
ition, varying degrees of long-range order may be 
ascribed to the crystal, the most common designa- 
tion being the Bragg-Williams long-range order 
parameter, S. 

The degree of long-range order present in a par- 
ticular alloy as designated by the parameter S can 
be interpreted in two ways. The first interpretation 
arises when it is established that there is only one 
phase present in the alloy, i.e. the ordered phase, 
lis case, S is to 


tl 
Brage-Williams, 


below the critical temperature. In 


1 the manner of 


be interpreted in 
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as a parameter indicating to what degree the 
correct sites are occupied by the correct atoms. On 
the other hand, if the classical phase change is 
assumed, so that ordered and disordered phases are 
present in equilibrium near the critical tempera- 
ture, then the square of the long-range order 
parameter gives a measure of the material in the 
ordered state. Thus, regardless of the nature of the 
transformation, values of the parameter S are of 
interest. 

To date, too little work has been done on the 
determination of the long-range order parameter 
by X-ray means [9; 10; 11], and these have been 
determined for 
Hence it was decided to measure this parameter for 
alloys not having the stoichiometric Cu;Au com- 
position, since the samples were available under the 


the stoichiometric composition. 


proper conditions in the course of the preliminary 
work on the nature of the transformation. It must 
be admitted that the use of single crystals does not 
represent the most desirable sample condition for 
measuring long-range order. However, the nature 
of the transformation work required single crystals 
and was regarded as relatively more important in 
our choice of samples. 

A value of S can be obtained experimentally at 
the desired temperature by comparing the X-ray 
integrated intensity of superstructure reflections to 
the integrated intensity of principle reflections. It 
has been shown [11] that if the long-range order 
parameter is So at room temperature, at 
elevated temperature it can be obtained from 


T(p 
Si x (2+) fund 


sup 


some 


where 


(h? 


sup 


ratio of elevated and room tempera- 


ture intensities of a superstructure 


reflection 


ratio of room and elevated intensities 
of a fundamental reflection. 


Pr fund 


The value of So can be obtained from detailed 
comparison with a fundamental line, if secondary 
extinction can be ignored. This has not been done 
in the present work since single crystals were 
used, and no reliable way has been devised to 
correct for extinction in single crystals [12]. Instead, 
perfect order for the given composition has been 


assumed at room temperature, and the calculated 


ind 
/ sur 
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value of So used. Sp has been calculated assuming 
maximum possible order from the expression: 


S = % +73 — 1 


where 7, and rg are the fractions of a and 8 sites 
properly occupied. The expression for S has been 
chosen from a consideration of the X-ray structure 
factors. It is important to recognize that if any 
different value of So were the correct one, the only 
result would be to multiply the given values by a 
constant factor. 


The Experiment 

The same crystals were used for this work as 
were used for the work described in Part A of this 
paper. They were also given the same ‘‘ordering”’ 
treatment as described there. 

The samples were mounted in a specially con- 
structed furnace which is shown schematically in 
Figure 7. The samples were mounted on one inch 


Hydrogen 


Te 


Contro 


Sample 
Nickle foil 


Windings 


FIGURE 7. Furnace used for studying six samples concur- 
rently, at temperature. 


diameter cylindrical copper blocks 5/8 inch thick, 
which were threaded fitted the 
main furnace post. This permitted the samples to 


onto studs into 
be moved in a horizontal plane to the center of the 
spectrometer table for alignment in the beam. The 
main furnace post was a carefully milled hexagonal 
copper block which rotated on a copper pin fitted 
into the copper base. The rotational position was 
defined by a pin fixed in the base positioned so that 
the hexagonal faces of the main furnace post allowed 
the crystal faces (which were parallel to the hexa- 
gonal faces) to satisfy the Bragg condition at all 
times. The hexagonal post was raised and rotated 
by means of a refractory tube which also served as 
a means of entry for thermocouples which were 
placed in contact with the rear of the samples 
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(see Figure 7). The resistance heating element was 
wound on a cylindrical copper can which screwed 
onto the base. A 120 degree entrance and exit slit 
was milled into this winding support and covered 
with a 0.0002-inch nickel foil. Refractory tubes 
through the top of the furnace and through the 
which surrounded the entire 


asbestos insulation 


assembly provided an inlet and outlet for the 


hydrogen gas which was used to prevent oxidation. 
controlled by Chromel- 


the 


The was 
Alumel 
winding. This thermocouple was used in conjun¢ 


temperature 
thermocouples placed near furnace 
tion with the electronic control circuit mentioned 
in Part A of this paper. 

Monochromatic Cuk, radiation and the “home- 
made”’ slit arrangement previously mentioned were 
used throughout the experiment. 

Che samples were heated to a given temperature 
that until 


intensity of 


and allowed to remain at temperature 
the 


reflection approached 


the superstructure 
The 
superstructure line used in the present work was the 
3,0,0) 
the (4,0,0) reflection. It was found that just below, 
the the 


intensity 


integrated 
an equilibrium value. 
used was 


reflection, the fundamental line 


as well as above, critical temperature, 


superstructure approached equilibrium 
with extreme rapidity, but a minimum of two hours 
was allowed in this region (when points were taken 
every few degrees) to avoid a possible non-equili- 
brium situation. The times allowed for the samples 
to reach equilibrium at the different temperatures 
were not greatly different from those given in 
Table I, except at the high temperatures where the 
time was approximately 4 hours 

The actual technique used to obtain the inte- 


Che 


beam slits limited the monochromatic beam to a 


grated intensities of the lines was as follows: 


divergence of less than one-half a degree, illuminat- 
ing an area of 0.044 in. by 0.20 in. of the approximate- 


ly 1/4 in. diameter samples. The reflected radiation 
(9 9° 


passed through a counter slit with enough in 
26) to allow all the radiation from a diffraction peak 
to enter the counter chamber. The diffuse back- 
ground was taken on both sides of the pedks with 
the same slit arrangement, and one-half the sum 


subtracted from the peak intensity. 


Results 


various the 


Values of S, at 
various samples are given in Tables II and III. 


temperatures, [or 


The value of S for the 15 per cent sample does not 
appear in the tables since we were unable to obtain 
a quantitative value of the long-range order para- 
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rABLE II 
VALUE OF THE LONG-RANGE ORDER PARAMETER FOR VARIOUS 
‘TEMPERATURES 


20 Atomic Per cent Au 


23 Atomic Per cent Au 
emp. ‘emp. 
C S/S S S/So 
26 810. 26 
100 795 258 
150 805 300 
220 801 325 
238 982 795 333 
262 983 796 348 
327 8 719 363 


335 R5! 695 366 
340 662 372 
346 81: 658 373 
349 756 613 379 
315 2: 583 382 
354 5 571 384 
357 §5 151 386 
360 38! 314 

268 

228 

154 
*S) calculated from S , assuming maximum 
possible order. 


meter for this sample. However, for temperatures 
below 350°C, some order was present as evidenced 
by an extremely broad maximum in the region of 
the expected superstructure peak. This maximum 
is illustrated for one temperature in Figure 8, and 
spans an angular breadth of at least 30 degrees in 
26. This maximum is presumably due to the equi- 
valent of a high degree of short-range order; long- 
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range order being absent simply because of an 
insufficiency of gold atoms. 


Diffuse moximum neor (300 ne 99 
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FicureE 8. Tracing of recorder chart (reduced) obtained 


for 15 per cent gold sample. 


In Figures 9a through Ye, values of S and S& are 
plotted against temperature for the 20, 23, 28, 30, 
and 34 per cent samples. The lowest data points 
shown represent the highest temperature at which 
quantitative measurements could be made. These 
curves are extrapolated to S = 0 at those tempera- 
tures for which a peak such as is shown in Figure 8 
was no longer observable. 


Discussion of Results 


Both S and S& are plotted in Figures 9a through 
9e because of some uncertainty in the nature of the 
transformation. It appears as though the transfor- 
mation in samples containing less than 25 per cent 
gold atoms could well be a homogeneous one. At 
the same time, for samples containing more than 
25 per cent gold atoms, there is little doubt that the 
data in Part A indicates a two-phase transforma- 


tion. 


rABLE III 


VALUES OF THE LONG-RANGI 


28 


S885 
898 
7TO6 
784 


iia 
716 
706 
602 
634 
573 548 
$12 394 
297 284 
176 168 
115 110 


lated from S =r 


30 Atomic Per cent Au 


ORDER PARAMETER FOR VARIOUS TEMPERATURES 


34 Atomic Per cent Au 


Temp. 
S/S 
877 
SSO 
. 860 
839 
790 
716 
510 
392 
316 
288 
251 
208 
161 
113 j 32: 5! 136 


, assuming maximum possible order. 
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| containing 15 Atomic percent Au 7 300°C 
80 
82 
23 101° 9/° 71° 6° 
lie 
Per cent Au 
emp Temp. 
( S/S C2 S 
s 
26 l | 915 26 769 
* 197 925 782 150 984 ( 773 
220) 939 SO7 197 950 f 739 
327 833 632 238 897 703 
335 819 612 262 850 624 
40 603 280 820 512 
63 512 297 816 260 
366 199 327 750 { 154 
369 179 335 728 { 100 
73 101 340 722 { O83 
76 300 354 627 f 063 
378 156 363 296 043 
wis) O81 366 197 026 
380 028 370 120 O18 
382 012 
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§ 


= 
100 


Temperature ( C) 


FIGURE 9. Variation of long-range order with temper 


Since the transformation throughout the region 
investigated is possibly a two-phase one as men- 
tioned previously, the “‘tail’’ on the plot of S versus 
temperature no longer seems to be as much a result 
of experimental limitations as originally thought. 
One would not expect the volume of an ordered 
phase to diminish slowly initially followed by a 


precipitous disappearance. Rather one would 


500 — 00 expect the dimunition of the ordered phase to occur 


° 


Temperature (°C) slowly initially, then becoming more rapid until 


(b) nearly all the material is in the disordered state, 


followed by a “‘tailing-off.’’ That the completion of 
the disordering process occurs slowly is borne out 
by the detection of short-range order at tempera- 
tures considerably above the _ so-called critical 
temperature [10; 13]. It should be pointed out that 
the detection of short-range order at temperatures 
considerably above the so-called critical tempera- 
ture, and for relatively large distances from a given 
origin atom, in no way invalidates the conclusion 
of a two-phase transformation. The short-range 
order observations, previously reported [10; 

not indicate the presence of a distribution which for 
each shell would be somewhere between randomness 
and perfect order. The identical result would be 
achieved for a system containing very small regions 
of ordered material widely dispersed, due to the 
averaging process inherent in the method of 
analysis. 

The meaning of a critical temperature is at best 
uncertain in view of the results of the present 
experiment. However, since the term has had such 
venerable usage, and since a critical temperature 
can be defined from the results of long-range order 
studies, we have included in Figure 6 (the + points 
the “‘critical’’ temperatures taken from the plot of 
S versus temperature. We have defined the ‘‘critical”’ 
temperature in the present work by an extrapola- 


tion of the relatively precipitous portion of the 
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curves of S versus temperature. On the gold-rich 
side of Cu;Au the points so defined fall generally 
within the two-phase region. On the copper-rich 
side the points are all above the points determined 
from line position as a function of temperature. No 
particular significance is attached to this, other 
than experimental uncertainty. 
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COHERENT GROWTH OF MARTENSITE DURING TEMPERING* 
T. KOT 


It is shown that martensite plates in a 1.5% C 5.0% Ni steel can, during tempering, thicken or 
grow into bainite. It is suggested that this supports the author’s view on bainite formation that the 


reduction in volumetric strain by the removal of carbon in the form of carbide during the formation 


of bainite provides part of the additional driving 


The results also suggest that the austenite-martensite interface remains coherent 


ment of a martensite plate has ceased. 


LA CROISSANCE COHERENTE DE L. 


Il est montré que pendant le revenu d’un acier a 1,5 
transformer en bainite. 


tensite peuvent grossir, ou se 


l’auteur, que la réduction de la déformation volumét 
fournit une partie de la force suppléme 


carbure, 
a la croissance cohérente. 


pendant la formation de la bainite, 
Les résultats 


force 


\ MARTENSITE 


suggeérent 


coherent QT rowth to proceed. 
ifter the develop- 


needed for the 


PENDANT LE REVENI 
5,0% de Ni 


l est suggéré que ce fait 


lles de 


, des lamell mar- 
ippuie l’opinion de 
rique par lenlé vement de ( arbone sous ftorme de 
“ntaire, nécessaire 


5% 


que l’interface austenite-martensite reste 


aussl, 


cohérente aprés la fin du développement d’une lamelle de martensite. 


STE 


Es wird gezeigt, dass Martensit-Plattchen in 


femperns durch Dicken- oder Langenwachstum in B: 
Bainit-B ‘ld ing 
minderung der raumlichen Verzerrung durch die Entfernur 
treibenden Kr: 


dass das die Ansicht des Verfassers iiber die 


Teil der zusatzlichen 
ist. I 


der Bainit-Bildung einen 
stetigen Wachstums notwendig 
Martensit Grenzflache kontinuierlich 


ist 


bleibt, ni 


Introduction 


Bainite in steel forms by a mechanism ver) 
similar to that of that the 
coherent growth of bainite is very slow. It has been 
suggested [1; 2; 3] that the growth of a 


plate is controlled by the removal of carbon, which 


martensite except 


bainite 
precipi- 


occurs by diffusion into the austenite, by 


tation of carbide within the bainite, or by a com- 
bination of both. 
strain due to the specific volume change, and (ii) 


the 


These processes (i) reduce the 


increase the chemical free energy of transfor- 
mation; they 
coherent growth. 

According to these views it might be 
that, during tempering, growth of a martensite 
plate would take place due to a reduction in strain 
provided that the austenite-martensite interface 
remains coherent after the initial formation of the 
plate. Such growth would take place as a result of 


thus increase the driving force for 


expected 


the reduction in strain, independent of the chemical 
free energy, because the free energy change due to 
the the 
tempering is available only for the 


removal of carbon from martensite on 


precipitation of 
carbide. 

A study of the possible growth of martensite 
is also useful for providing a direct indica- 
cessation of their initial growth 


plates 
tion of whether the 


*Received hie 13, 1953. 
tFormerly Lecturer, The 
land. 
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TIGES WACHSEN VON MART 


lie Resultate 
ichdem die 


ENSIT BEIM TEMPERN 


Stahl mit 15% C un 

nit tibergehen kénnen. Es wird a ommen 
unterstutzen konnte, W ch die Ver 
g des Kohlenstoffs als Kar 1 wihrend 
ift darstellt, die fii ng des 
n weiterhin darauf 


Bildung des Marte1 


rend des 


deute istenit- 


peel det 


is due to the destruction of interfacial coherency, as 


was suggested by Kurdjumov (4 


Experimental 


The coherent growth of martensite during tem- 


pering should lead to the formation of either 


martensite or bainite, depending on the relative 


rate of tempering and of bainite formation from 


thata 


readily 


suit ible 


existing nuclei. It may be expected therefore 
high 
but 


for observing the 


carbon steel, which can be tempered 


is slow in bainite formation, is most 

erowth of martensite 

A high-frequency-induction melted 

1.5% C, 5.0% Ni, 0.45% Si ar 3% Mn 
ed bars, 1.4 


acuo for two weeks at 1050°C and 


steel 


taining 


used. The forg m diameter, were 


was 
homogenized in 
thir k. These 


into half-round discs 2.5 mm 


at 1220°C for 


sliced 


were austenitized argon one hour 
and water-quenched to 5°C. The specimens were 


then polished electrolytically in a solution contain- 


ing 7 volumes of ethyl alcohol, 2 volumes of per 


sealed in 
350°C 


by 


glycerine, 
300°C o1 


chloric acid and 1 volume of 


and tempered at 100°C and 
periods. A 
carburizing a 5°7% Ni steel [5] were 

rhe 


shown in Figure 1. 


vacuo, 
made 


for various few specimens 


also used. 
alter 


specimen tempering is 


Surface 


surface of a 
distortion adjacent to 


the martensite plates (white) could be clearly seen. 


When it 


one side 


appeared on both sides of the martensite 


usually consisted of a ridge, the 


but the 


plate, 


other a valley; change more often took 


_ 
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place on one side only. By anodically colouring the 
austenite before tempering, the distortion could be 
shown to take place always in the austenitic 
regions. 

These distortions corresponded, after polishing, 
to a rim round the martensite plate. After one hour 
of tempering at 100°C a few martensite plates 
could be seen to have grown, with a rim lighter- 
etching than the tempered martensite (Figure 2). 
The number of plates possessing this rim increased 
with increasing time of tempering, but there was no 
evidence that the rim grew in thickness. Specimens 
tempered for long periods up to 10 days showed 
only dark-etching martensite, occasionally with 
traces of the rim. This indicates that the formation 
of the rim took place in the early stages of temper- 
ing. 

Tempering at 300°C for 30 seconds was sufficient 
to produce a light-etching rim, and after one 
minute, a dark-etching rim began to appear, the 
thickness of which increased with increasing time. 
Similar results were obtained at 350°C except for 
the shorter time required to produce these effects. 
The dark rim could form directly on the original 
martensite (Figure 3) or on the light-etching rim 
(Figure 4). Dark-etching whiskers, closely resem- 
bling the bainite directly formed from the austenite 
in this type of steel, appeared on the dark-etching 
rim after about 15 minutes of tempering at 300°C 
10 minutes at 350°C and the transformation 
was completed by bainite formation. Both the 
kinetics and the structure indicate that the dark- 


and 


etching rim was formed by the bainite mechanism, 
the the 


mechanism. 


and light-etching rim by martensite 


Discussion 

The Growth of Martensite 

In the steels used, both martensite and bainite 
can form from the martensite by further coherent 
growth. In the photographs of martensite shown by 
Lucas [6], light-etching rims were also present 
around the slightly dark-etching martensite formed 
from an austenite containing about 1.5% carbon 
(6, Figures 8 and 17]. These rims were probably 
formed by the tempering effect of mechanical 
polishing [7]. In the case of steels with lower carbon 
contents, such as 1.0% C, 1.5% Cr, 1.2% C 2.5% 
Ni and 1.0% C 5% Ni steels [8], only bainite has 
been observed to form directly from the initial 
martensite plates. Jellinghaus (9) has also observed 
the formation of bainite as a dark rim on martensite 


ina 1.2% C 3.2% Mn steel. 
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The martensitic rims cannot be new martensite 
plates formed adjacent to the original plate, as the 
martensite plates in these steels always form at an 
angle, presumably to reduce the residual stresses 
[10]. It is also clear that the martensite had grown 
at tempering temperatures and not during the sub- 
sequent cooling, since the bainite structure could 
form around the light-etching martensitic rim. 

The present study also indicates that the growth 
of martensite plates does not take place uniformly 
along all the austenite-martensite interface. Fur- 
thermore, martensite plates having the same habit 
planes and orientation relationship in a single 
austenite grain do not all grow at the same time, 
although the rate of tempering may be expected to 
similar. This that 
imperfections at the interface which interfere with 


be very suggests there are 
the growth. 

The formation of a bainitic rim which is more 
readily attacked by etchants than the martensitic 
rim formed earlier at the same temperature indi- 
cates that the dark-etching nature of the lower 
bainite cannot be attributed entirely to precipita- 
tion of carbide during or after its formation. It 


appears that some changes in the austenite occur , 


during incubation, which facilitate the precipita- 
tion of carbide during bainitic growth. Clustering 
of carbon has been suggested as a possible occur- 


rence [1]. 


(ii) The Coherency of the Austenite-Martensite 
Interface 


Kurdjumov [4] that, when a 


martensite plate grows to a certain thickness, the 


has suggested 
strain may become so large that plastic deformation 
takes place at the vicinity of the moving interface. 
The coherency would thus be destroyed, and the 
growth of martensite stopped. Similar arguments 
have been advanced by others [11; 12]. The present 
observation that martensite can grow coherently 
on tempering indicates that this suggestion is not 
correct, at least in the high carbon steels. In such 
steels the habit planes of martensite and the slip 
planes of austenite are not the same, and any plastic 
deformation in austenite accompanying the trans- 
formation must take place by slipping in planes 
different from the moving interface. Although the 
coherency of the interface may be interrupted at 
some places, it should be maintained at others. 

In low carbon steels where the habit planes of 
martensite are the same as the slip systems of 
austenite, Kurdjumov’s mechanism may be operat- 
ing. There is evidence, however, that in such steels 
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plastic deformation may also take place without 
destroying the interfacial coherency. Figures 5 and 
6, taken from a low carbon steel containing 3% Ni 
and 0.33% C, before and after surface relief due to 
martensite formation had been removed, show a 
number of small parallel martensite plates joining 
the main plate in the centre of the grain at the 
middle of its sloping surfaces. This indicates that 
the formation of these plates must have begun 
along their ridges. The parallel martensite plates in 
Figure 5 correspond to the smooth halves of the 
parallel ridges (in shadow in Figure 6), while the 
other halves are occupied by a number of smaller 
plates. These smaller plates formed, probably later 
from the accommodating austenite, in this manner 
presumably because the movement of the accom- 
modating austenite was limited by the presence of 
adjacent martensite plates, and it was much easier 
to form a series of martensite plates each with 
limited movement of material. Alternatively, as 
martensite can only form from austenite by shear 
in one direction, further growth of martensite into 
the accommodating austenite without deformation 
must result in an increase in the height of the sur- 
face relief without any change in the slope. In other 
words, martensite formed without deformation 
should correspond to only one uninterrupted inclin- 
ed surface. In the case of the central plate, however, 
both sides of the hill belong to the same martensite 
plate; the large scale movement of the iron atoms 
involved, during the crystallographic shear in the 
same direction when the accommodating austenite 
changed to martensite by further growth, must 
have been compensated by plastic deformation 
during transformation. This deformation had not 
prevented the development of the full plate or 
caused the destruction of the interfacial coherency. 

It has been observed [13] that plastic deformation 
of austenite during the formation of martensite 
also occurs in regions far away from the martensite. 
This uniform distribution of slip lines in austenite 
not if Kurdjumov’s suggestion was 


could occur 


correct, as the martensite growth should have 
stopped before the deformation became so extensive. 

Kurdjumov [4] made a valuable suggestion that 
there must be martensite transformations in which 
the whole deformation is elastic, and there should 
be no hysteresis between the transformation on 
cooling and the reversed transformation on heating. 
This led to the discovery of totally thermo-elasti« 


martensite in a Cu-Al-Ni alloy [14]. In the light of 


present results, it appears that while their inter- 


pretation of the mechanism of thermo-elastic 


martensite formation remains correct, their sug- 


DURING 


TEMPERING 


gestion that the hysteresis between cooling and 
heating martensitic transformations is due to the 
destruction of interfacial coherency must be modi- 
fied. It is more reasonable to suggest that it is the 
plastic deformation accompanying the nonelastic 
martensitic transformation that makes the reversal 
more difficult, by increasing the resistance to the 
formation of the new phase. That this view is 
substantially correct has been shown [13] by the 
depression of the martensitic transformation tem- 
perature in an Fe-Ni alloy during cooling, from 
about —80°C in virgin austenite to below — 180°C 
after repeated cycles of transformations. In this 
alloy both the transformation during cooling and 
the reversed transformation during heating had 
been accompanied by extensive plastic deformation 
in the austenite, which rendered subsequent trans- 
formation more arduous. Consequently, the Ms 
the 
between heating and cooling transformations in- 
the had 


was depressed and temperature hysteresis 


creased after alloy been subjected to 


repeated transformations. 
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MECHANICAL DEFORMATION OF ALUMINIUM BICRYSTALS* 


R. CLARK? and B. CHALMERS? 


\luminium specimens composed of two symmetrically oriented crystals having a common 


axis were subjected to a tensile test. It was observed that the vield stress and the rate of work harden 
ing increased with the orientation difference between the crystals. In the initial stages of plastic 


deformation a linear stre 
the rate of work hardening (i.e., 


LA DEFORMATION MECANIQUE 


train region was observed; the length of this region became shorter as 
the orientation difference 


increased 


DE BICRISTAUX D’ALUMINIUM 


Des échantillons d’aluminium consistant en deux cristaux orientés symétriquement, ayant un axe 


11] 


vitesse d’écrouissage augmentaient en méme temps que la différence d'orientation 


commun, furent soumis 4 un essai de traction. I] a été constaté que la limite élastique et la 


entre les deux 


cristaux. Une région linéaire de la relation tension-déformation fut observée durant les premiers 
stades de la déformation plastique; la longueur de cette région diminuait quand la vitesse d’écrouissage 


c.-a-d., la différence d’orientation) augmentait. 


DIE 


MECHANISCHE VERFORMUNG VON ALUMINIUM 


BI-KRISTALLEN 


Es wurden Zugversuche an Aluminiumproben, die aus zwei symmetrisch orientierten Einkristalle 


gemeinsamer (111) Achse bestanden, 
spannung und die Verfestigungsgeschwindigkeit 


mit 


unternommen. 


Es wurde beobachtet, dass die Fliess 


mit zunehmendem Unterschied in der kristallo- 


graphischen Orientierung der Kristalle zunahm. In den Anfangsstadien der plastischen Verformung 


wurde ein Gebiet 
Gebiets 1 
kristallographischen Orientierung) ab 


Introduction 


[It has long been observed during the plastic 


deformation of polycrystals that there exists a 
mutual interaction between neighbouring crystals 
that of the 


deformation in concerned [1-7]. 


influences the mode and the extent 


each crystal 
Chalmers’ [5] experiments with tin bicrystals, for 
example, showed that neighbouring crystals have 
a marked effect in inhibiting slip in each other. The 
specimens consisted of two crystals identical with 
respect to the specimen axis (the axis of applied 
stress) but rotated about this axis with respect to 
each other. It was observed that the stress neces- 
sary to cause an arbitrary amount of plastic defor- 
mation increased with the orientation difference. 

Boas and Hargreaves [3] have shown that in 
coarse grained polycrystalline samples, the strain 
near a boundary may either be greater or less than 
in the interior of the same crystal depending on the 
deformation of the neighbouring grain. It is evi- 
dent that for the metal to remain continuous, the 
stress system must cause slip on systems that would 
not be observed in single crystals stressed in a simi- 
lar manner. Chalmers [8] was of the opinion that 
this concept should be extended to include families 
of slip planes and directions never observed in the 
deformation of single crystals. More recently, an 

*Received July 27, 1953. 
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mit linearer Spannungs-Verzerrungs Beziehung gefunden 
ahm mit zunehmender Verfestigungsgeschwindigkeit 


diese 5 


\usdehnung 


nterschie d 


Dic 


zunehmendem | 


der 


d.h 


example of a new slip system becoming active has 


been observed by Craig and Chalmers [9]. They 
showed that, while the deformation of a zinc single 
crystal could be accounted for entirely in terms of 
slip on the basal plane in a (1120) direction, the 


deformation of a ‘tricrystal’ could not be so 


described. It was shown that, with boundaries 


present, slip occurred on an entirely new family of 


planes, as well as on the basal plane, in the boun- 


dary region. The boundary inhibited slip on the 
normal system sufficiently to allow the application 
of resolved shear stresses on other slip systems 
higher than those possible in a single crystal. 

Cottrell [10] suggests that there may be three 
forces acting on a dislocation as it approaches a 
boundary, one long range, and two short range 
forces. The long-range force exists where the elastic 
constants are different beyond the boundary; as the 
dislocation approaches the boundary more of its 
strain field is imposed on the material beyond the 
boundary, and the energy to deform this is different 


from that to deform the material on the near side 


of the boundary. For a free surface, Koehler [11] 


showed that this force is inversely proportional to 
the distance of the dislocation from the surface. It 
should be remembered, however, that most metal 


surfaces are coated with oxide (or other metal 


compound) layers. Even internal boundaries in 
‘pure’ metals may differ in composition from the 
crystals [12]. There is much experimental evidence 
to show that oxide films make slip more difficult in 


soft metal crystals [13-18]. This implies that such 


| | 


surfaces generally repel dislocations approaching 
from inside the crystal. Barrett [19] has demon- 
strated that a pressure of piled-up dislocations 
existed in plastically twisted, oxide-coated, zinc 
crystals. When the oxide layer was removed from a 
freshly twisted crystal, the crystal would spon- 
little 
dislocations were allowed to run out. 


taneously twist a further as the piled-up 
A study of the effects of intercrystalline junctions 
(i.e., the mutual interaction of neighbouring grains 
would be quite difficult in ordinary polycrystalline 
metals. However, the problem can be greatly 
simplified by the use of specimens containing only a 
few large crystals and by preparing samples con- 
sisting of two or three crystals of controlled orien 
tation. Such specimens can be produced by using 
‘seed’ crystals of the desired orientation. This tech- 
nique provides a powerful tool of the investigation 
of the properties and effects of grain boundaries as 
the 
across a boundary. 


functions of orientation difference existing 


In the work to be described, rectangular bars 


composed of two crystals separated by a longi- 


tudinal boundary were subjected to a tensile test. 
The orientations were arranged such that there was 
a slip plane common to both crystals and inclined 


at 45 degrees to the specimen axis. A rotation 


through an angle ¢ about the normal to the com- 
mon slip plane would bring one crystal into coinci- 


dence with the other. 


Experimental 


The experimental work consisted of (a) preparing 


rectangular bars of pure aluminium as single and 


bicrystals of controlled orientations, and () record- 


ing the stress-strain characteristics of the specimens 


when subjected stress. 


to a gradually increasing 
he specimens were grown from the melt in 


argon atmosphere using a technique described 


previously [20]. The aluminium was obtained from 


the Aluminum Company of Canada, and was 


reported to be 99.99 per cent aluminium. Spectro 
the 


graphic analvsis showed presence of small 


amounts of iron, magnesium, silicon, copper and 


titanium 


(Comparison of the original ingot metal 
with that in specimen form revealed no change i 


impurity concentration with the exceptions that 


silver and zinc appeared as new trace impurities 1 
the specimens. Chemical analysis showed the major 


impurity, iron, to be 0.005 per cent and revealed a 
insoluble 


(HCI 


(oxidized 


residue amounting to 0.012 


1 
SNOW‘ d 


acid 


per cent . Spectrographic an 


the major component of the residue to be titanium, 


RYS \ 


with smaller amounts of magnesium, silicon, 


aluminium, copper and iron. 


To produce uniform specimens, a machined 


graphite boat equipped with a cover was used. The 
boat is illustrated in 


Figure 1. The specimens 


(Figure 2) were approximately 1.3 cm wide, 0.5 cm 


GRAPHITE INSERT inserts 


FIGURE 1. Graphite boat used to prepare specim« 


FIGURE 2. 
boundary and the gauge length markers. 


Typical specimen showing the direction of 


and 14 


a graphite crucible and poured into the boat. 


15 cm long. The metal was melted in 
Che 
specimens were parted from the excess metal at one 
it the other by 


thi k, 


end and the seed crystals means ol 


a fine toothed saw. 


Each specimen was etched in a solution of 9 


parts HCl, 3 parts HNOs, 2 parts HF, and 5 parts 


water; this revealed the presence Ot any stray 


crvstals and showed the direction of the boundarv 


in the bicrystals. The crystal orientations 


were 
determined by Greninger’s back-reflection Laue 
method [21]. The striations [22] occurring caused 
an orientation distribution of 4 degrees to exist 


within the crystals. 


A 5-cm (approx.) gauge length was marked on 


each specimen and accurately measured with a 
tray mi roscopt he w idth na ti ckness of 
LTaVe CI | WIC ana i 
r ch specimen were meas ired with a micrometer 
ind the average cross sectional area O re PaAuge 
lengths calculated. The specimens were annealed 
in air for five days at 630°C +5° and etched im 
mediately prior to straining 
he tensile testing machine [23] was, essence 
he type described b \ irade and Ch ers |24 
Water was used as the load; the extension was 
measured with a I ie@-mirror optical extenso 


meter. The ‘stresses’ were calculated on ne origina 
pecimen area and measured to the n est gram 
mm-*. Strain was measured to the nearest 2 * 10 
( cm 
\ sl Diane | xed ees to | 
| 

specimen axis, tne pe Oo n SOLV« 
she stress. Further 110) slip direction in the 


CLARK anno CHALMERS: ALUMINIUM BIC 


82 ACTA 


slip plane was also fixed at 45 degrees to the 
specimen axis. This orientation is illustrated in 
Figure 3. A seed crystal, having the orientation 
shown in Figure 3, was rotated about the normal 
to the {111} plane (both clockwise and counter- 
clockwise) to prepare seeds for the single and 
bicrystal specimens. These rotations were labelled 
positive and negative respectively and caused the 
(110) slip directions to rotate in the {111} plane; 


Stereographic projection showing initial orien- 


FIGURE 3. 
tation ¢ = ( 


the angle of rotation from the initial position was 
called 6. The seeds prepared by rotating the initial 
seed about the (111) axis, were ‘paired’ so that the 
average values of 8 were equal (+1°), but of oppos- 
ite sign. Each pair of crystals was used to prepare a 
bicrystal seed; the difference in orientation between 
seeds was designated by 


the crystals in these 


o = 26 degrees. 


Observations and Results 


Some difficulty was experienced in preparing 
aluminium crystals sufficiently free of ‘striations’ 
illustrates an exceptionally large 
to The 


1-2 mm diam. spot.) was 


22). Figure 4 


orientation distribution due striations. 


largest pin hole available 
used to give good coverage to determine the widest 
orientation difference existing in any one crystal. 


In general, the spread was found to be 2—4 degrees. 


he ‘best’ crystals were prepared in a boat with 


raphite inserts as illustrated in Figure 1. The use 


gra] 
of these thin inserts effectively reduces the lateral 


and the ratio of the heat flow across the 


heat loss, 
liquid-solid interface to that through the graphite 


boat is increased. These conditions favour the 
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growth of single crystals free from striations and 
stray crystals. This effect has also been observed by 
other investigators [25]. 

Examination of the stress-strain curves obtained 
from the bicrystal specimens showed that the 
of the curve is as illustrated in 


general form 


FiGgurE 4. Unusually large orientation distribution caused 


by ‘striations.’ 


Figure 5. There is an elastic range OA (approxi- 
mately) where the stress is proportional to the 
strain, followed by the plastic region B—C where the 
stress-strain relation is linear but the slope of the 
curve is much less. Beyond point C, the proportion- 
ality between the stress and strain disappears and 
the curve rises more steeply. When no definite 


vield point is observed (as with these crystals) the 


normal procedure is to define the yield 


stress that causes 


PLANE 
0) SPECIMEN 
4. : 
{lOO} 
CJ 
| 
ELONGATION 
Of BR 2 stated elongation of th speci- 


CLARK anp CHALMERS: 


men, e.g., 0.1 cent. However, in this case, 


because of the linearity of the plastic region B-—C, 
the yield stress was defined as that value of stress 
obtained by extrapolating the line C-B to zero 


per 


strain. In Figure 5 the yield stress is represented by 


OA. 


T 


O BICRYSTALS 


RESS| SINGLE CRYSTALS 


g 8 


GMS. 
8 8 8 


YIELD STRESS - 


20 


20 x 40 50 
DIFFERENCE IN ORIENTATION ~ © (DEGREES) 


60 


FIGURE 6. 
tation ¢. 


Plot of vield stress versus difference in orien 


ONON~ SYMMETRICAL 
BICRYSTAL 


FiGuRE 7. Plot of rate of work-hardening (ds 
difference in orientation ¢. 


TABLE I 
Strain at \veri 
point C strain 


cm/cm X 10! 


Specimen 


cm/cm 


80 
> 80 
80 
SO 


Single crystals 
4A 
4B 
4C 


ALI 


MINIUM BICRYSTALS 

The experimental results are shown as graphs 
in Figures 6 and 7. Figure 6 relates the observed 
vield stresses to the difference in crystal orientation, 
while Figure 7 relates the slope of the plastic region 
B-—C to the difference in crystal orientations. The 
the 
in 


approximate strains at which linear stress- 


strain regions ended (Point C Figure 5) are 
shown in Table I. The presence of the boundary 
shortened the linear region as the orientation differ- 


ence between the crystals was increased. 


Discussion 
As noted before, the specimens were prepared 
$111} to both 
Before discussing the results described above, it may 
the 
crystals’ axes as they are rotated with respect to 


with a plane common crystals. 


be useful to consider relations between the 


each other about the common axis. 
The (111 


tional symmetry with respect to the unit cell of the 


axis of rotation has three-fold rota- 
crystals. Thus, when a crystal is rotated about this 
120 


degrees. The position of maximum difference with 


axis it reaches an identical position every 


respect to the original orientation occurs at a 


rotation of 60 degrees. Considering the (110) slip 
directions in the plane of rotation, it can be seen 
(Figure 8) that they have six-fold symmetry and 
thus repeat themselves every 60 degrees. There- 
the 
the 


positions is 30 degrees. 


fore, maximum possible angular difference 


from original and corresponding identical 


The specimens used were composed of a ‘pair’ of 
the 11] 


positive 


crystals rotated about common axis 
through the same angle 6, one clockwise 
and the other counterclockwise (negative . When 
both rotations are 30 degrees, the angular difference 
) between the crystals is 60 degrees. We see from 
the foregoing discussion that the slip directions in 
the common plane are again codirectional. That is, 
in terms of the (110) slip directions in the common 
plane the specimen would appear to be a single 
However, considering the gveneral cr\ stal 
by the (100 


orientation difference between the crystals is the 


crystal. 


orientations as defined the 


iXes, 


maximum. Figure 8 is a stereographic projection 


} 


showl! o tne relative positions of the major axes of 


the two crystals for @ 60°. It car seen from 
the cn i are | ins, 


the projection that 


‘I 
common ane. The 


mirror images in 


the 
shows t the two 


he 
be in 


1g codirecti nal in ic 


projec tic mn 


crystals common 


is 


Utilizing the fact ‘crystals are twins, 


plane 


to buil 


it is possible 


4 
| 
4 
4 
40 4 
20 
30 40 
| 
| BICRYSTALS | 
oe 
| 
| 
@ "SINGLE CRYSTALS 
Degri 
12 
12 
5A 22 80 
6A 40 > 35 
6B 10) 10 10 
7A 60 25 
7B 60 25 25 
1 model illustrating the rel 


84 ACTA METALLI 
tive positions of the successive layers of atoms in the 
two crystals. The ideal face centered cubic struc- 
ABCABC 
stacking sequence of close-packed {111} 
where the B- C-layers are situated above 
alternate sets of hollows between the atoms of the 


ture can be described as an 
planes, 


and 


SPECIMEN 


AXIS 0 
4, COMMON 


0 CRYSTALS 


O-4 PLANES OF CRYSTAL I 


— 00) LANES OF 


COMMON TO BOTH 


8 = +30° 


CRYSTAL IT -—30° 


projection showing the relative 


= 60 . 


FIGURI tereographi 


orientation of the crystals when @ 


A-layer. In face-centered cubic structures the 
twinning plane is {111} and so the relation between 


twinned crystals may be illustrated by 


ABCABCACBACBA 
Crystal I Crystal I] 
[winning plane. 
The crystals in the 
and the 


follows: 


specimen @ 60° are twins 
relation between them is illustrated as 


ABCABCABCA BCerystal 


boundary 


Crystal | 


BACBACBACB 


vstal ll AC 


crystals are looking, as it were, into the same 


The 
side of the mirror plane. The boundary between the 
crystals is a noncoherent twin boundary. It can be 
{111} planes (the A- 
intermediate layers, 
but 


that two out of four 


layers) are 


seen 
identical; in the 


the close-packed directions are codirectional 
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not collinear. The displacement is illustrated in 
Figure 9. 


©) COMMON PLANE A 
> C PLANE CRYSTAL I, B PLANE CRYSTAL 


++ B PLANE CRYSTAL I, C PLANE CRYSTAL 


FiGuRE 9. Diagram illustrating the stacking sequence of 
parallel common } 111} planes for a bicrystal in which ¢ = 60°. 


Consideration of Figure 6 shows that the yield 
stress reached a maximum value of 130 gms/mm? 
(the maximum 


direction orientation difference) and remained con- 


at approximately ¢ = 30° slip 


stant up to@ = 60°. There is a notable exception to 


this at ¢ = 40° Here the yield stress values reach 
as high as 170 


considered to be in error since the operation of the 


These values were first 


slip system considered to be active (Figure 1) 
would result in a yield stress curve symmetrical 
about ¢ = 60°. It was pointed out, however, that a 
new slip system becomes more favourably oriented 
for slip (in one crystal only) at approximately 
@ = 40°.* The original slip system again becomes 
operative beyond ¢ = 60°. It is possible that the 
operation of a different slip system could cause the 
= 40°. 


It is possible that the bicrystal specimens do 


large yield stress observed at @ 


actually begin yielding at the same stresses as the 
corresponding single crystals. Dislocations within 
the crystals far removed from the boundary would 
be expected to move at the same stress as in the 
single crystal. It is suggested that the boundary 
causes the moving dislocations to ‘pile up’ and 


effect a rapid increase in the stress necessary to (1 


irection, a system 
sin x cos \ = 0.474) is more likely 
could interfere with the initiation « 


a 
45° 
L. 
] 
Ci 
of iuthors are indebted to Dr. R. Maddin for this sug 
gestio \t @ = 40° the slip system in both crystals was 
expected to correspond to x = 45°, \ = 48°(sin x cos \ = 
0.472). However, in the crystal rotated 20° in the counter- 
a iz x = 42° and \ = 44 
slip 
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move other dislocations and (2) produce the large 
number of new dislocations required to cause 
observable deformation. In this way, it would be 
possible to reach the stress required to overcome the 
slip inhibiting effect of the boundary before any 
observable plastic deformation had occurred. It 
might well be expected that the inhibiting effect 
would become less as the position ¢ = 60° is 
approached. Here, the crystals have one out of 
every three planes common in every sense to both 
crystals. Examination of Figure 6 shows that while 
the yield stress of the bicrystals is essentially con- 
stant from ¢ = 30° to ¢ = 60°, the yield stress of nother « or may not be of physi 
the single crystals is increasing and reaches a ition of the 
maximum at @ = 30° (equivalent to ¢ = 60°). The 


yn pre cess, 


differences between the yield stresses of single 
crystals and the corresponding bicrystals are a mental observ 
measure of the inhibiting effect of the boundary; it is a direct 
they are listed in Table II. It can be seen that at 

@ = 60° the boundary causes a smaller increase in 

the yield stress than at ¢ = 30°. 


rABLI 


Yield Stress 


ion approached 


ientation ) 


Examination of Figure 7 shows that, as well as 
inhibiting the initiation of the deformation process, 
the presence of the boundary increased the rate of he “‘laminar fl 
strain hardening. In the initial stages of the plastic 
deformation, the relation between the stress and Comparison of 
strain was linear. The slope of this region was curves (Table hows that the presence o 
greatest at ¢ = 60° the position of maximum orien- boundary made tl cion shorter as 
tation difference. The difference between the slope the orientation difference between the crystals 
ds increased. This might well be interpreted as evi- 


ae 
measure of increase in the rate of strain hardening boundary vicinity, since the termination of laminar 


dence oft a more ¢ omplex deform iti mn process in the 


) for the bicrystals and the single crystals is a 


Ss associated or inhomo- 


) 


caused by the boundary. These differences are listed 
in Table III. seneous lattice rotations. Sink 

Comparison of the increase in yield stress (Table inhibited as the orientation difference 
II) with the increase in the rate of work-hardening crystals is increased, greater resolved shear stresses 
(Table III) shows that the boundary has a more can be applied to latent slip s 
marked effect in inhibiting the progress of the defor- most favourable of them to | 


mation process than in its initiation. Since no more active slip svstems there are, 
definite yield point was observed (as for example _ plex is the deformation process and, 


with mild steel) the values used are relative to one’ greater is the rate of work-hardenit 


eee ALUMINIUM BICRYSTALS 85 
Degrees 
19 
1) 
HU 
74 16 
li SIQNI- 
qaeltorma 
siol vevelr, 1S al perl 
ition not enendent on lef ti 
stress-s i ve ik singie crystals 
1 1 
ind shows intense work-Nardade Howey , SU 
slip have shown regions of ‘ = ld cin r to the 
gms/mm gms/mm ree How Of hexago Vid 
ij @ nd IR telsieper 2Q | rec of ‘ 
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13 0 specimens ¢ ind 7 HU Stl ved the rtes 
eae le regions. | e teri tion ol the ‘eas 
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From the experimental yield-stress values ob- 
tained at ¢ = 0°, the critical resolved shear stress 
(6) necessary to cause plastic deformation was 
calculated to be 45 gms/mm2*. Using this value and 
the relation 6 p sin x cos \ the curve relating the 
yield stress p to the crystal orientations was plotted. 
It can be seen from Figure 6 that the observed and 


1 


expected yield-stress values agree extremely well. 
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THE CHANGE IN RESISTIVITY, ON PLASTIC DEFORMATION, OF 
SILVER-COPPER AND SILVER-GOLD ALLOYS* 


W. H. AARTS and R. K. JARVIS} 


Wires of silver, gold, and copper and some sil 

room temperature, —80°C and at the liquid air poi! 

as the recovery of resistivity on warming from th 

silver-copper alloys behaved as the pure metals did, 

increase in resistivity after being warmed up to roor 

point. This is explained by assuming that the elasti 

and the warming to room temperature th produce 

liquid air temperature. 

LE CHANGEMENT DE RESISTIVITE LORS 
ALLIAGES ARGENT-CUI 


Des fils d’argent, d’or, de cuivre et de certains ’ rs gen 
la température ambiante, 4 —80°C et a la température de I’air | le. O1 léterminé le chang 
ment de la résistivité et sa restauration lors du retour des basses températut i la température 
ambiante. Les alliages argent-cuivre se comportaien u 
certains alliages argent-or ont manifesté un accroissem¢ 
a la température ambiante et ensuite refroidis 4 la températ 
expliqué en faisant l’hypothése que la défor 
alors que le chauffage subséquent a la température 
subsiste lors du refroidissement jusqu’a la température 


ll; 


DIE WIDERSTANDSANDERUNG VON SILBER-KUPFER UND SILBER- 
LEGIERUNGEN BEI PLASTISCHER VERFORMUNG 

Silber, Gold, Kupfer und einige Silber-Kupfer und Silber- 
bei Zimmertemperatur, —80°C und bei der Temperatur der 
die Anderung des Widerstandes als auch die Wider 
femperatur auf Zimmertemperatur ge 
die reinen Metalle, einige der Silber-Gold Legierun 
standes, nachdem sie auf Zimmertemperatur er 
Luft zuriickgebracht worden waren. Das i 
Spannungen bei tiefen Temperaturen den Ordnu 
temperatur weitere Unordnung hervorruft, die « 
Luft erhalten bleibt. 


‘messen. Die 


( 
I. Introduction 
A considerable amount of work has been done on’ measured vy 10 tension acting on the wire. The 
the change of resistivity of pure metals [1-5]. specimens drawn at the liquid air point were allowed 
Considerably less has been done on alloys [4; 5; 6]. to warm up to room temperature after 
As the processes occurring in alloys are more extension (approximately 10 to 20 per 
complex it was decided to investigate two alloy hen cooled down to the air point again, the resis- 
systems of different types—viz., silver-copper, in ice redetermined, and they were then extended 
which each metal is only slightly soluble in the irther. The silver-gold alloys were merely extended 
other at low temperatures, and silver-gold, in which  ; ’, While the silver-copper alloys extended 
the metals are completely soluble in each other. 
Seitz [7] is of the opinion that ‘‘the alloy character extension, cooled down to 


may have a strong influence on the events which _ stretched further. At room temperature 


occur during plastic flow, for the degree of short- mens were merely stretched without any 
range order may decrease, as the relatively large 1 higher temperature. 
change in resistivity with cold-work implies is the " 
case. In addition it is possible that vacant lattice II. Silver, Copper, and Silver-Copper Alloys 
sites are entrained in the lattice by imhomogeneities The silver and copper wires were annealed at 
associated with fluctuations in composition.”’ 550°C and furnace-cooled. The silver-copper alloys 
In the experiments here described the wires were were annealed at 550°C and then quenched. As can 
stretched at room temperature (20°-29°C), at be seen from the graphs, in which the relative 


change in resistivity is plotted against the strain, 
*Received August 11, 1953. 
tDepartment of Physics, University of the Witwatersrand, <p 
Johannesburg, South Africa. ‘tals. This can be expected, 
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(Figures 1-7 yper alloys behaved 
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FIGURE 1. Pure Matthey, 
spectrographicall; tandardised. 1e lative change of 
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tel ded for appr kKimatel r nt, irme 
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temperature resis 
determined 
point was 
temperaturt 


FIGURE 2. nt copper 99.5 atomic per cent 


silver, as Fig. 


as, owing to the slight solubility of the metals in 
each other, the alloys consist of two phases differ- 
ing only slightly from the pure metals. The com- 
positions of the alloys are given in atomic percen- 


tages, and the air point observations are denoted by 
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©, the CO, point by X and room temperature by 
[-|. The change of resistivity of the alloys is higher 
than for the pure metals ascan be seen in Table I, 
where the standard deviation of Ap is also given. 
The values given in the tables are average values, 
whereas the graphs are drawn from the observations 
on a particular specimen. The increase of Ap of the 
alloys could be due to the disruption of partial 
order besides the effects occurring in pure metals, 


AL 
FIGURE 3. 2 atomic per cent copper; 98 atomic per cent 
silver. 


FIGURE 4. The eutectic alloy: 39 atomic per cent copper; 
61 atomic per cent silver. (Owing to the wire hardening 
quickly and then breaking, only small extensions could be 
produced. 
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and also due to precipitation of the solute, unless 
this was nearly complete, in which case it would 
tend to reduce the resistivity. 


rABLE 


Atomic Apinohm-cm X 10-8 at 10% extension 
per cent 
Air point ‘Oe point Room 
»mperature 


06 5+.04 

0.5 | 5 28+ .06 93 05 

2 34+.05 96+ .04 

39 | 4.624 98+ 04* 31+ .04t 

98 9+ .06 33+ .05 
0.: 99! .08 + .06 
0 100 234.04 | 1.254.12 91+.09 


strain. 
Al; 
strain. 7L /o 


*At approximately 4.5 
TAt approximately 3.5 


a 6. 99.5 atomic per cent « ypper; 0.5 atomic per cent 
III. Silver, Gold, and Silver-Gold Alloys 
The silver, gold, and silver-gold alloys were all 
annealed before extension at 550°C and furnace- 
cooled. Figure 8 gives the curves for 2 per cent gold 
in silver. It is similar to the diagram for pure silver. 
Figure 9 gives the results for 25 per cent gold in 
silver: There is hardly any recovery for specimens 
extended at the air point and annealed at room l2-- 


temperature and then returned to the air point. In P 

Figure 10 (50 atomic per cent gold) an increase of fph- 
resistivity is produced when the specimen is ex- 


8r 


tended 10 per cent 


room temperature, an | i2 un 

point. The extension immedi 

the resistivity slightly before it 

In Figure 11 we see the effect in a 75 atomic per 

cent gold alloy. In Figure 12 the graphs for pure 

gold are given. In Figure 13 the relative change of 
ex resistivity for an extension of 10 per cent and the 
recovery on warming up to room temperature are 


FIGURE 5. 98 atomic per cent copper; 2 


silver. both plotted against the composition of the alloy 
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In Table II the change of resistivity for a 10 per 


cent extension is shown, as well as the recovery ol 
Ap 


QO} 
2) 1 
orl 
‘ 
50/11 


FIGURE 11. 25 atomic per cent silver; 75 atomic per cent 
gold. 


The discrepancy between the values of Ap for 
pure silver at the air point in Tables I and II is due 


to the fact that the determination of p does not 


00 ACA 
TABLE Il 
Atomic Ap in ohm-cm X 1078 at 10% extension : 
per cent 
Ag Au Air Recovery CO: point Room 
point temperature 
100 > +.1 - 59+ .08 1.16+.06 752 OS 
98 3 +.2/- 19+ .08 1.34+.17 94+ 15 
75 67+.14 08+ .08 5.7 41.4 
50 +.0 1] §66+.53) 10.1+1.3 .25+1.8 x 
25 75| 7.3 +.6 |4+1.42+.26 
100) 2.68+.15 61+ .03 1.8 2 
FicurE 10. 50 atomic per cent silver; 50 atomic per cent 
gold. 
x 
FIGURE 8. 98 at per cent silver; 2 atomic per cent e 
— 
vA 
C 
— 
FIGURE 9. 75 atomic per cent silver; 25 atomi 
gold 
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occur at exactly the same temperature as the 
determination of Ap/p. The liquid air bath varied in 
temperature from —185°C to —195°C, depending 


on the oxvgen content. 


IV. Conclusion 


It is clear that for small extensions the increase 
of resistivity is considerably larger for all the alloys 
than for the pure metals. That the degree of partial 
order produced by the passage of dislocations is 
important is shown by graphs of the silver-gold 
alloys of compositions likely to produce a high 
degree of order. Here the increase of resistivity of 
the specimens drawn at the air point and annealed 
at room temperature shows an effect which can be 

FiGuRE 12. Pure gold. Johnson Matthey spectrographi- explained by issuming that the elastic strain at tl 
cally standardised. low temperature increases the order and that the 


ic 


warming to room temperature produces more dis- 
er order, which remains on cooling to the 
Especially is this indicated f 
Ag-Au alloy, where further extension, 
increase of the internal elastic strain, 
reduces the resistivity again and onl. 


strain Ss resistivitv again 


E 


Ap 


Druyvesteyn fo 


line of research 
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SOLID SOLUTION FORMATION IN THE GOLD-NICKEL SYSTEM* 
B. L. AVERBACH,} P. A. FLINN,{ and MORRIS COHENt 


Che local atomic configurations measured from diffuse X-ray scattering in the gold-nickel system 
nnot be reconciled with the observed heats and entropies of mixing on the basis of a statistical 
ing energies. The heats of mixing are positive (heat absorbed), and yet 

»is a preference for unlike neighbours in solutions above the solubility gap. It is shown that these 
ive heats of mixing may be explained in terms of the elastic strain energy required to form solu- 
tions from atoms of different size. The sizes of the ions in gold-nickel solutions, also measured from 
the diffuse X-ray measurements, are used to calculate the strain energies and reasonable agreement 


with the observed heats of mixing is obtained. 


ment of chemical bondi: 


The strain energy ntribution to the heat of mixing in Cu;Au is also evaluated approximately 
ym an X-ray determination of the atomic size effect; in this system it appears that a significant 
itive contribution t » | i 


1 alloy formation. 


+ f 


1eat of mixing may arise from a change in the electronic configuration 


\ FORMATION DE SOLUTION SOLIDE DANS LE SYSTEME OR-NICKEL 


tions atomiques locales, dans le systéme or-nickel, mesurées par la dispersion diffuse 

ne peuvent pas etre mises en accord avec les chaleurs et e itropic s de mélange sur la 

raitement statistique des énergies de liaison chimique. Malgré que les chaleurs de mélange 

chaleur absorbée), il y a préférence pour des voisins dissemblables dans les solutions 


e de solubilité. Il est montré que les chaleurs de mélange positives peuvent étre 

termes de |’énergie él istiq ie de déformation, nécessaire pour la formation de solutions 

itomes de dimensions différentes. Les dimensions des ions dans les solutions or-nickel, 

io! iffuse des rayons X, sont utilisées pour ilculer les énergies 

accord raisonna » est obtenu avec les chaleurs de mélar ge observées. La 

i déforma 1 a la chaleur de mélange dans Cu;Au est aussi évalué¢ 
termination, au moyen des rayons X, de l’effet des dime 

rait qu'une contribution négative, appréciable, a la chaleur 


ngement de la configuration électronique lors de la formation de 


DIE BILDUNG VON FESTEN LOSUNGEN IM SYSTEM GOLD-NICKEL 


zelheiten der Anordnut ler Atome im System Gold-Nickel, die mit Hilfe der diffusen 
von R wurde, stimmen nicht mit den entsprechenden Daten aus 
Mischungsentropien iiberein. Die Mischungswarme 
trotzdem findet man bevorzugt unglei 
gt, dass diese positiven Mischung 


d ; composition. Although there have been refinements 
1. Introduction which extend these theories to neighbors beyond 


have been frequent attempts [1; 2; 3] the first shell [2], the essential features of the results 
ice the local atomic configuration in a binary have remained the same. 


thermodynamic pro- A typical nearest-neighbor theory is that of 
most cases the heat of Takagi [3]. The average number of unlike nearest 

mixing of the alloy i ri neighbors is given by: 
bonding energies between nearest neighbors, and ios 
tropy ixing is based on the (1 (ZN 9 
—1 + {1+ 4m,m,[exp (2v/kT) — 1]}3 


the calculated en 


nearest-neighbor configuration. The Kopp-Neu- 


mann rule is also assumed i.e., the heat capacity of ra exp (2v/kT) — 1 
the system is taken » a linear function of the 
where 
on™ 1 July 18, 3; in 1 1 form r i b4,5 = number B pairs per mol of 

tDepartment of ! ullurgy, Massachu nsti > Oo solution, 
Technology, Cambridg 


a M,4,Mp_z = atom fraction of A and B atoms, 
tPresent address, yne Un 
versity, Detroit, Michigan. k = Boltzmann constant, 
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oberhalb 
t ver edener Grdésse | en. Die Grésse der Ionen in Gold-Nickel Lésungen wurde mit 
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= number of nearest neighbors (coordi- rABLE | 
nation number), COMPARISON OF X-RAY AND THERMODYNAMI( 
Avogadro’s number, MENTS OF SHORT RANGE ORDER 
number of nearest-neighbor pairs 


per mol of solution, 
thermo 


= absolute temperature, 
aynami 

net chemical interaction energy — 
9 ‘u;Au 550* 2.49 

€ap — 1/2(€44 + 

550* 3.40 
250T 2.45t 
pair, etc. r A 250t 3.30t 


chemical bonding energy of an A—B 


The quantity 264,/(ZNo), which is the fractional *Calculated from data of 


number of unlike pairs, is thus expressed as a 
function of the chemical interaction energy. On 
expanding the radical and the exponential, the rae 


ystal data 


approximate relationship given by Wagner [4] is 7] Single crystal data 
500°C, 
obtained: 


I 


cooled alloys at room tem}, 


Pap = 1 Don ) r culated from data 
PAT = £m, — ind Schmah 
(ZN,) /2 und Schmahl [11], at 500 and 
Calculated on basis that sh 
s that characteristic of 300°C. 
If »y = 0, the configuration is random, and the 


fractional number of unlike pairs becomes 2m,4mp,. 
' arrangements in such alloys is important in con- 


The molar heat of mixing is given by: : whe 
. 5S ; nection with the mechanism and kinetics of the pre- 


(3) AH = papv. cipitation process. The thermodynamic and the 


X-ray data for the gold-nickel system are compared 

The general type of configuration predicted by in this paper. These alloys have positive heats of 
this quasi-chemical theory may be seen from mixing and form a mtinuous series of face- 
equations (2) and (3). If the heat of mixing is centered cubic solid lutions above 840°C. On 


nt 


positive (heat absorbed is positive, and the olin th lutior mpose in nik kel I ch 
fractional number of A-B bonds is less than eold-rich utions face-centered cubi 
random. In the lattice, this requires the presence 1us the num f nearest neighbors about an 
of A-rich or B-rich clusters or both. If the heat of 
mixing is negative, the fractional number of A—B 
bonds exceeds the random number and the lattice 
exhibits short range order. For the systems Au-Ag 
and Cu-Au, the thermodynamic properties and 
X-ray measurements of the average atomi 
figurations are available, and a compari 
these data is summarized in Table I. The quantity 
(Nov) was calculated either from the heat of mixing 
or from the thermodynamic activities, assuming a 
regular solution. The quantity ~, Vo (i.e., number 
of unlike bonds per atom) calculate 
(1) in the third column agrees fair] 
X-ray measurement of the same quanti 
fourth column. It should be noted, however, th measured thermody! 
both of these systems have negative heats of mix- 
ing; equivalent data for alloys with positive heats 


lastic 


of mixing have not been available until recently 
[12]. f ng. The re 
Solid solutions with positive heats of mixing may energy plays a mucl 
exhibit a miscibility gap at lower temperatures, and chemical bonding 
hence an understanding of the statistical atomic behavior of solid 
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fact, the excellent the 


order and the 


agreement between 


X-ray 


thermodynamic calculations based on the quasi- 


measurements of short-range 


chemical theory (as shown in Table | 


of CusAu. 
estimated from available 


> scattering Gata, and 


may be for- 


tuitous, at least in the case The atomic 


in this alloy can be 


it is found that the cor- 
is relatively large. How- 
positive contribution to 
‘ising from the strain energy 

by a postulated negative 

han; » electronic 
does not 


et heat of mixing is negative. 


14 
occur! the gold- 


2. The Gold-Nickel System 


The gold-nickel system ‘ritical 
evaluation of the quasi-chemical theory since ther- 


nd X-r LV de 


10se available for copper-gold car 


lynamica terminations quite similar 
+} 
ul 


The 


nickel all 


be made. 


free energies and entropies of mixing for gold- 
recently by the emf 
method [12], and the local 
were determined from the diffuse X-ray scattering 
13). 
The gold-nicke 


} 


Ol 


atomic arrangements 


1 
nd 
and 


the thermo- 
900°C. are 


1 

phase diagram 
. 

lic Gata tained at 


The 


shown in 


heats of mixing are 


Nicke 
FiGuRE 1. Gold-nickel phase diagram. 

positive and quite large. The entropies of mixing 
are also unexpectedly large, 
the 


being approximately 


ano- 


twice ideal configurational 


Aside 


the thermodynamic pro- 


entropy, 


(m, In m4 + mg In mp). the 


from 


malous entropy values, 
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perties are just those expected from the phase 
diagram. 

The results of the diffuse X-ray scattering meas- 
urements on gold-nickel solutions are summarized 
in Figure 3 [13]. 


Two kinds of information were 


FIGUI 


at 900°C 


interatomic 


Ficure 3. Degree of short-range order and atomic sizes 


solid solutions. 


94 
sizes 
responding strain en 
ever, it appears that 
the heat of mixing a1 \ GH Heat of Mining | 
may be more or less 0 © 
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obtained from these observations: the average 
nearest neighbor identity and the mean atomic 
sizes as functions of composition. 

It is immediately evident that the quasi-chemical 
approach is unable to reconcile the thermodynamic 
and X-ray measurements. A large positive heat of 
mixing predicts a strong preference for Jike nearest 
neighbors according to equations (1-3) whereas 
the X-ray data clearly show that gold-nickel solid 
solutions exhibit a preference for unlike nearest 
neighbors. In fact, the short-range ordering in this 
system is very similar in kind to that observed in 
the gold-copper system which forms a series of 
superlattices on cooling. 

An alternate explanation for the positive heat of 
mixing in gold-nickel alloys seems possible. Elastic 
strain energy may be required to form a close- 
packed lattice from two atoms of different sizes, 
and a positive heat of mixing arising from this 
factor would have little relationship to the nearest 
neighbor identity as given by equations (1-3). It 


] 


is likely that some alternation of large and small 


atoms would tend to reduce the strain energy, while 
the formation of clusters of like atoms would appear 
to increase the strain energy. This effect has been 
suggested as the driving force for the formation of 
superlattices [14], but it is still possible that the 
observed short-range order may arise from a small 
quasi-chemical preference for unlike bonds over 


like to the 


heat of mixing. However the liquid solutions in 


bonds, with a negative contribution 


gold-nickel system are ideal [12], i.e., the heat of 


mixing is zero. Since the chemical bonding tenden- 


cies should persist in the liquid while lattice strain 


disappears on melting, the hypothesis that the non- 
solid solutions arises from 


than quasi-chemical 


ideal behavior of these 


elastic strain rathet effects 


receives support. 
3. Strain Energy in Alloy Formation 


The X-ray measurements of atomic size must be 
The 


distance, averaged over a large number of atoms, 


interpreted carefully. average interatomic 
may be calculated from the lattice parameter, and 


3 The actual 


this is shown in Figure 3 as 7”. first 
neighbor distance is, however, a function of the 
identity of the neighboring atom, and the true 
interatomic distances and are obtained 
from the diffuse X-ray scattering [13]. Figure 3 
shows that the interatomic distance between two 
like atoms 
tween the 


distance between the atoms in the pure metals. We 


varies with composition and lies be- 


average interatomic distance and the 
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that these interatomic distances 


of the 


consider 


may 


denote the ‘‘sizes’’ itoms. It is also conveni- 


ent to think of these interatomic distances as 


representing the diameters of spherical ions in the 
lattice. The X-ray 


dent of any assumption of 


results are, however, indepen- 


10nS. 


the shapes of the 


These data indi ions are not precisel 


on the average lattice points, as determined from 


parameter measurements 
Several points of view have been take! 
quired 
from ions of different size. |] 
that the 
spheres, but this assumption is not justified on 
X-ra' d 


_ 
Change 1n size 


to calculate the strain energy 1 


lattic S 


awson 


assumed ions behave as incompre 


basis of the new ita which clearly show 


the Heumai 


on mixing. 
as assumed that the ions lie on the 
average lattice and that the bonds are stretched or 
shrunk relative to their original sizes in the 
metals. The heat of mixin 

calculated by 

rT ted values a 
observed 


It appears that 


Vaiules. 


the strain energy 


large 


packing of 
increase in 
packing of the ions, the « 
distortion of the ions from 

rom the hydrostatic 
required hange the ion size from that 


In the 


pr¢ yb- 


the hydrostati 
pressure 
in the pure metal 
cold-nickel system two factors are 
ably 


volume 


negligible compared 


Che molar 
Osition Figure 4 


t] 


energ\ issociated with a 


is linear with com 
and therefore any 
of close-packing is likely to be small. It is not known 


whether the ions in solution are 


from a spherical shape, but the 
possible contribution ld tend to be « 


sated by 


wou 
a corresponding overestimation ol the 
volume change required to account for the observed 
interatomic distances. 

The hydrostatic work required t 
atomic diameter is given b 
(4 
where B, is the effective bulk modulus of the atom, 
d is the atomic diameter, and Ad is the difference 
between atomic diameter in solution and that in 
pure metal. The effective bulk modulus for a single 


atom differs from the modulus measured for the 


roder 
e 
1 1 

Lit 
Ul tnis 
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lattice containing the atom. Part of the resistance 
to hydrostatic deformation for the crystalline 
material arises from a change in Fermi energy with 
volume, and the rest from ion core interactions. 
Only the second effect is thus associated with the 
individual atom. Using the method outlined by 
Fuchs [16] it is possible to calculate the Fermi 


Parometer 


attice 


subtract it from the 


Fuchs employed the free- 


energy contribution and 


observed bulk moduli. 
electron approximation where: 


‘ 9 
5 2.843 ) 7 nN, 


where K, is the compressibility arising from Fermi 


energy and 7’, is the atomic radius; ” is the number 


of free electrons per unit volume. With this approxi- 

ion and Bridgman’s [17] values for compressibi- 
he effective moduli were evaluated for gold, 
ible II. In 


core contribution to the bulk 


ind copper, and are listed in 


ase the ion 


87 per cent of the total. 
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With the atomic bulk moduli and the values of 
the ionic sizes shown in Figure 3, the distortion 
energy required to change an ion from its size in 
the pure metal to the size found in each solution 
was calculated. These values were weighted by the 
the 


are shown in Figure 5 along with the experimentally 


corresponding atomic fractions and results 
measured heats of mixing. The agreement is reason- 
ably good. Both curves have the same shape with 
the peak slightly on the nickel side of the equi- 
atomic composition; the calculated curve is within 
20 per cent of the measured data. No attempt was 
made to estimate the possible contribution to the 
heat of mixing arising from the filling of the d-band 
in the nickel atoms, but the direction of this effect 
should help the agreement. 

It thus appears that the principal portion of the 


— 


FIGURI 
observed heat of mixing in the gold-nickel system 
can be accounted for in terms of the energy re- 
quired to change the ion size without considering 
effects at all. This system is 


however, of all solid solu- 


any chemical bonding 
not necessarily typical, 


tions with a positive heat of mixing. The aluminum- 


zinc system also has a solubility gap and the heat of 


mixing has been shown to be positive [18]. However, 


I 
t alloys [19] 
the same size and 


ie X-ray results for these indicate that 


almost exactly 


the atoms have 
tl 


of like atoms 


1e strain energy is therefore negligible. Clustering 
has beet 
suggesting that chemical bonding effects may be 
} 


controlling in this case. 


found in these solutions, 


tions of aluminum-zinc ys exhibit a positive 


rthata true 


a strong nearest neighbor 


heat of mixing [18A] indic. chemical 
bonding effect may be 
phenomenon which persists even after the lattice is 
melted. 

In the gold-nickel system, the heat of mixing and 
the separation into two phases on cooling seem to be 
determined primarily by strain energy considera- 
tions, and the relative strengths of the like and 
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FIGURE 4 Mol \ es and latti parameters of gold- 
5 3 = 
eacn ( 
mod 
TABLE II 
LATTI AND ATOMIC BULK M I 
in units of 10 dynes/cm* 
] Fermi B 
experimental) Contribution atomic 
Gold 1.79 0.26 1.53 
Nickel 1.87 0.21 1.66 
Copper 1.49 0.19 1.30 
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unlike atomic bonds have little to do with these 
phenomena or even with the local atomic configura- 
tions. In fact, the existence of short range order in 
the gold-nickel solutions above the miscibility gap 
is contrary to the postulation that the solutions 
contain embryonic clusters of the gold-rich and 
nickel-rich phases which eventually precipitate. 
This situation is also reflected in the subsequent 
precipitation rates. Precipitation in the gold-nickel 
system is very sluggish and appears to start only at 
system, 


grain boundaries. In the aluminum-zinc 


however, embryos of the zinc-rich clusters exist 
in equilibrium above the critical, and the precipi- 
tation on cooling is sO rapid that it cannot be easily 


suppressed by quenching. 
4. The Excess Entropy 
Although the large positive heats of mixing of the 
eold-nickel solid solutions can be act ounted tor by 


the 


(i.e., the measured entropy of mixing minus the 


strain energy considerations, excess entropy 


ideal entropy of mixing) cannot be explained in 


terms of the strain energy. Since the ions do 
lie on the average lattice ints in the solution, 

us assume that the excess entropy arises from 
change in the vibrational spectrum and hence in the 
heat capacity. In the derivation of equation (1 
the heat capacity is taken to be a linear function of 
the composition, i.e., the Kopp-Neumann rule is 


assumed. If this rule does not hold, there will be 


two contributions to the entropy of mixing on alloy 
formation: the configurational entropy, 


AC,/T) dT 


change in heat capacity associated with the change 


entropy increment (] due to the 


in the vibrational spectrum. 


The degree of short range order in the gold- 
900°C Figure 3) is 


the 


solutions at (see 


that 


ickel lid 


sufficiently close to random so con- 
figurational contribution to’ the entropy is given 
ideal 


The ideal entropy of mixing is plotted in 


approximately by -R(my; In my, + May 
In M ay 
Figure 2, and the difference between this and the 
measured entropy in Figure 2 is the excess entropy. 

Using the Debye theory [21; 22] the vibrational 
entropies of pure gold and nickel were calculated 
with Debye temperatures of 170°K for gold and 
375°K for nickel [20]. Inasmuch as the Debye tem- 
peratures of the solid solutions are not available, 
the vibrational entropy (S,) for each intermediate 
composition was taken as the mean entropy 
the 


determined excess entropy. The results are plotted 
in Figure 6. The Debye temperatures of the alloys 


+ MaywSau) plus previously 
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were then calculated from the S, values, and are 


presented in Figure 7 along with the Debye tem- 


peratures corresponding to the mean vibrational 
entropies. 
[t is also possible to estimate tl 
the heat of mixing arising from 
vibrational spectrum. With the 


1 
+ 


theory, it is possible to ¢ alc lial 


Debye Temperature 


Debye Temperatures for 


Vibrational and Mean 
Entropies of Goild-Nickel 


oys 


0.5 
Atom Fraction Ni 


FIGURE 7 
C,, as a function of temperature for the pure metals 


and for each alloy, using the Debye temperatures 


shown in Figure 7. The change in heat capacity on 


mixing is AC, = C,... MyiCr., 


and 


is sufficiently close to AC, for 
the 


present purposes. 


Thus, the contribution to heat of mixing 
g 


aT 
{ (AC,) ar) due to the change in the vibra- 
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tional spectrum can be evaluated as 


composition. Its are given in Figure 5. 


but is quite small 
v, the maximum effect 


r the 50 atomic 


it the General 
this, it will be 
xcess entropy 


vibrational 


5. Strain Energy Contribution to the Heat of 
Mixing of Cu;Au 


1] 


rgv in gold-nickel solid solu- 
to the 
1 similar calculation for gold-copper 
] the 
The 


a large positive increment 
also prove sig because 
atoms have similar sizes. 
alloy Cus;Au 


Infortunately, 


1as recently been 
sizes were not 
but the 

1g estimate for the 


atoms in Cu;Au”*: 


same manner 
Che resulting 
CusAu, 


vaiue 
Au 
must be reconciled 


1g 1870 calories 


still yielding a 


per 
net 
is assumed that the 
has a correspondingly larger nega- 
— 1370-1870 = 


have to be almost completely 


ue (1.e., — 3240 calories per 


, the alloy would 


at 500°C iccording Ex- 


to equation (1 
the short-range order is only about 


way towards complete ordering. This 


suggests that a negative contribution, not con- 
sidered thus far, comes into play to counterbalance 


the positive strain energy. 


Independent evidence is on hand to suggest that 


liameter of ind the copper 
verage nearest 


ire metals. i 
1 calculated from the lattice para- 
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there is a significant electronic contribution to the 


heat of formation in the disordered alloy Cu;3/ 
On 


ordering, superlattice reflections appear 


ind the new inner Brillouin zone i 
‘O01! ‘110}. The 


corresponding to one 


reciprocal space 


bounded by the planes and 
volume of the zone is 2/a 


electron per atom, and the inscribed sphere c: 


Ko +7 
0.52 electrons per atom. Since 


contain onl: 
atom contributes one conduction electron it appears 
the new zone boundaries intersect and closely 
Following the 
Nicholas [27] 


> space just below the energy 


Fermi surface. 


[26] and 


the 


ments Slater the Fermi 


energy of electrons in 
gap introduced 


and the net ad 


zone boundaries is lowered, 
I stabilize 
he superlattice. Such effects have been postulated 
‘uAu, CuPt, 


Ag;Mg [26; 27]; the restriction to layered structures 


ecrease 1n energy tends to 


for the layered superlattices ( and 


is unnecessary, however, and it appears that this 
electronic contribution may be equally important 
in superlattices of the Cu;Au type. An experimental 
indication of the intersection of the zone boundaries 
is provided by Hall measurements [24]. On ordering, 
the 


positive in the alloy Cu;Au and becomes consider- 


Hall coefficient reverses sign from negative to 
ably less negative in the alloy CuAu. Thus, in the 
‘u3Au the first 
st full but with unfilled corner 


ordered alloy Cu zone appears to be 


is customary to consider only the sharp lattice 


tions in the construction of the Brillouin zone. 


structure factor is assumed to be zero in all 


ns of reciprocal space other than 


the thermal scattering is neglected, 
g only one kind of 
additional 
uncertainty in 


diffuse scattering arising from 
ttice site. In 
the 
the 


critical temperature, and there are regions of strong 


the identity of the atom at a given la 
the alloys Cu;Au [2] (as well as in CuAu [3]) 
solution is not completely random above 
diffuse scattering in regions of reciprocal space 
where superlattice reflections appear in the ordered 
structure. The structure factor is, therefore, not 
strictly zero at such reciprocal lattice points as (100) 
110 of the 


small inner Brillouin zone which appears on order- 


and etc., and there is thus a vestige 


ing. Even in the disordered alloy, therefore, there 
are weak zone boundaries in the vicinity of the 
The 


electrons near these energy gaps is lowered, al- 


Fermi surface. energy of the conduction 


though not as much as for the ordered alloys. This 
lowering of the Fermi energy as a result of alloying 
could thus constitute a significant negative contri- 


98 \CTA 2 
being only about 110 cal/mol 
per cent solution at 900°C. 
[he heat capacity of the 50 atomic per cent [ii 
solution is now being measured over a wide range 
of temperatures by Dr. W. de Sorbo 
Electric Company Laboratory; fron 
possible to determine whether the « 
actually arises from a change in the iil 
> ce the St! 
heat of mixing, 
llovs should 
copper and ni 
size effect in t 
measured [23]. yyy 
letermined as a nection of con 
ivailable data permit the followi 
sizes of the copper and gold 
2 60A 
2.68A | 
strain energy was Iculated in the ref ec 
lopted for the gold-nickel solutions. po Qe 
hicl n be compared to the c ™ reflections. If 
yf 3000 calories per mol for Ni this is true for 
[he observed heat of mixing { atom. In alloy 
: is 1370 calories per mol. This 
with the necessi 
mol for strain 
negative heat of 
bonding energ’ 
tive \ i] 
ordered 
perimentally, 
of the 
*The gold atom has a di 
tom of 2.55 A in the p 
veighbor distance in Cu;3A 
meter is 2.62 A. 
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bution to the heat of mixing. Recent Hall measure- 
ments on disordered gold-copper alloys [25] tend to ibility gap in the pha 


confirm this viewpoint and indicate that the Fermi arily lead to the preset 


energy changes on alloy formation. lusters in the parent soluti 


Similar Hall measurements in gold-nickel allovs 
show that there is a much smaller concentration of 
conduction electrons, presumably because of the 
filling of the nickel 3d band. The Fermi surface is 
thus well within the corresponding fine structure 
arising from the short range order above the 
miscibility gap. As a result, there is little electron 
contribution to the heat of i ing, and it is signi- 
ficant to note that superlattices are 
this system. 
It now seems possible that there » little, req iy a pos 
if any, chemical bonding effect in gold-« opper illoys. mixing of 1870 calories pel 
The short range order above the critical tempera- consideration. Therefore, the consistency between 
ture may be due principally to the strain relief the observed heat of mixir 370 calories pet 
arising from arranging atoms of different sizes mol and the measured short range order 
within the face-centered cubic lattice. It is still may be largely fortuitous. A possibk 
possible, however, that there may be a small _ is given in terms of chai 
nearest neighbor bonding effect, since the liquid arising from changes 
solutions are reported to have a small negative heat formation. 
of mixing [5], but this effect may be inconsequen- Unfortuna 
tial in comparison to the other components of the 


heat of mixing. 


6. Summary 
Experimental data on the heats and entropies of 
mixing in the gold-nickel system cann 
lated with the local atomic configur 
statistical treatment involving only 


bonding energies. In gold-nickel alloys, tl 

mixing is positive, yet diffuse X-ray scattering account for the observed 
measurements disclose that the solid solutions 
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exhibit a preference for unlike nearest neighbors. 


tl ild like 


It appears that this positive heat of mixing is due he authors woul 
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for the size of the atoms in solid solution, also 
obtained from the diffuse X-ray observations, were 


used to calculate the strain energies. 
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CRYSTALLOGRAPHY OF DEFORMATION BY TWIN BOUNDARY 
MOVEMENTS IN INDIUM-THALLIUM ALLOYS* 


Z. S. BASINSKI and J. W. CHRISTIAN+ 


rhe geometrical effects of steps (‘twinning dislocations”) in the (101) twin boundaries of 
centered tetragonal crystals are outlined. By introduction of edge-type twinning dislocations, a set 
of parallel twins may be tapered uniformly to give a single crystal lattice, rotated slightly with 
respect to one of the twin orientations. The tapering is equivalent to a macroscopic shear, approxi- 
mately on the (101)-plane of the untwinned lattice. The deformation of specimens consisting of sets 
of fine parallel twins is considered in detail. A distribution of edge twinning dislocations gives uniform 
plane bending to a maximum curvature determined by the orientation of the specimen. The g 
metrical results are closely related to those derived by Nye for glide deformation, but the conditio 
for maximum bending is different. The variation of strain energy with twin thickness is calculated; 
minimum total energy corresponds to a twin thickness of ~1073 cm. Three-dimensional bending is 
possible if screw-type twinning dislocations are introduced, though Nye’s tensor relations cannot 
satisfied exactly. For pure screw bending, the specimen has the approximate shape of a solid torus 
The predictions were confirmed by experimental work on indium-thallium alloys. At room tempera 
ture, the behaviour is perfectly plastic, but the material exhibits rubber-like elastic properties whe 
deformed at lower temperatures. The transition between plastic and pseudo-elastic behaviour is 
governed by a temperature controlled relaxation process. There is also a high temperature rubber-like 
behaviour, which may be explained by postulating stress induced transformation from the cubic t 
the tetragonal form above the normal M, temperature. 


be 


LA CRISTALLOGRAPHIE DE DEFORMATION PAR DES MOUVEMENTS DES JOINTS 
DE MACLES DANS DES ALLIAGES INDIUM-THALLIUM 


On expose les effets géométriques de gradins (dislocations de maclage) dans les joints (101) di 
macles de cristaux tétragonaux a faces centrées. En introduisant des disloc ations-coin de maclage 
des macles paralléles, en rangée, peuvent étre amincies uniformément de facon a donner finalement 
un réseau de monocristal, tourné légérement par rapport a l'orientation d’une des macles. L’amin 
cissement est équivalent 4 un cisaillement macroscopique approximativement sur le plan (101) du 
réseau non maclé. La déformation d’échantillons consistant en des rangées de fines macles paralléles 
est examinée en détail. Une distribution de dislocations-coin de maclage donne une flexion plane, 
uniforme, jusqu’a une courbure maximum, déterminée par l’orientation de l’échantillon. Les résultats 
géométriques se rapprochent des résultats obtenus par Nye pour le cas de déformatio par glissement, 
mais la condition de flexion maximum est différente. On a calculé la variation de |’énergie d f 
mation en fonction de I’épaisseur de la macle; le minimum ‘énergie to 
épaisseur de macle d’environ 10~* cm. Une flexion a trois dimensions est possible, 
dislocations-vis de maclage, quoique les tenseurs de Nye ne puissent pas étre comp! 
dans ces cas. Dans le cas de flexion hélicoidale, pure, |’échantillon roximatiy 
tore. Les prédictions furent confirmées par les expériences effectuées su ill 
A la température ambiante, le comportement est parfaitement plastique, mais 
aux basses températures, le matériau manifeste des propriétés élastiques s 
caoutchouc. La transition entre le comportement plastique et pseudo-élastiqu 
relaxation contrdlé par la température. Aux températures élevées, on trouve 
semblable a celui du caoutchouc, qui peut étre expliqué, si on admet l’existe 
la forme cubique a la forme tétragonale, induite par des tensions, au-dessus « 
normale. 


DIE KRISTALLOGRAPHIE DER VERFORMUNG VON INDIUM-THALLIUM LEGII 
UNGEN DURCH WANDERUNG VON KORNGRENZEN VON ZWILLINGSKRISTALLI 


Die geometrischen Effekte von Stufen (‘‘Zwillings-Versetzunge: in der 101) Zwilli 
| 


Kristallgrenzen flachenzentriert tetragonaler Kristalle werden beschriebe1 


Zwillings-Versetzungen des Stufen-types kénnen parallele Zwillingsl 
geschrigt werden, und es ergibt sich ein Einkristallgitter, das in y 
orientierungen ein wenig rotiert ist. Diese Abschragung ist einer makrosko 
auf der (101) Ebene des urspriinglichen Gitters gleichbedeutend. Die 

aus einem System schmaler, paralleler Zwillings-kristalle bestehen, wird in 
Eine Verteilung von Stufen-Zwillings-Versetzunge i i 
einem maximalen Biegungsradius, der von der Orientier 

Resultate sind den von Nye fiir Verformung durch Gleit 

Bedingung fiir maximale Biegung ist jedoch verschieden. Es oe die 
energie mit der Zwillingsdicke berechnet. Das Minimum der Gesamtener 
dicke von 107% cm. Es ist méglich, dreidime: nale Bieg 
Zwillings-Versetzungen eingefiihrt werden; Nye’s nsorbe 

erfiillt werden. Im Falle einer reinen ‘“‘Schraubs sung’ h 

lorus. Diese Voraussagen wurden durch Experimente mit Indium-Thallium i 
Das Verhalten dieser Legier tot ig | ( t das Material 
bei Verformung bei tiefen Temperaturen ein immiartiges elastische . Iter r Uber 
zwischen plastischem und sacheiievaliaatiadans rhalten wird durch « n mperaturabhiangige 
Relaxionsvorgang bestimmt. Man findet auch mmiartiges Verhalten bei hoh ‘mperature 
das sich erkliren lasst, wenn man eine spannu! isgeléste Transformat ler kubische 
tetragonalen Form oberhi ilb der normalen ./, Temperatur postuliert 
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1. Introduction 


F.c.c. single crystals of In-Tl alloys may be trans- 
formed martensitically to give a single set of fine 
parallel f.c.t. twins. The twin boundaries are very 
mobile and lead to unusual mechanical properties, 
including rubber-like behaviour at low tempera- 
tures. In this paper we first consider the crystallo- 
graphy of tetragonal twinning, and in particular 
the lattice curvatures produced by steps in twin 
boundaries. The geometrical relations are applic- 
able to any form of deformation twinning, and are 
closely related to the results recently obtained by 
Nye [1] for the curvatures produced by inhomo- 
geneous slip. Simple experiments on the deforma- 
tion of In-T1 alloys have confirmed some of the 
predictions. The modes of deformation are also 
closely related to processes occurring during the 
martensitic transformation; these are described in 
a separate paper. 

A tetragonal crystal is brought into a twin 
orientation by a simple shear on (101)-planes in a 
[101]-direction. In the conventional description of 
(see e.g., Cahn [2]), the 


deformation twinning 


twinning elements are: 


K» 
(101) (101) [101] [101] 
2¢ 


2 tan 
ac a 


2 tan 


The symbols have the meanings used by Cahn: 3e, 
introduced in addition, is the acute angle between 
the [001]-direction of the parent lattice and the 
[100|-direction of the twin. We shall be concerned 
only with structures in which | (c/a — 1)! <1, so 
shear becomes 


P 
o( — 1]})= 6¢ 


The indium-thallium alloys used for the experi- 
work have c/a = 1.04 and s = 0.08. 


that the angle of 


mental 


2. Lattice Rotations Produced by Steps in 
Tetragonal Twin Boundaries 


Iwo tetragonal lattices in twin orientation will 
together on a 


10] 
1] 


a very small energy 


composition plane with 
due to the change in 
interatomic distance across the boundary. Regions 
of strain are prodjiced whenever the boundary 


moves from one composition plane to a neighbour- 


»+; the step in the boundary is the twinning 
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dislocation described by Frank [3], and Thompson 
and Millard [4]. Twinning dislocations may lie in 
any direction of the composition plane and have 
Burgers vector b = h.s, where h is the step height. 
In a f.c.t. 
h= 


distance in the direction perpendicular to (101). 


structure, the minimum step height is 
ac/2(a* + ¢)?, and is equal to half the repeat 


The minimum step in a simple tetragonal structure 
is twice as high. In both structures, the atoms can 
all be placed on the points of a Bravais lattice, and 
a homogeneous shear of the unit cell produces the 
twin orientation without the need for atomic 
“‘shuffles.”’ 

When the step is parallel to [010], the twinning 
dislocation is of edge type, when parallel to [101] it 


is of screw type. Figure 1 shows two edge-type 


° 


a< 
° 


FIGURE 1. Two edge-type twinning dislocations in a (101) 
twin boundary of a face-centered tetragonal lattice. The 
plane of the figure is perpendicular to [010]. Open circles are 
atomic positions in the plane of the figure: filled circles the 
projection of the next atomic layer on this plane. The lattice 
curvatures are visible if the diagram is it glancing 
incidence. 


\ iewed 


twinning dislocations in an f.c.t. lattice. If the total 
thickness of parent and twin crystal in the direc- 
tion normal to the twinning plane is f, the effect 
of each step is to produce a bend in the specimen, 
the lattices being rotated by }/t about the [010]- 


axis. Figure 2 similarly shows a screw-type twin- 


ning dislocation, drawn for simplicity in a simple 
tetragonal lattice. The lattices on either side of the 


step (viewed from direction) are oppositely 


any 


sheared in the [101] direction through an angle }/t. 


Deformation twins are usually lenticular in 
shape and the progressive thinning may conveni- 
ently be described in terms of closed loops of twin- 
We now 


probable situation, in which the twin 


ning dislocations discuss an apparently 


thickness 


less 


decreases in one direction only, remaining uniform 


in a perpendicular direction. This obv iously corre- 


102 

ng plan 
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sponds to a parallel array of straight twinning 
dislocations on successive atomic planes. 

of (101) 
lattice orientations 1 and 2 and mean thicknesses p 
to (101). The 


assumed to taper uniformly in the [101]-direction, 


We consider a set twins which have 


and g perpendicular twins are 


so that the twins of orientation 2 are wedge-shaped 


and end in a series of [010] lines. If the angle of 


@ 


9 


FIGURE A screw-type twinning dislocation in a simple 
tetragonal lattice. Lattice orientation and atomic symbols are 
as in Fig. 1. 


taper is very small, the twin boundaries consist of 
coherent sections with widely spaced steps of the 
type shown in Figure 1. Each step will produce a 
small bend in a finite specimen, and the twin planes 
become curved in the tapered region. We assume 
that the tapering occurs in such a way that strain 
energy is minimised. Since the atomic movements 
(slip vectors) all lie along the (101)-twinning planes, 
it follows that the distance between any two (101)- 
planes must remain constant if long-range stresses 
are to be avoided. 

Consider two neighbouring sections, perpendicu- 
lar to the twin planes, at which the mean thick- 


} 


nesses of twins of orientation 1 are ~; and p» 


respectively. Ié there are 7 twins of each kind there 
are 2m twin boundaries and the total number of 


twinning between the two sections is 


(bo — pi)n/h. Each 
b/n(p + q) and the total rotation between the two 


steps 


step produces a_ rotation 


sections is thus: 


h(p+q p + 


If the tapering takes place in such a way that the 


mean twin thickness decreases uniformly along 


the twinning planes, each of these will have cor 


stant curvature. The twinning planes will thus lie 
f a series of concentric circul 


on the surfaces of 
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the (010]-direction. Che 


curvature of the twinning planes decreases slowly, 


cylinders with axes in 


and the distance between steps, measured along 


the (101)-planes, increases slowly as we move out 
the ol The 


curvature of the innermost plane must be small 


from centre curvature. maximum 
because of the restriction to small angles of taper. 


Figure 3 shows the way in which the twinned 
2 change into the untwinned single- 
crystal region of orientation 1’ (1) 
that lattice 1’ is rotated about the [010]-axis with 


respect to lattice 1 by an angle 


lattices 1 and 


From we see 


P+ q 
This change in the orientation of the lattice planes 
should not be confused with the change in direction 
of a line marked on the crystal before untwinning 
began. Such a line, i.e., a ‘labelled’ set of atoms, 
will in general change its crystallographic orienta- 
tion relative to the lattice. In particular, we con- 
sider a labelled row of atoms passing through 
x perpendicular to the 
original After 
atom of this row distant n’(p + q) from X will 


point (Figure 3) and 


twin boundaries. untwinning, an 


have slipped a distance n’sq along the (101)-planes 


(A 
Al’ | 
Directions ( | A 
L to 1A 
Planes 


—+ YH] + 


| 
Plane of 


Macroscopic 
Shear 


with respec t to 


turned through an a 


therefore still be a straig] 


1 


ieduce irom 


this that 


to 


> 
/ 
~ 
ae *a & 
| | ~~ 
~y 
| | | 
+ 
954 2 | 2 2 1 2 
masa 
+ 4 
} 
| 
| 
Phe original line will thus have 
: . respect to its original ttice dir ion. d will 
line parallel to AB. We 
di r to th oris 101 
s thus equivalent s nt 
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the planes of the 1’ lattice at an angle (4/2 — @) 
from the (101)-planes of this lattice. We may 
describe this as a virtual or distributed shear, since 
there is no composition plane and the transition is 
tapering 


continuous over the regions in which 


occurs. 

When p = g, the undistorted A, plane of the 
macroscopic shear is the plane at an angle (7/2—s/2) 
to the (101)-plane of the 1’ lattice. This is the 
(101)-plane. Since s is small, we also see that for 
any ratio of p/qg, the K,; plane of the macroscopic 
shear is approximately (101) of the 1’ lattice. 

The macroscopic effect of this virtual shear may 
also be obtained by a macroscopically homogeneous 
real shear on (101). If we have a series of fine 
parallel twins, orientations 1’ and 3 and 
thicknesses p and gq, adjacent to an untwinned 


mean 


region of 1’ lattice, the two portions of the specimen 
are related by a macroscopic shear of gs/(p + q) on 
the (101)-plane of the 1’ lattice. Such a macroscopic 
shear may thus be obtained by a series of fine 
parallel (101) twins or by a set of fine tapered 
(101) twins, having the same thickness ratio. In the 
first case, the surface of the specimen would show 
a sharp bend about its intersection with the (101)- 
joining twinned and untwinned regions, 


plane 
whereas for (101) twins there would be a gradual 
bend over the region of taper. Both kinds of shear 
are important in the martensitic transformation. 
The above results may be shown to be self- 
consistent by a hypothetical example in which two 
lattices having orientations corresponding to (101) 
twinning are joined by tapered (101) twins. In 
Figure 4 a set of (101) twins are made to taper in 
‘and 2’. If 


a rotation of 6 


opposite ways producing orientations | 
orientation 1’ is related to 1 by 
about [010], orientation 2’ 
— 6. The relative orienta- 


is similarly obtained 
from 2 by a rotation of s 


+7 1 


tions of 1’ and 2’ are thus obtained from those of | 


and 2 by a relative rotation of s. Such a rotation 

interchanges the K, and Ky planes, so the orienta- 

tions 1’ and 2’ correspond to those obtained from 

twinning on (101 -planes. This is readily seen from 
shears, the total 

and 2’ being s. The situation in Figure 4 


the virtual distributed shear 
between 
might be described as a distributed twin boundary: 
obviously it would have a much higher energy than 


101 


The above discussion refers to tapering by edge- 


a normal twin boundary. 


type twinning dislocations. We may also imagine a 
situation in which a set of wedge-shaped twins end 
in a series of [101] lines. An array of screw disloca- 


tions produces i long-range shear of he lattice, 
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and by introducing only screw-type twinning steps 
it is not possible to avoid accumulating stresses. 
The twins cannot be tapered so as to produce an 
unstrained single-crystal region, and the change in 
lattice orientations is not describable as a single 
rotation. We discuss this in more detail in Section 4. 


LLL 


lattice 


A distributed twin boundary. Curved vertical 


101) planes. 


FIGURE 4. 
lines are traces of 


3. Deformation by Movement of Twin 
Boundaries 


A specimen consisting of a series of fine parallel 
twin crystals may be deformed by movements of 
the twin boundaries. The simplest deformation 
results from the application of a uniaxial tensile or 
compressive stress. Although the basic formulae 
are well known [5], we shall briefly treat this prob- 
lem first, as it is convenient to introduce some 
approximations. If the twin boundaries are suffi- 
ciently mobile, they will move perpendicular to 
themselves, increasing or decreasing the proportion 
of the orientation appropriate to the sign of the 


stress. Thus with a compressive stress, the twins 


NININ 
| | 
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having a smaller repeat distance along the stress 
axis will grow at the expense of the others. This 
process can continue until the specimen becomes a 
single crystal, and the maximum strain obtainable 
will depend both on the orientation of the stress 
axis and the relative amounts of the two twins 
initially present. The maximum difference in length 
along the stress axis in compression and tension 
will depend only on the orientation of the axis. 

For a volume of material sheared through a 
uniform angle s’, we have the well-known result 
for the change in length of any vector 1 [5] 

sin x COS A+ sin” x)* 

where x is the angle between 1 and the K, plane, 
and X is the angle between | and 7. This equation 
gives the ratio of the maximum and minimum 
lengths along the stress axis if we replace s’ by the 
twinning shear s. Since s is small, we may neglect s® 
and the change in length is then more conveniently 
specified by other angles. In Figure 5, which shows 


FiGurE 5. Angles used in defining homogeneous shear 


a rectangular parallelepiped sheared to a new 


position, y is the angle between an arbitrary 


direction | and the plane of shear, and 6 the angle 
between 7; and the projection of lon the plane of 
shear. The change in length of 1 for a shear s may 


be written: 


9 
5 sin 28 cos’ 


we may introduce the angle yo 


the 


Alternatively, 


between the plane containing I and , and 


plane of shear. We then have: 


Al 


. 
5 2X Cos ¥ 
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As a result of the shear, the direction | rotates 
relative to K, and n;. The change in orientation for 


a shear s’ is given by 


sin 
sin A 


in x’ 
5) x 


sin x 
The effect of neglecting s? in equations (3) and (4 
is to leave directions in the plane perpendicular to 
Ky 


strictly true for directions in K, and Ko. 


unchanged in length, whereas this is only 


4. Uniform Plane Bending 


Suppose, for simplicity, we have a bar of rect- 


angular cross-section, and one face a (010) plane. 


The traces of (101) twinning planes in this face 


will then appear as in Figure 6(a). The specimen 


WMA 


ig disloca- 
b) 


101 


planes in unbent 


les In Dent specimel ( 


b se ding twl 


FIGURI 
tions a) Traces of 
lraces of (101) plat 
twins meeting compressed surface 


specime nn 
specime 


can bend under applied stress if the twin boundaries 
are able to rotate through small angles from their 
original positions, tapering in opposite directions 
so that the top surface of the specimen is entirely 
of the 

from the 


If we take the axis of the specimen 


lattices from one original 


the 


( omposed of 


twins, and bottom surface other. 
(Figure 6(b)) 
as 1 in Figure 5, y = 0 and 8 is the angle between 
the axis and the trace of a twinning plane. If there 
is no macroscopic strain, the radius of curvature, 


pe, of the bent specimen is given by: 


s sin 28 


awl 


(6) 


where # is the thickness after deformation. Planes 


A I! 
\ elg OU ig 
(4 
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parallel to the top surface are curved into cylindrical 
shape, the generators lving along [010]. 

Instead of using this macroscopic argument, we 
may obtain the same result by considering the 
rotation produced by the steps in the twin boun- 
daries, which are obviously twinning dislocations 
of edge type. Figure 6(c) shows the positions of two 
adjacent boundaries where they meet the lower face 
of the bent specimen: the directions of the original 
boundaries are shown by dotted lines. The results 
of Section 2 show that the orientation of each of the 
lattices will be constant along a line such as ABC, 
(101 


a change of orientation between A 


perpendicular to the planes. There will, 
therefore, be 
and <A’, which from 


to s2BC/AC = s-AC 


thicknesses 


equation (1) is equal 
B/t. If the 


and gq, we 


cos original 


twin were p have the 
mean misorientation between neighbouring points 

s(p + q) cos B/t. The average distance 
between A and A’ is (p + g)/sin 8 and hence the 
total the ends of the 
bottom the specimen is /s sin 26/2t. 


This corresponds to the radius of curvature given 


misorientation between 


surface of 


by equation (6 

In neither of the above arguments have we con- 
sidered the position of the neutral plane or the 
curvature of the lattice planes. It is clear that the 
ordinary definition of the neutral plane is without 
significance. The final bent state is independent of 
the proportions of the twins initially present, but 
the filament unchanged in length does depend on 
these proportions. The specimen may be extended 
twin boundary 


or compressed (so long as only 


movements occur) prior to bending, without 
changing the final shape. We may therefore sup- 
pose that we start with a specimen containing equal 
proportions of the two twins, and it is useful to 
define the neutral plane as the plane containing 
equal proportions of the twins after bending. 

lattice 


following model is useful. The specimen is cut into 


For a consideration of curvatures, the 
thin strips, each parallel to the top plane and of 
thickness dx. The strips are then extended or com- 
pressed by twin movements, so that in a given 
strip the length changes to /’ and the thickness to 
dx’. For some strip A/ will be zero and we take the 
origin of x’ in this plane. If each strip is now bent 
elastically into cylindrical shape, the strips can be 
fitted 


provided only that A/ 


together again without long-range stress, 
is proportional to x’. The 
surfaces of the strips, originally flat, are now corru- 
gated, and strain energy is required to fit two 


strips together. As dx — 0, the strain energy in 
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each bent strip also tends to zero. However, we are 
not able to make dx indefinitely small because of 
the finite spacing between dislocations. If each 
twinning step is of minimum height /, there must 
be one twinning dislocation of Burger’s vector 
b = sh on every atomic (101) plane. The total 
number of twinning dislocations .V is thus fixed, 
and as dx — 0 the twin thickness pf increases, and 
the number of dislocations in the interface between 
decreases. The 
required to fit the strips together shows a corre- 


any two strips elastic energy 
sponding increase. To a first approximation, the 
two energy effects cancel, so that for fixed b the 
strain energy of the bent specimen is independent of 
twin width. If it were possible to increase the 
number of dislocations by decreasing b indefinitely, 
a different result would If b-0O, 


keeping Nb constant, we can allow both dx and p 


be obtained. 


to tend to zero simultaneously, and the strain 
energy then becomes zero. This corresponds to a 
model of slip deformation described by Nye [1]. 
With fixed b, the strain energy remains finite, but 
the model clearly gives the arrangement of disloca- 
tions which has minimum strain energy. In Section 
6, we shall show that to a higher approximation 
the strain energy may be further reduced by 
decreasing p. 

The condition A/ proportional to x’ implies that 
the neutral plane, defined as above, is the central 
plane of the deformed specimen. Consider a strip 
the 
fractional change in length is therefore s’ sin 26/2. 


for which the macroscopic shear is s’ and 


The corresponding change in thickness is given by: 


dx’ — dx 5 


dx 2 


The total change in length between the neutral 
filament and the most extended filament is s/ sin 28/4 
this is accompanied by a contraction of 


—xs sin 26/4 in 


and 


xn -—-x= the strips above the 
neutral filament. Since x’ = ¢/2, we have the ori- 


ginal thickness of the strips above the neutral 


t 
xX, = + 28). 


plane as 


Similarly the original thickness of the strips below 
the neutral plane is 


t 
C, = ue sin 28). 


The total thickness of the specimen thus remains 


unchanged, but the neutral plane is originally 
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situated at a distance fs sin 28/8 below the central 
line. If the specimen originally has p # g there will 
be a change of thickness during the bending. 
When each strip is compressed the lattice rotates 
relative to its length, as shown by equation (5). 
In our specimen x = 8, so that the angle between 


the twinning plane and any filament is given by: 


sin p, 
l Pet Xx 


where p, is the radius of curvature of the neutral 


sin B 


filament. As shown by Nye [1], this relation implies 
that the twinning planes are the involutes of a 
circle. 

We may now consider what happens if we attempt 
to bend a rectangular bar specimen in which the 
top surface contains [010], but this is no longer 
perpendicular to its length. If the twin boundaries 
again taper by edge type twinning dislocations, the 
top surface will again be bent about the [010] axis 
with identical radius of curvature. The top surface 
of a long rod specimen now appears to twist as well 
as bend. The specimen lies between the surfaces 
of two coaxial cylinders of radii p, + t/2, and with 
the specimen axis inclined to the cylinder axis. 
Directions in the extended (top) surface are con- 
verted into circular helices, so that if straight lines 
are ruled on this surface before bending, both the 
curvature and torsion of the surface remain con- 
stant along such lines. 

In practice, it is easier to measure the total cur- 
vature in the plane of the applied bending moment 
than the true curvature along a direction inclined 
to the specimen axis. If a rod or bar specimen is 
allowed to rest freely on its side, its shape may be 
shape will clearly be a section of the cylinder by a 
the the 
an ellipse with major axis along the 


projected orthogonally on to a flat plane. 


plane containing direction of original 


length; 1.e., 
specimen length. Taking x and y axes in the section 


parallel and perpendicular to the specimen axis, 


the equation is: 


The radius of curvature in the projected section is 
thus 
sin” 
to,” 


and at the centre of the specimen (x = 0 


If the specimen is sufficiently short [/ sin 24 


rwinN 
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l.e., l/t<“&1/(s sin 2y sin 28)], the section will 


approximate to a circle with this curvature. Sub- 
that to a 
approximation directions along the specimen axis 


stituting for p. from (6), we see first 
are bent into circular arcs of radii p = ¢//Al. 

We have assumed that application of the bending 
moment in the plane through | and 7; produces the 
same result as application of the stresses in the 
plane perpendicular to [010]. Only the component 
of the bending moment in this plane is utilised in 
the deformation: a little consideration shows there 
is no other way of bending a specimen by move- 
ment of twin boundaries. Uniform plane bending is 
therefore possible in all specimens if the bending 
moment is applied perpendicular to the plane con- 
taining the specimen axis and the [010] direction, 
but the bending becomes progressively more diffi- 
sending 


cult as y increases. 


y = 7/2, when the twin planes are parallel to the 


is impossible for 


specimen axis. 

The maximum curvature in any specimen occurs 
B = 7/4 
1/p = s/2t. When y = 
is along the specimen length. 


when as is physically obvious, and is 


given by 0, this curvature 


5. Relation to Nye’s Treatment 


[he mean curvatures produced ina single crystal 
by unevenly distributed glide have recently been 
analysed mathematically by Nye [1]. The results of 
the previous section correspond closely to his con- 
clusions for plane bending. This is expected since 
the fundamental assumption in both problems is 
namely, that the lattice attains a 


identical; mini- 


mum energy state in which there are no cumulative 
long-range stresses. 


Nve, we 


result 


lo relate our results to those of may 


the ol slipping 


Che 


number of dislocations, however, imposes an addi- 


regard the deformation as 


movements on the twinning planes finite 
tional restriction on the twin movements. Assuming 
all steps are of minimum height, the total number 
of steps in a specimen containing m twins of each 


kind is: 


The traces of the twinning or glide planes in a (010 
plane are the involutes of a circle, and the excess 
density of dislocations of one sign decreases as we 
move radially across the specimen from the com- 
pressed to the extended surface. When deformation 
occurs by slip, there is no limit to the way in which 
the dislocations may be distributed over the glide 


planes, and maximum bending is possible when 


L. 
—— 
5 
Pp S&C \ 
p = pesec 
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twin boundary 


x = 
movements, 
dislocations give 
dislocation density when 8 = 7/2, and this varia- 
tion is zero for 8 = 0. We shall now show that this 


For 


however, 


deformation by 
the 
maximum 


number of 
radial 


restricted 
variation of 


leads to maximum bending for 8 = m/4. 

From Nye’s results, we have the number of dis- 
locations per unit area along a filament distant x 
from the neutral plane is 


/ 
l 


b[(p. + x p, sin’ B 
where p, is the radius of curvature of the neutral 
plane, and 8 the angle the twinning planes make 
with this plane. The length of this filament is 
n(p+q)(p. +x) 


p,sin 


and hence the total number of twinning dislocations 
in the specimen is given by 
N= cos p. 


9 | 
2n(p+q)t . 
= since < p, 
— 7/2 


9 bsin28 op, 
Equating the expressions for NV, we obtain finally: 


Dt 
s sin 28 
in agreement with (6). The maximum curvature is 
very much smaller than the maximum curvature 
in glide, which corresponds to an infinite density of 
dislocations on the innermost filament. 


6. Energy Considerations 


We may now consider again the variation of 
strain energy with twin thickness. Nye showed that 
his model leads to an expression for the strain energy 


density of the form: 


b 
K Gb In 
KT 9 


where «x is the local curvature of the glide planes, 
G an elastic constant, and 7» a length af atomic 
dimensions. This expression is applicable to an 
element of volume containing several active glide 
planes or twin boundaries, and shows the strain 
energy to depend only on the number of disloca- 
tions in this volume and the strain energy of each. 
To a higher approximation, there is a dependence 
of energy upon the detailed distribution of dis- 
locations which arises in the following way. Within 
the volume characterised by x, each dislocation 
may be regarded as lying along the axis of a pris- 
matic sub-volume which is fixed in magnitude per 
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unit length of dislocation line. Local redistributions 
the 
density change the shape of the sub-volumes, and 


of dislocations which do not disturb mean 
hence the elastic energy of the dislocation contained 
in each. For example, a dislocation in a flat rect- 
angular prism with its Burger’s vector along the 
longer side of the section will have a lower energy 
than a dislocation in a square prism of the same 
volume. Thus there is a lowering of energy if the 
dislocations are arranged so that there is a minimum 
separation in the direction normal to the Burger's 
vector at the expense of an increased separation 
parallel to the Burger’s vector; this is polygonisa- 
tion. In our present problem, a larger separation of 
twinning dislocations parallel to b implies a larger 
We the 


energy on the assumption that the mean twin 


number of fine twins. calculate strain 
thickness, », may be varied in any way we choose. 
Consider a small unit cube with sides parallel and 
perpendicular to the (101) planes. If this cube con- 
tains m dislocations, the mean curvature of the 
twinning planes is specified by « = mb, and the 
mean separation of dislocations along these planes 
1/mp. By analogy with ordinary poly- 
the 


reduced by an increase in y and corresponding 


by y= 
gonisation, we expect strain energy to be 
decrease in ~. We can write approximate expres- 
sions for the strain energy under the limiting con- 
ditions y > por y < p. In the former case we have 
|/y linear arrays of twinning dislocations perpen- 
dicular to the boundaries of the very fine (sub- 
microscopic) twins. Each of these pseudo-polygon 
boundaries produces an angular tilt of xy in both 
lattices, so their total energy may be written [6]: 


mby(A — In mby) 


(A — Ind + In p) 
where u is the shear modulus, v is Poisson's ratio 
and A =0.5. This expression gives the elastic 
energy per unit volume in the region where the 
density of dislocations is m. For given m, it has a 
minimum value when ? is as small as possible; i.e., 
when the angle of taper is minimised. 

If y <p, we treat each twin as a continuously 
bent beam, instead of a series of sharply tilted 
regions. The filament strain then has maximum 
values of +)/2y, and the strain energy density may 
be written: 


+v)bmp 


3 
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where Y is Young’s modulus, and C allows for the 


core energy of the dislocations. The elastic energy 
thus increases with p’. 


For the specimens used in the experimental part 


of this paper, a typical value of py is 2.10-* cm?, 


giving m = 5.10’ lines per cm”, and b = 
Assuming 


.10 
= 1/3, we obtain for the elastic energy 
density: 


= 5.10-!2(21 + In p) 


.10-*p? + C’ 


Neither of these equations is strictly valid when 
p = y = 10-‘ cm, but it is interesting to note they 


both then give values of E/u of order 107! if C’ 


is taken to be ~ 5.10~". As expected the strain 
energy density is very small, even when compared 
with the energy stored in material deformed by 
glide. 

Equations (7) and (8) show that the strain energy 
decreases continually with », but this does not 
necessarily minimise the total energy. Unlike glide 
planes, the coherent sections of the twin boundaries 
have a finite energy, which increases as p decreases. 
If this energy is W per unit area, the energy density 
due to this term is W/p. We thus expect a minimum 
total twin thickness p 


energy at some definite 


given by 


—v) W 
Pp. 
3 3 W 

bm 
depending on whether the value of W/u makes p 
less than or greater than y. For copper the ratio of 
the twin boundary energy to the shear modulus is 
—4.10-" cm. If we assume a ratio of the same order 
of magnitude and substitute numerical values, we 
see that the first equation is inappropriate, and the 
equilibrium twin thickness is about 10-* cm. 
The 


unless there is some physical mechanism by which 


above discussion is without significance 
pb may be changed. In an actual experiment, we 
start with a number of twins of small but finite 
thickness, so that a certain coherent energy per 
unit volume is effectively frozen into the specimen. 
Only small stresses are used to move the twin 
boundaries, and there is thus no plausible physical 
mechanism by which » may be reduced, since this 


requires creation (or activation) of new twin nuclei. 


PWIN 


cm. 


D << y 


BOUNDARY M¢ 109 


However, neighbouring twins coalesce on the top 
and bottom surfaces when the specimen is bent to 
its Maximum curvature, so it is physically possible 
by bending and unbending a specimen to eliminate 
some of the twins and so increase p. Thus if we 
start with a value of p appreciably lower than the 
equilibrium value for a fully bent specimen, we may 
bending and 


be able to approach p, by periodic 


unbending. This means formally that we use the 


elastic energy of bending to help overcome the 


activation barrier for twin movements, and thus 


approach closer to thermodynamic equilibrium in 
the 


the straight specimen. True equilibrium in 


straight specimen requires that p and this is 
attainable only by the use of uniaxial compression 
or extension. 

The rather large value b. deduced abovs 


ior 
raises the question of why specimens with ver 
after the martensitic trans- 


this the 


narrow twins are found 
The 


strain 


formation. reason for lies in large 


localised energy near the transformation 


interface. As we describe elsewhere (7), p is sub 
microscopic immediately béhind this interface, and 
reaches its observed value by tw in coales« ence 


7. Three Dimensional Bending 


lhe plane bending discussed above is ascribabl 


simply to the change in length between top and 


bottom surfaces of the specimen when these are 


oppositely twinned. If a bending moment is applied 


to any specimen with arbitrary lattice orientation, 


we may envisage a similar deformation. The top 


and bottom surfaces will again be oppositely 


twinned, giving a change in length in 


lhe 


two twins will 


progressive 
the plane of the applied bending moment 
the 


change in relative amounts olf 


require the introduction of twinning dislocations 


having directions parallel to the intersection of the 
top surface and the twinning planes. Since all such 
twinning steps may be resolved into edge and screw 


components, we need only consider the other ex- 


treme case. Twinning dislocations of pure screw 
character are formed if the top surface of the speci 
men contains the 7; direction. In terms of Figure 5, 
this top surface is thus the plane through 1 and 
where | lies in the plane of the bending moment 
for the changes i! length Ol 
find A/ has 


COS Yo When 


Using equation (4) 


directions in the surface, we 


top 
and minimum values of 3 
first 


maximum 
= 


assume that the change of length in any 


tr/4. To a approximation, we may 
direction 
gives the corresponding radius of curvature. Planes 


perpendicular to the applied bending moment are 


E 

or 

= 
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thus converted into anticlastic surfaces, the prin- 
cipal curvatures of which are equal and opposite 


and of magnitude 


The directions of the principal curvatures corre- 
spond to the length and breadth of the specimen if 
tto I. 
then bend without twisting. When 4 


m1 Was originally at 7 A rod specimen will 


= 0, 1/p, has 
a maximum value which is equal to the maximum 
value of 1/p, for bending by edge dislocations. We 
‘ideal’ 


conclude that an rod specimen (8 = w/4, 


y = 0) will bend about its length in any direction 
without twisting. If the specimen has circular cross- 
section, the maximum curvature will be constant 
and given by 1/p = s/2t where ¢ is the diameter. 
The above reasoning is only approximate, and we 
must now consider the lattice changes associated 
with the deformation. From Section 7 of Nye’s 
dis- 


paper, it follows that a distribution of screw 


locations of one Burger’s vector (or of parallel 
dislocations of one general type) cannot be arranged 
so as to give a non-accumulating stress. To illus- 
trate this, we again use a model of the deformation. 
For simplicity we deal with the ideal specimen, in 
which the top surface is the plane of shear, (010). 
We imagine the straight specimen cut into thin 
010 
in the [010] direction. The strips are 


strips parallel to each having thickness dx 


then com- 
pressed or extended along their lengths by twin 
boundary movements, so that in a given strip the 
changes in length and breadth are related by the 
equation Aw/w = —Al 


If we make A/ proportional to x, choosing the origin 


/: there is no change in dx. 


of x where A/ = 0, the strips will fit together again 
without accumulating stress in the x-direction, 
provided each can be bent into a suitable anticlastic 
surface. Since such a surface is not developable 
from a plane, the bending cannot be accomplished 
without extension or compression of the middle 
parts of each strip. The displacements in each 
strip are large compared with dx, and hence the 
stress required for the elastic bending of the strip 
increases with at least one dimension in the plane 
of the strip. The strain energy thus increases with 
the size of the strip, even if b> 0. 

For specimens which are long in comparison with 
their cross section, we may reasonably assume that 
directions in the plane of the applied bending 
moment are bent into circular arcs. The stress at 
any point will then not accumulate with increase 


in length of the specimen, which could be cut into 
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two transversely without release of strain energy. 
If only screw-type twinning dislocations are in- 
volved, the transverse bending must be produced 
by the elastic stretching of longitudinal filaments 
near the sides of the specimen with respect to those 
in the centre. Considering the strip for which 
Al = Aw = 0, we find the fibre strain of the outer- 
most filament is given approximately by 


A l 
1 32 
where w is the total width of the specimen. This 
strain thus increases rapidly with w. 

A more probable physical description is obtained 
if we allow the introduction of some edge-type 
twinning dislocations. For a given strip, we now 
make A/ proportional to w*, so that the relative 
amounts of the two orientations are a function of w 
as well as of x. On the top surface untwinning is 
complete only at the edges, on the bottom surface 
only along the centre line. The maximum curvature 
is decreased slightly, but only by quantities of 
order s*. In each strip there is a density of edge 
dislocations which increases linearly with w. 


The shape of the specimen specified by the above 


distribution of twins is approximately a solid 


torus, obtained by rotating two circles of radii 


ps + t/2, 


centre. This distribution may be shown not to 


about a line distant 2p, from their 
satisfy Nvye’s tensor relations exactly, but it does 
so approximately if we neglect the differences in 
curvature of the (010) planes. For w, t</, the 
stress is everywhere small, so the deformation 
seems physically plausible. In the present problem 
we are considering a rather widely spaced distribu- 
tion of dislocations of small Burger's vector, and 
the physical significance of an array which rigidly 
satisfies Nye’s conditions is much smaller than in 
the more general problem of slip deformation. 
Equation (5) now shows that the lattice twists 
about the [010] (x)-direction, the total rotation 
between top and bottom planes of the ideal speci- 
men again being s/2. Returning to the more 
general case of screw dislocation bending when 
yo ¥ 0 there will clearly be a macroscopic twist of 
the specimen as well as a bend about its length. We 
now assume that lengths in the direction of prin- 
cipal curvature nearest to the applied bending 
moment are bent into circular arcs, and the pre- 
repeated. It becomes 


vious can be 


increasingly difficult to bend a specimen as the 


argument 


stress axis moves away from a direction of curvature. 
The condition for no twist in edge bending (y = 0) 


. 
— COS 
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is different from that in screw bending (A = 7/4), 
so that a twist in one case does not imply a twist 
in the other. In theory, it should be possible to 
twist a specimen about its length without bending 
if = 0. 

If we again use the projection of the specimen 
shape as a measure of the curvature along the 
length, we find by considering a section through a 
torus or similar figure that the radius of curvature 
tl/Al. For a circular rod 
specimen, the apparent maximum curvature along 


is once again given by p = 


the length is thus identical for all planes of applied 
bending moment. 


8. Experimental Work 


Large single crystals of indium-thallium alloys 
containing ~18.5% thallium were grown from the 


melt, and as described in another these 


could be obtained in the form of fine parallel tetra- 


paper 


gonal twins. Cylindrical crystals with lengths of 
up to 10 cm. and diameters up to 10 mm. were 
prepared, but for most of the work rather smaller 
specimens were used. Plane surfaces were obtained 
when desired by careful cutting with a razor blade 
or an ordinary wood plane, after which the strained 
layer was dissolved away electrolytically. The 
specimens were examined under the microscope, 
using etching or relief effects, and by taking back 
reflection Laue photographs. 

Twinned specimens were all extremely soft at 
room temperature, and could be deformed in the 
fingers. The behaviour was perfectly plastic, the 
permanent deformation remaining after removal of 
stress. The alloys became softer as the temperature 
was raised, and a little way below the transforma- 
tion temperature (~100°C) specimens bent under 
their own weight. If bent specimens were heated 
through this temperature, they straightened ab- 
ruptly during transformation to a cubic single 
crystal. 

Simple experiments were made to test the pre- 
dictions of the previous sections. A specimen could 
be compressed or extended along its axis up to a 
certain minimum or maximum length; after this it 
became very much harder. Microscopical examina- 
tion showed that during this process the thick- 
the 
increased at the expense of those of the other, and 


nesses of twins of one orientation steadily 


X-ray photographs proved the specimen of mini- 


mum or maximum length was a single crystal. 
After compressing or extending to a single crystal, 
reversal of the stress produced the other twin 


crystal. This change did not proceed by the appear- 
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ance of a set of fine twins which gradually thick- 
ened, but by the production of a single twin inter- 
face which moved across the whole of the macro- 
scopic crystal. This mode of deformation was very 
observed 


Phe 


extend a single 


similar to single interface movements 


during the 


martensitic transformation 7 
stress required to compress or 
crystal was larger than that required for a specimen 
consisting of fine parallel twins. Once formed it was 
difficult to arrest the interface within the crystal, 
so the higher stress is evidently needed to form the 
igreement 
yield 


stress for the onset of twinning [8]. The difference in 


interface rather than move it. This is in ¢ 
with Cottrell and Bilby’s suggestion of a 


lengths in compression and tension was measured 
accurately for two specimens of arbitrary orienta- 
tion: the results agreed with equations (3) and (4 
to within the experimental accuracy in determining 
c/a. The production of a single twinning interface 
suggests that remaining nuclei of the original twins 
were not readily activated by a uniaxial stress 
applied to the single crystal. On the other hand, 
bending of such a crystal resulted in the reappear 
ince of the fine twins, so it appears certain that the 
twins were not completely eliminated by extension 
or compression. 

Specimens were bent about their length toa maxi- 
mum curvature by the application of a very small 
bending stress, after which the stress for further 
bending became much larger. The tapering of the 
boundaries was verified by 


twin microscopical 


examination of the twin traces in a plane parallel 
to the applied bending moment. The specimen could 
easily be straightened again and then rebent or bent 
in the opposite direction. With repeated bending 
and unbending there was no work hardening; 
indeed there was an apparent work softening effect 
and bending became easier after a few cycles. 
During the first few cycles, the mean twin thick- 
ness increased to a roughly constant value. 

Figure 7 shows the twin boundaries in a straight 
specimen, after bending and unbending a few times 
to increase the twin thickness. The photograph is 
taken near the top surface of the specimen, and 
Figures 8 and 9 show the same region after bending 
in opposite directions to the maximum curvature. 
The tapering of twin boundaries in opposite senses 
in the two photographs can be seen clearly by using 
inclusions as fiducial marks. Since the region is very 
close to the top surface Figures 8 and 9 consist 


Che 


actual tapering is very gradual and corresponds to 


almost entirely of twins of one orientation. 


about one twinning step in 500 atomic distances 


J @ 


ETALLI 


along the twinning planes. The width of the twins 
is ~1/50 mm, and this agrees so well with the 
equilibrium value of p, calculated in the last section 
that we are inclined to regard it as accidental. 
With cylindrical specimens, the apparent curva- 
ture along the length was independent of the direc- 
tion of the applied stress as required by the above dis- 
cussion. Measurement of this curvature gave results 
for A/ 
specimens, flat planes were cut to contain the 


(4). In some 


/ agreeing with equation (3) or 


[010] or [101] directions. Bending by edge disloca- 
tions was seen visually to result in the distortion of 
the plane containing [010] into a cylindrical sur- 
face. Similarly the double curvature in a plane 
containing the [101] direction could clearly be seen 
when the specimen was bent by twinning disloca- 
tions of screw type. 

Laue photographs were used to determine the 
orientations of the lattice in a specimen, bent as 
far as could be determined by screw dislocations 
alone. These confirmed that on the bottom (com- 
pressed) face the principal curvature directions 
were at angles of +2/4 from the shear direction 7. 
By taking two photographs, one of the top face and 
one of the bottom face at exactly 180 degrees, on 
the same film, the existence of the lattice twist 
between these two faces was confirmed. All photo- 
graphs showed small asterisms, because of the 
finite range of orientations covered by the X-ray 


beam. 


9. Rubber-like Elasticity 


(hang and Read observed a pseudo rubber like 
behaviour in gold-cadmium alloys transformed by 
multiple interfaces. In the present work we have 
found similar behaviour in indium-thallium alloys 
a) just above the transformation temperature and 
(6) at temperatures below about O°C. At inter- 
mediate temperatures the alloys were perfectly 
plastic as already described. 

Twinned specimens could be deformed at liquid 
air temperature exactly as at room temperature, 
except that slightly higher stresses were required. 
On removal of the stress, however, the specimen 
sprang back into its original position. The results 
both 
stresses and for bending stresses. Specimens bent 


were identical for homogeneous uniaxial 
plastically at room temperature could be straight- 
ened at liquid air temperature, but rebent when 
the stress was removed. 

The rubber-like properties persisted at tempera- 
tures up to ~0°C. The change to completely plastic 
properties took place gradually over a temperature 
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interval: in the intermediate range there was a 


dependence on time. Thus the specimen returned 
rapidly to its original position when the stress was 
removed rapidly, but remained in the deformed posi- 
tion if the stress was applied for some time. At higher 
temperatures, the deformation became permanent 
smaller times until practically 


in smaller and 


instantaneous plastic behaviour was obtained. 


those of a 


the 


characteristics clearly 


with 


These are 


relaxation process time constant of 
order of seconds in the intermediate range, but we 
have not investigated this quantitatively in the 
present work. 

The high temperature elastic properties were 
similar, except that no relaxation was possible and 
higher stresses were required. The high tempera- 
ture elasticity is a result of the martensitic trans- 
formation, and its mechanism seems likely to be 
different from that of the low temperature rubber- 


like behaviour. 
10. Discussion 


Recent results on the variation of grain boun- 
dary energy with relative grain orientation (6) 
suggest that sharp cusp-like minima are associated 
with coherent twin boundaries. The energy is very 
sensitive to the orientation of the boundary as well 
as to those of the grains, and the theories usually 
predict that the torque resisting rotation of a 
coherent twin boundary is almost infinite. While 
this may be true for {111} twins in f.c.c. materials, 
the show that 
boundaries may be rotated as well as moved per- 


present results tetragonal twin 
pendicular to their length. In terms of quantities 
previously defined, the angle which the twin boun- 
dary makes with its coherent position (the angle of 
taper) is given by ¥ = h/y = bmp/s. From equa- 
tion (8) we see therefore that the energy density is 
proportional to ¥”, and hence the torque resisting 
rotation is linear in yw, so long as the rotation is 
small enough for the present treatment to apply. 
Rotation of the boundaries may be regarded as 
the movement of small sections through unequal 
distances perpendicular to their plane. The atomic 
problem in both homogeneous and inhomogeneous 
deformation may therefore be reduced to finding a 
mechanism for this movement. There are currently 
two possible accounts of the way in which the boun- 
dary between two related crystal regions may be 
the 
habit plane is irrational, stress induced movement 


propagated without thermal activation. If 


of the whole dislocation array in a manner anala- 


gous to that found for small angle kink boundaries 


bh f 
ff 


PLATE I (all figures reduced by 1/4 in reproductio FIGURE 7 
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illumination. X75. FiGuRE 8—Twins in bent specimen of indium 
thallium alloy. Same area as Fig. 7. FIGURE 9—Twins in bent specim 
of indium-thallium alloy. Same area as Fig. 8 but specimen be 


opposite dire« tion 
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[10] may be allowed. For rational habit planes, the 
movement of a single dislocation through the agency 
of a generating node may be a more acceptable 
description. A general account of the theory of 
generating nodes has recently been given by Bilby 
[11]. If this is the mechanism for twin boundary 
movements in indium-thallium alloys, rotation or 
tapering of the boundaries could result from the 
action of a number of nodes suitably spaced along 
the boundaries. 

Two sets of conditions must be satisfied for the 
operation of a generating node to be feasible. If two 
lattices have a common plane of zero distortion, Bil- 
by has shown that the geometrical conditions can 
always be fulfilled. In addition it is essential that 
one or both pole dislocations be firmly anchored in 
its lattice. The structure may be defined by the 
inter-atomic vectors a, b and h + p, where a, b 
and p lie in the twinning plane and h is the normal 
to the atomic twinning planes. The pole dislocation 
must thread the twinning plane and have a com- 
ponent vector h normal to them. Nabarro [12] has 
shown that imperfect dislocations of vector h exist 
only in special lattices and then are ineffective, 
since they must lie in the twinning planes. Disloca- 
tions 2h can always exist but are only useful if there 
is a second set of twinning planes at 60 degrees to 


the first, as in b.c.c. 


1 
i 


twinning. In all other cases, it 
seems that the pole dislocations must be formed 
from the perfect dislocations h + p, h — p, of the 
parent and twin lattices. In general, perfect disloca- 
tions are mobile, but this is not always true; h.c.p. 
twinning [4] and the martensitic transformation in 
(11; 
resistance to glide of hexagonal dislocations with 


cobalt 12] may be possible because of the 
Burger’s vector c [00.1]. 

In tetragonal twinning, the dislocation 2h repre- 
sents the boundary of a twin stacking fault, say 
on the (011) plane. By analogy with b.c.c. twinning, 
this might be expected to form a suitable pole for 
twinning on (101) planes. However, the angle be- 


tween these planes is given by 


the vector 
normal to (101) is not exactly h. The perfect dis- 
locations h + p, h — p are c[001] vectors in parent 
and ‘twin crystals. It seems improbable that they 


and so the component of Burger's 


could glide readily, so they might form suitable 
poles. The dissociation 
c[001}] = 4[a0c] 4+ 14[a0c] 
14{Oac| 4+ 
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is possible and leads to a slight reduction of elastic 
energy. However, the pairs of dislocations formed 
in this way can only glide in different {111} planes. 

For b.c.c. twinning, the shear direction is com- 
mon to two intersecting sets of twinning planes. 
Cottrell and Bilby (8) showed how this enables 
twin crystals to grow from monolayer stacking 
faults. In general, this does not seem to be possible, 
since twinning dislocations would become stuck 
when attempting to pass one another on neigh- 
bouring planes. The problem has been considered 
in detail by Bilby [14] who estimates a nucleus 
50 atomic spacings thick is required if } is a tenth 
that 
twins reappeared when a bending moment was 


of an atomic spacing. The observation fine 
at 

applied to a compressed specimen seems to be clear 

the 


orientations 


twin nuclei. Once 
the 
since the argument above can 
that 


prevents 


evidence for retention of 


twin are present, retention of 


nuclei is expected, 
interaction between 


the 


be reversed to show 


twinning dislocations twin from 


shrinking to a monolayer fault 

The rubber-like behaviour at high temperatures 
is believed to be due to stress induced transforma- 
tion from cubic to tetragonal phases above the 
M, temperature. If this is possible, the regions of 
tetragonal phase will have higher free energies 
when the stress is removed, and this will produce 


force on the transformation interface driving it 


backwards again. We have found that a transfor- 
mation interface formed during spontaneous trans- 
formation can be reversed by ipplication of 
suitable external stress. 


The 


temperatures is obviously caused by 


change in mechanical properties at low 


a temperature 
controlled relaxation process. At high temperatures 
the twin boundaries come rapidly to equilibrium in 


any position, the strain energy being minimised. 


At lower temperatures this is not possible, and the 


boundaries return spontaneously to their original 


positions when the stress is removed. The present 


experimental results do not distinguish between the 


two possibilities that the twin interfaces move back 


continuously from their new positions to their 


original positions, that nuclei of the original 


orientation are left behind during the straining and 


macroscopic regions which amalgamate 


I 


orow into 
to give the original twin pattern. The first possibil- 
1 


is analagous to the high temperature elasticity, 


1e 
i¢ 


there is now no difference in t 


of the material on tl 


is dimecult 
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itomic mechanis! ry viding or ec 
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[he force cannot be attributed directly to the 


presence of twinning steps since it is present in 
homogeneously compressed specimens. It seems 
conceivable that the torque on the slightly incoher- 
ent boundaries produced by bending might be 
sufficient to rotate them back into coherent posi- 
tions, but a normal force on coherent boundaries is 
unexpected. 

The second possibility was suggested to us by 
Dr. Lomer. If the twin boundary encounters regions 
of crystal which are difficult to twin, these may be 
left behind as islands of the original orientation. 
On removal of stress, the strain field round each 
might be sufficient to cause growth. Unfortunately 
this theory seems ro raise as many difficulties as 
the alternative account, for either the number of 
these regions must be so large as to make the pro- 
cess implausible, or we are faced with the same 
problem of forces acting on twin boundaries over 
large distances. 

In the neighbourhood of a twin boundary, there 
will probably be a concentration gradient of solute 
atoms, thus reducing the strain energy by forma- 
tion of suitable Cottrell atmospheres. When a twin 
boundary is displaced there will be a redistribution 
of solute atoms, leading to a typical relaxation 
process with an activation energy equal to that 
for atomic diffusion. Atmospheres of this kind, 
however, would produce forces only over atomic 
distances, so this 
responsible for the elastic-plastic transition. A 


type of relaxation cannot be 


possible, though unconvincing, model for the long- 


range force may be obtained if we accept the 


dislocation node theory and suppose that a given 
boundary moves forward by the independent 
action of a number of double twinning nodes. The 
closed loops of twinning dislocation will amalgam- 
ate on each atomic plane, but occasionally internal 
obstacles may prevent this happening. Each twin 


will then contain thin layers of untwinned material, 
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separated by spiral loops of twinning dislocation 
from neighbouring nodes. These loops have line 
energy and would tend to contract, pulling back 
the boundary to its original position. The relaxa- 
tion process would enable the spiral loops of twin- 
ning dislocation to be eliminated by supplying 
thermal energy to overcome the barriers. 

The above theories are speculative and obviously 
unsatisfactory. An investigation of the activation 
friction measurements, 


energy, e.g., by internal 


would be of value in determining the atomic nature 
of the relaxation process. 
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THE CRYSTALLOGRAPHY OF THE 8-a TRANSFORMATION IN 
TITANIUM* 
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LA CRISTALLOGRAPHIE DE LA TRANSFORMATION 6-a@ DANS LE TITANI 

d'orientation, du plan limite et du contour de surface 
On a étudié les marques de trans- 

t des monocristaux de la 


Une investigation a été faite des relations 


formation sur les facettes naturelles des échantillons, qui étaient initialemet 
phase 8. La relation d'orientation était proche de la relation de Burgers (0001)q|| {110} 8; {1120} 

{111l}g; l’écart était de }-1°. Le plan limite était proche de }8, 9, 12}, a 1° prés. Les orientations 
associées avec des variantes individuelles du plan limite furent analysées et incorporées dans un 
syst¢me auquel on s’attendrait si la transformation s’opérait suivant le mécanisme proposé par 
Burgers. Chaque plan limite se trouvait 4 10° de la variante de {112} prédite comme plan de cisaille- 
ment par Burgers. Les données concernant le contour de surface ont montré que la direction du 
mouvement atomique était proche d’une variante (111) requise par Burgers, quoiqu 
la surface fit inférieure 4 celle qu’on a prédite. Le contour précis de lamelles individuelles a 
révélé au moyen d’interférométrie 4 rayons multiples. I] a aussi été montré qu’un glissement d’ad 
tation a lieu, ce qui réduit la rotation de la surface. Les résultats n’ont pas pu étre interprétés d’ 
maniére satisfaisante en se basant sur la théorie de la transformation martensitique de 


appuient, toutefois, les vues de Geisler. 


DIE KRISTALLOGRAPHIE DER B-a UMWANDLUNG IN 


Die Beziehungen der kristallographischen Orientierung, die Habitusebene 
kontur, die bei der martensitartigen Umwandlung von Titanjodid auftreten, wurden u 
Umwandlungsmarkierungen wurden auf den natiirlichen Fazetten von Proben, die 
Einkristalle der 8B-Phase gewesen waren, untersucht. Die Beziehung der kristallographi 
tierung war nahezu, aber nicht vollig, identisch mit Burgers’ Beziehung: (0001 

}111!3; die Abweichungen betrugen }-1°. Die Habitusebene war nahezu 
Genauigkeit von 1°. Die Orientierungen, die im Zusammenhang mit den einze 
auftraten, wurden analvysiert. Sie fiigten sich in ein eindeutiges Bild, das nahezu der 


sprach, wenn man den von Burgers vorgeschlagenen Mechanismus annimmt. Jede 


Inet 


war 10° von einer Ebene der } 112! Familie entfernt 
ausgesagt worden. Die Daten der Oberflaichenk 
nahezu eine Richtung des (111) Typs war 
der Oberflichenneigung kleiner als vor 
wie sie mit ‘“‘multiple beam interfero: 
“accommodation slip’’) au treten w 


hisse i1ess¢ Zul stellen 


erklaren, te Cutz nj lie Ans 


1. Introduction 


Crystallographic studies have been published of 
the martensitic transformation of a body-centred 
cubic structure to a close-packed hexagonal one, 
in zirconium [1; 2], lithium [3] and a copper- 
aluminium alloy [4]. At about the time when the 
ne present 
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Since the cubic (8) phase cannot be retained at 
room temperature in pure zirconium and titanium, 
special methods have to be used to determine the 
orientation relationship between the 8- and a- 
phases, and the indices of the habit plane (referred 
to the 8-phase lattice). Burgers [1] and van Ginne- 
ken and Burgers [2] did this by studying rod speci- 
mens of iodide zirconium in their original form, 
using the arrangement of the facets as an indication 
of the orientation of the single crystal of 6-phase 
which had originally occupied the whole volume of 
each specimen. The orientations of the plates of 
the 
determined by 


were 
X-ray 


oscillation and Laue photographs, and refined by 


a-phase produced by transformation 


approximately means of 
applying the hypothesis (which all investigators 
have implicitly made) that all orientations so found 
are variants of a single type. The recent data on 
titanium [5; 6] were obtained from an examination 
of prepared sections of metal which had originally 
contained coarse 6-grains. Because in transformed 
titanium quite large volumes are sometimes 
occupied by parallel plates of a-phase of uniform 


orientation, Laue photographs could be taken of 


different such regions which were within the con- 


fines of an original 8 grain. If the orientation 


relationship in titanium is the same as in zirconium 
(as is to be expected in view of the crystallographic 
similarity between the metals) then (0001) poles in 
such neighbouring regions should be inclined at 
60 or 90 degrees to each other, these being the 
angles between different variants of the form 


+110}: 


mutually inclined at 703 degrees, which is the angle 


moreover certain {1120} planes should be 


between {111} planes. This was indeed found to be 
the case. 

In the present work these two techniques have 
been lodide 
with the original facets intact, and Laue photo- 


combined. titanium rods were used 
graphs were taken of identifiable regions of uniform 
orientation. This has enabled the orientation in a 
particular region to be correlated with the habit 
plane variant in that same region. 

The indices of the habit plane have been found 
for zirconium [2] and 6] by the 


For zirconium the plane is either 


for titanium [5; 
earlier workers. 
145}, 


ambiguity in deriving the original orientation of an 


{569} or the ambiguity being due to an 


iodide zirconium rod from its external symmetry. 
‘569! was believed to be correct. There is however 
reason to believe that both alternatives are in error 
by several degrees. Van Ginneken and Burgers [2] 


ised the same six-sided specimen as Burgers [1] had 


ALLURGICA, 


VOL. 2, 1954 

used in his original work, but while Burgers had 
shown that in this specimen the rod axis made an 
angle of 6 degrees with a former [111] direction, in 
the later paper this angle was assumed to be zero. 
For titanium, Newkirk and Geisler determined the 
habit plane to be approximately {8, 8, 11}, which 
is not far from {569}. McHargue determined {331}, 
which is quite different. In all these cases, habit 
plane indices were derived from surface traces 
revealed by polishing and etching.* There is no 
certainty that the surface lines produced by etching 
are parallel to the habit planes, or it may be that 
this is true only for some etchants. Whether or not 
the disparity between Newkirk and Geisler’s, and 
McHargue’s habit planes is due to some such source 
of error, there is room for further data. Liu and 
Margolin found {334} as one habit plane in titan- 
ium-manganese specimens, which is very close to 
{8, 8, 11}. Orientation relationships for this alloy 
are not known. 

In copper-aluminium alloy containing 12.9-13.6 
per cent aluminium [4; 8] the habit plane is near 
{221}, while the orientation relationship is closely 
similar to that in zirconium, with the addition of 
extra orientations attributable to mechanical twin- 
ning. When the aluminium content is increased, the 
habit plane moves to near {331}. In lithium [3], the 
habit plane is {441}, while the orientation relation- 


ship is again similar to the Burgers relationship, 


though not identical. 

Burgers [1] put forward a mechanism for the 
transformation in zirconium, based on a shear on 
(112) planes in the [111] direction, followed by 
homogeneous dilatation in two directions and con- 
traction in a third. The magnitude of the postulated 
0.22; the that (111 
direction which is parallel to a direction of 
X-ray tests 


shear direction is 
1120 


from 


shear is 


the transformed phase. Apart 
which provided some indirect evidence for the apt- 
ness of the mechanism for copper-aluminium alloys 
[8], no attempts have been made to test its validity 
experimentally. This can be done by checking 
whether in each transformed region the habit plane 
is parallel to the particular {112} variant appropri- 
ate for that region, and by comparing the observed 
tilts on a free surface with those calculated from 
Burgers’ model. Such checks were made in the 


course of the present experiments. 


*McHargue |6 relief markings in the surface 
‘“intensified’’ by etching; but since the surface 
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2. Experimental Methods 
(a) Materials 


Specimens of iodide titanium rod with particularly 
well-formed facets were presented by the New 
Jersey Zinc Company (specimen 1), the Research 
Electrical Industries 


Laboratory of Associated 


(specimen and Philips Gloeilampenfabrieken 
The first two had roughly regular 


had 


Following 


(specimen 


hexagonal cross sections, while the last an 


accurately regular octagonal section. 
Burgers’ argument, these types had originally had 
axis. The first two were bounded by {110}, facets 
the +110} 100! 


facets. On most of the facets there were some areas 


gand (100) s, respectively, parallel to the prism 


only, last bv four and four 


several tenths of a mm across in which all marten- 
site needles were parallel. Specimen 2 did not have 
such large areas as the other samples and was not 
used for precision work. Qualitatively, results ob- 
tained with this specimen were consistent with those 


obtained with the other two. 


(b) X-ray Techniques 


Back-reflection Laue photographs were taken of 


individual areas of plates (referred to 


The X-ray 
correctly located, at first by painting around the 


mod 


parallel 
hereafter simply as areas). beam was 


area with fluorescent paint, later by using a 
fied version of the microbeam camera described by 
Cahn [9]. This apparatus provided a beam 0.2 mm 
in diameter which could be located with an accuracy 
of about 0.02 mm on an area previously selected 


under a microscope. To determine the relative 


orientations of several different areas on the same 
facet as accurately as possible, Laue photographs 
from two areas at a time were superimposed on the 
One of these was always the same 
The 
setting-up of the camera is thus by-passed. 
Some the 


[10]. 


same film. 


reference area. problem of the accurate 


Berg- 
Che 
| 


he selected area Gave a 


areas were also examined by 


hnique of ‘X-ray 


specimen was set so that t 


Barrett te microscopy” 
Bragg reflection with copper radiation. Individual 
areas were so small that the diffracted beam could 
not be detected by means of a fluorescent screen, 
but 

filter 
specimen, met this difficulty. 


the use of a Geiger counter, provided with a 


to cut out fluorescent radiation from the 


(c) Optical Techniques 
A complete photomicrographic map was made of 
specimen 1, which was the largest and also had the 
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of one facet. The arc-shap 
feature and are not 


COl 


transformation. Specimen 
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Some 
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ed markings are 
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was 1 ed found. 
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were determined. The 
0001) 11120 


stereograms, n r eacn 


positions of the poles of 
and planes were plotted on two 


specimen, having the 


ixis at the centre. Figure 


stereogram for imen 1. (Only a few 
id overcrowding. ) 
have been exactly 
, then th 
ved. How- 


e (0001 


igh 6 degrees 
le rotates all 
h re near the 
in such a way that they 
le. It 
irection 


On the 
oles other than those falling or 


‘ide with {110} 


was 
had 


6 degrees to the prism axis. rotated 


stereogram 
the primitive poles 
Figure 4). The hypothesis that (0001 (110!, 
alwa removes the ambiguity which troubled van 
Ginneken and Burgers. The 

one to distinguish between the 


>does not permit 


x 


external symmetry 


the 8-crystal 
igures 5a and 5b, but 

is excluded because the groups of basal 
piane poles at A, YandZz 


coincide with {110} poles. 


ientations of 


parent 
the alternative 


ure 5a 
Figure +) would not then 


\ similar analysis was made for sample 3, and 
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here again (0001) and {110} poles were parallel if 
the original [100] axis was assumed to have been 
tilted through the rod 


d degrees with respect to 


axis. 


N10 _ | 
+ rat 


1 
ul / 


The accuracy of determination of the orientation 
relationships was not better than about 2 degrees, 


because of the 


difficulty of setting the facets cor- 
rectly with respect to the X-ray beam. By the me- 
thod of superimposed Laue photographs, however, 
0001 


were 


planes in different areas on the same facet 


found to be nearly parallel, or at 60 or 90 


degrees to each other, but there was generally a 


( The estimated maxi- 


deviation of 1-1 > degrees. 


mum experimental error here was 3 degree. 


[he Burgers relationship requires that of the 


three normals to }|1120} planes in an 


should be 


others being 


one area, one 


accurately irallel to 11] the 


10°32’ 
this that 


one ol 


from another (111) direction. 


oriented 


parallel basal 


It follows from two differently 


areas which happen to have planes 


should differ in azimuth about the hexad axis by 


10°32’. 


Figure 8 have shown that 


Superimposed Laue photographs such as 


I 


the azimuths of such 


pairs of areas systematically differed by less than 
this angle. For the six pairs examined, the azimuth 
difference was always 9+3°. 

One Laue, reproduced as Figure 9, had most of 
its spots subdivided. The arrangement of the sub- 


spots consistent with the presence of two 


was 


contiguous areas with slightly different orienta- 
tions, related by a tilt of 1 degree, approximately 
about a [1010] axis. As a consequence, the basal 
planes in these contiguous areas were mutually 
inclined at 1 degree. It follows from the hypothesis 
that all areas represent variants of a single orienta- 
(0001 
parallel to {110}, but is removed from parallellism 


by about 3 


tion relationship, that cannot be exactly 


degree. The basal planes in the con- 


direction of the specimen 
t is the 
[1120} pe 101 110 
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tiguous areas are each inclined by 4 degree the ate. The present results agree most closely with those 


same (110) plane, but in opposing senses. of Newkirk and Geisler, though they used 


Areas which according to Laue photographs have surface method and stated tl 
parallel basal planes and differ only in azimuth method did not viel 
about the hexad axis, were indistinguishable by Occasionally an 
polarized light, as was expected. Areas a and 8 in could be followed across to the 


he corre 


Figures 6 and ; are a case i | nt. Bound rie t 


one 
between areas such as a and 8 appear to be of 

energy, for they are not attacked by the etchant 

(Figure 7). In area y, however, the basal plane is 

inclined at 60 degrees to the basal plane in a and 8, 

and correspondingly the y—-e@ and y—8 boundaries 


have been attacked by the etchant. 


(c) Habit Plane 


The striations in the areas of uniform oriet 
tion were assumed to be traces of the habit plane 
in those areas. Their direction was usually constant 
to | degree in any one area. In the case of specimen 
3, widely separated areas of similar orientation had 


accurately parallel markings, which verifies that 


the original 8-crystal had been of strictly uniform 
orientation. Specimen 1 was not so good in this 
respect. 

To derive the habit plane, a stereogram of each checked by 
specimen was drawn in the corrected orientation. on the two sur 
(The corrected orientation was obtained by trial investigated, the 
and error so as to get all basal planes to obey the to {8, 9, 12}. 
ideal Burgers relationship as nearly as_ possible McHargue’s hal 
l 


The maximum error of degree caused by the the one-surfa 
fact that this relationship is not exat th obeved iS in | ided 


less than the experimental errors.) The loci of between 


possible poles of the habit plane consistent with 

each family of striations were first entered on this 

stereogram and then all collected in one elementary 3347) 
stereographic triangle, as originally described by Rect 
Bowles [3]. This was done for 30 areas on specimen es 
and 24 on specimen 3. All loci for sper imen 3 | 
through a small circle of 1 degree radius and there 
was no other common intersection. Four sample 
loci are shown in Figure 10. The pole {8, 9, 12}, 
which is the point of intersection of all four loci, is 
marked by an open circle. The loci for specimen | 
all passed within 23 degrees of {8, 9, 12} and this 


was the nearest approach to a common intersection. 


For several reasons, referred to above, the results 
for this specimen cannot be as accurate as for 
specimen 3, and were regarded only as confirma- 
tion of the validity of the method used. 

In Figure 11 are assembled the data referred toin McHargue’s having unwittingly mistaken th 


the Introduction. The circles indicate published orientations after the fashion of van Ginneker 
estimates of experimental error; the 5-degree errors Burgers, because this can only happen if all 


for van Ginneken and Burgers’ data are our estim- basal planes of areas within a former 6-grain 


Suriace 
J | 
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cozonal, as they were not in his work. The source of had been obtained merely by a chance intersection 
the disagreement is not clear. of the pole loci in the unit triangle, then there could 
have been no sort of regular correlation between the 
(d) Correlation of Habit Plane with Orientation variants of such a spurious habit plane and the 
Frank [16] remarked that for the theorist it was orientations of the corresponding areas. The rule is, 
desirable to know which particular variant of the by the same token, a confirmation of the observed 
orientation ‘lationship applied rtensite orientation relationships and of the hypothesis that 
plates which are parallel a particular variant of all areas are variants of the same relationship. 
the habit | lane. This information was accort Vy The above rules can be compared with predictions 
obtained. Since the habit plane was known to be’ made on the hypothesis that the Burgers mechan- 
{8, 9, 12}, the habit plane variant for each area of ism operates. The above four variants are actually 
known rien tion ould be deduced from the reduced to two in this idealized case. The two 
that area. For observed variants with habit planes a and } become 
all such are: vithout exception, the following one idealized variant with habit plane (112), while 
rules were found t Id: those with c and d become a variant with habit 
i) Each of the six lattice planes of the form plane (112). Each actual habit plane variant is 
110} has associated with it four habit plane thus 10 degrees from the predicted plane. The basal 
variants each at an angle of about 87 degrees to it. planes of the two idealized variants are exactly 
Transformed areas of a-phase possessing any of parallel to } the azimuths differ by 
these four habit plane variants all ha asal plane: °32’. Thus far the Burgers mechanism seems to 
approximately parallel t 1e (110) plane in ques- be a fair approximation to the facts. 
tion. No other areas have basal planes parallel to it. The shear direction required by the Burgers 
ii) Of the four variants mentioned, one pair mechanism is [111] for the idealized variant with 
1 and [111] for the variant with 


differs by a 9 « in azimuth about the habit plane (1 


12 
hexad axis trot her pair. The difference of habit plane (112). The actual mechanism cannot 


members of either pairisa_ at first sight be a true shear in a close-packed 


uughly about that [1010], direction, since the observed habit planes are not 
normal to the common [1120]., exactly parallel to any (111) direction, but a 
ion is based on a comparison of surface contour of different areas 

has shown that in this respect, too, the Burgers 

four variants is set mechanism is a close approximation to the truth. 


This is explained in the next section. 


Surface Contour and its Correlation with Habit 


Plane and Orientation 


Examination of Figure 1 will show that the 
striations are strong in some areas, weak in others. 
The contrast between strong and weak areas was 

marked on the facets of specimen 3 

‘of specimen 1. Inspection of the feeble 

areas of spe imen 3 suggested 

ue to slip since they were short and 

1. Careful examination of a high-power micro- 


1 


graph of such an area revealed faint habit markings 
somewhat inclined to the slip lines (Figure 16), 
but as these could not be properly measured they 
were not included in the habit plane analysis. 

The strength of the striations was analysed on the 
hypothesis that the striations were weak or absent 
when the shear direction (rigorously, the direction 

the best of motion of the transforming atoms) was parallel 
he habit plane ob- to the plane of the facet on which they were ob- 


vethod. If this plane’ served. If the shear direction was inclined to the 
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plane of the facet, the striations were strong. By (1) Weak areas. Figure 15 is a typical interfero- 
means of this hypothesis the shear direction could gram of a weak area on specime! 1. There is vir- 
be approximately identified. tually no surface tilt, but there are deep grooves 

What follows refers to specimen 1. It was found which presumably mark the boundaries between 
that (1) all areas in which the basal planes were neighbouring plates. The absence of tilt is consistent 
approximately parallel to the facet under examina- with the hy pothesis th the shear direction is 
tion, were weak. In addition (2) some of those areas _ nearl parallel he surf . Within 


with basal planes at 60 degrees to the facet under 1 ites, the fine 


examination were also weak. All other areas were there has beet 
strong. 

Consider now only areas with basal 
parallel to (110), i.e., A in Figure 13. Ar 


ne specimen 


tl 
d 


\ 
\ 


areas visible on the facet parallel to A 
(1) above, and are weak. It follows that 
direction D is parallel to (110). Any 
visible on the facet parallel to B 101 
experimentally to be weak if they have h 
ataor b, or (1 12 in the idealize d ase; bu 
not weak if the habit plane is c or d, or 
idealized case. The shear direction 
areas on facet B must be parallel to 
for areas with habit planes a or 3, D i 
to A and to B, and therefore to thei: 
which is [111]. This direction is almo 
the habit planes a and 0. 
We have therefore shown th: 
mation the direction of atom m 
the common (110)3, (0001 
habit plane. This is just what Burger 
requires (compare Figure 5 of Burgers’ 
The weak areas on the eight-sided sa 
restricted to the four facets which had 
been {110}. facets. The other four facets, 
ally {100!.%, had only strong areas. Rea 
similar to the above led to the same conclusions. 
More detailed information about the surface int b and all th 
contour was obtained from the interferograms: ‘he neighbouring 
ation ol with rallel t oO! tending lower 
confirmed this conclusio1 original height, a 
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lip, as shown in (ii). Slip is largely inhibited 


and because of the proximity of the 


just as slip in a polycrystal is inhibited near 


but further along slip takes place 


freely. If the specimen could be retained in 


his condition the ridge through 6 would look like a 


the 


the metal transforms on 


up to point c, but the apparent 


yecause previous 


» surface to slope the other way. 
which had 
u. There 


tween 


been least affected by 


is now renewed accom- 


and d ‘hen (iv) this 


nsforms, it will again be tilted 


is calculated. (v) is the stage 


ippeared. This scheme is 


particular, it does not 


ts 1s always so 


9 degrees, in spit 


lee 
devoid of SLIp. No ittempt has 

1 
the poss1D! 


I role of accom- 


a-pnase. 


nds on accommodation 


slip are much 


( onsists ol 


whe n the whole area 


in the more usual case 
inte rpenetrating pl ites on 
ne variants help to accommodate 
accommodation slip is 


the B- 


is probable that the 


with a very slight rotation of 


the a 


ation gradient along each slip and 


line, 
a slight lattice curvature due to the retained 


There should also be a pronounced 


has been found of accounting for the 
n slipped and unslipped regions (ef. 


p in the a-phase must be invoked. 
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lattice curvature along the dotted line through c, 
which is a locus of slip discontinuity. There will 
therefore be a small difference in orientation, after 
transformation, along the dotted line in sketch (iv). 
[he proposed lattice rotation and the associated 
the fact 
that faint etch-markings parallel to the original 


sub-boundaries are consistent with (i) 


striations can often be seen on a polished and etched 


section (Figure 7, y), and that appropriate etching 
renders such markings quite bold [5; 6]; 


and (1i) the 


observed slight departure from the Burgers orienta- 
tion relationship. If it were not for the problem of 


iccommodation and its consequences, each area 


should consist of a single a-grain of strictly uniform 
orientation, featureless when etched. On this view, 
also the Burgers orientation relationship is accur- 
ately obeyed at the instant of transformation, but 


ired bi 


Figures 


subsequent lattice rotation. 
20 and 21 are reproduced an optical 
ind a Berg-Barrett micrograph, respectively, of a 
a facet. The Berg-Barrett micrograph was 
the had 


polishing. (This led to some alteration 


part ol 


taken after surface been smoothed by 


electrol tic 
The striations in 


distribution of the areas. 


21 in the area corresponding to A in Figure 
g 


rallel to the surface striations visible 


there. This is further evidence of the existence of 


lattice misorientations consistent with the above 


scneme. 
4. Discussion 

\ll the experimental results point to the con- 
clusion that Burgers’ idealized mechanism is a 
close approximation to what actually happens in the 
titanium transformation. The major discrepancies 
the 


divergence of about 10 degrees between the observed 


which have not yet been accounted for are 


and predicted habit planes, and the unexpectedly 


] 


small surface tilt. Geisler [17] has recently pub- 


lished an analysis of the habit plane problem for 


steels, in which he proposes that the nucleus of a 
martensite plate is related to the austenite lattice 
precisely according to the Kurdjumov-Sachs rela- 


(1113 
The observed deviations from this habit plane and 


lationship [18], with as the true habit plane. 


simple orientation relationship are ascribed to 
accommodation slip in either the martensite or the 
austenite. The theory is not an inescapable infer- 
ence from experimental observations, nor has it the 
power of predicting precise habit planes and surface 
tilts directly from crystallographic data at present 
available, yet it is consistent with a large number of 


observations. It appears to be capable of contribut- 
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ing to an understanding of the titanium transfor- 
mation, if the Burgers orientation relationship and 
( 112} habit is assumed for transformation nuclei. 
he 10-degree deviation of the habit plane in 
titanium from an ideal {112} can be viewed as 
resulting from accommodation slip of the type 
postulated by Geisler. Indeed, this deviation is 
smaller than the angular deviation between {111} 
and most of the habit planes reported for steels. 
On Geisler’s picture, the smaller deviation for 
titanium may well be a consequence Ol the smaller 
shear required according to the Burgers mechanism 


and the correspondingly smaller lattice distortion 
which has to be taken up by accommodation slip. 
Burgers’ shear is 0.22, while the magnitude of the 
first shear of the Sachs mechanism is 0.71. More- 
over, while steels undergo a volume change of over 
2 per cent during transformation, in titanium this 
change is less than 0.1 per cent. No attempt 
been made at a detailed interpretation of 
degrees deviation after the manner of Geisler, since 
nothing is known about the operative slip planes in 
8-titanium. 

Continuing with Geisler’s theory, the 
deviation from the Burgers orientation relationship 
may also be put down to accommodation slip; the 
smallness of this deviation is to be attributed to the 
same cause as the smallness of the habit plane 
deviation. For steels, as for titanium, the absolute 
angle of deviation from the ideal is smaller for the 
orientation relationship than for the habit 

Che readiness with which large volumes of £- 
titanium transform into a single family of parallel 
plates, which is in such contrast with the finely 
interlaced pattern of plates found in steels, can 
presumably also be attributed to the smaller dis- 
tortion accompanying the transformation in titan- 
ium. 

Before Geisler’s paper was to hand, atten 
been made to analyse the habit plane on the 
of the observed orientation § relationshi 
method of analysis proposed by Frank [16 
adopted, using lattice parameters appropria 
the transformation temperature (880°C) obtained 
from recent publications [19-21] 
ment was chosen because it is presented in a forn 
that facilitates its extension to a non-ferrous case. 
The procedure was to assume the correctness of the 
observed habit plane, and then to find which lattice 
rows in the a- and @-lattices, if any, were parallel 
to each other and to this habit plane. Then the 


analy sis of section 7 of Frank’s paper was applied 


to find which of the infinity of planes containing 


the lattice 


habit plane. 


should be 


the observe d 


contour. 
Next the 
ex 
the method 


forwardl 


one 
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titanium transformation in a way that would 
account quantitatively for the tilt of the escarp- 
ments and for the {8;9; 12} habit plane. As detailed 
attention is being directed to possible generaliza- 
tion of the theory by Bowles and Mackenzie [23] it 
will not be discussed here except to point out that 
it should be directly applicable at most to those 
portions of the titanium plates within which slip is 
least prominent, the escarpments. In the adjoining 
portions (the slopes) slip is believed to have tilted 
the surface with respect to the escarpments. The 
difference in tilt between escarpments and slope 
cannot be assigned to any distortion mechanism 
that would result in pronounced reorientation of 
the lattice away from the orientation in the 
escarpments because such reorientation is observed 
to be very small. 

Experiments are currently being undertaken 
with titanium-manganese alloys, in which the £- 
phase is metastable at room temperature after 
quenching, in order to obtain more information 
about the early stages of the transformation, and, 
indirectly, about the transformation mechanism. 
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where the parentheses (and the prime) indicate 
that x’ is a row matrix. Since directions will usually 
be referred to the basis A and appear in equations 
as column vectors, while normals to planes when 
referred the reciprocal basis A* will usually 
appear as row vectors, the use of these types of 
bracket conforms with established crystallographic 


conventions. 
b) Scalar Products and Normals to Planes 


lhe scalar product of two vectors x and y is most 


easily calculated when one of the vectors is referred 


o the basis A*, while the other is referred to the 


Using equation (3.3), 


* , * 
= xy. 


The scalar pr duct can therefore be calculated in 


the simple way that holds for an orthonormal basis. 
When both x and y are referred to the basis A, 


the transformation (3.4 
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A) of the vectors, s A, into which the set of base 
vectors A are transformed by the strain S. 

The strain S transforms points lying in a plane 
with normal n into points lying in a plane with 
normal m given by 


where the components of the row vectors m’ and n’ 


= 


are those of m and n relative to A’ 
The determinant of § is equal to the ratio of the 
final volume V; of any particular closed region to 


its initial volume V; 


3.13) V/V; 


where A is the dilatation which must be greater 
than minus one for a physically realizable strain. 


d) Unrotated Lines and Planes 
The non-zero solutions of the equations 


(3.14 Sx = Ax, n/S = An’, 


where \ is some constant, define lines and planes 
respectively that are not rotated by the strain S. 


These equations have non-zero solutions only if \ 
satisfies the determinantal equation 


3.15) 


Equation (3.15) has either one or three real (charac- 


teristic) roots so there is always at least one un- 


rotated line and a corresponding unrotated plane. 


A characteristic root \, determines the ratio 1/A 


of the length of the corresponding vector x, to the 


length of the vector into which it is transformed by 
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the strain. Similarly X, is the ratio of the final to the 


initial spacing of a set of equidistar parallel 
1 


planes with normal n,. Thus, if a A : corre- 


sponding line is an invariant line and orre- 


ynding plane has an invariant normal. > that 


plane in which all lines 


plane, does not 


normal. 
4. The Nature of the Homogeneous Strain 


In this 


effects which martensite transformations produce 


ection an analysis is made of the relief 
on polished surfaces and the nature of the strain 
producing them is determined. 

The relief effects produced by all martensite 
transformations are essentially similar. In the region 
where a martensite plate meets a free plane surface, 
the surface remains plane and is simply tilted about 
its intersection with the habit plane (the plane of 


the plate). Similarly, where a martensite plate 
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1052 
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t commutative; for, by the 
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intercepts a straight line, scribed on a plane surface tinuous after transform 


prior to transformation, the line is changed in only differ from unit 


direction but remains straight. Furthermore, the \part from this s1 
matrix is displaced in such a way that the line eous st1 
remains continuous across the interface. | e aninvaria! 
planes (straight lines) are distorted into plane invari: 
(straight lines) the observed change in shape ca: sideration 
be described by a homogeneous strain. 

lf the habit plane were rotated by this 
plastic deformation of the matrix would 
quired in order to preserve the continuity 
a plate and the surrounding matrix. Since th 
of the length to the thickness of a martensite 
is large, the amount of plastic deformation would 
be extensive even for small rotations of the habit 
plane. Moreover, if the boundaries of t 
crystal are constrained, as in a_ polycrystalline 
aggregate, rot ition of the habit plane would involve 
transport of material from one side of a plate to the 
other. The amount of plastic deformation in the 
matrix, as revealed by the lateral displacement of 
scratches on a polished surface, is not compatible 
with any ippret iable rotation of the habit pl ine. It 
can, therefore, be concluded th it the habit pl ine 1s 
not rotated by the homogeneous strain 

Since any free surface is simply rotated 
intersection with the habit plane, no line 
plane can be rotated by the homogeneou 
A direct test of the accuracy of 
furnished by the observation 
plate and the neighbouring matrix 
focus under a microscope while 
whole length of the plate. Since pla 
centimetre or more in length no line c: 
within the habit plane by 

Hence, the change in shape on ti 
can be described as a homogeneous 
which the habit plane and 
rotated. Thus, if x; and x. are non-par 
lving in the habit plane, then 


(4.1 Sx: = Aixi, Sx 


where \,A2 are constants. Since 


ax; + bx. lying in the habit plane 


S(ax: + = A(ax; 


This last equation is true foralla,/so that 

Hence, the strain §/\ is such that the plane defined 
by x1,x2 is invariant: an invariant plane strain. 
This strain differs from § by a pure dilatation Al. 


Since scratches crossing the interface remain con- 
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6. The Nature of the Inhomogeneous Strain 


Since the change of shape can be described, apart 
from a small dilatation, by a homogeneous strain in 
which one plane, the habit plane, is invariant, it is 


clear that this strain alone cannot possibly describe 
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the total atomic displacements unless the atomic 
configuration in the habit plane is the same in both 
the initial and the final structures. In all other 
cases, additional atomic displacements are required. 
[These additional displacements constitute a strain 
in which the lattice generated by the homogeneous 


Thus, 


this strain must be homogeneous 


strain is distorted into the final lattice. 
the total strain S,, 
within volumes having at least the dimensions of a 
this 


like 


cell. In spite of its local homogeneity 
inhomogeneous on a larger scale 
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since it of shape. 
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her with some kind of localised inhomo- 


] 1 
produces no observable 


additional ‘inhomogeneous’ displace- 


ments Ca 
veneity. For convenience, this homogeneous strain 
will be called hereinafter the complementary strain. 
[The complementary strain cannot be accom- 
panied by any dilatation, for, regardless of the kind 
of inhomogeneity, such a dilatation would inevit- 
ablv be cumulative and would, therefore, already 
be included in the observed homogeneous strain. 
This is the only general restriction on the nature of 

the complementary strain. 
In order that the ‘inhomogeneous’ displacements 
1all cause no observable change in shape it is clear 
the inhomogeneity must arise from localised 


ents which counteract the change in 


would otherwise accompany the com- 


plementary strain. Since these localised displace- 


ments must leave the final lattice continuous and 
strain is a 
shear, an observable change of shape need 
ur if slip takes place on closely spaced planes 
shear plane. When the complemen- 
strain is more complex, slip on several systems 

is required to avoid change of shape. 

It is assumed in the present work that the com- 
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This 
observation that martensite plates are frequently 
the 


simple shear. condition, together with the 


twinned, leads to additional restrictions on 
nature of the complementary strain. 

When a transformation produces twinned mar- 
tensite plates, the observed change in shape caused 
by the transformation is the same for both twins. 
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Phe displacement of the vectors x above by § and plane n’, with the invariant normal, and mj,mj are 
P, are the same provide normals to any planes (except the plane n{) con- 
taining dj,d2 respectively, then nd; nid = 
and mid; = md, and the alternative factoriza- 
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is the direction which is transformed 
‘cond strain. 


factorizations 1S 


ieave 1n 


nvariant the plane generated from pj} i.e. isured by the condition that § is not itself an 

plat pis arl Provided the Dp p,; 1s 

strain on this plane. must ; lisplace all ve istinct from » planes pf and p{S"', the unique 
di determined 


conditions 


The precedi 
provided tl 
ly is any 
from x; the 


therefore, be applied a ince its result is 
the planes of the two component strains 
must be p{ and p{S~'. When § is itself an invariant 


-ain, the two factorizations, although valid, 


bv 


ts of possibilities. 


eT 
8.8) enable any invariant 
- factorized into two invariant plane 
in a double infinity of ways. It remains to 
show how the requirement that the second com- 


ponent strain be a simple shear in a known direc- 
plane) determines a unique 


el U1] special cases In the 


strain 
nt plane ntain the shear directio1 ind the invariant 
directions , provided tnese are 1 1 tn ame direction 


normal. In 1 provided § is not itself an invariant plane 
specified, Is] | 
of each strain is uniquels 

determined by the displacement of normals that are factorization. Alternatively, if the plane pj 
invariant to the other strain, i.e., normals to planes now! -_ letermined and Sd: must be the 
ini li ion of the other strain. Thus, intersection of the plane p/S ind the plane with 
chosen directions lying in the invariant normal n’ (unless, of course, these 

normals coincide), and equation 


shown 


ire aiternative tactorizati 


since px; = 0. Thus, because the planes pj a dp) 7 
4 
are distinct ply 0 and & is uniquely determined | ; 
lly ible x. Her ‘| Sd mS m mids) | 
iU! if i C, 
| — di(miS  — /(m:S  di)}. 
8.5 P, = 1 + [Sy2 — ye] pi/(piys), 
is the unique invariant plane strain which displaces Note t 
ill vectors in the plane pj to their final itionsand_ thatd 
leaves the pla Pp; In\ lant. by S in 
The remaining part of § is a strain which must [The equivalence of these two __—___ 
leory can now be applied again first factorization satisfy the ME that d; is 
nes pf and are distinct. Thus, distinct from and otherwise $ would be an 
r lying in the plane p{ and distinct invariant plane strain.{ The second factorization 
86) [Syi — yi] p:S / y:). 
pla I 
The final factorization of is therefor — 
‘ 
‘ (8.7) § = {1+ [Sy: — yi] y 
195-¢ 
{1 + [Sys — ye] pi/(piye)}. 
It is easily verified that the product on the right 
transforms the three non-coplanar vectors x;,y1,y 
into x;,Sy.,Sy2 respectively, and so the equality is factorization except | hi 
established independently. This factorization shows present problem the known direction (plane) is of 
that when the planes of the two component strains course a twinning d tion (plane of the final 
re known? the direction (and magnitude) of each _ structure. 
strain is uniquely determined by the displacement If the direction Sd» (and hence de) of the second 
of vectors lyi n the invariant plane of the other strain is known, 1 plane p’ of the first strain is 
strain. This has also been demonstrated stereo- uniquely determined by equation (8.8). Further, 
oT nhicallv bv Bowles the ine ind hence of the second strain 
It can also be shown that an invariant § . 
can also be shown tha } invarian 
Cal lwat Ss be re Ived into two invari 
strains occurring in arbitrarily chose 
Although the planes p’2 can be chose a doubk 
of the component st d so p’2Sy p iy > nd poy $= {| + Sdop3S 1+ dip 
> 0. These conditions are always satisfied when one = {1 + dipi} {I + dpi}, 
component is a simple shear. ee; of S 
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required result. Similar arguments can be used if 
the first strain is to be a simple shear (see footnote 
on p. 136). 

A convenient way of determining the plane and 
direction of Pi, when P, is a simple shear, is as 
follows. Since $d. and p3$~' are invariant to Ps, P; 
must have displaced d. and p3 to their final posi- 


tions. Thus, Pid, = Sdo, = psS-' and so 


d; parallel to Sd. — 


(8.9 1e- 
p! parallel to p3S~* — pi. 


9. Conclusion 


It has been shown that the change in shape that 
accompanies the formation of a martensite plate 
can be described by an invariant plane strain 
together possibly with a small dilatation. Further, 
for transformations which produce twinned mar- 
tensite plates, the assumption that the complemen- 
tary strain is an invariant plane strain has been 
shown to imply that it is a simple shear on the 
twinning plane or in the twinning direction of the 
final structure. Finally, it has been shown how either 
of these conditions determines a unique resolution 
of the total strain into suitable homogeneous and 
complementary strains. 

The question that now arises is which of these 
conditions applies in any specific transformation? 
Since the the 
found in all cases so far analysed to be the twinning 
plane [2; 10; 4; 12], shearing on this plane is more 
likely to be the relevant condition. However, in all 


interface between twins has been 


consis- 
tently resolved into component strains [3; 4; 12] it 
has been found that the complementary strain is 
part of the twinning shear. We therefore propose as 
a working hypothesis that both conditions are 


cases where the transformation has been 


simultaneously satisfied for all martensite transfor- 


tions.* The fact that twins have not been observed 


in all transformations does not detract from this 


hypothesis; for the physical processes involved in 
producing the twin orientations are not, in general, 
equivalent (they have different orientation rela- 
tionships) and one of the twin orientations may 
not be formed for energetic reasons. 

This hypothesis imposes certain restrictions on 
the nature of the total strain S,;. The complementary 
strain can be a part of a twinning shear, Only if the 
invariant line strain derived from S, (by removing 
the appropriate dilatation) is such that the invar- 


*In discussing the results of Machlin and Cohen [5] 
the authors have suggested that shearing in the twinning 
direction is the relevant condition, and Machlin and Cohen’s 
results appear to lend support to this view. However, in Part 
III of this series, Machlin and Cohen’s experimental data 
will be shown to be compatible with the present hypothesis 


LRTI 


NSITE TRANSFORMATION I 137 
lant line lies in the twinning plane, and the plane 
with the invariant normal contains the twinning 
direction. In principle, when the correspondence is 
known, it should be possible to check the validity 
of these requirements by measuring the orientation 
relationship. Unfortunately, however, variations in 
orientation within the usual experimental error of 
about 3 degree can sometimes cause large move- 
ments of unrotated lines and planes, so that this 
test alone is likely to be inconclusive. 

For this reason a different procedure will be 
adopted in subsequent papers. It will be shown in 
Part II that the above requirements of the hypo- 
thesis, together with the correspondence and the 
dimensions of the initial and final lattices, deter- 
mine S; (and hence the orientation relationship) 
apart from a single parameter. If a value of this 
parameter can be chosen to give agreement with, 
say, the observed habit plane, S; can then be cal- 
culated and the factorization carried out. 

The first test of the hypothesis is, of course, to see 
whether the observed habit plane is compatible 
with any value of the unknown parameter. If this 
is so, the hypothesis can be tested further by 
comparing the predicted direction of the first 
invariant plane strain and the predicted orientation 


relationship with those measured experimentally. 
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THE CRYSTALLOGRAPHY OF MARTENSITE TRANSFORMATIONS II* 


J. K. MACKENZIE and J. S. BOWLES? 


The hypothesis advanced in Part I requires that the total strain in a martensite transformation be 


such that a twinning direction in the final structure lie in an unrotated plane and the twinning plane 
contain an unrotated line of the strain. From these conditions, together with the correspondence, 
and the dimensions of the initial and final structures, an explicit expression for the total strain is 
obtained. Hence, the orientation relationship and the component strains are determined. 


LA CRISTALLOGRAPHIE DES TRANSFORMATIONS MARTENSITIQUES II 


L’hypothése proposée dans la premiére partie exige, que lors d’une transformation martensitique, 
la déformation totale soit compatible avec un arrangement par lequel une direction de maclage, 
dans la structure finale, soit comprise dans un plan qui n’a pas tourné, et que le plan de maclage 
renferme une ligne de déformation qui n’a pas tourné. Ces conditions, en méme temps que le rapport 
entre le réseau initial et le réseau final, ainsi que leurs dimensions, conduisent a une expression 
explicite de la déformation totale. De la on peut déterminer la relation d’orientation et les com- 
posantes de déformation. 


DIE KRISTALLOGRAPHIE DER MARTENSIT-TRANSFORMATIONEN II 


Die in Teil I dargestellte Hypothese verlangt, dass die Gesamtverzerrung in einer Martensit 
l'ransformation so gestaltet ist, dass die Zwillingsrichtung der Endstruktur in einer Ebene liegt, die 
in der Transformation nicht rotierte, und die Zwillingsebene eine nicht rotierte Grade des Ver- 
zerrungstensors enthalt. Aus diesen Bedingungen zusammen mit ihrer notwendigen Gleichzeitigkeit 
und den Dimensionen der urspriinglichen und der Endstruktur wurde ein expliziter Ausdruck ftir 
die Gesamtverzerrung erhalten. Folglich sind damit die Beziehungen der kristallographischen 
Orientierungen und die Verzerrungskomponenten bestimmt. 


1. Introduction 


In Part I it has been shown that the displace- 
ments of atoms in martensite transformations can 
be described consistently by means of a homo- 
geneous strain, which is defined by the change in 
external shape produced by the transformation, 
together with inhomogeneous displacements which 
produce no observable change in shape. The homo- 
geneous strain is composed of an invariant plane 
strain and, possibly, a small dilatation. Within 
sufficiently small volumes the inhomogeneous dis- 
placements can be described by a homogeneous 
strain, and the hypothesis has been advanced that 
this homogeneous strain, which is called the com- 
plementary strain, is part of a twinning shear in the 
final structure. The hypothesis requires the twin- 


ning direction to lie in a plane which is not rotated 
by the total strain and the twinning plane to con- 


tain 


the corresponding unrotated line. It has also 
been shown that, provided the total strain satisfies 
these conditions, its resolution into components of 
the required type is always possible and is uniquely 
determined. 

In this paper it will be shown that the above 
conditions, together with the correspondence be- 
tween the initial and final structures and their 
dimensions, determine the total strain, apart from a 
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correction due to the small dilatation mentioned 
above. The total strain will be calculated explicitly 
and all the geometrical features of the transforma- 
tion, including the orientation relationship, can 
then be determined, apart from this small correc- 
tion. In particular, the normal to the habit plane 
should lie in a certain surface and this can be 
checked experimentally; if so, its precise direction 
can be used to fix the unknown small dilatation. 
When twins are formed it is unlikely that the 
two correspondences are not crystallographically 
equivalent. If they are equivalent, it will be shown 
that the twinning direction is determined when the 
twinning plane is known and that this plane must 
be generated from a plane of symmetry in the 
initial structure. The initial structure would then 


have at least the symmetry of a monoclinic crystal. 


2. Notation 


he notation used in the present paper conforms 
vith that used in Part I. However, some extension is 
necessary to deal adequately with the problems 
that arise when the same vector or strain has to be 
referred to different bases. The extension consists 
in adjoining basis symbols A, B, etc., as indicated 


below. 


a) Vectors 


The set of non-coplanar base vectors a;, a, @3, 
the rhe 


matrix, whose elements are the components of a 


will be described as basis A. column 


= 
] / 
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AND 


vector X relative to this basis will be written in 


extended notation as 
(2.1) 


x = [x71 = A; x], 


while the transpose of x will be written 
(2 2) x’ = 


Note that 
change in the type of bracket and by the reversal 
of the order of the symbols. This reversal of order 


(X1,X2,X3)4 = (K; A) 


transposition is denoted both by a 


ensures that, in products, like basis symbols occur 


in adjacent positions. 


(b) Metric and Scalar Product 

The metric associated with the basis A will be 
written (A*Ga). The relation x* = Gx between 
the components of x referred to the reciprocal 
basis A* and its components referred to the basis 
A becomes 


[A*;x] = (A*Ga)[aA;x]. 
Since the metric is symmetrical 


(a*Ga)’ = (a*GA), 


and the scalar product 


(2.4) 


(2.5) x.y x; A*)[A;y] = (x; A)(A*GA)[A; y]. 


(c) Strains 

A homogeneous strain § transforms a point with 
position vector x into a point with position vector y. 
When the 


this transformation will be written 


these vectors are referred to basis A 


(2.6 [A;y] = (ASA)[A;x],  y = Sx, 


where (ASA) = S is the matrix representation of 
S referred to the Note that 
bold face type stand for physical entities, 
that the extended notation is simply a way of 


basis A. letters in 


and 


denoting their matrix representations relative to 


explicitly specified bases. When there is no doubt 


which bases are involved these matrices are denoted 
by the corresponding symbol in sans serif type, as 


in Part I. 
A plane with normal n is transformed by the 
strain § into a plane with normal m given by 


(2.7) m:a*) = a*)(ASA 


The basis symbols A and A®* are adjacent in this 


relation because ( ASA)! has been substituted for 
(a*S* a*)’ 


the recipr¢ cal lattice. 


, where S* is the corresponding strain in 


(d) Change of Basis 


The components of any vector x referred to a 
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new basis B, comprised of the vectors b,, bs, bs, are 


related to the components ol the same vector 


referred to the old basis A by the transformation 


2.8) [B;x] = (BT«A)[A;x], 


Che s 
cessive re the components 
of the old a O10),, 
= [001], referred to the new basis B 
The bold face symbol T ec be 


either as representing the process of transforming 


BTA) is a non-singular matrix. ICc- 


where 
columns of this matrix a 
base vectors a 
interpreted 
from one basis to another {1 to B, Say), Or aS a 
the basis symbols A 
BTA) of 
the 


function symbol operating o1 
to give the matrix representation 
\TB) is 


and B 
the 
matrix representation of the transformation 


transformation process. Thus, 


irom 


the basis B to the basis A. If 


2.9 BTA) =f, 


then it follows that 


2.10 BTA = 


Similarly, to the juxtaposition of like 


basis symbols it is convenient to introduce another 


T) defined by 


preserve 


function symbol T’ (different from 


2.1] (BT A)’ = (AT’B 


transformation of components of normals 


Che 
referred to the recipr i al b SIS is clearly 


[B*;n] B*T a*)[A*; nl], 


which becomes on transposition 
n;B Nn; 


However, it can be shown that 


and so the convenient relation 


(2.12 n;B 
is obtained. 


convenience of the extended notation is 


Che 
clearly the following transformation 


B*GB) corre 


illustrated by 
formulae. The metric ‘sponding to the 


new basis B is civen by 
B*GB 1TB 


\ 
FGA 


2.13 
Similarly, the strain S referred to the new basis 
becomes 

BTA)(ASA)(ATB 


2.14 (BSB 


The following relations betwee 


transiormations 


Le 
5 
n; a*)(aTB), 
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cessive columns of a strain matrix (ASA) are the 
components relative to the basis A of the vectors 
Ss A into which the base vectors A are transformed 
by the strain, it follows that 

ASA ATSA 


2.15 


the strain S which transforms the set of 


is given by 


Hence, 


vectors B into the set c 


1S a) = (aATB)(BSB)(BTA), 
2.16 = (ATB)(BTc)(BTA 
ATc)(BIA 
Note that the substitution for (BSB) immediately 


means that like basis symbols are no _ longer 


adjacent. 


3. Correspondences 


In Part I it was shown that a martensite trans- 
formation can be described, at least locally, by a 
homogeneous strain S,. This total strain clearly 
defines a one to one correspondence between lattice 
vectors in the initial and final lattices. Although S, 
is not known, the associated correspondence can be 
determined from physical considerations [1; 2]. It 
will be shown that this correspondence provides an 
essential piece of information in the calculation of 
the total strain. 

The 


described by 


initial and final lattices -“ and 4 can be 


their 
The 
vector 


and B and 
(B*GB). 
correspondence lattice 
{a;x]in-“/with a unique lattice vector [B ; y] in F, 


means of bases A 
(A*GA 


associates 


associated metrics and 


every 
the relation* 


iT d can be desi ribed by 


3.1) BC a)[a;x], 
BCA) is a non-singular matrix which has 


tegral elements and determinant 


where 
+1 provided 
the bases A and B both define primitive unit cells. 
rhe (BCA 

B of 


ponents 


the com- 
lattice 


successive columns of are 


the 
4 which correspond to the base 


referred to basis the 
vectors, C A, in 
in 4 By a suitable choice of bases the 


the 


vectors A 
always be made 
=I. 


between 


correspondence matrix can 
identity matrix; for example, (Cc 


The above correspondence vectors 


implies that points in a plane with normal m in 4 


given by 


3.2 m: B*) = (n; ,1CB 


correspond to points in the plane with normal n in 


It should be remembered that in the 


BCA) onl 


present problem 
describ I -orre ndence within the small 


trai 
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‘%. The correspondence can be referred to new 
bases in the lattices “and FZ as follows 


(3.3) (B’Ca’) = (B’TB)(BCA)(AT A’). 


4. Principal Axes of the Total Strain 


When a body undergoes a homogeneous strain 
there is always at least one set of mutually ortho- 
gonal directions, called the principal axes, which 
are transformed into a set of orthogonal directions 
by the strain. It is clear that the correspondence 
between two known lattices -/ and & determines 
the initial and final angle between pairs of corre- 
sponding lattice vectors, and hence the principal 
axes. It can be shown that the principal axes are 
determined by the non-zero solutions for [ A; x] of 


the equations 


(4.1) {(aC’B)(B*GB)(BCA) — w2(a*Ga)!} 
[a;x] = 0, 


where yu’? must satisfy the determinantal equation 
C G,C = 


using an obvious notation. Since G, and Gz, are 


(4.2) = @. 


symmetric positive definite matrices this equation 
gives three positive values of yp” the 


[A;xX,] where = l, 2, 


and three 


associated vectors 3, can 
always be chosen to be mutually orthogonal unit 
vectors [3]. 

The identification of the vectors so determined 
with the principal axes is made as follows. Let 
Yi, Y2, Y3 be the vectors in 4 which correspond to 
the above X;, Xo, X;. Then, 


(yi; B)(B*GB)[B; yo], 
4)(AC’B)(B*GB)(BCA)[A; x9]. 


J 


the left by 
Ms, it follows 


On (4.1) on 
(x; A) and putting x = 


that 


multuplying equation 
and pz? = 


== 


and, since Xx; and X2 are perpendicular, y; and y2 are 
also perpendicular. Further, a similar calculation 
gives = so that is the square of the 
ratio of the final to the initial length of x;. Other 
pairs of these vectors behave similarly. Thus, the 
mutually perpendicular vectors X;, Xz, X3 corre- 
spond to mutually perpendicular vectors yi, Yo, y3 
and yi, “2, ws determine the corresponding principal 
strains. 

If the orthonormal set of vectors Xi, Xo, Xz is taken 
as a new basis Pp in and the corresponding ortho- 
gonal set yi, Yo, Y 
terms of these bases the correspondence matrix 


as a new basis Pp; in &, then in 


a3 
homogeneously regions. 
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(pCp,) and the metric (p*GP) are both identity 
matrices. The successive columns of the transfor- 
(ATP) the 
Xi, X2, X; referred to A which have just been deter- 
B is 


mation matrix are components of 
mined; the corresponding transformation in 


given by 


(4.4) 


(BTp,) = = (pCa)(aTP) 


Further, on introducing the diagonal matrix M2, 
with diagonal elements My Mos Mss the three equa- 
(4.1) by putting x = x, 
= My etc. can be compactly written 


C’G,C(aTr) = 


this equation on 


tions obtained from 


(4.5) 


On 
(pT’ 


together with (4.4) it follows that 


* 2 
(p,Gp,) =M, 


multiplying the left by 
1) and using (2.13) for transforming metrics, 


(4.6) 


‘4, The matrix M represents 
the strain referred to Pp which merely extends the 
final 


is the new metric in 


base vectors Pp to their lengths without 
rotation. 

When the relation between the bases A and B is 
known the strain associated with the correspon- 


dence (BCA) is clearly 
(4.7) § = (aSa) = 
Using equation (2.13), it follows that 
S’G.S = CG,C, 


the principal axes and their associated 


(ATB)(BCA) 


(4.8) 


so that 
principal strains can equally be determined when 


S is given. 
5. Determination of the Total Strain 
The total strain S, is required to transform a 
VY into a lattice -4 in accordance with a 
specified correspondence. The invariant line strain 
S, derived from S, by 
dilatation 1/6, is to satisfy the conditions that a 


lattice 


the removal of a suitable 
twinning plane in lattice 4 contains the invariant 
line of S and that the associated twinning direction 
in lattice A lies in the plane with the invariant 
normal (§7, Part 1). 

The results of the last two sections show that 
the correspondence, together with the two metrics, 
determines a set of principal axes P in Wand a 
matrix M_ that the 
Pp) which extends all vectors to their 


diagonal represents strain 
(referred to 
final lengths but does not rotate the principal axes. 


It follows that the total strain is given by 
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(5.1) S, = (PS,pr) = RM, 
S$ = dRM, 


where R is the matrix which describes the rotation 


(PSp 


of the principal axes to their final directions.* It 
remains to show that 
determine R 


the other conditions effec- 


tively and hence the orientation 


relationship. 
all strains and 
Since 


In the remainder of this section 
vectors will be referred to the basis P in 
these other conditions are given relative to the 
lattice ‘4, it is necessary first to find equivalent 
¥. It was shown 


in Part I that the displacement of any point by the 


conditions referred to the lattice 


invariant line strain §S lies in the plane with the 
invariant normal. Since the final position of the 


twinning direction in *% is to lie in this plane, so 
from which it is generated. 


the 


must the direction in 
This 
twinning direction by means of the correspondence. 
that 


initial direction is determined from 


A similar argument shows the plane from 


which the twinning plane is generated contains the 
invariant line. 


Unit vectors u and h in the known initial posi- 
tions of the twinning direction and the normal to 
the twinning plane will be denoted in a// succeedin 


Sec tions by 
h h, 


Thus, a unit vector x; parallel to 


the invariant line of S lies in the plane with normal 


respectively.T 


h, while a unit vector n varallel to the invariant 
| 
will now 


and n; in 


normal lies in the plane with normal u. It 
be shown that the possible positions ol X 
their respective planes are determined by the con 
dition that S leaves their lengths unchanged. The 
further condition that they are not rotated by S 
then determines the rotation R 

Since the rotational part, R, ol S does not ch inve 
the length of any vector, all changes in length must 
be due entirely to 6M. Thus, if 
in the plane with normal h and 


length by S 


a unit vector x lies 


is not changed in 


h’x 


and 


because the strain 5M changes x into 5bMx. 


satisf\ ing these three equations lie respectivel\ on 


a plane, a sphere and an ellipsoid. The intersections 


| 
L, 
= x’x = 1, | 
x 
*Since P is an orthonormal | RR Il, and &’S M 
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of the circle and the ellipse, defined by the inter- 
section of the plane with the sphere and the ellip- 
soid respectively, give the x satisfying all three 
equations. Provided the elements of 6M lie between 
certain limits two possible x are thereby determined 
and these give the possible positions of the invari- 
ant line X;. 

[he corresponding equations for determining a 
unit normal n which lies in the plane with normal u 
and is not changed in length are 

n/n 

n’'M~*n 
These likewise determine two possible positions of 
invariant 
an x and an n, 
(5.5), is left unchanged by the strain 6M. 


the normal n;. Further, the angle be- 


tween determined by equations 
5.4) and 
This follows, since n is transformed into 6-'M7'n, 


into 6Mx, so 'M-'n)’ = 


identically. 


and x that (6 n’x, 

There are now four possible ways of identifying 
the pair of vectors x; and n; with the possible x and 
n. This multiplicity of possible solutions will be 
considered in detail later (§$§8, 9), but having made 


a choice, the rotation matrix R is uniquely deter- 


mined as follows. The strain § is composed jof 6M 
followed by the rotation R. Since the direction x 


and the normal n; are not rotated by S, it follows 
that R is the 
rotations of x; and n; due to 6M. Both the lengths 
of x; and n 
changed by 6M, so this restoration can always be 


unique rotation which reverses the 
and the angle between them are not 


accomplished by a rotation. 

It is now clear that the conditions imposed 
determine four distinct possible total strains. Thus, 
the whole problem is, in principle, solved. How- 
ever, the direct calculation of R, as above, is com- 
plicated and this is avoided in the calculation of S 


in the next section. 


6. Calculation of the Invariant Line Strain 


The explicit calculation of the invariant line 
strain § will be carried out in two stages. The first 
step is to calculate the strain S; which, (a) has an 
invariant line lying in the plane with normal h, 
b) has the specified principal axes Pp, with their 
correct extensions, and (c) leaves the plane with 
normal h This 


requirements except that its invariant normal does 


unrotated. strain satisfies all 
not necessarily lie in the plane with normal u. The 
required invariant line strain can only differ from 
S, by a rotation about the invariant line, since this 
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is the only additional strain which affects neither 
the invariant line nor the principal axes and their 
extensions. The second step, therefore, is to deter- 
mine a rotation R, about the invariant line, such 
that in the combination of S; with R, the invariant 
normal lies in the plane with normal u. 

The simplest way to define the positions of the 
invariant line, and the invariant normal, relative 
introduce the ortho- 


to known directions, is to 


normal basis I for which 


(6.1) h, i, = i. is. 


The positions of the invariant line x; and the in- 
variant normal n; in the planes with normals h 
and wu are then fixed relative to the vector i; by the 


angles a and 8 shown in Fig. 1. Thus, 


(6.2) [1;x,] = x; = [cos a, sin a, O];, 


(6.3 (n;: 1) = n’ = (cos 8, 0, sin B) ,, 


are unit vectors in the required planes. 


FIGURE 1 Stereographic projection showing the orienta- 
tions of the bases I and L ling plane 
normal h and the twinning direction u. 


relative to the twin 


The equations determining @ and £ are derived, 
as before, by equating to unity the final lengths of 
these vectors after the strain S. Since the metric 
associated with the basis I is identity, the square 
of the final length of any vector x after the strain S 


1S 


(6.4) (x; 1)(1S1)’(1S1)[1; x], 


and because (18,1) only differs from (1S1) by a 
rotation, S; may be substituted for S. Now, 
(181)/(1Sr) 
(1T’ Tr 
(s1*GsI = G 


| 
| 
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where SI is the basis generated from 1 by the strain. 

To evaluate G, and so determine the square of 
the final length of x, the transformation matrix 
(eTr) must be found. The successive columns of 
(eT1) are the components of the vectors ij, is, i 
referred to the basis P, and this is convenientl\ 


indicated by the notation 
(6.6) 


It follows thatt 


(pT1) = (in, ic, is) = (in, u, h). 


(6.7) 5°M (in, is, is), 
and the elements of this important matrix G will 
be denoted in a/l succeeding sections by g;s while 
the elements of G~! will be denoted by g*,. These 
elements are determined by the equationsT 


Mis, | 
= “iss | 


(6.8) 


and, given 6, are easily calculated in terms of known 

quantities. The determinant |G will be denoted by 

so that 

The squares of the final lengths of x; and n; are 

x'Gx; and n{G"'n; respectively and hence, using 

(6.3) and (6.8) the angles a and 6 


are determined by 


(6.9) g = 6 pops. 


equations (6.2), 


> 


211CoS a + 2g,;.cosasina + go. sin a = l, 


(6.10) 
9 * > 

(6.11) gi; cos’ B + 2g); cos B sin B + g33 sin’ B = 1. 
There are two solutions (if any) to each of these 
equations in agreement with the results of the last 
section. 

The strain S, 
rotate the plane with normal h is conveniently 


invariant line which does not 


calculated by introducing yet another orthonormal 


basis L for which 


(6.12) [1;1,] = i, [1; 1,] = js, l, = i, xX 


so that 


COS @ —sin a 0 


sin a COS @ 0 


0 0 | 


(6.13) (rTL) = 


It is clear that the strain S, for which l, = [100], 
is invariant, and the plane with normal h = | 


(001), is unrotated, can be written in the form 


L 


tNote that (pT1) = (PT’! 
matrices between orthonormal 
rotation matrices. 


transtormatio! 
therefore 


both are 
and 


since 


bases are, 


NSITE TRANSFORMATION 


22033 (which must be equal to 


Now the principal axes and their extensions are 


determined by the matrix product 


(6.16) (LT1)GOTL 
(6.14) for (LS,L) on the 


1TL) on the right and 


On substituting equation 
left and equation (6.13) for 
equating like components of the resulting matrices, 
equations which determine the unknown 4@;s, are 
The 


equations are obtained if 


obtained. most compact solutions of these 


one considers simul- 
taneously the corresponding set of equations ob- 
tained from the inverse relation 


LT1)G 


thus obtained are 


cosa sin @ 
tana 4 212, 


sin a, 


where @ is determined by equation (6.10). Other 


useful results are 


sin a,| 


The final step is to determine the rotation R, 
the invariant line 1], x;, such that the 
invariant of the (LRiL)(LSyt 

= (LSI is. Let 


about 
normal strain 


lies in the plane with normal u 
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6.14 LSiL) =|0 a l 
0 0 33/ , 
so that = 
4 6°41 Mobs). Hence, 
6.15) 
0, 1 - 23/290 
Q, 0), l/a 
+ 
o54 
The values of «,,§_ 
6.18 
g 212(COS a — SIN | 
g 
as $33, 
* 
doz = 213 SIN @ — | 


\LLI 


Q 
COS Ww sin 0 99 
sin COS 0 


y 
19 
a ’ 413 


(log COS W, COS — G33 SIN w 


Goo SIN W, Go3 SIN w + 433 COS w/, 


where w is the angle through which the plane with 
normal h is rotated by the strain S. The condition 
determining w» is equivalent to the requirement 
that [L; u] and (LSL)[L; ul], (which is in the twin- 
ning direction), define the plane with the invariant 
normal. Now [L;u] = [sin a, cos a, 0],, and using 
(6.20) to calculate (LSL)[L; ul] it follows that the 
plane defined by these directions has the normal 


(doo SIN w COS a, —Ag SIN w SIN a, 


COS — 1) sin a — COS 


that this be an invariant normal 


leads to the equation 


The condition 


(6.21) 
[ 


— 13022) COS @ - 23 sin a] sin w 


| sin a + COS a] COS W 


= 


Sin @ Qj2 COS a, 


for the a,, this may be reduced 


sin w + 22) SIN @ + £12 COS a} COS w 


£22) SING £12 COS a}. 


In general, this equation is satisfied by two distinct 
values of w, and remembering the two possible 
values for a, this gives four solutions in all. In 
effect, w replaces the previous variable 8. 

\ corresponding development can be carried out 
by working in an orthonormal basis kK for which 
and calculating the strain 

KSoK) =| doe 


6.24 


in which the normal k, = n; is invariant and the 
direction ks = u is unrotated. The condition that 


this strain have the specified principal axes leads to 


6.25 


RGICA, 


1954 


VOL. 32, 
bs; = — g gor [(g33 — gi) sin Bcos B 
* 9 
+ g:3(cos 8 — sin’ 8)], 
= gos (gi2 cos B + go3 sin 


gos (— gio sin B + go3 cos 8), 


where @ is given by equation (6.11). An additional 
rotation R, through an angle ¢ about the invariant 
normal is required to make the invariant line lie in 
the plane with normal h. The rotation (KR.kK) is 
obtained from (LRiL) on replacing w by ¢ and then 
¢ is given by 


(6.26) 


—gio sin +222) sin cos B] cos 


} * 7 * 
= gos|(gg33 + 1) sin B + ggiz cos 8]. 


7. Calculation of the Twinning Sheart 


So far it has been assumed that both the twinning 
direction and the twinning plane in the final lattice 
are known. However, only the twinning plane can 
be determined by direct observation and so the 
appropriate twinning direction remains to be 
determined. It will now be shown that, provided 
the correspondences for both twins are crystallo- 
graphically equivalent, the twinning plane must be 
generated from a plane of symmetry in the initial 
structure, and that the associated twinning direc- 
tion is completely determined. In this case, the 
initial structure has at least the symmetry of a 
monoclinic crystal. 

Bases A and A’ in lattice /are crystallographi- 
cally equivalent if one basis can be brought into 
coincidence with the other by a symmetry operation 
of the lattice. Consider now the bases B,; and Bz» in 
two lattices 4, Z, which are generated from A 
and <A’ respectively; the correspondences (B,C; A) 
and (B2C,A’) are then, of course, both identity. 
Che correspondences for these two transformations 
are equivalent if the basis Bz can be brought into 
coincidence with the basis B; by means of a rota- 
tion and/or a reflection operation. When B, and 
B. describe twin orientations, this operation is 
reflection in the common twinning plane of lattices 
B,. 

In the transformation 
[aA;x] in is 


from A to B,; a vector 


transformed into the vector 


tThis calculation and the conditions arising from it apply 
only to Type I twinning [4] where the twin orientations are 
related by reflection across the common twinning plane. An 
analogous development can easily be carried out for the case 
of Type II twinning, but so far no example of Type IT twin- 
ning in a martensite structure has been reported. 
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(LSI } = 0 93 
0 , 
(6.20 
= 
= (3:02. + 1) I 
and on substituting 
TO 
(6.22 
b = £02, 
bas = £22, 
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AND 


while in the 
to Bo, the same vector in -Y is 
(B.C, 4A’)(A’T A)[A;x] in the 
twin orientation -4,. The two vectors so obtained 


(B,C, A)[A;x] in the orientation 
transformation <A’ 
transformed into 
must correspond in the shear which transforms ‘7, 

into its twin 4. Thus, the twinning correspondence 
(7.1) 


(BoC7B,) = (B2C,4’)(A’T A)(AC,B)) 


= (a’T a), 


since the correspondences on the right are both 
identity. It follows that the twinning shear referred 


to the basis B; is 


B2)(B2C7B;) 
= A 


(7.2) (B,S7B)) = 


The matrix (B,;TB-) describes the transformation 
between bases related by reflection in the twinning 
plane. Denoting the normal to this plane by k, the 


reflection x’ of any vector Xx is given by 

(7.3) x’ = x — 2k(k.x) /k.k. 

* 

Thus, if k = [B,;k] 

kk’ k’Ga'k = (BiTBs 


(7.4) 


(Bel B,) = 


and, since the twinning plane must be a lattice 
plane, k may be supposed to have integral elements. 
The important point is that (BsTB,) can be re- 
garded as an invariant plane strain on the plane 
with normal k. Because its determinant is —1, 
not a physically possible strain but this is im- 


it is 


material in the argument which follows. 

Since the twinning shear (B;S7B;) is an invariant 
plane strain, and the transformation (B2TB,) can 
be regarded as a strain in 4, with the same invari- 
ant plane, their resultant, which by equation (7.2 
the (A’T A) 
must also be an invariant plane strain on the plane 
with normal k’. (See Section 5 in Part I). Thus, 


1 + mk’, 


must have matrix representation 


(7.5) (aA’T a) = 


for some vector m. This result must now be inter- 
preted relative to the lattice 4% Because the corre- 
spondence (B,C, A) is identity, the twinning plane 
in A, is generated from the plane in -/ whose 
normal has components k’ relative to A*7.e. (h; a* 
=const k’. Thus, (A’T A) can also be regarded as 
an invariant plane strain in -/on the plane with 
normal h. (A’T A) 
symmetry operation in -“ and must, therefore, be 


However, also represents a 
the resultant of a real rotation and/or a reflection. 
Such a combination can only be an invariant plane 
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strain if (A’T A) is a reflection in the plane from 
which the twinning plane is generated. Thus, 


| — 2Gi'kk’ /k’'Ga'k, 


and 


7.6) (A’T A) = 


Substituting equations 


equation (7.2) givestT 
(7.7 


(pn 


| — 2Gi'kk’ /k’G;'k 
+ kk’ /k’Ga'k 


Since (A’T A) is a symmetry operation, 


2G. 'k /k’Gi'k 


m= — 


has integral elements and is such that k’m 2 
It is now easy to verify that the strain (B,S7B;) is 
l 


in fact a twinning shear on the plane with normal k 


he bases P; for 
therefore, also h for k, 


the twinning shear may be written 


7.8) (Pp = cuh’, 


On substituting t Bi respec 


tively in equation (7.7) and, 


where 
— h] 


(7.9) cu 


twinning shear is 
the 


The magnitude of the 


since the magnitudes of vectors which are 
represented by the matrices h and u when referred 


to P; are no longer unity. 


8. The Relationship between the Solutions 


The h obtained in the 


last the 


relation 


between uw and 
| 


section can be used to simplify strain 
matrix LSI Che 
6 2M relative to the basis 


in terms of the basis I as 


vector with 


components 


can be expressed 


Mh = 


(8.1 5 


Substituting in equation 


so that 


The fact tha 0, implies the useful relations 


S.4 


The 


equat ion (6.22 


most important simplification occurs 


for w which now reads 


1 this secti 


d 


tBecause the corresponde nce 


identity, the matrix Gp in eq 
ecessaril the same as the 


14 
923 CU 2(213 11 2230 
g9 () 
Gz introduced in §4 


METALLI 


~ le 
@ £12 COS a} COS 


* 
Yoo) Sina + g12 cosa], 
giving two opposite values of w immediately. After 


some reduction this gives, 


w 


Yoo) sin a 


go + 212 COS Q], 


from which w is most conveniently calculated. The 


simplified expression for the invariant line strain is 


+ ¢g 
£12, 13 COS a 


COS @ COS SIN 


; SIN COS a SIN Ww COS W 
With the two values of w determined above and the 


two values of a obtained from equation (6.10) 


there are, in all, four solutions with the same 
principal axes. 

When twins are generated with equivalent corre- 
spondences a ‘parent’ orientation of the final 
structure and one of the variants of its twin must 
have the same principal axes. Thus, the above four 
solutions can be classified into two pairs, each pair 
being related in this way. There are, therefore, two 
independent solutions of the whole problem, and 
these correspond to the two values of a. For a given 
a, the two values of w give a pair of solutions related 
as above. In a monoclinic crystal there are only 
two equivalent sets of principal axes and these are 
the 


about the normal to the plane of symmetry. Since 


related by symmetry operation of rotation 


twin orientations are generated by strains with 
different but crystallographically equivalent prin- 
cipal axes, it follows that a pair of solutions describes 
t parent 1 and the twin of parent 2, where parents 
1 and 2 are related by the above symmetry opera- 
tion. 

The relation between a pair of solutions (LSL)4. 
with the same principal axes and with the same a 
is verified as follows. The strain matrices describing 
parents 1 and 2 are the same when referred to their 
respective L-bases, L; and Le, which are related by 
is equal to 


—1,1. The 


strain required to generate the twin of parent 2 is, 


the symmetry operation; thus, (L;TL, 


the diagonal matrix with elements —1, 


when referred to 1}, 
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On substituting 


(LoS7L2 Lo), 


and using equation (2.15) to give (L2TL2;s) = 


(LoSL2) 


this becomes, 


11). 


Finally, substituting 


sin a 
(S.8 2 of) = C COS @ 


it is easily verified from equation (8.7) that the 


result is (LSL) 


9. Factorization of the Strain 


It remains to resolve the invariant line strain S 
into an invariant plane strain P, followed by a part 
P,, of the twinning shear in the final structure. 

The plane p and direction d of P; are parallel to 
the plane (h; L)(LSL)~' — (h; Lv) 
tion (LSL)[L;u] — [L; ul], respectively. (Equation 
(8.9) of Part I). Since (h;1L) = (001), 
[L;u] = [sin a, cos a, O]z, it follows from equation 
(6.20) that 


and the direc- 


and 


sin a 


= (0, 


[L; d] = COS 1, doe sin 


and substituting for the a,, from equations (6.18) 


Gives 


* 
£233 Sin 


where a and w are given by equations (6.10), (8.6). 


Thus, 


(9.5 (LP,L) = | + cosec w [L; d](p;L), 


where the constant cosec w is obtained by equating 
(LSL)[L; ul] to (LP,L)[L; ul. 

The invariant plane strain P,, together with the 
dilatation | 6, determine the homogeneous com- 
ponent of the total strain. A convenient way of 
determining the magnitude of the inhomogeneous 


shear P. 


in which the homogeneous strain P; occurs second. 


is to consider the alternative factorization 


The basis used in this paragraph is irrelevant, but 
in order that the symbols may have their previousl\ 
defined meanings it is assumed to be the basis P. 
The strain P, is clearly 
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8.5) + 2:2) 
omy + [ (233 — 1)(1 — 
LSL) = 
— 
\ 
(9.1 (pil) COS w) 2 
19052 

(9.2 

(9.3 (p; I = sin w, g COS 

9.4 L;d] = — 1) tana + gio, 
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= | T ckSuh’S 2 


where k is the fraction of the total twinning shear 


involved. Thus, 

S = P.P; = + ckuh’)S~'P,, 
which on solving for § gives 
(9.6) S = P,(I + ckuh’). 


Thus, P; = | + ckuh’ is the simple shear which 
must precede P; to give §. As stated in Part I the 
inhomogeneous strain required to complete the 
transformation is different according to whether it 
is considered to occur before or after the homogen- 
eous strain. The above result gives the relation 
between these alternative inhomogeneous strains. 
Since P; = SP-;! and (LP3L) is the matrix on the 
right of equation (8.8) with c replaced by ck, it 
follows after some simplification that 
(9.7) 


— 1) tana 


7993 COS @ COS 


0, 


\ ) COS@ SIN w + cos w | g 3 


This matrix can only represent an invariant plane 


strain if 


(9.8) 


COS a sin w, 


on substituting for sin w and cos w. Equation (6.10 
defining a, gives 
(9.9) 


— 1) tana +t gy t+ - (g 


so that 1 + 2k changes only in sign for the four 
possible solutions. 

For the same a 
(9.10) + - |, 


are interchanged on 


and the values of ky, and k 


changing from one value of a to the other. Consi- 
deration of equation (9.10) shows that the magni- 
tude of the shears involved in producing a parent 
and a twin are complementary with respect to the 
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twinning shear. This result was to be expected 


because twin orientations are derived from the 


common intermediate lattice generated by the 


homogeneous strain. Since ch inging the value of a 
the the 


lattice is different 


leads to same values of k, same inter- 


mediate venerated (in orien- 


tations) in all solutions 


10. Conclusion 


The theory has now been developed to a stage 
where it can be applied to the analysis of spec ific 
transformations and its predictions compared with 
experimental results. The relevant correspondence 
between the initial and final lattices is first deter- 
mined from the experimental information and this 
is used to determine the positions of the principal 
of the matrix M 


the elements ue, 
equations (4.1) and (4.2)). Now the invariant lin 


axes and 
strain S given in equation (8.7) and its resolution 
into appropriate components (§9) are expressed, 
defined in equation 
5M 


unknown, it 


ultimately, in terms of the g 
6.8). However, determined by 


rather than M 


must be detrmined indirectly 


the g,, are 
and, since 6 is initially 
is follows. 
Consider a class of transformations which differ 
from one another only in the sizes of the initial 
ind final unit cells. For all transformations belong- 
is the same, 


ing to such a class the ratio wy: we: wu 


because the u, are simply the ratios of the final to 
initial lengths of the principal axes. Thus, 
a class the elements of M, and hence 6M, 
ratio. If M 
with elements in the required ratio, it follows that 
5M = 0Mo, where @ is a scalar parameter. 

Having chosen Mo the 
only on the parameter 6. Thus, the normal to the 
h 


the 
within 
same 


are in the is any diagonal matrix 


values of the depend 


ibit plane, (equation (9.3)) also depends only on 


6 and, therefore, always lies in a certain surface 


If the observed normal to the habit pl ine does lie 
in this surface a value of 6 can be determined and 
so the dilatation |/6 accompanying the homogeneous 
this value of 6 defines 
the 


strain is determined. Further, 
invariant line strain, and so 


orientation relationship and the other elements of 


the relevant 
the component strains can be obtained explicitly. 
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EXPERIMENTS ON THE MARTENSITIC TRANSFORMATION IN 
SINGLE CRYSTALS OF INDIUM-THALLIUM ALLOYS* 


Z. S. BASINSKI}{ and J. W. CHRISTIAN? 


lhe transformation from the face-centred cubic phase to the face-centred tetragonal phase has 
een studied in alloys containing 718.5% thallium, using ciné-photography and X-ray yor ters 
fter suitable annealing, single crystals transformed by the migration of either a single or a double 
interface from one et d ‘of the specimen to the other. In single-interface transformations, a twinned 
tetragonal structure is produced in accordance with the previously postulated double shear mechan 
ism. The twins are visible under the microscope, except in an accommodation region immediately 
behind the interface. There are no long-range stresses, provided the twins have mean thickness ratio 
2: 1. Two types of double interface (‘‘X”’ and ‘‘X”’ interfaces) have been observed to lead to a tetra- 
gonal single crystal. Each region of the crystal is first transformed to twinned tetragonal, and then 
intwinned again; accumulating strains are again avoided. There is also a type of double interface which 
leads to twinned tetragonal crystals. The kinetics of the transformation are similar to those of gold 
cadmium alloys. Thermal stabilisation by a diffusion-controlled relaxation process occurs readily 
and interfaces were often halted permanently in this way. Applied stresses were able to reverse 
the direction of interface motion during transformation. The results may be related to the more 
omplex structures found in polycrystalline alloys. A group of main bands grows progressively from 
end, but new bands are formed ahead of the set, and grow backwards to meet the advancing 

up. The atomic processes occurring during transformation are discussed in terms of current theories 
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'NE EXPERIENCE SUR LA TRANSFORMATION MARTENSITIQUE DANS DES 
MONOCRISTAUX D’ALLIAGES INDIUM-THALLIUM 


La transformation de la phase cubique a faces centrées en la phase tétragonale a faces centrées a 
été étudiée dans des alliages contenant ~18,5% de thallium, au moyen de méthodes cinémato 


graphiques et aux rayons X 

Aprés un recuit convenable, des monocristaux se transformaient par la migration d’une interface 
simple ou howe le, d'une extrémité de l’échantillon a l’autre. Dans les transformations a interface 
simple, il y a formation d’une structure tétragonale, maclée, en accord avec le mécanisme de double 
cisaillement proposé antérieurement. Les macles sont visibles au mic roscope, sauf dans une région 
d’adapt — immédiatement derriére Mt interface. I] n’y a pas de tensions a grande distance, pour 
aut + » le rapport d’é paisse ur moyenne des macles soit 2:1. On a observé deux types d’interfaces 
dou ion interfaces ‘“X”’ et ‘Y’’) donnant ‘on a un monocristal a réseau tétragonal. Chaque région 
du cristal est d’abord transformée en tétragonale, maclée, ensuite démaclée; l’'accumulation des 
déformations est ainsi évitée. I] existe aussi un type d'interface double qui donne lieu a des cristaux 
a structure tétragonale, maclée. 

La cinétique de la transformation est semblable a celle des alliages or- cadmium. Une stabilisat 
thermique due a un processus de relaxation contrdélé par la diffusion, est presque instantané; certaines 
interfaces furent, de ce fait, arrétées d’une fagon permanente. I] y a moyen de renverser le sens du 
mouvement de l'interface par l’application d’une tension extérieure. Ces résultats peuvent étre 
appliqués aux structures plus complexes qu’on trouve dans les alliages polycristallins. 

Un groupe de bandes principales croit progressivement a partir d'une extrémité, mais en méme 
temps d'autres a les se forment en avant du groupe principal et croissent en sens inverse, pour 
finalement rencontrer les bandes princ ipale s. Les processus atomiques qui ont lie su pendant la 
formation sont discutés en termes des théories courante 


EXPERIMENTE ZUR MARTENSITARTIGEN UMWANDLUNG VON EINKRISTALI 
VON INDIUM-THALLIUM LEGIERUNGEN 


der kubisch-flachenzentrierten in die tetragonal-flachenzentrierte Form 
1 Legierungen mit etwa 18, 5% Thallium réntgenographisch und mit Hil 
raphie untersucht hinreichender wandeln sich die Einkristalle 
ing einer einzigen oder einer doppe iten Grenzflache von einem Ende der Probe zum anderen 
mwandlungen mit einer einzigen izflache entsteht eine tetragonale Zwillin a 
1 friiher vorgesc yppelten Scherungsmechanismus zu_erwarten ist 
ille sind unter dem Mikroskop sichtbar, mit Ausnahme einer Ube rgangszone 
r der - nzflache We nn die Zwillingskristalle ein mittleres Dickenverhaltnis vo 
liegen keine itreichenden inneren + oe vor. Es wurde beobachtet, dass zw 
\rten vor Grenzflichen (““X" und “X” Grenzflichen zur Bildung eines 
inkristalles fiihren. Jede Krist ‘IIhalfte wandelt sich im ersten Stadium in eine ver 
gonale Struktur um, im darauffolgenden zweiten Stadium wird die Zwillingsbildung 
Grosse innere annungen werden wiederum vermieden. Es wurde ausserdem 
Grenzfli die zu verzwillingten tetragonalen Kristallen fiihrt 
Die Umwandlungskinetik entspricht der der Gold-Kadmium Legierungen. Thermische St bilisieru: g 
mit Hilfe eines diffusionsbestimmten Relaxionsvorgangs tritt leicht auf, und Grenzflachen werde 
oft auf diese Weise permanent festgehalten. Aussere Spannungen konnten wahrend der Umwandlung 
die Richtung der Grenzflachenwanderung unkehren. Die hier angegebenen Resultate kénnen auf die 
kt 


komplizierteren Strukturen polykristalliner Legierungen angewandt werden. Dort wachst eine 


Gruppe von Bandern von einem Ende aus, wihrend sich neue Bander vor der Gruppe formen und 
rts entge i omaren Vorgange wahrend der Umwandlung werden im Licl 
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1. Introduction 


Martensitic transformations from high tempera- 
ture f.c.c. phases to low temperature f.c. tetragonal 
phases are found in indium-thallium alloys, and in 
many alloys of manganese. The atomic movements 
are equivalent to two shears on {110}-planes at 
60 degrees to each other [1; 2]. In polycrystalline 
alloys, the original cubic grains are divided into 
sets of parallel bands by the transformation, each 
set representing a region in which the first shear is 
{110}-plane but 
directions in neighbouring bands.The second shear 
the 


cannot always be seen under the microscope. A set 


on the same in opposite (110 


subdivides the main bands, but finer bands 


of fine bands is really a series of f.c.t. twins, and 
there are two such sets possible in each main band. 
The 


impedes detailed investigation of the mechanism of 


complexity of the transformed structure 
transformation. 

Chang and Read [3] have described how single 
crystals of gold-cadmium alloys may be transformed 
by the migration of a single interface across the 
specimen. This method, when applicable, seems to 
be the ideal way of investigating martensitic 
transformations. In this paper we describe experi- 
the 


allovs by single and double interfaces. 


ments on transformation of indium-thallium 


2. Crystallography of Transformation 


the experimental work we 


the orientation 


Before describing 


briefly summarise relations which 


follow from the two shear transformation mechan- 
ism. This mechanism now seems to be well estab- 
lished, although an alternative description of the 
atomic movements has recently been proposed by 
Geisler [4]. Geisler’s theory has been discussed in 
detail elsewhere [5], and has been shown to be 
inconsistent with the experimental results. In the 
assume the validity of the two 


present paper, we 


shear mechanism; the results of this section are all 
implicit in the original treatment given by Bowles 
and co-workers [1]. 

produced by 
the 


undistorted, 


The tetragonal structure may be 


oppositely directed shears on two of four 
{110}-planes at the 
unrotated plane of the “‘first’’shear.* Shears on the 
{110}-planes tetragonal 


structure with the wrong sign for (c/a 1), but 


60 degrees to 


other two produce a 


*\We do not necessarily imply any 
itomic movements into two components: the terms first and 
second are used for convenience, but mav have onlv mathe 


matical signi 


phy sical re solution of the 


cance 
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give the correct structure if the direction of the 
first shear is reversed. For each cubic {110}-plane, 
there are, therefore, 8 possible tetragonal orientations, 
t for each direction of the first shear. These orienta- 
tions are all different from those produced by a 
first shear on the {110}-plane at 90 degrees, but 
there is one common orientation in the sets produced 
by first shears on planes at 60 degrees to each other. 
Each cubic crystal may thus give tetragonal crys- 
tals of 36 different orientations. 
lhe orientations produced by a first shear (101 

[101], 2e are shown in Figure 1. Here y is the original 


(010]-axis, while x’ is the original 
(010). 


can be converted into 


derived from 


[100]-direction by a rotation of ¢€ about 


The twin pairs (a) and (b 
(c) and (d) by a rigid rotation of 3e = s/2, and a 


The 


have the 


relative rotation of Ge about the 2’-axis. 


twins are thus reciprocal twins; e and 
meanings used in the previous paper [6]. 
A first shear (101 


orientations identi 


[101], 2e will give 4 tetragonal 


al with those shown in Figure 1, 


| 


\ 
\ 
1 
| 


ynd 
110 


except that x’ 1s now rotated about O10} in the 


site sense. The tetr wonal orientations produced 
shears on perpendicular 


by corresponding first 


} 110} planes thus differ ily by a rigid rotation of 
2¢« about the cube axis common t the 


Che 


relations between 
phase and the transformed regions may be repres- 


two planes. 
orientation the 
as a single homogeneous deformation for each 


We 


ented 


tetragonal orientation. define the cubic unit 


cell of the f.c.c. structu 


the three equal vectors 


@o, The atoms t it points: 


r 
onvention 


where the summation 


is ven. 


ition, the atoms lie at 


points 


r e’ 


| 
| | 
954 | 
\ \\ / | 
\ | 
| 
FY | Lattice orientati produced by a first shear 
101)[101] The s hears ai 10] 
10 LIQ} Ze LO 4e 


where the vectors e. define the tetragonal unit cell. 
lhe quantities m, are identical in the two equations, 
since both directions and planes in the cubic lattice 
are related to directions and planes in the tetragonal 
lattice by the unit matrix I. This means that a row 
the 
the 


atoms in 


uvw|.-direction before 


of atoms lying along 
[wvw|,-direction after 
the (hk/). 
before transformation all lie in the (Ak lane afte 

SiO < « plane aiter 


Che related to e 


transformation forms 


transformation, and plane 


transformation. vectors e’ are 


by the equation: 


= Me.. 


The components of the strain matrix M form a 
nonsymmetrical tensor. For a transformation speci- 
(101) [101] 2e; (110) [110) 2 
of Figure 1) we have [1] 


fied by the shears 


orientation (a) 


l—e 


0 


Two atoms in the cubic structure having position 
vectors are related by the translation Vv = r; — 
r.. After transformation, the interatomic vector is 
given by v’ = Mv. The relative displacement of 


the two atoms is thus 


is 


where the strain matrix S has components S;; = ./;, 

~ 7), Si; = Mi; — 1. From the matrix M, it 
follows that dv = 0 if v is parallel to [111]. Rows of 
atoms in this direction are therefore unrotated and 
undistorted by the transformation, as is physically 


1 


obvious, since [111] 


4 


is the direction common to the 
unrotated, (K, 
shears. We also see that directions [011], [211] are 


undistorted planes of the two 
unrotated during the transformation, provided we 
may neglect « in comparison with e. This is justified 

e = 0.01. 
three unrotated planes, which are (111), (O11 


These unrotated directions define 


and 
(211). The results agree with the orientation relation 
postulated by Geisler [4] which is :(111), 7 (111), 


011] 


(011],. For a transformation specified by 
(101) [101] 2, (110)[110] 4e we 
the transformation matrix: 


the shears have 


Ze 


and interatomic vectors in the [1] 


|-direction are 
again common to both structures. 
Consider an atom with position vector given by 
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where i is a unit vector and aj,ds.... 


are scalar quantities such that > (a, 


Now the transformation occurs hetero- 


geneously, so that the lattice is changed to tetragonal 


suppose 


orientation (a) in a region traversed by the vector 
a,i, while an adjacent region (traversed by ); i) 
is changed to orientation (b), and so on. The position 


vector of our atom is now: 


>M,a,i+ =M, 
The effect of the two separate distortions may 


combined to give a macroscopic transformation: 


r’ = M,r 


where 
a, N b, N 


D(a, + 


Of particular interest is the situation when <a, 
S(a, + 6,) = 2/3. The macroscopic strain tensor is 


then: 


e 0 —e 
0 0 0 


e 0 —e 


S, = M, —I = 


Directions in the (101) planes are represented by 
vectors 


V=a(e,; — @3) B 


and for these directions the macroscopic distortion 
S,, = 0. 


The (101) plane is thus a plane of zero macroscopic 


dv = 


strain if the tetragonal twins have mean thickness 
ratio of 2:1. This is physically obvious, since the 
mean effect of the second shears then cancels out, 
and the only macroscopic strain corresponds to a 
shear of 2e on the (101) planes in the [101]-direction. 
It is also clear that the cubic and tetragonal phases 
cannot co-exist without long-range strains, unless the 
tetragonal crystals are twinned on a fine scale to 
give a {101}-plane of zero macroscopic distortion. 

The actual magnitude of the strains will depend 
on the width of the twin bands. If the tetragonal 
crystal has orientation (a), dv = 0 for the [111]- 
direction, and in the perpendicular direction of the 
(101)-plane, [121], the 


value of 


strain has a maximum 


where x is the number of atomic [111] rows traversed 


ACTA METALLUM, 
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dv=v—-v=(M-I)v=Svyv 
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by v. If we postulate that no atom is displaced by 
more than one atom radius, we find x = 40. Simi- 


larly x = 20 for orientation (b). The shear must 
then be reversed every 40 and 20 atomic planes as 


[1]. The sub-bands 


observed in the microstructures of indium-thallium 


concluded by Bowles ef al. 
alloys are very much thicker than this, and hence 
require much larger strains. If these strains are 
concentrated at the interface, they must be plastic; 
i.e., the shears must be heterogeneous and the inter- 
face must contain slip dislocations. Alternatively, 
we may suppose the strains are spread out in an 
“accommodation region’? extending back from the 
interface for a distance at least equal to the mean 
thickness of a twin. If the accommodation occurs 
without slip, however, the mean width of the twins 
of orientation (a) must always be twice that of 
those of orientation (b). 


3. Experimental Methods 


Single crystals of alloys with ~18.5% thallium 
were obtained by slow solidification in evacuated 
glass capsules, divided into two by a flat strip of 
glass. Semicylindrical crystals up to 4 cm in length 
and 0.6 cm in diameter, each having a smooth flat 
were 


thus The crystals 
) 


annealed about 5°C below the solidus for 2 


surface were obtained. 
7 days 
in order to induce single or double interface trans- 
After the flat 
electropolished. If than one 
this 


during polishing. 


formation. cooling, surface was 


more crystal was 


present, was revealed by etching occurring 
The transformation was studied optically and by 
back-reflection 


was placed in a close-fitting copper boat, heated 


Laue photographs. The specimen 


from one end to give a small temperature gradient. 


Temperatures were measured approximately by 


chromel-alumel thermocouples placed in contact 
with the specimen. Visual observations under the 
microscope were made with slightly oblique illumi- 
nation, or else an opaque stop was used to facilitate 
observations of small differences of surface orienta- 
tion [7]. Moving film photographs were taken at 
speeds of 4-16 frames per second. Polarised light 
was sometimes useful for the room temperature 
examination of a transformed specimen, but it was 
not suitable for kinetic studies. 

X-ray photographs were taken both at room 
temperature and at elevated temperatures up to 
~110°C. The specimen was so mounted in the 
Laue camera that 180 degrees 


enabled the portion of the surface being photo- 


rotation through 


graphed to be observed through a microscope. 
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In this way X-ray methods were used to study the 


orientation changes occurring during a transforma 
tion. 

We shall find it convenient to distinguish between 
two experimental arrangements used throughout 
The 


inevitably present in crystals grown from the melt, 


the work. slight longitudinal segregation, 
was utilised either to aid or oppose the temperaturs 
gradient. In the “normal” position, the end of the 
crystal which solidified first was placed at the un 
heated end of the copper boat. Since both freezing 
temperatures and transformation temperatures de- 
crease with increasing thallium content, this implies 
any concentration gradient formed during freezing 
the 30th 


gradients tend to make the transformation begin 


cooperates with temperature gradient. 


from the hotter end of the specimen on heating, and 
the other end on cooling. In the ‘“‘reverse’’ position, 
the specimen was placed so that the two gradients 
opposed one another, and tended to promote 
transformation from opposite ends. The tempera- 
considerably in some 


ture gradient was increased 


experiments by using specimens larger than the 
copper boat in which they were heated, so that one 


end of the specimen projected freely into the air. 


4. Characteristics of Single-Interface 
Transformation 


After suitable annealing, all specimens have 


been observed to transform by the migration of a 
single interface, lying along a {110}-plane, from one 
end of the grrr to the other. The trace of this 
microsection either as a 


the 


visible in a 
black 


two regions of 


interface is 
boundary 
| he 


surface of the specimen is tilted about the trace, so 


narrow white or line, or as 


between different brightness. 


1 regio! 


that the interface represents the limit of 


of homogeneous shear. Measurements of the surface 
the 


tilt confirmed that shear angle is given by 


the act epted 
the 


1), as required by 
transformation mechanism [1]. The motion of 
trace in the microsection is always perpendicular 
to itself, and it remains a straight line, so that any 
steps or irregularities in the boundary of the sheared 
region are of atomic dimensions only. 

lhe interface leaves behind it a set of fine parallel 
bands as the crystal cools. These bands are visible 
as opposite tilts of the originally flat surface, and 
correspond to oppositely directed shears on a 
second 1110}-plane. The lattice ahead of the inter- 
while behind it 


twins. After 


face is thus a single cubic crystal, 


are formed a series of parallel f.c.t. 


cooling right through the transformation range, 
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specimens consisting entirely of parallel tetragonal 


twins were obtained in this way; as described 
previously [6], these could be changed into single 
crystals by compression or extension. The appearance 
of a typical microsection during cooling is shown in 


Figures 2-4. 
With the specimen 
velocity of the interface was roughly proportional 


in a normal position, the 


to the rate of cooling, and was of the order 0.05 cm 
per second for a cooling rate of 20°C per minute. 
These figures are very approximate, since the mean 
the interface varied considerably in 
The 
but 
discontinuous jerks with intermediate pauses. 
In the the 
occurring on heating were the reverse of those on 
the secondary 


velocity of 


different specimens. movement was never 


completely smooth, occurred as a series of 


simplest transformations, changes 


cooling, the interface ‘‘wiping out’’ 
bands to leave a cubic single crystal of the original 
orientation. There was a temperature hysteresis of 
~2°C between the heating and cooling transforma- 
tions. During either heating or cooling, the inter- 
face could be halted in an intermediate position by 
regulation of the power input. When held completely 
stationary, the trace in the microsection became 
diffuse, and sometimes invisible, although the 
surface tilts were unaltered, except presumably in 
the immediate neighbourhood of the interface. If 
the interface were allowed to oscillate slightly in 
position, its definition was unchanged. After holding 
an interface stationary for some time, thermal 
stabilisation was found to have taken place. The 
interface then did not begin to move again until 
the specimen was heated or cooled some little wav 
above or below the temperature at which the 
movement was arrested. 

Figure 5 is a photomicrograph of a stationary 
single interface taken immediately after halting. 
[he fine twins do not extend right up to the inter- 

the level 


listance of about 10 twin thicknesses. Gaps of this 


ce, and surlace appears to out in a 


kind were observed in all single- and double-inter- 


ce transformations (see also Figures 2-4), and 
may be identified with the accommodation region 
in section 2. With inter- 


faces the region in which no twins were visible was 


referred to in slow-moving 
comparable with that shown in Figure 5, but during 
increased with 


1 


the speed of interface motion, an 


transformation on cooling, the gap 


reached dimen- 
sions of the order of 1 mm in extreme cases. When 
such a rapid interface was halted or slowed down, 


the visible twins grew forward again almost to the 
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interface in about a second. Examination of the 
twin boundaries behind a moving interface showed 
that they gradually became further apart over 
macroscopic distances. The thickness 
usually close to the resolving power of the micro- 


scope, so it was difficult to observe how this thicken- 


twin was 


ing occurred. Occasionally, however, a twin band 
was seen splitting into narrower bands as the 
interface was approached. 

The gap between the interface and the visible 
twins was always narrow during heating transfor- 
mations, and seemed to be independent of the 
interface velocity. In fact the interface motion was 
always slower during heating. Figures 6-8 show the 
same single interface as Figures 2-4, but are taken 
during transformation from tetragonal to cubic. 

A strange phenomenon occasionally observed 
with stationary interfaces was the increase in length 
of fine bands, which extended across the interface 
a little way into the cubic region. This change took 
place slowly, the contrast in the extended bands 
When 


resumed, either by heating or by 


gradually increasing. transformation was 
subsequently 
cooling, the portion of the bands which had crossed 
the tilts. 


Figure 9 is a photograph of a group of such “‘bands,”’ 


interface remained visible as_ surface 
taken above the transformation temperature, when 
the specimen was entirely cubic. 

Simple transformation on heating by the motion 
of an identical interface was most readily obtained 
by beginning heating again as soon as the interface 
had left the specimen on cooling. In the same way, 
if cooling was started as soon as the heating trans- 
formation appeared to be complete, the new cooling 
interface lay along the same |110}-plane. There was 
a tendency to obtain reproducible behaviour even 
after heating above the transformation range for 
some time, but this treatment sometimes resulted 
in the appearance of a new single interface, or in a 
two-interface transformation, described in the next 
section. On cooling, the interface seemed to pass out 
of the specimen perfectly regularly, but on heating 
there was a sudden acceleration when the interface 
was near the end of the specimen. This acceleration 
was observed under differing conditions in a large 
number of specimens. 

The above description refers to the simplest 

More 
heating 


transformation. 
the 

transformation was accomplished by an interface 
{110}-plane. In all 
observed, this was the plane perpendicular to the 


mode of single interface 


complex behaviour resulted when 


moving on a different cases 


195¢ 


PLATI | Figures 2-4 Motion of a single interface oO cooli Y Obliq ie illuminatio 
70 Ihe dark region is tetragonal, and the twin traces are just visible. Interval betwee 
frames 1/16 sec Figure 5—Stationary single interface showing accommodation regio 
for fine twins. Oblique illumination. 150 Figures 6-8— Motion of single interface 
heating. Oblique illumination. 70> Interval between frames 5/16 sec. 
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wi 
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IS 


Surface tilts produced by fine bands which have extended across a stationary single 
Figures 11-13——Motion of an 

\OB in Fig. 10) is at the top of the photographs: the single tetragonal 
Thermally stabilised 


PLATE II. Figure 9 
interface. Photographed in cubic region at 120°C. Normal illumination. 150. 


Y-interface on heating. The cubic region 
region at the bottom. Oblique illumination. 70. Interval between frames !4 sec. Figure 15 
d-interface photographed at room temperature. Oblique illumination. 65. The cubic region is on the left of the 
photograph, and the tetragonal single crystal on the right. The bottom of the photograph corresponds to AOX 
of Fig. 14, the top to BOY. The twins in the top cannot be seen since their shear direction is almost in the surface 
plane; their presence was confirmed by X-rays. For the same reason, the bend round OY is not readily visible. 

\ double interface transformation of the type shown in Fig. 16. The cubic region is at the bottom of 


Figure 17—. I 
the photograph. The twins in the region on the left are not visible because their shear direction is almost in the 


surface plane. Oblique illumination, 70. 
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original interface, and produced a cubic single 
5. Characteristics of Double-Interface 


crystal of the original orientation. This type of 
rransformations 


reverse transformation is possible, since the two 
sets of twins formed by first shears on perpendicular Single interface transformatio1 
planes, and identical second shears, are connected f fine tetragonal twins. A 
by a rigid rotation. In a completely transformed 1ay be produced by the sin 
specimen such a rigid rotation has no physical ‘imary interfaces across the cryst 
meaning, and reverse transformation by an inter- ie along {110}-planes at 
face on either plane is crystallographically possible. other in the cubic crystal, | 
In one specimen, this behaviour was very reproduc- crystal has the orientation common 
ible, the same cooling interface and its perpendicular in these tw lanes. The 
heating interface appearing in a large number of — shears 
cycles. must be a | 

As pointed out in section 2, one cooling interface face 
should be able to produce two sets of tetragonal Two ty pes ol double interface have been 
crystals, of the relative orientations shown in Figure to lead to the production of tetragonal sin 
1. This was observed only once in a normal trans- tals; we shall call them “X”’ and “\”’ 
formation: the two sets of twins met along a straight for convenience. The X-transformatior 


line but there was no orientation difference of the simplest type. Each interface leaves behind it a set 


macroscopic surface of the two twinned regions. In of tetragonal twins, with twinning plane parallel to 


this specimen, the heating interface removed both the other interface. Figure 10 represents an bit 
sets of twins to form a single crystal. The heating 
interface was perpendicular to the cooling interface, 
as is possible since all four orientations of Figure | 
are changed by a rigid rotation into those produc ed 
by the first shear on the perpendicular plane. 
With specimens in reversed positions, the obser- 
vations were qualitatively similar to those above, 
but some important differences were noted. Using 
the normal (small) temperature gradient, the 
transformation began from the colder end on 
heating, so that the composition gradient appar- 
ently controlled the process. An attempt to detect 
this gradient by analysis of the ends of one specimen 
gave inconclusive results, so this assumption ma‘ 
not be justified. Nevertheless, it seems almost 
certain that the method of growth would result in a 
macroscopic composition cradient, and reference to 
Guttman’s paper [8] shows that a very small 
composition difference produces an appreciable 
difference in transformation temperature. Che 
interface motion was similar to that described 
above, but was much faster for a given rate of 
heating or cooling. Experiments with an increased 
temperature gradient were successful in inducing 
double-interface transformation from the indium 
ich (hotter) end; these are described in the next 
section. The results indicate that transformation §rarv surface of the cr 
against the temperature gradient is a consequence have crossed. We have 
of the composition gradient, and not of preferred twins have the width ratio 2 
nucleation round some crystal imperfection frozen strain produced by a single 


in at one end of the specimen. the first shear. There will 


series 
] 
Sf iter 
1 nal 
Ll 
1 rs 
| Cont 
sbserved 
r rvs 
iter es, 
lie 
} 
lus De 


‘e tilt about OB if the twins (a) are twice as 
wide as (b). Similarly there will be a macroscopic 


1110}- 


and (c¢ 


to a shear of 2¢ along the 


if the 


tilt corresponding 
twins (a 
l see section 2 of reference 
ill therefore be a macros opic shear of 
ne through BOX, 

through AOY. 


and BOY will all be macroscopi- 


and simi- 
The surfaces 
will be tilted sharply with respect to 
BOX. The point OU 


lat py ramidal elev it ion or depression 


LOY and 
of the macr 


Now 


pt sit ion 


uriace. 
OA 


while 


moves to a 
OB 
and ( are 

out 


interface new 


cooling, remains 
extended, 
This 


force 


stationar"’ 


and the macroscopic tilt is now al 


produces a strain in the region OO’, and a 


on OY tending to move it towards O’Y’ and thus 
1 OY 


stationary, the torce increases ¥ \ as O'A 


twin region (0d). If remains 


untwin the first 


moves awav from OA, and eventu will be large 


enough to move OY. 


\ctually the twin boundaries 


ilways appears to remain in 


the 


are so mobile it OY 


line with O'A’, far as can be seen under 
microscope. 

is completely un- 
tend to 


forward to O”’’A’’. As the 


forces will 


accommodation strains 


small force, alter- 

ing and opposing its motion. This effect is 

is doubtful whether 

» of forces due to macro- 

tion of the lattices over distances 
twin widths. 


nts appl to the motion 
nsformation, both interfaces 

le Fa single tetr ional crvstal 
Che term “*X-interface”’ is a 
since only the portions OA, OB 
The motion 
the 


the two 


ces of first shear pl ines. 


under 


is discontinuous, but 


Op 


ical illusion of 
cross each ot] 


roscope there is 
“aces moving 
\fter the 


ystal only 


double-interface transformation, 


ecimen will be a single cr\ 


iss right out of the crystal 


-face does this first, there will 


if one inte? 


be a region of tetragonal twins bounded by the other 


interface, and this region should persist since there 


are no longer any accommodation forces tending to 


untwin it. Many transformed specimens were 
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found to contain small twinned regions of this type. 

The changes on heating may occur by the exact 
reversal of the motion on cooling. It is necessary 
for the single tetragonal crystal to twin before it 
transformed into cubic. Referring to Figure 
the OA toa 


heating the 


can be 
10 again, an advance of interface 
on 


and the accommodation stresses 


position will transform 
region OO!" 
then require the twinned region BOY to extend to 
the the 
transformation is facilitated if a twins 
left in a finite volume of the specimen by 


Chis seems to have usually 


Obviously initiation of heating 


set ol are 
the 
cooling transformation. 
occurred, and the same two interfaces were observed 
on heating. The appearance of an X-interface on 


13. 


transformation 


heating is shown in Figures 11] 
The 


necessarily appear as an ““X”’ 


not 
in the microstructure. 


double-interface does 
The line of intersection of the interfaces need not 
cut the microsection; if it does not, the transforma- 
tion appears to take place by the passage oO! one 
trace, leaving fine bands, followed by a second trace 
which removes them again. 

In a normal position, the kinetics of the double- 
were similar to those of 
The 


one interface was often much more rapid than that 


interface transformation 


single-interface transformation. movement of 
of the other, and the interfaces could be halted by 
regulation of the temperature. The thermal stabili- 
zation produced by prolonged holding in one 
position was oliten so great that one or both inter- 
faces became permanently locked in this position. 
Subsequent transformation on cooling then required 
the formation of 

The 
during a X transformation is shown in Figure 14. 
Eacl l 


n single 


a new interface. 
appearance oi an arbitrary crystal surface 
interface again leaves a set of tetragonal 
twins, but those left by the interface OB now have a 
twinning plane perpendicular to OA. The macro- 
scopic tilts along XOB and OA are 


Figure 10, and the accommodation stresses therefore 


exactly as in 


require a macroscopic tilt along OY, as the result 
the {110{-plane 
through OY. This shear is produced by tapering of 
If this 
tapering takes place by the formation of edge-type 


of a macroscopic shear along 


the twin boundaries as shown in Figure 9. 
twinning dislocations in such a way that the twin 
boundaries end in (100) lines which are randomly 
distributed in a planar region parallel to the {100}- 
plane through OA, the tapering is equivalent to a 
macroscopic shear along OY. We have called this 
virtual The lattice 
orientation (a 


shear [6]. 
the 


a distributed or 


orientation (d) changes into 
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during this tapering, providing the thickness ratio 
of (d) to (e) is 2:1. The accommodation require- 
ments are again satisfied, and there are no long 
range strains present. The interface thus acts in a 
similar to the X-interface, 
OY is 


the 


essentially 
that 


gradual not sharp. This is readily 


manner 


except the ma roscopit shear along 
visible in 
microsection where the change in surface orientation 
YOB occurs gradually 


tance in which the twins taper. As OA advances, the 


from XOY to over the dis- 
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ol orie! 


re prese 
}110 pl t 


YO degrees to the 


accommodation stresses again tend to untwin the 


region YOB, and a single crystal of orientation 
is again obtained. During transformations of this 


YOA much 


kind, the interface was usually less 


mobile than XOB. 

X interfaces could be 
Figure 15 shows such an interface after cooling to 
having 


stabilised thermally, and 


room the transformation re- 


temperature, 
sumed on a different plane. Specimens in which the 
interface XOB moved right out on cooling, leaving a 
diffuse bend about OY were found to slowly straight- 
en at room temperature. This implies slow untwin- 
ning, i.e., the slow migration of OY out of the 
crystal. 

From the above description, it is clear that a 
double interface transformation of “‘V”’ type should 
also be possible, each interface leaving twins per- 


\NSFORMATION OJ] 


INDIUM-TI 
dicular to the other, an he tilts about ( 


WOrK, 


both being gradual. In present 


has not been observed 
Double-interface 
specimens wi 
similar 
erature idient b ISI 


he copper boat, resulted 


tem] 


controlled in direction by tl 
Che interface motion was then 


servation with the ev 


interiace 
rved, and 
the transformation begat 


sper imen, or somewhere mi ld 


hear n . fort , } 
is heard al rmation | 


evan; 


click wi: 


clicks were heard in some normal transformati 


he interface motion became much slower wh 


t 
( 


reached the cooler end of the specimen and 


halted or reversed in the 


USI 


then be 


6. Double Interface Transformations leading 
to Twinned Tetragonal Crystals 


In section 5 we emphasised that the shear dir 
two interfaces are not i idepende: C, 


obt LI ed. Wi 


tions of the 


single tetragonal crystal is to be 


also observed a double interfac 
ich the 


60 dee 


converts the 
he region AOX is 

nt plane from OX] 
long OX must 
the 


ine ol two sets of twin In contrast 


Y-interface, the shape macroscopic 
is now obtained by folding a sheet of paper u 
along AOY, and downwards along BOX, o1 


versa. 
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this double interface should now 
OA 
)Y will be pulled along 


rly, the line 


action of 
from the previous description. I 


) 


advances along OB, the line ( 


with it, exactl in Figure imil 
OX will be subj] 


OA 


lvances along 


OX is rather more complex, 


Che situation alo 


since the material traversed by this interface must 


retwi n a differ plane. In view of the 


great 
ease of twin boundary movements, this presents no 


double interface of this type 1s 


lear that if the second 


Is 


yonal Cr} 
110 }-plas V1 at 60 degrees to 
each other ni plane of ori itions f and g is at 


60 degre 


shear in the region BOY were along the {110}-plane 
perpendicular to OA, we should have the analogue 
the last 


the A interface ol section. This has not 


observed. 
the Transformation 


Effect of Stress on 


the effect of stress 
illustrated the remarkable similarity in transforma- 


both of 


depend on the mobility of twin boundaries or shear 


Qualitative experiments on 


tion and deformation properties, which 


interfaces under small stresses. Specimens trans- 


formed under small compressive or extensive 


loads were rather more likely to give single tetra- 
gonal crystals than specimens under no external 
the previous paper [6], 


constraints. As described in 
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specimens transformed by one interface could be 
changed into single crystals by the application of 
such a load. 


Specimens supported on knife edges, and thus 
subjected to small bending moments from their 
own weight, remained straight in the cubic region, 
but 


When such a specimen was reheated, it straightened 


bent as transformation occurred. 


soon das 


on the reverse transformation. This straight- 


again 
ening was very rapid; the specimen emitted a 
loud click, and seemed almost to jump in the air. 


In the same way, specimens transformed by a single 


interface, and then deliberately bent by twin 


boundary movements, straightened during the 


reverse transformation. 

Some experiments were made on the opposing 
effects of stress and volume free energy of the 
phases in moving an interface. A small compressive 
stress, suitably applied, was able to halt and reverse 
the motion of a cooling interface in both single- and 
double-interface transformations. In an X-transfor- 
the effect 


having the largest component of the stress acting 


mation, was greatest on the interface 
on it. 

Application of a rather large stress to a cubic 
single crystal just above the transformation tem- 
perature produced a macroscopic bend. On removal 
of the the 


instantaneously to its original 


stress, however, specimen returned 


position. These 
results seem to be exactly comparable with those 
reported by Reynolds and Bever [9] for copper-zinc 
alloys. The rubber like elasticity may be taken as 
evidence of stress induced transformation above the 


equilibrium temperature. 
8. Multiple Interface Transformation and 
Transformation in Polycrystalline Specimens 
had 


well annealed, or had been mishandled, transformed 


Single-crystal specimens which not been 
by multiple interfaces. One or two specimens con- 
sisting of a few large crystals were also available. 
In both cases the transformation pattern was remin- 
iscent of that produced in polycrystalline specimens, 
but was simpler and on a larger scale. Most of the 
characteristic features of polycrystalline transforma- 
tion can be explained in terms of the single and 
double interface movements described above. 

The production of a series of parallel main bands 
corresponds to the motion of a number of single 
interfaces on parallel planes but having opposite 
shear directions. On a macroscopic scale, the forma- 
tion of these main bands always occurred progres- 
sively from one end of the series to the other, and 
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the bands grew mainly by motion of interfaces per- move tl 
pendicular to their length. On a microscopic scale, is the 
however, it was observed that bands continually jumovy 
formed ahead of the main group and the interface Li}: 
advanced “‘backwards”’ to meet the existing bands. disloca 
These results are in agreement with those previously have i 
reported for polycrystalline copper manganese tl 
alloys [2]. 

Growth of main bands by lengthwise extension 
was also observed. Under the microscope i 
lengthening appeared to be very rapid 
with the sideways motion of an interface. 
picture studies show that in such an extension 
surface tilt is not discontinuous but builds up 
gradually. Figures 18-20 are ree successi\ 


frames of a region near the edge of an advancing 
set of main bands. It can be seen that two or three 
bands have formed ahead of the main interface. 
The centre of the most advanced band 
bottom of the photographs) is visible as 
region in the first frame, and this becomes sh 
the two successive frames. 

Bowles, Barrett and Guttman 
main bands on planes at 60 degree 


interpenetrated, others did not. This interpene 


tion is clearly analogous to the double-int 


transformation; in fact, each crossing m 
may be regarded as a ‘ 
relation between X-interfaces an 

tion pattern in polycrystalline sj 

clearly in 21 and 22. 
interpenetrating main bands 


pa ri characteri tic of X-interface 
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dislocations move blocks of six planes through one 


between every sixth pair of planes. These 


interatomic distance relative to each other; each 


block is homogeneously sheared so that neighbouring 


atom rows are displaced through 1/6 of an inter- 
Che the 


obviously, 


atomic distance. atoms between screw 


dislocations are mechanically unstable 
in their original relative positions and move immed- 
this 


the screw dislocations as automati- 


their new 
] 


iately to positions. In sense it is 


correct to regar« 
cally accomplishing the heterogeneous shear. Never- 
theless, it seems to us that it is useful, purely for- 
mally, to suppose the small units of homogeneous 
shear to be obtained by the motion of imperfect 


dislocations the interface. These imperfect 


dislocations will between every atomic plane, 
—1/6 ot 
slip dislocations. This formalism has the advantage 
that the total the 


is then zero if more than six atomic planes 


and have Burger’s vectors those of the 


Burger’s vector of “second”’ 
are considered, thus corresponding to zero macro- 
scopic distortion. Since the dislocations are present 
the lattices, 


that the mode of description we adopt is 


in the interface, rather than in either of 


iS clear 


largely a matter of convenience. 


There are some important differences between the 
description given by Frank and the corresponding 
for indium In the present transior- 


direction of the second shear does not 


the 
the interface between the phases. The disloca- 
are therefore, 
111)- 
101 )- 


may be 


tions whi h generate he second shear 


ot pure screw in character; their line is a 

Burger’s vector is in a 
These imperfect dislocations 
supposed to move in the {110}-plane of the second 


hich is their slip plane. The second difference 


of the Se( ond shear iS 
reversal of its direction, 


periodic slip. The sect ynd 


the periodi 
shear of the 
‘mation may be formally 
imperfect parallel disloca- 


I 


Burger’s vectors = a 2 


2/2 de 


> between every two atomic , 110; planes, followed 
2 parallel dislocations with Burger’s vectors 
The l. 


be less th 


number of planes is not known, but 


in about 40 unless there are also 


St 
I Ist 


slip dislocations in the interface. 


\ccording to this theory, the tetragonal structure 


behind 


The fine 


1 single interface consists of very fine twins. 
scale twinning 
the 


energetically in 


is necessary to prevent large 
but is obviously 


the 


strain energy at interface, 


unfavourable more remote 


regions of the tetragonal phase. The total coherency 
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energy of thetetragonal boundaries is appreciable, and 
may be reduced by progressive elimination of some of 
the twins, as sketched in Figure 23. This process 
thicknesses of the 


Cubic 


leaves the ratio of the two 
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FIGURE 23. Suggested mechanism for 
microscopic twins i! 
diagrammatic only 


thir kening of sub- 
accommodation region behind interface 


orientations unchanged, and is responsible for the 
accommodation region over which the twins thicken 
to microscopic dimensions. The thickening is ac- 
complished by the motion of arrays of twinning 
dislocations behind the interface, and the experi- 
mental results can best be explained on the assump- 
tion that these dislocations are less mobile than the 


When the 


region of 


itself. interface 
the 


enlarged, and gradually returns to its equilibrium 


interface moves very 


rapidly, sub-microscopic twins is 
dimensions when the interface is slowed again. 
Frank [16] and Bowles [1] have both pointed out 
that an iron-carbon martensite twin may be formed 
the 
In this transformation, also, it is thus geometrically 


by reversing the direction of second shear. 
possible to avoid a macroscopic strain by periodic 
the 


shear. 


reversal of shear direction, rather than bv 


heterogenous According to Bowles and 


Mackenzie [17], martensite plates are usually 


twinned, and we are unaware of any definite evi- 
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dence that individual plates are not twinned on a 
fine scale. However, it seems safer to assume that 
this is not so. The reason why iron-carbon alloys 
preter a heterogeneous shear, whereas the indium- 
thallium alloys prefer to twin, is not known, but is 
probably connected with the small magnitude of the 
shear in the latter case. Suppose the second shear is 
homogeneous for x planes, after which it either 
reverses in direction or slip takes place. If slip 
occurs there is a minimum value of x, Xmip, since 
the total displacements of the imperfect dislocations 
(i.e., of the homogeneous shear) must equal at least 
lattice 
left in the lattice. For twin crystals produced by 
the this 


twin have 


one vector; otherwise, a stacking fault is 


reversing second shear, does not apply 


the The 


strain energy is proportional to x’, the energy of 


since boundaries low energy. 


the coherent twin boundaries to 1/x. If the shear is 
reversed to give twin crystals in a distance Xmin, 
the strain energy is equal to that produced by slip, 
but the total energy will be greater because of the 
finite twin boundary energy. The energy of the set 
of twins may be treated as a continuous function of 
x, and at some value x» the total energy will be 
minimised. In general if x9 < Xmun, it is possible for 
the twin assembly to give the lower total energy, 
and hence to be preferred to the heterogeneous 
shear. The conditions for this are obviously favour- 
able when, as in indium-thallium, the shear is very 
small, so that Xmm is large: they are unfavourable 
when Xin 1s Only 6 atomic planes. 

The 


generation of the second shear. The results show that 


above discussion refers explicitly to the 
growth of the tetragonal phase occurs mainly by 
movement of the interface perpendicular to its 
plane, i.e., in the same way as the usual growth of 
mechanical twins. If this interface is irrational, as in 
iron-carbon alloys, it may be expected to be very 
mobile. With rational interfaces, however, difficulties 
are encountered, as in the theory of crystal growth 
on close-packed planes. A step in the interface 
corresponds to a transformation or twinning dislo 
either exter- 


the 


cation, and when a stress is applied 


nally or from the free-energy difference between 


phases), the dislocation will spread in its plane, 


increasing the thickness of the martensite plate or 


twin crystal by one atomic layer. In a _ pertect 


lattice, this process results in a plane interface, and 
the next laver then cannot grow until a nucleus of 
suitable size is formed by thermal activation. When 
a few atoms are transferred to form a small island 
of the product phase on the next atomic plane, the 
which surrounds them 


transformation dislocation 


TRANSFORMATION OI 
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tends to shrink on itself. It will only expan 


reaching a critical size, and the 
voverned by an at 


th 


process are therefore 
energy for two-dimensional nulceation. 
elsewhere [5], 


lead to 


however, this type of 
not large homogeneously st1 


ions which are observed in martensitic 


The difficulty is avoided in the theory 
rating nodes” developed by ( ottrell ind Bil 


Bilby 


theory of cry 


and bi 19], which is essentially a combination 


stal erowth and Frank nd 


mechanism for slip-band formatiot1 


the detailed discussions of this theor 


view of 


+ 


have been given elsewhere, we shall not 


consl 


here in greater detail. 


observations of lengthwise growth of the 


bands in a multi-interface transformation 


into the above theor. Such 


cannot be fitted easily 


growth may occur by spontaneous generation of 


new loops ol transformation dislocation, as suggested 
Stroh |{20] for Che 


xp! Lined 


by Frank and bands 
observations in Figures 18-20 can be 
more simply on the hypothesis t ‘ansforma- 


tion interface is held up bel W ne urface over 


part of its length, the result 
eradual bend of the surface 
b ind in reases, the strains 


tions increase also, and 


kinked when the dislo 


K 


Che velocity 


roughly proportio1 
agreement with 
alloys [21 


terms of two relaxation 


transform ition, one al 
other a volume rel 
proportional to the 
further transforniat 
confirmation of the 
interface has been o 
tion produced by 

increased with time 
round the interface 


ded 


us \s con lu 
the 


tion resumed from a different nucle 


by Chang, it seems probable that ictivation 


energy tor the process is that for itomik diffusion, 


the mechanism presumably be! the formation 


ol dilute Cottrell atmospher« S of solute atom 


Maxwellian distribution round the interface 


relaxation seems especially likely in view of t 


decrease ot the « tetragonal! transtor 
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ire with increasing thallium content. Consider 
i -v interface. The stresses which tend to 
into the cubic region depend only on the 
volume free energies of the two 
» interface. These stresses 
is a redistribution of 
concentration of 

region in the immed- 
ind slightly decreases 
cooling is resumed, 
ve again when a 
attained. We 
ich a diffusion 
no direct 
port the view 
re of stabilisation. 
formation 

point than 


diffusi is rapid ind stabili 


Vhen the interface is 


ink in the surface 
trace became 
terial transport 


a kind ol 


Inimportant, IT SNOWS 
extension the 


ross the 


ition may 


perhaps be developed on the following lines, assum- 
ing for convenience there is no temperature or 
composition gradient. We postulate some suitable 
nucleus, either formed in the cubic region, or 
during cooling. If cooling is continuous from the 
cubic region, the stresses round this nucleus will not 
be fully relaxed, and the interface will begin moving 
when the stress on it reaches a value 79, correspond- 
ing to temperature differential transformation 
temperature—actual temperature) A7Z>. As_ the 
interface moves, solute atoms continuously re- 
orientate themselves to relax stresses, so that for a 
given AZ, the interface velocity will be roughly 
constant: in effect a partially formed Cottrell 
atmosphere is dragged along. Eventually the inter- 
face encounters some obstacle which halts it or 
slows it down sufficiently for relaxation to occur. 
The stress necessary for further advance is then 
tT, > to, and the temperature has to be lowered to 
AT). Repetition of the process leads to the observed 
jerky movement. After passing the obstacle, the 
interface will have a larger force acting on it, and 
we might expect that a second obstacle would have 
to exert a back stress of at least 7, Ty) to stop it. 
If this were true, the ability I Car les to arrest 
he interface would rapidly diminish, and we should 
obtain isothermal tran 1ation at some value 
AT,. The volume relaxation is equivalent to assum- 
obstacle, 
terface is 7; 
interpretati 


influence 


bove 


istor- 


siormation 
tresses round a 
yrOWS rapidly 


urther transtor- 
mation then requires the activation of new nuclei 
sul sequent cooling. The phenomenon of isother- 

itic transformation may similarly be 

interpreted as involving rapid isothermal growth toa 
limiting size followed by a time interval for the 


thermal creation of a new nucleus. 
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Finally, we should consider the magnitude of the 
interface velocity. At slow rates of cooling or 
heating, this is presumably limited by the relaxation 
processes discussed above. With very large tempera- 
ture gradients, interfaces moved with speeds of the 
order 10 cm/sec or greater. The mechanism discussed 
by Cottrell and Bilby however, shows that velocities 
of the order 500 cm/sec may be obtained with quite 
small stresses, so that no difficulties arise in explain- 
ing the higher speeds. 
(3) Nucleation of the Transformation 

We have previously pointed out that the often 
observed reversibility of the transformation implies 
the 
which are not entirely eliminated by heating into 
the stability 


existence of nuclei of the martensite phase 
region of the parent phase. In the 
present work, the same single or double interface 
was found on repeated cycles, although a change 
was occasionally produced by heating for some time 
Since the 


from 


interface always 
the 
it seems probable that a 


in the cubic region. 


appeared and disappeared same part 


of the crystal surface, 
nucleus of the appropriate tetragonal orientation 
was retained at the surface. It may be possible to 
draw a parallel with Turnbull’s theory o 

of thermal history on the supercooling of liquids 
[23], but 


this was not investigated in 


work. 
The nature of the nucleus 


some observations on multi-interface 


tions, made both in the present work 


previous work on copper-manganes« 
to the dislo 


lll nuclei of 


interest. Ac cording 


are of 
theory, we should expect sm 


phase to be retained between ever 


bands, since the transformation dislox 


pass each other below a certain minimun 

roviding insufficient time is allowed for tl 
these nuclei by thermal 


should transform more or 


pation of 


bands 


back to cubic. [his is in fact observe l. On coolit 


however, I 
from one ene 

either the activation or 1e 
the m: 


trix stresses ahead of 


‘lv certain that nucleation is heterogeneou 


ibly 


interface transformations. In 


and prob occurs at or near the surface in sin 


Cottrell and 
theory of twinning in a-ir the nucleus can be a 


monolayer stacking fault, in general this does 


not seem to be possible, and much larger nuclei are 


TRANSFORMATION OF 


M ALLOYS 

required before growth can occur by shear processes. 
There seems at present no alternative to the assump- 
tion that nuclei are formed thermally at the trans- 


formation temperature, or athermally by cooling 
from above this temperature 
Geisler formed 
planes. though w 
criticised his theory of erowth, this seems 


r the 


According to 
coherently on have 
feasible 


method of nucleation. If we rele 


S, of 


Strain tensor 


find 


to axes [O11], [211] [111 


section 


The strain in the } -plane 1us corresponds toa 
tress normal to 
is unchanged. A 


would thus 


homogeneous shear, an 


since 


these planes, 
small coherent nucle n such a plane 
relatively 


> existence interfaces requires 


ation. »is formed, and for 


some reason one of the tetragonal twins is rather 


thicker nerge. might be 
reduc ed the propag ition of 


erface, thus producing 


ré All 


4 
pes ot ouble 


— 0 0) 
expla 
ite 1 f 
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LETTERS TO THE EDITOR 


A Yield Point in Steel Due to Hydrogen* 


[t has been thought for some time that there 
may well be a yield point in steel due to hydrogen. 
This letter is to describe experiments that demon- 
strate the presence of such a yield point. 

The 
rolled 


base material used commercial hot- 


SAE 


ground from 1/2 in. 


Was 
1020. The specimens were plunge- 
rod to an 0.20-in. specimen 
diameter. They were subsequently polished, using 
1, 0, 3/0 emery paper, degreased, annealed in dry 
hydrogen for 1 hour at 600°C and cooled in the 
same atmosphere in a water-cooled extension of 
the furnace. In an attempt to remove any dissolved 
hydrogen, this treatment was followed by vacuum 
annealing at 600°C for 7 hours, and cooling under 
vacuum. 

In order both to eliminate the carbon and 
nitrogen vield points and to allow for the subse- 
quent absorption of large quantities of hydrogen, 
the specimens were prestrained 15% at —78°C ina 
bath of dry ice and alcohol, unloaded, and placed 
immediately in liquid nitrogen to eliminate pos- 
sible aging. 

- 150°C 
in a bath of liquid Freon 12 immediately 
196°C. 


Group I of the specimens was tested at 
alter 
up-quenching from 

Group II was charged with hydrogen electroly- 

for 4 H.SO, 
addition of 
Current 


hours in a solution of 4% 
As.O; as a 
the 
0.2 amp/in®, and the bath temperature never rose 
30°C. The 
placed in liquid nitrogen 


tically 


with catalytic poison. 


density was in neighborhood of 


above specimens were washed and 
immediately, then tested 


at —150°C as for Group 


Group III of the specimens were wart 
the —196°C 


following prestraining, and aged 4 hours 


room temperature from 


*Received November 18, 1953. 


to allow possible aging, then quenched in liquid 


nitrogen and tested as for Group I. 


.oad-elongation curves for all three treatments 


are shown in Figure 1. A yield-point is present in 


the hydrogen-charged specimen, and in neither of 


the others. Preliminary experiments also indicate 


th it this \ ield point is not observed above al 


120°C 


out} 


Ardle. 


Low, 


| am indebted to Drs. G 
J. H. Hollomon, and J. R 


stimulating and helpful discussions. 


General Electric Research Laboratory 


Schenectady, New York 


X-Ray Diffraction by a Deformed Crystal 


Lattice’ 


Under the appropriate experimental cond 


a rather large amount of information can 


obtained about the distortion of a 


the appearance of its transmission Laue spots 


Thus, Guinier and lennevin [1] developed 


transmission Laue method which « 


measure very slight amount 


axis lying in the plane of 
ullity 


specimen. Julien and ( 
method 


technique and developed a measuring 
torsion about a similar axis. The purpose 
cting be 


note is to describe a method of 


Aprf 


about an axis pe end 


specimen. Distortion of 


to detect 


Che experime! 
Julien and Cullity 


horizontal, v 


from verti 


concerned W h 
film, 
rat ted 


snown 


ned striations 


However, some 


from deformed aluminu 


n horizonta 


at the reflection 


reflecting planes 
lying in the plane of the 


presence of horizontal st 


I 


kind of distortion 


another 


*Recei\ 


Jr., for thei 
H. C. ROGERS 
| 
crystal fron 
A 
ended ~ 
very difficult mig by means of X-1 liffra 
tiom. 
ee | tal conditions duplicate those « 
) \ ers = ni 
| 
| 1e renections I 
e.. so lled 90°-reflectio! 2 
| | beams il horizonta 
plane. It has been sium [3] that such 
contain i”c/i the crvsta er 
| twist peeetened reflections 
to containment / striations. Now the mere tact 
th is broadened indicates 1 
t out vert 
ned to specimen | \ ( ne 
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al point 

line [3]. Figure 1 
‘ated at S. ABEF is 
approximately 


crystal and A’B’E’F’ 


is flat, incident 


‘avs OI and 
shown in 


ror every 


theretore 


xis in tne 


cm, for 


sensitivity in detecting bending about a vertical 
axis. If focused striations are detected when 
SO = OI = 50 cm, then R = 50 sin 10° = 8.7 cm. 
This represents rather severe bending. As the 
‘adius of curvature increases, OI also increases 
and it may be shown that R approaches 2 (SO) 
sin 6 as OI/SO approaches infinity. Therefore, the 

im curvature detectable under the above 

ys would correspond to R 17.4 cm. 
r decrease in curvature causes the reflected 


o diverge vertically rather than converge to 


practically impossibl] to 
shaped specimen about an axis normal 
surface, but such deformation has been found in 
compressed aluminum crystals when the compres- 


1 


sion axis is normal » surface of the crystal 
plate. Horizontally striated Laue reflections were 
‘om every compressed specimen exam- 
atures with radii of the order 

occasionally from specimens 

bent or twisted about an axis parallel to the plate 
surface. In the compression specimens, lattice 
bending about an axis normal to the plate was 
panied by bending about an axis parallel to 


“tat 
ful 


1S 


‘arch for financial support of this work an 


Professor B. D. Cullity for help and suggestions. 
S. S. 


Department of Metallurgy 
University of Notre Dame 


The Micro-Mechanism of F 


writer Na 


interest t 
behavior derived from 
brittle fracture. The 
under 
29, p. 467s, and vol. 30, p. 459s, 1951. 


methods of investigati the micro-mechanism of 


1G ACTA METAL 
The combination of a Soller slit and a line source 
of X-rays 1s equivalent to a 
sources space ong vertica 
shows one source in this set, lov 
inn latts - 
renecting ta ice plant rma 
normal, to the surface of the 
. is its extension. If this lattice pare 
1S s extension. Lif this tattice plane 
ravs such as SO and SO’ would continue to diverge 
vertically after diffraction, the amount of diver- 
or being given by the angle However, if 
\'B’E’F’ is bent about the horizontal axis SI], rays (i 
parallel to A’B’E’F’, then the reflected 1 a focus. 
O’!I will converge to a focus at I, a 
Figure 1. There will be one such focus f___— 
f FOE f 
\ / 
\ dj 
\ 
\ \ 
\ j 
\\ ~ 
\\ \\ 
\ \ 
\\ \\ 
N 
the plate. 
source S in the set of virtual sources. If. now, the [he writer = QJ to the Office of Naval ail 
crystal is bent about a vertical axis through O and to 
QO’, each focus I will be broadened horizontally to 
ili ( 1 \ LOT ISISt Ol a 
set of he ontal lines or striations. The presence of 
Notre Dame, Indiana 
‘ 
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ture with tension impact specimens subjecte 


varied load are presented in the reference 


\rmco iron was employed for impact spe 
whi h were va iously loaded to cause ct 
partial fracture. Metallographic examinati 
the mechanical twins in these specimens estal 
he following barri 

other twi 
substructure, nonmetallic inclusion 
tries. Sometimes the twi 
at such barriers and at other times were ¢ 
pinched or otherwise changed in 
through the barriers. Micro-hardnes 
ca. 1 gm) of twinned volume were m: 
too difficult to apply asa general method of sear 
Recrystallization techniques were found to be 
quite effective in showing strained regions of the 
micro-structure in which slip resulted from the 
energy diverted from a propagating twin at some 
barrier. 
shows a new, recr’ 


intersection of two twin traces 


pinched section of the twin where a 

has formed at the twin inter 

that one of several twins has a ney OT 

its path. Figure 3 shows two twin traces, one of 
which has been cut by a cleavage trace. 
twin-twin intersection has a new 

twin-cleavage intersection just 

cleavage, has a number of new gr: 

portion of the twin volume itself ne 

The twin cut by the cleavage can 


clearly while the other twin not intersected by the 


cleavage is quite indistinct. This indistinctness is a 


(0 | 
° 
‘ 
characteristic of twins re associated with 
i 5 i V it 
Of 1 O! Fro ) 
] 
2nd to the left a_ the study of 1 
; 
/ 
a 
» DE 500 
that the pre I in Ci\ 
slip | tn i! tiatil Cavage tracture. 
rigure 1S ¢ seve! nsta ec hich 
ire nside ed pe } é ey let the 
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BOOK 


Dislocations and Plastic Flow in Crystals. 
By A. H. Cottrell. Oxford: 

Dislocations in Crystals. By W. T. Read, Jr. 
New York: McGraw-Hill Book Company. 1953. 


Clarendon Press. 1953. 


ward when the experimental tec 
hy made it possible 
metallographer with the “‘crystal 
pher. Many of the properties of 


‘non structure sensitive 
properties, could be explained in terms of the geo- 
ment itoms in crystals. It was 


metrical arrar 


found, however, that some of the properties could 
counted for in terms of perfect crystals; 

he most prominent example was plastic deforma- 
tion, which takes place, in single crystals, far more 
easily than would be expected for a perfect crystal. 
In 1934, Tayl 
independently 


] 
kind of departure 


Orowan and Polanyi realized, 


} 


and simultaneously, that a particular 


from crystal perfection would in 
account tor 


such 


principle the salient features of plastic 
deformation. imperfections are known as 


‘‘dislocations.’’ Since that time, the development 


dis] 


taken many 


s been very rapid 
Many 


‘nce ol dislo i- 


tions ha 


the theory of 
different directions. 
ve been 


h experi- 


) the develop- 
is to examine the 

calculate 

ir response to 

stresses and to predict the geo- 


their motion. The other 


ipproach has been to consider the experimental 


bservat that are not accounted for in terms 


10ns 


‘ystals, and to determine whether they 


ined by the presence of dislocations; 
such explanations led in several cases to the pre- 
diction of as yet unobserved effects, which were 
susceptible to experimental study. 


q he 


represents a very 


publication of the two books under review 
timely stocktaking in both these 
methods of approach. Dr. Read’s book is a step by 
step development of the ‘‘geometrical’’ theory of 
dislocations, both qualitative and 


followed by a detailed discussion of two topics in 


quantitative, 


which dislocation theory has provided the basis 


REVIEW 


for predictions that have since been verified experi- 
mentally; namely crystal growth from vapour and 
solutions, and the structure, energy and motion of 
grain boundaries. The book is written as a text- 
book, with numerous questions and examples to 
help the student to test his comprehension of the 
material he has read. The book is extremely clearly 
written and well arranged and can be wholehearted- 
ly recommended to the serious student who is pre- 
pared to devote a considerable amount of time to 
established 


the firmly aspects ol 


Dr. Read points out in his pre- 


learning about 
dislocation theory. 


face that he offers ‘‘only fragments of a theory of 
mechanical properties, strength, plastic deformation 


and work hardening .”’ because, he writes ‘‘there 


is no systematic general theory that is convincing 
or W idely accepted.”’ 

Professor Cottrell’s book, on the other hand, is a 
very lucid and readable account of the theory of 
dislocations largely in relation to plastic deforma- 
tion; while Dr. Read regards plastic deformation 
as an area in which dislocation theory has not yet 
reached the text-book stage, Dr. Cottrell’s book 
demonstrates that it was ripe for reviewing and 
discussing in detail in monograph form. 

The emphasis in Dr. Read’s book is a rigorous 
mathematical treatment, while Dr. Cottrell’s, being 
mainly concerned with qualitative physical ideas, is 
not intended as a permanent record of firmly estab- 
lished results, although undoubtedly most of it will 
fall into this category. Dr. Cottrell has included 
some discussion of the more speculative aspects of 
his subject. This book is recommended as strongly 
as Dr. Read ’s; it is, however, intended for a slightly 
different (but largely overlapping) group of readers. 
It is intended primarily for the reader whose real 
interest is in understanding the mechanical proper- 
ties of crystalline solids, whether these can be 
terms of dislocations or not, while 


for the student of 


understood in 
Dr. Read’s book 
dislocations, whether they are applied to plastic 
or whether they 


is intended 


deformation, crystal growth, etc., 
are regarded as a consequence of purely geometrical 
concepts. 

The reviewer is compelled to make the recom- 
mendation, more popular with the authors than 
with the reader, that a serious interest in the pres- 
ent position and future possibilities of dislocations 


calls for the possession of both books. 


B. CHALMERS 
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COLD-ROLLED AND PRIMARY RECRYSTALLIZATION TEXTURES 
IN COLD-ROLLED SINGLE CRYSTALS OF SILICON IRON* 


Cc. G. 


Quantitative pole figures are given for the cold-rolled textures and the primary recrystallization 
textures obtained from single crystals of silicon iron. The orientation changes produced by cold 
rolling, by primary recrystallization, and by secondary recrystallization are discussed. Each primary 
recrystallization texture is shown to consist of several preferred orientations with one component 
predominant. Minor components are shown to have the orientations found for components of the 
secondary recrystallization texture when secondary recrystallization occurs on further annealing 
lhe conclusion is reached that large primaries from a minor component of the primary recrystalliza- 
tion structure grow and become secondaries of the same preferred orientation, provided they are 
large enough to grow in competition with other primaries and do not come from a component which 
by itself or together with a twin component represents too large a fraction of the texture. The results 
obtained for both primary and secondary recrystallization agree better with the oriented-nucleation 
growth-selectivity theory than with other current theories 


TEXTURES DE LAMINAGE A FROID ET DE RECRISTALLISATION PRIMAIRI 


LES 
DANS DES MONOCRISTAUX DE FER AU SILICIUM LAMINES A FROID 


On donne des figures polaires, quantitatives, des textures de laminage a froid et des textures de 
la recristallisation primaire, obtenues de monocristaux de fer au silicium. Les changements d'orienta 


tion produits par le laminage a froid et par les recristallisation primaire et secondaire, sont dis« 
Il est montré que chaque texture de recristallisation primaire consiste en plusieurs orientations pri- 
vilégiées, avec la prédominance d’une composante. I] est montré que des composantes secondaires 
ont les mémes orientations qu’on trouve dans les textures de la recristallisation secondaire, quand on 
obtient de la recristallisation secondaire en prolongeant le recuit. On en conclut que de grands 
cristaux primaires d’une composante secondaire de la structure de recristallisation primaire croissent 
itation privilégiée, pourvu qu’ils soient suffi 


ites 


et deviennent des cristaux secondaires de la méme ori 
samment grands pour pouvoir croitre malgré la compétition d'autres cristaux primaires, et ne pro- 
viennent pas d’une composante qui par elle-méme, ou avec une composante en macle, représente une 
trop grande fraction de la texture. 

Les résultats obtenus dans les deux cas de recristallisations primaire et seconda 
accord avec la théorie de la germination orientée et croissance sélective qu’avec 
courantes, 


nt en meilleur 
les autres théories 


ire so 


REKRISTALLISATIONSTEXTURI 
EINKRISTALLEN 


UND PRIMARE 
GEWALZTEN SILICON-EISEN 


Es werden quantitative Polfiguren fiir die Kaltwalztexturen und fiir die primar: 
tionstexturen von Silicon-Eisen Einkristallen mitgeteilt. Die Orientierungsainderu 
Kaltwalzen, durch primare und durch sekundiare Rekristallisation hervorgerufen w 
diskutiert. Es wird gezeigt, dass jede primare Rekristallisationstextur aus mehreren 
Orientierungen besteht, von denen eine iiberwiegt; (Hauptanteil). Die andern bevorz 
tierungen (Nebenanteile) sind identisch mit denen der Komponenten der sekundiaren Rel 
tionstexturen, die sich nach weiterem Gliihen bilden. Es wird aus diesen Beobachtungen geschloss 
dass grosse Primarkeime der Nebenanteile der primadren Rekristallisationsstruktur wachsen 1 
Sekundarkeime der gleichen bevorzugten Orientierung werden, vorausgesetzt dass sie sowohl gross 
genug sind um gleichzeitig mit anderen Primarkeimen zu wachsen, als auch von Anteil 
herriihren, der-allein oder zusammen mit einer Zwillingskomponente-einen zu grossen Bruchteil der 
Gesamttextur darstellt. Sowohl die fiir die primare als auch fiir die sekundare Rekristallisation 

] 


WALZTEXTUREN 


en 


ind 


keinem 


lung mit selektivem 


gewonnenen Resultate stimmen besser mit der Theorie der orientierten Keimbildung 
Wachstum als mit anderen bekannten Theorien iiberein 


tive 
the 


lization textures were produced by selec 


Introduction of large randomly oriented primaries. Instead, 


data indicated that the large deviating primaries 


The present paper is the second in a series dealing 
preferred 


more probably occurred in 


The 


vanced for the origin of secondary recrystallization 


with recrystallization phenomena in cold-rolled (nuclei 


single crystals of silicon iron and to a considerable _ orientations. following conception was ad 


degree is a supplement to the first paper [1]. In the 
first paper microstructure data showed the presence _ textures: ‘‘When primary recrystallization produces 
preferred 


remaining primaries in other 


rcentage of primaries in one 


of large primaries in deviating orientations. Also a high pe 


orientation 


ina 


orientation data on four early forming primaries 
and the lack of secondaries in equivalent orienta 


tion positions eliminated to a large degree the 


possibility that the observed secondary recrystal 
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preferred orientations in such a way that a number 


ol the 


hese large primaries in deviating 


Oc A 

ee $= latter have diameters two or three times the 

orientation grow into secondaries.’’ 
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Quantitative information on the primary re- 
crystallization textures, particularly if sufficiently 
sensitive to detect extremely weak preferred 
orientations representing minor components of the 
texture or even the presence of randomly oriented 
primaries, would add valuable information on the 
problem of the origin of secondaries and would 
permit an evaluation of orientation relationships 
between primaries and secondaries. Quantitative 
textures, in 


the cold-rolled 


would add information on both the origin of the 


information on turn, 
primary recrystallization textures and the cold- 
rolled textures. These are the considerations which 


comprise the present paper. 


Experimental Procedure 


In the course of the previous investigation [1], 
cold-rolled specimens and annealed specimens of 
suitable size were set aside for pole figure deter- 
minations. Briefly, single crystals of silicon iron 


(3.25 per cent Si) in three different orientations 
designated as specimens 1, 2, and 3 were cold-rolled 
from 0.050 0.014 inch. 


(Initial orientations, referred to the plane and 


a thickness of inch to 
direction of rolling, are given below in the section 
Mechanical the 
produced a Neumann 


on results.) twinning early in 


deformation number of 


bands, which were particularly noticeable in 


specimen 1. Annealing consisted of a one-minute 
treatment at 980°C in an atmosphere of hydrogen, 
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except for one sample of specimen | which received 
a 64-hour anneal at 550°C prior to the one-minute 
anneal at 980°C. 

X-ray specimens 0.002 inch thick were prepared 
from the central regions of the 0.014-inch pieces by 
surface grinding followed by iodine etching. 

X-ray data were obtained by a Geiger-counter 
integrating camera transmission method [3] using 
a l-degree slit, Mo K,-radiation, and diffraction 
from (110) planes. Intensities were obtained on a 
Speedomax recorder after the radiation was filtered 
at the Geiger tube with zirconium to remove white 
Chart 
counts 


radiation diffraction from other planes. 


records were calibrated in terms of per 


second and then converted directly into 


density units* by means of a comparison method [3] 


pole 


employing a randomly oriented sample of the same 
effective thickness (powdered iron and a binder 
sprayed on to paper). In the comparison method 
no significant background correction was found. 

The choice of (110) planes instead of (200) planes 
was made upon realization that with the Geiger 
counter set for (200) diffraction, sufficient white 
radiation remained even after filtering to give Laue- 

*Pole density, which is measured in terms of fraction of 
sample per unit solid angle falling in an element of solid 
angle, has been defined in absolute units [4]. For (110) poles 
the integral of pole density over a hemisphere equals 6, which 
is the number of (110) poles for a single crystal and therefore 
the number of times the crystal is counted in the integration. 
In such units the (110) pole density of a random orientation 
texture is 6. 
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FIGURE l. 
deformed single crystal; 
after 1 minute at 980°C. 


Recorder chart traces for Mo K,-diffraction from (110) planes and calibrated pole density levels. (a) lightly 
b) specimen | after 1 minute at 980°C; (c) 


specimen 2 after 1 minute at 980°C; (d) specimen 3 
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type diffraction from very strong concentrations of 
(110) planes and thus produce (200) ghost peaks, 
which would be troublesome to handle. Even with 
the Geiger counter set for (110) diffraction, weak 
(110) ghost peaks, caused by diffraction from (200) 
and (112) concentrations, were found. For example, 
Figure la shows a chart record from a (110) single 
crystal cold-rolled about 5 per cent in a [110] 
direction, and Figure 16 that of a fine-grained 
sample (specimen 1 recrystallized) with nearly 
single orientation texture like that of the lightly 
deformed single crystal, and both examples show 
weak peaks due to (200) and (112) reflections, as 
can be seen in the figures. The magnitude of such 
peaks was found to be about 0.3 per cent of the 
strong (110) peak, a negligible figure except for 
identification of real (110) peaks of comparable 
strength (note minor peaks in Figure 1b). Minor 
peaks above the 0.3 per cent value, which appear in 
Figure lc and ld, for specimens 2 and 3 presented 
no problem in the analysis. 

Each specimen was scanned over a rotation 
angle of 360 degrees for each of twelve tilt positions. 
Tilt positions varied in 5-degree steps to cover the 
region from the basic circle to within 30 degrees of 
the center of each stereogram. The 5-degree steps 


proved to be too large to determine successfully 


all small but sharp isolated (110) concentrations 
with peak heights of 1.5 to 3 pole density units. To 
avoid ambiguities and cluttering in the stereograms, 
many of these weak (110) concentrations (those 
shown in Figure 1) for specimen 1 are examples 
were omitted in plotting the data. 

The pole figure plots consist of constant pole 
density contour lines. For an isolated pole concen- 
tration these lines start with a lowest value of 1.5 
and increase in steps toward the peak point accord- 
ing to the following sequence: 1.5, 3, 6, 12, 24, etc. 
as drawn in the charts of Figure 1. 


Results 


Cold-Rolled Textures 

The cold-rolled textures of specimens 1, 2, and 3 
are given in Figures 2, 3, and 4, respectively. Black 
dots give initial orientations, which are near (110) 
[001], (331) [116], and (332) [113] for specimens 1, 
2, and 3, respectively. 

The texture of specimen 1 consists of a strong 
(111) [112] component, a weak (111) [1 12] com- 
ponent, and a weak (100) [011] component. The 
orientation of the Neumann bands that formed 
early in specimen 1 would be near (114) [221], 
which is an orientation that rotates into the stable 


FIGURE 2. Pole density 


specimen 1 cold-rolled 70 per cent. Black 


orientation. 


stereogram 


FiGURE 3. Pole density stereogram of 


men 2 cold-rolled 70 per ce: 
tation. 


Black dots 
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FIGURE 4. Pole density stereogram of (110 


men 3 cold-rolled 70 per cent 
tation 
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100) [011] end orientation; thus the (100) [011] 
component of the texture can be accounted for in 
this way. The weak (111) [112] component will be 
discussed later. 

rhe 


those of the (111) 


textures of specimens 2 and 3 are mainly 


(il 


2] component. 

Che end orientations reached by the specimens— 
namely, (111) [112] or (111) [112] plus (111) [112]— 
are in excellent agreement with the results obtained 
by Barrett and Levenson [5] for single crystals of 
iron cold-rolled between 80 and 95 per cent. One 
of their crystals (No. 11-1), initially within 5 
degrees of the orientation (110) [001], ended in a 
with two (111) (112 
[6] found, however, that if individual 


texture components. Decker 
and Harker 
grains in a coarse-grained sheet of 3.5 per cent 
silicon iron were within 5 degrees of (110) [001], no 
significant rotation occurred, whereas if they were 
beyond 7 degrees (but still in a (110) [001] classif- 
cation (110) [001] occurred 
during cold-rolling reductions of 40 per cent. On 
the other hand, Dunn [7], using a single crystal of 
silicon iron within 2 degrees of (110) [001], obtained 


rotation away from 


two orientations separated by 12 degrees in a cold- 
rolling reduction of only 10 per cent and ascribed 
this result to the formation of deformation bands. 
The latter type deformation would readily account 
second (111 
spec imen 1. The different 
Decker and Harker may be due to some difference 


in the manner of rolling specimens. 


for the (112) component observed in 


behavior noted by 


Primary Recrystallization Textures 
The primary recrystallization textures of speci- 

mens 1, 2, and 3 

980°C are given in Figures 5, 6, and 7 respectively. 


after a one-minute anneal at 


density 


recryst 


stereogram of 


FIGURE 5 
illized 1 mir 


sample of 
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FIGURE 6. Pole density stereogram of (110 poles of 
specimen 2 recrystallized 1 minute at 980°C 


FIGURE 7. Pole density stereogram of (110 
specimen 3 recrystallized 1 minute at 980°C. 


poles of 


The primary recrystallization texture of specimen | 
after a double anneal consisting of 64 hours at 
550°C, followed by one minute at 980°C is given in 
Figure 8. 

The stereogram of Figure 5 shows that the re- 
crystallization texture of specimen 1 produced in a 
is a sharp (110) [001] 


preferred orientation.* This result is in agreement 


one-minute anneal at 980°C 


with the almost single crystal appearance of Laue- 
grams and of magnetic torque values reported by 
Dunn [1] for specimen 1. 

The textures of specimens 2 and 8 recrystallized 
at 980°C are shown in Figures 6 and 7 and consist 


*As stated earlier, minor components of the texture with 
peak pole concentrations in the range 1.5 to 3 units have been 
omitted in the stereograms, this statement applying to 

7 and 8. 


Figures 5, 6, 7 


2, 1954 
ino 
o— 
5 
\ = 5 4 
> > 
| 
| 
110 
Lit poles of 
ite at YSO"( 


DUNN: 


mainly of three components: namely, (110) [001] 
and two weak orientations near (111) [110] and 
(111) [110], which are twin orientations. We shall 
refer to the latter two components as C-orienta- 
tions. Each is rotated about 8 or 9 degrees either 
clockwise or counterclockwise from its nearest (111 
(110 These C-orientation 


counterpart. compon- 


FIGURE 8. Pole density stereogram of (110) poles of 


sample of specimen 1 annealed 64 hours at 550° and then 
annealed one minute at 980°C to complete recrystallization 
(see reference 1). 


ents of the texture can be designated as (111) [651] 
and (111) [561]. They produce the minor peaks 
shown in Figures Ic and Id. Quantitatively, the 
texture of specimen 3 consists of a higher percen- 
of (111) (651 


specimen 2. 


tage components than does that of 


The texture of specimen 1 recrystallized in 

double anneal consisting of 64 hours at 550°C and 
980°C Figure 8 and 
mainly of three 
[001] marked with the letter A 
(001). The highest pole 
these 
Other 


one minute at is shown in 


consists components: namely, 


(110) [001], (120 
in the figure, and (210 
density contour lines drawn in the figure for 
components are 48, 24, and 24, respectively. 
concentrations with levels marked 6 or 3, excepting 
the 6-level for a 


one where the 3-level is within 


depression in the plot, are associated with other 
minor components that either have not been plotted 
in the 5-degree steps. The 


circle 30 degrees from the 


or have not been locat« 
levels marked 3 on the 
center are associated with C-orientation compon- 
ents, which were identified and which could have 
been completely plotted. Incidentally, the minor 
peaks adjacent to the strong peak in Figure 10 for 
specimen 1 recrystallized directly at 980°C can be 


associated with C-orientation components. 
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From magnetic torque data Dunn predicted 


a lateral tilt of the average texture of specimen | 


at low temperatures. The results of 


annealed first 
Figure 8 
also shows, of course, that the m 
110) 
lateral tilt is due to t 
120 OO] 


rapid recrystallization 


confirm this prediction. The pole figure 
un component 


namely, unrotated and that the 


he tremendous increase i! 


components over that obtaine 


at 980°C. 


Some additional and summarizing remarks 


to be made about con 


the weak unplotted (110 


centrations of specimens 1, 2, and 3 recrysta 


directly at 980°C. First there was substantix 


evidence of the presence of (120) (001) components 
Furthermore, if these 


| three specimens. 


components are accepted in addition to the iden 


111) (651 
of unexplained (110) peaks. 


tified components, one still has a residue 


l le ulation 


In cold-rolled specimens and in annealed speci 


mens the crystal fragments or crystal grains, as the 


case may be, are distributed among 
preferred orientations. An estimate of the fraction 


in each preferred orientation has been made using 
mal type distribution 


More 


exact values would require numerical integration 


methods derived from the nor 


1]. Results appear in Table I in percent 


of the quantitative pole figures 


rABLE I 


100 110 
Oll 001 


1. cold rolled 


Orientation Relationships 


und Prim Recr 


the principal preferred 
primary recryst 
tion isshown by open t 


111 112 componen 


illized orientations 


i on 
11 
| 
954 
»4 
IMA FRACTION OF TEX IN EACH PREI 
| (323) | | coon >| 
specime 112 112 UU i 651 
75 18 7 
= 
é 
2 
ifter 95 <2 2 
) ) 
Cold-Rolled 201101 Orient 
Y ¢ \ stere I tl Cl | es OT 
ore tations petore ind atte 
mn. [Lhe cold-rolled orienta 
il | ~ sO cK i¢ 
|. The are 


ACTA METALLURGICA, 


f FicuRE 9. Stereogram of cube poles showing orientation 
relationship between cold-rolled orientation and the three 
principal preferred orientations obtained by primary recrys- 
tallization (see Table II 


TABLE II 


ROTATION FOR PRIMARY RECRYSTAL- 
LIZATION 


AXES AND ANGLES OF 


Orientation of 


primaries Axis of rotation Angle of rotation 


VOL 


FiGuRE 10. Stereogram of cube poles showing orientation 
relationship between the strongest component of the primary 
texture and the three strongest components of the secondary 
recrystallization texture (see Table III 


TABLE III 
ANGLES OF ROTATION FOR SECONDARY 
RECRYSTALLIZATION 


AXES AND 


Orientation of 


secondaries Axis of rotation Angle of rotation 


M: (110) [001 CD 
(110) direction 


also a common 


120) [001 from (111) of C.R.|} 


Normal to sheet and a from 


common (111) direc- | closed triangles 


tion 


Table II also gives the axes and angles of rotation 
to transform the cold-rolled orientation into the 
specified preferred orientation obtained by re- 
crystallization. 

The first of these orientation relationships is in 
good agreement with the 30-degree rotation about 
a (110) axis found by Dunn [8] for recrystallization 
in silicon ferrite following small deformations. The 
second and third are new relationships, although 
in the earlier work other unclassified orientations 


were noted. 


Primary and Secondary Recrystallization Orienta- 
tions 

Figure 10 gives a stereogram of the cube poles 
of the main component (M) of the primary texture 
and the preferred orientations A, B, and C of the 
secondary texture reported by Dunn [1]. Table III 
gives the axes and angles of rotation to transform 
M into the specified preferred orientations obtained 


. D. or [001] of M or 20 


120) (001) 


(362 110) | 


(121) 


(013) to} 
(012 


near a common 
direction 
a common (821) 


C: near (111) (110 


direction 12 


by secondary recrystallization, which occurred after 
increased annealing time at 980°C. 

It can be noted that none of these transforma- 
tions, except perhaps the second, agrees with the 
relationships found for primary recrystallization. 


Discussion of Results 

Secondary Recrystallization 

Considering the secondary recrystallization pro- 
cess first, we note from the tables and the stereo- 
grams that the primary recrystallization texture 
has minor components in the orientations found in 
the secondary recrystallization texture. This is 
obvious for the (120) (001) preferred orientations 
which occurred in both the primary and secondary 
recrystallization textures. To show the relationship 
for (111) (110) secondaries of specimen 1 reported 
by Dunn [1], we replot his data in Figure 11 with 
the two (111) (110) components combined. Since 
specimen 1 had two (111) (112) components in the 
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cold-rolled texture, two C-orientations are required 
to represent the orientations of this type of com- 
ponent in the primary recrystallization texture. 
These are marked C and C’ in the figure. Open-line 
circles in the figure show a range of 10 degrees from 


these orientations. The orientations of secondaries, 


FiGuURE 11. Stereogram of cube poles showing orientation 
relationship between the C-orientation primary recrystalliza- 
tion component and that of 11 secondaries. 


indicated by the solid black dots, clearly lie in or 
near these indicated areas. Thus the agreement 
between the orientations of C-oriented primaries 
and C-oriented secondaries is excellent. 

Regarding other important relationships, no 
primary component of the B-orientations of secon- 
daries was established. A plot of (110) poles of B 
shows that a B-orientation would be difficult to 
resolve in the presence of stronger M, A, and C 
components; so we cannot conclude without an 
exceedingly careful determination of the pole figure 
K,-radiation and 


(perhaps use of steps 


smaller than 5 degrees) that no such preferred 


purer 


orientation exists. Also, it will be remembered that 
a few secondaries were noted with orientations 
different from A, B, and C. 

Consideration of the present data and known 
theory of growth phenomena leads us to modify 
the previously stated conception [1] for the origin 
of secondaries in silicon iron produced from original 
single crystals. This modification involves putting 
limits on the strength of a minor component if 
primaries from it are to become secondaries. 

Thus we set down the following three necessary 
conditions for primaries to grow into secondaries, 
the modification entering as the third condition: 

1. Whether observable or not in a texture 


analysis primaries must exist in the correct 
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orientation—that is, be in the orientations of 
secondaries. 

2. If 
driving force, such primaries must be above a 


grain-boundary energy provides the 


critical size. 


3. Primaries above the critical size when 


present in a minor component of the texture 


cannot become secondaries if the minor com 


ponent (or its twin) represents too large a 


fraction of the texture. (In the present materi- 


als this fraction may be se ay, not over 
5 per cent. 

\pplying these conditions to specimen 3 which 

that 


and 


had no C-orientation secondaries, we note 
C-orientation primaries exist (25 per cent 
from such a large group some ought to be above a 
critical size. Therefore, the reason for no C- 
orientation secondaries in specimen 3 is due to the 
presence of too much material of the same orienta- 
In exactly the same way the principle of 


by many 


tion. 


growth selectivity has been applied 


investigators to account for the failure of a sharp 
single orientation texture to transform into a single 
crystal of the same orientation. In agreement with 


note that as component C in- 


creases from less than 2 per cent to about 25 per 


the 


this principle we 


cent in the three specimens, incidence of 
secondaries of the same orientation decreases. 
Increase in the A-component of primaries in 
specimen 1 upon recrystallizing at low temperatures 
likewise could be cited as a factor favoring normal 
grain growth, which was observed for this sample 
[1] upon prolonged annealing at 980°C. In this case, 
another important factor is the kind of grain struc- 
ture developed during primary recrystallization. 
\lthough the existence of minor components of 
the primary recrystallization texture in the (120 
(001 established 
for specimens 2 and 8, partial evidence like that for 


specimen 1 recrystallized at 980°C could be men- 


orientation was not definitely 


tioned. 


If such primaries were present, then the 
and 3 for them to become 


Since no 


necessary conditions 1 


secondaries would be satisfied. such 
secondaries were noted in the rather limited data 
presented, one would conclude that such primaries 


lacked 


growth is a competitive process, remained too long 


the necessary size (condition 2) or, since 


in the slow-growth stage and were engulfed by 
growth of B-orientation grains, which produced the 
major component of the secondary recrystalliza- 
tion texture of these specimens. 

Pole figure data were not obtained for specimens 
first at 550°C, but recent 


2 and 3 recrystallized 
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e-/ 
l? 
re) 
4 
a 
. 
| 


180 ACTA METALLURGICA, 


results obtained in this Laboratory from magnetic 
indicate a 
[001] 
component is greatly reduced. Further annealing 
at 980°C produced only normal grain growth, which 
the 


data on samples so treated 


marked change in the textures. The (110 


torque 


was accompanied by further reduction in 


torque peak. 


Pole figure data showing the texture changes 


produced by normal grain growth in specimens 1, 
2, and 3, 


annealed first at 550°C, no doubt would be interest- 


which occurs if these specimens are 


ing. 


Primary Recrystallization 

From the cold-rolled textures we note that there 
are no preferred orientations in the orientations 
observed for primaries. Only (110) [001] orienta- 
tions can be said to be present in the scatter of the 
in the low-density region, 
the | 
which is 


cold-rolled text ure, 1.e., 


which reached levels below .) pole density 


value for specimen 2, and relatively 
stronger in the bridging region of the two (111 


(112 
of view specimen 2 has the least amount of (110 


components of specimen 1. From this point 


(001] material prior to annealing. After annealing, 
however, specimen 2 surpasses specimen 3 for 
amount of (110 
there is no clear relationship between amount of 
(110) {001 
amount obtained in the 


[001] developed. In other words, 


| present before recrystallization and 
recrystallization process. 
The difficulty is obviously not resolved by invoking 
condition 3 listed previously. Actually, the amount 
of (110) [001] material in the cold-rolled textures 
is probably small enough to avoid selective growth 
interference. 


Nevertheless, we can Say that there are two 


namely, (1) potential 


essentially the 


possible sources of nuclei: 


nuclei with material already in 


correct orientation and (2) stressed regions, which 
undergo a change in orientation during a nucleation 


process. 


Relation of Results to Current Theories 
Current Theorte: 
The 


points of 


following summaries, covering the main 


three 


textures occur, are given as a basis for 


current theories on how sharp 
annealing 
discussion of the present results. 

l. The 


Theory: 


Oriented-Nucleation Growth-Selectivity 


growth selectivity requires nuclei to 


be different from same or twin orientation of 


xture and in a narrow orientation 


the matrix te 


range since growth selectivity alone cannot 
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the texture sufficiently. Induction 
periods and 
important [9; 10]. 

2. The Modified Oriented-Growth Theory: ori- 


too broad a 


sharpen 


numbers of nuclei are very 


ented nucleation occurs but in 


range; growth selectivity narrows the orien- 


tation range for necessary sharpness of the 
texture [11; 12a]. 

3. The Oriented-Growth Theory: sufhcient nu- 
clei are available in all orientations; the matrix 
texture alone determines the final texture 

through growth selectivity [13]. 

There seems to be general agreement on the 
qualitative aspects of growth selectivity and there- 
fore agreement on the matrix texture influencing 
rates of growth of nuclei. However, if the 


quantitative nature of the relationships were known, 


even 


knowledge of the texture would permit one to make 
accurate predictions of growth behavior only over 
macroscopic regions. Rate of growth is determined 
by other factors besides orientation relationships, 
and one of these is a free energy per unit volume 
in (a) the worked state; (b) the partially recovered 
state; (c) the polygonized state; and (d) the com- 


pletely recrystallized state. On the microscopic 
scale the free energy per unit volume, available as 


a driving force for growth to occur, is quite vari- 


- able; so it is doubtful that this factor could average 


out the same for nuclei of all possible orientations. 


Because so many important factors enter the 
picture, Burgers and Tiedema’s detailed considera- 
tion of what may happen on annealing [10] is a 


well-taken point of view. 


Origin of Secondary Recrystallization Textures 


to ask if the oriented-growth 


from a broad point of view 


It is of interest 

theory can predict 
what the secondary recrystallization textures will 
be for specimens 1, 2, and 3 of the present work 
from a knowledge of their primary recrystallization 
textures. One should look first for that orientation 
which is most favorably related to all components, 
strong or weak, because such an orientation is the 
most favored to grow, a point well made by Beck 
[14]. Since all the primary components come from a 
(111) [112] cold-rolled texture by primary recrystal- 
lization, each component must have been favorably 
oriented for growth according to the oriented- 
growth theory and therefore (111) [112] must be an 
orientation favorably related to all the primary 


(111) [112] 


occur? To date none has been foun 


components. But do any secondaries 
Recent work 


in our Laboratory along the lines recommended by 
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Burgers [9], who referred to unpublished work of 
Tiedema on growing crystals through bent portions 
of specimens, show that a secondary grain, when 
reoriented to a (111) [112] orientation, grows with 
apparently unchanged rate. Similarly, an orienta- 
tion such as (110) [112] (i.e., one rotated 35 degrees 
about [110] of M), which was not observed, was 
obtained by the reorientation method and found 
to grow with ease. Therefore the idea that there are 
sufficient nuclei in all orientations must be aban- 
doned. Furthermore, application of the main factor 
in the oriented-growth theory—namely, growth 
that (111) [112] primaries 


cannot be expected to grow well in a (111) [112] 


selectivity—predicts 


single-orientation matrix, in agreement with present 
data and in disagreement with (111) [112] nuclei 
being available for secondary recrystallization.* It 
is therefore concluded that application of oriented- 
growth theory leads to contradictions. 

On the other hand, if we know the primary 
including amount and 


recrystallization texture, 


distribution of each and know also 


that there are large primaries in one or more com- 


component, 


ponents, which are sufficiently weak, we probably 
can predict the secondary recrystallization texture. 
In other words, the oriented-nucleation growth- 
selectivity theory appears adequate for this case. 
To decide whether or not the modified oriented- 
growth theory is also adequate to account fot 
present data would require more detailed know- 
ledge on the distribution of orientations for the 
ued, ver, 


very large primaries. It can be ar; 


from growth selectivity operating during primary 


recrystallization that the largest primaries should 
be near the peak pole density positions, which is in 
reasonable agreement with the position of secon- 
dary grains. Also, qualitative and relative values of 
rates of growth were determined in the present 
specimens for a variety of orientations obtained by 
the reorientation of a seed crystal and were not 
found to vary enough to account for the secondary 
recrystallization data. Similar work on relative 


growth rates versus orientation in commerical 


fine-grained polycrystalline silicon iron [2] when 
compared with secondary recrystallization textures 
needed in 


that oriented-nucleation is 


to selective crowth to 


indicates 


addition account for the 


sharpness of the (110) [001] texture developed by 


secondary recrystallization. Oriented-nucleation for 


*A cold-rolled polycrystalline sample, of course, 
better opportunity for producing large primaries in 
all orientations, but here again the number of such | 
primaries, which is an aspect i d-nucleation, probably 
varies with orientation 


otter 
nearly 


e 


irg 
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this case would be described in terms of a standard 
deviation of large primaries in an exceedingly weak 
(110 


therefore 


(001] component of the texture. The write: 
favors the oriented-nucleation growth 
selectivity theory for secondary recrystallization in 
silicon iron. 


That 


secondary 


the correct orientation relationships for 


recrystallization in face-centered cubi 
metals can be supplied by oriented primaries has 
Hibbard [15 


been proposed recently by Liu and 


and Dunn [16]. 


Origin of Primary Recrystallization Textures 


At the outset we need to note the marked effect 


of recrystallizing specimen 1 at different tempera 
tures, which is not unlike results obtained by other 
In speci 


investigators (see, for example, [17; 18] 


men 1 the effect is the marked dependence on re 
crystallization temperature of the relative amounts 
of (110 M-primaries) and (120 
001) primaries (A-primaries from 
M-nuclei \-nuclei. It that 
growth selectivity alone could explain this effect 
On the other hand, the old idea that low tempera 


[001] primaries 


arise 


which 
doubtful 


seems 


and 


tures can give certain nuclei with short 


periods a special advantage is very 
According to this point of view, low temperatt 


favor A-oriented nuclei because of their consi 


ably 


temperatures the induction periods of M-nuclei 


shorter induction periods, whereas 


relatively short enough for them to become com 


rding to the 
Dunn [1 


petitive with A-nuclei. Ac micro 
structure data reported 
clude that the number of M-nuclei far 

the number of A-nuclei. Therefore, by giving 
A-nuclei 


at low 


which happens 


temperature, one an en 


a special advant ige, 


\M-component 
+} 


nucleation growth-selectivi heor. 


occur 


\-component at the expense of the 
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the -ef re seems 
How 


present primary recrystallization phenomena 


1 nucleus is and how 
“preformed” nu 


peen 


difficulty may be met, howe 


along the lines su 


sidet 


»4 
ever, 1S no ill cle ir W 
] ] 1] 
iooks attractive. Genel! V, Tt 
VISUALIZE ‘ erormea IC S l one sper 
usin ents 
@@Hed that certain adjustments for t I 
bet we cle ‘ wri ul 


182 ACTA METALLURGICA, 


be relatively lower in value than those for adjacent 
orientations. Call this an ‘‘energy cusp’”’ nucleation 
theory. In this theory the mother crystal would be 
the frame of reference for determining the orienta- 
tion of the nucleus just as it is in the oriented 
growth theory. Rate of nucleation would depend on 
rate of adjustment leading to the low-energy nuc- 
leus and rate of growth in the initial stages. Early 
rates of growth would depend on variable local 
driving forces, which reasonably could be distri- 
buted in a normal way not unlike the distribution 
of curvatures in the Cahn theory [19] of nucleus 
formation by polygonization and growth processes. 

lf during deformation material is put into the 
nucleus orientation by large rotations on the slip 
planes about axes either perpendicular to the slip 
direction or perpendicular to the slip plane, the 
relatively lower energy of the nucleus orientation 
accumulation of material in this 


would favor 


orientation over adjacent orientations. This is a 


second factor favoring such oriented nuclei. 


What is the evidence for energy cusp nuclei? 


First, there is the third-order twin relationship for 


primary recrystallization in silicon ferrite [8]. 


Another example is the present rotation of 35 


degrees about a (110) axis. This position is between 


the third-order twin and the second-order twin 


position, which correspond to rotations of 31°36’ 
ind 38°56’ 

energy boundaries for these could be common {552} 
planes and common {114} 
Still another illustration, the one mentioned by 
[9], is the Kronberg-Wilson relationship of 


38-degree rotation about a (111 [20], which 


respectively about a (110) axis. Low- 


planes, respectively. 


axis 
also was observed for the prominent minor com- 
ponents of recrystallization in the present work. 
The energy cusp boundary could be composed of 


those common {541} planes that correspond to a 
i 


relative rotation of 38°13’. 

Since there are several equivalent positions— 
twelve second-order twins positions and eight of the 
Kronberg-Wilson type—a variety of orientations 
may appear possible from primary recrystalliza- 
tion. Figure 12 illustrates the positions of four 
(111) [112] by a 35- 
(110) axes; the other 


orientations obtained from 


degree rotation about two 
eight can be visualized from symmetry considera- 
tions. 

The important question is: How does the cold 
rolling provide nuclei in only a few of the equivalent 
positions? Knowledge of the deformation process 
beyond that presently available could provide the 


answer. Nevertheless, there seems to be evidence 
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FiGURE 12. Stereogram showing four orientations M, D, 
E and F obtained by 35° rotations about two specific (110) 
axes of the cold-rolled orientation. 


favoring slip on {110} planes over slip on {112} and 
{123} planes in body-centered cubic lattices [21]. 
To account for the observed rotation of the original 
crystals into the (111) [112] orientation one can 
visualize a proper combination of {110} planes and 


stable end orientation, slip systems must operate in 


slip directions. After the crystal reaches a 


such a way to retain this orientation. Successive or 
simultaneous operation of several slip systems can 
produce a rocking motion of the crystal about 
certain axes. 

To illustrate important possibilities, let us refer 
to a standard (110) projection [22]. Figure 13 gives 
the poles of the {111} and {110} planes. We rule 
out the following slip systems because of their 
unfavorable position in a (111) [112] orientation: 
(101) plane and [111] slip direction, (110) and [111], 
(011) and [111], (101) and [111], (110) and [111], 
and (011) and [111]. The six slip systems that remain 


FicurE 13. Stereogram of {111} and {110} poles of a 
crystal in the (111) [112] orientation. 
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have been grouped into combinations in Table IV. 

rom Table IV it can be seen that combinations 
l and 2, operating in succession, rocks the crystal 
about [110] or C.D. as an axis and that combina- 
tions 3 and 4, operating in succession, rocks the 
crystal about [111], or the normal direction. 

It will be noted also from Table IV that combina- 
tion 2 is equivalent to slip on a (112) plane and is 


the one responsible for rotating the crystals into 


TABLE IV 


COMBINATIONS OF SLIP SYSTEMS 


Slip systems Axis of | Type of rotation 
| rotation 


(110) and [111], (110) and 
[111] 


[110] [111] moving 


toward R.D. 
[110] [111] moving 


away from R. 


(101) and [111], (011) and 
(111] 

110) and [111], then (011) [111] | clockwise 
and [111], then (101) and 


[111] in succession 


(110) and [111], then (011) [111] counterclock- 
and [111], then (101) and 

[111] in succession 
the (111) [112] orientation. During cold-rolling 
this combination would have to operate more in 
specimen 1 than in specimens 2 and 3. Further 
rotation of this type in small regions could produce 
No 
primaries were observed in this orientation. The 
first combination in Table IV, could 
provide M-orientation nuclei, but it is not clear 


nuclei in the D-orientation (see Figure 12 
however, 


how this combination would favor specimen 1 over 
specimens 2 and 3. If there were an analogue to the 
opposite rotation of a detached portion on a slip 
plane or the local curvature produced by a piling 
up of dislocations (126), then a more active com- 
bination 2 should produce more M-nuclei in small 
regions separating slip planes. 

On the other hand, operation of combination 3 
or combination 4, which could produce C-oriented 
nuclei, reasonably could lead to more C-oriented 
nuclei, the greater the reduction, while the crystal 
is in the (111) [112] orientation. This may explain 
the observed maximum for amount of (110) [001] 
primaries with amount of cold-rolling [1], which 
occurred near 70 per cent reduction, because an 
appreciable amount of cold-rolling is first required 
to rotate a (110) [001] crystal away from the ori- 
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ginal (110) [001] orientation as well as to set up 


110) 


whereas 


the required conditions for producing a strong 
001] 


reductions exceeding 70 per cent could generate 


primary recrystallization texture; 
more and more C-oriented nuclei and thus produce 
an enhancement of this component of the primary 
recrystallization texture and a loss in the (110) [001] 
component. 

If these idk 
[112] single crystal should lead to even more C- 


‘as are correct, cold-rolling a (111 


oriented primaries than those observed in the 
in the present specimens. Further work is being 
done in this Laboratory to clarify the role orienta- 
tion plays in the development of recrystallization 


textures. 
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GRAIN BOUNDARY SELF-DIFFUSION IN ZINC* 
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average grain sizes of the two series of specimens 
were measured on the part of the specimen that 
remained after sectioning, and in no case was there 
an appreciable change in grain size during the 
diffusion process. 

After radioactive Zn® was electrodeposited on 
the specimen surfaces, the samples were diffused at 
different temperatures and then sectioned in a 
lathe, and the activities measured in the manner 


described in reference [1]. 


Results and Discussion 


As yet no general solution of the diffusion equa- 
tion for diffusion along uniform grain boundaries 
has been obtained. However, Fisher [4] has derived 
an approximate solution appropriate to the region 
beyond the influence of pure bulk diffusion, which 
is easily applicable to the interpretation of the 
experimental data. Roe [5] and Whipple [6] have 
also considered the same problem in more detail 
using more rigorous mathematical analysis, but 
their results are rather complicated and extremely 
difficult to correlate with experimental data. 

With the same assumptions outlined in Fisher’s 
paper [4], one obtains a simple analytical expression 
for the ratio of the lattice diffusivity to the grain 
boundary diffusivity as follows: 


dina 
dy 


where a is the isotope activity per unit volume at a 
distance 9 measured in a direction normal to the 
free surface on which the original isotope was 
deposited and 6 is the thickness of the uniform 
grain boundary. Using the experimentally measured 
value of the slope of the activity-penetration curve, 
together with the known value of the bulk diffusion 
coefficient obtained from the work of Shirn, Wajda, 
and Huntington [1] at the same temperature, and 
assuming a value of 5 X 10-8 cm for 6, one can 
find the the 
diffusivity (D,). 

Typical activity penetration curves are shown in 
The 


some of the points give an indication of the count 


absolute value of grain boundary 


Figures 1, 2, and 3. vertical lines through 


ing errors involved. In Figure 1 is shown penetra 
tion data on a polycrystalline sample which was 


diffused at a high temperature where lattice 


diffusion is more pronounced than grain-boundary 
diffusion. When the data are plotted against 


ight 


line results as is required by the theory of homo 


the average diffusion distance squared, a stra 


genous diffusion, whereas a plot against 9 gives a 


FIGURE 1 High-temperature 


t = 169 hour $ 


the 


Chis 


major portion of the diffusion took place through 


pronounced curvature indicates that 
the lattice. Figure 2 shows similar data on a poly- 
crystalline sample which was diffused at a very low 
temperature, where one would expect the grain- 
the 


boundary diffusion to be more effective than 


lattice diffusion. This expectation is verified very 
nicely because a linear relationship appears when 
log activity is plotted against 7 as predic ted by 


marked 


observed for the log activity versus (7 


Fisher’s theory, whereas a curvature is 


Further 
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more, one would expect, in a temperature range 
where both types of diffusion are important, that 
the experimental data would not agree with either 
the lattice or grain-boundary diffusion theories. 
This is seen in Figure 3. Here a plot of log activity 


diffusion: = 312.5 
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against (7)? and @ gives a straight line over a limited 
portion only. This temperature region is termed 
the lattice diffusion region.” It is 
extremely difficult to separate the contributions to 


lattice 


“apparent 


diffusion from the and grain-boundary 
effects in this region. 

The rate of polycrystalline self-diffusion was 
measured in the temperature range from 75°C to 
200°C and the results are summarized in Table I. 
The diffusion coefficients calculated in the apparent 
lattice termed D, when 
calculated on the basis of the lattice diffusion theory 
and D, 
boundary theory. 


The average root-mean-square probable error for 


diffusion region were 


when calculated from Fisher’s grain- 


the diffusion coefficient was 11 per cent. This error 
arose from many sources, such as weighing of the 
sections, time of diffusion, sample activity counting, 
and extrapolated values for lattice diffusion coeffi- 
cients at low temperatures. 

Assuming that the temperature dependence of 
the diffusivity is described by 


D = Do exp (—Q/RT), 


the log of the diffusivity can be plotted against 1/T 


Dy (cm*/sec) 
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Ficure 3. Apparent 
hours. 
1/T Dz ec 
16 19 
l 2 169 2 | 
3 | 261 0 570 
I 20 92 803 0 | 170 
a 7 314 1180 0 100 
10 287.5 1286 0 100 
_ 21 92 | 401 | 0 56 
11 96 183.6 0 37 
23 312.5 182.8 0 27 
a 6 361.5 297 13.3 
33 69.5 70.0 
oy) 576 171.6 0.016 12 
32 166 64.1 12.6 
25 189 56.1 | 6.4 
24 312.5 32.6 2 
18 170.5 33.2 
29 337.5 28.3 4.4 
17 241 22.9 1.0 
27 355.5 | 10.1 | | | 0.50 
16 | 93.5 9.02 | 0.43 
28 528 12.21 | 0.83 
13 167 7.23 0.29 
30 404 6.69 | 0.55 
26 | 501.5 5.75 | | 0.13 
= 31 959 3.50 | 0.15 
= 15 118 2.53 0.043 
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and the slope and intercept will give, respectively, 
the 
independent part of the diffusivity (D)). The plot 


the activation energy (Q) and temperature 


of the data is shown in Figure 4. A least-square 
fit was applied to the points and the data can be 
described by: 

Q (kcal/mol) 
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FIGURE 4. Log Dvs1/T. 


P) and (H-H) is 
is questionable whether any 


The difference between the (C 
very small and it 
special significance can be attached to this diffe: 
ence beyond experimental error. However, a part 
of this difference might be attributed to the aniso- 
tropy for motion in the grain boundaries, as was 
found by Couling and Smoluchowski [7]. 

Figure 5 shows the over-all picture of self 
diffusion in zinc as determined from the experi 
ments in this Laboratory. On the left are the 
single-crystal data which were reported on in 
reference [1]. On the right are the grain-boundary 
data described here. In the reciprocal temperature 
range (1/T = 2.07 to 2.36) is the apparent lattice 
diffusion region both 
phenomena are prominent, and a marked deviation 
from both straight-line plots is observed. The 


diffusivity in this region can be described by: 


where types of diffusion 


(cm*/sec 


D, = (2 X 10°’) exp (—17,500/RT) 
This apparent diffusion coefficient for the lattice is 
not a unique constant like D, or D, but is a mixed 
coefficient made up from some average of intra- 
granular and intergranular diffusion. 


BOUNDARY 


SELF-DIFFUSION 


In summary, it can be concluded that the grain 
activation energy is about 37 per cent 


lattice 


boundary 
activation energy, giving a 


th 


than the 


less 


larger self-diffusivity for the grain boundar’ 


for pure bulk self-diffusion in zinc. 
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ORIGIN OF SPIRAL EUTECTIC STRUCTURES* 


R. L. FULLMAN and D. L. WOOD} 


Eutectic structures in which the two phases appear as intertwined spirals in cross section have 
been observed in zinc-magnesium and aluminum-thorium alloys. The spatial form of the eutectic 
i 1 alloys is a spiral cone. A theory of the solidification conditions necessary 


structure in zinc-magnesiu 
structure is advanced based on a particular type of anisotropy in the 


for formation of this type 


difference in growth rates of the two phases. 


L'ORIGINE DES STRUCTURES EUTECTIQUES, SPIRALIFORMES 


On a observé dans des alliages zinc-magnésium et aluminium-thorium, des structures eutectiques 
dans lesquelles les deux phases apparaissent, dans une coupe transversale, en forme de spirales 
entrelacées. Dans l’espace la structure eutectique dans les alliages zinc-magnésium est en forme 
d'une hélicoide conique. On propose une théorie des conditions nécessaires lors de la solidification 
pour former ce type de structure. Cette théorie est basée sur I’anisotropie de la différence entre les 


vitesses de croissance des deux phases 


NG DER EI 


In Zink-Magnesium und Tt 
veobachtet, in denen die beiden Phasen 


\luminium- Thorium 
als verschlungene Spiralen im Schnitt erschienen. Die 


TEKTISCHEN SPIRALSTRUKTUREN 


Legierungen wurden eutektische Strukturen 


t 
raumliche Form der eutektischen Strukturen der Zink-Magnesium Legierungen ist ein Spiralkegel 


S wird eine 


erforderlich sind, dargelegt. Diese 


in der Differen 


Scheil [1] and Biickle [2] have published illustra- 
tions of eutectic structures in which the polished 
and etched cross section reveals the two phases 
wrapped around each other in the form of spirals. 
The structures were found in the zinc-magnesium 
1] and aluminum-thorium [2] systems. This paper 
reports the results of an investigation of the spatial 
arrangement of the phases in eutectic spirals of an 
alloy of zinc plus 3 per cent magnesium. A theory 
of the prerequisites for the formation of spiral 


eutectic structures is advanced. 


Experimental Procedure 


Small heats of the alloy were melted in air, and 
cast into simple ingots suitable for metallographic 
preparation. A wide range of cooling rates was 
obtained by varying the casting conditions (i.e., 
from extremely rapid cooling obtained by casting 
onto a large cold brass block, to extremely slow 
cooling obtained by allowing the heat to cool in a 
small furnace). Cross sections were prepared for 
metallographic examination by mechanical polish- 
ng and were etched with 1 per cent Nital. 

Specimens showing well-developed spiral struc- 
tures were used to investigate the spatial arrange- 
A ‘‘Knoop”’ micro-hardness 
the 


investigated. Since the long axis of 


ment of the phases. 


indentation was made on surface of each 


specimen to be 


the ‘‘Knoop”’ diamond indenter has a base angle of 


172 degrees, the depth polished away is equal to 


*Received October 13, 1953. 
+tGeneral Electric Research Laboratory, Schenectady, N.Y 
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Theorie der Erstarrungsbedingungen, 
Theorie griindet sich auf eine bestimmte Form der Anisotropie 
z der Wachstumsgeschwindigkeiten der beiden Phasen 


die fiir die Bildung einer derartigen Struktur 


0.0306 times the change observed in the indenta- 
tion length. The indentation was photographed at a 
magnification of 250, and one or more spirals 
were photographed at a magnification of 2000. 
The specimen was then repolished and etched, and 
the same spirals were photographed, along with the 
indentation as shown in Figure 1. Alternate polish- 
ing and photographing were continued until a 
considerable depth of the had 
examined. When an indentation had shrunk to near 
zero size, a new indentation was placed on the 


specimen been 


specimen, and both indentations were photographed 
so as to provide continuity in the record of the 


depth removed by polishing. 


Experimental Observations 


It was found that well-developed spiral struc- 
tures were produced over a wide range of cooling 
rates. At the fastest cooling rates used, the micro- 
structure revealed small spiral segments, but the 
numerous eutectic colonies impinged before any 
attained sufficient size for a spiral of several turns. 
\t the slowest cooling rates used, the phases were 
distributed in a typical spheroidized structure. A 
5-minute anneal at about 15°C below the eutectic 
temperature caused similar spheroidization of the 
structure of a sample that had a well-developed 
spiral structure before annealing. Hence the for- 
mation of the spiral morphology does not appear 
to require any speci il range of cooling rates, except 
for limitations imposed by high nucleation rate: 


growth-rate ratios at high cooling rates, or spheroid 
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ization at low cooling rates. Most of the spirals were 
single, as shown in Figure 2, but occasional closed 
loops or double spirals, as shown in Figure 3, were 
found. The spirals had approximately regular 
hexagonal form, and 
usually of nearly identical orientation. 

On repolishing samples to investigate the spatial 
arrangement of the phases, it was found that the 
spiral centers wound farther around or unwound as 
material was removed. One spiral was found that 
unwound at first, and then wound up as more 
material was removed. The general shape to be 
inferred from this observation is that of a spiral 
cone, as shown in Figure 4. As the cone widens out, 


neighboring spirals were 


FIGURE 4. Schematic diagram of spiral cone morphology. 
the spiral winds farther around, filling in the center 
of the figure. Hence, unwinding of the spiral center 
is observed if the direction of polishing is toward 
the center of the cone, and winding of the spiral 
center is observed if the direction of polishing is 
away from the cone center. The spiral center first 
unwinds and then winds if the initial direction of 
polishing is toward the cone center and polishing is 
continued beyond the cone center.* 

The product of number of revolutions that the 


*The alloys studied contained primary dendrites, and most 
of the spiral cones appeared to start from dendrites. Hence 
only one half of the ideal double cone was observed in most 
of the spirals investigated. Nucleation from a common den- 
drite is no doubt responsible for the similar orientations of 
neighboring spirals, apparent in Figures 1, 2 and 3. 
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spiral center turns times the spacing of the spiral 
turns measures the distance that the cone opens or 
closes in a given distance along the axis. Hence, if 
the shape is actually a regular cone, a graph of 
spiral revolutions times spiral spacing versus the 
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distance polished should consist of two straight 
lines of equal slope but opposite sign. The slope of 
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from 12 spiral eutectic colonies are plotted in this 
manner in Figure 5. The cone angle is about 17 
degrees, and is independent of the spacing of the 
spiral turns, within experimental scatter. 

A longitudinal section through a spiral cone 
would appear as shown in Figure 6, if the section 
were exactly along the cone axis. The discontinu- 
ities of alternate branches would disappear if the 
section were off the cone axis. The appearance of 
these discontinuous branches over a considerable 
distance in the photomicrograph of Figure 7 
indicates that the section is nearly parallel to the 
cone axis. Hence the observed angle between 
branches of the cone is approximately equal to the 


true cone angle. The angle found is again 17°. 


Theory of Formation of Spiral Eutectic 
Structures 


In order to understand the attributes of a 


eutectic system necessary for the formation of 
spiral eutectic structures, it is convenient to con- 
sider first the behavior of a hypothetical eutectic 
system of two-dimensional crystals. Typical eutec- 
tic solidification would consist of the growth of 
adjacent rods of the two phases, as shown in the 


upper part of Figure 8. The composition of liquid 


B- RICH LIQUID 


‘IGURE 8. Schematic growth of rods during solidification 
of a hypothetical two-dimensional eutectic alloy. 


ahead of the rapid-growth directions of each rod is 
shifted toward the composition of the other phase. 
As a result, the liquid at the ends of the slower- 
growing beta-rod is more supercooled with respect 
to growth of phase alpha than is the liquid at the 
ends of the alpha-rod. Hence the faster-growing 
phase tends to grow around the slower-growing 
phase, as shown in the lower part of Figure 8. 
Continued growth of the pair of two-dimensional 
rods would then lead to formation of a spiral unless 
there were no error of closure of the loop formed. 
If a complete loop were formed, repeated alternate 
nucleation of the 
liquid-solid interface could lead to the formation 


alpha- and beta-crystals at 
of a series of rings. If the closure error were larger 


than that required for the development of a single 
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spiral, subsequent nucleation of another crystal on 
the lateral liquid-solid interface could lead to the 
formation of a double spiral. 

In most real (three-dimensional) eutectic sys- 
tems, the faster-growing phase grows around the 
slower growing phase in all directions, so that the 
slower growing phase is surrounded and isolated 
from the liquid, without formation of a spiral. If 
the difference in growth rates is approximately 
isotropic, the slower-growing phase will be roughly 
spherical. If the difference in growth rates is small 
in a 
the form of rods, while if the difference is large in a 


single direction, the isolated phase will be in 


single direction plates will be formed. 

A conical spiral eutectic morphology can be 
produced if the anisotropy in growth rates is so 
large that the growth-rate difference changes in 
sign as well as magnitude as a function of direction. 
Consider the hypothetical growth rate plot shown 
in Figure 9. In this idealized model it is assumed 


FIGURE 9. Hypothetical growth rate anisotropy required 
for formation of spiral cone eutectic structure. 


that the growth-rate difference is a function only 
of the angle ¢ from some crystallographic direction. 


For the situation considered, beta-crystals grow 


faster than alpha-crystals for all values of ¢ from 
0 to ¢1, and alpha grows faster at larger values of ¢. 
If contiguous crystals were growing from the melt, 
the growth-rate anisotropy shown in Figure 9 
would cause phase alpha to grow around phase 
beta in all directions in the plane ¢ = 90°, while 
phase beta would grow around phase alpha in the 
direction ¢ = 0°, leading to the configuration 
shown in Figure 10. But as phase beta grows around 
phase alpha the direction of the growing edge 
changes from ¢ = 0 to larger values of ¢. When the 
direction of the edge reaches ¢;, the growth rates 
become equal and the two phases grow out as a 
cone with half-angle ¢;. The cone axis is the direc- 
tion @ = 0°. Since with this configuration there is 
no opportunity for the faster-growing phase to 
surround the slower-growing phase, the arguments 
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predicting spiral morphology in a hypothetical 


two-dimensional eutectic system are not invali- 
dated. Only growth directions between ¢; and 90 
degrees are operative, so that G.—-Gg ranges from 
zero to a maximum positive value in the plane 
@ = 90°. The result is a spiral cone morphology, as 
shown in Figure 4. 

The growth rates of real crystals do not depend 
on only a single orientation parameter ¢, as has 
been assumed above. The growth rates of the two 
crystal types can be described as functions of ¢ 
and an angle @ measured in the plane perpendicular 


to the spiral axis. Then for each value of @ a plot 
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FiGurE 10. Elementary growth form leading to formation 
of spiral cone eutectic morphology. 


of the growth-rate difference as a function of ¢ 
may be drawn, similar to Figure 9. For each value 
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of @ there will be a value ¢,(@) at which the growth 
angle #; and the 


he 


rate difference is zero, but the 
growth rate at which this occurs will depend on t 
value of @ chosen. Since the longitudinal crowth of 
the spiral colony involves only directions for which 
the two growth rates are equal, it behaves like a 


single phase, and only the slowest growth rate 


operates. Hence the group of crystallographically 


equivalent directions $;(@) which have the smallest 
erowth rate are the only active growth directions, 


and the spiral is faceted. 


Conclusions 


The spatial form of eutectic colonies that appear 


as spirals in cross sections of zinc + 3 per cent 


magnesium alloy has been analyzed. colonies 
the 


faceting and a cone angle of 17 degrees. The forma 


have form of spiral cones with | 
tion of eutectic colonies with this morphology can 
be rationalized on the basis of a particular type of 


anisotropy in growth rates of the two phases. 
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THE SUPERSATURATION AND PRECIPITATION OF VACANCIES 
DURING DIFFUSION* 


R. W. BALLUFFIf 


Some metallographic evidence is presented which supports the viewpoint that the porosity formed 
during diffusion is produced by the heterogeneous nucleation of supersaturated vacancies which are 
pumped into one side of the diffusion zone by the unequal diffusion currents of the Kirkendall effect. 
From observations of the distribution of porosity in various sandwich type diffusion couples it is 
estimated that the required relative excess concentration necessary for precipitation is probably 
< 0.01. Additional diffusion data are cited which indicate that large deviations from the equilibrium 
vacancy concentration do not occur in the diffusion zone during any significant portion of the diffusion 
cycle. 


LA SURSATURATION ET LA PRECIPITATION DE LACUNES RETICULAIRES PENDANT 
LA DIFFUSION 


On présente certains faits métallographiques supportant le point de vue que la porosité qui apparait 
pendant la diffusion est produite par la germination hétérogéne de lacunes réticulaires, sursaturées, 
transférées d’un cété de la zone de diffusion par les courants inégaux de diffusion dus 4a l’effet de 
Kirkendall. Des observations de la distribution des porosités, faites sur divers couples de diffusion 
en forme de sandwichs, ont permis d’estimer que l’excés relatif de concentration, nécessaire a la 
précipitation, est probablement <0,01. D’autres données relatives a la diffusion sont aussi rappor- 
tées; elles indiquent que de fortes déviations de la concentration d’équilibre des lacunes n'ont jamais 
lieu pendant des parties appréciables du cycle de diffusion. 


DIE UBERSATTIGUNG UND AUSSCHEIDUNG VON LEERSTELLEN WAHREND DER 
DIFFUSION 


Metallographische Versuchsergebnisse werden beschrieben, die die Ansicht unterstiitzen, dass die 
wahrend der Diffusion auftretende Porositat durch die heterogene Formation von iibersattigten 
Leerstellen, die durch die ungleichen Diffusionsstr6me des Kirkendall-Effekts in eine Seite der 
Diffusionszone hineingepumpt werden, hervorgerufen wird. Aus Beobachtungen der Porositatsvertei- 
lung in verschiedenen schichtférmigen Diffusionspaaren kann die zur Ausscheidung notwendige 
relative Uberschusskonzentration zu etwa <0,01 abgeschatzt werden. Es werden weitere Diffusions- 
daten mitgeteilt, die zeigen, dass in keinem wesentlichen Teil des Diffusionskreislaufs grosse Abwei- 
chungen von der Gleichgewichtskonzentration der Leerstellen in der Diffusionszone auftreten. 


’ by a process of heterogeneous nucleation. The 
I. Introduction problem of hole formation is then considered 


Seitz [1] has recently presented the first detailed somewhat differently and the results indicate that 


analysis of the porosity formation which has been 
observed in diffusion couples exhibiting a Kirken- 
dall effect [2; 3; 4; 5]. In the above work the 
viewpoint is taken that the holes form by the 
precipitation of supersaturated vacancies produced 
by the unequal diffusion currents of the Kirkendall 
effect. Seitz postulates that the process occurs by 
heterogeneous nucleation and calculates a value of 
10" for the 
jumps by some porosity 
Barnes [3] and the rather arbitrary value of 1 for 


about lifetime number of vacancy 


using observations of 
the critical relative excess vacancy concentration 
necessary to form holes. He is careful to point out, 
however, that nuclei could be present which would 
nucleate holes at a relative excess concentration of 
0.01 or less. 

In the present paper we first give some experi- 
mental evidence which supports the basic premise 
that the holes form from a supersaturated solution 
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the required relative excess vacancy concentration 
for hole formation in most specimens studied to 
date is probably <0.01. If this conclusion is valid 
the estimate used by Seitz of 10" for the number of 
jumps may be too high and a high vacancy super- 
saturation would not be maintained during any 
appreciable portion of the diffusion cycle. Diffusion 
data which are cited later in this paper seem to 
the Briefly, the diffusion 
coefficient seems to be a unique function of local 


support conclusion. 
concentration. The fact that points of constant 
concentration have always been found to move 
parabolically with time is evidence of this point. 
Diffusion 


centration from widely different couples have been 


coefficients calculated at a given con- 
found recently to agree within expected experi- 


mental error. In addition, Kirkendall marker 
movements have been found to vary parabolically 
even at comparatively short diffusion times. Such 
results would not be expected if excess relative 
concentrations of the order of 1 were maintained 


over appreciable portions of the diffusion cycle 


BALLUFFI: SUPERSATURATION AND 


II. Evidence for the Heterogeneous Nucleation 
of Holes 

As Seitz [1] has indicated, the exact nature of 
the nucleating sites responsible for the heterogene- 
ous nucleation unknown at 
However, it seems almost certain that such sites 
must be present since the supersaturation required 
for precipitation in the perfect crystal is prohibi- 
tively high. Most probable nucleating sites are 
small foreign particles or imperfections which are 
present in a sufficiently wide distribution to be 


of holes is present. 


capable of operating over a range of supersatura- 
tions. As shown later, we suspect that in most 
metals nucleating sites are present which can 
operate at relative excess concentrations of 0.01 
or less. 

We have found a number of obvious cases of 
heterogeneous nucleation while observing porosity 
formation in diffusion zones in alpha-brass sheet 
where the zinc was diffused out by heating in 
vacuo. In Figure la a number of randomly distri- 
buted holes have the 
adjacent to the surface where zinc loss has occurred, 
but in addition there is a distinct row of holes 
present. These holes most likely originated on a 
string of impurity particles which were rolled out 


formed in diffusion zone 


parallel to the surface during the original forming 
of the sheet. In another experiment nucleating 
sites were introduced in a specimen by welding two 
brass sheets together without first cleaning the 
The h 


welded sandwich was then 
evacuated 


faces. 
annealed in an 


welded 
capsule until grain 
growth occurred across the bonded interface and 
then the specimen was diffused by heating in 
vacuo. As shown 
holes was observed along the position of the former 


welded interface and must be due to the effect of 


in Figure lb a distinct row of 


foreign particles and possible imperfections intro- 
duced at the former join. While these observations 
do not prove directly that the randomly distribu- 
ted holes throughout the volume form by hetero- 
geneous nucleation, it appears most likely that they 
form at sites quite similar to those just discussed. 

Another interesting feature of the precipitation 
process is shown in Figure 2 
near the surface of a vacuum-annealed brass sheet 
is again shown. The holes become smaller and 


where a porous zone 


more closely spaced as the surface}is approach- 
ed. This observation may be explained on the 
basis of the maximum level of supersaturation 
reached in various parts of the diffusion specimen. 
At the beginning of the process the highest super- 
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saturation is reached in the volume adjacent to 
the surface. The wave of maximum supersaturation 
then moves into the specimen but also decreases 
in intensity. The greater density of holes near the 
surface must be due to the presence of nucleating 
sites throughout the specimen which could only 
the 


wear the specimen surface. 


become effective at relatively high super- 


saturations reached 


III. Precipitation of Holes in the Diffusion 
Zones of Various Systems 


The rate at which vacancies accumulate in a 


unit volume of the diffusion zone is given by [1] 


N, R 


— div I, Tr 


(1) — = 


We retain the notation used by Seitz where JN, is 
the 

Nyo is the equilibrium number, R = (N,/Ny,. — 1) 
the 


is the vacancy lifetime. 


actual number of vacancies per unit volume, 


is the relative excess concentration, J, is 
vacancy current and 7 
By making reasonable approximations in (1) it 
is possible to obtain an order of magnitude value 
T for the 


forming. 


condition that holes are 
Since the 


vacancies created and destroyed within 


for the ratio R, 
just capable of number of 
the unit 
volume must be large compared to the change in 
the number the ON, /dt 
must be relatively small. In addition, we assume 


maintained there term 


that the motion of the vacancies is largely deter- 
the 


vacancy gradients which 


mined by the pumping action of chemical 


gradient and not by any 


diffusion. This appears to 


are established durin 


} 


be reasonable 


since it is known that vacancies 


actually are continuously pumped st their 


own gradient into regions ol higher vacancy 
concentration e.g., the brass side of alpha- 


copper 


brass sandwich couples. Div J, may, therefore, be 


appr ximated by 


he intrinsic 


N, De 


chemical diffusity, and 


the 
the 
ratio 


diffusivity. Using 
N, Dj, 


issuUmMIN 


where dD, is t 
where D is 
that 


relationship D = 


the 


of intrinsic diffusities K 1/D. is relatively 


independent of concentration, equation (1) may 


be rewritten as 


ol 
Vo R ge 
\ fi LW, + KA 
E Ox No N;, Le KN { Ox j | 
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where .V is the total number of atoms per unit 


volume. The above relationship should also apply 


in the case of interstitial diffusion if every atom 


which diffuses interstitially out of a volume in the 


diffusion zone leaves a vacancy behind. 


An order of magnitude value of (V,,/N)(R./T 


where &, is the critical relative excess concentration 


holes, may be obtained 
2) by locating 


zone of the region where holes just 


required to just form 


directly from relation 
in the diffusion 
stop appearing and then evaluating the right-hand 
the the 


diffusion curve and diffusivity data. Use of equa- 


the position 


side of equation from corresponding 


tion (2) in this way assumes, of course, that the 
porous region is still advancing at the time diffus- 


ion is interrupted and that the wave of maximum 
the 


hole formation. We have calculated 


supersaturation has not fallen below level 


necessary [tor 
this quantity for a number of cases in the copper 
nickel, copper/alpha-brass and copper/copper- 
aluminum systems where suitable data are available 
in the literature and resulting values are given in 
Table I. 


The positions in the diffusion zone where 


TABLE 


Various SYSTEMS 


the holes just ceased appearing were obtained 


from a number of micrographs prepared in this 
Laboratory and elsewhere. In a number of cases 
the porosity did not disappear at a sharply defined 
but, 


instead, a few widely separated 


the 


interface, 


holes appeared considerably deeper into 


specimen as in Figures 3a and 3b, for example. 


location where the majority of 


1 
In this case the 


the holes ceased forming was used, and the few 
randomly scattered holes further into the specimen 


vere ignored (see locations marked by arrows in 


latter holes must 


unusually effective 


Figures 3 and 4). Since these 


have formed on nucleating 


sites this procedure gives the location where all 
but 


ineffective. The micrographs in Figure 3 indicate 


these few widely scattered sites became 


that the porous zone was still advancing in the 
copper/nickel specimen after 91 hours at 1020°C 
and, therefore, that the supersaturation had not 
vet fallen below the value required for hole forma- 
tion. The same condition is true for the copper 
alpha-brass specimen diffused for 6.5 hours at 
800°C as shown in Figure 4. In 
copper copper-aluminum couples the condition is 
the 


the case of the 


probably closely satisfied in lesser diffused 
couple annealed for 25 hours at 903°C. The corres- 
ponding diffusion curves for these specimens were 
obtained from available diffusion data by using 
the following approximate relationship given by 


Mehl 


diffusion curve to correspond to any time and 


da Silva and [7] for transforming a given 
temperature: 


te | OTs ~ 
exp | 2R ToT; 


The values in Table I suggest that holes will 


form in all of these systems when vacancies are 
pumped into any small region of the diffusion 
the 
(—N,.R./T)]. The lower values obtained for the 


zone at rate of about 10'*/sec/cc [div J, ~ 
copper/alpha-brass and copper/copper-aluminum 
couples of Buckle and Blin which were diffused for 
he comparatively long period of 600 hours may be 


due to the condition that holes are no longer 
forming, since the vacancy supersaturation is too 
low by this time. A notable exception in Table I 
is the result based upon the observations of Barnes. 
Barnes found a localized row of holes to appear in 
the copper side of copper-nickel couples in contrast 
to the Figure 3. 


The most reasonable explanation for this difference 


wider distribution of holes in 
seems to be that the specimens of Barnes were 
unusually free of effective nuclei and that, there- 
fore, higher supersaturations were required for 
hole formation. Using the width of the porous 
zone shown by Barnes for the specimen diffused 
time of 2.25 1000°C we 


2.25 hours at 
estimate that vacancies were pumped into this 


for the short 


specimen at the rate of > ~10'"/per/cc, without 
This 


difficulty in comparing results from various labora- 


forming holes. observation emphasizes the 


tories and the great importance of any variations 
in the type and size of the nucleating sites present. 


It is interesting to note that Seith and Kottmann 
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BALLUFFI: 
[4] have observed widely distributed porosity in 
copper/nickel couples which is similar to that 
The 


observed in 


shown in Figure 3. wide distribution of 


porosity often copper/alpha-brass 


couples may be easily explained on the basis of 
these results. Since diffusion is more rapid in this 
system, vacancies are pumped into regions com- 
paratively distant from the original interface at a 
rate sufficient to form holes. 
IV. The Supersaturation Necessary for 
Precipitation 
Since (N,,./N)/(R./T) ~ 1077 
typical value for porosity to just form in the 


seems to be a 


present couples we may next estimate the relative 
excess concentration required to form holes. Since a 
good estimate for the free energy of formation of a 
vacancy is about one half the observed activation 
energy for diffusion the mol fraction of vacancies 


| ( 22.000 
w ~ RT 


is given by: 
(4) 


The magnitude of this quantity is about 10~ at 
diffusion temperatures and therefore R,/7T must be 
equal to about 10-*. In order to obtain an approxi- 
mate value for R. we must next estimate the 
vacancy lifetime. A reasonable upper limit for the 
lifetime based upon the 
acting as sinks for vacancies may be obtained. 
If only one site in every thousand along the 
dislocation line is capable of acting as an effective 


10'° jumps 


concept of dislocations 


sink the vacancy must make about 
before capture since about 1 site in 10’ lies on a 

estimates. 
is about 10 


dislocation line according to current 


The lifetime under these conditions 


20,000 
T ~n,- 107" exp ( ge) 


where n; is the lifetime number of jumps and 
20,000 cal/mol is the estimated activation energy 


sec. since 


for vacancy exchange. If 7, ~ 10 sec. the relative 


excess concentration for hole formation must be 
about 0.01 in the present specimens. Nowick and 
Sladek [8] have recently given a lower limit of 10° 
for the number of vacancy jumps in a 70-30 silver 
anelastic 
the 


zinc alloy which was obtained from 
measurements. This value seems too low on 
basis of the above results, since it would require 
an unusually low supersaturation for hole forma- 
tion. Since 10'° represents a probable upper limit 


for the number of jumps it is probable that the 
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< 0.01. 


suggest 


required relative excess concentration is 
These obviously approximate calculations 
that holes are able to form at supersaturations con- 
siderably below the value of R, = 1 tentatively used 
by Seitz. 
Additional evidence that probably T < 

and that R. < 0.01 is provided by several diffusion 
data. If 
the diffusion process should be markedly affected 


the vacancy diffusion mechanism holds, 
by large deviations from the equilibrium vacancy 
concentration throughout the diffusion zone which 
might occur during an appreciable portion of the 

The effect from the 
presence of a vacancy gradient term and the fact 
that 


proportional to 


diffusion cycle. would arise 


the diffusion coefficients themselves are 


the vacancy concentration. In 


coefficients 
should depend upon the type of couple used 
the 


function of 


this case any calculated diffusion 


and 
time of diffusion since vacancy 


upon the 


concentration would in turn be a 
these parameters. 

It has long been apparent that points of constant 
concentration move parabolically with time thereby 
justifying application of the Matano analysis and 
indicating that the diffusion coefficient is a function 
of the local composition only. A comparison of some 
of the most recent diffusion data indicates that the 
diffusion coefficients determined from different 
type couples agree within expected experimental 
error. Birchenall and Thomas [9] find D-values 
at 947°C in the 


incremental couples which agree within about 15 


copper/nickel system using 
per cent with corresponding values obtained by 
da Silva and Mehl [7] using pure pure 
nickel couples. Balluffi and Seigle [10] find that the 
800°C obtained 


vapor-solid type couples agree within about 20 per 


CO] yper 


D-values in alpha-brass at from 
cent with the most recent sandwich type couple 
data of da Silva and Mehl [7]. In the silver/gold 
system the data obtained from pure metal sand- 
[11; 12], 


and vapor-solid type [10] couples all agree within 


wich type [4], incremental sandwich type 


about 10 per cent. In addition, no deviation from 
parabolic motion of Kirkendall markers has as yet 
been found, even at comparatively short diffusion 
times when deviations of the vacancy concentra- 
would have 
[10] find no 


movement in 


tion and the vacancy gradient term 


maximum values. Balluffi and Seigle 


deviation from parabolic marker 


silver/gold and copper/alpha brass couples even 
All 


hours of diffusion. these 
presently available results indicate again that devi- 


during the first few 


ations from the equilibrium vacancy concentration 


@ 
4 
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must be relatively small during all but perhaps the 
very initial period of the diffusion cycle and that 
hole formation which actually does occur during an 
appreciable period of the diffusion cycle must pro- 
ceed in the presence of a relatively low supercon- 


centration of vacancies. 
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Note Added in Proof 


At this point it would be highly desirable to carry 
out experiments designed specifically to detect poss- 
effects in diffusion 
Slifkin and 


ible non-equilibrium vacancy) 
couples at very short diffusion times. L. 
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T. Tomizuka have informed the author (private 
communication) that such experiments have been 
started at the University_of Illinois. 
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INTERNAL FRICTION IN TITANIUM AND TITANIUM-OXYGEN 
ALLOYS* 


J. N. PRATT, W. J. BRATINA{ and B. CHALMERSS 


ha bec 


\ low-frequency torsional pendulum techniqu 
titanium and in some titanium-oxygen alpha-solid-solutio taining uf 
oxygen. Characteristic grain-boundary relaxation peaks are exhibited by the 
the alloys; the respective heats of activation were found to be 46,000 cal/mol and 75 
The introduction of oxygen results in the ippearance of an additional relaxati 
mately 700°K; the mechanism involved is not established but the associated he 


estimated as 48,000 cal/mol. 


nta 
) 


LE FROTTEMENT INTERNE DANS LE TITANE ET LES ALLIAGES TITANE-OX YGENE 


La méthode du pendule de torsion a basse fréquence a été utilisée pour l'étude du frottement 
interne dans le titane alpha et dans quelques solutions solides, du type alpha, d’oxygéne dans le 
titane. Sur les courbes de frottement interne du titane pur et des alliages, apparaissent les maxima 
caractéristiques de la relaxation aux joints intercristallins; les énergies d’activation furent évaluées 
respectivement 4 46000 cal/mol et 75000 cal/mol. L’introduction d’oxygéne conduit a l’apparition 
d’un autre maximum de relaxation aux environs de 700°K, le mécanisme impliqué dans ce second 
cas n’est pas établi, mais l’énergie d’activation associée 4 ce phénoméne est évaluée 4 48000 cal/mol. 


DIE INNERE REIBUNG IN TITAN UND TITAN—SAUERSTOFF LEGIERUNGEN 


I toff, die 


Die innere Reibung von a-Titan und einigen festen a-Lésungen 


bis zu 4, 5 Atom, Sauerstoff enthielten, wurde mit Hilfe einer \ requen rsionspendel- 
methode untersucht. Reines Titan und die Legierungen zeigen charakteristische Korngrenzen 
Relaxationsmaxima; die entsprechenden Aktivierungsenergien | ge $6,000 cal/me bezw. 
75,000 cal/mol. Der Zusatz von Sauerstoff rief ein weiteres Maximum bei etwa 700°K herve Der 

dazugehérige Elementarvorgang ist noch nicht bekannt, aber die damit verbundene Aktiy ngs- 
energie kann zu ca. 48,000 cal/mol abgeschatzt werder 


their influence on its internal friction characteris 
Introduction tics, particularly their modification of grain boun 


The profound effect of certain interstitial solute dary relaxation phenomena [7; 8]. The present 


elements on the physical properties of a-titanium publication reports the results of experiments on 
is well established. Previous work has shown, for commercially pure titanium and titanium-ox 
example, that while pure titanium has a high alloys. 
ductility, contamination by very small quantities 
of nitrogen or oxygen induces marked embrittlement Experimental Details 
[1; 2; 3]. A rigorous interpretation of the influence [he titanium employed in the present 

0.05-inch « 
ium Metals ¢ 
attributable to the equilibrium precipitation of a America who reported its ulvsis to be: 0.10 
trace O: 0.04% C: 0.038% W: rem 


of these elements on a-titanium is not possible on 


the basis of the existing data; the effects are not 


second phase since they become significant at 


ns W 


compositions far below the equilibrium solubility ‘Ti. Heat treatment of specim 


limits and cannot be explained in terms of the 
observed lattice parameter changes [2; 4; 5; 6]. It 
is possible that the fundamental embrittlement 
mechanism involves an inhomogeneous distribu- 
tion of solute atoms within the specimen, accom- nation by reaction wit! 


panied by incipient precipitation or lattice faulting. 
With the aim of obtaining further information the wire under suitable conditions 
concerning the exact role of the interstitial solutes rm oxide coat, followed by prolonged 
in a-titanium, an investigation is being made of ing in vacuo until a uniforn 
*Received October 6, 1953. 24 
tDepartment of Metallurgical Engineering, niversity of The 
Toronto; now I.C.I. Research Fellow, Department of Metal- taken as a measure of its oxvg content. Owins 
lurgy, University of Manchester. “bl 
tDepartment of Metallurgical Engineering, University of the inherent difficulties, was not possibie to 
loronto. prepare alloys with a high degree of precision by 
§Division of Applied Science, Harvard University, Cam- 


bridge, Massachusetts. 
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this method. All annealing procedures were such as 
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to result in uniform a-titanium structures. In the 
subsequent internal friction experiments the final 
temperature of the preliminary anneal was gener- 
ally not exceeded in order to avoid grain growth 
during their progress. Nor in the present work were 
observations made above approx. 860°C, since it 
was desired to exclude any possible complications 
resulting from the allotropic transformation of 
titanium. 

Measurements of internal friction were made by 
the standard method [7] of studying the free decay 
of the oscillations of a simple torsion pendulum, the 
suspension of which consisted of a wire of the 
material under investigation. The normal appara- 
tus was elaborated to permit the experiments to be 
carried out in high vacuum (approx. 5 X 107° mm 
Hg.). This eliminated the possibility of contamina- 
tion of the specimens during the experiments and 
also greatly increased the sensitivity of the method. 
Frequencies of vibration of approximately 1 cycle 
per second and 0.5 cycle per second were used. The 
maximum pendulum deflection employed corre- 
sponded to a maximum torsional strain of the 
order of 10 


variation of temperature along the length of the 


at the surface of the specimen. The 


specimen was found to be little more than 1°C 
Internal friction is here defined as 

logarithmic decrement/z 

the 


l tan 6 = 


where the logarithmic decrement is natural 
logarithm of the ratio of the amplitudes of succes- 
sive swings. The variation of tan 6 with tempera- 
ture has been studied and the relaxation spectra 
plotted. From the frequency dependence of tan 6 
the heat of activation, H, for a relaxation process 


may be calculated using the expression 


H = in / ac T) 


9 


where Al l 


tan 6 versus (1/T 


is the shift to superpose the curves of 
obtained from experiments on a 
single specimen using two frequencies of vibration, 
f, and fs, and where J is expressed in degrees 
The the 
rigidity modulus may be observed by determining 


absolute. temperature dependence of 
the vibrational frequency, f, at each temperature, 


since for a torsional pendulum 


128 2 
— 


where /, d and G are respectively the length, dia- 
meter and shear modulus of the suspension and / 
the moment of inertia of the oscillating member. 


METALLURGICA, 


VOL. 2, 1954 


Experimental Results and Discussion 

Titanium 

The variation of internal friction with tempera- 
ture has been determined for a number of specimens 
of pure titanium; the results were found to be 
satisfactorily reproducible. Typical tan 6 versus 1/T 
plots are shown in Figure 1. Curves (a) and (0) 
were obtained from the same small-grained sample 
(mean grain diameter 0.019 mm) using two differ- 
ent frequencies of vibration, while curve (c) is that 
obtained under similar conditions for a sample 
having a very large grain size. 


Temperature 


800 500 450 400 


Pure Titonium,e@ 0.5 cyciessec 
| cycle/sec 


Mean grain diameter * 0.0i9 mm 


FiGuRE 1. Variation of internal friction with 1000/(abso- 
lute temperature) in pure titanium (frequency of vibration is 
equal 0.5 cycles/sec and | cycle/sec for grains of mean grain 
diameter = 0.019 mm, and 0.5 cycles/sec for very large 
grains 


It is evident that the relaxation spectrum of 
polycrystalline titanium consists of two compon- 
ent parts, a background steadily increasing with 
and a peak confined to a limited 
The the peak is 
revealed by its behavior as the grain size of the 


temperature 
temperature range. nature of 
specimen is modified. As the grain size increases but 
remains small compared with the diameter of the 
specimen the peak is observed to occur at higher 
temperatures but remains unchanged in magnitude. 
However, when the point is reached where some 
grains extend completely across the specimen, the 
peak begins to be reduced in size. These observa- 
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tions show that the peak is due to stress relaxation 
by grain-boundary slip. It is difficult to assess 
precisely the contribution the background 
internal friction in the vicinity of the peak; how- 


of 


ever, it is certain that at the temperatures where 
tan 6 first begins to rise most rapidly the form of the 
curve is mainly determined by that of the relaxa- 
tion peak. The magnitude of the shift, A(1/T), to 
superpose the curves in this region should, there- 
fore, on substitution in equation (2), give a value 
for H which corresponds to the heat of activation 
for the grain-boundary slip process responsible for 
the peak. The observed value is 46,000 cal/mol. 
No detailed study of the background internal 
friction has been made in the present work, but it 
is evident that its magnitude decreases rapidly 
with increasing grain size; this would appear to be 
in accord with the views of Pearson et al [9], who 
regard it as due to creep at regions of stress concen- 
tration arising from shear stress relaxation along 
grain boundaries. Few measurements are available 
which can be considered to be wholly attributable 
to this source; however, examination of such high- 
temperature regions of spectra as were obtained 
suggests that the heat of activation for the back- 
ground internal friction in polycrystalline titanium 
is identical with that for grain-boundary relaxation. 
The variation of the rigidity modulus with tem- 
perature is illustrated in Figure 2, where values of 


gram diameter 


200 3 4 


Temperature 
FIGURE 2. Variation of rigidity modulus with temperature 


in pure titanium (Gz and Goo are rigidity and 
20°C; Gy, is “‘unrelaxed modulus’’). 


; 


moduli at ¢°C 


(i.e., Ge being the modulus at t°C, are 


plotted. The results shown are those associated 


with internal friction curve (a) in Figure 1. Most 
rapid reduction of the modulus begins when the 


temperature reaches that at which the amount of 
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grain-boundary slip starts to become significant. 
At temperatures well below that of the relaxation 


peak, the ‘‘unrelaxed modulus,’”’ G,, is observed 
and in this region the curve for polycrystalline 
specimens should be identical with that for a single 
crystal of titanium. G, falls slowly and approxi 
mately linearly with increasing temperature. The 
extent of the modulus variation directly associated 
with grain-boundary slip is best illustrated by a 
plot of G,/G, versus temperature; this is shown 
also in Figure 2. A computation of the maximum 
effect that stress relaxation at the grain boundaries 
can have on the elastic modulus has been made by 
Zener [10]. Theoretically, with increasing tempera- 
ture, the modulus should approach a limiting value 
known as the “‘relaxed modulus,’ G,, where 

« = Poisson’s ratio. 


For titaniume = 0.36 [11] so that G,/G, = 0.63. 
As indicated by the graph of G;/G, (Figure 2), the 
modulus relaxation exhibited in the temperature 
range corresponding to the relaxation peak is close 
to this theoretical value, providing confirmation 
that both these effects are associated with grain- 
boundary It that the 
modulus will continue slowly to fall below the 
the further the 


slip. appears, however 


reduction of 
modulus the 


responsible for the background internal friction. 


theoretical limit " 


being associated with mechanism 


2. Titanium-oxygen alloys 


Alloys ranging in composition from approxi- 
mately 0.8 to 4.5 atomic per cent oxygen have been 
examined and typical of the relaxation spectra 
observed are those shown in Figure 3. They may 
be resolved into three component parts, a back- 
ground increasing with temperature and two 
characteristic peaks. 

[he peak appearing in the temperature range 
around 1000/7 = approx. 1.0 has been shown, by 
its dependence on grain size and the magnitude of 
the associated modulus decrement, to be due to 
grain-boundary relaxation. This peak is found at 
higher temperatures in titanium-oxygen alloys than 
one in pure titanium; it has 


the 4.5 


is the corresponding 
th it 


been calculated in ) atomic per cent 


oxygen alloy the grain-boundary peak occurs at a 
temperature 95°C above that in pure titanium of 
the same grain size, the frequency of vibration 
being approximately 0.5 cycles per second. How- 
ever, the grain-boundary peak in the alloys is 
reduced in size as the oxygen content increases, 
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and there is some evidence of a simultaneous 


tendency to move to slightly lower temperatures. 
It is that the 
boundary peaks in pure titanium and in the oxvgen 


considered, therefore, grain- 


allovs are distinct phenomena, characteristic of the 
individual materials, and are not simply related by 
a temperature transition. This type of phenomenon 


has been observed by Pearson [12] in copper- and 


silver-base substitutional alloys. In certain speci- 


mens he was able to distinguish two grain-boundary 


relaxation peaks, one typical of the pure metal, the 


other of the solid solution; the first was rapidly 


eliminated while the latter increased to its maximum 
value as the solute content was increased. It 


was 
not possible to resolve two grain-boundary peaks 
in any of the alloys examined in the present work. 

This view of the effect of oxygen on the grain- 
boundary relaxation of titanium seems necessary 


to account for the superficially contradictory 


observation that although the characteristic tem- 
perature of the peak in alloys is higher than in pure 
titanium it falls as the oxvgen content increases. 
The gradual reduction of size and characteristic 
temperature, with increasing solute content, of the 
grain-boundary peak in alloys may be attributed 
respectively to the reduction in the amount of slip 
and of the mean relaxation distance arising from 
locking effect of oxygen segregated at the grain 
boundaries. 
for grain-boundary 


The heat of activation 


relaxation in the alloys is considerably larger than 


that for 


process 1n pure titanium. 


From the results plotted in Fig 


the correspt nding 


n of ternal 
ite temperature) in titanium-oxygen al 

of 75,000 cal/mol. is found for the 4.5 atomic per 
cent oxygen alloy; very similar values for H were 
observed for alloys with other oxvgen concentra- 
tions. 


The value of the background internal friction of 
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titanium at both high and low temperatures is 
reduced by the The 
identity of the maxima in the relaxation spectra for 
the 


addition of oxygen. near 


the two frequencies suggests that heat of 


activation for the background internal friction 


mechanism is again the same as that for grain- 
boundary slip. 

The introduction of oxygen also results in the 
appearance of the very small additional relaxation 
peak at approximately 1000/7 = 1.4. The addi- 
tional peaks observed in three specimens having 
increasing Oxygen contents are shown on an en- 
larged scale in Figure 4. It is clear that the size of 
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FIGURE 4. Oxygen-induced relaxation pez titanium- 


oxygen alloys of different compositio1 


peak increases with the oxygen content. However, 
if allowance is made for the internal friction from 
other sources it appears that the size is not directly 
proportional to the solute content and possibly 
approaches a limiting value at comparatively low 
percentages of oxygen. The position of the peak 
appears to be independent of grain size but the 


dependence of its magnitude upon this factor has 


not been determined owing to the difficulty of 


separating other contributions in fine-grained 
specimens. It will be seen that at temperatures 
well above the peak the internal friction is greater 
the greater the oxygen content; since oxygen re- 
duces the magnitude of the background and of the 
grain-boundary slip relaxation effects, this increase 
must be due to the movement of the grain-boundary 
peak to lower temperatures. 

The frequency dependence of the additional peak 
in a 3.5 atomic per cent oxygen alloy is illustrated 
in Figure 5, and from these curves it is found that 
the associated heat of activation is 48,000 cal/mol. 
Similar calculations using data from other samples 
indicate that the heat of activation is independent 
of composition. Examination of the half-maximum 


width of the peaks obtained for several specimens 
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suggests only a very slight spread of relaxation 
times for the process involved. 

Micrographic examination revealed all the ti- 
tanium-oxygen alloys to consist entirely of a 
uniform a-solid solution. No signs of precipitation 
of any second phase were found; neither were there 
any indications of twinning or any similar modifica- 
tion having occurred in the a-phase. The second 
peak cannot be attributed, therefore, to either of 
these sources, so that it would seem that it must be 
the diffusion of 


associated more directly with 


Titanium- Oxygen Alloy 
(3.5at.% 0) 
@ 0.5 cycle /sec 


| cycle /sec 


FiGuURE 5. Frequency dependence of the oxygen-induced 
relaxation peak in a 3.5 atomic per cent oxygen alloy. 


oxygen in solution in titanium. However the values 
of 48,000 cal/mol for the heat of activation and of 
approximately 0.4 for Do (estimated by means of 
the Dushman-Langmuir equation [13] are con- 
siderably higher than are normally observed for 
the diffusion of while the 
diffusion distance indicated by the relaxation time 
is very small. Furthermore, no suitable diffusion 


interstitial solutes, 


process is readily apparent. 

The work of Ehrlich [4] indicates that in ti- 
tanium-oxygen alloys the solute atoms occupy the 


octahedral interstices at the (%, 4, }) and +, 3 
positions in the close-packed hexagonal unit cell. 
Thus simple stress-induced diffusion, analogous to 
that of the interstitial solutes in body-centred cubic 
structures [14; 15] does not provide a mechanism 
in the present case. 

An atom pair process [16] could operate for an 
interstitial solid solution in a closed-packed lattice; 
the occupation of neighbouring pairs of interstices 
will give rise to an anisotropic strain, so that in the 


presence of an oscillating stress diffusion should 


take place in a continual striving to maintain 
coincidence between the interstitial pair axis and 
the direction of maximum applied strain. However, 
a significant number of such pairs could only occur 
at fairly high oxygen contents, which would indicate 
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it to be 
responsible for the peak given by the small amounts 


improbable that such a mechanism is 


of oxygen involved in the present alloys. 

A possible stress-induced diffusion process might 
result from the effect of applied stress on the equi- 
librium distribution of oxygen between the grains 
and the grain boundaries. Since the solution of 
oxygen increases the axial ratio of the titanium 
lattice, a grain on which the net effect of the applied 
stress was also to increase the axial ratio might be 
expected to absorb oxygen from that adsorbed at 
the grain boundary, while ejection of solute into 
surrounding interfaces would occur from grains 
whose axial ratios were reduced by the applied 
stress. However, this mechanism would seem to be 
precluded as an interpretation of the present results 
because of the excessive relaxation time which it 
would involve. 

Thus it is not possible at present to define the 
mechanism responsible for the additional oxygen- 
induced relaxation peak. Further experiments are 
being made in an effort to establish its exact nature 
and in order to obtain a more precise relationship 
between the oxygen content and the detailed form 
of the relaxation spectrum. An analogous series of 
experiments are proposed on _ titanium-nitrogen 


alloys. 


Summary 

The internal friction characteristics of pure a- 
titanium have been examined using a low-frequency 
torsion pendulum method of high sensitivity. The 
relaxation spectrum was found to consist of a back- 
ground which rises continuously with temperature 
and a peak arising from stress relaxation by slip at 
the grain boundaries. The heat of activation for 
the latter process was found to be 46,000 cal/mol. 

The investigation of titanium-oxygen alloys has 
shown their relaxation spectra to be characterised 
by a background curve, a grain-boundary relaxa- 
tion peak and a small additional relaxation peak. 
In the alloys, the peak characteristic of grain- 
boundary slip occurs at higher temperatures than 
in pure titanium and the heat of activation for the 
process is increased to approximately 75,000 cal 
mol. It has been established that the additional 
relaxation peak is due to the presence of oxygen. 
The process involved has not been determined, but 
the associated heat of activation has been shown to 
be 48,000 While the 
relaxation peak in alloys is reduced in size and 


cal/mol. grain-boundary 
temperature by additional oxygen, the second peak 


increases in size with increasing solute content, 


Temperature *c 
004-800 450 400 350 _300__ 
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but not apparently in any direct proportion. The 
background internal friction decreases with in- 
creasing oxvgen content. 

The rigidity moduli of titanium and of the alloys 
decrease in the usual manner with increasing tem- 
perature. It was observed that, at room tempera- 
ture, the addition of approximately 4.5 atomic per 
cent of oxygen raised the rigidity modulus of 
titanium to approximately 4500 kg/mm?; the 
corresponding value for the original material was 


3840 kg/mm”. 
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RESIDUAL LATTICE STRAINS IN IRON SINGLE CRYSTALS* 
J. H. AULD} and G. B. GREENOUGH}? 


X-ray diffraction measurements of the change in interplan 
plastic extension have been made and the ‘‘residual lattice stt 
This is interpreted as showing that the residual lattice strain 
due to an intergranular stress system rather than due to stre 


LES DEFORMATIONS RESIDUELLES DI SSI \ DES MONO? 


On a effectué, au moyen de la diffraction des rayons X esures des cl 
entre les plans réticulaires lors de l’extension plastique dé ynocristaux 
que les déformations résiduelles du réseau étai négligeables. L’interpr« 
mations résiduelles du réseau, observées dans du fer polycristallin, sont dues a un 
intergranulaires, plut6t qu'aux tensions associées aux dislocations immobilisées. 


INNERE GITTERVERZERRUNGI 
Es wurden réntgenographische Messungen der Verinderung 
Zug plastisch verformten Eiseneinkristallen durchgefiihrt, und 
wurden vernachlassigbar klein gefunden. Daraus wird 
Eisen beobachteten inneren Gitterverzerrungen durch ei: 
nicht so sehr durch die von festliegenden Verzetzunge1 


the 


: tween theory and experiment found for 
1. Introduction centred cubic met aluminium, copper 
Much work has been reported in which the nickel [2], although it 


movement of the peaks of X-ray diffraction lines macroscopic surface stress was superpose 


given by polycrystalline metals has been measured Heyn intergranular ystem [3]. 

during and after the application of stresses. This However, an alternative explanation 
movement allows the average change of interplanar the part of the residual latti 

spacing of those grains contributing to the diffra varies with the reflection line examined 

tion line to be determined and curves can be first proposed during an unpublished discussion i1 
drawn showing the relation between applied stress 1943 between Bragg, Orowan, Smith and Wood, 
and the lattice strain. One of the more important and is that the stresses around groups of disloca 
details of the work has been the demonstration tions left in the crystals after pl 
that if the metal has been plastically deformed, the might be responsible for the 


lattice strain does not usually disappear completely 


istic deformation 


when the applied stress is removed. iently regular to contri 
A discussion of the various papers referring to but at greater distances tl 
these residual lattice strains, and their possible in well cause a shift in the X 
causes, is available elsewhere [1]. It is generall: k. These stresses vary with cr 
accepted that the strain is due to a stress in the direction, and hence the residual 
volume of metal contributing to the diffraction wit he reflection line examined. That plastic 


line, and the various explanations put forward deformation does leave dislocations trapped in the 
have discussed the type and cause of the residual rystals producing residual stresses is clear from 


stress system in the metal. Following the discovery the experimental observation that single crystals 


that different reflection lines showed residual lat show a Bauschinger effect [4; 5]. It is 
tice strains of varying magnitude and sign, it was’ essential feature of the recent theory of 
thought probable that an intergranular stress hardening put forward by Mott [6]. 

system (arising because of the variation of yield While it was not possible to see precisely how 
stress of the grains with orientation) was respon the existing residual lattice strain results on poly 


sible for the residual lattice strains. This idea was crystal specimens could be interpreted in terms of 
later treated quantitatively and agreement be- dislocations, it was felt that the explanation was 
qualitatively sufficiently attractive to justify an 
*Received October 6, 1953. experimental attempt to distinguish between this 
tDefence Research Laboratories, Melbourne, Australia; explanation and one based on Heyn intergranular 
formerly Department of Metallurgy, University of Sheffield ‘ 
tDepartment of Metallurgy, University of Sheffield. 


stresses. The simplest method of carrying this out 
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is to measure the residual lattice strains in plasti- 
cally extended single crystals. If the Heyn inter- 
granular stresses are largely responsible for the 
residual lattice strains observed in polycrystalline 
material, then single crystals should show negli- 
lattice but if 


stresses are largely responsible then single crystals 


gible residual strains, dislocation 
should show residual strains of similar magnitudes 


No 


observations of the required type on single crystals 


to those shown by polycrystalline metals. 
have yet been reported. 

Residual lattice strains in polycrystalline metals 
are not very large compared with the experimental 
errors in their determination, usually about 
+3 X (e.g., 
are, for the 310 reflection from iron +25 X 1075, 
and for the 400 reflection from aluminium 
+8 X 1075). Since iron shows the largest residual 
strains in the polycrystalline state, it was to be 


relatively large observed values 


expected that single crystals of iron would show 
the largest value if the dislocation hypothesis were 
valid. So as to reduce the importance of experi- 
mental error we therefore decided to examine iron 
single crystals, despite the fact that the strains, if 
present, would be difficult to interpret 
theoretically than any found in single crystals of a 


more 


face-centred cubic metal. 


2. Experimental Technique 


The accuracy of interplanar spacing determina- 
tion obtained in ordinary single crystal rotation 
photographs is normally much less than that 
required in this work. However, the same prin- 
ciples used in obtaining accurate measurements 
from polycrystalline material may be adapted for 
single crystals. High Bragg angle reflections were 
used and recorded on a flat film, using a calibrating 
powder on the surface of the crystal to assist in the 
elimination of errors. The single crystals were in 
the form of wires, about ? mm diameter, completely 
bathed by the X-ray beam and were rotated about 
an axis accurately perpendicular to the incident 
beam. Co, Cr and Fe Ka radiations were used to 
record reflections of the types 310, 211, and 110 
at sufficiently high Bragg angles. 

In order to obtain a reflection, say, of the 310 
type, one of the directions (310) must be almost 
perpendicular to the axis of rotation. In general, if 
the axis of the wire crystal coincides with the axis 
of rotation this condition is not satisfied, and the 
wire axis must be tilted in order to bring one of 
(310) into a suitable orientation. Figure 1 shows a 
cubic stereographic projection and the direction 
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corresponding to the wire axis of crystal No. 3. 
The shaded area shows the region lying 90° + 8° 
from this axis. It will be seen that [310], [211] and 
[121] all lie at nearly 90 degrees from the wire axis, 
and in this case these reflections can be obtained 
by rotating the crystal about its axis. However, the 
nearest (110), viz. [011], lies at 81 degrees from the 
wire axis, and in order to obtain this reflection the 


FiGuRE 1. Orientations of possible reflecting normals. 


wire axis must be tilted relative to the axis of 
rotation. It should be noted that if a reflection is 
obtained from planes to which the normal is [Al], 
a reflection is also obtained from [hkl]. Figure 1 
shows the [hl] normals to all the planes from 
which reflections were obtained. 

Figure 2 shows some typical photographs from 


and (b) taken 


Typical X-ray photographs. (a 
taken with Cr K radiation 


FIGURE 2. 
with Co K-radiation: (c) 


F 
bw ger 
\ J i j 
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the annealed crystals. In 2(a) [301] was at 90 
degrees to the axis of rotation and only 2 arcs are 
seen; but in 2(b) the angle was about 85 degrees 
and 4 arcs result. Figure 2(c) shows the case referred 
to for crystal No. 3 using Cr radiation, where 
reflections are obtained from two normals of the 
type (211). The continuous rings outside the single 
crystal arcs are given by the calibrating material— 
silver for Co and Fe radiations and chromium for 
Cr radiation. A consideration of tle geometry of 
the diffraction process shows that the reflection 
from [hkl] always occurs at the opposite end of a 
diameter of a diffraction ‘ring’ to [hkl]. This is an 
important point in the elimination of errors in the 
determination of the Bragg angles, since it is essen- 
tial to measure ring diameters. 

Apart from some minor variations, the elimina- 
tion of errors in the lattice strain measurements 
follows closely the procedure used for polycry- 
stalline substances. In the tables of results an 
indication is given of the probable limits of experi- 
mental error appropriate to the various cases. 
grown by the strain-anneal 
and 


The crystals were 
method and initially 
length 3.5 cm or more. The analysis of the material 
was Si, 0.1-0.2%; S, 0.05%; P, 0.05%; Mn 0.3 
0.45%; C, estimated 0.003%. The crystals were 
and 


were 2 mm diameter 


electrolytically polished etched, examined 
visually to check that they were single crystals, 
and their orientations determined by a_back- 
reflection Laue method. There was a tendency for 
the orientations to have a (110) parallel to the 
wire axis, but a selection of seven crystals was 
made to cover as large an area of the stereographic 
unit triangle as possible. Later, crystal No. 14 was 
selected as being as close in orientation to No. 2 as 
could be attained. 

These crystals were then prepared in the form 
of miniature cylindrical test pieces. The ends were 
covered in rubber solution, and the central 2 cm 
etched to a diameter of approximately } mm. 
This gauge length was then electrolytically polished 
to remove the roughness produced by etching. 
Finally, the crystals were annealed in a vacuum 
at 700°C for one hour to remove any hydrogen, or 
strains, picked up during the preparation. The 
interplanar spacings of the various planes in the 
annealed crystals were measured. 

The crystals were then extended 
using grips designed to give as near axial loading 
as possible. It is interesting to note however that 
the two diffraction arcs forming the ends of a ring 
diameter are from opposite sides of the specimen, 


plastically 


GREENOUGH: 


LATTICE STRAINS 211 
i.e., any small differences in strain on the two sides 
of the crystal due to non-axial loading will be 
eliminated from the measurements. Since in poly- 
crystalline iron the residual lattice strains increase 
with increasing stress applied to cause plastic 
deformation, the deformation given to the crystals 
was as high as could be attained while maintaining 
the uniformity of strain along the gauge length. 
This was about 15 per cent elongation. The load 
required to produce this was measured for all 
crystals except No. 1 and the orientations of the 
crystals were redetermined after deformation. At 
least three rotating back reflection photographs 
were taken of each strained crystal with each radi- 
ation. Both circumferential spreading and radial 
broadening of the reflection arcs was seen, but the 
latter was not so great as to make the a-doublets 
confused and visual measurements of the positions 
of the peaks of the lines were possible. The inter- 
planar spacings for each strained crystal were 
obtained from a mean of the three photographs, 
and hence the residual lattice strains were deter- 


mined. 


3. Experimental Results 


Table I lists the values of the elongations of the 
crystals and of the applied tensile stresses neces- 
sary to produce them. The initial and final orien- 
the work are 


tations of all the crystals used in 


shown in Figure 3. Knowing the orientations of 


6 


Oll 


orientations 


OO! 


FIGURE 3. 
of crystals. 


Details of initial (x) and final (x’) 


the strained crystals it is possible to determine the 
reflection planes giving rise to the arcs on which 
measurements were made, and the angle between 
the reflecting normal and the axis of crystal. This 
information, together with the observed residual 


lattice strains is given in the Table I]. 
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TABLE I 


Crystal 


Elongation % 


True Stress 
(X 103 Ilb/in?) 


rABLE II 


RESIDUAL LATTICE STRAINS 


Cobalt Ka radiation. Limits of error +3 X 107. 


Residual 
lattice strain 


Reflecting Angle between [/:/] 


Crystal and wire axis 


+12 X 


Residual 
lattice strain 


Reflecting Angle between [hkl] 


Crystal planes and wire axis 


211 93° +1 10-5 
2 


121 


gg° f 
88° 
90° 


c) Iron Ka radiation. Limits of error +7 X 107. 


Residual 
lattice strain 


Angle between [hkl] 
and wire axis 


Reflecti 
Crystal planes 


011 37° +2 X 1075 
110 +14 

011 +8 

(O11 —7 
(O11 

(O11 

(01) 

(110) 
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4. Discussion 


It is apparent from the results in Tables I and 
I] that crystal No. 2 differed in behaviour from the 
remainder. Not only was it the only crystal which 
gave residual lattice strains of appreciable magni- 
tude, but the stress necessary to extend it was 
higher. Other qualitative differences were observ- 
able. All crystals deformed uniformly except No. 2 
where the cross section varied irregularly along the 
gauge length. Also, the spread of the diffraction 
arcs from the strained crystal No. 2 was appreciably 
larger than for the remainder. 

There were two possible causes of this differ- 
ence in behaviour: either the orientation of No. 2 
was responsible, or crystal No. 2 was not a single 
crystal. To check the first possibility, crystal No. 
14, which had a similar orientation, was examined: 
the results show that it behaves as did crystals 
1, 3-7. To check the second possibility an intensive 
micrographic and X-ray examination was made of 
sections of crystal No. 2. Micrographic work failed 
to reveal definite evidence of a grain boundary, 
but from two different sections of the crystal Laue 
photographs showing two sets of diffraction spots 
were obtained. The orientations of the two parts 
are shown in Figure 3 as 2’ and 2”, the orientation 
difference being about 5 degrees. It appears, then, 


that after deformation, crystal No. 2 


was a bi- 
crystal. Similar examinations of several of the 
other deformed 


whatever of any bicrystal structure; they were all 


crystals showed no _ evidence 
apparently good single crystals. 

It is strange that crystal No. 2 showed no evi- 
dence of the 
condition. While it is conceivable that during the 


the bicrystal nature in annealed 
optical examination of the curved etched surface, 
a small difference between 
parts could have been overlooked, it might be 
expected that the diffraction arcs on the initial 


orientation different 


rotation photographs would have shown some 
evidence. It is possible, then, that the orientation 
difference between the two parts of crystal No. 2 
was enhanced during the deformation. 

It was decided that the results from crystal No. 2 
should be ignored when drawing general conclusions 
from the experimental work, on the grounds that it 
was not a single crystal in the deformed state. In 
the remainder of the crystals, the residual lattice 
strains observed are less than the limits of experi- 
mental error. 

There are two possible reasons why the residual 
stresses associated with the dislocations trapped in 


212 
PLASTIC ELONGATION OF THE SPECIMENS 
3 4 5 6 7 14 
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the deformed crystals should not produce any 
lattice strain. The that the 
directions of measurement are such that the strains 
due to the stresses are zero. (Such a direction, for 


observable first is 


instance, would be one parallel to the length of 
edge dislocations.) It is not feasible to examine this 
possibility in detail for a general case in iron, but 
since the normals to the reflecting planes cover a 
wide range of possible orientations relative to the 
active slip elements, the chance that in every case 
a direction of approximately zero strain 
selected is very remote. 

The second possibility is that the volume of 
metal contributing to the diffraction line contains 
many stressed regions, the sign of the stress varying 
so that the average stress in the volume is zero. 
If the depth of penetration of the beam, which is 
about 0.02 mm, exceeds the length of the lines of 
piled-up dislocations [6], then this will necessarily be 
true since the stresses on opposite sides of a dislocat- 


Was 


ion are equal in sign but opposite in magnitude. 
Another way in which the averaging of the stresses 
may be achieved is by the presence of regions of 
opposite states of stress along the irradiated length 
of the crystal surface, which was about 2 mm. In 
either case this averaging of stresses would lead to 
an absence of X-ray line displacement but would 
cause a line-broadening and fact, 
observed. It seems most likely that this second 


this was, in 
possible explanation of the absence of appreciable 
residual lattice strains is correct. 


5. Conclusions 


Single crystals of iron do not show residual 


lattice strains after plastic extension. Thus the 
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lattice strains found in polycrystalline 


metal after a similar deformation must be due to 
their polycrystalline nature. These experimental 


residual 


results, then, give strong, although indirect, sup 
port to the Heyn intergranular stress theory. 

It seems likely that the residual stresses asso 
ciated with trapped dislocations in crystals do not 
cause a movement of the diffraction line peaks 
the 
equal volumes in opposite states of stress. 


because metal diffracting includes roughly 
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DIFFUSION OF HYDROGEN IN MILD STEEL* 
AL. DEMAREZ}, ARTHUR G. HOCK{, and FRANCIS A. MEUNIER§ 


From experiments on the rate of removal of hydrogen from steel, a number of writers have sug- 
gested that this element exists in two forms, with different effects upon the physical properties. 

[his hypothesis is not confirmed by new experiments which show that there is reasonable agree- 
ment with expectation based upon the laws of normal diffusion. 

It is thus possible to estimate the course of hydrogen removal from the usual rolled products if 
the diffusion coefficient is known. The apparatus used in these experiments can be used readily for 
the rapid determination of the total hydrogen content and of the diffusion coefficient. 


LA DIFFUSION DE L’'HYDROGENE DANS LES ACIERS DOUX 


En se basant sur des expériences sur la vitesse d’extraction de l’hydrogéne des aciers, 
plusieurs chercheurs ont suggéré que cet élément existe sous deux formes, dont les effets sur les pro- 
priétés physiques sont différents. Cette hypothése n'est pas confirmée par de nouvelles expériences 
montrant qu’il y a accord avec les prévisions basées sur les lois de la diffusion normale. I] est ainsi 
possible d’estimer le cours de |’extraction de l’hydrogéne des produits laminés, usuels, quand le co- 
efficient de diffusion est connu. L’appareil employé dans ces expériences peut aussi servir a la déter- 
mination rapide de la teneur totale en hydrogéne et du coefficient de diffusion. 


DIE DIFFUSION VON WASSERSTOFF IN WEICHEM STAHL 


Auf Grund von Versuchen iiber die Geschwindigkeit der Wasserstoffentgasung des Stahls haben 
eine Anzahl Autoren angenommen, dass dieses Element in zwei Formen, die verschiedene Effekte 
auf die physikalischen Eigenschaften haben, vorliegt. : 

Neue Experimente bestatigen diese Hypothese nicht; sie zeigen eine zufriedenstellende Uberein- 
stimmung mit den nach den Gesetzen der normalen Diffusion zu erwartenden Resultaten. 

Es ist somit méglich, den Verlauf der Wasserstoffentgasung der iiblichen gewalzten Materialien 
abzuschatzen, wenn der Diffusionskoeffizient bekannt ist. Die in den vorliegenden Untersuchungen 
benutzte Apparatur lasst sich unmittelbar zur Bestimmung des Gesamtwasserstoffes und des Diffu 
sionskoeffizienten benutzen. 


: history of the sample, i.e., melting, working, and 
I. Introduction heat treatment. The length of this initial period is, 
Since the assessment of the influence of hydrogen however, fairly constant. 
upon the mechanical and physico-chemical proper- 2. A second period of much slower evolution 
ties of steels [1-5] much work has been carried out following an approximately exponential course 
with the object of obtaining accurate determina- 
tions of this gaseous impurity [6-10]. 
Owing to its relatively unreactive character in 


solution, hydrogen is not readily determined by 
chemical means. Of the physical methods which 


have been proposed the most favoured are those 
based upon the vacuum extraction from samples 
heated either above the melting point (with or 
without addition of tin) or below it. 

Two of the authors have discussed in detail [10] 
the reasons for preferring the use of temperatures 
a little below the A, transformation point for 
carbon and low-alloy steels. 

Other reports [8-11], based essentially upon the 
same fundamental principles, have suggested the 
existence of two distinct processes of hydrogen 


evolution [Figure 1 and reference 8]: 


1. A rapid evolution in which the quantity of gas 0 ; : 
P 3 # 


collected appeared to depend upon the previous 

FiGuRE 1. Curve of extraction of hydrogen in vacuum at 
600°C, showing two apparently different regimes [8]. A: 
*Received July 1, 1953. period of rapid evolution, B: period of slow evolution, 
+Aciéries et Miniéres de la Sambre, Belgium. Q/Ro = ratio of hydrogen extracted at any time to the total 
tWorkington Iron and Steel Ltd., Great Britain hydrogen collected after 40 hours. Samples 4 inch diameter 
§Faculté Polytechnique, Mons, Belgium and \& inch long. 
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which ends practically in a few dozen hours. The 
quantity of gas evolved in this period would appear 
to be of the same order for most ordinary steels. 

Other experimenters [12; 13] mention the exis- 
tence of two forms of hydrogen, defined respectivel\ 
as more readily and less readily diffusible. It is 
sometimes inferred also that these two forms may 
possess or induce different properties. 

It is of interest to enquire into the reasons which 
have led to the above hypotheses. 

Curves have been given [10] for the quantity, R, 
of hydrogen remaining in samples } inch long and 
3 inch in diameter, as a function of the time of 
extraction in vacuum at 650°C. Such a curve is 
reproduced in Figure 2 where the broken line 
QR, — 


1.0 


0 30 4 


FiGuRE 2. Extraction curves in vacuum at 650°C [10]. 
Q: hydrogen extracted at time ¢. R: hydrogen remaining in 
sample at time ¢. Ro: total hydrogen collected at end of 
experiment (1 hour). Samples % inch diameter and % inch 
high. 


represents the proportion R/R, of hydrogen which 
has This 
suggest as strongly as Figure 1 that there may be 


still to be extracted. curve does not 
two different kinds of evolution of gas but if the 
natural logarithm of R/R, is plotted in terms of 
the time, ¢, there is a clearer suggestion of two 
different laws of extraction (Figure 2, chain-dotted 
line). It can be seen that the extraction is accur- 
ately exponential for values greater than 5. For 
values less than 5 the quantity of gas removed is 
greater than the value expected from this law. 

Is this due to the existence of two forms of hydro- 
gen in steel? The problem merits attention because 
the separation of these two forms and the study of 
their respective influences might lead eventually 
to an accurate correlation between the mechanical 
properties of a steel and its hydrogen content, 
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which is a matter which investigations [3; 4; 


have not yet solved. 


II. Diffusion of Hydrogen from a Finite 
Cylinder 


It is generally accepted that the loss of hydrogen 
from steel, under ambient conditions and at higher 
temperatures, is due to the diffusion of this element 

14; 15] in the atomic state, probably as protons H*. 

Diffusion is not the only phenomenon which deter- 
mines the rate of loss because hydrogen must 
escape at the surface by some rather complicated 
process which has been studied by Barrer [16]. 

It is evident that the slower of these two pheno- 
mena will determine the over-all speed of the 
evolution of gas and it is pertinent, therefore, to 
mention two Fast [15] 
states that, in the system Fe-H, the exit of hydro 


interesting conclusions. 
gen occurs rapidly and does not mask the diffusion 
process. Chang and [17] have shown 
recently, from measurements of the permeability 
through the walls of a hollow cylinder (i.e., in a 


Bennett 


system which presents a process of entry as well as 
one at exit), that the process of diffusion is the 
slowest in the chain of phenomena when the 
temperature is greater than about 400°C to 450°C. 

We may thus consider that the evolution of 
hydrogen at 650°C is controlled only by diffusion 
and it becomes apposite to apply the following 
theoretical considerations. 

Consider a circular cylinder of radius p and of 


length /. From the proportionality of the rate ol 
flow to the instantaneous concentration gradient, 
it follows that Fick’s equation holds, at constant 
dt, and if 


temperature, in the form: D-V*’c = dc 

we take cylindrical co-ordinates r, 0, z, we have 

v 9 

Oc 
ot 


| fac a 
or” Or 


for flow independent of the co-ordinate 6, where D 


is the diffusion coefficient under experimental 


conditions and C is the concentration at the point 
r, 0,2 at time 

The 
Fourier, over a century ago, 
conditions, in the form of a double series in terms 


solution of this equation was given by 


for arbitrary initial 


now better known as Bessel 
coefficients of The 
difficult to handle, at first sight, but it is possible 
for the 


of functions which are 


zero order. double series is 


to proceed quickly, as follows, case of 
constant initial concentration. 
Let v be the solution of 
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0 in 0 <p, for all z 


= (Q fort > 0Oatr = p, for all z 


be the solution of 


rith 
w= fort =0in 0 <s < 1, for all 
w= QOfort > Oatz = Oandatz = 1, forall r. 
It is easily verified that c = vw is the solution of 
1) with 
fort 1 
:=0;3: 


= C 


Ofort>OQOatr = p: 


where 8, is a root of J)(8) = 0 which can be found 


in tables, and 


c becomes a product of two series which may be 
computed separately. 

The total quantity, R, of hydrogen remaining in 
the cylinder at any time ¢ is evidently: 


vl 
crdrdz. 


0 


Performing the indicated integrations, we obtain 
after some reductions: 
32 


R 


The equation represents the theoretical law of 


reduction of the hydrogen content in a finite 
cylinder, of constant initial concentration, subject to 
vacuum extraction. If Ro is the total quantity of 
hydrogen at the beginning of the experiment and 
if the cylinder has a length equal to its diameter we 
may write: 

©) R 

It may be noted that the equation may be written 
in terms of the parameter Dt//*, and with the 
result that the form R/R, = f(Dt)//’, is the general 
solution of the problem of diffusion in a cylindrical 
sample of length equal to diameter. 
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With the first six roots of Jo(x) (2.405; 5.524: 
8.654; 11.792; 14.931; 18.071) 
values can be computed readily for most values of 
Dt/P. 

For very small values of the parameter, the series 


sufficiently accurate 


must be transformed. The steps required are beyond 
the compass of thisnote but it should be recorded 
that accurate computations are possible for all 
values of ¢. These are illustrated in Figure 3. 


~ 


0,02 0,04 


0,08 0,10 


FIGURE 3. Extraction of hydrogen from samples of 
length equal to diameter. Theoretical curves obtained from 
the integration of the diffusion equation. Q, R and Rp» as in 
Fig. 2. Co = initial concentration of hydrogen, assumed to be 


constant in the sample. C, = concentration at centre of 
time ¢. 


sample at time ¢. Ca = average concentration at 
D = diffusion coefficient. / = height or diameter of sample. 
t = time. 


The theoretical and experimental curves can 
thus be compared if the following quantities are 
known: 

(a) the total amount of hydrogen in the sample 
(b) the dimension of the sample 
(c) the diffusion coefficient of the sample at 
the temperature of the experiment (650°C). 
The total quantity of hydrogen can be found by 
complete vacuum extraction. 

The diffusion coefficient presents some difficulty 
because published experimental results are rather 
discordant. From theoretical considerations and 
from results of permeability measurements selected 
from existing publications, some writers [18; 19] 
give: D = 13.2 X 107% cm?/min at 650°C. Chang 
and Bennett [17] find: D = 3.6 X 107-* cm?/min, 
from measurements of permeability through the 
wall of a hollow cylinder. Examination of equation 
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(5) yields a solution of this problem which is 
perhaps more elegant. For values of ¢ greater than 
some threshold fo, the series degenerate to their 
first terms with adequate accuracy and 


R 32 


= for > to, 


which is an exponental law in accordance with the 
results of experiments [reference 10 and Figure 2]. 
Since 8; and / are known, the slope of the straight 


line In R/Ro = f(t) leads to the determination of D. 


lil. Comparison of Theoretical and 
Experimental Rates of Extraction of 
Hydrogen at 650°C in Vacuum 


(A) Considerations Arising from Previous Results 


The fact that the law of extraction has been 
found, by experiment, to become exponential after 
some lapse of time is the first matter of interest. 
The chain-dotted lines in Figures 4 and 5, which 
are obtained from Figures 5 and 6 in reference [10] 


give the plot of In R/R»y = f(t 


08 10 


FiGuRE 4. Extraction of hydrogen at 650°C from sample 
of length equal to diameter, rich in hydrogen. Shaded zone: 
notfobserved during experiment. Curves drawn from experi- 


ments reported in reference 10 (Fig. 5). 


A change of scale transforms these curves into 
In R/Ro = f (Dt)/P which yields a direct comparison 
with the theoretical law plotted in Figure 3. The 
shapes of the curves are similar. For abscissae: 
Dt/l?: greater than 0.02 the points lie on a straight 
line and for values less than 0.02 the curves bend 
upwards in the same way. 

Since the object in view in reference [10] was the 
determination of total hydrogen, the process of 
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evolution between 0 and 5 minutes was not speci- 
ally studied and only the values for 0 and 5 minutes 
Nevertheless, 
tions led to the hope that the theory of diffusion 


are known. certain other observa- 


might be in agreement with experiment. For 


instance, equation (6) valid for values of t which 


are not too small, shows that for all the extractions, 


I curve for In R/R 


t = 0 of 


the straight-line portion of the 


should, if produced, give an ordinate at 


In 32/2°8,° or min 


> F/R, 


O02 06 


Ficure 5. Extraction of hydrogen at 650°C from sample 
containing an average quantity of hydrogen. (Length = dia- 
meter.) Shaded zone: not observed. Curves taken from refer- 
ence 10 (Fig. 6 

The ordinates measured on Figures 5 and 7 of 
reference [10] are respectively 0.46, 0.51, 0.42, which 
is fairly satisfactory when we consider that certain 
conditions assumed in the calculation, and discussed 
later, cannot be realised accurately in the practical 
work. 

Similarly, a comparison of the theoretically 
expected and the experimentally established times 
required for the extraction of 80, 90, 95, 98 per cent 
have been compared in 


of the total hydrogen 


Table I. 
The When 


difference is greater than the experimental error 
steel M 


ment gives higher results, which may well be due 


} 


agreement is reasonably good. the 


it is interesting to note that the experi- 


to the fact that some of the experimental condi- 
tions differ appreciably from those assumed in the 
calculation. 

(B) New Experiments 


In order to complete a critical examination of the 
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TABLE I 


Calculated 
from (6) 
cm?/min } 


6.98 1073 


6.62 X 10-3 


80 per cent 


Theor. Exp. Theor. 


Time required for extraction of 


90 per cent 95 per cent 98 per cent 


Theor. Exp. 


Exp. Theor. Exp. 


10.8 


results predicted by theoretical considerations, it is 
necessary to examine the phase in which extraction 
is not of exponential form, namely, the early stages, 
with the small values of ¢t which do not enter into the 
calculation of D from the results of the experiment. 

It is necessary, therefore, to provide an apparatus 
capable of bringing the sample quickly to the 
required temperature and of accurate and rapid 
measurement of the quantities of hydrogen collected 
in the first five minutes. (It will be recalled that the 
solution of the diffusion equation is based on the 
supposition that the temperature is attained at 
once.) 

The equipment reported in detail in reference 
[10] and sketched in Figure 6, included a high- 
frequency induction furnace 2; immediate pumping 
of evolved gas by high-capacity mercury diffusion 
pump, 6, and collection of the gas into the cali- 
brated volume, 8, in which the 
thermoelectric 


pressure could be 


determined by gauge 16 or by 
McLeod gauge 7. 

The equipment is suitable for the purpose in 
view when the has 


carefully calibrated in order to provide instan- 


thermo-electric gauge been 
taneous and continuous measurements. 

The apparatus is fitted with means of introducing 
and removing samples without breaking the 
vacuum [8]. It is thus possible to maintain high 
vacua permanently with consequent elimination of 
much of the trouble associated with ‘‘degassing”’ 
periods. 

A nonmagnetic rod, 9, with a 180-degree bend, 
has two small platforms attached at one end. The 
sample is immersed in the mercury trough 14, then 
placed between the platforms, brought up to the 
cross-tube 17 and moved by external magnet to the 
mercury lift 5, of the usual type. 

The sample is removed by reversing the proced- 
ure. The fused silica furnace tube is connected by 
ground joint 4, to the remainder of the apparatus 


WA 


- 
MOO 
< 


FIGURE 6. 1. Fused silica furnace; 2. High-frequency coil; 
3. Thermocouple; 4. Silica to Pyrex joint with mercury seal; 
5. Mercury lift; 6 and 6’. Mercury diffusion pumps; 7. Con- 
nection to McLeod gauge; 8. Calibrated space for collecting 
Guide rod for insertion and removal of samples; 
10. Connection to primary vacuum; 11. Connection to atmos- 
phere; 12. Connection to rough vacuum; 13. CaC 12 bottles; 
14. Mercury reservoir; 15. Degassed samples; 16. Thermo- 
electric gauge. 


gas; 


constructed in Pyrex glass. Used either dry or very 
slightly greased, this joint is fitted with a mercury 
seal which has proved to be very satisfactory and 
vacuum-tight. 
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TABLE I] 


4 


Time Hydrogen Hydrogen 
left in 
sample 


ml/100 gm 


extracted 
minutes 


ml/100 gm 


.10 
.33 
.79 
.32 
91 
92 
65 
5.89 
5. 95 
.78 
96 
22 
8.38 


| 


cr bo 


Vt or 


NOW 
N 


1. First experiment. This has been performed 
with deposited weld metal of composition: C =.08 
per cent; Si = .40 per cent; Mn = 
The results are shown in Table II. 

The hydrogen contents are given to two places 
of decimals. For values of Q greater than 2, only 
the first place is significant (sensitivity of measure- 
ments: .05 ml/100 gm). 

R, has been taken as the quantity of gas collected 
after 60 minutes, i.e., Ro = 8.38. Evolution was 
practically completed after 35 minutes. 

For the determination of D by means of equa- 
tion (6), only the experimental results for times of 
5 to 20 minutes have been used. (After 20 minutes 


per cent. 


the quantity of hydrogen to be collected is less 
The 
regression line for In R/Ro has been calculated in 


than the sensitivity of the measurements. 


the usual manner, with the result: 

In R/Ry = —.174t — .486. 
It follows that D = 8.61 X 10 
column 6 can be drawn up. 


> cm?/minute and 


The results of this experiment give rise to the 
following considerations: 

The heating of the sample has been carried out 
as follows: At ¢ = 0 the high-frequency source was 
switched on at the normal power required for 
reaching and maintaining 650°C. The values of 
Q/Ro show a gradually increasing evolution during 
the first minute which has not yet attained the 
subsequent rate. This is undoubtedly due to the 


039 5 
094 6 
157 8.0 

228 9.3 

348 12.0 

435 16.0 

703 26.7 

830 37.¢ 

884 47.0 41. 
929 64.1 58 
950 80.1 7 74 
980 106.8 101 
994 133.3 128 
1.000 309.8 304.! 


3 X 10° 


fact that the sample has not reached the required 
temperature of 650°C and in order to compensate 
for this effect, values of Dt//? have been corrected 
rather arbitrarily by subtracting 60 seconds from 
the actual time in order to obtain coincidence of 
the beginning of rapid evolution with the zero of 
time for the theoretical curve. 

The speed of the various phenomena and the 
heterogeneous heating effects caused by induced 
currents do not allow accurate appreciation of the 
temperature in the early stages and, in all prob 
ability, a temperature as high as 500°C has not 
been reached in the first minute. 

Hence, the correction is still too small. As D 
varies rapidly with the temperature D(500°C)~3D 
(650°C 
experimental values of Q/R 


. [19] it is to be expected that the corrected 
may be lower than 
the theoretically predicted values. 

These theoretical results are also based upon a 
hydrogen in the 


had 


four to five weeks 


homogeneous repartition of 


sample (equation (4)). The sample been 


exposed to the atmosphere for 


and may have lost constancy of hydrogen concen- 


tration because the outer lavers lose gas more 


quickly than the core. (See the theoretical curve 
for C/Cp> in Figure 3, which is applicable to cylin 
ders of length equal to diameter. 

Our lack of sufficient knowledge of the value of 
D and of other surface phenomena which may occur 


under ambient conditions does not allow accurate 
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appreciation of the perturbations in the initial 
conditions of the experiment but it is apparent 
that the ratio Q/Rp will increase less quickly than 
in the case of homogeneous samples [19]. 

into account, the 


Taking these considerations 


agreement found would appear to be reasonably 


Figure 7 


] 
YOOU 


0 oO 2 0,04 0,06 


FIGURE 7. Comparison of extraction curves for sample 
of length equal to diameter. 7: theoretical curve. E: experi- 
mental curve. 0’: uncorrected origin of abscissae, 0: corrected 
origin, Deposited weld metal with C: .08%, Si: .40%; 
Mn, .75% 


2. Second experiment. Closer agreement has been 
sought by minimising the disturbing influences 
already described. 

Heating has been accelerated during the first 
30 seconds by trebling the input energy; subse- 
quently the normal power was applied to the coil. 

The sample (S.A.E. 1041 with .4%C, 
1.5%Mn, .18% Si, with S. and P. less than .038% 


has been taken from a 45 mm steel ingot forged as 


steel 


rapidly as possible to a diameter of 30 mm in order 
to obtain physical homogeneity of the steel. The 
sample was machined to 12 mm as quickly as 
possible and kept in solid carbon dioxide. The best 
solution would have been to trepan a 30-mm round 
from the centre of a large bloom but the necessary 
equipment was not available. 

The hydrogen content of the small ingot was 
probably 5.4 ml/100 gm, which was the value 
obtained from a chilled sample taken during the 
pouring of the cast. After forging and machining 
the hydrogen was found to be 1 ml/100 gm. In 


spite of this, the small sample cut from the axis of 


the forging may be expected to possess a reason- 
ably constant concentration of the gas. 
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The results of the experiment are embodied in 


Table IIT. 


837 
860 
883 
905 
958 
989 
1.000 
1.000 


The amounts of hydrogen are given to three 
decimals. With the small quantities of extracted 
gds, the sensitivity of the thermoelectric gauge is at 
its highest (.01 to .015 ml/100 gm) and the first two 
decimals are significant. Three decimals have been 
used in the calculations. Figure 8 gives a compari- 
son between experimental and expected values of 
In R/Ro. 

The evolution in the early stages is greater than 
in the first trial but it is decidedly less than the 
rate expected theoretically. In spite of the steps 


08 pe/e*®.10 


FiGuRE 8. Comparison of extraction curves. T: theoretical 
curve; E: experimental curve. Samples 4% inch long and % 
inch diameter of S.A.E. 1041 Steel,with C, .4%; Si, 18%; 
Mn, 1.5%. 
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taken, 30 seconds were necessary to bring the 
sample to a dull red heat and it seems difficult, if 
not impossible, to realise better agreement during 
the first few minutes. 

The other elements of comparison remain satis- 
factory, since, in spite of the reduced precision of 
measurement brought in by the small quantity of 
hydrogen present in the sample, the regression line 
of In R/R, on ¢t for values of t > 3 is represented by 


— 0.344t — 0.608 


The ordinate at the origin of ¢t is .608, compared 
with the expected value of .579 given by equation 
(6). A rather lower value would be expected and 
the probable reason is the relatively large error in 
the values of R used in the calculations. 


IV. Conclusion 


Considering the difficulties already described 
and the nature of their influence upon the experi 
ment, we conclude that there is reasonable 
agreement between the results obtained and those 
expected from the hypothesis of normal diffusion. 


The fact that a quantity 


may 


(the diffusion coeff 
cient) measured experimentally has been used, in 
order to establish the theoretical curve, implies 
only the identity of the slopes of the straight 
portion of the relation In R/Ry = f(Dt/P 

This relation represents a curve passing through 
the origin, and the important part of the verification 
t = 0 obtained by 


producing the straight portion of the curve. It is 


seems to be the ordinate at 
thus interesting to note that the measured values 
(.48 and .608) are close to the figure of .579 expected 
from a purely diffusional process. 

In addition, the values obtained for the diffusion 
(5.6 to 16 X 10 
determinations hitherto 


coefficient cm?/min) are in 
agreement with the best 
published [17; 18; 19]. 
Lastly, the values of Dt//l*? at which the evolu- 
tion becomes exponential in character are only 
slightly greater than the theoretical values and 
the difference may be explained by the impossibility 
of realising in practice the simpler and more rigid 


conditions considered in the calculations. 


V. Consequences 
hese experiments, which may appear to have 
only a speculative character, give indications of 
practical interest. 
1. The rapid evolution of hydrogen in the early 
stages of the extraction is a normal manifestation 


HYDROGEN 


IN MILD STEEL 221 


of the process of diffusion and is not to be attri- 
buted to the existence of two different states of this 
element such as a rapidly extracted and a slowly 
diffusing kind of hydrogen. 

2. The 


given substantial proportion of the hydrogen is 


for the extraction of a 


time necessarv 


independent of the total content of the gas and 


depends only on the diffusion coefficient and on 


the dimensions of the sample 


| +} 


In determinations of the total hydrogen content, 


1 


the size of the sample is fairly constant and the 


very long extraction times mentioned by some 
experimenters are justified only by low values of D, 

n the case of some highly alloyed and austenic 
ele 
The time of extraction depends on the square of 
linear dimensions, not only for cylinders of similar 
aspect but also for rounds and squares of great 
length and for linear flow in slabs and plates. We 


recall in this connection that relations of the type: 


when ” is not equal to 2, have been proposed. 


3. The satisfactory agreement found with the 


cylinders used shows that solutions of the diffusion 
equation can be applied to solids of other shapes. 
It will be apparent that the case we have consi 
dered can be decomposed into a combination of the 
solution for an infinite cylinder and for an infinite 
slab. 


to apply them to the simpler mill sections such as 


It is easy to transform these results in order 


rounds, billets, slabs and plates. 
t. Such solutions are valid for diffusion into a 
medium containing no hydrogen atoms or mole- 
such as a vacuum or an inert atmosphere 
free from H. and H.O. It is again easy to generalize 
these solutions for practical cases if we know the 
concentration of hydrogen at the surface, C,, 
which is in equilibrium with the partial pressure 
of this gas in the surrounding atmosphere. 


Sievert ’s law vives 


Ci Py 


and K is related to the absolute temperature 7 by 
means of the thermodynamical relation 


(19) 


\s it has been found that y/2 is approximately 


equal to unity, we find on writing 7, = A/2k: 


C1 = Pus. 


| 
in 
Ro 
] n 
| K = Ail se 


9 
From a review of existing experimental results, 
Kawai [19] proposes the following values for A, 
and 7). 


40.4 X 10-* and 7; = 3,250 
14.5 X 10-3 and 7, = 1,500 


and 


Fe: K 
Fe: K 


5 


With Py. expressed in atmospheres, these values 
give C;, in ml/100 gm. 
Fick’s equation D-V?°C with initial con- 
centration C, and surface concentration C,, is trans- 
formed by the substitution C = C; + (Co — Ci)u 
into the simpler form DV*u = du/dt with: 
u = 1 for t = 0 in the whole solid 
u = 0 for ¢ > 0 at the surface. 
The solution for u is then readily applicable to all 
values of Cy and C,. 
Values have been calculated for cases of much 
these are illustrated in 


interest and 


Figures 9 and 10. 


practical 


4k 
1.9 


40 .60 
Dt/€—De 

FiGuRE 9. Curves showing the relative axial concentra 
tion, u, for homogeneous samples. A: slab of thickness /, 
B: parallelopiped of square section of a side ], C: cylinder of 
diameter d. 


-10 -20 


Figure 9 shows the axial concentration, u, for 
infinite cylinders and billets and slabs in terms of 
Dt/l? and Dt/d*, where 1 represents the side of the 
square or thickness of the slab and d stands for the 
diameter of the round. 

Figure 10 shows the average concentration ft, on 
the scale of u, of the hydrogen remaining in the 
sample in terms of the same parameters. 

These two graphs are easy to use and they 
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require only the values of D. Published values 
(17; 18] will give a useful result, at least for 
temperatures above 450°C when phase-boundary 
reactions do not interfere. 

5. It is valuable to notice that the apparatus 
which has been described can be used for determin- 
ing the diffusion coefficient, which is a fundamental 
property of interest. 


7.0 


-10 -20 -30 
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FiGurE 10. Mean value of u for homogeneous samples. 
A: slab of thickness /, B: parallelopiped of square section of 
side /, C: cylinder of diameter d. 


Should it be confirmed that the exit process at 
the surface is more rapid than the rate of diffusion 
below 450°C, it will be possible to measure this 
diffusion coefficient correctly at lower temperature 
—a procedure which measurements of permeability 
through plane or circular walls cannot achieve 
reasons established by Chang and 


readily for 


Bennett. 
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THE CRYSTALLOGRAPHY OF MARTENSITE TRANSFORMATIONS 
III. FACE-CENTRED CUBIC TO BODY-CENTRED TETRAGONAL 
TRANSFORMATIONS* 


J. S. BOWLES and J. K. MACKENZIE} 


The theory developed in Parts I and II is applied to transformations from face-centred cubic to 
body-centred tetragonal in the alloys Fe-C, Fe-Ni, Fe-Ni-C. The theoretical predictions of habit 
planes, orientation re lationships and directions of the homogeneous strain are found to be in satisfac- 
tory agreement with all the available experimental data. Thus, the hypothesis that the inhomogeneous 
shear is a part of the twinning shear in the final structure has been substantiated for the transforma- 
tions considered. 

Che habit plane interface envisaged by Frank is shown to be a special case of the type of interface 
expected on the present theory: all planes in the zone of the invariant line, and in particular the 
twinning plane, meet edge to edge in the interface. 


TRANSFORMATIONS MARTENSITIQUES III. LES 
CUBIQUE A FACES CENTREES EN TE  STRAGONAL 
CENTRE 
La théorie développée dans les Parties I et II est appliquée aux transformations du systéme cubique 
a faces centrées en tétragonal centré, dans les alliages Fe-C, Fe-Ni, Fe-Ni-C. Il est constaté que les 
prédictions théoriques des plans limites, des relations d’orientation et des directions de déformation 
homogéne accord satisfaisant avec toutes les données expérimentales, disponibles. Ainsi, 


LA CRISTALLOGRAPHIE DES 
TRANSFORMATIONS DU SYSTEME 


sont en 


l’hypothése que la tension non-homogéne fait partie de la tension de maclage mer la ah icture finale, 


> pour le cas des transformations cons sidérées. I] est montré que I’interface constituée 
par un plan limite, envisagée par Frank, n’est qu’un cas particulier de |’ inte rface proposée par la 
av Maer théorie, 4 savoir: tous les plans dans la zone de la ligne invariante, et en particulier le plan 
de maclage, se re it suivant une aréte commune dans I’interface. 


a été confirmée 


ncontrel 


MATIONEN. III. TRANS- 
PTRAGONAL- 


DER MARTENSIT TRANSFOR 
KUBISCH-FLACHENZENTRIERTEN ZU TE 
RAUMZENTRIERTEN GITTERN 

[Theorie wird auf die Umwandlungen kubisch-flachenzentriert 
Fe-Ni un - Fe-Ni-C Legierungen angewandt. Die theoretischen 
“Be ee ingen der illographischen rungen _und Rich- 
timmten zufriedenstellend mit allen vorhander ony imentellen 
ypothese, dass die i ladacusiedinii Scherung einen Tei l i r Zwillings- 
tellt, fiir die hier betrachteten Transformationen bestirkt worden 

‘ranck vorgeschlagene Habitusebenengrenzflache ein Spezialfall des 

erwartenden Grenzflachentyps ist. Alle Ebenen in der Zone der 
sonderen die Zwillingsebene Grenzfliche 


DIE KRISTALLOGRAPHIE 
FORMATIONEN VON 


schneide l Sit I 


atoms during transformation. It has been shown 
that the total atomic 


described consistently by means of a homogeneous 


1. Introduction displacements can be 


In this paper the geometrical theory of marten- 
strain which is composed of an invariant-plane 
habit a small dilatation, 
inhomogeneous shear which pro- 
shape. 


site transformations which was developed in 


Parts I and IIf [1] will be applied to transforma- 


strain on the plane and 
followed by an 


further 


body-centred 
habit 


geo- 


tions from face-centred cubic to 


tetragonal lattices, and its predictions of duces no observable change in 


This shear can only be homogeneous within small 


volumes and it was proposed that within such 


planes, orientation relationships and other 


metrical features will be compared with the 


available experimental data for iron-carbon, iron- 
nickel and iron-nickel-carbon alloys. 

In I and II a phenomenological theory of the 
relations between the 
features of martensite tran 
This theory aims at 

displacements 


various crystallographic 
sformations was devel- 
the total 


martensite 


oped. describing 


atomic produced by 


transformations but not necessarily the motions of 


*Received September 5, 1953. 

tDivision of Tribophysics, 
Victoria, Australia. 

{These papers will be referred to as I and II. 


University of Melbourne, 
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shear in the final 
these conditions, 


volumes it is a part of a twinning 
lattice. It has been shown that 
together with a knowledge of the correspondence 
between the two lattices, their dimensions, and the 
twinning plane involved, is sufficient to determine 
the total strain in terms of a single parameter, 
6, and, that the resolution of this total 
strain the required 
types is uniquely determined. 

3, of the present paper the correspon- 
dence between the initial and and 
also the relevant twinning plane, are shown to be 


further 


into component strains of 


final lattices, 


Die in Teil I und IT entwi : - 
zu tetrag -raumzentriert in 
oraussage iber Habituseber Z 
tungen homovener Verzerruns 
\ be iberein. Somit ist die ) 
scherung in der Endstruktur d 
| Vil ] rezeigt dass lie \ n 
nach der vorstehende lheori 
invariant Richtung und im 
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the same for all the transformations considered. 
In these sections the experimental origins of this 
information are described and quantities which 
are required direct substitution the 
equations of the theory are derived. In §4 the 
parameter @ is introduced and substitution into 
the main equations of the general theory is carried 
out. To apply the theory to a particular transfor- 
mation it is necessary to find the appropriate 
value of @ by calculating the variation of the habit 
plane with @ and determining that value for which 
the predicted and observed habit planes agree. 
Of course the extent to which there is agreement 
between the observed and the theoretically pos- 
sible habit planes is a first test of the hypothesis 
that the inhomogeneous shear is a part of a twin- 
ning shear. The actual comparisons of predicted 
and observed habit planes are carried out in §5 
and the appropriate values of @ are determined for 


for into 


the various transformations. The remaining sec- 


tions of the are concerned with detailed 


analyses of individual transformations and show 


paper 


that the predictions of the theory are in substantial 
agreement with experiment. 

The notation used in this paper is the same as 
that used in I and II. 


2. The Correspondence and the Principal Axes 


Jaswon and Wheeler [2] have determined the 


correspondence between f.c.c. and b.c.t. lattices 
for those transformations in 
which produce the Kurdjumow-Sachs orientation 
relationship [3]. For the variant of this relationship 


iron-carbon alloys 


shown in Figure 1, their correspondence is 

(sCr) ={1 0 1 
0 1 0 


where the bases B and F define the 3d.c./. 


(2.1) 


and f.c.c. 
unit cells respectively; the corresponding metrics* 
are (B*GB) = (diag: a”, a”, y? a”) and (F*GF) - 
(diag: a?, a?, a®) where a’ and a are the respective 
lattice parameters and y is the axial ratio of the 
tetragonal cell. This correspondence was chosen 
by Jaswon and Wheeler because it ensures that 
the atomic displacements involved in the trans- 
formation are as small as possible. It has been 
shown [4; 2] that the arrangement of interstitial 
carbon atoms in iron-carbon martensite is precisely 
that expected from this correspondence. It has 
also been shown [5] that the same correspondence 


*The notation (diag: a, b, c) represents a square diagonal 


matrix with elements a, b, c in the leading diagonal, all other 


elements being zero. 
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results from a consideration of the analogous 


variants of all orientation relationships between 
Nishiyama [6] and Kurdjumow-Sachs, including 


that of Greninger and Troiano [7]. 


FIGURE 1. 
of the Kurdjumow-Sachs orienta 
in this paper. relevant twinni ine and twit! 
direction are a Che subscript ind B refer t 


f.c.c. and b.c.t. lattices respectively 


Stereographic pro 


nship ( ynsidered 


Che 
lso show n. 


The correspondence and the metrics of the two 


bases B and F determine the principal axes, and 
the associated principal strains of the total strain, 
the the 
results are easily obtained by inspection, for the 
mutually directions [101]p, [101]s, 
[010], the mutually orthogonal 
directions [100], [010],, [001],. The former set of 


as principal 


as described in II-§ 4. In present case 


orthogonal 


( orrespond to 


directions can therefore be chosen 


axes and the basis P, comprised of unit vectors in 


these directions (Figure 2) defined to be [I ; Pi] = 


FIGURE 2. Stereographic projection showing the orienta- 
tion of the bases P, J, L, K relative to the f.c.c. lattice. 
lhe invariant line and the invariant normal make angles a 


and 8 respectively with [001]p. 
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0, 1/+/2]r, [F; p2] = [1/V2, 0, —1/V2]e, 
[F; ps] = [0, 1, O]r. 
Thus, 


(PTF) = 2, 0, /2} = (FTP)’. 


The elements of the diagonal matrix M, represent- 
ing the strain referred to the basis P which extends 
the base vectors P to their final lengths without 
rotation, are simply the ratios of the final to the 
initial identity periods along the principal axes. 


Thus, 


M2? = (a’/a)? (diag: 


(2.3 


3. The Twinning Plane and Direction 


Greninger and Troiano [7] have observed 
twinned martensite plates in an iron-22% nickel- 
0.8% carbon alloy and have determined the 
indices of the twinning plane. Examination of 
their pole figure shows that the operative twinning 
plane is (112), for the variant being considered 
in this paper. 

That the twinning plane is the same for trans- 
formations which lead to the Kurdjumow-Sachs 
orientation relationship can be shown as follows. 
This orientation has the property that its variants 
The 
relating such a pair variants can be obtained by 
the 


are twin-related in pairs. twinning shear 


stereographic analysis [5] making use of 


correspondences for these variants. The relevant 
twinning plane is again found to be (112), and the 
associated twinning direction is [111],. This twin- 
ning direction is the same as that obtained from 
the shear, 


equation for twinning 


he general 
-( 


t 
I] 


), which gives 


(3.1) (BS™s) = | — f{1, 1, I](1, 1, 2), 


where f = (2 — y?)/2(7’ 

The intermediate basis I used in the general 
theory can now be determined explicitly. The 
is a unit vector parallel to the 
direction in the lattice from the 
twinning direction is generated. The base vector 
i;(= h) is a unit vector normal to the plane from 
which the twinning plane is generated, while i, 
is a unit vector perpendicular to both. Using the 
correspondence (2.1) it follows that the twinning 
direction [111], is generated from the direction 
(BCF)—[111], = [220], so that [F; i.] = [1/-/2, 
— 1/2, O],. Similarly, the twinning plane (112), 
is generated from the plane (112),(BCF) = (220), 


base vector io(=u 


initial which 
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so that [F; i;] = [1//2, 1/+/2, and [F; i,] = 
(0, 0, 1]y. These base vectors are shown in Figure 2. 
Finally, using (2.2) to transform the components 
of these base vectors to the basis P it follows that 
the transformation 


(3.2) (PT1) = 
1//2 
It should be noted that the twinning plane 
(112), is generated from a plane of symmetry 
(110) as required by the general theory, II-§ 7. 


4. The Invariant Line Strain 


The invariant line strain S that is obtained from 
the total strain S; by removing a suitable dilatation 
1/6, is calculated in II-§§6, 9 and is expressed 
ultimately in terms of the elements g,, of a matrix. 


(4.1) G = (1Tp) &M?(PT1). 


The dilatation 6 is the only unknown quantity in 
this equation, and is therefore the only adjustable 
parameter in the theory. However, 6 itself is not 
the most convenient parameter to use. Equation 
(2.3) shows that 62M? = 6°(a’/a)? Mo?, where Mo? = 
(diag: 2, 2, y?), which for a fixed y is independent 
of the sizes of the initial and the final cells. Thus, 
if a new parameter @ is defined by the relation 


(4.2) 6 = 6(a’/a) 


all transformations with the same y can be treated 
simultaneously for they differ only with respect 
to the value of @. In terms of the parameter 6 


2, 0 


(4.3) G = (g,,.) = 0 (0,1+ 7° 


In II it was shown that the matrix representing 
the invariant line strain S has a simple form when 
referred to a basis L, such that 1, is parallel to the 
invariant line. The base vectors 1), 1., 1; are shown 
in Figure 2. The transformation 


cos a,— sina, 0 


(4.6) (1TL) = 


sina, cosa,Q ], 


0 , 0 ,1 


996 
2.2) 
0 
2, 7’). 
2,1-y7/2], 
0,1 — 7'/2,14+7'/2 
(4.4 
9 > 9 9 
G = (27s) (2+ ly’, (y — 2) 
0, (y° — 2)/4y°, (2 + y’)/47° 
and 
— 
( 
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where a(|a| < 90°) is the angle between 1, and 
[001] = i:, and is determined by equation II- 
(6.10). On substituting the g,, given in (4.3) into 
this equation it is found that 


9 


(1 — — 


(4.7) cosa 


(4.8) sina = (20° — 1)'/a(1 — 

giving two values of a which are merely opposite 
in sign. It should be noted that these equations 
only determine real values of a provided 1/+/2 < 
6<1/(1+ thus imposing limits on the 
possible values of #; the minimum and maximum 
values of @ correspond to a = 0° and 90° respec- 


tively. 
The matrix representing S referred to the basis 
L is given by II-(8.7), (6.18) 
(4.9) (LSL) = 
l, (gee — £11) COS sin a, 
QO, gZ33 COS w ; 


* 
0, sin w 
£23 sina 


* 
cos cos w + sin w) 


* * 
geo: cos a sin w + cos w) /g33 


where w is the angle between the initial and final 
positions of the twinning plane and is found 


from II-(8.5) to be 


(4.10) cos w = (20y + 1 + y?/2)/(1 + Oy)(2+y*)!, 


giving two values of w, opposite in sign. It should 
be noted that cos w must be positive since the 
criterion for selecting the correspondence ensures 
that the total strain is as small as possible: if cos w 
were negative the twinning plane would have to be 
rotated by more than 90° by the transformation. 
Considerations such as this that all the 
square roots must be taken positively unless the 


show 


contrary is stated. 

The two values of a taken together with the two 
for w determine four possible invariant line strains, 
all of which the principal axes and 
associated principal strains, the 
plane is generated from the same plane (110)r 
in all four cases. The solution obtained by taking 
a and w both positive, say, will be referred to as 
the (a+, w+)-solution and so on. In II-§ 8, it was 
shown that the (a+, w—)-solution refers to the 
twin of that variant of the (a+, w+)-solution 
which is obtained by a rotation of 180° about the 
normal to the (110)y symmetry plane. The (a—, 
w—)- and the (a—, w+)-solutions are related in 


have same 


and twinning 
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the same way. In general, the (a+, w+)- and 
(a—, w+)-solutions are distinct, but in the present 
they are variants related by a rotation 
through 180° the the (001), 
symmetry plane. The other pair are, of course, 


related in the same way. Examination of Figure 2 


case 


about normal to 


shows that this symmetry operation leaves the 
principal axes, principal strains and the plane 
(110); invariant* while it changes 1,(a+) into 
1,(a—). This result can be demonstrated formally 
by showing that the (a—, w+)-solution, when 
referred to the variant of its L basis, is identical 
with the (a+, w+)-solution. 

The factorization of S can now be carried out 
making use of the relations given in II-§ 9. In 
the present class of transformations certain simpli- 
fications the be given 
geometrical interpretations which are sometimes 


arise and formulae can 


useful. For the (a+, w+)-solution, unit vectors 
along the normal to the habit plane and in the 
the invariant 


direction of the displacement in 


plane strain are given by 
(p; L) (0, —1, cos B),/(1 + cos B)’, 


(sina, —cosa,cos8),; /(1+cos’B 


= [0, cosa, —1]}x/(1 + cos*a)!, 
= [sin 8, cos a, —cos (] +cos 


introduced at the end of 


between [100]; and the 


where K is the basis 
II-§6 and 8, the angle 


invariant normal of S, is given by II-(6.11) 


sin B = /2y7(20? 


(4.13) 


It follows from (4.11) that for constant 8 the habit 
plane is a fixed plane in the L-basis. Since the 
L-basis only varies by a [110], 
the normal to the habit plane varies in the same 


rotation about 


way for constant 8. Similarly for constant a the 
direction only varies by a rotation about [110]r. 
Further, the magnitude m (I-§5) of the invariant 


plane strain reduces to 


(4.14) m = »/20(1 — 6y), 


while the fraction k of the twinning shear involved 
in the complementary strain is given by 


(4.15) 1+2k =cosacosB. 


*Since [001] is a line of symmetry in the initial position of 
the twinning plane (110), these facts show that the two 
possible values of a can differ only in sign. 


[k; d] 
1.12) , 
[1; d] 


ALLUR 


5. The Habit Plane 


II-(9.3 
basis L is of the 


It was shown in 


referred to the form 


£33 COS 


On substituting for w and g33 


this becomes 


(5.1) (0, sgn w (1 — y?/2)?, — [1—y?(462—1)/2]?) x. 


The habit plane can now be referred to the basis F 
using the transformation 
(FTL) = 


sin a COS @ 
—sin 2; 


COS @ 


The variation of the habit plane with @ for y = 1, 
i.e., for body-centred cubic structures, is shown 


in Figure 3 for all four solutions, and the relation- 


1 ] rl 
SOiUTIONS 1S Ciea 


described 
es are crys- 
necessary to 
projec tion in 
ibit pl i! 


: 
Accordingly 


es with 
vy, in 
plane with 6 

- w+)-solution. 

those 
been 


1 also shows the corresponding 


alloys for which 
determined are given in 


7 
Vaiues 
experimental 


al d a’ work, 


with one exception [7] only the general indices 


of the habit been determined. In 


7 
plane have 


that the habit plane 


(O, sin w, 
* 


GICA, 


FIGI RI projection show ig the variation 


» habit plane 


Stereographic 
with 6 and + 


Figures 5, 6, 7, where the measured habit planes 
are compared with the theory, the experimental 
habit plotted in the 
graphic triangle containing the predicted curves. 


planes have been stereo- 
It will be shown in the next section that Greninger 
and Troiano’s habit plane does indeed lie in this 
triangle. 

It 


experimental results are in 


that the 


general agreement with 


evident from these diagrams 
the theory. The observed habit planes lie close to 
the calculated curves for the relevant y, and the 
pre dicted lateral shift of the habit plane curves as 
Yy increases is in good agreement with observation 


(Figure 5 


The exact location of a habit plane on a particu- 
lar curve is determined by the value of the para- 
Although the exact 


are not known, they must be close to unity (I-§4). 


; 


meter 0 = 6a’/a. values of 6 


Thus, by regarding @ as equal to a’/a, a crude 


comparison of the predicted with the observed 
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effects of varying @ can be made. The theory then PABLE I 
predicts that a’/a decreases either as y increases 
or as the habit plane is displaced along a curve 
towards (010)y. Examination of the data in 
Table I shows that a’/a always decreases as y 


OOO 
increases. Furthermore, in those transformations Y 041 

063 


for which y = 1 (Fig. 7) and also in those for which 
y = 1.041, 1.045 (Fig. 6) the habit plane moves in 


080 


Ni 000 12 it al 
Sully (9]; Bradley, 
32.5% N 000 0.645 JayandTaylor{10); 

Jette Foote 


s Robert l marl l the « sting data 
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lilfering 


FIGURE 6 ifficult to estin 
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0 


FIGURE 7 Com] 


habit planes for trai 
30.0% and 32.5% 


Machlin and Cohen 


the predicted direction as a’/a varies. Thus, the 


theory accounts for the general trends of habit 


plane variation. Quantitative agreement is achieved 
by evaluating the adjustable parameter 6. 

The values of 6? which lead to the best agreement 
with the experimental habit planes have been 
estimated for each transformation, and are given  t1 
in Table I, together with the values of 6 derived tat 
therefrom. The values of 6 are all within 1.5% of 
6. Greninger and Troiano’s 


unity, in agreement with the observational evi- 2 wage , : 
(259)-Transformation 


dence that any dilatation of the habit plane could 
not exceed a few per cent. (I-$4). 
The feature of the experimental data that seems 
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ger and Troiano [7] of the transformation in 
Fe-0.8% C-22% Ni. They determined the habit 
plane and orientation relationship for a particular 
variant and also the direction of the homogeneous 
strain, assuming this strain to be a simple shear 
on the habit plane. The predictions of the theory 
for this transformation will now be compared with 
their observations. 

It is clear from Figure 6 that the predicted and 
experimental habit planes are in good agreement 
for y = 1.045, if & = 0.63. Of the four possible 
strain matrices which can now be obtained using 
these values it is only necessary to consider any 
two which characterise a parent and a variant 
of its twin; the other two solutions are just real 
variants of these. A suitable pair is the (a+, w+)- 
and the (a+, w—)-solutions, and of these it is 
the (a+, w+)-solution which leads to agreement 
with Greninger and Troiano’s orientation relation- 
ship. For this transformation a = 72° 26.87’ and 
w = 4° 57.30’ and the (a+, w+)-solution* is 


1, — 0.082238, 0.272696 
(LSL) = {| 0, 1.103662, 0.016254 
0, 0.095683, 0.948345 


(6.1) 


while the transformation (FTL) is obtained from 
equation (5.2) with sin a = 0.953443 and cos a = 
0.301574. 

The relative orientation of the two.lattices can 
now be found very simply, for the indices, relative 
to the basis F, of any direction [uv w], are (FSF) 
(FCB)[u vw], while a plane has indices 
(hkl),(BCF)(FSF)— relative to F. In Table II the 


TABLE II 


COMPARISON OF PREDICTED AND MEASURED ORIENTATION 
RELATIONSHIPS IN FE-22% N1-0.8% C. 


Corresponding Measured Predicted 
directions 

(110]p—[111], 

(111)p—(101) 


about 1° 


predicted angles between various corresponding 
directions and planes are compared with those 
measured by Greninger and Troiano [7; Figs. 3 and 
6]. It is evident that the two sets of angles are in 
very good agreement. The greatest discrepancy 


*The six-figure accuracy is needed to obtain self-consistent 
numerical results. 
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(0.8°) is in the angle between (111) and (101), 
but this is of doubtful significance since it is not 
indicated in Greninger and Troiano’s paper whether 
the angle was measured directly or obtained by 
graphical construction. Since a gnomonic projec- 
tion was used the latter possibility seems the more 
likely, and in this case the discrepancy is not 
surprising. Notwithstanding its magnitude, the 
predicted displacement of the (101),-pole from the 
(111),-pole is, as far as can be judged, in the 
observed direction. The other three angles appear 
to have been rounded off and the values given are, 
in fact, inconsistent with a tetragonal structure 
with y = 1.045. (The results imply an angle of 
not more than 69.0° between [111], and [111], 
whereas the correct angle is 69.3°). Thus, the small 
discrepancies in these three angles may be even 
further reduced, and three 
define the fourth, the estimate of 1° may need 


since these angles 
some amendment. 

For this transformation the theory not only 
predicts the observed orientation relationship but 
also the observed orientation of the habit plane 
relative to both lattices. It is readily demonstrated 
that a pole figure showing the austenite axes, the 
predicted martensite axes and habit plane, can be 
rotated with the pole figure 
determined by Greninger and Troiano [7; Fig. 6]. 
The theory, therefore, predicts the correct habit 
plane: not merely a plane of the correct form. 

The orientation relationship derived from the 
(a+, w—)-solution is simply a variant of the 
(112),-twin of the just considered. 
Greninger and Troiano have observed twins on 
this plane so that all orientations predicted by the 
the reported 


into coincidence 


orientation 


theory actually However, 
orientation is produced in preference to its twin. 
A rational explanation of this observation becomes 
apparent on carrying out the factorization into 
component strains of both the (a+, w+)- and the 
(a+, w—)-solutions. The homogeneous strains are, 
of course, variants of the same strain, while the 
inhomogeneous strains differ with respect to the 
fraction of the twinning shear involved. It is found 
[II-(9.8)] that 0.4077 of the twinning shear is 
involved in the (a+, w+)-solution, while the other 
solution involves the fraction 0.5923. It is reason- 
able to suppose that the twin orientation is less 
favoured because of the larger fraction of the 
twinning shear that is involved in its formation. 

The only experimental data which remain to be 
considered concern the magnitude and direction 
of the homogeneous strain. According to the theory 


occur. 
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(II-§9) this strain is represented when referred to 
the basis F by the matrix 

(6.2) (FpiF) = | + m dp’, 

where 

(6.3) —d = (0.21017, 0.61850, — 0.75715], 
(6.4) p’ = (0.18726, 0.55102, 0.81321)», 


represent unit vectors parallel to the direction of 
the strain and the normal to the habit plane 
respectively, and 

(6.5) m = 0.19144, 


is the magnitude (I-§5) of this strain. 

In their analysis of this strain, Greninger and 
Troiano assumed it to be a simple shear on the 
habit plane, and determined the shear direction 
as the intersection of the habit plane with a plane 
defined by direction of a specimen edge before and 
after transformation. If the theory is correct all 
such planes should intersect along the predicted 
direction (6.3). The observed scatter of Greninger 
and Troiano’s shear direction is just that expected, 
provided all specimen edges studied were within 
about 60° of the normal to the habit plane. The 
direction of their trial shear ‘‘A”’ is about 1° from 


the projection of the predicted direction on the 
habit plane. The measured angles of shear range 


from 8° to 14° with a mean of about 11° which 


compares favourably with the prediction that the 
direction normal to the habit plane rotates by 


11.0°. Thus, the theory is not inconsistent with 
these observations. 


7. Machlin and Cohen’s (259)-Transformation 


Machlin and Cohen’s [14] analysis of the trans- 
formation in Fe-30% Ni is the 
measurement of the homogeneous strain accom- 
panying the transformation. The predictions of the 


most recent 


theory for this case are summarized below using 
y = land & = 0.647. 

The invariant line strain for a and w positive 
now becomes 


1, — 0.093129, 0.308397 
(LSL) = | 0, 1.114712, 0.016826 |, 
0, 0.115080, 0.935472 


(7.1) 


and cos a = 0.301977. The angle between [110], 
and [lll]p is now 3.1°, while the angle between 
(111), and (101), is 24’. This orientation relation- 
ship is about 3° nearer the Nishiyama relationship 
than the previous one (§6). No precision deter- 
mination of the orientation relationship has been 
made but the predicted orientation does lie within 
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the the pole 


figure method [6; 15]. 


the scatter of results obtained by 


The homogeneous strain is given by an expression 
the form (6.2) where 


p = (0.20226, 0.56166, 0.80227 Fy» 


(0.23008, 0.63891, — 0.73407]p, 


= ().22254. 


the 


estimate 


while the inhomogeneous shear is 0.4031 of 
Machlin 
that the homogeneous strain has a shear compo- 


twinning shear. and Cohen 
nent of 0.20 and a component normal to the habit 
plane of 0.05; the corresponding values predicted 
by the theory are 0.219 and 0.041. 

In comparing the predicted direction (7.2) with 


Machlin 


remembered that they were only able to measure 


and Cohen’s observations, it must be 


the projection of the direction on the (111) ,-plane. 
In Figure 8, their measured direction is compared 


s Mochlin & Cohen's mean result 


/ Range of individual results 


(001), 


FIGURE 8. 
variation (for Y= l 
strain. The projection of this direction on the 
is compared with Machlin and Cohen's results. 


Stereographic projection showing the predicted 
of the direction of the homogeneous 
111)p-plane 


with the projection of the predicted direction on 
this plane. The direction given by Machlin and 
of all their Since the 
scatter of their individual measurements is con- 
the their 
agreement 


Cohen is a mean results. 


servatively estimated, from data in 
Table [*. to be +10° the 
theory and experiment is reasonable. The predicted 
° out of the (111),-plane which 
the Machlin 
and Cohen’s paper [16]. 

The scatter of the habit planes determined by 


between 


direction is about 5 


is consistent with errors stated in 


Machlin and Cohen (Fig. 7) corresponds to the 
range of 6 from 0.64 to 0.66. The use of the value 


1, 0] 


*The projection of d on the (111)p-plane is [f;, 
referred to axes in the directions [112]p, [110]p, [11 1]p. 


hi 
(73) 
. 
> [772] 
» 
Po 
Pix } 
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6? = 0.647 in the above comparisons is not of 
particular significance because the corresponding 
range of predicted directions lies almost entirely 

the experimental results 
- of the habit planes is real, 
to make measurements on 
tensite plates and then, perhaps, it 
le to distinguish between the present 
those for which the complementary 

he twinning plane or in 


1 


ling direction. 


8. The (225)-Transformations 

In iron 
carbon the habit planes all contain a close-packed 
110)». 0.9° the habit 


t} 
In tne 


-carbon alloys containing less than 1.4% 


a1 
lirection Above >-carbon 


f (225 Fig. 5), 


vicinity of (225), (see 
as the carbon content is lowered below 0.90, 
martensite plates degenerate first into laths 
1d then into needles. Although the habit planes 
lave not been determined in these cases the long 
110), 


theory to 


axes of directions. 


the crystals are in 


Accordingly in applying the these 
is taken to have its maximum 
Thus, a = 90° and the 
parallel to the twinning direction [110]- or [111]s. 
1.10) for (LS! 


ind it can readily be shown that the 


transiormations @ 


1 


value. invariant line is 


Equation now simplifies somewhat 
and (a+, w—)-solutions represent the same strain; 


similarly 


, for the other pair. Remembering the 
relations between solutions described in section 4, 
that the 


Hence, this group of transformations is a 


it follows variants are twin related in 


pairs. 


degenerate case 


of the general theory. 
] 


and [111], are now always parallel, 


the orientation relationships can be described 


conveniently by the angle y between the planes 


(111); 101) p. 
pole (101), moves from 


The angle wW increases as the 


(111) (001) 


and 
towards 
and is given by 


(8. ] 


where w is the angle (equation (4.11)) between 
(110) (112)p, (101), 
and (112),, and 7 the angle between (111), and 


(110). Thus, 


and — the angle between 


sin w ‘Qy] 


\ ‘ 2\2 
V3 | 


and the calculated variation of y with y 
in Figure 9. The predicted orientation relationship 
1 and 


sin 


sinyn = | 


is shown 


is exactly that of Kurdjumow-Sachs for y = 
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never differs from it by more than about 15’. 
This is in agreement with the pole figure determina- 
tions of Kurdjumow-Sachs [3] and of Wassermann 
(17 


106 
Y 


FiGURE 9. Comparison of the predictions of the present 
theory with that of Frank. # is the angle between the habt 
plane and (111), and y the angle between the planes (111)¢ 
ina 101 B- 


The homogeneous strain is given by an expression 


of the form (6.2) where 


—d 
(112],, for 


A 


V27 
The inhomogeneous shear is always one-half of 
the twinning shear. It follows that twin orienta- 
tions with same habit plane are produced equiva- 
lently and are therefore variants as stated above. 

The above predictions for this special case are 
exactly the same as those obtained by Bowles [5] 
but differ somewhat from those of Frank [18]. 
Frank suggested that the habit plane is determined 
by the condition that the close-packed 
(111), (101), meet edge to edge in the habit 


planes 


plane. This is automatically true in the present 
theory provided that the (111),-plane intersects 
the habit plane (and the twinning plane) along 
the invariant line [110]. This condition is satisfied 
in the present case (a2 = 90°) but will not always 
hold, so that Frank’s theory cannot be extended 
to more general cases. 

The predictions of the two theories are compared 


28s 20’ 
orese 
+* xe - ~~ lie r 10° 
2 Se fan, 
~ 
9 
n¥ 
7 
c 
“100 «1:02 108 HHO 
8.0 an “Yir/V “\4 
Since 
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in Figure 9. The angle y (equation (8.1)) between 
the planes (111), and (101), is defined in the same 
way as in Frank’s paper, while his angle ¢ between 
(111), and the normal to the habit plane is here 
denoted by ® and, on the present theory, is 
given by 


(8.6) cos = 


The curves labelled ‘‘Frank’’ have been computed 
from the equations in §-7 of Frank’s paper using 
the The 
habit planes so predicted are clearly incompatible 
with the 
Frank has suggested that before applying the theory 
should be 


uncorrected parameters given therein. 


observation. To improve agreement 


the experimental lattice 


adjusted so that the atoms in the [110]», [111], 


parameters 


rows match. One way of doing this is to change all 
the parameters of one structure by the 
factor; this is the introduction 
of the dilatation 6 in the present theory. When 


same 


equivalent to 


this is done the two theories give the same result. 
Frank employed a different method of correction 
but the the 
wrong sense for his procedure leads to even worse 


apparently applied correction in 
agreement with observation. 

In the development of his theory Frank has 
taken as clues the parallelism of the close-packed 
directions [110]y, [111], and the close parallelism 
(111)y, (101),. He 


envisages a simple type of interface in which these 


of the close-packed planes 
planes meet edge to edge along these directions. 
In the development of the the 
authors have argued (Part I) that twinning is of 
fundamental The 
(112), is generated from (110), and since, in the 


present theory 


significance. twinning plane 


present theory, these planes always intersect 


along the invariant line they necessarily meet edge 
to edge in the interface in all cases. The agreement 
between the two theories for (225) »-transformations 
stems from the coincidence that in these trans- 
formations the invariant line is [110], which also 


lies in the plane (111)r. 
9. Discussion 


The general conclusion to be drawn from the 


preceding analysis of specific transformations is 


that the theory is in substantial agreement with 
this 
data is inadequate To 
distinguish between the present hypothesis and 
the alternative ones where the complementary 
shear is either on the twinning plane or in the 
properties 


the available experimental data, although 


for a conclusive test. 


twinning direction, measurements of 


MARTENSITE 


TRANSFORMATIONS III 233 


as the habit plane, orientation relationship, 
the 


strain, will have to be made on individual marten- 


such 


direction and magnitude of homogeneous 
site plates. 

The present hypothesis provides a description 
of the overall atomic displacements produced by a 
transformation, which is certainly very nearly 
correct. If it is correct, the problem of finding 
for 
is reduced to discovering those 


ible 


would 


suitable mechanisms these transformations 


which are compat- 
any such mechanism 


the 


with the hypothesis; 


automatically be consistent with all 


geometrical properties of the transformations. 


It seems almost certain that a satisfactory mech- 


anism will involve the motion of dislocations and 


dislocations will be 


the 


the theory suggests that thes« 


related in some way to twinning in final 

structure. 
The theory 

6, which has 


habit plane. It 


adjust ible 
the 
asked what physical or 


contains one 


parameter, 


been estimated from observed 


may be 


geometrical requirement determines its value. 


If the requirement were purely geometrical, it 


might be hoped that its nature would emerge 


from a study of the transformations as a whole. 
Although this has not proved to be the case, an 
of the 


transformations has been noticed and mav be of 


interesting feature iron-carbon group of 
some significance. 

The habit planes observed in iron-carbon alloys 
are plotted in Figure 


of the 


containing 0—1.78% carbon 
10, together with the predicted variation 
cos 8 = 1/1/23 
latitude 


habit plane, for B = 54° 44’ 


8 = 56° 20’.* Along these circles 


figure 5, together with the lines 
+4’ and 56 20) 


FicureE 10. The 
ilong which 8 takes the values 54 


Same as 


*For a = 90°, tan (54° 44’ — ©) = cos 8B, 
values of 8 correspond to habit planes 30 
001)» respectively. 


and then these 


and 29° from 


+ 
dD), ind 
the 
[001], 
a 
\.04 
4 ) 
7 
A 
40% 
35% 
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angle y between the close-packed planes is zero 


and approximately 7’ respectively. Although the 
data is inadequate, it is in agreement with a 
requirement that as the carbon content increases 
thereafter remains 


y increases to about 7 
approximately constant. As y increases the trans- 
formations can be of the (225)y-type until y 
reaches 7’; thereafter, the habit plane would move 
rapidly out into the centre of the triangle along 
the line 8 = 56° 20’, for the lines y = const. 
cross the lines 8 = const. at a small angle. Such a 
rapid change of habit plane with y could account 
for the reported discontinuous variation of the 
habit plane at 1.4% carbon [19]. 

Another feature of interest is that the latitude 
circle corresponding to cos 6 = 1/+/3 and y = 0, 
passes through (011). If this latitude circle has 
any particular significance one might expect 
that a transformation with y about +/2 would 
have a habit plane in the neighbourhood of (011),. 
This is the case for transformations such as In-T] 
[20; 21] or Cu-Mn [22]. These transformations are 
special cases of the present class. 


and 
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SPONTANEOUS DEFORMATION OF AUSTENITE 


DURING 


MARTENSITIC TRANSFORMATIONS* 


B. EDMONDSON} and T. KOt+ 


Metallographic examination has shown that plastic deformation takes place in austenite durii 


martensitic transformations occurring in a 34 per cent Ni iron a 
rhere is a permanent distortion remaining after a 
distortion is shown to have an important effect on the subsequent formation « 
in austenite have also been observed in 18 per cent Ni 1 per cent C and 5 per 
steels. The effects of spontaneous deformation on the kinetics of martensitic 


discussed. 


LA DEFORMATION SPONTANEE DI 


L’AUSTENITE 


lloy during both heating and cooli 


ll the martensite has reverted to austenite 


f martensite. Slip lines 
cent Ni 1 5 per cent & 
transformation are 


LORS DES TRANSFORMATIONS 


MARTENSITIQUES 


Un examen métallographique a permis de constater que l’austenite est déformée plastiquement 


lors des transformations martensitiques dans un alliage Fe-Ni a 34% de Ni, aussi bier 


1u chauffage 


qu’au refroidissement. Une distortion permanente persiste aprés la transformation de toute la mar- 
tensite en austenite. I] est montré que cette distortion joue un réle important dans la formation 


ultérieure de martensite. Des lignes de glissement furent aussi observées dans des acie1 
~ de C. On discute les effets de la déformation spontanée sur 


1% de C et a 5% de Ni 1,5° 
des transformations martensitiques. 


rs a 18° 


o de Ni 


la cinétique 


DIE SPONTANE VERFORMUNG VON AUSTENIT WAHREND MARTENSITARTIGER 
UMWANDLUNGEN 


Metallographische Untersuchungen einer 34% Ni-Eisenlegierung haben gezeigt, das 


s wahrend der 


Martensittransformationen sowohl beim Erwiarmen als auch beim Kiihlen plastische Verformungen 
im Austenit auftreten. Selbst nachdem aller Martensit in Austenit zuriickverwandelt worden war, 
verblieb eine permanente Verzerrung. Es wird gezeigt, dass diese Verzerrung einen wesentlichen 


Einfluss auf die kiinftige Martensitbildung hat. In 18% 
wurden ebenfalls Gleitlinien im Austenit beobachtet 


und 5% Ni, 1.5% C Stahlen 


Ni, 1% C 
Verformung auf 


Die Einfliisse der spontanen 


die Kinetik der Martensittransformationen werden erdrtert. 


1. Introduction 


Despite the considerable interest shown recently 
in martensitic transformations, complete under- 
standing of their mechanism and kinetics has not 
yet been attained. One of the most important 
problems yet to be solved concerns the factors 
which determine the amount of martensite forming 
under given conditions. The phenomena which 
must be explained are: 

(i) The athermal nature of the transforma- 
tion usually observed. 
(ii) The isothermal formation of martensite 
in certain alloys. 
The stabilization and conditioning of the 
high temperature phase with respect to 


(ili) 


further transformation. 

The effect of externally applied deforma- 
tion. 

(v) The temperature hysteresis between the 


(iv) 


transformations occuring during cooling 
and heating in most reversible marten- 
sitic transformations. 
Most theories [1; 2; 3] have attempted to solve 
the problem from the standpoint of nucleation and 


*Received October 9, 1953. iad 
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suggest that the factor controlling the amount of 
martensite obtained is the availability of marten- 
site nuclei for transformation. The effects of exter- 
nal variables (temperature, stress, ageing, etc.), it is 
suggested, are due to changes in the availability of 
these nuclei as a result of the variation of these 
external factors. 

Recently, the suggestion has been made that one 
of the important factors determining the amount of 
martensite at a given temperature is the resistance 
of the parent phase to the growth of the nuclei of 
the new phase. According to this view, the rapid 

the 
hindered by 


movement of coherent austenite-martensite 


interfaces is imperfections such as 
dislocations, lattice defects, or aggregates of solute 
atoms, and some driving force must be provided to 
overcome these obstacles before the growth of the 
martensite can proceed. The interaction of such 
imperfections with the interfaces will be quite 
different from that during a slow transformation, 
even in the case of a slow shear transformation 
such as the formation of bainite [4; 5], when there 
is time for thermal agitation to play a part. This 


view has been applied by Morgan and Ko 


[6] to 
explain the phenomenon of thermal stabilization of 
austenite. 

The ‘growth-resistance of austenite’ hypothesis 


of athermal formation of martensite considers that, 


the 
if 
+ 
= 
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when a martensite plate forms, more imperfections 


T 
i 


are generated in the surrounding austenite by 


plastic deformation 


to the vofumetric and 


‘ar strains; the tion of martensite from 


is deformed thus rendered more 


ficult and a force is required 


before the austenite transform further. This 


extra driving force can be provided by further 


ooling of the austenite. 
= 
Recently, Geisler 7| has postt lated that the 


be ‘esult of such plastic deformation, which h«¢ 


planes of martensite observed may 


uld be called spontaneous deforma- 
tion. 


Befor owth-resistance’ hypothesis can be 


is necessary to demonstrat 


plausible, it 


plastic 


onclusively that a reasonable amount of 


formation of austenite accompanies the forma 
tion of martensite and that the deformation has an 


Che 


present work consists of a metallographic examina- 


efiect on the subsequent transformation. 


n directed towards this end. 


2. Experimental 


kel alloy containing 34 per cent Ni 


vacuum-melting electrolytic iron and 
rbonyl nickel, W 


The 


effect of any deformation on subsequent re-trans- 


iS l sed, since: 


transformation is reversible and the 


formation could be studied. 
ii) As 


below room temperature, 


the cooling transformation takes place 


and most of the 


heating 
transformation above it, the examination of relief 
effects after transformation could conveniently be 
made. 

deformation 


iii) Some _indic: 1 of plastic 


during transformation in a similar allov has been 
bserved [8]. 
1220°C 


and water-quenched to room tem- 


Specimens were austenitized tm vacuo at 
for one week, 
perature. They were then electrolytically polished 
ind partly transformed by quenching to various 
temperatures down to —189°C. Dilatometric 
measurements indicated that the cooling transfor- 
mation took place mainly below —60°C and the 
about 


reverse transformation during heating at 


0°C. There was some inhomogeneity in the alloy 


which was not removed completely after long 
innealing, and the temperature difference observed 
between M, during cooling and that during heating 
may not be the true hysteresis in a uniform 34 per 
cent Ni iron alloy. To accomplish the reverse 
transformation, the specimens were rapidly heated 


in vacuo to 450°C. 
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The observations and the conclusions reached 
are not in any way affected by the presence of 
heterogeneity in the material, because important 
and critical observations were normally made on 
the same locations in a specimen. 


2.1 


Spontaneous Deformation of Austenite 


The specimen surface after partial transforma- 


tion to martensite is illustrated in Figures 1 to 5. 
Sets of fine lines outlining crystallographic direc- 
tions were observable on the surface. Stereographic 
nalyses showed that, within the experimental 
lay in {111} 


These lines when 


they planes of the austenite. 


scatter, 


resolvable appeared in clusters 


ind formed steps on the surface (Figures 1 and 2). 
These fine lines were not observed in the regions 


of austenite remote from any martensite. It is 


certain therefore thay they were slip lines formed 


during the formation of martensite and that their 
ippearance was a direct result of the transforma- 
tion and not caused by stresses set up on quenching. 
When these lines were intersected by a marten- 
site plate, they were always bent at the austenite- 
martensite interface. Evidently the slip lines were 
already present, produced by previous transforma- 
tion, when the intersecting martensite plate formed 
ind were bent by the shear associated with the 
transformation in the same way that scratches on 
the surface are distorted (see for example, [9]). 
Slip lines were also observed in an 1.0 per cent C 
18 per cent Ni steel, though on a much finer scale. 
They were not observable on the surface of a 1.5 
per cent C 5 per cent Ni alloy, but could be 
revealed within the specimen by tempering, during 
which precipitation of carbide presumably took 
place along the slip lines (Figure 6). The deforma- 
tion in the region shown in this photograph was so 
the 


heavily distorted. It has also been observed that 


severe that fine martensite needles were 


martensite plates are broken up into several 
portions in regions where plastic deformation is 
severe. 

When a partly martensitic specimen, untouched 
100°C, the 


reverse transformation was complete and all the 


after transformation, was heated to 
martensite was removed. The surface, however, 
remained distorted. Three phenomena were ob- 
with and 
Figure 5 with Figure 8): (i) The number of slip 


served (compare Figure 3 Figure 7, 
lines in the austenite increased; (ii) there was a 
residual tilting of the areas formerly occupied by 
the martensite; and (iii) these areas were rippled 
(Figure 9). 


Figure 3 also shows a martensite plate which 


= = 

considered 
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1200 
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contained several twins. The surface tilt due t: 


twinning of the martensite was clearly seen and 


was retained after the reverse transformation was 
carried out (Figure 7 


Deformation by slipping in the austenite during 


reverse transformation was also demonstrated by 


reheating a specimen, which had been polished 


after sub-zero quenching, thus removing the surface 


distortion and slip lines due to the first cooling 


transformation. The plastic deformation in the 


untransformed austenite during reverse transfor- 


mation was not so extensive as during cooling, as 


considerable deformation took place in the regions 


which had been martensitic before the reverse 


transformation set in. This concentration of plastic 


deformation in the transforming regions was 


probably due to the restriction of slipping within 


them by their permanent tilting, and by the 


previous hardening of the untransformed surround 
ing austenite. 

Scheil [10] has reported the appearance of defor 
a polished 


the surface of 


Figure 31, p. 35). He suggested 


mation markings on 
specimen (loc. cit. 
that they were slip lines in the austenite associated 
with the formation of martensite underneath the 
surface. This explanation is doubtful, and com- 
parison of his photograph with Figure 8 clearly 
shows that the markings in Scheil’s photograph 
were very similar to the residual deformation after 
reverse transformation in the regions which were 
formerly martensitic. Presumably reverse transfor- 
mation had begun in his specimen between quench- 
ing and examination. This had happened in the 
specimen shown in Figure 5. 

The residual deformation after reverse transfor- 
mation in the austenite regions formerly occupied 
by martensite could be revealed by heavily etching 
a polished specimen after one complete cycle of 
cooling and heating. Figure 10 shows the ghost 
structure of the martensitic regions, which appeared 
very differently from the true martensite plates 
present. The heavy residual deformation was also 
demonstrated by recrystallization in these regions 
when the specimen was annealed at higher tem- 
peratures after the reverse transformation had been 


carried out (Figure 11 


2.2 Effects of Spontaneous Deformation on the Sub- 
sequent Transformation 

If the spontaneous deformation has an effect on 
the subsequent formation of martensite, it may be 
expected that: 

(i) The appearance of martensite plates formed 
from the imperfect austenite may be different from 


SPONTANEOUS 


DEFORMATION 


that of plates formed from a virgin austenite, and 


(ii) The amount of martensite at a give 


should be less in specimen whicl 
been subjected to cooling and heating tr 

tion cycles, unless recovery sets in during 

30 as to cause ‘conditioning.’ 


Both of these effects have been observed 


and 13 show the martensite form 


» which had bee: Sul ie ted to ne mplete 
le of transformation before quenching. Compared 
the martensite formed from virgin austenite 


ure 14 


were Ir: 


the martensite plates from 


1+] 


ig 
ustenite 10ough the 


was maintai 


ition of mart 


16 shows the surf 


after re-transformati 


men 
polishing. It is obvious the new martensit 
plates did not form during the second cooling in the 
Same pl ices as the first ven ‘ration of plates. ‘his 


is very different from the thermoelastic martensite 
Khandros [11] in a 


observed by Kurdjumov and 


CuAINi alloy, 


1 


tion is probably 


in which the martensite transforma 
accompanied by little spontaneous 
deformation. 


spontaneous deforma 


The cumulative effect of 


tion in depressing the martensitic transformation 


has also been observed. It was found that afte: 


15 cycles of cooling and heating between —189 
150°C, 


sequently cooling the specimen to — 189% 


no transformation took place on sub 
This 


ipplied 


and 
could also be accomplished by externally 


plastic deformation. 


3. Discussion 


present investigation has shown that 
Ni iron alloy 
i) Plastic deformation takes place d 


] } 


maimmiy Dy 


cent 


slipping in the 


formation of martensite, 
austenite. Slip lines in austenite have also been 


observed in 1 per cent C 18 per cent Ni and 1.5 per 


ee per cent Ni steels. 


ii) Plastic deformation also occurs during the 


austen 


reverse transformation from martensite to 
ite during heating. This occurs mainly by deforma- 
tion in the regions originally occupied by marten- 


site, although some slipping also occurs in the 


untransformed austenite. The residual deformation 


in austenite after a complete cycle of cooling and 
therefore, of 


heating transformations consists, 


slipping in austenite, (b) severe deformation in 


regions transformed to martensite during 


i 
1 Nas 
12 
venera 
ned. The interferen f th 
Figure 15. 
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| na 
ot 
Tne 
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cooling, (c) any twinning which may have occurred 


in the martensite during its formation, and (d) a 


permanent surface tilt of the martensitic regions. 


(iii) The severe deformation in the martensitic 
regions after a complete cycle of transformations 
has an obstructing effect on the formation of mar- 
tensite during subsequent cooling. 

iv) The martensite plates formed during the 
second cooling do not occupy the same sites as the 
plates formed during the first cooling; evidently 
the spontaneous deformation renders the original 


nuclei ineffective. 


Athermal Mar- 


3.1 Spontaneous Deformation and 


tensitic Transformation 


The effect of spontaneous deformation on the 


subsequent formation of martensite is evident 
during second cooling after a complete transforma- 
tion cycle. It is less easy to demonstrate directly, 
however, its effect on the transformation during 
first cooling. It might be argued that the remark- 
able fragmentation of 


austenite which had been subjected to a previous 


martensite formed from 
transformation cycle was solely associated with the 
reversion of martensite to austenite; the fragmen- 
tation is not direct evidence that the suggested 
obstructing effect exists in the case of transforma- 
tion from virgin austenite. 

However, if the disturbances cause a complete 
stoppage of growth of martensite through these 
regions, it is reasonable to expect that the lighter 
disturbance of austenite due to spontaneous defor- 
mation during first cooling will cause an increase 
in the resistance to the movement of austenite- 
martensite interfaces during the growth of marten- 
site. Although martensite eventually formed can 
pass through slip bands, or even through deforma- 
tion bands [12], the transformation of regions con- 
taining concentrations of imperfections must con- 
sume some extra energy. In the extreme case, the 
growth of martensite may be completely prevented 
by the presence of slip bands, as was observed by 
Scheil [13] and others [14]. 
the the residual 


furthermore, deformation in 


austenite after a considerable amount of marten- 
site has formed must be very heavy and cannot be 
very different from that occurring during a com- 
plete cycle of transformation. 

In addition to the above direct effect of increasing 
obstruction to the movement of a coherent interface 
due to an increase in the number of imperfections 
of various kinds, there is also the indirect effect of 
work-hardening of the austenite. Plastic deforma- 
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the austenite will render more difficult 


further spontaneous deformation and the formation 


tion of 


of more martensite, as this must be accompanied by 
further the 
established observation that external plastic defor- 


deformation. Considering also well- 
mation of austenite has a stabilizing effect on its 
subsequent transformation, it can only be concluded 
that martensite becomes 
the 


proceeds in regions which become progressively 


the formation of pro- 


gressively more difficult as transformation 


more deformed. A continually increasing driving 
force must be provided therefore if the transforma- 
nature of the 


tion is to continue. The athermal 


heating transformation can be explained in a 
similar manner, since it is also accompanied by 
plastic deformation. 

The observation of plastic deformation in aus- 
tenite in three alloys does not demonstrate con- 
clusively that all martensitic transformations are 
accompanied by plastic deformation, but since 
these alloys cover a wide range of carbon composi- 
tion up to 1.5 per cent carbon, there are sufficient 
grounds to believe that plastic deformation takes 
place in all steels during the formation of marten- 
site, and probably in all martensitic transforma- 
tions in which the volumetric and shear strains are 
large. 

It is likely that the factors affecting the ‘growth- 
resistance’ of austenite—the slip mechanism, the 
amounts of work-hardening and recovery obtained, 
the the vary 


considerably temperature the 


effect of imperfections—all 
with 


composition of the steel. Probably this can account, 


and 
and with 
in part at least, for the wide temperature range 
between WM, and My, (the temperature at which 
further transformation to martensite becomes 
negligible) and for the greater amounts of austenite 
retained at My, as the carbon and alloying element 
contents increase. 

It may also be expected that, as plastic deforma- 
tion is easier in a single crystal of austenite than in 
a polycrystalline specimen, the formation of 
martensite in a single crystal of austenite should 
take place within a narrower range of transforma- 
tion, and, if the difference between M, (the tem- 
perature at which austenite and martensite are in 
thermodynamic equilibrium) and MM, is partly due 
to the resistance of austenite to shear transforma- 
tion, M, should also be higher for the mono- 
crystalline austenite. This is in agreement with the 
observation [15] that austenite grains electrolyti- 
cally isolated from an 18 per cent Cr 8 per cent Ni 
3 per cent Mo 1 per cent Ti steel, which has an M, 


EDMUNDSON anp 


below room temperature in the polycrystalline 
state, were martensitic at room temperature and 
remained further 
— 189°C. 

The energy required to overcome the resistance 


unchanged on quenching to 


of the parent phase to the growth of a new phase 
is of a nonreversible kind, unlike that required to 
fulfill surface energy and strain energy require- 
ments. Energy of the latter kind stored in a trans- 
formed specimen would assist the reverse transfor- 
mation, whereas nonreversible energy must be 
supplied again before the reverse transformation 
can occur. Thus the concept of resistance to motion 
of the austenite-martensite interfaces may well 
explain, in part, the temperature hysteresis between 


the cooling and heating transformations. 
3.2 Spontaneous Deformation and Interfacial Co- 
herency 


It has been suggested [1] that plastic deformation 
in austenite which occurs when a martensite plate 


grows to its full size, will destroy the coherency of 


the austenite-martensite interface and thus cause 
the cessation of growth. A similar suggestion has 
also been made by Frank [16]. The deformation 
required by these theories cannot be identified with 
that observed in the present investigation. In fact, 
Ko [17] has observed, in support of his theory of 
bainite formation [4; 5], that can 
thicken or grow coherently into bainite during 
that the austenite- 
coherent after the 


martensite 


tempering, and concluded 


martensite interfaces remain 


initial growth of a martensite plate has ceased. 


4. Conclusion 


observation of spontaneous deformation 


rhe 
during the transformation of austenite to marten- 
site and of the effect of this deformation on the 
subsequent transformation, together with the 
known stabilizing effect of external plastic defor- 
transformation to 
the 


martensitic 


mation on the spontaneous 


sufficient grounds for 


nature of 


martensite, provide 
belief that the athermal 
transformations is, partly at least, related to the 
associated with the 


likely that 


spontaneous deformation 


transformation. It appears theories 
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1 


based solely on nucleation and not considering t 


factors discussed above, even when the energy 
contribution due to stresses [18] has been taken 
into consideration, are oversimplified. A more 
quantitative study of the spontaneous deformation 
and the effect of the deformation on nucleation and 
growth of martensite, and a careful investigation 
of spontaneous deformation, if any, associated with 
isothermal martensite, will assist in achieving a bet- 


ter understanding of martensitic transformations. 
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THERMODYNAMICS OF THE LIQUIDUS AND THE SOLIDUS OF 
BINARY ALLOYS* 


CARL WAGNER?{ 


alloys completely miscible in the liquid and the solid state, formulae are derived in order 
the phase diagram the difference in the excess integral molar free energies of the 
tid phase, which is essentially equal to the strain energy due to the difference in 

lent atoms. 
liquidus and the solidus in the system Ag—Au is calculated 
experimental value of . The divergence between the 


to incomplete attainme! equilibrium during thermal 


nd applied 


de, dans k de solubilité comple 
i 


déform 


UND SOLIDUSKU 
UNGEN 


1 


' { | | and the solid ph ise are he same order 
Introduction f magnitude, one may assume special functions 
» concentration dependence of the molar free 

and then determine the parameters of 

tions which are compatible with observa- 
lus and the solidus as has been 

t] and Scatchard and Hamer 

values obtained in this 
the lack of 


of yhase agran 1 and the 


cases, 


obtainal 


issumptions used for the r presentation of 


concentration de} lar free 
ive derived relatively 

the coexisting If an alloy exhibits complete miscibility in both 

only onecomponent _ the liquid and the solid state, the liquidus and the 

ution solidus lie in general close together. In the following 

two com in it is shown that under these conditions it is profit- 

to calculate the difference of the excess free 


energies in the solid and in the liquid state rather 


quantities for the individual phases 
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than the free energy functions. Consequently, one accuracy 
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simple formulae tor the case 
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Evaluation of the Terminal Slopes of the (6) 

Liquidus and the Solidus of an Alloy Com- if NN. <1, No <1, and Trin~ Tp 

pletely Miscible in the Liquid and the Solid Upon elimination of N from equation 
State with the aid of equation (6), it follows that 


According to Scatchard [6] the partial molar free 
energy F'; of component 7 in a mixture involving (7 ( ' ) 
ON ) \ 
mole fraction N; may be expressed as the sum of all 
the partial molar free energy of a hypothetical ideal 
mixture and the “‘excess partial molar free energy”’ 
F,;” = RT |n y; where y; is the activity coefficient 
defined for pure substance 7 as reference state. Thus 


If conversely N is eliminated from equation 


, it follows that 


(1) F; = FP + RTInN; + FF 
— an.” /N.=0 


where F;° is the molar free energy of pure compo- 
nent 7 in the phase under consideration. 
At the melting point 7°; of pure component 1 


the molar free energies of component 7 in the liquid 


(Tmi — Ime) ASp + (F 
RT 


and the solid state, F;°‘” and F;°, respectively, are The excess partial molar free 

equal. The difference F;°“o — F;° at a tempera- ponents 1 and 2 in any phase of a binary mixture 
ture sufficiently close to T,,; may then be expressed and the integral molar free energy F* 

energy of the real mixture minus molar 


1 


eal mixture) ar 


as free 
hy pothetical 


= T — AS; 
where AS;;° is the entropy of fusion of component 
The partial molar free energies of any constituent 
1 


t in coexisting liquid and solid phases are equal 


Thus 


—(T — AS;° + RT — RT In N 
+ FFO(T, NO) — FF (T, = 0, 


where quantities referring to the liquid 
solid state are marked by superscripts (/) and 
respec tive ly. 

For small concentrations of component 
difference between the melting point 7;,; of pur 
component | and the equilibrium temperature ¢ 
an alloy may be calculated with the | 
generalized van't Hoft rmula ior the depressio! 


of the treezing point, 


Substituting 7; = T in equation (4) for 


the distribution ratio of component 2 between 


solid and the liquid phase is obtained as 


lilute 


is solvent 
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equation (7 
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if NO NY? ind us equat 0 
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According to Scatchard and Hamer [7] and 
Guggenheim [8] the excess molar free energy of a 
solid or liquid mixture may be represented by the 


empirical formula 


+ — N2) +...] 
(1 — Nz) No[Ao + Ai(1 — 


where Ay and A, are constants and eventually 
higher terms may be added. Consequently, the 
— 


N,‘* may be represented as 


FF F® l 
= (1 — Nz) No[AAp + AAi(1 — 


difference F® for a given mole fraction 


(14) 


where AA, and AA, are the differences of the corre- 
sponding constants for the solid and the liquid state. 
If the liquid and the solid phases are virtually 
regular solutions and the difference between the 
melting points of the components is not large, the 
temperature dependence of the coefficients AA» 
and AA, Differentiating 
equation (14) with respect to N2 at Nz = 0 and 
= 
equations involving AA» and AA;. Upon solving 
these equations for AA) and AA, as unknowns, it 


may be disregarded. 


1 and disregarding higher terms, obtain two 


follows that 


(15a) = 


— fF )/ON 


Upon substitution of equation (15a) in equation 
(14), — FRO at = 0.5 is 


obtained as 


the value of 


E(s) I 
16) [F F JIN;=0.5 
SE (1 
= — F 


[a( 


= 1 A 0 


) =() 


y 
F ) 


In most alloys exhibiting complete miscibility in 
both the liquid and the solid state, the melting 
points of the two components differ by not more 
than 20 per cent and the molar entropies of fusion 
are approximately equal. If the solidus and the 
liquidus are nearly straight lines interconnecting 
the melting points of the pure components, the 
values of FE) for Nz =0 and 
N, = 1 are much less than RT as readily follows 
by using a series expansion for the logarithm in 
equation (11). The same is true for the coefficients 
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AA, and AA; and the value of F¥‘*) — F® for the 
whole concentration range. For instance, this is the 
case with the systems Ag—Au and Cu-Ni, i.e., 
deviations from ideality are virtually equal in the 
solid and in the liquid state. Numerical values are 
not presented since percentage wise the limits of 
error are very high. 

Significant results, however, are obtained with 
alloys whose liquidus and solidus are not virtually 
straight lines, especially if there is a pronounced 
minimum of the liquidus and the solidus. Substi- 
tuting experimental values for the terminal slopes 
of the liquidus of the system Au—Cu [9; 10] in 
equation (12) and using equations (14), (15a), and 
(155), we obtain 


(1 — Nou) Noul1700 + 190(1 — cal. 


According to equation (17), F®() — F®® equals 
$18 cal at Ney = 0.4 in close agreement with the 
value of 421 cal derived below from the minimum 
of the liquidus and listed in Table I. 

For a regular solution the excess integral molar 
free energy equals the molar heat of mixing. Thus, 
if both the solid and the liquid phase are virtually 
regular solutions, F¥‘*) — FF’ 
ence in the molar heats of mixing, H¥%() — H™, 
in the solid and the liquid state. The interaction 
between nearest the interaction 
between metal ions and electrons are presumably 
about the same in the solid and in the liquid state. 
Consequently, both — F¥®] and 
— H™)] are essentially equal to the strain energy 
of the solid alloy due to the difference in the size 


equals the differ- 


neighbors and 


of the constituent atoms. 
Significant values of — found 
particularly in systems involving atoms of different 


are 


size as is shown below in conjunction with values 
calculated from equation (29) and compiled in 


Table I. 


Evaluation of the Width of the Gap 
between Liquidus and Solidus 


Since according to equations (11) and (12) the 
terminal slopes of the liquidus and the solidus are 
determined exclusively by the derivative of the 
difference F¥‘*) — F®®, it that thermo- 
dynamic quantities characteristic of the liquid or 
the solid phase alone, i.e., F¥‘* and F¥ or their 


follows 


derivatives, can be deduced only from the middle 
part of the phase diagram, especially the width of 
the gap between the liquidus and the solidus. 


(13) F¥ = 
N, = - 
VOL. 
— 
15b) AA, = 3{[a(F*” — F**”) 
+ 


WAGNER: 


The width of the gap in the system Au-—Pt is 
unusually large. Assuming a symmetrical parabolic 
concentration dependence of the excess free energy 
for either phase, F® = constant N.2(1 — N:2), Scat- 
chard and Hamer [5] have shown that the observed 
width of the gap in the system Au-—Pt is accounted 
for by the following values of the excess free energy: 


FF (N, = 0.5) 


= 1320 cal and F*¥‘*(N, 1330 cal. 


The latter value agrees satisfactorily with the 
value of 1200 cal derived by Borelius [11] from a 
thermodynamic evaluation of the miscibility gap 
in the solid state at lower temperatures. This 
evaluation gives an asymmetrical curve for F*‘* 
as a function of N2 in contrast to the symmetrical 
parabolic concentration dependence presupposed 
by Scatchard and Hamer. In principle, a more 
refined analysis of the width of the gap between the 
liquidus and the solidus may also give information 
regarding the asymmetry of F*¥‘) and F®® as 
functions of Nz, but minor errors in the determina- 
tion of the liquidus and the solidus may lead to 
large errors in the calculated functions F*‘® and 
FEO, 

Calculations of this type are very susceptible to 
errors in the experimental values if both the solid 
and the liquid phase exhibit negative deviations 
from ideality, since in this case the width of the gap 
between the liquidus and the solidus is very narrow. 

The slope of the liquidus may be calculated 
without special assumptions as [12; 13] 


a’ F,, 


0! 2 (1 — Nez ‘)Ai + Ne Ao 


and likewise the slope of the solidus as 


where F,,“ and F,,‘* are the molar free energies of 
the liquid and the solid phase, respectively, and 
A, is the heat to be supplied for a reversible transfer 
of one mole of component 1 from the solid to the 
liquid phase, and A; is the corresponding quantity 
for component 2. 

In view of equation (1) the molar free energy Fp 
of a phase involving components 1 and 2 may be 
written as 


(20) Fm = Ni Fi + 
=N,(Fi° + RT In N;) + N2(F.° +.RT In N2) + 


whence 


THERMODYNAMICS OF 


BINARY ALLOYS 


8? 
= RT/N:(1 — Ns) + 


(21) 


In equation (21) the second derivative of the 
excess integral molar free energy may be calculated 
from the excess partial molar free energy of com- 


ponent 1 or 2 by means of the relation 
F*® 1 a F, E a F, E 
] N, ON, N2 ON» 


which follows by differentiation of equations (9a) 


(22 


22) 


and (95) with respect to V; and Ne, respectively. 
Upon solving equations (18) and (19) for NV.“ 

— 

ence in the composition of the liquid and the solid 


and substituting equation (21), the differ- 


phase for a given temperature 9 is obtained as 


— 


(23) 


(1 No of +- "As 06 


RO/N2(1 — + an.™ 


Ne (1 — + aN: 


Re 
where F¥( 77 and F®‘*) are the second derivatives 
of the excess integral molar free energy with respect 
to the mole fraction N»2 for the liquid and the solid 
phase, respectively. 

If VN,“ => N,, the width AO of the temperature 
gap between the liquidus and the solidus for a given 


mole fraction NV» equals 


(24) = —(N, — 


Substitution of equation (23) in equation (24) 


yields 


Ae 


aN." if 9 = 


Equations (23) and (25) may be applied to the 
system Ag—Au. If the system Ag-Au were ideal in 
both the liquid and the solid state, one would 
obtain — = —0.023 and = 2.3°C 
for Nay = 0.5. Actually, however, both the liquid 
the 
deviations 


and solid phase exhibit distinct negative 


from ideality according to electro- 


chemical measurements [14-17], vapor pressure 
measurements [18], equilibrium investigations [19], 
[20]. Available 


data lead to the approximate formula 


and calorimetric measurements 


(26) = = —4000(1 — N,,)? cal. 


Since deviations from ideality in the liquid and 
the solid phase, are nearly equal, the heats A; and 


245 
- 
— RO/N2 (1 — 
— 
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A» may be equated to the heats of fusion of the pure 
components. Thus it follows from equations (22), 
(23), (25), and (26) that V4, — Na, = —0.013 
and AO = 1.3°C at Nag, 20.5. The calculated 
value of AO = 1.3° differs widely from the value of 
10°C for the temperature interval between begin- 
ning and end of solidification observed by Jaenicke 
[21] and Reydt [22]. This discrepancy is due to the 
low diffusivity in the solid phase, which precludes 
establishment of equilibrium during progressing 
solidification. 

Practically, only the liquidus but not the width 
of the gap between the liquidus and the solidus can 
be determined with the aid of conventional thermal 
analysis. The solidus curve may be obtained from 
investigations in which the beginning of melting of 
properly homogenized alloys during heating is 
recorded. If the latter investigations have not been 
made, the width of the gap between the liquidus and 
the solidus may rather be calculated with the aid 
of equation (24) as has been shown above, even- 
tually with estimated values of the deviations from 
ideality. 


Equilibrium Conditions at the Minimum of 

the Liquidus and the Solidus of a Binary 

Alloy Completely Miscible in the Liquid and 
the Solid State 


At the minimum of the liquidus and the solidus 
the mole fractions of the coexisting phases are 
equal. Hence it follows from equations (3) and (4) 
that 
(27) 


(T*, — Fy2(T*, N2*) 


= (Tm — AS 71° 


( 2 


is the mole fraction and 7* is the tem- 
perature at the minimum of the liquidus and the. 


T*) AS 


where 


solidus. 

Upon multiplying either side of equations (27) 
and (28) by the mole fractions of components 1 and 
2, (1 — N2*) 
corresponding sides, the difference of the integral 
excess molar free energies F¥‘*)* and F¥(* in the 
solid and the liquid state at mole fraction N,* and 


and N,.*, respectively, and adding 


temperature 7* is obtained as 
(29) — 
(1 — No*)(Tmi — T*) 
+ N2*(Tm2 — T*) AS;2°. 
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Numerical values of F¥()* — F*®(* calculated 
from equation (29) with observed values according 
to Hansen [23], Metals Handbook [24], Kelley [25], 
and Smithells [26] are presented in Table I. Values 
for Co—Fe, Fe—Ni, and Fe—Pd alloys refer to the 
face-centered cubic gamma-phase. Accordingly, the 
entropy difference between liquid and y-iron and 
the unstable melting point of y-iron, which is 3 
degrees lower than the normal melting point, were 
used, for the evaluation of equation (29). Similarly, 
the value for Cu-Mn alloys was obtained. 


TABLE I 
VaLues or F¥(*)* — ror ALLoys wITH A MINIMUM OF 


v2 


System cal/g-atom A A 


Au-Ni 640 .44 
Co-Fe 103 .26 
Cr-Fe 70 28 
Cu-Mn 656 .28 
Fe-Ni 112 .26 
Fe-Pd 566 . 26 
K-Rb 25 
Ni-Pd 603 .25 


1510 


Table I also lists the atomic radii 7; and r2 for the 
structures indicated in the second column. Rela- 
tively high values of F¥‘®)* — F®©* are found in 
systems in which the atomic radii differ to some 
extent, and therefore a relatively high strain energy 
may be expected. There is, however, no direct 
correlation between the values of F¥#()* — F#(* 
and the ratio or the difference of the atomic radii. 
According to Lawson [27] the compressibility of the 
alloys is another important factor for the magni- 
tude of the strain energy. 


The Liquidus and the Solidus in the Vicinity 
of a Maximum or Minimum 


In the vicinity of a maximum or minimum, the 
liquidus and the solidus of a binary alloy may be 
approximated by parabolae with a common hori- 
zontal tangent at the maximum or minimum. In 
many is characteristic of an 
intermediate solid phase of virtually invariable 
composition, thus designated as an intermetallic 
compound. For the latter case, special relations 
have been derived previously [28; 29]. In the fol- 


cases, a maximum 


lowing, no special assumptions are made. Conse- 
quently, the following considerations also apply 
to a minimum as it is found, e.g., in the system 


Au-Cu. 


THE LIQUIDUS AND THE SOLIDUS ACCORDING TO EQUATION (29) 
Struc- T* FE(s)*_ 
1.28 
1.25 
1.26 
1.28 
1.37 
1.25 
1.37 
2.51 
1.37 
PAs & F.# T*. N.*) 


WAGNER: 


Letting 
(30a) 
(300) 
(30c) 


— = 
ove eva 
Ni“? — = 79 


and introducing $a and 38 as parameters of the 
parabolae, we obtain 


(31) QT 
(32) Br 


where a and 8 are negative in the case of a maxi- 
mum (a < 8 < 0) and positive in the case of a 
minimum (0 > a > £8). 

The partial molar free energies of components | 
and 2 at the maximum or minimum are denoted by 
F,* and F,*, respectively. Using Taylor series 
expansions for the partial molar free energies F; 
and F., of components 1 and 2 in either phase for 
the vicinity of the maximum or minimum, and 
equating the partial molar free energies in the two 
phases as a necessary condition for their coexistence, 
we obtain 


(33) 
Py* + + +... 
+ 7(0F,/dT) +... 
= + + 
+... +7(0F\/dT) +... 


(34) 


+ + +... 
+7(0F./dT) +... 

+...+7(0F./8T) +..., 


where the differential quotients are to be taken at 
N, = N2* and T = T*. 

The derivatives of the partial molar free energies 
of components 1 and 2 the 
Gibbs-Duhem equation. To obtain the most sym- 
metrical relations, the partial molar free energies 
F, and F, in either phase may be expressed by the 
molar free energy F,, of the respective phase, 


= Fm — N2(0F m/dN2) 


are interrelated by 


(35) 
(36) F, = 


From equations (35) and (36) the derivatives of 
F, and F, with respect to Nez may readily be 


Fin + (1 — Ne) (OF m/ON2). 


calculated. 

Upon substitution of equations (30a) to (30c), 
(35), and (36) for the liquid and the solid phase in 
equations (33) and (34), it follows that 
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(37) 

1 
(a? F,, _ B°F,,@ 
t-r{—loF, 4 18 


4 


ly rid 
Fi) /aT]}} +... =0 
(38) 
— N2*) (a? Fy 7? — (74) 
+r} —ioF,, + m 


+[a(F2 — /aT}} = 0 


where and are the second deriva- 
tives and 777 and 777 are the third deriva- 
tives of F,,“ and F,,“ 


fraction of component 2, 


with respect to the mole 
respectively. Equations 
(37) and (38) are compatible only if the coefficients 
of the first terms involving the factor 7? vanish. 
Thus, 


(39) 


Upon multiplying and (38) 


through by (1 — N,*) and N.2*, respectively, adding 


equations (37) 


corresponding sides, and dividing through by r, 
Il + F., 8 


(40) —iaFp 
+(1 — 
+ F, é ) 0 T | 


J 


= (). 


The derivatives of the partial molar free energies 
with respect to temperature equal the negative 
values of the partial molar entropies. Thus 


— 
Ns 


+ l AH ;* (T* 


where AH/;* is the heat of fusion of one gram-atom 
of alloy of mole fraction N,*. Substitution of equa- 


tion (41) in equation (40) yields 


(42) + = AH,;*/T*. 
If any two of the four quantities a, 8B, F,“77, 
and F,,‘°77 are known, equations (39) and (42) 
may be used in order to calculate the other two 
quantities. In the first place, the values of a and 8 
may be calculated if F,,“°77 and F,,‘* 77 are known, 


(43) 


* 1 


Conversely, if the values of a and 8 are known. 
the values of F,, 77 and F,,‘® 77 may be calculated 


as 
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(45) 


(46) F,, 


In the case of an intermediate phase of virtually 
invariable composition (intermetallic compound), 
the width of the parabola of the solidus is almost 
zero and thus < 
disregarded, F©7/ and a are directly interrelated. 
This case has already been discussed in previous 
papers [28; 29]. 

Finally, if F®7? and a@ are known, it follows by 
combining equations (39) and (42) that 


If 8 in equation (45) is 


(DIT 
(s) II Fn 


(47) 


(48) B = afl + /(aT 

Equations (39) and (42) to (48) may especially 
be used in order to check the consistency of phase 
equilibrium data or to obtain supplementary infor- 
mation as is illustrated in the following. 

The activity of copper in solid Au—Cu alloys has 
been determined by Wagner and Engelhardt [19] 
and by Weibke and von Quadt [30] with the aid of 
electrochemical measurements. According to these 
investigations solid Au—Cu alloys may be considered 
as approximately regular solutions with a tem- 
perature-independent excess free energy. From the 
data reported by Weibke and von Quadt for 500°C 
it follows that 


(49) 


= 4785 cal/g-atom at Ney = 0.4 


whence in view of equation (22) 


(50) F®(®)4! = 7975 cal/g-atom at Noy = 0.4. 


Differentiating equation (17) twice with respect 
to Nc, and substituting equation (50), 


(51) FEC = 11,600 cal/g-atom at =0.4. 


Introducing equations (50) and (51) into equa- 
tion (21) for the solid and liquid phase, respec- 
tively, 


(52) = 17,525 cal/g-atom at Neo 


F,© 1? = 21,150 cal/g-atom at Nog, = 0.4, 


T = 1157°K 


Upon substitution of equations (51) and (52) in 


1954 


equation (39), the ratio of the widths of the solidus 
and the liquidus parabola is obtained as 


(54) Ns.) = (2 7? = 1.20. 


This relation seems much more accurate than 
information obtained from thermal analysis because 
of incomplete establishment of equilibrium during 
progressing solidification. 

If both the liquid and the solid phase are regular 
solutions, the heats of mixing, and H™ ®*), 
are equal to the integral excess molar free energies 
F®© and F¥‘*), Consequently, the heat of fusion at 
the minimum of the liquidus may be calculated 
approximately as 


AH ;* = (1 N.*) AH ;;° N.* AH ;2° 

~ (1—N: +N: 
(FRO* 


(55) 


FEO*) 


= 2600 cal /g-atom 


where the heats of fusion have been taken from 
Kelley’s tables [25] and the value of F¥(9* — FRO* 
from Table I. Substitution of these data in equation 
(43) yields a = 1.0 X 10-* degree in satisfactory 
agreement with the liquidus observed by Kurnakow 
and Zemczuzny [9] and Broniewski and Weso- 
lowski [10]. 

Analogous equations hold for first-order trans- 
formations in the solid state, e.g., equilibria between 
ordered and disordered structures in the system 
Au-Cu. The molar free energies of the high- 
temperature and the low-temperature phase have 
to be substituted for F,,“ and Fp‘, respectively, 
and AH; has to be replaced by the heat of trans- 
formation. In particular, an analogue to equation 
(48) may be used in order to check the results of 
phase equilibrium studies, i.e., the boundaries of 
the field of the ordered phase. At the present, 
however, sufficiently consistent equilibrium data 
do not seem available. 
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INTERGRANULAR CAVITATION 


J. NEILL GREENWOOD, D. R. MILLER, and J. W. 


It has been found that when copper, 
peratures, Cavities appear 
transverse the tensile stress axis. 

This intergranular cavitation 


in the intercrysti Hiline boundaries. 


is accompanied by a loss of ductility. 


IN STRESSED METALS* 


SUITER? 


alpha-brass and magnesium are strained at elevated tem- 


These are more prevalent in boundaries 


For any temperature the loss 


is greater the me the strain rate and for a given strain rate is greater the higher the temperature. 
[he cavities appear to nucleate at regular intervals and under the tensile stress ultimately link to 


form intercrystalline cracks. 


» observations seem to be consistent with the suggestion that the cavities nucleate 

‘ation of sufficient numbers of vacant lattice 
of more vacancies and partly by stress concentration at the periphery. 
gnesium Baro nts an interesting ductility-temperature relation: 
nto play of new slip systems as the temperature rises Cz 1using increased ductility, and 


ly by the ‘absorption’ 


the cc min 


by the 


sites to form a stable ‘hole.’ They then grow 


ship which is explained by 


b) the inc ciden nce of intergranular cavitation at higher temperature causing a reversal of this trend. 


LES CAVITES 


Il fut constaté que ¢ 


> INTERGRANULAIRES 


DANS DES METAUX SOUS 


des cavités apparaissent dans les joints intercristallins, quand on déforme du 


TENSION 


laiton alpha et du magnésium aux températures élevées. L'apparition des cavités intergranulaires 


est accom pag née d’une diminution 
est d’au 


de la ductilité. Pour une température donnée cette diminution 
nt plus impo rtante que la vitesse de déformation est plus faib le et pour une vitesse de 


déform: donnée la ductilité diminue quand la température s’éléve. paraissent ger- 


miner a des intervalles réguliers et finalement, 
des fissures intercristallines. 
les cavités germinent par l’a 
ment former un “‘trou”’ stable. 


sous la tension d’extension, 
Ces observations paraissent étre en bon peed avec l’hypothése que 
gglomération d’un nombre suffisant de lacunes réticulaires 
Ensuite elles croissent, 


‘assembler pour former 


pour finale- 
en partie par l’absorption d’autres lacunes et 


en partie a cause de la concentration des tensions & leurs périphéries. Le magnésium présente une 


relation intéressante ductilité-température. 


ductilité, (b) 
sens contraire. 


DIE BILDUNG VON HOHLRAUMEN IN DEN 


Cette relation est expliquée par (a) l’introduction de 
nouveaux systémes de glissement quand la température s'éléve, 
l’appari tion des cavités intergranulaires aux te mpér: itures plus élevées, ce qui agit en 


ce qui cause une augmenté ition de la 


KORNGRENZEN VERFORMTER 


METALLE 


Es zeigte sich, 
auftraten, we! 


dass Hohlraume in den Korngrenzen von Kupfer, 
in diese Metalle bei héheren Temperaturen verformt wurden. 


Magnesium 
Die Hohlraume traten 


a-Messing und 


starker in Korngrenzen hervor, die quer zur Achse der Zugspannung lagen. 


Diese B 


Fiir eine gegebene 


ildung von interkristallinen Hohlraumen ist mit einer Duktilitatsverminderung verbunden. 
Temperatt ur ist diese Verminderung um so grosser, je geringer die 


Dehnungs- 


geschwindigkeit ist, und fiir eine gegebene Dehnungsgeschwindigkeit um so grésser je héher die 


Temperatur ist. 
Die Hohlraume scheinen in gleichmassigen 
sich schliesslich zu interkristallinen Rissen. 
Die Beobachtungen scheinen die Annahme, 
einer zur Bildung eines ‘‘stabilen’’ 
unterstutzen. 


Abstanden zu entstehen 


Unter Zug vereinigen sie 


dass die Hohlraume durch Zusammenballung von 
Loches hinreichenden 
Die Hohlraume wachsen dann weiter, z. ° 


Anzahl von 


[. durch 


Leerstellen entstehen, zu 
“‘Absorption”’ weiterer Leerstellen, 


z. T. durch Spannungskonzentration an ihrer Peripherie. 


Magnesium zeigt eine interessante 


Beziehung zwischen 


Duktilitat und Temperatur, die sich- 


a) durch das Auftreten neuer Gleitsysteme bei héherer Temperatur, die ein Anwachsen der Duktili- 


tat bewirken, und (b 
bildung, die einer Erscheinung entgegen wirkt, 


Introduction 


It is well known that many metals fail under 
prolonged stress at elevated temperatures by the 
development of intercrystalline cracks. 

In recent communications [1;2] one of the 
present authors (J. N. G.) has drawn attention to 
the occurrence of minute cavities in the grain 
boundaries of a brass strained in tension at elevated 
temperatures and has suggested that these are a 
cause of intercrystalline cracks. 

Previous workers have observed these cavities. 
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durch die bei héheren Temperaturen auftretende interkristalline Hohlraum- 
erklaren lasst. 


Jenkins [3] et a/., examining the creep characteristics 


of a copper alloy containing nickel and silicon, 
refer to the formation of ‘distortion cavities’ which 
may be within the grains or in the boundaries. In 
the latter case they say they lead to intercrystalline 
cracking. 

Whitaker [4] strained both a- and §8-brasses in 
air at 200°C at 0.5 per cent per minute. Some of 
the photographs show intercrystalline cracks hav- 
ing serrated boundaries, which suggest that they 
have formed by the linking together of series of 
cavities. 

Herenguel and Scheidecker [5] made a very 
complete examination of the formation of fissures 


Thi 
M 

VO] 
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in cold worked a-brass under conditions of con- 
tinuous deformation at elevated temperatures. 
They do not associate the small cavities with the 
initiation of intercrystalline cracking but rather 
suggest that the chains of cavities present in the 
boundaries result from fragmentation of cracks 
presumably by a sintering process. 

It thus appears that the failure of metals under 
prolonged stress may be due to the formation of 
cavities in the grain boundaries leading to inter- 
crystalline cracking and ultimate rupture. 

The following investigation was carried out to 
determine the influence of strain rate and tem- 
perature on the formation of intergranular cavities 
in a-brass, copper, and magnesium. 


Experimental Procedure 


The specimens cut from strip 0.05 in. thick 
(0.03 in. for copper) and having a gauge length of 
1.0 in. were made a link in a straining system 
operated by a synchronous motor through a chain 
of gears. The load at any instant could be measured 
by the deflection of a calibrated cantilever spring. 

Three rates of strain were used: 

(1) A high rate of 500/1000 per cent per hour 
obtained by hand operation. 

(2) An intermediate rate of 40 per cent per hour. 

(3) A low rate of 0.2 per cent per hour. 

The specimen was enclosed so that when neces- 
sary an inert atmosphere or vacuum could be used. 
This was advisable at higher temperatures to avoid 
undue oxidation. 


Experiments with a-Brass 


The brass used was made from electrolytic 
copper and zinc and contained 70.1 per cent copper 
and 29.8 per cent zinc. 
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¥ FicureE 1. Influence of strain rate and temperature on the 
ductility of a-brass. 


Figure 1 shows the relationship between tem- 
perature, strain-rate, and the ductility of the 
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specimen expressed as the percentage elongation 
to cause fracture. It will be seen that the ductility 
falls off rapidly as the temperature rises, and for 
any given temperature is lower the lower the rate 
of strain. The change in ductility is quite remark- 
able. At this 
stretch 70 per cent before fracture, whilst at 400°C 


ordinary temperature brass. will 
at the low rate of strain it will stretch only 5 per 
cent. 

The 


ordinary temperature it is a silky shear but as the 


nature of the fracture also changes. At 


temperature is raised it becomes more and more 
The 


micro-roughness 


granular, i.e., it becomes intercrystalline. 
facets in the 


(Figure 2) which looks like pitting. 


fracture show a 


Microsections were prepared by mechanical 
polish attack, followed by a short (13 min.) electro- 
polish. 

Examination of the microstructure reveals the 
cause of the micro-roughness. Figure 4 gives a 
general impression of the structure near the frac- 
ture of a specimen strained 24 per cent at 300°C. 
There are cavities of various sizes located in the 
grain boundaries. Figure 5 shows the same kind of 
thing in more detail after 5 per cent strain at 
400°C. These two are typical. 

From the examination of large numbers of such 
specimens fractured over a wide range of strain 
rate and temperature, there can be no doubt that 
the micro-roughness apparent on the fractured 
surface has its origin in the cavities visible in the 
grain boundaries in the cross section. 

It was realised that objection might be raised to 
the use of even a short-time electro-polish in exam- 
ining a phenomenon of this kind. Subsequently, 
by an improvement of mechanical polish attack 
technique [8] it was possible to eliminate the 
electro-polish. Similar chains of cavities are again 
visible as seen in Figure 3. 

This micrograph was taken from a specimen 
strained at 120°C at the low rate until it reached 
the load corresponding with the ultimate stress. 
The load was then maintained until the specimen 
broke 700 The visible in 
Figure 3 are the smallest detected and are not 
greater than 0.5 X 10-* cm diameter. It has been 
noticed that the cavities form preferentially in 


after hours. cavities 


those boundaries transverse to the tensile stress 
axis. 

Some experiments were made to determine the 
relationship between the strain required to cause 
visible cavitation (constant strain rate) and tem- 
perature. The straining was interrupted at intervals 
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and the specimen polished. The results are shown 
in Table I and the dotted line in Figure 1. 


TABLE I 


STRAIN NEEDED TO CAUSE VISIBLE CAVITATION OF a-BRASS. 
STRAIN RaTE 0.2% PER Hour. GRAIN S1zE 0.1 MM. 


Temperature Elongation Comment 


200 No cavitation 
Cavitation visible 


Specimen broke 
No cavitation 
Cavitation visible 
Specimen broke 
Cavitation visible 
Specimen broke 


In another series of experiments the straining 
was carried out in an atmosphere of argon and the 
surface of the specimen was examined after strain- 
ing under given conditions. It was found that, as 
with other metals, the coarse slip which is charac- 
teristic of low temperatures became less marked 
and was almost absent at 300°C (low strain rate). 
Figures 6 and 7 show the effect of 5 per cent 
extension at 200°C and 300°C respectively. Al- 
though very little slip is evident in Figure 7, 
examination by phase contrast at higher magnifica- 
tion shows that fine slip is still abundant. On the 
other hand, an increase in relative displacement of 
the grains takes place between 200°C and 300°C 
and is shown by the greater width of the grain 
boundaries in Figure 7. 


Summary of the Characteristics of Intergranular 
Cavitation in a-Brass 


1. For a given temperature of straining, cavita- 
tion is more marked, and elongation before fracture 
is less, the lower the strain rate. 

2. For a given strain rate cavitation is more 
marked the higher the temperature. 

3. Visible cavitation was not found below 250°C 
when the strain rate was 1000 per cent per hour, 
below 200°C when the strain rate was 40 per cent 
per hour, nor below 150°C when the strain rate 
was 0.2 per cent per hour. 

4. Visible cavitation was, however, obtained at 
120°C when a stress of 36,500 Ib/sq in. was main- 
tained for 700 hours. 

5. Cavities are most prevalent in those grain 
boundaries which are transverse to the tensile 
stress axis. 
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6. Cavities are not associated with twin boun- 
daries. They do, however, appear to be affected by 
the orientation difference boundary. 
When twinned areas in a crystal terminate at a 
boundary, it is frequently noticed that the cavities 
are associated with one change of orientation but 
not the other. An instance of this can be seen near 
the top in Figure 5. 

7. The appearance of cavities in the boundaries 
takes place in a temperature zone where coarse 
slip diminishes and relative grain movement in- 
creases perceptibly. 

8. With continuous straining, failure occurs by 
intercrystalline cracking soon after cavitation has 
become visible. 

9. The cavities are regularly spaced in the early 
stages of development and the centres of nucleation 
are further apart the higher the temperature of 
straining. No precise measurements have been 
made but the order is 10-4 cm at 120°C and 
10-* cm at 400°C. 

10. The smallest cavities seen are not greater 
than 0.5 X 10-* cm diameter. 

11. If the straining is continued after cavitation 
has occurred, the cavities ultimately join up to 
form continuous cracks. The undulating boundary 
of the major cracks seen in Fig. 8 indicate the 
cavity origin. 


across a 


Experiments on Copper 


The material used was O.F.H.C. copper (.03 in. 
thick) of 99.98 per cent purity. Series of experi- 
ments were made at different temperatures using 
the same straining rates as in the case of a-brass. 
Since in this case there was no danger of evapora- 
tion of any constituent, some of the experiments 
were carried out in a vacuum of 10-?/10-* mm. 
The tarnish film produced in such cases was so thin 
that it did not interfere with photography of the 
surface. The results are shown in Figure 9 and a 
similarity to Figure 1 is evident. Copper loses its 
ductility as the temperature is raised or the strain 
rate is lowered. 

Examination of the microstructure again re- 
vealed the presence of cavities in the crystal boun- 
daries. Figure 10 is a typical structure. This is 
taken from a specimen which failed after 7 per cent 
elongation at the low rate at 300°C. Figure 11, 
from the same specimen, shows clearly the manner 
in which the cavities link together to give an 
intercrystalline crack. It will be noted that, as in 
the case of brass, the cavities form preferentially 
in boundaries transverse to the tensile stress. 
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It was noticed that coarse slip diminished with 
rise of temperature but was more persistent than 
in the case of brass, and could be detected even at 
500°C. Under the same conditions relative grain 
movement increases. 


COPPER 


ELONGATION 


TEMPERATURE °C 


FicureE 9. Influence of strain rate and temperature on the 
ductility of copper. 


Summary of Results with Copper 


Copper behaves similarly to a-brass when 
strained at elevated temperatures. Intergranular 
cavitation is visible after straining 28 per cent at 
200°C (low rate of strain). The extent of cavitation 
increases rapidly with temperature. This is coin- 
cident with a relative change in the mechanism of 
deformation, coarse slip diminishing and grain 


translation increasing. 
Experiments on Magnesium 


Magnesium crystallises in a different system 
from copper and brass and also readily forms sub- 
grains during straining at elevated temperatures 
[9]. For these reasons it was interesting to examine 
it for intergranular cavitation. 


MAGNESIUM 


INDICATES CAVITATION 


ELONGATION 7, 


9 


O2 4/HR 


TEMPERATURE °C 


FicureE 12. Influence of strain rate and temperature on 
the ductility of magnesium. 


INTERGRANULAR 


CAVITATION 


The material used contained as major impurities 
0.2 per cent lead and 0.02 per cent iron. The lead 
was in solid solution. Test specimens were prepared 
similar to those used in the case of brass. The results 
of the measurement of elongation at fracture are 
shown in Figure 12 and a distinct difference from 
Figures 1 and 9 will be noted. 

After the specimen had been fractured at a given 
rate and temperature it was sectioned and polished 
mechanically using graded alundum powder, and 
lightly etched with 5 per cent nital. 

The elongation, at first low, rises after a tempera- 
ture 125/250°C (according to the rate of strain) is 
value. The 
maximum is reached at a higher temperature the 
higher the rate of strain, as shown in Table II. 


exceeded, and reaches a maximum 


TABLE II 


STRAIN RATE ON DUCTILITY 


OF MAGNESIUM 


INFLUENCE OF 


Rate of Maximum 


strain 


Temp. °C where Temp. °C of 


elongation maximum 


elongation 


increase in 


ductility begins 


o/hour 


0.2 200 
40) 300 
600 450+ 


After fracture at temperatures below the maxima 
shown in Figure 12, the structure is similar to 
either Figure 13 or 14. The boundaries are undulat- 
ing or ‘clean’ and smooth, according to whether 
‘cells’ have developed or not. When, however, the 
maxima have been passed, characteristic dark areas 
are found in the grain boundaries. These are illus- 
trated in Figures 15-20. 

Figure 15 (after 24 per cent extension at 225°C) 
shows an irregular boundary which appears to have 
been migrating. The movement has been held up 
by the presence of cavities. Distinct sub-grains are 
visible and the sub-boundaries seem also to be the 
location of cavities. It should, however, be noted 
that it is only the cells in the neighbourhood of a 
major grain boundary which are affected in this 
way. In this specimen areas showing cavities are 
rare. It follows that this is an early stage of cavita- 
tion. 

Figure 16, after 10 per cent elongation at 250°C, 
shows a typical structure without cavitation. After 
14 per cent, however, as seen in Figure 17, distinct 
cavities are present. At this stage fracture occurred. 
This connection 
with that 


substantiates the statement in 
intergranular cavitation of 


failure occurs soon after cavities appear. 


a-brass, 
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At 300°C the cavities are quite distinct after 
10 per cent extension, as shown by Figure 18. 

As the temperature is raised the cell size increases, 
and by 300°C (low rate of strain) has become com- 
parable with the original grain size. It was noted 
that this was associated with increased regularity 
of the arrangement of cavities in the boundaries. 
This is seen by comparing Figures 15, 17, and 18. 

Figures 19 and 20 show two stages of cavitation 
during 49 per cent extension at 40 per cent per hour 
at 350°C. In Figure 19, the cell structure near the 
grain boundary is well developed, and the cavities 
are of the same order of size as the cells. In Figure 
20, from the same specimen, the boundaries have 
parted, several cells have been isolated and the 


cavity origin of the crack is indicated by the 


undulations in its outline. 

It has been noted with magnesium that the 
the 
appear to be of two kinds. There are those illus- 


cavities seen in intergranular boundaries 
trated in Figures 17 and 18 which are similar to 
those found in brass and copper, except that they 
are more shallow, i.e., flat ellipsoids rather than 
spheres. Then there are those illustrated in Figures 
15, 19 and 20, which appear to be associated with 
the cell structure. 


Summary of Results with Magnesium 


Magnesium behaves similarly to brass and 
copper when strained at elevated temperatures in 
that intergranular cavitation occurs at lower tem- 
peratures the lower the strain rate. 

In this case there can be no doubt that cavitation 
leads to the failure of the metal, for until this 
phenomenon appears, the ductility of magnesium 
increases with temperature. 

The nature of the elongation-temperature rela- 


tionship is considered later in an appendix. 


Discussion 
The Origin of Cavities 

It has been shown that, in the case of two metals 
and one alloy, cavities form in the boundaries 
between crystals when they are subjected to con- 
tinuous strain at elevated temperatures. The boun- 
daries transverse to the tensile stress axis are the 
preferred location of these cavities. 

Two possible mechanisms have been considered 
to account for the presence of these cavities: 

(a) One suggestion is that they formed by the 
diffusion of interstitial gas atoms. When these small 
atoms reach the more open structure in the boun- 
dary they accumulate in spaces which can accom- 
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modate more than individual atoms, and combining 
to form molecules, are then not able to diffuse back 
into the lattice. Under such circumstances, pressure 
would be created which, aided by the tensile stress 
across the boundary, would create voids which 
would extend further by stress concentration. 

(b) The second suggestion is that they are formed 
by the migration of vacant lattice sites existing in 
the metal or created during deformation. It. is 
necessary to imagine a sufficient number of these 
coming together at one instant in order to nucleate 
a cavity large enough to be stable. 

It is, in fact, very difficult to devise experiments 
which would differentiate between these two sug- 
gestions because it is evident that, if cavities form 
from any cause, interstitial gases will eventually 
accumulate in them. 

The crystal lattice is looked upon as a more or 
less orderly arrangement of atoms with some vacant 
sites [10; 11]. Owing to thermal vibrations, and the 
movement of dislocations under stress, the relative 
positions of the vacant sites are constantly chang- 
ing. If now a sufficient number of these arrive 
simultaneously at a given location a stable hole 
will be nucleated. It has been shown by Smigelskas 
and Kirkendall [12], and by Barnes [13] that 
vacant sites caused by diffusion can form voids 
readily visible at a magnification of 100 diameters. 

The observed fact that under the experimental 
conditions used, these cavities appear preferen- 
tially in boundaries transverse to the tensile stress 
axis, suggests that the disordered lattice at the 
boundary acts under these conditions as a trap in 
which “‘holes’”’ readily form. Once such a condition 
has arisen, the vacant sites which have so agglo- 
merated are withdrawn from the lattice and more 
will be generated to maintain equilibrium. Thus 
the lattice is a continuous source of vacancies and 
the cavities continuous sinks. 

It is of interest to note that cavitation appears 
more readily, i.e., with lower strain, under those 
conditions (rising temperature and falling strain 
rate) which also cause a change in emphasis from 
deformation by slip to deformation by grain trans- 
lation. It is difficult to say whether this latter is a 
cause or an effect. A sliding movement at the grain 
boundaries would probably cause localised distor- 
tion of the lattice which would aid the formation of 
cavities. On the other hand, the nucleation of large 
numbers of cavities would weaken the boundaries 
and therefore aid movement in those regions. 

There appears to be a minimum distance be- 
tween the centres of cavities. The microstructures 
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reveal that besides complete parting of the boun- 
daries there are chains of cavities (Figures 3, 5, 10 
and 11). Measurements on these show that in the 
case of a-brass the minimum distance between 
centres is a function of the experimental conditions. 
For example, the cavities present in a specimen 


maintained under stress at 120°C for 700 hours 
have a spacing of 10-* cm (similar to that of 
adjoining slip lines) whilst for a specimen strained 
at 400°C the spacing is of the order of 10-3 cm. 

If the above picture of nucleation of cavities in 
the boundaries is correct, as deformation proceeds 
more vacant sites would be absorbed in existing 
The 


latter would also spread by tensile stress concentra- 


cavities which would consequently grow. 


tion at their boundaries. This growth, coupled with 
the tensile the 
cavities in any boundary to link up. The grains 


stress, would ultimately cause 
would part an an intercrystalline crack would have 
formed. 

The effects of 


importance. As temperature rises, the density of 


temperature and time are of 
vacant sites in equilibrium with the lattice in- 
creases as does the ease of migration. At the same 
time the strength of the metal falls rapidly. It 
would thus be expected that cavitation would be 
more pronounced the higher the temperature, and 
between 150°C and 500°C this is the case. 

Since the migration of vacancies is time-depen- 


dent, it would also be expected that a low rate of 


strain would facilitate the growth of cavities. 

The present experiments are corroborated by 
the case quoted by Benson et al. [6]. Tough pitch 
copper (with 0.1 per cent silver) broke at 225°C 
with only 1.5 per cent elongation after the stress 
had been maintained for 10,000 hours. 
mination showed chains of 


crystalline boundaries. 


Micro-exa- 
cavities in the inter- 

It will be seen then that the experimental evi- 
dence is consistent with the idea that the pheno- 
menon described has its origin in the migration of 
vacancies to the crystal boundaries. The absence of 
cavities from twin boundaries and their appearance 
preferentially where certain twin boundaries meet 
another crystal, suggests that a minimum orienta- 
tion difference is necessary for their nucleation. A 
tensile stress seems also to be necessary. 

A final point refers to the observed fact (Figures 
1 and 9) that with brass and copper ductility falls 
before there is any visible cavitation. There is no 
reason to assume that cavities are absent because 
the optical microscope is not able to resolve them. 
Rather would it appear that the phenomenon is a 
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continuous one, but that in the lower ranges of 
temperature the accumulation of vacancies in the 
boundaries produces cavities which are too small to 
be seen optically. 


Appendix 
The Temperature-Ductility Relationship for Mag- 
nesium 
tensile 


the 


metals falls continuously as the 


In all three cases mentioned here, 
strength of the 
temperature is raised. In the case of copper a 
a-brass the ductility-temperature relationship is 
similar. Intergranular cavitation partly accounts 
for the loss of strength and appears to be respon- 
sible for the loss of ductility. 

The case of magnesium is more complicated but 
helps to clarify the part played by cavitation. 

It is evident from Figure 12 that the relationship 
between ductility (as measured by elongation to 
fracture) and temperature, can be divided into 
three zones: 

(a) In the first zone, from ordinary to slightly 
elevated temperatures the ductility is low and 
substantially constant, both with regard to tem- 
perature and rate of strain. Under these conditions 
it is known from the work of Schmid [14] that 
deformation is by slip on the basal (hexagonal) 
plane and twinning. 

(6) In the next zone, the ductility rapidly rises 
and the rise is greater the greater the rate of strain. 

The work of Schmid [14] has shown that under 
the conditions of tensile stress used, the slip system 
in single crystals of magnesium changes at 225°C, 
from the basal plane to the pyramidal set of planes 
of which more than one may be operative. The 
work of Bakarian and Mathewson [15] confirmed 
this change in slip mechanism. 

It would that the 


ductility in this temperature zone is brought about 


seem, therefore, increased 
by the operation of additional slip planes. 

From the dependence on rate of strain of the 
temperature at which ductility markedly increases, 
it is suggested that the temperature at which the 
extra slip planes become operative is also depen- 
dent on strain rate. The new planes apparently 
come into operation at lower temperature the 
lower the strain rate. 
the work of 
that the 


dependent on strain rate. When the rate is of the 


and Wood [9] it is 


deformation is 


From Suiter 


known mechanism of 
order of 0.2 per cent extension per hour, coarse 
slip is abundantly present at 150°C, but is com- 
paratively absent at 200°C. In the present work 
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it has been found similarly that there is very little 
coarse slip evident on the surface when the speci- 
men is strained at 300°C at the intermediate rate. 

This means that in the temperature zone where 
ductility is increasing the deformation mechanism 
is changing in the sense that relative movement of 
the grains is becoming important. It is of interest 
to note that the temperature where coarse slip 


practically disappears coincides with maximum 


ductility. 

(c) In the third zone of temperature there is a 
loss of ductility which is as spectacular as the 
former increase. 

Microscopical 
granular cavitation appears simultaneously with 
the loss of ductility. All specimens which have been 
strained at temperatures higher than those corre- 
sponding with maximum ductility for the respective 
strain rates show cavities in the intercrystalline 


observation shows that inter- 


boundaries. 

Since, in this case, ductility was rising rapidly 
with temperature prior to the incidence of cavita- 
tion the sharp reversal is confirmation that this 
phenomenon does in fact cause loss of ductility as 
seemed probable in the cases of copper and a-brass. 
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THE MAGNETIC SUSCEPTIBILITY AND ELECTRONIC SPECIFIC 
HEAT OF TRANSITION METALS IN RELATION TO THEIR 
ELECTRONIC STRUCTURE* 


E. C. STONER? 


Information may be obtained about the electronic structure of transition metals by a proper 
theoretical analysis of the results of experiments of various types, two of which are considered 
detail. The collective electron treatment of electronic specific heat and magnetic susceptibility is 
described, and expressions are obtained for the main relations in a form suita ble for a pplic: ition to the 
experimental results. The density of states at the top of the electron energy band may be derived 
from the electronic contribution to the specific heat at low temperatures, and from this, combined 
with results for the magnetic susceptibility, a quantitative measure of the quasi-magnetic interaction 
may be obtained. The experimental results for the transition metals are collected together and 
critically discussed. It is shown that the paramagnetic susceptibility is higher than that estimated 
from the electronic specific heat assuming no addition il interactions, and that the positive quasi- 
ferromagnetic interaction indicated is of the same order of magnitude as in the ferromagnetic metals 
Recent experimental work on both the specific heat and susceptibility at low temperatures of alloys 
of palladium is discussed with particular reference to the determination of the forms of electronic 
energy bands. Theoretical work on the properties associated with bands of various forms is also 
described, and an interpretation is given of some of the more unusual types of temperature variation 
of susceptibility such as that observed for palladium. The coordination of the electronic properties 
of the transition metals provided by the electron energy band scheme though partial is very promising, 
but much further experimental work on metals and alloys at low temperatures will be required 
before a satisfactory overall picture can be obtained. 


LA SUSCEPTIBILITE MAGNETIQUE ET LA CHALEUR SPECIFIQUE, ELECTRONIQUE, 
DES METAUX DE TRANSITION EN RELATION AVEC LEURS STRUCTURES 
ELECTRONIQUES 


On indique cing types d’expériences desquelles il est possible, par une analyse théorique approp- 
riée, d’obtenir des informations sur la structure électronique des métaux de transition. On décrit le 
traitement collectif des chaleurs spécifiques électroniques et des susceptibilités magnétiques; des 
expressions sont obtenues pour les relations principales, sous une forme qui convient a l’application 
résultats expérimentaux. 

La densité des états au sommet de la bande d’énergie électronique peut étre de rivée de la contri- 
bution des électrons a la chaleur spécifique aux basses iemuiiietues s, et cela nt aux résultats sur 
la susceptibilité magnétique, permet d'obtenir une mesure quantitative Flatemetion quas 
magnétique. Les résultats expérimentaux pour les métaux de transition sont rassemblés et discutés 
d’une manieére critique. I] est montré que la susceptibilité paramagnétique est plus grande que celle 
qu’on a estimée de la chaleur spécifique, électronique, en supposant qu’il n’y a pas d’interaction 
supplémentaire et que l’interaction positive, quasi-ferromagnétique, indiquée, est du méme ordre 
de grandeur que dans les métaux ferromagnétiques. On discute des travaux expérimentaux, récents, 
sur les chaleurs spécifiques et la susceptibilité des alliages de palladium aux basses températures, en 
soulignant plus particulitrement la détermination des formes des bandes d’énergie électronique. 
On décrit aussi des travaux théoriques sur les propriétés associées aux bandes de diverses formes, 
et une inter ig res est donnée de certains types pel 1 communs de la variation de susceptibilité en 
fonction de la température, comme celle qu’on observe dans le palladium. La coordination des 
propriétés électroniques des métaux de transition donnée par le schéma des bandes d’énergie électroni- 
que promet beaucoup, mais est encore incompléte; de nombreuses expériences sur des métaux et 
alliages aux basses températures seront nécessaires avant qu’il soit possible de donner une image 
plus complete. 


DIE MAGNETISCHE SUSZEPTIBILITAT UND DIE ELEKTRONENKOMPONI 
DER SPEZIFISCHEN WARME DER UBERGANGSMETALLE IN BEZIEHUNG ZU DI 
ELEKTRONENSTRUKTUR 


Es wird gezeigt, dass man durch geeignete theoretische Analyse von ag Gruppen von Versuchen 
Daten iiber die Elektronenstruktur der Ubergangsmetalle erhalten k inn. Die Ele aa eye es nt 
der spezifischen Warme und die magnetische Suszeptibilitat nce or *n im Rahmen des kolle ktives n 
Elektronenmodells diskutiert, und fiir die nein ina Beziehungen werden Gleichunge . in einer 
zur Anwendung auf experimentelle Resultate geeigneten Form erhalten. Die Dichte der Energieni 
veaus am oberen Rand des Elektronenbandes kann aus der Elektronenkomponente der spezifische 
Warme der tiefen Temperaturen ermittelt werden. Daraus, zusammen mit den Daten der magnet 
ischen Suszeptibilitat, lasst sich ein quantitatives Mass fiir die quasi-magnetische Wechselwirkung 
erhalten. Die experimentellen Daten fiir die Ubergangsmetalle werden zusammengestellt und 
kritisch diskutiert. Es wird gezeigt, dass die paramagnetische Suszeptibilitat grésser als der aus dem 
Elektronenanteil der spezifischen Warme ohne Annahme weiterer Wech selwirkungen abgeschatzt« 
Wert ist; die auftretende positive quasi-ferromagnetische Wechselwirkung ist in der gleichen Gris 
senordnung wie die der ferromagnetischen Metalle. Es werden neue Messungen der spezifischen 
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Warme und der Suszeptibilitat von Palladiumlegierungen bei tiefer Temperatur diskutiert, vor 


allem im Hinblick auf die Bestimmung der Form der Elektronenbiander. 


[Theoretische Arbeiten 


iiber die Eigenschaften verschieden geformter Bander werden ebenfalls referiert, und einige unge- 
woOhnliche Arten der Temperaturabhiangigkeit der Suszeptibilitat, wie z.B. im Palladium, werden 


interpretiert. Die zusammenfassende 


Beschreibung 


der elektronenbedingten Eigenschaften der 


Ubergangsmetalle im Rahmen des Elektronenbandermodells ist teilweise sehr vielversprechend 
bevor jedoch ein zufriedenstellendes Gesamtbild erhalten werden kann, brauchen wir weitere experi- 
mentelle Arbeiten itiber Metalle und Legierungen bei tiefen Temperaturen. 


1. Introduction: Theory, Theories and 
Experiment 


The central problem of transition metals, as 
indeed of solids generally, is the determination of 
the energy distribution of states in them, the 
distribution of electrons among these states, and 
the spatial distribution of electron charge density. 
This ‘electronic structure’ embodies, in principle, 
an explanation of the observable properties. 

In the most thoroughgoing purely theoretical 
attack on the problem the attempt is made to 
formulate and to solve the quantum-mechanical 


equations appropriate to an aggregate of inter- 


acting atoms. Even with the approximations and 
simplifications necessary to make the problem in 
any way manageable, it is a remarkable achieve- 
ment that the elaborate 
have now been carried through with some com- 


calculations required 
pleteness for a number of metals. The results, 
such as the derived electronic energy band forms, 
assuredly show qualitatively what will happen, 
and to some extent how it will happen, in an atomic 
aggregate. Where comparison with experiment 
can be made of associated properties the quantita- 
tive agreement is usually poor. This indeed is to 
be expected in view of the complexity of the 
problem, and does not put in question the correct- 
ness of the underlying theory any more than does 
the lack of agreement between the theoretically 
calculated and the ‘observed’ energy level values 
for any but the simplest atoms. 

Most of the so-called theories of the transition 
metals (in which, for example, particular mixtures 
of ions are postulated, or particular numerical 
subdivisions of different types of bond) are on an 
entirely different level, and are little more, in 
effect, than speculative guesses as to what might 
be good approximations to the rigorous solution if 
this were known. These are not theories in any 
proper sense, but as speculations they may have 
some value. If they are to be worth considering, 
they must be compatible with the fundamental 
theoretical scheme which is known to be appli- 
cable to physico-chemical phenomena, and the 
various parts of the treatment must be consistent 


with each other. If these conditions are satisfied, 
the value of the treatment will depend on the ex- 
tent of the coordination of experimental results 
which it brings about, without additional purely 
ad hoc hypotheses and without implications which 
are in essential contradiction with other experi- 
mental results. From this point of view, some of the 
‘theories’ which have been put forward are of no 
value at all; there have been other suggestions, 
however, which, though similar in status, have 
illuminated the whole field. 

The progress made in the theoretical calculation 
of band forms has recently been reviewed by 
Raynor [1] and will not be considered here. A 
brief indication will, however, be given (§2, §6) 
of the results of work on the related problem of 
determining, by the appropriate statistical treat- 
ment, the temperature variation of some of the 
electronic properties for bands of particular 
forms. 

For atoms the energy level scheme is obtained 
with great accuracy (and is understood even though 
not quantitatively explained in detail) from an 
of experimental results, in particular 
This suggests that a much 


analysis 
those on spectra. 
better understanding could be gained of the trans- 
ition metals if more attention were devoted to 
careful experimental measurements of which the 
results could be most directly related to the energy 
band structure. There are various types of experi- 
ment from which partial information can be 
obtained. (1) Measurements of the specific heat 
at very low temperatures can give the electronic 
contribution with considerable accuracy, and 
from this the energy density of states at the top of 
the occupied range can be determined. Further 
information is obtainable from a study of suitable 
alloy series, and, though with less certainty, from 
the temperature variation of the specific heat. 
(2) Measurements of the magnetic susceptibility 
over a wide temperature range, but necessarily 
including the lowest temperatures, will then give 
further information about the magnetic moment 
distribution, and about the character of the inter- 
actions. (3) Soft X-ray spectroscopy would seem 
to be particularly promising as a means of obtaining 
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almost direct information about band 


forms, but very skilful experimental technique is 


energy 


required, the immediate results are lacking in the 
precision of optical or ordinary X-ray spectroscopy, 
and the interpretation of them is usually difficult 
and uncertain. (4) Intensity measurements in 
X-ray diffraction provide in principle a means of 
attacking experimentally the problem of the spatial 
distribution of electron charge density, but it is 
doubtful 
clusions could be reached for the transition metals 


whether clear-cut quantitative con- 


and their alloys except in very special cases. 


This is, however, a matter worthy of careful 
consideration by those engaged in the study of 
metals and alloys by X-ray methods. (5) Experi- 
ments on neutron diffraction give information 
complementary or additional to that obtainable by 
X-ray methods, in particular, in favourable cases, 
on the spatial distribution of magnetic moment 
density. Remarkably rapid progress has been made 
in recent years in this field, of which a detailed 
survey has been given by Bacon and Lonsdale [2]. 

In this paper attention will be directed mainly to 
work under (1) and (2). A summarizing survey of 
experimental results on the electronic heats of the 
transition elements is given in §3, and of those on 
magnetic susceptibilities in §4. Some of the recent 
work at Leeds, in which interrelated measurements 
have been made on the magnetic susceptibilities and 
specific heats at low temperature, is then outlined 
(§5), this being linked with further theoretical 


studies of the properties associated with bands of 


various forms (§6). The brief report on this work 
at Leeds is not intended to present general con- 
clusions, which it would be premature to draw from 
measurements so far made on a limited number of 
metals and alloys over limited ranges of tempera- 
tures, but rather to give an impression of the gen- 
eral character of the combined attack which is 
being made on some of the fundamental problems 


of transition metals and alloys. 


2. Theory of Magnetic Susceptibility and 
Electron Specific Heat 


The form of band for which the associated 


electronic properties have been most fully investi- 
gated is that in which the energy density of states 


is proportional to the square root of the energy 


measured from an appropriate origin. Denoting 
the number of states by »v, the distribution is 


represented by 


(1) 
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This ‘standard’ type of distribution (Figure 1a) 
applies not only when the energy is purely kinetic 
(for ‘free’ electrons, for example) but also, at 
least as an approximation, much more widely. 
It will also apply to the upper part of a band 
when, with the energy measured downwards from 
the top of the band, the distribution expression (1) 
holds over an adequate range (Figure 1b). This 
application is particularly important when there 


FiGuURE 1. Parabolic energy 
electrons and idealized 
form of overlapping s- and d-bar 


ges in the lowest energy stat 


for 


are overlapping bands, as for nickel and other 
transition elements. In nickel the d-band, believed 
to be approximately parabolic at its upper end, 
is overlapped by a much wider s-band. It is con- 


venient to consider the distribution of ‘holes’ in 
the d-band rather than of the electrons. The pro- 
perties associated with a band containing a given 
number of holes, the energy being measured from 
the top, are in general the same as with a ‘mirror- 
band 
the 


In determining 


image’ containing the same number of 


electrons, energy being measured from the 


the distribution of elec- 


and its 


bottom. 


trons among the states, variation with 


temperature and other conditions, Fermi-Dirac 


statistics must be used, based essentially on 


premises that the particles are indistinguishable, 


and that not more than a given 
(For 


directions of spin, and two electrons may occupy 


one may OCCUPpy 


quantum state. electrons there are two 


only if the are 


a given translational state spins 
antiparallel.) 


Normally, at 


states in a band would be occupied by 


absolute zero, the lowest energy 
electrons 
in pairs, the band being filled up to an energy & 
(the change in wording for Figure 1b will be 
obvious). The electronic system corresponding toa 
the 
the 


the number of 


single band may therefore be specified by 


band form, such as is represented by (1 
number of electrons, N, in it (or 


electrons per atom, g), and the energy width of 


| 
} 
( la) Form for free 
electrons: (1b) Idealized 
el The ) I 
—_—X 
Lilt 
dv/de = ae’. 
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the occupied portion, «, in the lowest energy 
state. It is sometimes convenient to express the 
energy, €, aS a temperature, 6, where 


referring to 60-7 as the Fermi (by 
analogy with the Debye temperature, @p). It may 


be noted that the numerical relation between the 


temperature 


energy expressed in ergs, ¢€, in electron volts, 
€)', and as a temperature, @,, is 


(2a) « = 1.6020 &’ = 1.3805 


With increase in temperature a ‘tail’ develops, 
the electrons spreading into the higher energy 
ranges. Ultimately, at very high 
(T > 6,) the distribution approximates to that 


temperatures 


given by Maxwell-Boltzmann statistics. The effect 
of a magnetic field is to favour energetically spin 
directions parallel to the field, so that with Ny, 
spins parallel and N_ antiparallel to the field, the 
relative magnetization, ¢, is given by 


N,—wN 
Ni +N 


3) c= 


It may be noted that ferromagnetics are distin- 
guished by the occurrence, below a critical tempera- 
ture, of magnetization in the absence of an applied 
field (spontaneous magnetization). This may be 
formally attributed to a quasi-magnetic molecular 
field, which arises from the interactions between 
the electrons, and which, to a first approximation, 
is proportional to the magnetization. 

The determination of the temperature depen- 
dence of physical properties associated with 
electrons in a band is much more troublesome with 
Fermi-Dirac than with Maxwell-Boltzmann stat- 
istics. The quantities required may be expressed 
in terms of certain Fermi-Dirac integrals. Except 
for low and high temperatures (7'/@7 — 0 and 7/0, 
expressions are obtainable, these integrals must be 


respectively), for which convenient series 
evaluated numerically. Extensive tables are avail- 
able of Fermi-Dirac integrals which are immed- 
iately applicable to the standard distribution of 
states [3], and with the aid of these, detailed 
precise calculations have been made by Stoner of 
the temperature dependence of various charac- 
teristic properties. Extensive tables have been 
given for electronic energy and specific heat [4], 
spin paramagnetism [5], collective electron ferro- 
magnetism [6], [7], and the general thermodynamic 
functions [8]. More recently accounts of the treat- 


ment have been included in general surveys having 
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particular reference to ferromagnetism [9], [10]. 
For the present purpose it will be sufficient to 
indicate the general character of the results for 
electronic specific heat and paramagnetism. The 
variation effectively over the whole temperature 
range for the standard band form will be shown 
by curves, and formulae appropriate in the low- 
temperature limit will be given both for the 
standard band and for bands of any form. 
Specific heat. In Figure 2 
the 


is shown, in reduced 


form, variation with temperature of the 


electronic energy and specific heat. 


FicurE 2. Variation with temperature of electronic 
energy and specific heat for standard band form. «, maximum 


electron energy (band with) at absolute zero. €, mean energy 
per electron. C, specific heat per electron; k, Boltzmann 
constant. The straight lines are the tangents at kT/e = 0, 
ind the asymptotes to the curves. 


For free electrons 97 (equal to «/k) may be of 
the order of 10,000°, so that the corresponding 
specific heat would be small not only at the 
lowest temperature, but over most of the ordinary 
temperature range (the ‘low-temperature’ approxi- 
mations would here be adequate). For the holes in 
the d-band of nickel, and other transition ele- 
ments, @r is of the order of 1000°, and ordinary 
temperatures the intermediate 
range. In certain circumstances, 0% may be con- 
siderably lower than this, so that the results for 
the ordinary temperature range would correspond 
closely to those given by classical statistics. The 
limiting value of the specific heat at low tempera- 
tures is given by 


correspond to 


The electronic contribution to the gram atomic 
heat, (C4)e, expressed in cal. deg.-! mole.—, 


1S 


| 
= ; 
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= 8.4471 x 10~ ( 

€0 
where g is the number of electrons (Figure la) or 
holes (Figure 1b) in the band per atom, and «&’ 
is in electron volts. 

Whatever the band form, the electronic heat at 
low temperatures is proportional to the tempera- 
ture and to the energy density of states at the top 
of the Fermi distribution, being given by 


9 
(6) 
where (dy’/de) is the density of states per atom 
corresponding to one direction of spin. (For the 
standard band form, (6) and (4) are equivalent.) 
The electronic contribution to the gram atomic 


heat may be usefully be expressed as 


(7) 


where (C,), is in cal. deg.—! mole, v’ is the number 
of states per atom for one direction of spin, and ¢’ 
is in electron volts. Using (7), the energy density 
of states at the top of the Fermi distribution may 
at once be found from the coefficient, y, of the 
term linear in the temperature in the usual form 
of expression of the results of specific heat measure- 
ments at low temperatures (see §3). 

Magnetic susceptibility. The variation with tem- 
perature of the magnetic susceptibility of elec- 
trons in a parabolic band is shown, in reduced 
form, in Figure 3. 

The statements made about the temperature 
range covered by the specific heat curve of Figure 


(C4)-/T = 1.1263 X 107° (dv’ /de’),., 


FiGuRE 3. Variation with temperature of electronic 
magnetic susceptibility for standard band form. xe, suscep- 
tibility per electron; u, Bohr magneton; ¢, maximum electron 
energy at absolute zero. (1) Reduced inverse susceptibility 
against reduced temperature; (la), (1b) Tangent and asymp- 
tote to (1) at low and high temperatures respectively; (2), 
(2a), (2b) Corresponding curves with positive interaction, 
for a value 0.5 of the reduced interaction parameter, (6’/«). 
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2, and the trend towards the results given by 
classical statistics at high temperatures are appli- 
cable to the inverse susceptibility curve of Figure 
3. The trend of the susceptibility towards cons- 
tancy at the low-temperature limit and to a linear 
variation with the inverse of the temperature 
(Curie law) at the high-temperature limit is to be 
noted. The limiting value of the susceptibility at 
low temperatures is given by 


(8) 


for the electronic contribution to the gram 


or, 
atomic susceptibility, 


(xale 9 ( R Or 


(9) 5.6279 X 


4.8496 X 107° (g/e0’), 


where Mz, is the magnetic moment per mole for 
one Bohr magneton per molecule, g is the number 
of electrons per atom in the band, and «&’ is the 
Fermi energy in electron volts. If the quasi- 
magnetic interaction is negligible, the limiting 
low-temperature susceptibility is directly propor- 
tional to the energy density of states at the top 
of the Fermi distribution, being given by 


(10) 


contribution to the gram 


or, for the electronic 


atomic susceptibility, 


(11) (xa)e = 6.4661 10-5 (dv’/de’) 


where v’ and e¢’ have the same significance as in 
(7). 

Effect of molecular field. The effect of interactions 
of the exchange, or more generally overlap, type 
may be to give rise to terms in the energy expres- 
sion proportional to even powers of the magnetiza- 
tion. In the simplest case, when terms involving 
powers higher than the second may be neglected, 
the effect is equivalent to that covered formally 
by the Weiss assumption of a quasi-magnetic 
molecular field proportional to the magnetization. 
The effect of such interaction may be taken into 
account in a very simple way, as was first shown 
by Stoner (11). With the standard band form, 
using Fermi-Dirac the susceptibility 
is increased in a way corresponding to a constant 
(i.e., temperature-independent) decrease in the 
inverse susceptibility. In reduced form, 


statistics, 


ly’ 
qd de 
2 
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where the first term represents the reduced sus- 
ceptibility without interaction (and is represented 
by curve 1 in Figure 3), and @’ is the interaction 
parameter. This parameter is such that the quasi- 
magnetic energy electron in an assembly 
magnetized to a relative magnetization ¢ (see (3)) 
is equal to — } k6’f*. It is proportional to the Weiss 


per 


molecular field coefficient, Nw, the proportionality 
factor involving constants of the particular mater- 
ial and general physical constants. The variation 
of susceptibility with temperature when 6’/6, is 
taken as 0.5 is shown in curve 2 of Figure 3. 

An important new point becomes evident when 
the appropriate Fermi-Dirac statistics is applied 
to this problem. With classical (Maxwell-Boltz- 
mann) statistics a positive molecular field would 
always give rise to ferromagnetism below a certain 
temperature. In Figure 3, with 6'/@, = 0.5, 
spontaneous magnetization would set in at the 
temperature corresponding to the point at which 
the straight line 2b crosses the temperature axis. 
With Fermi-Dirac statistics this crossing will not 
occur, as is apparent from curve 2, unless 0’/@,, 
that is, effectively, the ratio of the interaction 
energy to the energy width of the band, exceeds a 
critical value. From (8) and (12) the condition 
for ferromagnetism to occur is 


(13) = > 2/3. 


The complications of ferromagnetism will not be 
considered further here. With an effective inter- 
action coefficient which is positive, and not too 
large, the susceptibility will be 
increased by an amount which is calculable over 
the 
band form, and in the low temperature limit for 
the general band form. Thus, with the standard 
band form, for the inverse of the susceptibility 
per electron at low temperatures equation (8) 
with equation (12) leads to 


2k 
(14) 


and the corresponding modifications may be made 
in (9). The quasi-magnetic interaction parameter, 
6’, may be expressed in terms of the difference of 
low-temperature limiting values of the inverse 
susceptibilities with and without interaction. 
With (x4). as the gram atomic susceptibility as 
and {(x4)e}o as the value without 


paramagnetic 


whole temperature range for the standard 


observed, 
interaction, 
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(15) = 3.7519 K 10-7 [{1/(xa)eho — 1/(xa)e]. 


An estimate of {(x4)e}o may be obtained from 


the electronic specific heat. 

Relation between susceptibility and specific heat. 
The ratio of the susceptibility (without interaction) 
to the electronic specific heat for the whole tem- 
perature range can be determined for the standard 
band form. Considering only the low temperature 
limit (for which the result is the same for any 
band form), the ratio, from (4) and (8) is given 
by 


(16) 
(xe)o 

At this low temperature limit the ratio, with the 
gram atomic heat in cal. deg.-' mole, may be 
expressed in a manner convenient for application 
to experimental results by 


C4)-/T} X 10° 


(xa)efo 


< 10° 5.7412 ° 


free. 


This numerical relation is potentially extremely 
useful, for if the observed value of x4 at low 
temperatures significantly exceeds the value cal- 
culated by (17) from C,4/T7, there is an immediate 
indication of a positive molecular field effect, 
of which a more quantitative estimate is obtainable 
from (15). 

In the next three sections some of the experi- 
mental results will be surveyed and briefly con- 
sidered in the light of the simple form of the 
collective electron treatment presented in this 
section. 


3. Electronic Heats: Collected Results 


It is found that, at sufficiently low temperatures, 
the gram atomic heat, C4, of many metals can be 
represented with good accuracy by an expression 
of the form, 


(18) Cy = yT + OT*. 


The term b7* may be associated with the lattice 
vibrations, and on the simple Debye theory is 
given by 


(19) 10°(T 


where 9p is the Debye temperature. The term y7 
is associated with the electronic contribution to 
the heat capacity, and y (equal to (C,4),./7) is 
given by (5) of §2 for a parabolic band, or generally 
by (7). Usually measurements must be made in 
the liquid helium range if reliable values of y and 
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b are to be obtained. In some cases (depending 
on the relative magnitudes of yT and b7*) appar- 
ently satisfactory estimates of y and b can be 
made from measurements in the liquid hydrogen 
range, but even then the values obtained must be 
treated with reserve, owing, among other things, 
to the possibility of variations in the effective 
value of @p. In the superconducting state there is 
considerable evidence that the linear term in the 
specific heat expression (18) vanishes. In principle, 
it is possible to derive the value of y (for the 
normal state) from measurements of the threshold 
field over a range of temperatures. Very precise 
measurements are required and these are difficult 
to make over the necessary range. With a few 
exceptions, the values of y obtained by this 
method up to the present must be regarded as 
no more than very rough estimates. 

Collected values of y are given in Table I. For 
the reasons just indicated little reliance can be 
placed on the estimates derived from measure- 
ments on superconductors, as is brought out strong- 
ly by the two values in brackets quoted for 
niobium. 


TABLE I 
ELECTRONIC HEATS OF THE TRANSITION ELEMENTS 


vy X 10*-(y = (C4)./T, cal. mole deg.) 


(The values in brackets have been estimated from magnetic 
measurements on superconducting materials, the remainder 
from calorimetric measurements. ) 


Cr Mn Fe Co Ni 
3.7 42.1 12.0 12.0 17.4 


[14.1] 


Nb Mo Ma _ Ru Rh Pd 
21 
[60,375] 


Calorimetric measurements 


Ti, Cr, Zr FRIEDBERG, S. A., ESTERMANN, I. and GOLDMAN, 
J. E. Phys. Rev. 85 (1952) 375. 

Etson, R. G., GRAYSON-SMITH, H. and WILHELM, 
J. O. Can. J. Res. 18 (1940) 82. 

ARMSTRONG, L. D. and GrAayson-SmiTH, H. Can. 
J. Res. 27 (1949) 9. 

DuycKaeErtTs, G. Physica 6 (1939) 401. 

KeEEsom, W. H. and KURRELMEYER, B. 
6 (1939) 364. 

DuyckaeErts, G. Physica 6 (1939) 817. 

KeEEsom, W. H. and C. W. 
(1935) 513. 


Mn 


Physica 


Physica 2 
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M., ZERMANSKY, M. W. and Boorse, 
Phys. Rev. 86 (1952) 134. 
Nature 138 (1936) 123. 


Proc. Phys. Soc. 


BROWN, 
H. A. 

PICKARD, G. L. 

PICKARD, G. L. and Simon, F. E. 
61 (1948) 1. 

KEEsoM, W. H. 
(1941) 273. 

Sitvipi, A. A. and Daunt, J. G. 
(1950) 125. 

Kok, J. A. and Keesom, W. H. 
1035. 


DESIRANT, M. Physica 8 


and 


Physica 3 (1936) 


Measurements on superconductors 


WESLER, A. and Corak, W. S. Phys. Rev. 79 
(1950) 737. 

Daunt, J. A. and MENDELSSOHN, K. 
Soc. 160 (1937) 127. 

Cook, D. B., ZERMANSKy, M. W. and Boorse, 
H. A. Phys. Rev. 80 (1950) 737. 

GoopMAN, B. B. Nature 167 (1951) 111. 

DauntT, J. G. and MENDELSSOBN, K. 
Soc. 160 (1937) 127. 

DauntT, J. G. and Smita, T. S. 
(1952) 309. 


Proc. Roy. 


Proc. Roy 


Rev. 88 


Phys. 


The most striking features of the values for y, 
as derived from calorimetric measurements, is that 
all are high, with the exception of that for chrom- 
ium, as compared with the values for the ‘simple’ 
metals. (As examples, the values of y X 10‘ for 
Cu, Mg and Al are approximately 1.78, 3.25 and 
3.48 respectively.) The high values of y for the 
transition metals receive an immediate qualitative 
interpretation in terms of the band picture as 
arising from the high density of states at the top 
of the electron distribution (at low temperatures) 
in the region of the overlap of the relatively wide 
(and low) s band and the relatively narrow (and 
high) d band (see Figure 1b). From (7), the energy 
density of states, expressed as the number of 
states per atom per electron volt, is given by 


(20) (dv’/de’) = 8.8788 XK 107 (y X 104). 


This gives values ranging from 2.66 for Pd to 
0.61 for Zr (to be compared with 0.16 for Cu). 
(Although the far from 
parabolic in form, it is interesting to note that if 


bands in general are 
they were the corresponding values of 07/¢, from 
(5), would range from about 3160° for Pd to 
14200° for Zr, to be compared with 55700° for 
Cu.) 

It is tempting, and it would not be particularly 
difficult, to devise band forms for the transition 
elements which are compatible with the y values 
given in Table I. Speculative attempts of this 
kind 


until many further results are available both for 


would, however, serve no useful purpose 


|| 
Nb 
Pd 
Ta 
W Phys. Rev. 77 
Pt 
V 
Nb 
Ru, Os 
Ta 
Re 
8.3 
Zr 
6.9 0 
La Hf Ta W Re Os Ir Pt ee 
14.1 §1.1 16.1 
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the metals and for alloys. Where detailed calcula- 
tions of band forms have been made, the calculated 
values of y usually diverge widely from the experi- 
mental values. Thus the calculated values of 
y X 10‘ for iron [12] and tungsten [13] are about 
4.6 and 4.8 as compared with the experimental 
values of 12.0 and 51.1 respectively. Exceptionally, 
the calculated value for nickel [14] of about 16.9 
is very close of the experimental value of 17.4, 
but, as the author states, this agreement must be 
regarded as somewhat fortuitous owing to the 
approximations made in the calculations. 

Although there are no obvious defects in the 
experimental methods or the methods of analysing 
the experimental results the value obtained for y 
for tungsten by Silvidi and Daunt is, as they 
appreciate, so high as to be out of line with the 
values for other metals. This will be referred to 
again in §4. On the other hand there is no reason 
to doubt the reliability of the low value for chrom- 
ium, which is compatible with the top of the Fermi 
distribution falling in a range of the relatively 
wide composite energy band associated with the 
d and s states where the density of states is com- 
parable with that for free electrons. 

It will be clear from this short survey that 
significant information has already been obtained 
from investigations of specific heat at low tempera- 
tures. This information, however, is very frag- 
mentary, and much further extensive and careful 
work will be necessary before the potentialities 
of this method of attack on fundamental problems 
of the electronic structure of the transition metals 
can be fully realised. 


4, Magnetic Susceptibilities: Collected 
Experimental Results 


In the classical investigations of Honda [15] 
and Owen [16] the magnetic susceptibilities of 
some sixty elements, including nearly fifty metals, 
were measured over a range of temperature 
extending from —170°C to over 1000°C. There has 
been no such comprehensive investigation since, 
and the results are by no means entirely super- 
seded. In later work, however, usually on a limited 
number of elements in each particular investiga- 
tion, improved methods of measurement may have 
been adopted and, a most important consideration, 
materials of higher purity have usually been 
used. In general, therefore, the results may be 
presumed to be more reliable. The results obtained 
for the metals generally have been collected to- 
gether and discussed from time to time in books, 
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e.g., Stoner [17], Selwood [18], and papers, e.g., 
Stoner [19], Bommer [20]. During the last few 
years further work in this field has been carried 
out in a number of centres. An examination of the 
results obtained for particular elements by different 
investigators, giving greater weight to the more 
recent work, suggests that the room temperature 
susceptibility of the transition elements cannot 
usually be regarded as ‘established’ to better than 
about 5 per cent (cf. Hoare and Walling [21, 
p. 340]) and in some cases the uncertainty is much 
greater than this. This should be borne in mind in 
connection with the values given for the gram 
atomic susceptibility, x4, in Table II. These are 
not means of values obtained by different investi- 
gators, but are taken from the papers referred to, 
which are usually the most recent dealing with the 
particular element. For the present purpose a 
conspectus of susceptibility values for the trans- 
ition elements on which reasonable reliance can 
be placed is all that is required, and an elaborate 
critical discussion of the various results for each 
particular element would be out of place. It should 
be mentioned that the value given by hafnium is 
from some preliminary results privately communi- 
cated. 

The results which have been obtained for the 
temperature variation of the susceptibility are 
extremely difficult to summarize in a useful way. 
A considerable number of measurements have been 
made above room temperature up to about 1000°C, 
as in the original work of Honda, and very re- 
cently a method has been developed for extending 
the temperature range up to 1850°C by Kriessman 
[22]. Below room temperature measurements have 
usually been made only at one or two isolated 
temperatures, e.g., at 90°K by Bommer [20], at 
14.2° and 20.4°K by de Haas and van Alphen [23]. 
From the theoretical standpoint, extended measure- 
ments down to the lowest temperatures would 
be of very great value. In the absence of adequate 
information about the low temperature range 
except for a few of the metals (see §5), an indication 
of the order of magnitude of the temperature 
variation has been given in Table II in the form of 
estimates from available data of (dx,4/dT) at 
room temperature. For most of the transition 
elements the temperature variation is small at 
room temperature (palladium is an obvious 
exception), and where this is so, the aggregate 
change over the whole temperature range which has 
been investigated is usually small also, correspond- 
ing to a gradual monotonic increase or decrease. 
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TABLE II 


GRAM ATOMIC SUSCEPTIBILITIES OF THE TRANSITION 
ELEMENTS AT ROOM TEMPERATURE 
xa X 10°. 


(The order of magnitude of the temperature variation is 
shown by the estimated values of 100 (dx4/dT) X 10° 
given in brackets.) 


Mn Fe Co 
533 
(—14) 


Sc i ] Cr 
315 153 160 
(—24) (+4) 

Zr Ma Rh Pd 
191 122 44 102 558 
(-—7) (+1) (+3) (—140) 
La Hf e ] Os Ir Pt 
122 81 10 26 190 
(—3) (+1) (+1) (+2) (—12) 


Sc. ¥, La Elektrochem. 45 (1939) 


ar Elektrochem. 45 (1939) 
Cr Bates, L. F. and Baqi, A. Proc. Phys. Soc. 
48 (1936) 781. 
Mn SERREs, A. Phys. Rad. 9 (1938) 377. 
Nb, Mo, W DE Haas, W. J. and VAN ALPHEN, P. M. 
Proc. Kon. Akad. Amst. 36 (1936) 263. 
GUTHRIE, A. N. and Bourvanp, L. T. 
Phys. Rev. 37 (1931) 303. 
Rh, Pd, Ta, Pt Hoare, F. E. and WALLING, J. C. 
Phys. Soc. B, 64 (1951) 337. 
KRIESSMAN, C. J. Rev. Mod. Phys. 25 
(1953) 122. 
PEeRAKIs, N. and Capatos, L. J. Phys. Rad. 
6 (1935) 642. 


Ru, Os, Ir 


Proc. 


In some cases, however, there is a change of sign 
in the variation. For manganese, for example, 
according to recent preliminary measurements of 
Kriessman, the susceptibility increases with in- 
creasing temperature by about 7 per cent from 
— 200°C to —125°C and decreases by 4 per cent 
from —125°C to +25°C (the curve is gently 
concave downwards with a rather flat maximum). 

The room temperature susceptibilities of the 
transition elements are plotted effectively against 
atomic number in Figure 4. This graph brings out 
more immediately the general character of the 
regularities and irregularities in the sequence of 
values along the rows and columns of the periodic 
table. A somewhat similar graph using the then 
available results was given by Bommer [20], who 
appears to have been the first to draw attention 
explicitly to the peculiar alternation of relatively 
high and low values for the first five elements in 
each of the transition series. It is tempting to 
suggest that this alternation may be connected 
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with the possible occurrence of sub-bands each 
accommodating two electrons per atom, such as 
are indicated in the calculations of Manning [12] 
for iron, but such a suggestion, based on the 
susceptibilities alone, must be regarded as purely 
speculative. 


2 3 a 5 6 ? 8 
+ WB+2)Sc—Ni, +(3642)Y-Pa, +(54#2) Lo,+ (6842) To- Pr 


ATOMIC NUMBER 


Gram atomic magnetic susceptibility of the 
room temperature. (For references, 


FIGURE 4. 
transition elements at 
see Table II.) 


The susceptibilities of the transition elements are 
in most cases much higher than those of other 
metals, for many of which the paramagnetic 
contribution is of the same order of magnitude as 
from the closed 
observed 


the diamagnetic contribution 
electron groups, and the _ resultant 


susceptibility is as often diamagnetic as paramag- 


netic. (As examples, the values of x4 X 10° for 
the alkali metals Na, K and Rb are in the range 
+10 to +20, while Cu, Ag and Au are all diamag- 
netic.) For free electrons, g per atom, from (9) 


(using the appropriate calculable values of «), 
the calculated values of {(x,4)-/q¢} X 10° would 
lie between about 5 and 25. For very narrow bands, 
in contrast, the situation would approach that with 
quasi-classical With 
magnetic interaction, a Curie law would be follow- 
ed, with a {(x4)e/q} X 10° at 
temperature of about 1280. The collective electron 


statistics. negligible quasi- 


value of room 
treatment outlined in §2 covers, in a general way, 
all these possibilities. For the alkali and noble 
the effective 
large, for some of the rare earth metals small, and 


metals Fermi temperature, 6,7, is 
for the transition metals intermediate. 

The temperature variation of the susceptibility 
of the transition elements raises many points of 
interest, but in view of the incompleteness of 
the data for the low-temperature range, only a 
few comments will be made here. The temperature 
variation is almost always small compared with 


Ma 
/ 
/ 

ar 
| 
A Sc | 
/ | 
\ ¥ / | 

\ 
357. 
@ 
5 


268 


that of a Curie law paramagnetic (for which, at 
temperature, the value of 100 (dx,4/dT) 
would be equal to —0.3413x,4). This 
variation is approached in the room temperature 


room 
type of 
region most nearly by palladium (see §5). In 
many cases the susceptibility is almost constant. 
The magnitude of the variation is compatible with 
the general treatment of §2, though an increase 
with temperature would not of course occur with 
an energy band of standard form (see §6). It has 
been noted by Kriessman [22] that the sign of the 
variation alternates in successive columns of the 
periodic table (see Table II), and it is probably 
significant that there is usually a decrease for 
elements of higher susceptibility (Table II, Fig. 4). 
There cannot, however, be a simple general law 
of this kind, as for some of the elements the sign 
of the temperature variation changes over the 
temperature range. 

As described in §2, the value of the susceptibility, 
with zero quasi-magnetic interaction, {(xa)e}o 
can be calculated from the temperature 
electronic heat (see (17)). Further the sign and 
magnitude of the quasi-magnetic interaction can 
be estimated the difference between this 
calculated value and the observed value (see (15)). 
Insufficient experimental results are available to 
enable a significant extrapolation to absolute 
zero to be made, but, since the temperature 
variation is usually small, it is unlikely that results 
obtained by using the room temperature values 
will be seriously in error. As the results are of 
considerable interest, some of the values obtained 
are collected together in Table III, though it 
must be stressed that the values must be regarded 
as very provisional. In view of the special un- 
certainties in the values of y derived from measure- 
ments on super-conductors, calculations have been 
made only for those elements for which y has been 
determined from calorimetric measurements. 

Tungsten is completely out of line with the 
other elements in Table III, and since there is 
no reason to expect strongly marked peculiarities 
in the electronic characteristics, and the values in 
the literature for the susceptibility are not widely 
divergent, it seems possible that the value of y is 
at fault, as already suggested in §3. Further experi- 
ments are obviously desirable. 

It cannot be excluded that for the other elements 
there may be substantial errors in the y values, 
most of which rest on a single determination. 
Further, the observed susceptibility values refer 
to room temperature, and in most cases can hardly 


low 


from 
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TABLE III 


COMPARISON OF OBSERVED VALUES OF SUSCEPTIBILITY AND 
VALUE CALCULATED FROM THE ELECTRONIC HEAT FOR 
THE SUSCEPTIBILITY WITH NEGLIGIBLE QUAsI- 
MAGNETIC INTERACTION 


= (C4/T)r-o. 

x4)e}o estimated values of gram atomic susceptibility with 
zero quasi-magnetic interaction. (See equation (17) 
and Table I.) 
observed gram atomic susceptibility at 
temperature. (From Table II.) 
derived interaction parameter (see equation (15)). 
effective number of electrons (or holes) per atom in 
the band. 


room 


10° 


(xa )obs X 10° 


48 153 

22 160 

533 

122 

212 

558 

154 

52 

Pt j ¢ 190 


be relied on to better than 5 per cent. For these 
reasons it would be misguided to discuss the values 
derived for 6’/q in detail. There can be little doubt 
however, about the main point brought out by the 
table. For all the elements listed, except tungsten 
(that is, for all the transition elements for which 
there are reasonably reliable experimental results 
for both the electronic heat and the susceptibility) 
the observed susceptibility is substantially higher 
than the value calculated from the electronic 
heat on the assumption that the quasi-magnetic 
interaction is negligible. This means that the 
interaction coefficient which corresponds to the 
Weiss molecular field coefficient is positive, and 
that what may for brevity be called ‘positive 
interaction’ is by no means restricted, among 
metals, to the ferromagnetic metals, but is general 
among the transition elements. This general 
interpretation of the magnetic properties of the 
transition elements was put forward a good many 
years ago by Stoner [11], but the present approach 
paves the towards a more quantitative 
treatment. 

With regard to the rough provisional values 
given in Table III for 6’/q, it may be recalled that 
q is the effective number of electron spins per 
atom in the band concerned. (If there are n 
electrons per atom in a band which can accom- 
modate m electrons, g is equal to if m < m/2, or 
to m — n if m > m/2.) For the alkali and noble 
metals, g = 1. For the transition metals it seems 


way 


fa] 
5 400 
15 100 
850 
6 400 
1 340 
1 410 
2 200 
— 5 900 
2 060 
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likely that, owing to the occurrence of sub-bands 
and overlap, the effective value of g will ordinarily 
be less than unity. The energy per electron is 
lower when the spins are completely aligned 
than when the resultant moment is zero by 4k6’. 
Bearing in mind that the value of 6’ for nickel is 
about 2000°, some of the values of 6’/g in Table III 
may seem large. Superficial consideration might 
suggest that, in terms of the present symbolism, 
6’ would be large for ferro-magnetic metals, but 
small and even negative for other metals. The 
factor determinative of the occurrence of ferro- 
magnetism is, however, the relative magnitude of 
6’ and a parameter specifying in some suitable way 
the energy spread of the band (cf. (13) for a para- 
bolic band). For a widely spread band (which 
would ordinarily be associated with a small value 
of y) 6’ may be very large without the so specified 
quasi-magnetic interaction being large enough to 
give rise to ferromagnetism. It may be noted that 
even for free electrons the quasi-magnetic inter- 
action is positive, and for sodium, treating one 
electron per atom as free, the theoretically calcu- 
lated exchange effect (cf. Seitz, [24], p. 602) 
corresponds, with the present symbolism, to a @’ 
value of the order of 10,000°; but since the effective 
6y is some three times as large, sodium is not 
merely nonferromagnetic, but it has only a feeble 
and almost constant paramagnetism. Great diffi- 
culties have been encountered in the theoretical 
treatment of ferromagnetism by methods of the 
kind initiated by Heisenberg, in which the effective 
starting point is the Heitler-London treatment of 
the hydrogen molecule. The exchange interaction 
integral for hydrogen is negative, and although 
plausible reasons have been given for the onset of a 
positive exchange effect for the ferromagnetic 
metals, and well-known curves showing this have 
been given, the more detailed calculations by this 
particular method have persistently given negative 
exchange effects except in rather special conditions. 
If the approach is one which takes free or nearly 
free electrons as the starting point the occurrence 
of positive exchange effects would be regarded as 
normal. The present preliminary analysis of the 
experimental results for the transition elements 
shows clearly that the relevant interaction effects 
are positive, and that the occurrence of ferro- 
magnetism is not due simply to positive inter- 
action, but to the relative magnitude of these 
particular interactions and those determining the 
energy spread of the states in the electronic 
energy bands. Some of the recent more fundamen- 
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tal work on the theory of metals (e.g., Slater, 
[25]; Wohlfarth, [26]) shows much better promise 
than did most of the earlier work of linking up 
satisfactorily with the general conclusions reached 
in the present analysis of the experimental results, 
and so with the experimental results themselves. 


5. Some Recent Investigations on Transition 
Metals and Alloys at Low Temperatures 


A few years ago work was started on the develop- 
ment of a small scale low temperature laboratory 
in the Physics Department at the University of 
Leeds. One of the main aims was to make accurate 
measurements of the magnetic susceptibilities and 
specific heats of selected metals and alloys such 
as might lead to more precise information about 
their electronic structure. It seems appropriate to 
give some indication of the character of the work 
which has been carried out and of the general 
programme envisaged, though it is unnecessary to 
give details which can be found in recent readily 
accessible publications. It was thought desirable 
at first to gain experience in the experimental 
methods by working with liquid hydrogen, and the 
measurements so far made have been limited to the 
range from about 20° to 290°K for susceptibilities, 
and from about 10° to 20°K 
It is hoped very shortly to make measurements in 


for specific heats. 


the liquid helium range, for which suitable appara- 
tus has been designed and constructed. 

It is envisaged that measurements will mainly 
be made on transition metals and alloys (fairly 
extensive investigations of diamagnetic metals 
have been, and are being, carried out in other 
centres). The aim, however, is not so much to make 
a broad experimental survey, for this is provided 
by the results which have been reviewed, but rather 
to select metals and alloy series for which detailed 
accurate measurements would be most likely to 
lead to significant conclusions having a 
bearing. (It should perhaps be mentioned that the 
choice is partly conditioned by the availability of 
the metals in a state of high purity, and in a 
suitable form.) An enormous amount is now known 
about the ferromagnetic metals iron, cobalt, and 
nickel, and nickel, in particular, has been the sub- 


wider 


ject of innumerable experimental and theoretical 
studies of a fundamental kind. For this reason, and 
bearing in mind the relation indicated by the 


collective electron treatment between metallic 
ferromagnetism and paramagnetism, elements in 
the triads of the other transition series almost 


pick themselves out as having priority for studies 
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of the kind in view, and among them, in particular, 
palladium and platinum, in the same column of 
the periodic table as nickel. It may be mentioned 
that a careful analysis in the light of the collective 
electron treatment, was made a few years ago of 
the experimental results then available for palla- 
dium and platinum by Wohlfarth [27]. 

The magnetic measurements are made essen- 
tially by measuring the force on a small specimen 
in a nonhomogeneous field, using a Sucksmith 
balance. This method is very satisfactory for 
comparative measurements, but it was necessary 
to make initially absolute measurements, using a 
Gouy method, on a material to serve as a standard. 
Tantalum was selected as especially suitable for 
this purpose, and the first definitive measurements 
completed in these particular investigations were 
an absolute determination of the susceptibility of 
Ta, and a comparative determination of the 
susceptibilities of Rh, Pd and Pt, all at room 
temperature [21]. Measurements on the suscep- 
tibility at different temperatures were made by a 
photographic recording method. This enabled the 
temperature range from liquid hydrogen to room 
temperature to be traversed in a few hours as the 
specimen was allowed to warm up, the suscep- 
tibility being determinable from the recorded 
deflections at small temperature intervals over the 
whole range [28]. In the work referred to the 
susceptibilities for Rh, Pd and Pt were measured 
from 20° to 290°K. Measurements have since 
been made on a number of Pd-Rh alloys [29], 
and, in conjunction with specific-heat measure- 
ments over the range 10° to 20°K, on Pd-Ag 
alloys [30]. The specific-heat measurements are 
made by standard methods, with various refine- 
ments in detail. It may be mentioned that they 
are more than the susceptibility 
measurements, and that considerably larger quan- 
tities of material are required (of the order of 50 
gm as compared with 1 gm). 

Some of the results obtained by Hoare and his 
collaborators for the susceptibility of palladium 
and palladium-silver alloys are shown in Figure 5. 
The maximum in the susceptibility of palladium 
had not previously been observed and it raises 
new and interesting questions which will be referred 
to again in the next section. From room tempera- 
ture down to about 100°K the variation of sus- 
ceptibility with temperature is of a kind corres- 
ponding closely to that for a parabolic energy 
band as shown in Figure 3. The form of the curve 
shows at once that the band form is more complica- 


troublesome 
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ted than this. With addition of silver the maximum 
disappears but the upward turn which occurs 
with some of the alloys of higher silver content is 
very intriguing and emphazises the desirability 
of extending the measurements on all these alloys 
down to the helium range. 


Figure 5. Susceptibility against temperature for palla- 
dium-silver alloys. Atomic percentage of silver is indicated on 
the curves. 


At room temperatures the susceptibility of the 
decreases monotonically to about 60% 
silver after which it remains approximately 
constant, as had previously been observed [31; 


alloys 


32], and it is reasonable to seek a qualitative 
explanation of this behaviour in terms of the filling 
up of holes, approximately 0.6 per atom, in the 
d-band by the s-electrons of silver. (This corres- 
ponds essentially to the behaviour of nickel on the 
addition of copper.) Much more direct information 


is obtainable on this point from _ specific-heat 
measurements than from susceptibility measure- 
ments. The specific-heat measurements that have 
been made over the range from 10°-20°K enable 
the electronic and lattice contributions to be 
separated with reasonable certainty for the small 
silver contents, but owing to the falling off in the 
electronic contribution the separation cannot be 
convincingly carried out for the higher silver 
contents until measurements are made in the 
helium range. Assuming that, for the smaller 
silver contents at least, alloying does correspond 
to the filling up of the palladium d-band, the form 
of the band obtained from the measurements is as 
shown in Figure 6. It must be stressed that this 
band form is to be regarded as very provisional 
until measurements at lower temperatures have 
been made, but it seems unlikely that the initial 
fairly rapid decrease will be substantially modified. 

As for the transition metals generally, a compari- 


| 
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son of the electronic heats and susceptibilities of 
the palladium-silver alloy indicates that for the 
lower silver contents the quasi-magnetic interaction 
remains positive and comparable in magnitude 
with that for palladium itself. 

The atomic number of rhodium is one less than 


Band form for palladium from specific heat 
number of 


FIGURE 6. 
measurements. e’, energy in electron volts; »’, 
states per atom for one direction of spin. 


that of palladium, that of silver one higher. 
Addition of silver to palladium, as has just been 
seen, reduces the susceptibility. The susceptibility 
of rhodium is considerably less than that of 
palladium (see Table II), but the measurements of 
Hoare, Kouvelites and Matthews [29] show that 
in small percentages rhodium increases the sus- 
ceptibility. In the hydrogen range even 1% of 
rhodium increases the susceptibility by some 20%; 
with 5% rhodium the increase is greater but 
becomes less for 10% after which the susceptibility 
may provisionally be presumed to decrease mono- 
tonically to the rhodium value. 

This outline of some of the work so far carried 
out, though brief, will probably be sufficient to 
indicate the promise of this type of investigation 
for elucidating some of the problems of the trans- 
ition metals and their alloys. 


6. Energy Bands of Various Forms 


In §2 a quantitative account was given of the 
physical characteristics associated with 
bands of parabolic form; expressions were also 
given for the limiting low-temperature character- 
istics for bands of any form. These latter expressions 
are essentially the first terms of series of which 
higher terms may be obtained without undue 
difficulty (e.g., Stoner, [11]). Unfortunately the 
range of applicability of these series expressions 
is usually very limited. 

It is in principle possible to determine the 


energy 
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necessary integrals numerically for bands of any 
given form, but the work entailed would be out of 
all proportion to the value of the results except 
for bands having well defined general characteris- 
tics, or whose form was known to apply accurately 
and in detail to some actual material of interest. 
made by 


Useful however, be 


investigating bands of various well defined types. 


progress can, 
(1) The parabolic band is a member of the class 
of bands whose energy density of states is represen- 
ted by 
(2n+1 


(21) 


where » = 0,1,2.... The tables prepared by 
McDougall and Stoner [3] enable bands of this type 
to be covered without undue difficulty. 


(2) The rectangular band, represented by 

dy 

(22) —=¢@ 
de 


is somewhat more artificial than the parabolic 
band, and the results do not pass over in the same 
to those by quasi-classical 


elegant given 


statistics. The results do, however, complement 


way 


most usefully those for the parabolic band, and 
there are a number of possibilities of application. 
The great advantage is in simplicity. Almost all 
the results of physical interest can be obtained, 
though not without difficulty, in closed analytical 
form. A very thorough study of this type of band 
has been made by Wohlfarth [33], covering ferro- 
magnetic as well as paramagnetic and thermal 
properties. 

(3) The rectangular band is a member of the 


group of bands of the form 
(23) 

where = 0, | Tables prepared by Rhodes 
[34] effectively enable all bands of this type to be 
covered satisfactorily. (It should perhaps be 
noticed that the integrals evaluated in the course 
of this work have many applications other than 
those of immediate interest here.) 

Although the physical characteristics—that is, 
in particular, the variation with temperature of 
quantities such as the magnetic susceptibility and 
electronic heat—differ in detail for these various 
forms, the variations are disappointingly similar 
in general character. It does not seem that any 
sus- 


unusual properties (such as an increase in 


ceptibility over one part of the temperature range 


ce 
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and a decrease over another) is likely to arise with 
bands of such simple form. More spectacular 
properties are likely to arise only with overlapping 
bands of this relatively simple type or with bands 
requiring a two or more parameter representation. 
Effects arising from overlapping bands, such as 
the transfer effect, have been studied by Wohl- 
farth [35], Lidiard [36] and others. The not unrela- 
ted problem of a more complex form of a single 
band has been studied in recent years by Elcock, 
Rhodes and Teviotdale [37], and a systematic 
account of the properties associated with bands 
of various types is in the course of publication. 
This will include a preliminary study of certain 
closed- as well as open-band forms. 

It is not intended to discuss this work in any 
detail here, partly because it is essentially work in 
progress and partly because there are at present 
few sufficiently sets of experimental 
results with which comparisons can usefully be 
made. In view of the attention drawn to the 
maximum in the susceptibility of palladium, 
however, it may be of interest to note that this 
type of behaviour may be associated with a band 


complete 


of the form 


(24) a + be’, 
as shown in Figure 7. 

Although this form of band may seem somewhat 
strange, it is not dissimilar to some of the theoreti- 
cally calculated band forms, and it does appear 


FIGURE 7. Susceptibility temperature curves for bands of 
the form dv/de = a + be’. r is a reduced temperature and 
@ a parameter such that @ = (b/a) &*. The curves 1, 2, 3, 4 


correspond to ¢-values of 0.05, 0.146, 2.0 and 5.0, 
tively. 


respec- 


to give a quite reasonable fit with both the sus- 
ceptibility of palladium and the variation of elec- 
tronic heat on alloying with silver. This illustration 
is given, however, not as representing a final 
conclusion but rather as indicating how a combined 
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attack from the theoretical and experimental ends 
may in due course lead to many interesting results. 


Footnote 


Since the main text of this paper was written 
and typed a short abstract has become available 
giving the results of new measurements in the 
liquid-helium range of the specific heat of tungsten 
and molybdenum by M. Horowitz and J. G. Daunt 
(Phys. Rev. 50 (1953) 379). The value obtained 
for y for tungsten is 1.8 & 10-*, which is 28 times 
smaller than the earlier value quoted in Table I, 
and confirms the doubt expressed about that 
value in the text (§§3, 4). With the new value of y, 
the value of 6’/g in Table III would become 
+29100. This seems very high, but it is more in 
line with the result for chromium, for which the 
low value of y is discussed in the text. The pre- 
liminary value of y for molybdenum is given as 
5.1 X 10-4. This would lead to a value for 6’/q 
of +8690. The new values for y, and still more 
values derived from them, must obviously at 
present be treated with reserve, but if they are 
assumed provisionally, it is interesting to note that 
the highest three values of 6’/q which have so far 
been obtained are for the three elements Cr, Mo 
and W, all in the same periodic group. 
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THE EFFECT OF LATTICE ANISOTROPY ON LOW-TEMPERATURE 
SPECIFIC HEAT* 


W. DeSORBO} 


A general analysis has been made in terms of the Debye theory of most of the available low- 
temperature specific heat data of monatomic solids. The results of the analysis are compared among 
the various crystal structures including the highly anisotropic lattices. An attempt has also been 
made to apply for the purpose of general analysis the Tarassov quasi-empirical specific heat integrals 
to describe lattice anisotropy. The results of such an analysis are summarised for Se, Te, Hg, In, 
Zn, Cd, Sb, Sn (white) and Li (low-temperature phase). The comparison using this simple model 
shows that the anisotropy of mercury and indium is ‘‘similar”’ to that of tellurium and selenium, and 
that the anisotropy of zinc and cadmium is ‘‘similar’’ to that of other ‘‘layer’’ structure elements. 
The relative number of “‘soft’’ and ‘‘hard’’ modes of vibration of these anisotropic lattices have been 
calculated using simple continuum models. A qualitative method is pointed out for distinguishing 
between monatomic isotropic lattices, polymeric “chain’’ lattices and polymeric ‘‘layer’’ lattices 
from low temperature specific heat data. 


L’EFFET DE L’ANISOTROPIE DU RESEAU SUR LA CHALEUR SPECIFIQUE AUX 
BASSES TEMPERATURES 


On a fait une analyse générale en termes de la théorie de Debye des données disponibles, concernant 
les chaleurs spécifiques des solides mono-atomiques aux basses températures. Les résultats de cette 
analyse sont comparés suivant les diverses structures cristallographiques, y compris les réseaux 
fortement anisotropes. Une tentative a aussi été faite d’appliquer, dans une analyse générale, les 
intégrales quasi-empiriques de chaleur spécifique, de Tarassov, pour la description de l’anisotropie 
du réseau. Les résultats d’une telle analyse sont exposés sommairement pour Se, Te, Hg, In, Zn, 
Cd, Sb, Sn (blanc) et Li (la phase stable aux basses températures). La comparaison basée sur ce 
simple modéle montre que I’anisotropie du mercure et de l’indium ‘‘ressemble”’ a celle du tellure 
et du sélénium, et que l’anisotropie du zinc et du cadmium “‘ressemble”’ a celle des autres éléments 
ayant une structure en ‘‘couches’’. Le nombre relatif des modes de vibrations ‘‘douces’’ et “‘dures’’ 
de ces réseaux anisotropes a été calculé en se basant sur un modéle simple de milieu continu. On 
indique une méthode qualitative permettant de distinguer entre les réseaux monoatomiques, iso- 
tropes, les réseaux des polyméres en ‘‘chaines’’ et les réseaux des polyméres en ‘‘couches’’, en partant 
des données sur les chaleurs spécifiques aux basses températures. 


DIE WIRKUNG DER ANISOTROPIE DES KRISTALLGITTERS AUF DIE SPEZIFISCHE 
WARME BEI TIEFEN TEMPERATUREN 

Fast alle vorhandenen Daten iiber die spezifische Warme monoatomarer Festkérper bei tiefen 
Temperaturen wurden im Rahmen der Debye’schen Theorie analysiert. Die Resultate fiir die 
verschiedenen Kristallstrukturen, einige stark anisotrop, wurden miteinander verglichen. Es wurde 
auch versucht, die Tarassov’schen quasi—empirischen spezifischen Warmeintegrale im Rahmen der 
allgemeinen Analyse zur Beschreibung der Gitter-anisotropie zu verwenden. Die Resultate einer 
solchen Analyse werden fiir Se, Te, Hg, In, Zn, Cd, Sb, Sn (weiss) und Li (Tieftemperaturphase) 
zusammengestellt. Ein Vergleich, dem dieses einfache Modell zu Grunde liegt, zeigt, dass die Aniso- 
tropie des Quecksilbers und des Indiums ‘‘ahnlich” der des Tellur und des Selens ist; die des Zinks 
und Kadmiums ist “ahnlich’’ der anderer ‘‘Schichtstruktur’’-Elemente. Unter Zugrundelegung von 
einfachen Kontinuumsmodellen wurde die relative Anzahl von “harten”’ und ‘‘weichen”’ Schwing- 
ungen in diesen anisotropen Gittern berechnet. Es wird ausserdem eine quantitative Methode 
angegeben, die gestattet, auf Grund der Daten der spezifischen Warme bei tiefen Temperaturen 
zwischen einatomischen, isotropen Gittern, polymeren ‘‘Kettengittern’’ und polymeren ‘‘Schicht- 
gittern’’ zu unterscheiden. 


anisotropy in graphite in terms of the Debye 
theory. In Tarassov’s work [3], two quasi-empirical 
equations each having two parameters and based 
on the Debye type of assumptions were proposed 


Introduction 


During the past several years there has been a 
revival of interest, both experimental and theoreti- 
cal, on the effect of lattice anisotropy on low- 
temperature specific heats. These studies have 
included the work of Tarassov [1—4], Gurney [5], 


coupling 


accounted for the 
“layer” and 


qualitatively 
between polymeric 
structure lattices. 


and 


forces “chain 


and Estermann and Kirkland [6]. Prior to this 
Nernst [7] had recognized the problem in comparing 
his specific heat data of graphite with the Einstein 
theory and likewise Magnus [8] had discussed the 


*Received October 27, 1953. Presented in part before the 
A.E.C. Solid-State Conference, University of Illinois, June 
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For “chain” lattices Tarassov has proposed the 


following formula: 


(1) 


— 
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where 6; is the characteristic temperature for the 
“hard” modes of vibration and @; that for the 
“soft’’ modes. Likewise, for “‘layer’’ lattices he has 
presented the following formula: 


2 6,/T 


C23) = 6R 


2 0 


T? 6,/T T? 6./T | 


where 62 is the characteristic temperature associa- 
ted with the ‘‘hard’’ modes of vibration and @; 
that for the ‘“‘soft’’ modes. The author has shown 
that equation (1) can describe the data quite 
satisfactorily for selenium [9] and tellurium [10]; 
and equation (2) can describe the data satisfac- 
torily for antimony [11]. 

Krumhansl and Brooks [12] have extended the 
Debye theory of specific heat to elastically aniso- 
tropic solids and applied it to DeSorbo and Tyler's 
data on graphite [13]. Their semi-rigorous atomic 
model substantiates the general form of the 
assumptions used by Tarassov’s simple model for 
“interacting chain’’ lattices [14] as well as his 
simple model for ‘interacting layer’’ substances 
(15]. For a more detailed analysis of the variation 
of the specific heat of anisotropic monatomic 
solids, it would be necessary to calculate the 
vibrational spectrum in each case. These more 
rigorous dynamical procedures, employing the 
general methods of Born and Von Karman [16], 
Blackman [17] and Montroll [18],* are in principle 
straightforward. To the writer’s knowledge, the ap- 
plication of these methods to the study of anisotropic 
lattices has been independently suggested by Krum- 
hansl [14], Stockmayer and Hecht [19], Montroll [20] 
and Pry [21]. Asa step in this direction, Stockmayer 
and Hecht [19] have proposed an approximate model 
for polymeric ‘‘chain”’ lattices following essentially 
Blackman’s [17] method for cubic crystals. Their 
results are in good agreement with equation (1) 
above. 

It is suggested, then, that the Tarassov simple 
model, despite its limitations, could become a 
useful representation of specific heat data for the 
purpose of general analysis of anisotropic solids as 
Debye’s formula has served, in the past, for iso- 
tropic lattices.t For this reason it could be useful 
on general questions in a simpler manner than the 
more rigorous and more tedious analysis could 


(2) 


*See also [24]. 
tAnother general method of analysis of interest is that 
recently introduced by Leibfried and Brenig [22]. 


accomplish; the detailed methods of analysis often 
being impossible to carry out when basic informa- 
tion, such as elastic constants, is not readily 
available. Furthermore, an important application 
of the Tarassov model could be its use in exploring 
approximate structural information from observed 
low temperature specific heat data [19; 76]. 

The purpose of this is to extend the 
simple Tarassov model for anisotropy and specific 
heat to other anisotropic monatomic solids whose 
specific heat data are currently available in the 
literature and to point out, from this general 
analysis, certain correlations which have heretofore 
not been noticeable. The initial step in this simple 
generalization is brought about in terms of the 
deviation of the characteristic Debye temperature, 
9p, with temperature [3; 9; 10; 11]. The report 
serves to correlate together Debye 
characteristic temperatures as a function of 
temperature for various classes of crystal struc- 
tures whenever the data have been available.f 
The Debye characteristic temperatures were cal- 
culated from specific heat data minus the electronic 
contribution.§ In a few cases where the electronic 
specific heat term has not been presented but the 
data were available in the liquid helium range, it 
has been approximated by conventional graphical 
methods. The elements whose specific heat data 
are still not available between the liquid helium 


paper 


also these 


temperature range and liquid nitrogen range have 
not been included. 


(a) Face-Centered Cubic Lattices 


The characteristic temperatures, 9p, as a func- 
tion of temperature for the face-centered cubic 
lattices are presented in Figure 1 for the low- 
temperature region. Aluminum [23; 24], platinum 
(27; 37], silver [31; 38], lead [31; 32] and possibly 
gold [29; 30] follow the type of deviation predicted 
by Leighton [40] and Garland and Jura [41]. 
Nickel [33; 34], aluminum, copper [27; 28] and 
silver show peaks and/or dips appearing for the 
most part in the helium range. These variations 
cannot be accounted for by the theoretical models. 
They could be due to lattice irregularities, im- 
purities, etc. [42]; incorrect method of accounting 


{Bibliographies used: K. K. Kelley, Bulletin No. 477, 


U.S. Department of the Interior, Bureau of Mines, 1950. 
C. A. Shiffman, The Heat Capacities of the Elements below 
Room Temperature, General Electric Research Laboratory, 
1952. 

§In cases where C, was not determined by the respective 
authors the Nernst-Lindemann approximate relation, Cp — 
C, = 0.0214 C,? (T/T;), has been used to evaluate C, from 
the experimental C, data. 
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characteristic 
lattices. 


The variation with temperature of the Debye 
temperature for some face-centered cubic 


for the specific heats of free electrons [43]; experi- 
mental factors such as gas adsorption [44; 42]; 
or a combination of these. No simple generaliza- 
tions can be made on these variations. Thorium 
[39], cerium [26], palladium [35; 36], calcium [25], 
copper, aluminum, and nickel show qualitatively 
either constant values or increases in @ values with 
decreasing temperature in the liquid hydrogen 
temperature region. In Table I are tabulated the 


TABLE I 


COEFFICIENT OF LINEAR TERM OF ELECTRONIC SPECIFIC 


Element Electronic term Reference 


cal—mole—'-deg. 
3.484 X 1074 
not available 
ot available 


I 
Cu l 
Au ] 
Pb 71.4 X io 
Ni 1.744 X 1073 34 
35 
Pt 1.607 X 10° 27 
Ag 1.54 X 10-f 38, 43 
Th not available 39 


Pd 


*Estermann, Friedberg and Goldman [62] have recently 
reported a value of yey = 1.80 X 10~. 

tCorak and Garfunkel [30] have more recently reported 
values of yey = 1.60 X and = 1.48 X 107%. The 
difference in the 8p values obtained using these more recent 
values are insignificant in altering the general variation of the 
@p-vs-T curve in the temperature range of interest in this 
discussion. 
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electronic terms used in evaluating the lattice 
contributions to the specific heats. 


(b) Body-Centered Cubic Lattices 


Figure 2 presents the Debye characteristic 
temperatures as a function of temperature for 
some body-centered cubic lattices. Molybdenum 
[37], potassium [37], and sodium [35; 37] show 
practically constant above liquid-hydrogen 
temperature region.{ The variation for sodium 
in the liquid hydrogen region is due to a still 
unexplained anomaly in the helium region. The 
§-value for iron [45; 46; 47] increases with decreas- 
ing temperature showing a peak at about 15°K. 
The electronic specific heat term (y) for iron is 
that given by Duyckaerts [45]; i.e., y = 1.20 10-. 
The electronic terms for the other metals listed 
are not available from experimental data. Lithium 
[46] in this temperature region shows a decided 
drop in @p with decreasing temperature. 
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FIGURE 2. The variation with temperature of the Debye 
characteristic temperature for some body centered cubic 
lattices. 


(c) Hexagonal Lattices 


The temperature variation for the Debye 
characteristic temperatures for some hexagonal 
lattices are presented in Figure 3. Magnesium 
[52], whose c/a ratio is close to the ideal ratio of 
1.633 for hexagonal close-packing, reveals a 
practically constant 6-value in the upper tempera- 


{For the vibrational spectra of b.c.c. lattice see P.C. Fine, 
Phys. Rev. 56 (1939) 355. 
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ture region of the graph followed by a rise in its 
value with decreasing temperature. Zinc [58; 59; 
60] with a c/a ratio of 1.856 and cadmium [49] 
with a c/a ratio of 1.886 have relatively variable 
6’s above 20°K. Cobalt [50; 51] with a c/a = 1.623 
has a variation in @ similar to magnesium except 
for a slight dip at approximately 55°K (see below). 
The lattices having a c/a ratio less than ideal, 


DEBYE @ VS T FOR SOME CLOSE-PACKED HEXAGONAL 


LATTICES 


COBALT 


x 
MAGNESIUM §+1.624 


ZIRCONIUM +1. 590 


TEMPERATURE — 6, 


capmium £+1886 


CHARACTERISTIC 


LANTHANUM §+1.615 


| THALLIUM £ «1.596 
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FiGuRE 3. The variation with temperature of the Debye 
characteristic temperature for some close-packed hexagonal 
lattices. 


beryllium [48] (c/a = 1.568), zirconium [61; 62] 
(c/a = 1.590), and thallium [25; 56; 57] (c/a = 
1.598) curve. 
However, these c/a ratios are still very close to 
the ideal value. The characteristic temperatures 
for thallium dip down slightly below 18°K. Table 
II gives a summary of y, the coefficient of the 
electronic specific heat term for these substances. 


have a roughly constant 6-vs-7 


(d) Other Anisotropic Lattices 


The analysis of the specific heat data for some 
other anisotropic lattices in terms of the Debye 
model are shown in Figures 4a and 4b.* These 
elements (Fig. 4a) are sulfur [63], selenium [10; 
64] (hexagonal), crystalline tellurium [64], mercury 
(35; 66], and indium [67; 68]. The electronic 


*The scale used for the ordinate and abscissae are identical 
in all graphs in order to present a more favorable comparison. 
The only exception is in presenting the graphite data. The 
results for some other anisotropic lattices are presented in 


Fig. 3. 


TABLE II 


SPECIFIC 
METALS 


ELECTRONIC 
HEXAGONAL 


LINEAR TERM Of 
CLOSE-PACKED 


COEFFICIENT OF 
HEAT OF SOME 


Element Electronic term Reference 


(y) cal-mole~'—deg 


Be 5.4 X 10 
Cd* not available 
Co 12.0 X 10-4 
La 2.0 X10 
Mg 3.25 X 10 
Ti* not available 
Tl 1.8 X 10° 
Zn 1.50 XK 10-4 
Zr 6.92 
*In general, failure to account for the electronic specific 
heat term does not affect appreciably the characteristic 
temperature above liquid hydrogen temperatures. 
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FIGURES 4(a) and 4(b). The variation with temperature 
of the Debye characteristic temperatures for some anisotropic 
lattices. 
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specific heats were corrected for indium only. 
(y = 3.55 X 10-*). An anomaly in the helium 
temperature region for mercury prevents an 
experimental graphical evaluation of y. The other 
three substances have not been studied at low 
enough temperatures to permit a calculation of y.* 
In Figure 4b are presented the Debye characteris- 
tic temperatures for graphite [13], gallium [58; 
73], tin (white) [70; 71; 72], and antimony [11; 
69]. The ordinate scale for graphite is 
condensed. An electronic specific heat correction 
term has been applied to white tin (y = 4.0 X10™*). 
Data are not available for determining it for the 
other three substances.* 


much 


Discussion of Results 


The general analysis of the data in terms of the 
Debye model does not reveal any simple generali- 
zation about the behavior of @ with temperature 
for lattices of a given crystal structure. As a crude 
generalization for the f.c.c. metals, the character- 
istic temperature @ is more or less constant with 
some variations in the lower temperature regions; 
the exceptions to this: are gold, lead, platinum 
and silver. The specific-heat variation in terms of 
the Debye 6-temperature variation of silver, lead 
and platinum can be understood in terms of the 
Leighton model of specific heats of f.c.c. lattices 
[40]. Gold has a relatively large variation of 4p 
with temperature. The data are not available in 
the liquid-helium region to apply the Leighton 
model. Other isotropic lattices that deviate con- 
siderably from the Debye model are the diamond 
structure elements germanium, silicon and grey 
tin. These have been discussed by Hill and Parkin- 
son [77]. 

With the exception of lithium, the b.c.c. crystals 
show a constant value or a rise in @ with decreasing 
temperature. In the c.p.h. lattices the @ variation 
for Mg and Co, presumably good isotropic lattices, 
deviate similarly as do the variations of some of 
the f.c.c. isotropic lattices such as nickel, copper, 
aluminum, silver and diamond [74]. Cobalt has a 
slight dip at approximately 55°K which might be 
due to stacking faults [75] presumably present in 
the lattice. Lanthanum shows a deviation below 
30°K. The data analyzed were those of Parkinson, 
Simon and Spedding [26] whose sample was 
reported to have a room temperature structure 
corresponding to both hexagonal close-packed and 


*In general, failure to account for the electronic specific 
heat term does not affect appreciably the characteristic 
temperature above liquid hydrogen temperatures. 
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cubic close-packed forms. What effect this mixture 
of structures has on specific heats has not been 
ascertained. The variation of @, for hexagonal 
lattices having a c/a ratio slightly less than the 
ideal ratio, reveal almost constant @-vs-T curves. 
The variation of 6 with temperature for Zn (c/a = 
1.886) and cadmium (c/a = 1.886) reveal devia- 
tions above 15°K similar to the anisotropic lattices 
presented in Figures 4a and 4b. 

A general comparison of the results shown in 
Figure 1 through Figure 4b shows that the tem- 
perature variation of the normal Debye charac- 
teristic temperature for each anisotropic lattice is 
appreciably more pronounced than that for any 
of the isotropic lattices presented. In comparing 
Figures 4a and 4b the results also demonstrate that 
the three-dimensional Debye theory is incapable of 
distinguishing between “layer” and ‘‘chain’’ poly- 
meric solids. However, in a very rough and quali- 
tative manner, the simple specific-heat models 
based on continuum ideas can be utilized to corre- 
late anisotropy with low-temperature specific-heat 
data. In Figure 5a are shown the variations of the 
CALE, ONE DIMENSIONAL MODEL 
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FiGuRE 5(a). The variation of the characteristic tempera- 
tures 63, 62 and 6; with temperature for magnesium. 


characteristic constants 63, 62 and 6; applied to the 
specific heat data of magnesium, an example of an 
isotropic lattice. @; is the normal Debye charac- 
teristic temperature; 62 is the characteristic 
temperature obtained by using a two-dimensional 
frequency distribution function, and similarly 6; 
represents the characteristic temperature obtained 
from a one-dimensional frequency distribution 
function [3; 9; 10; 11]. These variations in char- 
acteristic temperature 6, 6. and 6; (the latter may 
be increasing with decreasing temperature or 
constant with decreasing temperature) are rep- 
resentative of a number of isotropic lattices such 
as aluminum, copper, nickel, iron, molybdenum, 
potassium, sodium, beryllium, zirconium, and 
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titanium (not taking into account any variations 
in the liquid-helium temperature range.) 

Figure 5b shows the deviation of 63, 02 and 6; 
for cadmium. 6; and 62 rise with decreasing tem- 
perature and 6; decreases with decreasing tempera- 
ture. The elements whose specific heat when 
analyzed in terms of 63, 62 and 6; behave similarly 
as in Figure 5b are graphite, antimony, gallium, 


cadmium, zinc, arsenic, bismuth, lithium (low- 


r 


CADMIUM 


TCMPERATURE — 6 


CHARACTERIST! 


TEMP. 


FicureE 5(b). The variation of the characteristic tempera- 
ture 63, 0. and 6, with temperature for cadmium. 
temperature phase), and tin (white). Similar 
variations can also be shown for the specific heat 
data of BN recently reported by Dworkin, Sasmor 
and Van Artsdalen [78].* 

Figure 5c presents the deviation of 63, 62 and 4; 
this case, 3; and 62 are decreasing 


for mercury. In 
with decreasing 
with decreasing temperature (not considering the 


temperature while 4; is increasing 


anomalous variations in the liquid-helium tem- 


CHARACTERISTIC 


FiGuRE 5(c). The variation of the characteristic tempera- 
ture 6;, 02 and @; with temperature for mercury. 


perature range). The elements whose three char- 


acteristic temperatures vary in an analogous 


manner to those of mercury are selenium, tellu- 
rium, indium and sulfur. 

In general, all the elements falling in the first 
class (Fig. 5a) have crystal structures that are 
Those mentioned in the 


essentially isotropic. 


*The writer is grateful to these authors for their data in 
advance of publication. 


LATTICE 


ANISOTROPY 279 
second class whose characteristic temperatures in 
general follow the type of deviation shown in 
Figure 5b can rather naively be referred to as 
“‘layer-like.’’ This term is used loosely to include 
the rhombohedral structure of Sb, As and Bi. 
Cadmium and zinc whose c/a ratio is greater than 
ideal may be considered to be in this class.t 
In these 
valences occur in the “two-dimensional plane.” 
The bonding perpendicular to the plane is of a 


weaker character. The main valence forces may be 


so-called “layer structures’’ the main 


considered to be associated with the higher fre- 
quencies in the lattice and on a continuum model 
represented by a simple two-dimensional distribu- 
tion function. As the temperature is decreased, 
however, the higher frequencies, associated with 
the main valence forces for the layers become less 
highly excited and leave waves of longer and 
longer wavelengths as the only ones excited. These 
longer waves then can better be described, again 
following the approximations of the continuum 
model, by a normal Debye three-dimensional 
distribution function. Therefore, as pointed out 
previously [3; 11; 12], a possible explanation for 
the increase in 62 and decrease in 6; at low tempera- 
tures that the frequency-distribution 
function following for the most part a two-dimen- 
the 


may be 


sional form at higher frequencies (higher 
temperatures) is going over into a three-dimensional 
form with decreasing frequency (lower tempera- 
tures). Applying Tarassov’s simple two-parameter 
formula (equation 2) to account for this, we obtain 
the results shown in Figure 6a where the Debye 
(03) vs T been 
obtained the 


dimensional Debye function, and in the other case 


characteristic temperature has 


using in one case normal three- 
using as data the theoretical specific-heat values 
obtained from the anisotropic model (equation 2). 

Similarly, referring to Figure 5c, one possible 
explanation for the increase in 6; and the decrease 
in 6; with decreasing temperature may be that for 
this class of elements the frequency-distribution 


function one-dimensional 


following initially a 
form is going over into a three-dimensional form 
10]. That is to 


say, as the lower temperatures are attained, the 


with decreasing temperature [3; 9; 


higher frequencies which may be considered to be 
associated with the main valence forces along the 
chains (selenium, tellurium) become less highly 


excited, and leave waves of longer and longer 


tWhite Sn whose short bonds (3.02A) do not lie very far 
out of the a-b plane and whose long bonds (3.17A) are along 
the c-direction is also included in this class. 
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wavelengths. At sufficiently low temperatures the 
remaining waves can be described by the three- 
dimensional distribution function. 

Furthermore, it seems that the anisotropy in 
this model is 
and _tellurium. 


mercury and indium based on 
“similar” to that of 


The rhombohedral structure of mercury is visual- 


selenium 
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FIGURES 6(a ind 6(b). Theoretical curve of Debye 
6 vs T, using the normal three-dimensional Debye function, 


and using as data the theoretical specific heat curve for the 


anisotropic model 


ized as a f.c.c. structure deformed along a body 
diagonal. This geometry brings atoms in neighbor- 
ing layers closer together at a distance of 3.00 A. 
Each atom has six nearest atoms at this distance; 
whereas the Hg-Hg separation within a rhombo- 
hedral (111)-plane is 3.47 A.* This anisotropy is 
of an “‘opposite’”’ nature compared to that in zinc 
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and cadmium which is brought about in the 
latter case by the distortions of the hexagonal 
close-packed layers where the atoms in adjacent 
planes are farther apart than those in the same 
layer. In a qualitative way, then, the mercury 


structure could give rise to stronger net forces 
along the c-direction compared to the relative 
weaker forces along the a-direction. 

The indium lattice represents a distorted cubic- 
close-packed grouping where there is an elongation 
along one of the cube edges. The 12 equidistant 
neighbors normally present in cubic-close-packed 
structures go over into one group of four at a 
distance of 3.24 A and a second group of eight at a 
slightly larger distance, 3.37 A.* It is difficult, 
however, to visualize any emphasis of unidirec- 
tional forces in this case. Indium could be an 
anomaly in this scheme. 

The results of applying Tarassov’s two-parameter 
(equation 1), the 
and ‘‘hard”’ modes of vibration, are shown 


formula which accounts for 
“soft” 
in Figure 6b. Here, analogous to Figure 6a, we 
obtain the theoretical curve of Debye @ vs T 
obtained in with the normal 


dimensional Debye function, and also using as 


one case three- 
data the theoretical specific-heat values obtained 
from equation (1). In both Figures 6a and 6b, then, 
the decrease in the 6p-vs-T curves can be accounted 
for in terms of the anisotropy of the lattice using 
simple continuum models excluding any variations 
in the helium region. 
A rather interesting but qualitative correlation 
obtained by applying the Tarassov equation to 
the specific heat of anisotropic lattices is the 
relative number of ‘“‘soft’’ and “hard’”’ modes of 
vibration [10; 11]. 
Table III along with some pertinent structural 


These are summarized in 
information.t Although there are many detailed 
effects this 
the summary reveals some interesting correlations, 


neglected in continuum treatment, 


i.e., the larger anisotropy in selenium over that in 
tellurium which is in agreement with the disparity 
of bond and tellurium; 


distances in selenium 


approximately equal anisotropy in zinc and 


cadmium whose c/a ratios are about equal; the 
smaller anisotropy of “layer-structure’’ antimony 
compared with graphite [12]. For lithium, equa- 


*R. W. G. Wyckoff, Crystal Structures (Section I) (New 
York, Interscience Publishers, Inc., 1948). See also C. S. 
3arrett, Structure of Metals (New York, McGraw-Hill Book 
Company, Inc., 1952), p. 218. 

+The author expresses his gratitude to Dr. J. S. Kasper 
of our laboratory for his discussions on the structures of these 
anisotropic lattices. 
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rABLE II] 


RELATIVE NUMBER OF “‘HARD"’ MODES OF VIBRATION 


Closest on "eI t Per cent 


Element Crystal a Simple \pproach “Hard 
Structure Description of Atoms modes modes 


Hexagonal Chain 
Hexagonal 5 : Chain 


Rhombohedral f.c.c. com- 
pressed along 


body diagonal 


Face-centered 3.3 f.c.c. com- 
tetragonal pressed along 
cube edge 


Close-packed : ‘layer’ 
hexagonal 


Close-packed 
hexagonal 


Rhombohedral ‘puckered 
layer” 


Sn Body-centered 5.8: 3.17 flattened 
(White tetragonal diamond 


grouping 


Li close-packed : Ideal close 
(Low hexagonal packing but 
temp. imperfect 
phase) stacking of 

layers 


*Number of bonds indicated by number in parenthesis. {Data of Busey and Giauque 


tion (2) gives a much better fit [76] to the specific- In applying the Tarassov model to lithium the 
heat data than did Fuchs’ analysis using computed assumption has been made that the imperfect 
elastic constants and Born’s modification of the stacking sequence present in the low-temperature 
Debye theory. This agreement is shown in Figure 7. close-packed hexagonal phase may be responsible 
for the presence of relative ‘‘soft’’ and “hard”’ 

T CURVES F 
ERVED, DEBYE MODEL 


C., BORN'S MODEL (FUCHS) 
ANISOTROPIC MODEL 


modes of vibration. The frequency spectrum of 
this phase has been approximated by two distri- 
bution functions based on a continuum model. 
However, the effect of faulting or imperfect 
stacking sequence on low-temperature specific 
heat has not yet been studied experimentally. 
Therefore, this variation of 9 with temperature in 
lithium at present must be looked upon as an 
anomaly though faulting may be an explanation. 
r The specific heat of lanthanum whose structure 
mae Sey was reported by Parkinson, Simon and Spedding 


FIGURE 7. The temperature variation of the Debye 6 [26] to be a mixture of c.p.h. and b.c.c. can also 
calculated from the Debye model, Born’s model (Fuchs) and 
from the anisotropic model. 


ve described by equation (2) with 22.4 per cent 
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“soft’’ modes and 77.6 per cent ‘‘hard’’ modes (i.e., 
6, = 148° and @; = 68°). Here again the presence 
of a ‘‘mixture’’ of two phases may be an explanation 
for the variation in the Debye characteristic 
temperature. However, no theory relating heat 
capacity to the existence of a two-phase mixture 
has been developed. 

Since the main purpose of this report has been 
to investigate the possibility of the general appli- 
cability of the Tarassov model to anisotropic 
lattices to replace the Debye model for general 
analysis, it should be pointed out that the specific 
heat of some anisotropic monatomic substances 
such as sulfur cannot be described by Tarassov’s 
two-parameter equation. 


Summary 


The lattice vibration specific heat of monatomic 
lattices, both isotropic and anisotropic, have been 
compared in the liquid hydrogen-liquid nitrogen 
temperature region. This comparison, brought 
about, in terms of the Debye model, by the usual 
study of the temperature variation of the Debye 


characteristic temperature, shows that for the 


anisotropic lattices the deviations from Debye 
theory are consistently much higher than for most 
isotropic lattices; that is, in all cases studied the 


Debye characteristic temperature decreases sig- 
nificantly with decreasing temperature. These 
deviations are explainable in a qualitative manner if 
the data are analyzed in terms of the simple Taras- 
sov continuum model that distinguishes between 
relatively ‘‘soft’’ and “hard’’ modes of vibration. 
The specific heat of Se, Te, Hg and In can be 
described by Tarassov’s integrals applicable to 
polymeric ‘‘chain”’ lattices; while the specific heat 
of Sb, Zn, Cd, Sn (white) and Li (low-temperature 
phase) can be described by Tarassov’s integrals 
derived for polymeric “‘layer’’ lattices. 

The temperature variation of the Debye char- 
acteristic temperature for the f.c.c. lattice in 
general are in agreement with Leighton’s calculation 
for silver. Exceptions to this are palladium and 
possibly nickel, calcium and aluminum. The 
deviation in gold is considerably larger than for 
any of the other f.c.c. lattices. Peaks and dips 
present in the liquid-helium temperature region for 
Ni, Al, Cu and Ag are still not explainable. 

In the b.c.c. lattices presented, the variation of 
6p-vs-T curve for Fe, Mo, K and Na (excluding 
the low temperature anomaly) is typical for 
isotropic lattices. Lithium shows a decided drop in 
8, with diminishing temperature. Stacking faults 
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present in the c.p.h. phase in the low-temperature 
region may account for this behavior. 

The c.p.h. lattices with a c/a ratio close to the 
ideal value of 1.63 have a 6p-vs-7 curve similar 
to the other isotropic lattices. Zinc and cadmium 
whose c/a ratio is significantly larger than the ideal 
ratio vary similarly in their @p-vs-T curve as the 
anisotropic lattices. 
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CREEP OF SILVER BROMIDE AT HIGH TEMPERTURE*+ 


R. W. CHRISTY? 


The transient and steady-state creep rate of single crystal and polycrystalline specimens of AgBr, 
stressed in compression from 6 to 150 g/mm?, has been investigated between 300° and 410°C, with 
the emphasis on the steady-state creep of single crystals. The effects on the creep rate of orientation, 


of hydrostatic confining pressure, and of impurities were studied. Single crystals deformed by slip, 
though with rather weak conditions on possible slip systems. The steady-state results were reproduc- 
ible to within about 15 per cent. At higher stresses, for crystals with axis in the [001] direction, the 
steady-state creep rate was fitted to the empirical formula € = Cexp {—Q/RT} exp {Bot/RT}, 
with C = 2.8 X 10"? min“, Q = 69.1 kg-cal/mol, B = 1.21 (kg-cal/mol)/(g/mm?)+, ¢ = compressive 
stress. For [111] crystals, ¢ can be replaced by 3/4 o; for other orientations the rates were inter- 
mediate. At lower stresses the rate decreased more sharply with decreasing stress. The steady-state 
rate was depressed strongly by high pressure, by the factor exp {—pAV/RT}, with AV = 38 + 3cm* 

mol. The effect of impurities in concentrations of about 10~* was in general to decrease the creep 
rate, S~— being more effective than Cd** or Cl- in this respect. Mott’s theory of diffusion-limited 
creep appears to give a satisfactory interpretation of the temperature, stress, and pressure dependence 
of the steady-state rate for pure crystals. 


LE FLUAGE DU BROMURE D’ARGENT AUX TEMPERATURES ELEVEES 


Les vitesses de fluage transitoire et de fluage constant d’échantillons monocristallins et poly- 
cristallins de AgBr, soumis 4 des tensions de compression variant de 6 4 150g/mm?, ont été investi- 
guées entre 300°et 400°C, avec un accent sur le fluage constant de monocristaux. On a étudié les 
effets des variables suivantes sur la vitesse de fluage: orientation, pression hydrostatique et impuretés. 
Les monocristaux se déformaient par glissement, quoiqu’il n’y ait pas eu de conditions bien déter- 
minées concernant les systémes de glissement possibles. Les résultats du fluage constant étaient 
reproductibles 4 15 pour cent prés. Aux tensions plus élevées et dans le cas de cristaux dont l’axe 
— mndait a la direction [001], le fluage constant a pu etre exprimé par la formule empirique 
Cexp {—Q/RT} exp {Bot RT}, ob C=2.8 X10" min", Q = 69.1 kg-cal/mol, B = 1,21 
(ke- -cal/mol)/(g/mm?)3, ¢ = la tension de compression. Dans * ‘cas de cristaux dont l’axe coincide 
avec la direction [111], o peut étre remplacé par 3/4 0; pour d’autres orientations les vitesses étaient 
comprises entre ces valeurs. Aux plus basses tensions, la vitesse diminuait plus rapidement avec la 
diminution de la tension. La vitesse de fluage constant était fortement abaissée par de hautes pres- 
sions suivant le facteur exp {—pAV/RT}, o1 AV = 38 +3 cm?/mol. L’effet des impuretés aux 
concentrations d’environ 107% était en général d’abaisser la vitesse de fluage; S~ était plus efficace 
que Cd** ou Cl-. La théorie de Mott du fluage limité par la diffusion, parait donner une interprétation 
satisfaisante de la dépendance du fluage constant de la température, de la tension et de la pression, 
dans le cas de cristaux purs. 


KRIECHVORGANGE IM SILBERBROMID BEI HOHEN TEMPERATUREN 

Die Anfangs- und die stationare Kriechgeschwindigkeit von Einkristall- und Polykristallproben 
von AgBr, die durch Drucke zwischen 6 und 150 g/mm? verformt wurden, wurde im Temperatur- 
gebiet zwischen 300°C und 410°C unter besonderer Betonung der stationaren Kriechgeschwindigkeit 
der Einkristalle gemessen. Der Einfluss der kristallographischen Orientierung, des umgebenden 
hydrostatischen Druckes und der Verunreinigungen auf die Kriechgeschwindigkeit wurden unter- 
sucht. Einkristalle verformten durch Gleitung auf den theoretisch méglichen Gleitsystemen. Die 
Werte der stationaren Kriechgeschwindigkeit waren auf ca. 15 prozent genau reproduzierbar. Bei 
hdheren Spannungen und fiir Kristalle mit [001] als Achse konnte die stationare Kriechgeschwindig- 
keit durch die empirische Formel € = C exp {—Q/RT} exp {Bot/RT} mit C = 2,8 X 10" min 
Q = 69,1 kg-cal/mol, B = 1,21 (kg-cal/mol)/(g/mm?)4, ¢ = Druckspannung, dargestellt werden. 
a kee inn fiir [111] Kristalle durch 3/4 o ersetzt werden. Fiir andere Orientierungen lagen die Ge- 
schwindigkeiten zwischen diesen Werten. Im Bereich kleiner Spannungen nimmt die Geschwindigkeit 
starker mit abnehmender Spannung ab. Die ste ationare wants stark durch erhdhten 
Druck herabgesetzt; der Faktor betrug exp { {—pAV/RT} mit AV = 38 + 3 cm*/mol. Verunreini- 
gungs-konzentrationen von etwa 107% bewirkten im allgemeinen eine "enelamanane der Kriech- 
geschwindigkeit, S~~ ist darin wirksamer als Cd** oder Cl~. Motts Theorie des diffusionsbestimmten 
Kriechens scheint die Abhangigkeit der stationaren Geschwindigkeit der reinen Kristalle von Tem- 
peratur, Spannung und Druck zufriedenstellend zu erklaren. 


: self-diffusion has often been suggested. Nabarro [1] 

I. Introduction has shown how plastic deformation can occur 

A correlation between the activation energies without slip by the diffusion of lattice defects. 
for steady-state creep of metal crystals and for If a surface where vacancies can form is subjected 
aia to a compressive force, at this surface the equili- 


*Received August 27, 1953; in revised form November 3, brium vacancy concentration will be decreased. 
1953. Under the concentration gradient thus established, 
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experimental work was carried out in the Institute for the 37, Illinois. Now at Department of Physics, Dartmouth 
Study of Metals, University of Chicago. College, Hanover, New Hampshire. 
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vacancies will flow to the surface, resulting in a 
removal of matter from it. Nabarro’s formula for 
the steady-state strain rate is 


(1) = (8+/2/d*)(ca*/kT) D, 

where o is the compressive stress, a the lattice 
spacing, D the coefficient of self-diffusion, and d 
the dimension of the volume in which there are no 
sources or sinks of vacancies. This mechanism of 
course cannot account for the crystallographic 
features of deformation associated with slip. 

Mott [2] has suggested how a dislocation mech- 
anism for creep could be diffusion limited. Disloca- 
tions, emitted by a source, pile up on their slip 
plane behind fixed obstacles. At elevated tempera- 
tures the dislocations climb out of the slip plane, 
allowing further emission by the source. The 
movement of an edge dislocation atomic 
distance normal to the slip plane is accomplished 
by the addition (or removal) of a line of atoms, 
i.e., by the diffusion of vacancies from (or to) 
the dislocation. Mott’s formula for the velocity of 
migration perpendicular to the slip plane for an 
edge dislocation is 


(fatF/kT)(j/a) exp { —W/kT}, 


one 


where f is the atomic vibrational frequency, F the 
force per unit length on the dislocation, j/a the 
number of jogs per unit length in the dislocation, 
and W the activation energy for self-diffusion. 

Since the plastic behavior of ionic crystals at 
room temperature [3] is similar in many respects 
to that of metal crystals, measurement of the 
creep rate of an ionic crystal at elevated tempera- 
ture should provide an interesting test of these 
ideas. In ionic crystals, the ion 
pairs will be limited by the more slowly diffusing 
ion, and it is with the diffusion coefficient for this 
ion that a cerrelation of the creep rate could be 
expected. 

The plasticity of AgBr at room temperature is 
comparable with that of soft metals, the critical 
shear stress being about 100 g/mm?* [4]. The 
lattice defects are predominantly cation Frenkel 
defects [5; 6]. Thus the diffusion of AgBr ion pairs 
must be limited by the number of Schottky defects 
and the mobility of the Br~ vacancy, if it is assumed 
on energetic grounds that the number of inter- 
stitial Br- ions is negligible. The number and 
mobility of Br- vacancies is in some doubt. A 
transport experiment at 406°C shows that any 
Br~ current is less than 0.3% of the total current 
[6]. A value of 2.9 X 10-" cm?/sec at 300°C has 


transport of 
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been determined [7] for the self-diffusion coefficient 
of radioactive Br, 1.02 10-7 
cm?/sec for Ag. The activation energy for Br is 
therefore probably appreciably greater than that 


compared to 


for Ag. 

In the present experiments, measurements have 
been made of the transient and steady-state creep 
rates of single crystal and polycrystalline specimens 
of AgBr, stressed in compression from 6 to 150 
g/mm? at temperatures from 300° to 410°C. 
(The melting point of AgBr is 422°C.) The effects 
of hydrostatic confining pressure and of impurities 
on the creep rate were observed. 


II. Experimental Apparatus 


The apparatus for measuring creep in com- 
pression at high temperature and atmospheric 
pressure is illustrated schematically in Figure 1. 


Dial stroin gauge 


Supporting flange 


Stainless steel ram 


Stainless steel 
tube 


Furnace 


Quartz disc 


Somple 


Measuring 


thermocouple Quartz disc 


5 bal! bearings 


Figure 1. Apparatus for measuring creep under compres- 
sion at high temperature. 


The AgBr sample rests between two polished 


quartz discs, on a stainless steel plug screwed into 
the bottom of a stainless steel tube. The quartz 
discs provide a smooth, inert surface bearing on 
the sample, reduce heat flow from the sample, and 


eliminate thermoelectric currents. The load is 
applied to the sample by a stainless steel ram, 
whose upper end deflects a dial gauge graduated 
to 0.0001 in. The ram is made of a half-inch tube 
with 1/32 in. wall, in order to reduce the heat leak 


up the ram and to permit the application of small 
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loads. It is rigid enough that the creep of the 
apparatus, with no specimen, is negligible under 
the conditions of the The ram 
assembly weighs 203 g, and it is loaded at the top 
with B-B’s (weight about 0.3 g) so that the load 
is nearly continuously variable. The load must be 
corrected for the spring constant and the friction 
of the dial gauge. The tube is surrounded by a 
furnace, whose temperature is held constant to 
within about 0.5°C by a proportioning controller 
[8]. The temperature is measured by a chromel- 
alumel thermocouple about 1/16 in. from the 
specimen. It is necessary to direct a fan on the 
upper end of the apparatus in order to overcome 


experiments. 


spurious gauge deflections caused by the cooling 
effect of random air currents. 

Two types of loading were possible. Since the 
AgBr specimen sticks firmly to the quartz discs at 
high temperature, if the latter are constrained 
against lateral motion the specimen axis must 
remain vertical. This constraint can be removed 
by setting the lower quartz platen on five freely 
rolling ball bearings. (These were ‘“‘soldered”’ in 
place during assembly with naphthalene, which 
then evaporates when the apparatus is heated.) 

The device for measuring creep at high pressure 
was designed to fit inside the working space of a 
high-pressure bomb [6]. The sample sat on the 
bottom of a steel can with a tight fitting lid, 
shown in Figure 2, with a lead-filled steel weight 


4] 


Lead-filled steel 
weight 


77 


Steel can 


+-Quortz discs 


Specimen 


FIGURE 2. Device for loading specimen in a high pressure 


bomb. 


resting on it. Holes in the side of the can admitted 
the pressure fluid (DC 200 3-centistoke silicone 
oil), so that a surge while pumping on the oil 
would not smash down the weight on the specimen. 
Because the arrangement did not permit strain 
measurements during the experiment (the working 
space in the bomb is limited), the specimen was 
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measured with micrometer calipers before and 
after the deformation. Further, the load 
applied to the specimen while the bomb was 
being heated to the temperature of the experiment, 
but conditions were arranged so as to minimize the 
contribution to the strain during this period. 
The weight weighed 243 g in air; although the 
stresses were calculated for the bouyancy of the 
pressure fluid at room temperature and pressure, 
the failure of thermal expansion to compensate 
for compressibility is a second order correction. 


was 


III. Preparation of Specimens 


The AgBr used was precipitated in red light 
from Mallinckrodt HBr and AgNQO3. A qualitative 
spectrographic analysis indicated about 0.001 per 
cent of Fe, Mg, and Cu, and less than measurable 
amounts of Cd, Pb, Sr, Ca, Zn, Ba, Ni, Mn, Sn, Be, 
and Si present as impurities. Less than 0.0002 per 
cent sulfur is assumed to have been present, since 
the addition of about this amount caused a notice- 
able change in color and in the rate of photolytic 
darkening of the AgBr. Since the crystals were grown 
in air, they were presumably saturated with oxygen. 

Polycrystalline samples were made by pouring 
molten salt into a steel die and then pressing under 
about 30 tons. The single-crystal specimens were 
sawed from single crystal rods grown by the 
Czochralski method, a continuous withdrawal 
from the melt, at 2 in./hr. The specimens were 
machined into cylinders, from 5 to 8 mm in height 
and from 2.3 to 5 mm in diameter, with ratios of 
height to diameter of 0.9 to 2.6, usually about 2. 
After machining, about 0.001 in. was removed 
from the surface with sodium thiosulfate solution. 
After this treatment no recrystallization of the 
single-crystal specimens ever occurred. The speci- 
measured and washed before the 
Orientation determinations of the 
cylinder axis of the specimen were made to within 
about 4 degree by back reflection X-ray photo- 
attempt made to handle the 
crystals in the dark, since photolytic darkening 
was slight and disappeared at the temperature of 
the experiments. 


mens were 
experiment. 


graphs. No was 


IV. Experimental Results 
1. Single Crystal Specimens 
A. Time dependence of creep 


The strain during the course of a creep experi- 
ment at constant stress is commonly divided into 
three stages: a sudden deformation immediately 


| 
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on application of the load, a transient phase, in 
which the strain is in many cases proportional to 
the cube root of the time according to the Andrade 
law, and finally a steady state in which the creep 
rate remains constant. With the present apparatus 
the cannot be 
After application of the load the strain shows the 
transient and steady phases. At 300°C the transient 
state lasts a long time (more than 100 hr), but 
near 400°C it can be quickly exhausted (about 
+ hr). The strain during the transient phase is large 
at high stress and small at low stress. It is less for 
crystals with axis near the [111] direction than for 
those near [001]. The transient phase, however, is 
not always described by the Andrade law. In fact, 
the slope, and even the shape, of the strain-time 
curve during the transient stage is very sensitive to 
factors beside temperature, stress, and orientation, 
including previous thermal and mechanical his- 
tory and purity. The influence of impurities will 
be described later. In Figure 3 is shown the effect 


sudden compression measured. 


FiGuRE 3. Transient creep of an annealed (A) and a cold- 
worked (B) specimen. 


of 2} per cent compression at room temperature 
before the run at 370°C (curve B), compared with 
the behavior of an annealed sample (curve A) 
and the steady-state rate (dashed line). On the 
other hand, the steady-state rate is insensitive to 
these factors, and the emphasis of the experiments 
has been put on it. 

After the steady state is reached, it continues 
up to a total strain of 10 to 15 per cent, provided 
the stress is kept approximately constant by an 
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empirical correction to the load to compensate 
the increase in the diameter of the sample. (This 
about 5 


correction never amounts to more than 


per cent.) After about this amount of strain the 
creep rate usually falls off, probably because of the 
geometrical distortion of the specimen, since if it 
is then remachined into a cylinder the original 
creep rate is restored, without the reappearance of 
a large transient. 

During the steady state, if the stress is changed 
suddenly there is then a new transient phase during 
the the 


steady-state 


than 
the 
If on the other hand the 


which rate is greater or less new 


rate according as stress was 
increased or decreased. 
temperature is changed, no new transient phase is 
detectable, provided the change is not so fast as to 
cause thermal stressing nor so slow as to allow, 
if the load is removed, annealing. The time re- 
quired for the creep rate to reach equilibrium after 
changing the temperature is less than the time 
required for the apparatus to reach temperature 
equilibrium (about an hour) and is therefore not 
observable. 

The steady-state rate is reproducible to about 
15 per cent ina single sample after observing the 
rate at other temperatures and returning to the 
original temperature, or among different samples if 
the height to diameter ratio is between 1.3 and 
2.6. 


cent low, presumably because of inhibition of slip 


For smaller ratios the rate was about 30 per 


near the platens. There was no dependence on 


size, within the limits used. 


B. Temperature and stress dependence 


the steady-state 


rate among different samples is sufficient to permit 


The repr« ducibility of creep 


measurement of its dependence on temperature 
and The 


range which could be investigated was limited at 


stress over rather large ranges. stress 
the lower end by the design of the apparatus and 
at the upper end by the large transient strain 
produced by high stress. In fact, in samples with 
the axis near the [001] direction at stresses above 
60 g/mm? the transient strain was often so large 
that it was necessary to remachine the sample 
before the steady-state could be observed. The 
procedure was in general first to get the steady- 
state value at the highest temperature, at which 
was most quickly ex- 


the transient 


hausted, then take the lower temperature points 


component 
in arbitrary order, and finally repeat the highest 
This 
preference to the alternative of varying the stress 


temperature. procedure was adopted, in 
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at constant temperature, in order to minimize 
the transient strain during a run. Data will be 
presented for [001] and [111] samples; for other 
orientations the creep rates were intermediate. 
The logarithm of the creep rate is plotted versus 
inverse temperature in Figures 4 and 5, for these 
different these 


two orientations, at stresses. In 


STRAIN RATE 


FIGURI Steady-state creep rate of [001] specimens. 


FiGuRE 5. Steady-state creep rate of [111] specimens. 
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figures an exponential temperature dependence is 
apparent. In order to exhibit a stress dependence 
from the same data, the best straight line was 
drawn by eye through the points of Figures 4 and 
5 for constant stress, and the ordinates 
for three fixed temperatures were plotted as a 
function of stress in Figures 6 and 7. If the data 
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FIGURE 6. Steady-state creep rate of [001] specimens. 
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FIGURE 7. Steady-state creep rate of [111] specimens. 
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of Figure 4 are plotted versus the compressive 
stress, ¢, the points show a tendency which indi- 
cates that a linear representation could be im- 
proved upon. In Figures 6 and 7 the data of 
Figures 4 and 5 are plotted versus the square root 
of the stress. In these figures the linear representa- 
tion appears to be adequate in the region of high 
stress, with no simple function suggested over the 
whole range. In fact, the function 

— Be*)/RT}, 


(2) = Cexp 


C = 2.8 X 10"? min“ 

Q = 69.1 kg-cal/mol 

B = 1.21 (kg-cal/mol) /(g/mm?)? 
_ jo for [001] crystals 

~ \3/4e for [111] crystals, 


with 


represents, within the experimental reproducibility, 
all the data in the range ¢ greater than about 40 
g/mm*. This function is plotted by the full lines 
in Figures 4-7; the dashed lines are added to 
connect the data at smaller values of ¢. In the case 
of [001] crystals at 30 g/mm?’, two classes of results 
were obtained, presumably because of small 
uncontrolled differences in orientation and loading, 
and with 15 g/mm* the results were not very 
reproducible. 

Because creep by diffusion is expected to vary 
linearly with stress for small stresses according to 
(1), a special attempt was made to investigate the 
stress dependence of the creep rate of a [111] 
crystal at the lowest stresses achievable with the 
apparatus. A [111] crystal with height-to-diameter 
ratio of 0.9 was measured at 407°C. The results 
appear in Figure 7. Down to the lowest attainable 
stress (6 g/mm?’), the creep rate is still decreasing 
faster than linearly. 


C. Effect of hydrostatic pressure 


The procedure for the high-pressure measure- 
ments of steady-state creep was as follows. First 
the specimen was deformed in the atmospheric 
pressure apparatus at the stress and temperature 
to be used in the high pressure experiment, in 
order to exhaust the transient creep and measure 
the atmospheric pressure steady-state rate. It was 
then cooled to room temperature, reheated, and 
remeasured, to verify that the transient compo- 
nent had not returned and that the steady-state 
rate was unchanged. The sample was then cooled, 
measured, transferred to the high-pressure appara- 
tus, and brought up to pressure. The temperature 
was then raised by an external furnace and main- 
tained for a suitable length of time, after which the 
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apparatus was cooled to room temperature and the 
pressure released. The sample was removed and 


measured, and the total deformation compared 


with what it would have been under the same 


conditions at atmospheric pressure. The procedure 
for transient creep was the same, except that an 
unstrained, annealed sample was used. 

Five steady-state high pressure runs were made 
between 3000 and 6000 atmospheres with different 
rystals of different 


and using 


applied stresses 


FIGURE 8. Atmospheri¢ pressure creep rate corresponding 
| ind dashed 


to high pressure run (full line d pressure factor 
line). 


FIGURE Relative -ady-state rates at high 


pressure. 


creep 


orientations. The results are shown in Figure 9, 
in which the ratio of the strain rate at high pressure 
é(p) to the strain rate at atmospheric pressure 
é(0) is plotted versus p/RT, where p and T are the 
pressure and temperature of the run. Because the 
temperature actually was changing at the begin- 
ning and end of the runs, the basis of comparison 
of the high pressure and atmospheric pressure 
strains is illustrated for one of the runs by Figure 8, 
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in which the full curve represents €(7(¢)) for p = 0, 
é(7) being obtained from the measured atmospheric 
-ecorded 


pressure strain rate and 7(?) being the 


temperature during the high pressure run. The 
integral of this function is the total strain which 
would have been observed at atmospheric pressure 
under the the 
pressure run. The ratio of the actual strain during 


temperature conditions of high- 
the high-pressure run to this integral is assumed 
to be equal to the ratio of the strain rate at high 
pressure to the strain rate at atmospheric pressure, 
é(p)/e(0). If log €(p)/e(0) is plotted against p/RT, 


é(0) being referred to the strain rate before the 


high-pressure run, these data lie approximately 


on a straight line. The vertical intercept, however, 
is about 0.5 instead of 1. Furthermore, in all but 
one case the atmospheric pressure rate was meas- 
ured also after the high-pressure run, and in each 
case it was about one-half of the rate before it. 
Therefore in Figure 9 the data are plotted referred 
to the rate after the high-pressure run; for the 
point for which the rate was not measured after- 
ward, the rate obtained beforehand was divided 
by two. Within the precision of the experiment the 
points lie on a straight line, regardless of orienta- 
tion or stress, implying a relation of the form 


é(p)/e(0) = exp {—pAV/RT}. 


The slope of the line drawn in the figure is AV = 
38 + 3 cm*/mol. In Figure 8 the dashed line shows 
exp |—pAV/RT} during the run, showing that 
this function is slowly varying where the contribu- 
tion to the strain is significant, and thus that the 
analysis of the data is consistent. 

The retardation of the creep rate after the high- 
pressure runs was not removed by several hours 
annealing at high temperature. X-ray diffraction 
pictures made before and after holding two samples 
at high but 


loading showed no change in perfection of the 


pressure and temperature without 
crystal structure. Removal of one or two thou- 
sandths of an inch from the surface by etching, 
however, restored the normal creep rate, and the 
samples, which were slightly discolored. after the 
high pressure runs, regained their normal color. 
Therefore it is thought that the cause of the retard- 
ation was contamination of the surface by an 
impurity. Spectrographic analysis of the surface of 
one sample after the high pressure run showed 
0.003 per cent Si, 0.007 per cent Fe, and 0.006 
per cent Cu. 

An 


53 g 


(001] 
mm? for about 260 min at 6000 atmospheres 


annealed sample was loaded with 
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and 378°C. Subtraction of the steady-state strain, 
computed on the basis of the above results, from 
the observed strain gave a transient contribution of 
1.3 per cent, compared with the usual value of the 
order of 10 or 20 per cent at atmospheric pressure. 
Subsequently tested at atmospheric pressure, 
after removal of the surface, the sample showed a 
0.7 and a 
normal steady-state rate. It thus appears that the 


transient is also suppressed by pressure, though 


further transient strain of per cent 


perhaps less strongly than the steady state. 


D. Effect of impurities 


The effect on the creep rate of additions of a 
divalent cation, a divalent anion, and a mono- 
valent anion of about the same ionic radius has 
been observed. Cd++, and were chosen 
because the solubility limits were known. For this 
purpose crystals were grown from melts containing 
about 0.0006 and 0.25 mol per cent CdBrs, 0.0006 
and 0.06 mol per cent AgeS, and 0.0017 and 0.17 
mol per cent AgCl. The exact impurity content 
of the resulting single crystals is unknown, al- 
though from a crystal grown from a melt containing 
0.08 per cent Ag2S, 0.06 per cent was recovered by 
chemical analysis.* In the case of sulfur, because 
of the pronounced color change caused by it, an 
inhomogeneity associated with the spiral ridges 
by growth rate, 
dependent on the temperature gradient in the melt, 


produced on the crystal rods 
was seen. Further, in the case of small concentra- 
tions of sulfur, richer melts sometimes produced 
poorer crystals, as evidenced by the rate of photo- 
lytic darkening and the effect on the creep rate. 
Nevertheless, the order of magnitude of the im- 
purity content is believed to be correct, and the 
following facts emerge. 

Sulfur had the greatest effect on the creep rate. 
The effect on the of 0.0006 per 
S—, compared with ‘pure’ crystals, is shown in 


transient cent 
Figure 10. Curve A is for an annealed pure crystal 
which was loaded as soon as temperature equili- 
brium was attained (about 2 hr after the furnace 
was turned on); curve C is for a sample containing 
0.0006 per cent S 
Curves B and D are, respectively, for a pure 


under the same conditions. 


crystal annealed 16 hr im situ and a sulfur-doped 


crystal annealed 12 hr in situ at 397°C before 


loading. These specimens were sawed from the 
same single crystal rods as those of curves A and 
[001] 


C, respectively, and all were specimens 


*The author is indebted to Dr. Louis Dunicz for performing 
this difficult analysis. 
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deformed at 370°C with 60 g/mm?. The inhibitory 
effect, dependent on holding time at high tempera- 
ture, was similar for other samples tested. The 
steady-state rate, however, for the sulfur-doped 
samples was normal, i.e., the same as for the pure 
samples. But with a stress of 30 g/mm? at 405°C 
for a sulfur-doped sample, the steady-state rate 
was 0.7 times normal, and the induction time in the 
transient stage was an order of magnitude greater. 


STRAIN € 


TIME ¢ (min) 
FicurE 10. Transient creep of pure (A, B) and sulfur- 
doped (C, D) specimens, loaded immediately (A, C) and after 
annealing in situ (B, D). 


Crystals containing 0.06 per cent S— behaved the 
same at 30 as at 60 g/mm?: there was no measur- 
able transient and the steady-state rate was about 
0.2 times normal. (See Table I.) 

Additions of Cd*+* were similar to additions of 


TABLE I 


IMPURITIES ON CREEP RATE 


EFFECT OF ADDITIONS OF 


Steady 
| state rate | 


Impurity | Atomic Stress Transient 


(g/mmsz:) | Normal 


| per cent 


steady- | 


state rate 


s-- 0.0006 induction | 
period 
induction 
period 

none 

none 
normal 


normal 


normal 
normal 
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Cl- in that the transient behavior was like that of 
pure crystals, even with the larger concentrations. 
0.0017 per cent Cl 
state rate with 60 g/mm?*. 0.17 per cent Cl 
0.6 
one about 0.8 times normal at 


had no effect on the steady- 
gave a 
steady-state rate about times normal, and 
0.25 per cent Cdt* 
60 ¢g/mm?. 

0.25 per cent Cd precipitated at room tempera- 
ture in about 8 hr. (In order to observe the effect 
in solution the sample was maintained at high 
temperature before loading.) The precipitate had 
no effect on the transient, and probably none on 
the steady-state rate, though the latter conclusion 
dissolution during the 


is uncertain because of 


run. 


E. Specimens after deformation 


Slip in AgCl has been studied at room tempera- 
ture by Nye [9], who concluded that 
direction is [011], while the slip plane is not always 


the slip 


a crystallographic plane of low indices, but is 
always near to the plane in an [011] zone on which 
the resolved shear stress in the [011] direction is 
maximal. Observations of slip lines on the surface 
of three AgBr samples similar to those used in the 
high-temperature creep tests, after rapid compres- 
temperature, were consistent with 


AgCl. 


After creep at high temperature, slip lines did 


sion at room 


Nye’s conclusions about 


not always appear on the surface, so that it was 
difficult to say in all cases what were the active 
the 
of compressive 


slip systems. This difficulty is reason for 


presenting the data in terms 


stresses and strains. Nevertheless the occurrence 
of slip can be inferred from the shape of the speci- 
mens after deformation. (See Figure 11.) The very 
inhomogeneous deformation of the two samples on 
the left was observed only in specimens with the 
ends free to move laterally slipping on the (011) 
plane in the [011] direction. The avoidance of this 
type of deformation was the reason for determining 
the stress and temperature dependence of the 
creep rate with the ends of the specimen laterally 
constrained, although the results were about the 
either case. Sometimes were 


same in planes 


traced by not very sharply defined ridges on the 
surface of the deformed specimen, and occasionally, 
at high stresses, well-defined slip lines could be 
seen under low magnification. Measurement of the 
orientation of these features could only be made 
within an error of about 10 degrees, however, so 
that the following statements should be understood 
to have this uncertainty. 
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FIGURE 11. ing] ystals after deformation of about 


10 per cent; in the I f the three specimens on the 
left, the ends were fr to move laterally. 


These observations indicated first that an (011) 
plane and an [011] direction constitute the preferred 
slip system. For example, a crystal whose axis was 
[215] was observed to slip in the [011] direction on 
the (011) plane, where the 
was only 0.79 relative to the maximum resolved 


resolved shear stress 


shear stress (one half the compressive stress), in 
, on which the shear 


preference to the plane, (111 
[011] 
namely 0.95. This conclusion is also supported by 
the fact that the creep rate was greatest when the 


stress resolved in an direction was greatest, 
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specimen axis was [001], when there are four 
(011)-[011] systems on which the resolved shear 
stress is the maximum, and least when the axis was 
[111], when there are no such systems on which 
the resolved shear stress is different from zero. 

This preference, however, does not appear to be 
very strong. In every case a slip plane was chosen 
which was nearly 45 degrees from the specimen 
axis. In addition, there were cases, particularly 
when the stress was probably not very homo- 
geneous, when the slip direction apparently cannot 
have been an [011] direction. For example, a 
crystal whose axis was [413] and whose ends were 
laterally free, after considerable slip in the [110] 
direction (on the (111) plane), appeared to have 
slipped in the [210] direction (on the (121) plane). 
In [111] crystals with the ends laterally constrained, 
traces of (011) planes were seen; since the [011] 
direction is 90 degrees from the specimen axis, it 
cannot have been the slip direction. If [100] and 
[210] are also included as possible slip directions, 
all the observations can be understood. In view of 
the multiplicity of possible slip systems, the com- 
pressive stresses and strains are probably not too 
bad a measure of the shear stresses and strains. 

X-ray orientation determinations made after the 
deformation only rarely revealed appreciable net 
rotation of the lattice with respect to the specimen 
axis [10]. No correlation could be found between 
the cases in which it occurred and the conditions 
of the deformation. 

After the deformation, except right at the ends 
of the the Laue 


photographs each individual reflection was split up 


specimens, in back-reflection 
into a number of discrete spots. The number of 
distinguishable spots varied from about 10 to 35, 
and they were spread over an angular region of 
about 2 to 8 degrees. As the area of the incident 
X-ray beam at the specimen was about 28 X 10-4 
cm’, the crystals appear to have broken up into 
regions about 10-* cm on a side with a spread in 
orientation of about 1 to 4°. 


2. Polycrystalline Specimens 


Having the single crystal results, the behavior of 
polycrystalline specimens could be compared with 
them. Unfortunately, however, it was not possible 
to produce very small grained specimens. The 
results for three of them, with average grain size 
of about 1 mm, are presented in Figure 12, where 
the dashed lines represent the results for single 
crystals of [111] and [001] orientation. The rates 
do not differ greatly from those for single crystals. 
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It was found after the runs that grain growth had 
occurred, the samples now consisting essentially of 
one or two large grains. Also after the runs relative 
displacements of the original grains of the order of 
0.05 mm normal to the surface could be seen. 
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FIGURE 12. Steady-state creep rate of polycrystallin 
specimens at 60 g/mm’. 


Two bicrystals with a grain boundary intersecting 
the plane ends of the specimen were accidentally 
grown. These were tested, and it was found that 
slip marks were continuous across the boundary, 
but with direction. 
The steady-state rate was not greatly lowered by 
the presence of the boundary, though in both cases 
there was an initial period of about 90 min, during 


a discontinuous change in 


which the strain was about 3 per cent, in which the 
strain rate was less than the steady-state rate. 
This effect was not observed in the polycrystalline 
samples. 
V. Discussion 

The most salient features of the experimental 
results are the large activation energy of the steady- 
state creep rate, in comparison to soft metals, and 
the large ‘free volume’ associated with the high 


pressure measurements. In this section an attempt 
will be made to interpret the results in terms of 
current ideas of plastic flow, the emphasis being 
put on the Mott mechanism, which appears to 


OF 


SILVER BROMIDE 


give a natural explanation of the large activation 
energy and strong pressure dependence. 

In discussing the results obtained with AgBr, it 
with the 
[1 1] of 


steady-state creep of single crystals of zinc, a 


will be interesting to compare them 


measurements by Cottrell and Aytekin 


metal which, though not cubic, has about the same 
melting point and critical shear stress as AgBr. 


Their results are expressed by 


y = Cexp {—(Qo + B’ t)/RT} exp {B’r/RT}, 


where y is the shear strain rate and r is the shear 


stress, with 


C = 10'° 10? 
Qo = 28 — 30 kg-cal/mol = 35 g/mm?), 
B’ = 0.150 — 0.300 (kg-cal/mol)/(g/mm?). 


If our high-stress results are expressed in the same 


form, assuming rt = $e, we have from (2) 


10'* sec, 
Oo 59 kg-cal/mol, 


B’ = 0.145 (kg-cal/mol)/(g/mm?’). 


Thus the stress dependence is about the same, 
whereas the activation energy is twice as large and 
the 
magnitude larger. 


pre-exponential factor is several orders of 

This comparison can be understood qualitatively 
if it is assumed that the behavior of dislocations in 
the two materials is similar, but that the coefficient 
of self-diffusion appears as a factor in the creep 
rate. For Zn the the two 
coefficients (perpendicular to the c-axis) 
90 exp | —31,000/Rij 


diffusion 
is [12] 


‘}, with an activation energy 


smaller of 


mol larger than Q». For the coeffi- 
AgBr, both 


about 2 kg-cal 


cient of self-diffusion of Br in the 
activation energy and the pre-exponential factor 
would be considerably larger. 
(For Cl in NaCl 3], D=3 xX exp —62,000 


RT}.) In addition the linear pressure dependence of 


expec ted to be 


In é, independent of stress and orientation, is easily 
understood in terms of the effect of pressure on the 
diffusion The AV for the 
diffusion of Br should be larger than the molar 


coefficient. value of 


volume of AgBr, 29 cm*/mol, as is the observed 
AV. 

The author [14] has attempted to extend Mott's 
theory to yield a formula which can be compared 
with the present experimental results. The resulting 


expression for the shear strain rate is 


(3) = NnLPj Dexp {AW/kT}, 


where JN is the number of dislocation sources (e.g., 
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Frank-Read sources [15]) per unit volume, is the 
density of diffusing dislocations per unit area, L is 
the length of the dislocations, / is the distance on 
the slip plane in which the dislocations are piled 
up, 7 is the proportion of jogs in the dislocations, 
and D is the coefficient of self-diffusion (for Br, in 
AgBr). AW is the decrease of the energy of formation 
of a vacancy when the vacancy is formed at a 
dislocation in a stress field, due to the reduction 
in strain energy of the dislocation when it climbs. 
The rate of climb is assumed to be limited by the 
rate of diffusion of the excess vacancies away from 
the dislocation. If it is assumed that the driving 
stress field is primarily that due to the interaction 
of the accumulated dislocations,* and that the 
energy of interaction is proportional to the square 
of the number of dislocations and to a geometrical 
factor P depending insensitively on their distribu- 
tion, AW is 


(4) AW = [Gba* P/4x(1 — nl, 


where G is the shear modulus, v Poisson’s ratio, and 
b the Burgers vector of the dislocation. The main 
stress dependence arises through (m /). 

If the theory is to apply both to AgBr and to 
Zn, the suggests that the 
diffusion coefficient for Br is of the order of magni- 
tude D = 10° exp {—61,000/RT}. According to 
Mott [2], the proportion of jogs in the dislocation 
is 7 = exp {—U/RT}. Then to give the observed 
activation energy Q = 69kg-cal/mol, U = 8 kg- 
between 


above comparison 


cal/mol, giving a proportion of jogs 
and 4X between 300° 100°C. 
The X-ray diffraction evidence indicated that 
discontinuities in orientation occur at separations of 
the order of 10-* cm after deformation,{ suggesting 
that the density of dislocation sources should be 
N = 10° cm~. Since the surface layer appears to 
have an appreciable influence on the creep rate,f / 
should probably be comparable with the dimension 
of the crystal, and Z should probably be of the 
order of magnitude of /. Substitution of V = 10° 
#2 = 10’ L=/1= 10" D = 10° 
exp {—61,000/RT} into (3) gives the observed 
value of C = 10'* sec™! 


and 


cm, 


'. In addition, using G = 10" 
dynes/cm?’, v = 0.25, b = a = 6 X 10-® cm, for- 
mula (4) gives the correct order of magnitude of AW 
if P is about 5. Thus it appears that the formulas 


*This assumption appears reasonable in view of the obser- 

vation [11], that the process of steady-state creep is related 

to the process of recovery, after the applied stress is removed. 
tHedges and Mitchell [16] have observed optically a poly- 

hedral substructure in AgBr, with dimension$g 107? — 107? cm. 
tCf., for example [17]. 
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can be made to give the correct order of magnitude 
for the creep rate of AgBr, and, because of the 
assumption of D for Br, also of Zn. It should be 
remarked, however, that the diffusion coefficient 
assumed for Br-is not in agreement with that 
measured by Murin and Taush [7] at 300°C. 

It might also be noted that dislocations could be 
blocked by dislocations emitted from a source on 
a nearby slip plane [18]. The distance h at which 
two dislocations can block each other under an 
applied shear stress 7 is 


h=G0b/8r(1 — ») 


Such interference might be expected ifhlL > 1/N, 
in which case we would have 


‘= (lL)? = v) ING 


Since h 6 X 10-* cm/oe(g/mm?’), this interference 
might occur within the range of the experiment, 
and is a possible explanation of a o? stress depen- 
dence. 

For the magnitude of diffusion creep by the 
Nabarro mechanism, if we again assume that the 
diffusion coefficient for Br is D = 10° exp {-— 
61,000/RT}, and if we assume that d = 6 X 10-*cm, 
we find from (1) € = 3 X 107° sec™ at 407°C and 
6 g/mm?’. This value is much less than the experi- 
mental rate of 10-* sec~ at this temperature and 
stress, in agreement with the observation made in 
Sec. IV. B that the stress dependence was not 
characteristic of Nabarro creep. 

Except in the case of Cc 
does not give the observed dependence of creep 
rate on impurity concentration by its influence on 
equilibrium vacancy concentration. Cd** 
depresses the Br- vacancies, S— 
increases it, and Cl~ has no effect [19]. On the other 
hand, S~— depressed the creep rate most, next 
Cl-, and finally Cd+*. Cd+* gave about the effect 
which would be expected from its influence on 
vacancy concentration. It is thought that the 
explanation of the effect of S~- and ClI- is to be 
sought in an interaction of the impurities with the 
dislocations, leading to an inhibition of their 
motion on the slip plane. Particularly in the case 
of S—, the induction time for transient creep, 
depending on holding time at high temperature, 
suggests such an explanation [20]. The nature of 
the interaction, however, is not entirely clear from 
the experiments. The radii [21] of S~ and Cl- 
are about 8 per cent smaller than that of Br-, 
while Cd** is a little more than 8 per cent smaller 
than Ag*, so that an elastic interaction does not 


j++ 


the Mott process 


the 
number of 
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seem to give the observed differences. An electrical 
interaction between doubly charged impurities 
and ‘incipient vacancies’ [22] at jogs in dislocations 
is conceivable, but also fails to account for the 
differences. Whatever the nature of the interaction, 
however, it is believed that accidental impurities 
account for the sharper decrease of steady-state 
creep rate at low stress, since the addition of a 
small amount of S~~ depressed the rate at 30 but 
not at 60 g/mm’. 

In alkali halides, slip systems are chosen which 
do not demand the close approach of ions of like 
sign when a dislocation moves. In contrast to the 
alkali halides, the large polarizability of the Agt 
ion may account for the ductility of the silver 
halides [4], the monopole repulsion being decreased 
by dipole interaction [23]. It seems possible to 
understand qualitatively the comparatively weak 
conditions on choice of slip system in AgBr on 
this basis. 

Because of the large number of slip systems 
possible, grain boundaries in polycrystalline AgBr 
do not appear to inhibit slip in individual grains 
strongly, in contrast for example to Zn, in which 
the creep rate of polycrystalline specimens is very 
much smaller than that of single crystals [11]. 
On the other hand, grain boundary mobility did 
not appear to give a large contribution to the 
strain rate; the contribution would presumably 
be greater in small grained specimens. 


VI. Conclusion 


It is concluded that Mott’s mechanism for the 
the limitation of steady-state creep at high tem- 
perature by self-diffusion is able to give a satisfac- 
tory qualitative explanation of the strong tempera- 
ture and pressure dependence of the steady-state 
creep rate of single crystals of pure silver bromide. 
A reasonable choice of parameters appearing in a 
model derived from it can give also the correct 
order of magnitude for Cottrell and Aytekin’s 
results on zinc, and, if an assumption of the diff- 
usion coefficient of Br be made, for the present 
results on AgBr at higher stress levels. Although 
the results appear to support Mott’s theory, a 
detailed test of the calculation based on it must 
await measurement of quantities which are at 
present unknown. The square-root-of-stress activa- 
tion energy dependence suggests a mechanism 
involving the interference of Frank-Read sources 
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on different slip planes. The Nabarro mechanism 
apparently does not make a significant contribu- 
tion to the creep in the range of the experiments. 
At low stresses, the creep rate in AgBr is believed 
to be controlled by the interaction of impurities 
with dislocations. 


VII. Acknowledgements 


The writer is grateful to his sponsor, Professor 
A. W. Lawson, for suggesting the problem and for 
guidance in its investigation, and to the Shell Oil 
Company for the grant of a Fellowship. He is also 
indebted to Messrs. N. D. Nachtrieb and K. 
Lindholm for the construction of his apparatus 
and for advice in its design. The work was suppor- 
ted in part by the Office of Naval Research. 


References 


1. NABARRO, F.R. N. Rep. of a Conference on the Strength 
of Solids (London, Phys. Soc., 1948), p. 75. 
2. Mott, N. F. Proc. Phys. Soc. London, B64 (1951) 
729. 
3. ScHmip, E. and Boas, W. “Plasticity of Crystals’’ 
(London, F. A. Hughes and Co., 1950), Ch. VII. 
4. STEPANOw, A. W. Phys. Z. Sowjet. 8 (1935) 25. 
5. TELTow, J. Ann. d. Physik 5 (1950) 63. 
9. KuRNICK, S. W. J. Chem. Phys. 20 (1952) 218. 
-. Murin, A. and TausH, Yu. Dokl. Akad. Nauk SSSR, 
80 (1951) 579. 
3. Lazarus, D. and Lawson, A. W. 
(1947) 730. 
. Nye, J. F. Nature 162 (1948) 299; Proc. Roy. Soc. 198A 
(1949) 190, 200A (1949) 47. 
. TayLor, G.I. Proc. Roy. Soc. 116 (1927) 16, 39. 
. COTTRELL, A. H. and AYTEKIN, V. J. Inst. Met. 77 
(1950) 389. 
2. BANKS, F. 
(1941) 943. 
3, CHEMLA, M. C. 
. Curisty, R. W. 
5. FRANK, F. C. and 
(1950) 722. 
3. HEDGES, J. M. and MITCHELL, J. W. 
(1953) 223. 
7. ANDRADE, E. N. pa C. and RANDALL, R. F. Y. 
Phys. Soc. London, B65 (1952) 445. 
8. COTTRELL, A. H. Progress in Metal Physics I (London, 
Butterworths Sci. Publ., 1949), p. 77. 
. E. WAGNER, C. Z. f. 
(1937) 295. 
SEITz, F. Phys. Rev. 88 (1952 
. Mott, N. F. and Gurney, R. W. 
in Ionic Crystals’ (2d ed., Oxford, 1948). 
2. Seitz, F. Rev. Mod. Phys. 23 (1951) 328. 
3. WeyL, W. A. Glastechn. Ber. 23 (1950) 174. 


Instr. 18 


Rev. Sci 


R. and MILter, P. H., Jr. Phys. Rev. 59 


R. Acad. Sci. (Paris) 234 (1952) 260. 
Unpublished. 


Reap, W. T., Jr. Phys. Rev. 79 


Phil. Mag. 44 


Proc. 


and 


phys. Chem. 38B 


722. 


“Electronic Processes 


954 


SUR LE MECANISME DE LA DIFFUSION DANS LES SOLUTIONS 
SOLIDES* 


C. CRUSSARD}{ 


La diffusion dans les solutions solides est caractérisée par un temps de relaxation qui n’obéit pas 
exactement a la loi d’Arrhénius, comme Il’ont montré des expériences trés précises dies 4 Nowick. 
Diverses hypothéses sont envisagées ici pour expliquer ces écarts : influence d’hétérogénéités de 
concentration, des lacunes réticulaires, mécanisme de diffusion double (impliquant la diffusion 
successive d’un atome du solvent et d’un atome du soluté), variation de l’énergie d’activation dans 
la théorie d’Eyring, mécanisme invoqué par Barrer et différent de celui d’Eyring. On montre qu’- 
aucune de ces hypothéses ne peut rendre compte des écarts observés. 

En analysant de plus prés le mécanisme de I’agitation thermique, et en utilisant une théorie déja 
dévelopée ailleurs par l’auteur, basée sur l’interférence des ondes d’agitation thermique, on arrive a 
expliquer de fagon satisfaisante les écarts a la loi d’Arrhénius. 


ON THE MECHANISM OF DIFFUSION IN SOLID SOLUTIONS 


The diffusion in solid solutions is characterised by a relaxation time that does not follow exactly 
Arrhenius’ law, as has been shown by very precise experiments carried out by Nowick. Various 
hypotheses are considered here in order to explain those differences: the influence of heterogeneities 
of concentration, of vacancies, of the mechanism of double diffusion (involving the successive diffusion 

f tom of solvent and an atom of solute), variation of the activation energy in Eyring’s theory, 

ism proposed by Barrer, which differs from the one proposed by Eyring. It is shown that 

none of those hypotheses can account for the observed discrepancies. By analyzing more closely 

the mechanism of thermal agitation, and using the theory based on the interference of waves of 

thermal agitation, developed elsewhere by the author, it is possible to explain in a satisfactory manner 
the discrepancies in Arrhenius’ law. 


UBER DEN DIFFUSIONSMECHANISMUS IN FESTEN LOSUNGEN 

Diffusion in festen Lésungen ist durch eine Relaxationszeit, die nicht véllig dem Arrhenius’schen 
Gesetz folgt, charakterisiert. Dieses wurde von Nowick durch sehr prazise Versuche gezeigt. Um 
diese Differenzen zu erklaren werden im Folgenden verschiedene Hypothesen betrachtet: Unstetig- 
keiten in der Konzentration, Leerstellen, Doppeldiffusion (was eine aufeinander folgende Diffusion 
eines Atoms des Lésungsmittels und eines Atoms des gelésten Stoffes erfordert) Veranderungen in 
der Aktivierungsenergie in Eyrings Theorie, ein von Barrer vorgeschlagener Mechanismus, der sich 
von Eyrings Bild unterscheidet. Es zeigt sich, dass keine dieser Hypothesen die beobachteten Abwei- 
chungen erklaren kann. 

Wenn man jedoch die Elementarvorgange der thermischen Anregung eingehender analysiert und 
eine von dem Autor an anderer Stelle veréffentlichte Theorie, die sich auf die Interferenz der Wellen 
der thermischen Anregung griindet, hinzuzieht, kann man die Abweichungen vom Arrhenius’schen 
Gesetz zufriedenstellend erklaren. 


‘T de log D 
(ou d’une grandeur qui lui est inversement pro- 


La vitesse de diffusion, mesurée par le coefficient que la représentation en fonction de 1 
de diffusion par exemple, varie en fonction de la 
température selon la loi d’Arrhénius: portionnelle comme le temps de relaxation déduit 


des expériences d’amortissement) fournisse une 
C’est 


Mais les expériences de Nowick sont assez précises 


droite. ce qui est communément admis. 


D = Dv exp (—E/RT) 
La mesure exacte des quantités D, et E est pour montrer des déviations petites, mais systé- 
trés difficile, comme le montrent les écarts con- matiques, par rapport a la loi d’Arrhénius, visibles 


sidérables entre les résultats trouvés par d’excel- sur la figure 1 reproduite de son article. Sur cette 


lents expérimentateurs. Dans le cas des solutions 
solides métalliques de substitution, il semble que la 
mobilité des atomes du 
soluté par l’étude du 
interne. Cette méthode, découverte par Zener [1], 
a été par Nowick a 
alliages Ag-Zn [2]. Ses résultats contiennent une 


illeure ssure de | 
meilleure mesure de la 


soit fournie frottement 


appliquée récemment des 


particularité intéressante qui mérite d’étre dis- 
cutée. 
s’attendre a ce 


D’aprés l’équation (1), on doit 


*Rec eived Septembe r we 
tInstitut de Recherche de 
Laye. 
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figure a été ajoutée, en pointillé, une courbe 


tendue représentant plus exactement les résultats 
expérimentaux que la droite moyenne; en admet- 
tant que cette courbe est une parabole, on peut 
calculer que la chaleur d’activation apparente 
(valeur de & déduite de la pente de la courbe a une 
15% 


passe 


(en 
bout a 


température donnée) croit de environ 


valeur relative) quand on d’un 
l’autre de la courbe expérimentale. Par exemple, 
pour un alliage a 15,8% de Zn, ot la variation 
semble la plus forte, la chaleur d’activation moy- 
enne indiquée par l’auteur, soit 36.100 cal/mole, 


est valable en réalité vers 270°C, milieu de l’inter- 


CRUSSARD: 


valle; elle varie entre 32.500 (environ) a 160°C et 
39.600 a 400°C. 

D’ou proviennent ces écarts a la loi d’Arrhénius 
dans le phénoméne de relaxation utilisé ici ? On 
peut en chercher une explication dans diverses 
directions. 


Température °C 
400 350 320 280 240 


Zn, atomes % 


tion (sec.) 


| 


iu temps de relaxa 


T 


1000/1 
l 


18 2.0 22 24 26 


FiGuRE 1. Variation du temps de relaxation avec la tempér- 
ature, par divers alliages Ag—Zn. 


Admettons d’abord que la vitesse de diffusion 
suive bien la loi d’Arrhénius, mais qu’une par- 
ticularité du métal ou du processus de relaxation 
puisse introduire des perturbations. 

1. Dans cet ordre d’idées, Nowick a suggéré de 
ces écarts une premiére explication : des hétéro- 
généités de concentration dans la solution solide 
introduiraient des variations locales dans |’énergie 
d’activation du processus, donc dans son temps de 
relaxation 7. Dans cette hypothése, la valeur du 
frottement interne, au lieu d’étre commandée par 
un processus a temps de relaxation unique, dépend 
d’un “‘spectre’’ de temps de relaxation, distribué 
selon une 


Comme Nowick a prouvé que les variations du 


certaine fonction de distribution, F. 
temps de relaxation étaient entiérement attribu- 
ables a des variations de l’énergie d’activation E£, 
il faut considérer que cette distribution est faite 
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en fonction de E, ou, ce qui revient au méme, du 
paramétre 

(2 


} 


F(X) est la 
fonction de distribution ainsi définie, le nombre de 


que nous utiliserons dans la suite. Si 
“centres de relaxation’’ dont le temps de relaxation 
correspondra a une valeur A, a dX prés, sera 


(3) dN = F(\) dv 


Remarquons en passant qu'il ne faut pas définir 
la fonction de distribution en fonction de 7,comme 
l’a fait Zener, car r varie avec la température, et 


une distribution ainsi définie n’aurait pas de 


signification physique intrinséque au métal et 
indépendante des conditions d’expérience. 


Ceci étant, le frottement interne est égal a 
(4 
ott w est la pulsation du pendule de mesure. 


Si le 


d’Arrhénius 


processus de relaxation obéit Aa la loi 


(9) 


= tT) exp (A T) 
en posant 
l 


T 


A = In (ro) 


(6) x= 


On peut donc écrire (4) sous la forme suivante: 


> cos h u 


x 


en posant 


Le pic de la courbe du frottement interne en 
fonction de la température qui sert a la détermina- 


tion expérimentale de 7, est donné par |’équation 
(9) 0- =U 
Le calcul donne 


sinh u 


F( } A dx 
2 cos 


(10) 
(9) est donc une équation intégrale qui définit la 
valeur x)» de x correspondant au maximum de 4. 

En général, on ne peut calculer x» qu’en précisant 
la forme de la fonction F. Mais on peut s’en tiret 
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par un artifice. Remarquons d’abord que si la 
distribution des \ se réduisait 4 une valeur unique, 
Ao (mécanisme a un seul temps de relaxation), a ce 
mécanisme correspondrait une courbe 6(x) passant 
par un maximum (pic de frottement interne) 
précisément pour la valeur de x annulant u (Xo, x). 
Dans le cas général d’une distribution continue, 
supposons x = x»; on peut développer F en série 
au voisinage de la valeur \» de A, inconnue, annul- 
ant « (A, x). En se limitant au premier terme, il 
vient : 
(11) F(X) = + (A — Ao) 


En portant cette valeur dans le formule (10), 
on trouve finalement 


(12) 5:(x0) = [F(Ao) + AoF (Ao) ] 


x 2 A — Ao. sinh [(A — Ao) Xo] 
2 cos h” [(A — Xo) xo] dA 


L’intégrale de l’expression (12) a une valeur 
proportionnelle a 1/x9?; donc, sauf si x» = 0 ou ~, 
le maximum de 6 sera atteint pour un couple de 
valeur Xo, xX» satisfaisant aux deux équations 


(13) F(Xo) + Ao F’(Ao) = 


(14) Ax) = O 


La premiére définit une valeur \» independante de 
x (donc de la température), et légérement supér- 
ieure a la valeur A» correspondant au maximum 
de F(X): X» est donc un peu a droite du maximum 
de la courbe de distribution, l’écart Ao — Am 
étant faible si la distribution est aigue. Dans ce 
cas on peut d’ailleurs trés sensiblement remplacer 
l’équation (13) par : 


(15) F(Xo) + Am Fyr’(do) = 0 


L’équation (14) définit la température corres- 
pondante au pic du frottement interne; elle est la 
méme que si la courbe de distribution se réduisait 
a la valeur unique Xo, déterminée en portant dans 
'équation (5) les valeurs tr = 1/w et Xo racine 
de (15). 

Appliquons maintenant ce résultat aux diverses 
fonctions F(X) que |’on peut imaginer, en remar- 
quant que, d’aprés les résultats mémes de Nowick 
(réf. [2], Fig. 5), A est fonction linéaire de la 
concentration, donc que la courbe de distribution 
reproduit, a l’échelle pres, la courbe de distribu- 
tion des concentrations. Nous allons invisager 3 
cas. 

(a) Les fluctuations de concentration se sont 
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produites a haute température (par exemple 
ségrégations a la coulée), et sont ‘‘gelées’’ a la 
température de l’expérience. Dans ce cas, l’équa- 
tion (15) définit un Xo différent de \,,, mais indé- 
pendant de la température: le pic de frottement 
interne est légérement décalé vers la droite (en 
et en 7), mats ce décalage est constant et ne peut 
donc introduire aucune variation dans l’énergie 
d’activation mesurée. Remarquons d’ailleurs que, 
d’aprés les résultats donnés par Nowick, |’élargis- 
sement du pic de frottement interne correspond a 
des fluctuations de x de + 0,7% environ, donc a 
des fluctuations de E du méme ordre, 10 fois plus 
petites que les variations de la chaleur d’activation 
apparente signalées plus haut; elles correspondent 
a des fluctuations de concentration de + 1,2% 
environ. 

(5) Les fluctuations de concentration se produi- 
sent 4 la température de l’expérience, sous l’effet 
de l’agitation thermique (fluctuations thermo- 
dynamiques). Soit y la concentration en chaque 
point, ym sa valeur moyenne dans l’alliage. On 
sait que la probabilité de fluctuation est de la 
forme 


(16) E( = 10)*) 


P = Pyexp g 
(K constante). 


La courbe F(A) est donc de méme forme et 
l’équation (15) montre que A» — Am est proportion- 
nel 4 T, donc que |’énergie d’activation E est de la 
forme 


E= E+ 6T (8 constante). 


En portant cette valeur dans (5), on retrouve la 
loi d’Arrhénius; les fluctuations envisagées agissent 
seulement sur l’entropie. Cette hypothése ne 
fournit donc pas l’explication des écarts cherchée. 

(c) Les fluctuations de concentration sont dfies 
aux tensions internes liées 4 des défauts de struc- 
ture. Pour des métaux bien recuits, les seuls 
défauts que l’on puisse raisonnablement envisager 
sont des dislocations. Du fait de l’effet Cottrell, 
d’un cété des dislocations il y a enrichissement, 
de l’autre c6té appauvrissement en atomes dissous. 
Or des variations locales de concentration sont 
fonction de la température (les ‘‘nuages s’éva- 
porent’”’ quand on chauffe). On connait la loi de 
répartition de la concentration dans ces nuages 
[3]. Elle est de la forme: 


— — Ym) + kT In (=) 


m 


2 = 
(17) 
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ou a et 6 sont des constantes, et r la distance du 
point considéré a la dislocation. Quand il y a 
plusieurs dislocations, il faut remplacer r par une 
fonction des distances aux dislocations les plus 
proches. Dans un métal bien recuit, le nombre des 
dislocations est faible, et il existe de grands 
espaces éloignés de toute dislocation. Aussi le 
maximum de la courbe de distribution est trés aigu. 
Dans les espaces en question, y différe peu de ym, 
de sorte que (17) peut s’écrire sensiblement 


(17 bis) c= a b+ AT) (y — Ym) 
r Ym 

comme 6 est grand vis-a-vis de kT [3], la distribu- 
tion dans ces régions est pratiquement indépen- 
dante de la température. On retombe donc dans 
le cas ad, avec un maximum plus aigu. La encore, 
l’hypothése envisagée ne peut expliquer les écarts 
a la loi d’Arrhénius. 

2. Il existe un autre genre de défauts de struc- 
ture dont la répartition, sans agir sur les concen- 
trations, pourrait avoir un effet sur le phénoméne 
étudié: ce sont les Jacunes réticulatres. Ces lacunes 
sont attirées par les atomes en solution [3] (ici les 
atomes de Zn); cette attraction varie avec la 
température : de paires Zn-lacune 
décroit quand la température croit, ce qui rend 
la diffusion plus difficile. On introduit donc dans 
le nombre de cas favorables a la diffusion un 
facteur qui, pour des raisons évidentes, doit étre 
de la forme exp (—u/kT) (u énergie d’interaction, 
atome de Zn—lacune; négative) ; l’entropie d’activa- 
tion de ce fait varie de— u/kT. Ce terme, introduit 
quand l’équation (20), modifie donc seulement 
énergie d’activation apparente d’une quantité 
constante. La encore, il n’y a pas d’écart a la loi 
d’Arrhénius. 

3. Nowick a invoqué une autre cause d’écart: 
réalité la 


le nombre 


le processus de relaxation exige en 
diffusion successive d’un atome de zinc et d’un 
atome d’argent. Le temps de relaxation pour cet 
ensemble de processus est de la forme 

(18) r = 7, exp (A1/7) + 72 exp (A2/T) 
remplagant |’équation (5). Ici, d’aprés ce que 
sait sur la diffusion, les concentrations des deux 
espéces d’atomes étant du méme ordre, si l’indice 
1 est affecté a l’atome diffusant le plus difficilement 
(ce sera probablement l’argent), A1 > Az, T1 < 72; 
mais, au total, c’est le premier terme de (18) qui 
est le plus grand. On peut donc écrire 
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(18 bis) 7 = exp (Ay + Zexp( 


d’ot trés sensiblement 


(19) log r 


= log 71 + Aux + exp (— (Ai — Az)x) 
T1 


La courbe correspondante donnant log (r) en 
fonction de x devrait tourner sa concavité vers le 
haut. On trouve donc bien ict un écart a la loi 
d’Arrhénius, mais du mauvais sens par rapport a 
ceux observés. Ceci prouve que le 
terme \1— 2 doit étre assez fort pour que le terme 
correctif soit négligeable. 

On ne voit donc pas comment expliquer les 
écarts observés, si la vitesse de diffusion suit la loi 
d’Arrhénius. II] fait donc maintenant aller plus a 
fond dans la théorie et voir si une étude plus 
diffusion ne 


en passant 


approfondie du mécanisme de la 
montrerait pas qu’elle suit une loi différente de 
celle exprimée par l’équation (1). Nous contin- 
uerons donc la série de nos hypothéses investi- 
gatrices comme suit: 

4. Si l’on calcule le coefficient de diffusion D 
d’aprés la théorie d’Eyring sur la cinétique chimi- 
en premiére approximation la 


que, on trouve 


formule 
kT 
(20) D=A (AS/R)* exp (—E/RT) 


ot. A est une constante, k et A respectivement les 
constantes de Boltzmann et de Planck, AS I|’en- 
tropie de diffusion et |’énergie d’activation pour 
la diffusion. L’écart a la loi d’Arrhénius pourrait 
provenir du terme en 7 devant l’exponentielle de 
la formule (20). 

Cet écart est bien dans le bon sens; mais en 
faisant le calcul, on s’apercoit qu’il n’est pas du 
bon ordre de grandeur pour expliquer les résultats 
de Nowick. En effet, formule (20) 
la variation de la chaleur d’activation apparente 
entre 160° et 400° seulement de 
(exactement : 480 10 fois plus 
petite que la variation mesurée. 

D’ailleurs, Le Claire a montré [4] qu’une théorie 
plus exacte faisait disparaitre le terme en 7 devant 
l’exponentielle. Ce n’est donc pas lui qui peut 


d’aprés la 


serait 15% 


cal/mole), soit 


expliquer les écarts a la loi d’Arrhénius. 

On peut alors se demander si des variations de 
avec la température ne 
pourraient étre responsable de ces écarts. Mais 
récemment Dienes a montré [5] que les variations 


énergie d’activation FE 


de E étant trés approximativement linéaires en 7, 
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au moins dans un large intervalle de température, 
on peut écrire 


(21) Ey — aT 
d’ot 


(22) D = A’ exp (AS + a/R) - exp (— Ey/RT) 


ce qui modifie seulement l’entropie d’activation, 
sans changer la forme de la loi. On ne peut donc 
expliquer ainsi les écarts observés. 

Remarquons enfin que dans le terme A’ figure la 
fréquence des oscillations atomiques. Celle-ci 
varie avec 7, mais beaucoup trop peu pour pouvoir 
rendre compte des écarts en question. 

Ainsi la théorie d’Eyring est incapable d’expli- 
quer correctement les résultats de Nowick. 

5. On peut alors, suivant Barrer [6] considérer 
que le phénoméne qui commande la vitesse de 
diffusion est l’accumulation (aléatoire) d’énergie 
cinétique dans l’atome avant le saut, alors que la 
théorie d’Eyring suppose que le processus est 
contr6élé par la vitesse a laquelle les atomes diffusant 
passent le ‘‘col’’ d’énergie qu’ils ont a franchir. 
Dans cette hypothése, on trouve pour le coefficient 
de diffusion: 


(23) 


© ART exp (—E/RT) 


ot: s est le nombre des degrés de liberté sur lesquels 
l’énergie E est accumulée. 

Pour s=1, on retrouve la loi d’Arrhénius. 
Pour s > 1 on trouve des écarts a cette loi, mais en 
sens inverse de ceux observés. Cette théorie ne con- 
vient donc pas non plus. 

Ainsi, ni les particularités de structure que l'on 
peut raisonnablement envisager, ni les théories de 
la diffusion communément admises ne semblent 
pouvoir rendre compte des expériences de Nowick. 
Il nous faut donc remonter encore plus loin, et 
pousser plus a fond l’analyse de Il’agitation thermi- 
que dans les solides. Nous allons étre ainsi conduit 
& un sixiéme genre d’explication, qui va nous 
donner satisfaction. 

6. J’ai montré ailleurs (7) que, dans un solide, 
on ne pouvait appliquer la formule de Boltzmann 
séparément a l’atome ou au groupe d’atomes ou 
doit se produire l’activation; il faut considérer le 
couplage trés serré avec le reste du solide, notam- 
ment les méthode la 


plus naturelle pour traiter le probléme est de tenir 


atomes environnants. La 
compte de la décomposition de l’agitation ther- 
mique en ondes planes, et de calculer les interfér- 


ences de ces ondes. Dans le cas du mouvement 
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d’un seul atome (qui doit étre le cas de la diffusion), 
on aboutit [7] pour la probabilité d’activation a 
la formule 


(24) WV = exp [—5E/3B?(T)] 


ot B?(T) est une fonction définie par une intégrale 
assez compliquée, et qui, pour J = 0, part d’une 
valeur finie, pour se rapprocher ensuite asymp- 
totiquement de 7, en sorte qu’aux hautes tempéra- 
tures, B?(T)#kT. Aux basses températures, les 
variations de B?(T) resemblent a celles de l’énergie 
fréquences 


des ondes d’agitation thermique de 


voisines de la fréquence limite 


k6 


ou 6 est la température caractéristique. 

Dans ces conditions, la variation des coefficients 
de diffusion en fonction de la température doit 
étre donnée par une loi de la forme 


(26) D = D,- exp [—E/B*(T)] 


en faisant entrer le facteur 5/3 dans l’énergie 
d’activation. 

Si l’on porte cette valeur dans l’expession du 
temps de relaxation, on obtient une loi qui s’écarte 
de celle d’Arrhénius, surtout aux basses tempéra- 
tures. Cette fois-ci, les écarts prévus sont dans le 
sens de ceux observés par Nowick. 
grandeur est correct. 


Voyons si l’ordre de 


Comme 


r = exp [E/B*(T)] 


27) 
en assimilant les variations de B?(T) A celles de e, 
on trouve 


k 


Dans le cas présent, @ = 330°*; en passant de 
430°K a 660°K, cosh? (6/27) varie de 1,075 a 1,03, 
soit de 4,5%. 

L’ordre de grandeur de la variation calculée se 


_lde E 


(28) 


rapproche de celle observée; elle en représente les 


*Les auteurs donnent comme température caractéristique 
de l’argent 215°. Mais cette température est celle de Debye, 
calculée d’aprés une moyenne entre les vitesses des ondes 
longitudinales et transversales. Ici, il faut tenir compte de ce 
que les ondes de fréquence maximum sont longitudinales, et 
que les ondes intéressantes sont celles se propageant dans une 
direction voisine de 110 (direction dans laquelle se fait le 
saut au cours de la diffusion). C’est ainsi que l’on trouve la 
valeur 330°. En toute rigueur, il faudrait faire le calcul de la 
fonction B?(T) dans un milieu anisotrope. 
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3/10. Cette théorie est donc celle qui se rapproche 
de beaucoup le plus de la réalité. 

Il reste néanmoins un écart 4 combler. A ce 
sujet, remarquons que, outre les approximations de 
calcul signalées, nous avons fait une approximation 
de principe en appliquant a un alliage réel une 
théorie des ondes thermiques construites pour un 
cristal parfait. En effet, dans le phénoméne qui 
nous intéresse, c’est-a-dire la diffusion, au moment 
ou un atome va subir un saut, il est accolé a une 
Cette lacune constitue un défaut 


diffuse les ondes d’agitation thermique. De ce 


lacune. qui 
fait, les atomes voisins subissent une “‘pression de 
radiation’’, qui tend a les rapprocher du centre de 
la lacune. Cette pression est dae principalement 
aux ondes les plus courtes, qui sont les plus diffu- 
sées; elle varie donc a peu prés proportionnellement 
a e, c’est-a-dire croit avec la température. Le seuil 
d’énergie a franchir diminue donc d’une quantité 
proportionnelle a ¢, de sorte qu’on peut écrire 
approximativement: 


(29) 


d’ou 


d(In r) E ke? 


k cosh’ 4sinh’ > 


(30) 


Le dernier terme, correctif, croit avec 7; la 
correction est donc du bon sens. Pour en calculer 
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la valeur exacte, il faudrait résoudre le probléme 
mécanique -trés compliqué que représente l’agita- 
tion thermique des atomes autour de la lacune, en 
tenant compte de la densité électronique dans la 
lacune et des actions qu’elle exerce de ce fait sur les 


noyaux atomiques voisins. 


Conclusion 


L’examen successif de diverses hypothéses, 
auquel nous venons de procéder, montre que des 
mesures précises des temps de relaxation de la 
diffusion a4 température relativement basse, telles 


Nowick, ne 


s’interpréter a l’aide des théories ordinairement 


qu’elles ont été faites par peuvent 


admises. On est donc forcé d’abandonner des 
théories trop simplistes de la diffusion, telle que 
celle déduite des théories d’Eyring sur la cinétique 
chimique, pour une théorie compléte, a la fois 
plus mécanique et cristallographique, tenant compte 
de la vraie nature des ondes d’agitation thermique 
et, si possible, de leurs interactions avec les lacunes 


réticulaires responsables de la diffusion. 
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UBER DIE BERECHNUNG DER VERZERRUNGSENERGIE BEI 
KEIMBILDUNG IN KRISTALLEN* 


E. 


Bei der Bildung von Keimen einer neuen Phase in Kristallen tritt eine Deformation der beteiligten 
Phasen auf. Es wird eine Methode angegeben, nach der die zugehGrige Verzerrungsenergie berechnet 
werden kann, soweit die Deformation durch den Unterschied im Raumbedarf der beteiligten Phasen 
bedingt und nur so gross ist, dass die Naherungen der linearen Elastizitatstheorie geniigend genau 
giiltig bleiben (§ 1, § 2). Die Rechnung beriicksichtigt die Anisotropie der Kristalle in vollem Umfang. 
Fiir Keimbildungen innerhalb einer kubischen Phase wird die Verzerrungsenergie als Funktion der 
elastischen Konstanten und der Molvolumina beider Phasen, sowie der Keimform gegeben (§ 3). 


ON THE CALCULATION OF THE STRAIN ENERGY ASSOCIATED WITH THE 
NUCLEATION OF A NEW PHASE WITHIN A CRYSTAL 

When a new phase is nucleated within a crystal a deformation of the phases involved occurs. 
A method is described which permits the calculation of the strain energy associated with this trans- 
formation, provided the deformation is caused by the difference in volume of the phases and is not 
too large so that the approximations of the linear theory of elasticity are still exactly valid (§1, §2). 
This calculation takes the anisotropy of the crystals fully into account. For nucleation within a cubic 
phase the strain energy is given as a function of the elastic constants and the molvolumes of both 
phases, as well as the shape of the nuclei (§3). 


SUR LE CALCUL DE L'ENERGIE DE DEFORMATION ASSOCIEE AVEC LA 
GERMINATION D'UNE NOUVELLE PHASE A L’INTERIEUR D’UN CRISTAL 


La germination d’une nouvelle phase a l’intérieur d’un cristal conduit 4 une déformation des deux 
phases en question. On décrit une méthode qui permet de calculer I’énergie de déformation, 4 condi- 
tion que la déformation soit causée par la différence entre les volumes des deux phases et ne soit pas 
trop grande, de sorte que les approximations de la théorie linéaire d’élasticité soient applicables avec 
une précision suffisante (§1, §2). Ce calcul tient compte de l’anisotropie des cristaux. Dans le cas de 
germination dans une phase cubique, l’énergie de déformation est donnée en fonction des constantes 


d’élasticité et des volumes moléculaires des deux phases, ainsi que de la forme des germes (§3). 


1. Die Verzerrungsenergie als Funktion der 
elastischen Moduln und Molvoluminat 


Bezeichnungen: 
t = (x, y, 2) der Ortsvektor mit 
Schwerpunkt Be- 
reichs als Bezugspunkt, 
(u,v,w) = (8, 8,,8,) der Vektor des Verschieb- 
ungsfeldes, 
Flachendichte der 4Aus- 
seren Krafte auf dem 
Rand R (bei Zug positiv) 
Dichte der dusseren, am 
Volumenelement an- 
greifenden KrAafte, 

der Aussere Normalen- 
einheitsvektor von R, 

W die Verzerrungsenergie- 
funktion, 

die gesamte Verzerrungs- 
energie des durch 8 
verschobenen Bereichs B. 


n = (nz, ny, 


E{s, 8] = fff,Wdr 


*Received August 26, 1953. 

fInstitut fiir theoretische und angewandte Physik der 
Technichen Hochschule und Max Planck-Institut fiir Metall- 
forschung, Stuttgart. 

tUber die Rolle der Verzerrungsenergie bei der thermo- 
dynamischen Behandlung von Phasenumwandlungen in 
Kristallen vgl. z.B. [1; 2]. 
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Jede in einem Bereich B iiberall regulare Funktion, 
welche die elastischen Differentialgleichungen fiir 
die Verschiebungen bei fehlenden Volumenkrdaften 
befriedigt, soll als elastische Funktion in B be- 
zeichnet werden. Unter einem konvexen Bereich 
soll ein einfach zusammenhiangender Bereich mit 
abteilungsweise stetiger Jordanbegrenzung, welche 
nirgends konkave Stellen hat, verstanden werden. 
Als konkaver Bereich wird die sich bis ins Un- 
endliche erstreckende Umgebung eines konvexen 
Bereichs bezeichnet. 

Die Zahl der Atome im Keim soll klein im Ver- 
haltnis zur Zahl der Atome in der urspriinglichen 
Phase, jedoch so gross sein, dass Keim und Wirts- 
gitter angesehen 
werden kénnen. Nimmt man den Keim konvex an, 
so wird das Wirtsgitter mit guter Naherung ein 
konkaver Bereich. Das soll heissen, man kann so 


naherungsweise als Kontinua 


rechnen, als ware es unendlich ausgedehnt, da die 
Energie iiberwiegend in Nahe des Keimes 
lokalisiert ist. Die Rechnung selbst wird fiir einen 
fiktiven Keim 8 der Grésse 1 Mol in einer Um- 
gebung a durchgefiihrt. Dabei soll 8 dem wirk- 
lichen Keim geometrisch dhnlich sein. Man _ be- 
rechnet so die ‘‘molare Verzerrungsenergie der 
Keimbildung”’ e. 

Falls die Deformation des 
Unterschieds im Raumbedarf der beteiligten Phasen 


der 


allein auf Grund 


| 
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auftritt, wirken diese mit Normalkraften kon- 
stanten Betrages aufeinander, da dann die zu- 
gehérige Energie minimal wird. Diese Behauptung 
stiitzt sich auf die Tatsache, dass man solche 
Krafte ansetzen muss, wenn man einen konvexen 
Kristall oder den Hohlraum 
Kristallbereich durch Randkrafte mit minimaler 
Energie maximal dehnen oder zusammendriicken 
will.* 

Grdéssen, die links oben mit einen Index a bzw. 8 
versehen werden, sollen sich auf die Phasen a bzw. 8 
beziehen. Fiir die Krafte zwischen a und 8 ist nun 
der Ansatz 


in einem konkaven 


a agy B |Boy 
“A= 
zu machen. Dann hat man als ‘‘Ubergangsbeding- 
ung”’ 

\@ Bg 

= = [A]. 
ey, 8y seien die Molvolumina von a@ und 8. Da der 
Keim die Grésse 1 Mol hat, gibt K = % — *v das 
Volumen an, das durch die Deformation beider 
Phasen geschaffen werden muss, damit 8 gerade in 
a Platz hat. Bei *v > ‘v wird der Keim gedehnt, 
sonst gedriickt. Die Dehnungen von a bzw. £ sind 


ff *8-"ndf, °K = ff 
G G 


wenn G die Grenzflache a — £6 ist. Als Bedingung 
des Problems hat man dann 


(2) "K+"K=K 

zu erfiillen, wo K als gegebene Konstante angesehen 
werden kann. Die in 8 gespeicherte Energie ist 

= °8) = | °s df 


also wegen (1) 


und genau so 
(3) 


Als molare Verzerrungsenergie erhalt man 


("K + °K) 


*Dieses Theorem wurde von Nabarro (loc. cit.) bewiesen. 
Einen zweiten Beweis enthalt die Diplomarbeit des Verfassers 
(unver6ffentlicht). 


KRISTALLEN 


also 

(4) e= 3/A/K 

Hierin muss |%| bestimmt werden. Zwischen |% 
und *K bzw. 8K hat man wegen der Linearitat der 
Theorie linearen Zusammenhang anzunehmen, also 


(c) (Fc) 
moduln der Kristalle a 


und sind (anisotrope) Kompressions- 


und 8. Zwischen ihnen 


besteht ein fundamentaler Unterschied. Fiir den 
konvexen Kristall 8 ist nach Voigt [3] 

(Cc) 1/ [Sir + Soo + S33 + 2(Si2 + So3 + S31) ] 

eine fiir den Kristall spezifische Konstante, die 
durch Kompressionsversuche im Piezometer leicht 
gemessen und daher als bekannt angesehen werden 
kann. Bei kubischen Kristallen 8 ist auch 


(6) (Pc) = + 2cr2) 
Fiir den konkaven Kristall a hangt der Kompres- 
sionsmodul (*c) ganz wesentlich von der Form der 
Grenzflache ab. (“c) ist eine bestimmte Kombination 
der elastischen Moduln von a, die erst fiir jede 
Grenzflache rechnerisch bestimmt werden muss. 
Ist diese Rechnung einmal durchgefiihrt, so lasst 
sich der in (4) gesuchte Betrag der Randkrafte 
leicht ermitteln. Man berechnet aus (2) und (5) 

1/(*c) + 1/(*c) 


Die gesuchte Energie ist also 
(7) 


Als Verhaltnis der Energieanteile in a und £8 ergibt 
sich 
"E/°E = (°c)/(*c) 
Der Kristall mit dem kleineren Kompressionsmodul 
(mit dem kleineren Widerstand gegen Kompression) 
nimmt also die gréssere Energiemenge auf. 
Die 
Problem. 


von (%c) ist das eigentliche 
z.B. der linken 
folgendes Randwert- 
problem lést: Gegeben Normalkrafte konstanten 


Bestimmung 
Man 


Gleichung (5) 


erhadlt (% aus 


wenn man 
Betrages auf der Grenzflache G eines konkaven 
Ver- 


schiebung in a bzw. die Dehnung des konvexen 


Kristallbereichs a, gesucht die zugehdérige 


Hohlraums in a. 
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E = 3/M|"K 
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2. Eine Methode zur Losung von 


Randwertproblemen* 


Es sei nun 8, eine endliche oder unendliche Folge 
von in einem Bereich B mit dem Rand R regularen 
Verschiebungsvektoren. Dabei soll zunachst offen 


ob die 8, elastische Funktionen sind oder 


Ist letzteres der Fall, 


bleiben, 


nicht. braucht man zur 


Verschiebung 8, ausser Rand- 


Der 
Kraften 


Realisierung einer 
kraften auch Volumenkrdafte Y,. 
menhang zwischen 


Zusam- 


diesen dusseren und 


den Verschiebungen 8, ist durch die GleichungenT 


(Me, )k — Cikim 


01 Om 

gegeben (7, k, /, m = x, y, 2). 

dass die gesuchte 
in der 


Es wird nun vorausgesetzt, 
Verschiebung eine Darstellung durch die 8, 
Form 


Dann 


folgendermassen 


konstanten Koeffizienten B, zulasst. 


Randwertprobleme 


mit 
kann 
lé6sen: Man berechnet die 


(8) Ey, = E[8,, 3,] 


. 
nm 0(8,)x ] 
= 2Cikim aT 


Gleichwertig damit ist 


iff s 
“e B 


Determinanten 


man 
Groéssent 


M, dr 


Man bildet nun die 
E’= 


Die Unterdeterminanten der letzten Zeile von E” 


heissen, wo uw von 1 bis » geht. Dann 


erfiillen die [5] 


(9) 41 = V En, iy => is, 


sollen 


die Orthogonalitats- und Normierungsrelationen 


*Man definiert die E lastizit? itsmoduln ¢jxim etwa durch das 
Hooke’sche Gesetz Ciklm = Ckilm 
Cikml = Clmik-. 

tVgl. zu diesem § auch St. Bergmann [4]. 

tE,, ist die gesamte Verzerrungsenergie des durch 8, ver- 
chobenen Bereichs B. 


= Cikiméml- Es ist 
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(10) 

Durch die Orthogonalisierung wird die Energieform 
B,B,E,, auf Hauptachsen gebracht. Mit den 8, 
sind auch die 3, fiir die Entwicklung der gesuchten 
Die zur Verwirklichung 
dusseren Krafte 


Verschiebung vollstandig. 
der Verschiebungen 3, gebrauchten 


sollen Y%,’ und IW,’ heissen. Es sei nun 
(11) 8(r) = A, 3,(v) 


Zur Bestimmung der konstanten Koeffizienten A, 
bildet man 


=A (3 + 3 {ff hy m,'dr) 
e B 


= A,E|[3,, 


oder wegen (10). Diese koeffizientenbestimmung ist 
bei gegebenen 8, optimal beziiglich der Energie, da 


d E[R., Ral -0 


wenn 


>, 


8° W,’df + 8 
e B 


Mit Bettis Theorem [6] ist auch 


M,’dr 


(13) A, = Efj,, 8] 


df + 3° Mdr 


erste Randwertproblem (8 auf R 
= 0 gesetzt werden kann. Dazu 
elastische Funk- 


(12) lést das 
gegeben), wenn J, 
miissen die 3,, also auch die 8, 
tionen sein. 

(13) lést das zweite Randwertproblem (Y& auf R 
gegeben). Dabei diirfen zusatzlich beliebige stetig 
verteilte Volumenkrafte werden. 
Die 3, brauchen keine elastischen Funktionen zu 
Die Aufstellung eines Funktionensystems 8,, 
Differentialgleichungen 


vorgeschrieben 


sein. 
elastischen 
mit Yt = 0 nicht erfiillt, 
Aufstellung eines Systems elastischer Funk- 
Ein besonderer Vorzug der Verwendung 
noch fol- 
ergeben sich wegen (8) die Aus- 
Linearkombinationen 


welches die 
gelingt viel leichter, als 
die 
tionen. 
nichtelastischer 
gender: Fiir sie 
driicke E,, als 


Funktionen ist aber 


der elas- 


re] 
(A,)e = —— (8); 
om 
bzw. 
{ SF 
= 
| 
.-- 
71 
(12) A, = Ef8, 3,] 
R 
= 
Ey, 
Ex Eos Eye 
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tischen Moduln mit Koeffizienten, die von diesen 
Moduln nicht abhangen. Es gelingt daher, die 
Randwertaufgaben zu lésen, ohne die Zahlenwerte 
der elastischen Moduln einsetzen zu miissen. Mit 
elastischen Funktionen geht das i.allg. nicht, da 
diese selbst Funktionen der Moduln sind. 

Die Funktionen 8, sollten dem jeweiligen Prob- 
lem angepasst sein, nur dann ist rasche Konver- 
genz zu erwarten. Ist S,, irgend eine Kugelflachen- 
funktion vom Grade m, so bilden die Funktionen 


(14) (r°S,,0,0), (0,7"S,,0), (0,0, 


(m negativ, m positiv) 


fiir das Aussere einer Kugel ein passendes und 
vollstandiges System. Wie der Verfasser in einer 
zweiten Arbeit gezeigt hat [10], unterliegen dabei n 
und m der wesentlichen Beschrankung* 

(15) n+m+1>0 

Fiir das Aussere eines unendlich langen Kreis- 
zylinders ersetzt man zweckmiassig die Funktionen 
r"S,, durch die analogen zweidimensionalen Funk- 
tionen p"sin mq, p" cos m@ (p? = x? + vy’). 

Fiir das Aussere eines Ellipsoids fiihrt man ellip- 
tische Koordinaten \,y,v ein. Es sei L(y, v) 
irgend ein zweifaches Lamé’sches Produkt vom 
Grade m > 0. Auf der Oberflache eines Ellipsoids 
in elliptischen Koordinaten gegebene Funktionen 
kann man nach den L,,(u, v) entwickeln. K,(A) sei 
eine Lésung der Lamé’schen Differentialgleichung 
vom negativen Grade m. Dann treten die Funk- 
tionen K,,(A) Lm(u, v) an die Stelle der 7“S,, von (14). 
Fiir grosse gehen die in die iiber. 

Beschrankt man sich auf Keimbildungen, bei 
denen die Symmetrieebenen des Ellipsoids mit 
Symmetrieebenen des Kristalls zusammenfallen,t 
so kann man fiir die Verschiebungen die Form 


9 


2 2 
u=xgilx,y 


voraussagen. Dann braucht man von den Lamé’ 
schen Produkten L,»(u,v) nur diejenigen 
zweiten Art und von diesen fiir die Entwicklung 


der 


von u, v, w resp. nur die der 1., 2. bzw. 3. Unterart. 
Die Anzahl der fiir die Entwicklung einer Ver- 
schiebungskomponente benétigten Produkte ist 
also (m + 1)/2 pro Grad m [7]. 


*Gilt nur fiir m = 0. 
tDies ist nur bei rhomischen, tetragonalen (1. Abt.), hexa- 
gonalen und kubischen Kristallen méglich. 
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Berechnung der Verzerrungsenergie bei 
Keimbildung in tetragonalen Kristallent 
Es soll Ende 


Randwertproblem fiir den Fall, dass a tetragonal 


3. 


nun das am von §1 angegebene 
ist und das Aussere eines Rotationsellipsoids aus- 
fiillt, gel6st werden. Drehachse des Ellipsoids, Z- 
Achse [001] Man 
behandelt Problem das 
abgeplattete (flache) und das verlangerte (lange) 
Ellipsoid gleichzeitig. Dazu bedarf es nur folgender 


und sollen zusammenfallen. 


das zweckmassig fiir 


Festsetzungen: Es sei 


arc ctg flache 


A (é) fiir das Ellipsoid 


Ar Ctg é lange 
Ferner sollen in allen Formeln bei doppelter An- 
gabe von Vorzeichen die oberen fiir das flache, die 
unteren fiir das lange Ellipsoid gelten. Man fiihrt 


zweckmassig durch die Gleichungen [7; 8] 


(& 
V 1)(1 — n°) sin 


n, ¢ ein. Es 


+1)(1 COS d, 


= 


orthogonale elliptische Koordinaten &, 


ist 


flache 
fiir das Ellipsoid 


lange 


konfokale mit der 


1, z = 0 bzw. den Brennpunkten 


£ = konst. sind Ellipsoide 
Brennlinie p = 
+1. 


Die in den Ausdriicken 


= 


dn do 
ho h 3 


dit 
ar = aj = 


hy he 


vorkommenden Grdssen / erhalt man zu 


{Bei entsprechender Spezialisierung der Elastizitatsmoduln 
gelten die folgenden Ergebnisse auch fiir kubische und hexa- 
gonale Kristalle 


(16) x = 
z= & 
| 
2 2 2 2 h, = 5s, he = { 
W= 223(X h; = 
VY = — 
Mit ihrer Hilfe berechnet man auch 
Ox 
E\/ +1)(1l—7) . 
— \ sin oO, 
oy 
1 
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Die Gleichung der Ellipsoide ist 


(18) 


(19) 


beschrieben. Den iusseren Normaleneinheitsvektor 


von a gibt = V F/|V fiir seine Komponenten 


berechnet man 
(20) = $+ 41/1 — cos ¢, 
1)n 
@ 
Die Ausdriicke (16) befriedigen die Laplace’sche 
Differentialgleichung, daher sind die unterstriche- 
nen Teile von (20) Lamé’sche Produkte Lj, Li, Li 
vom Grade 1. Durch den oberen Index sollen die 
drei Unterarten der Lamé’schen Produkte 2. Art 


Zur Entwicklung der ge- 
v, w braucht 


unterschieden werden. 
suchten Verschiebungskomponenten u, 


man Funktionen &, der Form* 


Ihr Beitrag zur Volumendehnung des Hohlraums 
in @ ist leicht zu iibersehen. Es ist, tiber die Ober- 
flache des Ellipsoids £ integriert, 


u, n,df = 


wn dndd 


Hierbei wurde /df = dynd¢@ beriicksichtigt. Nun 
sind alle Lamé’schen Produkte in dem Integra- 
tionsbereich der beiden letzten Gleichungen ortho- 
gonal. dass von den Funktionen (21) 
nur diejenigen einen Beitrag zur Volumendehnung 
geben, die Li, L{ oder Li enthalten. Fiir die 1. 
wir die harmonischen Funk- 


Hieraus folgt, 


Naherung nehmen 


tionen 


*Es gibt |2n +1! linear unabhangige Funktionen K, vom 
Graden. Von ihnen braucht man fiir (21) prinzipiell nur eine 
pro Graden (z.B. die Legendre’sche Funktion 2. Art). Aus 
rechentechnischen Griinden wurden die K, im Folgenden 
etwas anders ausgesucht, was die Vollstandigkeit von (21) 
nicht beriihrt. 
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(u1, 1, 0) 
= (0, 0, we) 


l 
— g(E) = A(E) = 


Ihr Beitrag zur Volumendehnung ist wegen (16), 
22), (22a), und mit 


= f()(x, y, 0) 
= g(t)(0, 0, z 


(1 — n°) cos’ ¢ dnd@ = 44/3, 


fj n = 44/3 


4 
n df = 


Die aus den Funktionen 8, und & durch Ortho- 


gonalisierung zu gewinnenden Verschiebungen 3; 
und 32 sind durch (9) gegeben. Man erhalt 


— Fi 281 


folgt fiir die Entwicklung 


En, 3 


Aus (13) und & = 
(11) 


A 1 


Exx/2 
$0 


+ 


Die zu 
Energie ist wegen (10) 


der Verschiebung gehorige 


_ 16%" 


ig * (Eo) E 11 f ) — $0) ) ) 
— 


Andererseits ist nach (3) und (5) *E = 4y da 2 (%¢ 
wo man wegen (18) = zu 
setzen hat. Man erhialt so fiir den xn Kom- 
pressionsmodul in 1. Naherung 


(23) (Cc) = 
Eo (Eo + 1) 


*(t5) Ey 11 4f Es 


— 4f (fo) g(é 0) 


Zur Berechnung der £,, bedient man sich der 
folgenden Formeln, in denen der Index 1 bei u, v 


bzw. 2 bei w einfachheitshalber fortgelassen wurde 


8; 
_ 
Ihre Form wird durch das Achsenverhaltnis J\s 
&, ndf= 1) f(Eo) 

is 

= —— folfo + 1) f(éo) 

En 
. 2 
As = ——— +1) 
Ey, 
e G 1 
1 — n cos ¢dnd¢ 
bzw. 
al 
1 
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= (us + dr 
+ (2u,v, + + dr 


= (uz + Vy Wz) dr 
+ 


Die notwendigen Differentiationen nach 
bewerkstelligt man mit Hilfe von (17). Samtliche 
Integrationen sind geschlossen durchfiihrbar. Sie 
ergeben (Ao = A (£o)) 


4 


Ey, 


EG + 1) — 


+3Ae+ 564+2 


+ 6&+4 


9 


—8(£," + 1) + 


A 0 


9 


12&) Ao 


NG IN KRISTALLEN 307 
23) und (24) lésen die gestellte Aufgabe in 1. 
Naherung. Die Ergebnisse sollen jetzt fiir kubische 
Kristalle a naher betrachtet werden. Als elastische 
Moduln werden 


— Cig — C44 


verwendet. »’ = 0 bedeutet Isotropie, A, u sind 
die iiblichen Laméschen Konstanten. 
Besonderes Interesse beanspruchen die Grenz- 


falle. Fiir & — © erhalt man fiir beide Ellipsoide 


167 
135£0° 


Ex = (4u’ + 2 + 


En = 


= (2 
1350" 


(25) ("C)xuger = (u’ + 
Man zeigt auch leicht, dass d(*c)/d(c/a) ftir §) + 
verschwindet. (*c) hat also fiir c = 
[vgl. (19)]. 

Fiir §—0 bzw. c/a—0 
flachen Ellipsoid 


a ein Maximum 


erhadlt man beim 


Eu = (3u’ + 4X + 12p), 
) 


+ 4r+ 12y), 
) 


En = (—4r + 4y) 
) 


{ 0 


+p)’ ) 
+ 44 + 12u 

Fiir c/a = 0 wird (*c) = 0. Da fiir kleine 
fy) c/a = &o, gibt der Faktor von £é in (26) den 


+A+ 3u 
also 


Anstieg der Kurve (“c) gegen c/a im Ursprung. 
Der Grenziibergang (c/a— beim 
langen Ellipsoid liefert 
20 


(u’ + = 
3 


Eu = 


woraus 


(27) (“c)waaer = + 4u) 


Ey, 
ly) dr 
Ey. = (—20 + 3u) 
2 = 3u) 
3 
954 2 
+ — 12k 
und 
+ — Ao 
(26) (“c) a eihe = 
24) 
En = 3 
+ 1A + |. 
+ 12&)7Ao 
= 1A |e 
Ey. = In 
3 
+ 4Aq — 12£ 
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folgt. Hierbei ist nur die Verschiebung 8, beteiligt, 
die Deformation ist also zweidimensional. Es ist 


d(“c) d(c a) = 0 fiir Eo — |. 


4. Diskussion der Ergebnisse 

Es fehlt bisher eine Abschatzung fiir die Giite 
der erreichten Naherung. Bei Hinzunahme weiterer 
Funktionen 8, wiirde man eine niedrigere Energie 
«F berechnen. Also ist (¥¢) eine obere Grenze von 

Einen besseren Anhalt fiir die Giite der Naher- 
ung wiirde die Berechnung der zweiten Naherung 
(ac) geben. Diese Aufgabe ist fiir das Ellipsoid 
umstandlich. Man kann jedoch wohl annehmen, 
dass die Giite der Naherung (2) von c/a annahernd 
unabhangig ist, da 8; und & der Keimform ange- 
passte Funktionen sind. Die Berechnung von (2) 
wurde fiir das Aussere einer Kugel und das Aussere 
eines unendlich langen Kreiszylinders durchge- 
fiihrt.* Die 
ersten Fall unter Beachtung von 


Funktionen waren im 


(15) 8, = 


beteiligten 


, wW,) mit 


woraus 4%, % durch zyklische Vertauschung von 


x,y,z folgten. Im zweiten Fall waren 


= (u,,v,, 0) mit 


= COS ¢/p, = cos3¢/p, U3 = cos3¢d/p 


v,; = sin v2 = sin3¢@/p, v3 = sin3¢/p 


Es ergab sich (@ kubisch): 
= 
a a 
C)kuger = ( ¢ euger (1 T OK), 
—81 
7 (u’ + (23y’ + 20A + 


a a 


(C)waaer = ( C)waaer (1 
= 
+ 4u)(u’ + A+ 
In der Tat unterscheiden sich 6g und éy nur un- 
wesentlich. 

Am ungiinstigsten sind grosse negative Werte 
In extremen Fallen reicht die Naherung 
aus. So bekommt fiir p- 
Jedoch bei so stark aniso- 


von yp’. 


nicht mehr man 


Messing = —0,5. 
tropen Kristallen wie Kupfer (u’ < 0) ist 6, nur 
noch —0O,1. Fiir u’ > 0 sind die Ergebnisse noch 


giinstiger.f Ein stark anisotroper Kristall ist 


*Diese Berechnungen sind in der Diplomarbeit des Ver- 
fassers enthalten (unver6dffentlicht). 
+Dieser Fall ist bei Metallen selten. 
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Kaliumchlorid. Hier wird 6g = —0,04. Fiir Alu- 
minium ist 6g = —0,004. In den weitaus meisten 
Fallen kann man mit der ersten Naherung (2) 
zufrieden sein. In anderen Fallen bietet die sys- 
tematische Berechnung héherer Naherungen keine 
Schwierigkeiten. In diesem Punkte geht die vor- 
liegende Methode iiber eine Rechnung hinaus, die 
Nabarro [2] durchgefiihrt hat. Nabarro berechnete 
die Energie, die man braucht, um einen Hohlraum 
der Grésse 1 cm* in dem konkaven Bereich a um 
1% zu dehnen. Nach (3) und (5) ist diese Energie 
offenbar proportional (*c). Die Rechnung von 
Nabarro liefert (*c) fiir das Aussere von Kugel, 
Nadel, und unendlich diinner Scheibe exakt, fiir 
die tibrigen Formen des rotationsellipsoidf6rmigen 
Keimes werden obere und untere Grenzen von 
(*c) gegeben. Alle diese Ergebnisse gelten nur bei 
Isotropie. Die in der folgenden Tabelle enthaltenen 
Werte der elastischen Moduln zeigen in Verbindung 
mit den fiir (%c) erhaltenen Formeln, dass der 
Einfluss der Anisotropie sehr merkbar sein kann. 
Die 
Nabarros exakte Formeln iiber. 


Formeln (25) und (27) gehen fiir uv’ = 0 in 


4 @c) d(@c)/d(c/a) 
Nadel fur c/a=o 
1.40 18,6 
2,04 9,6 


1,07 3,02 


Kugel 
13,9 6,62 


0,0 


1,37 


12,3 7,52 
6,22 2,84 


0,81 0,79 


Cu 10,34 
Al 1,08 
KCl 1,31 1,77 
Alle Zahlenwerte der Tabelle gelten in cgs-Ein- 
heiten, wenn sie mit 10" multipliziert werden. Die 
elastischen Moduln yw’,A,u sind dem Buch von 
Schmid-Boas [9] entnommen. (c) ist der gewéhn- 
liche (anisotrope) Kompressionsmodul, wie er aus 
(6) folgt. Er ist bei Cu und Al (und wohl bei den 
meisten Kristallen) wesentlich grésser als der 
maximale Kompressionsmodul (%c) fiir die gleichen 
Kristalle. Aus dem Vergleich von (c)cy = (8c)cy 
mit (*c),4,; folgt z.B., dass bei Kupferkeimen in 
Aluminium der weitaus tiberwiegende Anteil der 
Verzerrungsenergie im Aluminium lokalisiert ist. 
Fiir flache Einlagerungen gilt das verstarkt. Das- 
selbe trifft noch in vielen anderen Fallen zu. Daher 
kommt es i.allg. weniger auf die Genauigkeit von 
(°c) als gerade auf diejenige von (c) an. 
Bemerkenswert ist weiter der starke Anstieg der 
Kurve (*c) gegen c/a im Ursprung. Man kennt 
viele Keimbildungen, bei denen sich die Atome der 
2. Phase 8 in einer Gitterebene der Ausgangsphase 
ansammeln. Enthalt ein solcher scheibenférmiger 
Keim 100 Atome 8, so wird man als VerhAltnis c/a 
etwa 0,1.4/r = 0,127 annehmen. Handelt es sich 


um Cu in Al, so hat man dafiir (*c),; = 9,6 . 0,127 


~ 
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= 1,2. 10" erg/cm*. Die molare Verzerrungsenergie 
dieser Art von Keimbildung ergibt sich dann mit 
(Fe)cy = 13,9. 10" erg/cm’, = 10 cm’, = 7,2 
10" erg/Mol der Phase 
Abb. 1 ist mit Hilfe der in der Tabelle enthaltenen 
Zahlenwerte 


cm’ aus (7) zue = 0,6. 


konstruiert. Sie soll den letzten 


w 


Nadel (Cu) 


~~~ Nadel (Al) 


Nadel (KCI) 


Kompressionsmodul in 10” erg/cm’ 


c/a 
— 
? 


Form des Hohlraums 


kon- 


(a 


1. Anisotroper Kompressionsmodul einiger 
kaver Kristalle als Funktion der Kristallform. 4.107‘. 
ist auch die Energie, die man braucht, um einen Hohlraum 
der Grésse 1 cm* in einem konkaven Kristall um 1% zu 


dehnen. 


*Der Unterschied der Molvolumina ist hier allerdings sehr 
gross, so dass die Zulassigkeit der linearen Elastizitatstheorie 
fraglich erscheint. 
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Betrachtungen noch einen anschaulichen Hinter- 
grund geben. 

Der Verfasser dankt Deh- 
linger, Herrn Dr. A. Seeger und Herrn H. Knapp 


Herrn Professor U 


fiir Anregungen und fruchtbare Diskussionen. 
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THE EFFECTS OF CERTAIN ALLOYING ELEMENTS ON THE 
ALLOTROPIC TRANSFORMATION IN TITANIUM* 


H. W. WORNERt 


Alloying elements with atomic sizes close to that of titanium are considered. The change in enthalpy 
(4H) which accompanies the transfer of 1 gram. -atom of any given solute from §-phase to a is used 
as an indication of the effect of that solute on the a= 8 transformation. The estimation of values of 
AH from phase boundaries is outlined. It is shown that the Brillouin zone characteristics of the 
allotropes of titanium are probably important in determining the influence of the elements discussed 
on the a=— transformation. 


LES EFFETS DE CERTAINS ELEMENTS ALLIES SUR LA TRANSFORMATION ALLO- 
TROPIQUE DU TITANE 
On considtre des éléments alliés, dont les dimensions atomiques se rapprochent de celles des 
atomes de titane. Le changement d’enthalpie (AH) qui accompagne le passage d’un atome-gramme 
d’un soluté donné, de la phase 8 a la phase a, est employé comme indication de l’effet de ce soluté 
sur la transformation a=— 8. On indique la méthode utilisée pour l’estimation de (AH) a partir des 
limites des phases. II est montré que les caractéristiques des zones de Brillouin des deux phases du 
titane jouent probablement un réle important dans la détermination de l’influence des éléments 
discutés sur la transformation a=— 
EINFLUSS BESTIMMTER LEGIERUNGSELEMENTE AUF DIE ALLOTROPE 
UMWANDLUNG VON TITAN 
Es wurden Legierungselemente mit titanahnlichen Atomdimensionen betrachtet. Die Enthalpie- 
anderung (AH), die mit dem Ubergang von 1 Gramm-Atom einer gegebenen Legierungsbeigabe von 
der 8 zur a-F orm verbunden ist, wird als Mass fiir den Einfluss der Beigabe auf diea— 8 Transforma- 
tion angesehen. Die Abschatzung von AH-Werten aus den Phasengrenzen wird beschrieben. Es 
wird gezeigt, dass die Eigenschaften der Brillouin-Zonen der allotropen Titanmodifikationen wahr- 
scheinlich bei der Bestimmung des Ejinflusses der oben erwahnten Legierungselemente auf die 


DER 


a= 8 Transformation von Wichtigkeit sind. 


Introduction 


This note is concerned with the effects of alloy- 
ing elements which have atomic sizes close to that 
of titanium and is based on published information, 
most of which was recently compiled and evaluated 
by Hansen et al [1]. The writer has made use of 
his own recent results for the systems titanium- 
tin [2] and titanium-silver [3]. The other alloying 
elements covered are: aluminium, zirconium, 
vanadium, niobium, tantalum, chromium, molyb- 
denum, tungsten, iron, nickel, copper, 
and silicon. For each of the elements named above, 
the ratio of atomic radius of alloying element to 
that of titanium lies in the range 0.85 to 1.15. 
With the exception of silicon, these elements 
dissolve in one or both forms of titanium to a 
maximum extent which exceeds 10 atomic per cent. 
For silicon, the solubility is 
approximately 6 atomic per cent. 


Manganese, 


maximum solid 


Thermodynamic Expression of Effect of 
Solute on the Allotropic Transformation 


In order to express the effect of a given element 
on the range of temperature in which the trans- 
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can be estimated 


formation occurs, use has been made of the change 
in enthalpy (AH) which accompanies the transfer 
of 1 gram-atom of that element from dilute 
8-solution to dilute a. A large positive value of AH 
corresponds to a marked depression of the trans- 
formation range, a small positive value signifies 
only a slight or moderate depression, and a nega- 
tive value of AH indicates an elevation of the 
transformation range. 

The value of AH for any particular system 
from the boundaries of the 
(a +8) field provided (a) the calculations are 
applied only to dilute solutions, and (0) it is 
assumed AH varies only slightly with temperature 
in a range of about 50°C, either below or above 
the transformation temperature for pure titanium 
(882°C). If these assumptions are accepted, the 
following approximate equalities can be used 


[4]: 


(1) AH =~ R.T. [In (Cg/C.) + 


(2) AGy, R.T. In (1 — Cg)/(1 — C,) 

Cz and C, represent the atom fractions of solute 
in the 8- and a-solutions which are in equilibrium 
with each other at temperature 7(°K). AGy, is 
the change in free energy which accompanies the 
transfer of 1 gram.-atom of titanium from £-solu- 
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tion to @ in the absence of alloying elements. 
k is a constant, which, for systems involving only 
substitutional solutes, seems to be small by 
comparison with In (Cs/C,) [4; 5]. Hence, 


(3) AH = R.T. In (C3/C,) 


For a few titanium-base systems, values of AH 
were determined from the In (Cs/C,) versus 1/T 
relationships. These values of AH agreed satisfac- 
torily with those deduced by applying equation 
(3). This supported the view that the constant k 
in equation (1) could be ignored in the present 
consideration of general tendencies. 

Comparisons of values of R.T.In (1 — Cg) 
(1 — C,) with values of AGy, derived from McQuil- 
lan’s work on the titanium-hydrogen system [6] 
provided a means of testing the reasonableness of 
some of the assumptions stated in relation to 
equations (1) and (2). In general, values of R.T. 
In (1 — Cg)/(1 — C.) deduced from the initial 
portions of a/(a + 8) and 8/(a + 8) boundaries 
differed from McQuillan’s values of AGy; by 
amounts not exceeding +20%, —5%. The only 
serious discrepancy was found in the titanium- 
tungsten system. Estimations of values of R.T. 
In (1 — Cg)/(1 — C.) were restricted to the ranges 
of composition and temperature stated below in 
reference to calculations of AH. 

Only very approximate values of AH could be 
estimated from the initial portions of published 
phase boundaries. The calculations were restricted 
to boundaries extending from 0 to about 5 atomic 
per cent of solute. This corresponded to a tempera- 
ture range not exceeding 80°C either below or 
above the transformation temperature for 
titanium. For any given system, the variation of 
AH with temperature did not exceed +10% of an 
average value. 


pure 


Discussion 


Figure 1 shows values of AH grouped according 
to the position of the alloying elements in the 
Periodic Table. Of the nontransitional elements, 
copper, silver, silicon and tin cause a slight or 
moderate depression of the a = 8 transformation, 
whereas aluminium elevates it. All the transitional 
elements tend to stabilize the 8-form of titanium, 
the effect being more marked, the higher the 
Group number for metals in any given Period. 

If metallic valencies based on the concepts of 
Pauling [7] are adopted for the alloying elements 
under consideration (cf. Figure 1), then the follow- 
ing observations emerge. 


(a) Elements with a valency of 4 (the assumed 
valency of titanium) cause only a slight depression 
of the transformation. Tin, for which the nominal 
or Group valency is 4, causes a slight depression 
in the composition region 0 to 5 atomic per cent; 
additions of tin beyond 5 atomic per cent cause a 
slight elevation of the transformation range [2]. 
This is interesting when considered in relation to 
the fact that tin seems to have a valency of less 
than 4 in some metallic phases. 
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FiGuRE 1. Values of AH grouped according to the position 


of the elements in the Periodic Table. ‘‘Pauling’’ valencies 
are indicated at the top of the chart. ©...... Elements of 2nd 
short period. C . Elements of Ist long period 

Elements of 2nd long period. YW Elements of 3rd long period 


(b) Elements with valencies greater than 4 cause 
a depression of the transformation range, the effect 
tending to be more marked, the higher the valency. 

(c) Aluminium, with a valency of 3, causes an 
elevation of the transformation. 

In a discussion of the Brillouin zones of titanium 
and zirconium, Pfeil [8] has pointed out that an 
increase in the number of electrons per atom above 
the with a 
smaller increase in the mean Fermi energy than 
would be Pfeil also 
indicated that the a-structure would probably be 


4 could be tolerated in 8-structure 


the case for the a-structure. 


favoured if the electron/atom ratio was reduced 
below 4. Hence, for the systems considered in this 
note, there are strong indications that the Brillouin 
zone characteristics of a- and £-titanium are 
amongst the important factors which determine 
the effects of the alloying elements on the relative 
the metal. Pfeil 


(loc. cit.) has already made tentative suggestions 


stabilities of the two forms of 
along these lines, and Rostoker [9] has indicated 
that Brillouin zone characteristics are probably 
significant in respect to the stability of the a-phase 
in the system titanium-aluminium. 

One questionable aspect of the above discussion 
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is the acceptance of the ‘‘Pauling’’ valency of 5.4 
for copper and silver. Hume-Rothery et a/. [10] 
have shown that the effective metallic valency 
of metals in Group IB is probably not so high as 
5.4. However, any discussion involving metallic 
valencies, especially those for the transition metals, 
is fraught with uncertainties. While recognising 
these and other uncertainties affecting the subject 
under consideration, the author presents this note 
in the belief that it may assist the general approach 
towards a more thorough understanding of titan- 
ium-base alloys. 


Acknowledgements 


This note deals with portion of the programme 
of the Physical Metallurgy Section of the Common- 
wealth Scientific and Industrial Research Organ- 
ization, Australia. The work was carried out in the 
Baillieu Laboratory, University of Melbourne, 
under the general direction of Professor J. Neill 
Greenwood, to whom the author tenders his thanks. 


1954 


The author also desires to thank his colleagues for 
helpful discussions. 


References 


. HANSEN, M., McPHERsON, D. J. and RostToKer, W. 
Constitution of Titanium Alloy Systems. Wright Air 
Development Center, Technical Report 53-41, February 
1953. 

. WornER, H. W. J. Inst. Metals 81, (1952-53) 521. 

3. WorRNER, H. W. J. Inst. Metals (in press). 

. ZENER, C. Trans. Amer. Inst. Min. Met. Eng. 167 
(1946) 513. 

. OELSEN, W. and WEvVER, F. 
hiittenwesen 19 (1948) 97. 

. McQuiLuan, A. D. Proc. Roy. Soc. A204 (1950) 309. 

. PauLinG, L. J. Amer. Chem. Soc. 69 (1947) 542. 

. Pret, P. C. L. A Discussion of the Factors Affecting 
the Constitution of Zirconium Alloys. Atomic Energy 
Research Establishment (Harwell) Report M/R 960, 
June 1952. 

9. RosTOKER, W. J. Metals 4 (1952) 212. 

. HuME-RoTHERY, W., IRvinc, H. M. and WILLIAMs, 
R. P. J. Proc. Roy. Soc. A208 (1951) 431. 


Archiv fiir das Ejisen- 


5 


OXIDE GROWTH ON DIFFERENT CRYSTAL FACES OF ALUMINIUM* 
MRS. S. J. BASINSKA,t J. J. POLLING} and A. CHARLESBY} 


The growth of oxide on different crystal faces of aluminium is studied. According to the theory of 
the oxidation of a metal proposed by Mott, metallic ions migrate from the metal surface to the 
oxide-air interface. These ions must first overcome the potential barrier at the metal-oxide interface, 
and if this is different on different crystal faces, then the oxide thickness will also be different. 

The oxide films were formed electrolytically, so that the potential difference across the oxide was 
known. The orientations of the crystals were found by goniometer measurements and X-ray diffrac- 
tion methods. The thickness of the oxide was obtained by a study of the interference colours shown by 
these thin films, the method being capable of showing a change in film thickness of about 40A. 
Two known crystal faces were produced by etching techniques, and both etched and electro-polished 
en were studied. No significant variation in oxide thickness was observed on different crystal 
aces. 


LA CROISSANCE DE L’OXYDE SUR DIFFERENTES FACES CRISTALLOGRAPHIQUES 
DE L’ALUMINIUM 


On a étudié la croissance d’oxyde sur différentes faces cristallographiques de l’aluminium. Suivant 
la théorie de l’oxydation d’un métal, proposée par Mott, les ions métalliques se déplacent de la 
surface du métal vers l’interface oxyde-air, Ces ions doivent d’abord vaincre la barriére de potentiel 
a l’interface métal-oxyde, et si cette barriére est différente sur différentes faces du cristal, l’épaisseur 
de l’oxyde variera d’une face a l’autre. Les couches d’oxyde ont été formées électrolytiquement, 
et la différence de potentiel 4 travers l’oxyde était connue. Les orientations des cristaux furent 
déterminées au moyen de mesures goniométriques et de la diffraction des rayons X. 

L’épaisseur de l’oxyde était déterminée par |’étude des couleurs d’interférence obtenues. sur ces 
couches, cette méthode permettant d’évaluer des variations d’épaisseur de l’ordre de 40A. Deux 
faces cristallographiques, connues, ont été préparées par attaque, et ensuite les surfaces attaquées 
et polies électrolytiquement ont été étudiées. 

On n’a pas constaté de variations appréciables de |’épaisseur de l’oxyde sur différentes faces. 


DES ALUMINIUMS 


OXYDBILDUNG AUF VERSCHIEDENEN KRISTALLEBENEN 

Es wurde die Oxydbildung auf verschiedenen Kristallflachen des Aluminiums untersucht. Nach 
der von Mott vorgeschlagenen Theorie der Metalloxydation wandern die Metallionen von der 
Metalloberflache zur Grenzflache Oxyd-Luft. Diese lonen miissen zuerst die Potenzialschwelle an 
der Grenzflache Metall-Oxyd iiberwinden, und falls diese an verschiedenen Kristallebenen verschieden 
ist. wird auch die Dicke der Oxydschicht verschieden sein 

Die Oxydfilme wurden elektrolytisch geformt, so dass die Potentialdifferenz an den Oxyden bekannt 
war. Die kristallographische Orientierung wurde réntgenographisch und goniometrisch ermittelt. 
Die Dicke der Oxydschichten wurde aus den Interferenzfarben, die diese diinnen Filme zeigen, 
bestimmt. Mit dieser Methode liessen sich Dickenanderungen von ca. 40 A aufzeigen. Zwei bekannte 
Kristallebenen wurden mittels Atzverfahren hergestellt und sowohl geatzte wie auch elektropolierte 
Flachen untersucht. Die verschiedenen Kristallflachen zeigten keine nennenswerten Unterschiede 
in der Dicke der entsprechenden Oxydschichten. 


and the dimensions of the potential barrier. Thus 


Introduction on those faces of a single crystal having a lower 


In the theory of oxidation of certain metals such 
as aluminium, tantalum and zirconium propdsed 
by Mott [1], oxide growth takes place by the 
movement of ions from the metal through the 
oxide to the oxygen rich surface. The factor limit- 
ing the rate of growth is the potential barrier at 
the metal-oxide interface. According to this theory, 
a potential exists between the two faces of the 
oxide layer, producing an electrostatic field which 
assists the metal ions to overcome the potential 
barrier. Film growth then takes place until the 
field (equal to the potential divided by the oxide 
thickness) becomes too small to permit appreciable 
ion flow. 

At any given temperature the limiting oxide 
thickness depends on the field across the oxide 
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potential barrier, a lower field should be sufficient 
to promote oxide growth. When such a crystal is 
anodised at a constant voltage, one would expect 
to find increased film growth on faces of lower 
potential barrier. 

In this paper some experiments are described, 


giving estimates of the oxide thickness on different 
faces of aluminium crystals. The surface of these 
by electropolishing and 
etching or electropolishing alone. The specimens 


crystals was prepared 
anodised, all crystals of the same 
specimen being oxidised at the same voltage. 
The oxide layer thickness can then be estimated 
from the interference colours produced. 


were then 


Preparation of Specimens 
Formation of large crystals 

For this work it was convenient to use large 

crystals of aluminium. Polycrystalline specimens 
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of high-purity aluminium (99.99%) containing 
large crystals were made by the following two 
methods: 

(a) Standard tensile test pieces cut from 
aluminium sheet of 0.25-inch thickness were 
annealed for two hours at 500°C. After annealing, 
the test pieces were extended by 1.7 per cent over 
a 2-inch gauge length, then slowly heated from 
150°C to 620°C at rate of 50°C per day followed 
by annealing for two days at the final temperature. 

(6) Samples of 2-inch square were cut from the 
same sheet and were annealed for 48-60 hours at 
10°C below the melting point. 

Method (a) tends to give long, narrow crystals, 
and method 
crystals produced by these methods were randomly 
orientated, and their size varied from 0.5 sq cm to 
about 10 sq cm. 


(6) crystals roughly circular. The 


Electropolishing 


To remove surface defects, the specimens were 
electropolished in an electrolyte containing 40 wt% 
H.SO,, 40 wt % H2PO,, 20 wt % H.O at a current 


density of about 5 amp/sq in and temperature 
94°C. A good polish was obtained in about five 
minutes. then washed in 


of hot 


The specimens were 


warm water and dried in a stream alr. 


Etching 


One 


equivalent set of faces selectively. Two etchants 


function of an etchant is to reveal an 


were used to develop different sets of crystal 
faces. 

(a) The first contained 9 parts HCl, 3 parts 
HNO;, 2 parts HF and 5 parts water. It was 
necessary to keep the solution at or below 0°C, and 
to stir to avoid local heating, otherwise an uneven 
etch obtained. Etching time varied 
specimen to specimen, but on an average was 


was from 
90 seconds. For specimens which had developed 
an oxide film, the proportion of HF in the etchant 
was increased. This etchant is reported [ref. 2, 
p. 173] to develop (100) cube faces. 

(b) The second etchant was dry HCl gas. An 
aluminium specimen was hung in an atmosphere 
of dry HCl gas generated by warming concentrated 
HCl and drying the gas evolved with P.O;. After 
exposure to the dry HCI for about 30 minutes the 
specimens were washed in acetone and quickly 
dried. The faces developed by this etchant were 
investigated, as described below. 
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Identification of Etch Pit Faces 


The faces of the etch pits on any one crystal are 
all similarly oriented, thus forming a system of 
small mirrors. Each will reflect an incident beam 
of collimated light in one direction. The angle 
between the reflections from each set of faces of 
the etch pits formed on one crystal will identify 
faces. The positions of these reflections 
relative to the surface of the crystal were measured, 
for the smaller specimens, with a Unicam two- 
circle goniometer. The readings were plotted on a 
Wulff net [ref. 2, p. 25] and the angles between 
etch pit faces measured along great circles of the 
projection. From this projection the surface plane 
of the crystal could be determined. This was 
usually some irrational crystal plane. The orienta- 
tions of about 30 crystals which had previously 
been examined by etch pit technique were also 
determined by back-reflection Laue X-ray diff- 
raction photographs. The patterns were interpreted 
using a Greninger chart and were found in every 
case to be the same as those determined by etching. 

For specimens too large for the goniometer, the 
angles between the facets of the etch pits and the 
surface of the crystal were determined using a 
perspex hemisphere. Figure 1 shows the arrange- 
ment. A collimated beam of light was directed 
through a small hole A, in the dome on to a chosen 
crystal in the specimen B. A beam reflected from 
a set of etch pit faces of this crystal was apparent 
at a spot C on the dome surface. The arc lengths 
measured with string previously 
calibrated to read directly in degrees, i.e., a will 


those 


a and 6 were 
give angle COE of diagram la. Then the angle x 
betWeen the etch pit face, GO, and the surface of 
of the specimen is given by, 


90 — COE |° 
x = 90° — | cor | 


The angle between the normal to the etch pit 
face and the arbitrary line RS on the specimen is 
given by the arc length ND (Figure 1). Back- 
reflection Laue photographs were taken to deter- 
mine the surface planes of the crystals examined. 
Knowing this, and the angle x, the indices of the 
etch pit faces were determined. 

By these methods it was confirmed that etching 
reagent (a) did in fact develop (100) planes and 
that reagent (b) developed (111) planes. 

For some specimens which were badly etched, 
the light reflected from the etch pit faces was diver- 
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gent and reflections were therefore recorded over a 
wide angular range. For this reason to produce 
sharp reflections it was necessary for the etching 
technique to be exact. Prolonged etching gave an 
increased number of etch pits and_ therefore 
increased brightness of reflection, but if too pro- 
longed, mutual encroachment occurred and the 


FIGURE 1. Apparatus used and measurements made in 
determining the angles between etch pit faces and crystal 
surface. A beam of light enters the dome through a hole at 
A and strikes the etch pit faces of the chosen crystal. ON 
is the normal to the reflecting surface giving rise to the spot 
of light at C. 


G 


FiGuRE la. Diagram showing enlarged etch pit. FGO is a 
cross section of an etch pit, enlarged, GO being the reflecting 
face considered and ON the normal to that face. The other 
letters correspond to those of Fig. 1. NO = face normal; 
OF = specimen surface; FGO = cross section of etch pit, 
enlarged; C =spot on hemisphere. From’ geometry, 


reflection was less sharp. The best results were 
obtained with specimens having numerous fairly 
deep etch pits but whose original surface reflection 
was still easily visible. Adequate electropolishing 
prior to etching was essential as surface defects 
affect the even formation of etch pits and therefore 
of a sharp reflected beam. 


Formation of Oxide Film and Production of 
Interference Colours 


The specimens were anodised in an electrolyte of 
dilute aqueous ammonium borate. This method has 
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been used in previous experiments [3] and at 20°C 
gives film thicknesses of approximately 10A per 
volt. Unlike oxide films formed on zirconium or 
tantalum, these films alone do not give rise to 
interference colours; by evaporating a very thin 
film of gold over the oxide layer, however, bright 
interference colours can be produced, the colour 
being a sensitive indication of the oxide film thick- 
ness. These colours, of course, vary with the angle 
of viewing, but when viewed at normal incidence 
the colour for a given formation voltage was con- 
stant. Several thicknesses of gold were deposited on 
identically prepared specimens to confirm that no 
appreciable changes in colour arise from the pres- 
ence of the gold. 

Oxide layers of different thickness were produced 
on a number of specimens by altering the voltage 
at which they were formed. It is estimated that in 
certain regions of the spectrum differences of less 
than 40A in oxide thickness would be revealed by 
the changes in colour. 


Examination of Specimens 
Electropolished Specimens 
Several specimens were etched, electropolished, 
and anodised at a range of potentials up to 200 
volts (corresponding to oxide thicknesses of about 


2000A). When a thin gold layer was deposited on 
them by evaporation interference colours appeared. 


For specimens anodised at a particular voltage, the 
colour for normal incidence was uniform, and there 
was no indication that different grains were differ- 
ently coloured. It is concluded that for electro- 
polished crystals oxide growth is equally rapid on 
all faces. 


Etched Specimens 

Specimens which were electropolished and then 
etched prior to anodising showed strong reflections. 
For any given angle of incidence each crystal in 
the specimen had three directions in which there 
were strong reflected beams. After evaporating 
gold on to the specimen interference colours were 
observed, which were generally uniform for any one 
voltage, but which were very bright in the same 
three directions only. These intense beams are 
ascribed to reflections from the etch faces. Similar 
observations were made on some etched, anodised 
foil. 

At first sight, for a specimen anodised at, say, 
80 volts and having (100) etch pit faces developed, 
the crystals appeared to be of different colours, 
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varying from bright blue to purple. Some crystals 
appeared very dull, nearly black. On closer exam- 
ination it was observed that for each position 
of maximum intensity of reflection from the etch 
pits of any: crystal the same colour was given for 
the same angle of incidence. This colour was the 
same as that given by the reflection from the 
unetched surface of any crystal of the same speci- 
men, again for the same angle of incidence. In 
general, there were three positions of maximum 
intensity for the etch pits of each crystal, corres- 
ponding to reflections from each of the sets of 
facets of a particular collection of similarly oriented 
etch pits. For some adjacent pairs of crystals, 
there was one position of viewing for which the 
grain boundary between them disappeared. Back- 
reflection Laue photographs of such a pair of 
crystals were taken. The plots of the projections of 
these photographs in Figure 2 represent the three 


FIGURE 2. Projection of 100-plane normals of an adjacent 
pair of crystals. A and A’ are the almost coincident points. 
P and Q, R and S are the pairs of non-coincident plane 
normals. §§ (100)-plane normals of crystal YG; @ (100)- 
plane normals of crystal YB; W is centre of projection; 
VW represents reference line on specimen. 


TABLE I 


GONIOMETER READINGS FROM THE Two 


CRYSTALS 


CORRESPONDING 


Vertical circle 
degrees) 


Horizontal circle 


degrees) 


60-64 
192-196 
293-295 


224-227 
290-294 
293-297 


225-230 
295-298 


47 

289-292 

303-307 

(100) plane normals of each crystal, showing that 
this pair of crystals has one plane normal in com- 
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mon. The two other plane normals were not 
coincident. Since one set of (100) plane normals is 
coincident for the two crystals, then the corres- 
ponding sets of etch pit faces are identically 
oriented with respect to the specimen surface and 
the arbitrary line. This explains the disappearance 
of the grain boundary when the maximum reflec- 
tion from this set of faces is viewed. The two 
crystals in question can be generated by a simple 
rotation about a (100) axis. 

Goniometer readings showed that the etch pit 
faces were, in fact, in the positions indicated by the 
projection from the Laue back-reflection photo- 
graphs. These readings when plotted on the pro- 
jection of Figure 1, are almost coincident with the 
points already marked. 

Similar arguments apply to other specimens, 
except, of course, that the interference colour is 
different for each formation voltage. 

The wavelength of light which undergoes 
destructive interference after passage through a 
film is proportional to the cosine of the angle of 
refraction so that if a specimen is viewed at angles 
up to 20 degrees from the normal, the colour will 
hardly alter with angle of viewing, but at greater 
angles will change rapidly. Thus, when a specimen 
is held in given position many of the crystals 
viewed will show only slight differences in colour, 
but some will appear to be very differently coloured. 

Those crystals which appeared dark obviously 
had none of their etch pit faces in a position to 
reflect light the When the 
specimen was tilted in such a way that its etch pit 
facets were in a reflecting position, the colour 


towards observer. 


observed was the same as for other crystals. 


Comparison of (100) and (111) etch faces and surface 
planes 


Two specimens, one having (100) planes etched 
out and the other having (111) planes etched out, 
were treated identically, i.e., anodised at the same 
voltage and covered with the same thickness of 
gold. 

The colour of the light which was reflected with 
maximum intensity from their etch pit faces was 
identical for equal angles of incidence—within the 
limits of experimental error which is ca. + 5%. 
This colour was also identical with that from the 
unetched surface, for the same angle of incidence. 

From this it is deduced that the oxide film 
thickness is the same on (100), (111) and on 
irrational crystal faces. 

An apparent discrepancy occurred 


for films 
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anodised at a potential of 50 volts when different 
colours were obtained in the three bright directions. 
These differences occurred whether (100) or (111) 
etchants were used, and whether the evaporated 
metal was silver or aluminium instead of gold. 
The reason for this exceptional behaviour is not 
clear; it may be associated with multiple reflection 
or interference. No such effect was observed at any 
other formation voltage. 


Conclusions 


Aluminium specimens anodised up to 200 volts 
(i.e., 2000 A oxide film thickness), were examined 
to determine the oxide thickness on different faces. 

The interference colours obtained were constant 
in each specimen for reflection from all etch pit 
faces and from the unetched surfaces, for the 
same angle of incidence. The colours from the 
(100) and (111) etch pit faces of two specimens 
which had been anodised at the same voltage and 
covered with the same thickness of gold were the 
same for equal angles of incidence. For specimens 
formed at different voltages the colours were 
different. 


It follows that since the interference colour 
depends only upon voltage of formation and angle 
of incidence, and that the structure of the surface 
plane has no influence, the oxide film is of equai 
thickness on any crystal face (+5%) for the same 
voltage of formation. This would indicate that for 
different crystal faces the potential barrier at the 
metal-oxide interface which limits the flow of 
metallic ions into the oxide is not appreciably 
different. 
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ON THE USE OF ELECTRICAL RESISTIVITY AS A MEASURE OF 
PLASTIC DEFORMATION IN COPPER* 


R. H. PRY and R. W. HENNIG7{ 


It has been shown that, for fine-grained polycrystalline copper, the stress necessary to continue 
plastic deformation in tension, below ordinary recovery temperatures, can be determined by measure- 
ments of the temperature, strain rate, and residual electrical resistivity measured after a room 
temperature anneal. Temperature cycling experiments similar to those performed by Dorn and 
Orowan, some experiments on partially recovered samples, and on pretwisted samples, indicate that 
the tensile stress for plastic flow is a single valued function of these variables within the accuracy of 
the experiments. 


SUR L’EMPLOI DE LA RESISTIVITE ELECTRIQUE COMME MESURE DE LA 
DEFORMATION PLASTIQUE DANS LE CUIVRE 


Il a été montré que dans le cas du cuivre polycristallin, 4 petit grain, la tension nécessaire pour la 
continuation de la déformation par extension, en dessous des températures normales de restauration, 
peut étre déterminée au moyen de mesures de la température, de la vitesse de déformation et de la 
résistivité électrique, résiduelle, effectuées aprés un recuit a la température ambiante. Des expériences 
sur des cycles de température, ressemblant a celles qui ont été effectuées par Dorn et Orowan, ainsi 
que certaines expériences sur des échantillons partiellement restaurés et sur des échantillons tordus 
avant l’expérience, indiquent que la tension d’extension pour |’écoulement plastique est une fonction 
univalente de ces variables, aux erreurs expérimentales prés. 


DER ELEKTRISCHE WIDERSTAND ALS MASS FUR DIE PLASTISCHE VERFORMUNG 
VON KUPFER 

Es wird gezeigt, dass es méglich ist, die zur Fortfiihrung der plastischen Verformung von fein- 
kérnigem, polykristallinem Kupfer unterhalb der iiblichen Rekristallisationstemperatur notwendige 
Zugspannung aus Messungen der Temperatur, der Verzerrungsgeschwindigkeit und des elektrischen 
Restwiderstandes zu ermitteln. Letzterer wurde nach Gliihen bei Zimmertemperatur gemessen. 
Versuche mit systematisch veranderten Temperaturbedingungen (ahnlich den Dorn und Orowan’ 
schen Experimenten) und einige Versuche mit teilweise erholten und mit vorher verdrillten Proben 
deuten darauf hin, dass, im Rahmen der experimentellen Fehlergrenzen, die Zugspannung zum 
plastischen Fliessen eine eindeutige Funktion der oben angegebenen Variablen ist. 


deformation history, by the instantaneous meas- 
urement of electrical resistivity, temperature, and 
strain rate. 


Introduction 


It has been known for some time that the 
electrical resistivity increase in copper due to 
deformation at liquid nitrogen temperatures or 


Apparatus and Procedure 


below decays in roughly three successive stages of 
subsequent anneal. These occur in the regions of 
160°K, 260°K, and above 360°K [1; 2]. Moreover, 
it is known that the defects that decay in the lower 
two temperature anneals do not appreciably 
affect the strength [3]. That is, if a copper rod is 
deformed in tension at 78°K, the stress which must 
be applied to continue plastic deformation is 
nearly independent of an intervening anneal at 
room temperature. 

The purpose of this paper is to show that the 
increase in electrical resistivity that remains in 
deformed copper after a room temperature anneal 
is closely related to the stress which must be 
applied to continue the deformation, and that, 
within certain limitations, the stress during defor- 
mation is determined, independent of previous 
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The material used for these experiments was 
American Smelting and Refining Company 99.999 
per cent pure copper in the form of cold drawn 
10-mil diameter wires, cut to 7-in. lengths and 
annealed one hour at 250°C in a vacuum, thus 
producing a fairly uniform grain size of 012 mm. 

These wires then were carefully mounted in the 
extension device shown in Figure 1. All electrical 
measurements were made using a standard poten- 
tiometer circuit. Potential leads were attached by 
soldering No. 36 copper wire to the 10-mil wire at a 
separation distance of about 5 in. in such a way 
that the solder was all localized at the potential 
wires. The test wire was gripped at the ends by 
means of solder beads as shown in Figure 1, and 
the current leads were attached to these end grip 
solder beads. Variations in wire temperature 
during the measurements were accounted for by 
measuring the resistance of a copper “dummy” 
wire with the same dimensions as, and placed 
close to, the wire being tested. All resistance 
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measurements were made with the wire in a bath of 
liquid nitrogen. 

The tensile testing was done with the apparatus 
shown in Figure 1 mounted in an Instron tensile 
testing machine which automatically records a 
load-time curve at constant extension rate. The 
wire extensions were measured using the extenso- 
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FiGuRE 1. Apparatus for making stress, strain, resistivity 
measurements. 


meter mounted in the machine. Corrections for 
the wire slipping slightly in the end grips were 
made by measuring the wire length, between 
potential leads, with a cathetometer before and 
after testing. The extension rate was kept constant 
at .04 in/in. per minute. 

The stress, strain, resistance measurements were 
made at 78°K and 286°K. Since the resistivity to 
be measured was not the total resistivity increase 
after deformation at 78°K, but only that part 
remaining after a short room temperature anneal, 
the following procedure was standardized and 
followed for all measurements. 

The wire was placed in the apparatus in an 
position and its resistance 
measured at 78°K. The wire was then strained 
2 per cent at test temperature (either 78°K or 
286°K) and the load, extension data taken con- 
tinuously. After a 2 per cent strain increment, the 
wire was relaxed, annealed at 286°K for approxi- 
mately five minutes, placed in the liquid nitrogen 
bath and its resistance measured again. This cycle 
was then repeated for every additional 2 per cent 


annealed, relaxed, 
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strain. For the wires tested at 78°K the resistance 
was measured before and after the room tempera- 
ture anneal to determine the decrease in resistivity 
after a 2 various 
strain levels. The percentage increase in resistivity 
above that of the annealed, undeformed wire at 
78°K was then calculated from these measurements. 
Corrections for the dimensional changes in the 


per cent strain increment at 


wires were made on the assumption that the vol- 
ume of the wire remained constant. It is realized 
that Matthiessen’s rule is not strictly valid for 
this resistivity increase [4], but since all measure- 
ments were made at one temperature, the results 
should be at least self-consistent. 


Results and Conclusions 
Some typical stress-strain curves and resistivity- 
strain curves are shown in Figure 2. The repro- 
ducibility of the stress-strain curves was between 


1 and 2 per cent in stress. Since these wires showed 


FIGURE 2. Stress-strain, and resistivity-strain curves for 
copper wires deformed in tension. 

a small but observable yield point when strained 
above 10 per cent at 78°K with the above treat- 
ment, some stress-strain resistivity measurements 
were made by continuously straining to 15 per 


cent. This curve is shown dotted in Figure 2 and is 


about 7 per cent higher in stress at 15 per cent 
strain. At 286°K, 
observed in the two curves. 

In Figure 3 are shown the data of stress versus 


however, no difference was 


resistivity increase for the two test temperatures. 
The points outlined by triangles are the end points 
of those wires which were pulled continuously to 
15 per cent strain. As is seen, although the stress- 
strain curves at 78°K (from Fig. 2) are appreciably 
altered by the temperature anneal, the 
stress-resistivity curves seem to be fairly indepen- 
dent of this treatment. It must be presumed that 
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either some dislocation annealing takes place in 
copper around 286°K, or the defects which decay 
at low temperatures do affect the strength, at 
least indirectly. However, since the stress and 
resistivity seem to behave in the same way, one 
is encouraged to say that the stress-resistivity 


curves shown are real. 
An interesting feature about Figure 3 is that the 
stress-resistivity curve at 286°K falls very closely 


FiGuRE 3.  Stress-resistivity curves for copper wires 


deformed in tension. 


on the 78°K curve if the higher temperature curve 
is raised uniformly 14 per cent in stress. In order 
to examine the of these curves, 
measurements were that were 
alternately deformed at 78°K and 286°K. Figures 
4a and 4b show the resulting stress-strain curves 
for these measurements which is a typical behavior 


significance 


made on wires 


FiGURE 4. Stress-strain and stress-resistivity curves for 
polycrystalline copper wires deformed in tension alternately 


at 78°K and 286°K. 
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for such temperature cycling experiments [5] 
That is, the reload stress after some deformation 
is not a unique function of the instantaneous 
variables of temperature, strain rate and strain, 
but depends also on the previous deformation 
history. Figures 4c and 4d, on the other hand, 
show that these difficulties are resolved by replac- 
ing the strain parameter by resistivity. In this 
case, at least, it appears that the resistivity in- 
crease is a real measure of the work-hardened 
state. To oversimplify the situation considerably, 
one might say that the resistivity increase is a 
measure of the number of dislocations fixed in the 
metal and so determines the stress at which 
deformation will proceed, whereas the strain is a 
measure of their movement and the movement of 
those dislocations which have already left the 
material. 

The probable criterion for the success of these 
measurements is that the deformation be suffic- 
iently homogeneous, both for the purpose of 
talking about an average work-hardened state and 
for the purpose of making the resistivity increase, 
as measured along the wire axis, meaningful. 
This is accomplished by the use of wires with a 
very small grain size, so that the deformation 
proceeds, not only on a few planes in a grain, but 
on many to conform to the deformed state of its 
neighbors. 

In order to explore the regions where the stress- 
resistivity relation may break down, two wires 
were strained 10% at 78°K. One was then annealed 
at 150°C for } hour and the other was annealed 
at 180°C for 14 hours. Both wires were then 
strained further at 78°K. These data are shown in 
Figure 5. Although the stress-resistivity recovery 
was not very large, the relation between stress and 
resistivity is still valid. 


FicuRE 5. Stress-resistivity curves for copper wires 
deformed in tension in two stages with an intermediate 
anneal at the temperature indicated. 
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To test this relation further, two wires were 
pretwisted, one four and one eight turns per inch 
at room temperature, and subsequently pulled in 
tension at 78°K. Even under these conditions, 
with the exception of the first per cent tensile 
strain which occurs at a relatively low stress, an 
example of the Bauschinger effect, the resistivity 
was a fair measure of the deformed state, as can 
be seen from Figure 6. 


INITIAL TENSILE FLOW 

AVERAGED CURVE FOR 
PURE TENSION EXPERIMENTS 

© DATA ON WIRE PRE-TWISTED 4 TURNS 
PER INCH AT ROOM TEMP 

4 OATA ON WIRE PRE-TwISTED 6 T 
PER INCH AT ROOM TEMP 
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FIGURE 6. Stress-resistivity curves for copper wires 
pretwisted at room temperature and subsequently deformed 
in tension at 78°K. 


From the stress-resistivity data of the tempera- 


ture cycling experiments it is clear that part of 
the flow-stress increase with decreasing tempera- 
ture, below recovery temperatures, in copper is 
due to a reversible temperature effect since the 
temperature cycling data fall on the two isothermal 


can be 
the 


curves. Part of this increase in stress 
attributed to the temperature 
elastic constants [5] which probably accounts for a 
stress change of 7 to 9 per cent between 286° and 
78°K. Since the possible energy supplied to dis- 
location sources by thermal fluctuations would 
give rise to an effect which is considerably less than 
the remaining 6 per cent variation, this remainder 
may be due primarily to a temperature dependent 


variation of 


viscous rate effect. 

From some experiments by R. P. Carreker [6] 
on this copper, it is known that the strain rate 
exponent at 286°K is about .007, so that the 
increase in stress due to decreasing the tempera- 
ture to 78°K amounts to an increase in strain rate 
at 286°K by a factor of about 4000. Unfortunately, 
not enough is known about the mechanisms 
involved to really test the plausibility of this 
connection. 

In Figure 7 is plotted the increment of recover- 
able resistivity per unit strain increment, Apr/poAe, 
per cent increase in unrecoverable 


versus the 
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FiGuRE 7. Recoverable resistivity increase per unit strain 
versus total unrecoverable resistivity increase for copper 


wires deformed in tension at 78°K and recovered at room 


temperature. 


resistivity, Ap,/po, referred to the undeformed 
state, after room temperature anneal, at the mid- 
point of the strain increment. If one assumes that 
the resistance after anneal at room temperature is 
a dislocation resistance, then this indicates that 
the number of defects produced per unit strain 
which anneal out below room temperature de- 
pends only on the number of dislocations which 
are bound in the medium. This is in agreement 
with the idea that the defects produced are lattice 
vacancies caused by the crossing of screw disloca- 
tions [7]. 

Further work is now in progress to define more 
clearly the bounds of the validity of the stress 
resistivity relationship described here by studying 


this effect on large grain size wires and on wires of 


different materials. 
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RECENT OBSERVATIONS ON THE MOTION OF SMALL ANGLE 
DISLOCATION BOUNDARIES* 


DOUGLAS W. BAINBRIDGE,t CHOH HSIEN and EUGENE H. EDWARDSt 


The motion of small angle dislocation boundaries in zinc crystals was investigated in the tempera- 
ture range —196°C to 400°C. Boundaries were made to move by the application of a shear stress 
acting in the direction of the Burgers vector of the edge dislocations comprising the boundary. The 
character of this motion was found to vary markedly with temperature. Motion proceeded at a 
constant rate under a constant stress at elevated temperatures. At +20°C movement was discon- 
tinuous, the boundary advancing through an appreciable distance during each jump. At —196°C, 
motion appeared to be steady. However, at both 20° and —196° a continuously increasing stress was 
required for continued movement. The boundary angle remained constant during motion at high 
temperature. At lower temperatures, the magnitude of the angle decreased, and the boundary assumed 
a more complex shape through interaction with structural defects. Small-angle bound: aries of like 
sign in proximity to one another coalesced during short time annealing treatments at 400°C to form 
a single boundary. Closely spaced boundaries of like sign could be made to unite at any temperature 
by the application of a stress, thus establishing a mechanism for the formation of a substructure 
in the absence of appreciable thermal energy. Boundaries of unlike sign were united through their 
stress-induced motion and the angle of the resultant boundary equalled the algebraic sum of the 
angles of the constituent boundaries. The results of boundary motion experiments were compared 
with the results of simple shear tests on single crystals of zinc. The similarities suggested that motion 
of dislocations through the structural barriers of the crystal rather than generation of new disloca- 
tions may be the factor which determines the yield strength. 


OBSERVATIONS RECENTES SUR LE MOUVEMENT DE JOINTS A PETIT ANGLE, 
COMPOSES DE DISLOCATIONS 


Le mouvement de joints 4 petit angle, composés de dislocations, dans des cristaux de zinc, a été 
investigué dans Il'intervalle de températures allant de —196° 4 400°C. Un mouvement des joints a 
été obtenu par l’application d'une tension de cisaillement agissant dans la direction du vecteur 
de Burgers des dislocations-coin qui constituent les joints. Le caractére de ce mouvement varie 
considérablement avec la température. Aux températures élevées le mouvement a une vitesse con- 
stante sous une tension constante. A +20°C le mouvement était discontinu, mais le joint avangait 
une distance considérable 4 chaque saut. A —196°C le mouvement paraissait étre continu. Cepen- 
dant, 4 20° aussi bien qu’a —196°, il fallait augmenter constamment la tension pour maintenir un 
mouvement continu. Aux températures élevées l’angle du joint restait constant pendant le mouve- 
ment. Aux températures plus basses, l'‘angle diminuait et le joint prenait une forme plus complexe 
par l'interaction avec des défauts structuraux. Des joints a petit angle et de méme signe s’unissaient 
pendant un court recuit 4 400°C pour former un seul joint. Par l’application d'une tension il était 
possible d’unir, a n’importe quelle température, des joints de méme signe, faiblement espacés; 
ceci établit un mécanisme pour la formation d’une sous-structure a l’absence d'une agitation thermi- 
que, appréciable. Des joints de signe contraire ont été réunis au moyen d’un mouvement induit 
par une tension; l’angle du joint résultant était égal 4 la somme algébrique des angles des joints 
primitifs. Les résultats des expériences sur le mouvement des joints furent comparés aux résultats 
d’essais de cisaillement simple sur des monocristaux de zinc. Les ressemblances ont suggéré que 
c’est le mouvement des dislocations 4 travers les barritres structurales du cristal, plutét que la 
génération de nouvelles dislocations, qui détermine la tension d’écoulement. 


NEUE BEOBACHTUNGEN ZUR BEWEGUNG VON KLEINWINKEL— 
VERSETZUNGSKORNGRENZEN 

Die Bewegung von Kleinwinkel—Versetzungskorngrenzen in Zinkkristallen wurde im Tempera- 
turgebiet zwischen —196°C and 400°C untersucht. Die Bewegung der Korngrenzen wurde durch 
Anlegung einer Schubspannung hervorgerufen. Die Schubspannung wirkte in der Richtung des 
Burgers Vektor der die Korngrenze bildenden Versetzungen. Es zeigte sich, dass die Art der hervor- 
gerufenen Bewegung stark von der Temperatur abhing. Bei hGheren Temperaturen zeigte sich eine 
konstante Bewegungsgeschwindigkeit, wenn eine konstante Spannung angelegt wurde. Bei +20°C 
war die Bewegung unstetig, und die Korngrenze legte bei jedem Sprung eine betrachtliche Strecke 
zuriick. Bei —196°C erschien die Bewegung gleichférmig. Es war jedoch bei +20°C und bei —196°C 
notwendig, eine stetig anwachsende Spannung anzulegen, um eine ununterbrochene Bewegung 
hervorzurufen. Bei hohen Temperaturen blieb der Korngrenzenwinkel wahrend der Bewegung 
konstant. Bei tieferen Temperaturen verringerte sich der Winkel, und auf Grund des Einflusses von 
Kristallbaufehlern in ihrem Weg nahm die Korngrenze kompliziertere Formen an. Nahe aneinander 
liegende Kleinwinkel—Korngrenzen gleichen Vorzeichens vereinigen sich nach kurzem Gliihen bei 
400°C zu einer einzigen Korngrenze. Nahe benachbarte Korngrenzen gleichen Vorzeichens konnten 
bei jeder Temperatur durch Anlegung einer Spannung zur Vereinigung gebracht werden. Diese 
Beobachtung kann auch die Bildung einer Feinstruktur ohne die Zufuhr nennenswerter thermischer 
Energie erklaren. Korngrenzen ungleichen Vorzeichens wurden durch ihre durch die a4ussere Spannung 
hervorgerufene Bewegung vereinigt. Der Winkel der resultierenden Korngrenze war gleich der 
algebraischen Summe der Korngrenzenwinkel der Partner. Die Ergebnisse iiber die Bewegung der 
Korngrenzen wurden mit den Ergebnissen von Scherungsversuchen an Zinkeinkristallen verglichen. 
Die vorhandenen Ahnlichkeiten deuten darauf hin, dass der Faktor, der die Fliessgrenze bestimmt, 
mehr in der Bewegung von Versetzungen durch strukturelle Unregelmassigkeiten im Kristall als in 
der Bildung neuer Versetzungen zu suchen ist. 
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Introduction 


The possibility that a small-angle crystal boun- 
dary might consist of an array of dislocations was 
pointed out by Burgers [1] and by Shockley and 
Read [2]. Experimental verification of this concept 
was obtained in some recent work [3; 4]. It is the 
purpose of this paper to report further observations 
on the properties of small angle dislocation boun- 
daries in zinc in the temperature range — 196° to 
100°C, 

After annealing at a temperature close to the 
melting point, it is presumed that a small-angle 
boundary consists of an approximately evenly- 
spaced array of edge dislocations. For a 1-degree 
boundary in zinc the spacing between dislocations 
is about 60 interplanar distances. When such an 
array has been caused to move by an applied shear 
stress, the volume of crystal through which the 
array has passed has undergone a shear strain. For 
a l-degree boundary a shear strain of about 2 per 
cent is produced; the magnitude of the strain is 
determined by the angle of the boundary. The 
motion of small-angle boundaries can therefore be 
considered as a particularly uniform type of plastic 
deformation in which single dislocations traverse 
every 10th to 100th slip plane rather than 100 to 
1,000 dislocations traversing much more widely 
separated planes. Continued displacement of the 
boundary involves an enlargement of the strained 
volume of crystal. As has been pointed out [5], the 
stress required to set an array of dislocations form- 
ing a boundary into motion is approximately the 
same as the yield stress for the material. Since 
motion of a boundary only involves movement of 
dislocations already existing, this implies that the 
stress necessary to move dislocations may deter- 
mine the yield strength of zinc rather than the 


stress necessary to generate new dislocations. 


Experimental Techniques 


The method of preparing small angle boundary 
specimens has been described in an earlier paper 
[4]. Recently an improvement in the shape of 
specimens was made, in that 0.14” XK 0.2” X 1.0” 
rectangular bars were employed in place of the 
earlier discs. The rectangular bar specimens were 
cut to size by means of an acid sawing technique 
described elsewhere [6]. A specimen of this shape 
offered the advantage of constant average shear 
stress on the boundary during its motion. A typical 
specimen containing a simple edge type boundary is 
shown in Figure 1. The pronounced change in light 
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intensity existing at the boundary is due to the 
relative change in orientation of the basal plane 
across the boundary. The boundary is also visible 
on the side or (1100) face of the specimen. This 
effect was attributed to the reflection characteris- 
tics of a minute line grating produced by etching 
during the acid sawing operation. Etched valleys 
constituting the grating were visible at 500 and 
appeared randomly spaced but were aligned parallel 
to the basal plane. The tilting about the [1100] axis 
was sufficient to cause this optical effect. 

The specimens were loaded and observed both at 
low and high temperature in a manner shown 
photographically in Figure 2 and schematically in 
Figure 3. For high-temperature studies, the speci- 
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FIGURE 3. Schematic diagram of the loading mechanism 
used for boundary motion studies. 


men was supported in a small electrical resistance 
furnace. At liquid-nitrogen temperatures the speci 
Both 


furnace and vacuum flask contained viewing ports 


men was immersed in a Dewar flask. the 


of optically flat glass to facilitate the microscopic 


observation of the boundaries and their motion 


Boundary angles were measured optically with a 
long focal length goniograph capable of an angular 
resolution of approximately 30 seconds (see Appen- 


dix for details 


Observations and Discussion 

A. Effect of Temperature and Stress on Boundary 
Motion 

Small-angle boundaries used in this study con- 

sisted essentially of a planar array of edge disloca- 

tions with common Burgers vectors. These boun- 


daries were made to move through the crystal by 
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the application of a shear stress acting in the 
direction of the Burgers vector at temperatures 
varying from that of liquid nitrogen to near the 
melting point. The characteristics of this motion, 
however, varied markedly with temperature. In the 
higher temperature range, i.e., 300° to 400°C, the 
displacement rate of a boundary was observed to be 
constant under the action of a constant stress [4]. 
The rate was dependent upon the temperature, 
stress level (Fig. 4), and the boundary angle (Fig. 5) 
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FIGURE 5. Displacement rate of edge dislocation bound- 
aries as a function of the boundary angle under the action of 


a constant shear stress of 9.19 psi at 350°C. 

such that the higher the temperature and stress or 
the lower the boundary angle, the greater the rate 
of boundary motion. At high temperatures it was 
not found possible to establish a lower limit of 
stress below which no motion would occur. The 
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temperature dependence suggested that a thermal 
activation process was a major controlling feature. 
[It was thus possible, as reported previously, to 
determine that an activation energy of approxi- 
mately 21,500 cal/mole was involved in the motion 
of a boundary. 

From the activation standpoint, only a small 
amount of thermal assistance is available at room 
temperature for this shearing process and essentially 
none exists at the temperature of liquid nitrogen. 
It was reasonable then to expect that boundaries 
these lower 
temperature, 


behave quite differently at 
at room 


would 
temperatures. tests 
boundaries were observed to 
remarkably different from that noted at elevated 
temperature. As the load was gradually increased, 
a value would be reached at which the boundary 
suddenly jumped to a new position at a velocity 
too rapid to be followed by the eye. The move- 
ment was frequently accompanied by a decrease in 
the angle of the boundary. The length of the jump 
was observed to be quite erratic. Jump distances as 


move in a manner 


great as 0.5 mm were noted in some instances. 
Motion of boundaries at liquid-nitrogen tem- 
perature was different from either that at room or 


SHEAR STRESS-PS! 


J 
0.05 


oo! 002 003 004 
SHEAR STRAIN-IN/IN 


FiGure 6. Shear stress-strain curve of a Zn"single crystal 
tested in simple shear at —196°C. 
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elevated temperatures. Neither creep under con- 
stant load as at high temperatures nor sudden 
jumps over appreciable distances as at room tem- 
perature were observed. Motion appeared to be 
steady when viewed at 50 diameters magnification 
and a continuously increasing stress was necessary 
to cause movement to continue. As at room tem- 
perature, the boundaries behaved somewhat errati- 
cally; changed character during motion, and occa- 
sionally refused to move even though the load was 
continuously increased. 


B. Similarities Between Simple Shear Deformation 
and Boundary Motion 


A comparison of the deformation of single crys- 
tals in simple shear with the motion of edge dis- 
location boundaries revealed some remarkable 
similarities. Single crystals of zinc tested at elevated 
temperatures exhibited steady-state creep charac- 
terized by a process having an activation energy of 
20,000 cal/mole. This compared favorably with the 
activation energy for steady state boundary motion 
noted in the same temperature range. 

Creep tests in simple shear on single crystals at 
room temperature showed that extension frequently 
occurred in a succession of sudden jumps. This 
phenomenon is apparently related to the jump-like 
behavior observed for boundaries at this tempera- 
ture. Jerky motion of dislocation arrays lends strong 
experimental support to the concept of interlocking 
of dislocations with immobile lattice imperfections. 

The shear stress for motion of a dislocation array 
increases with decreasing temperature in a parallel 
fashion to the increase in critical stress for slip. The 
stress-strain curve for a single crystal tested in 
simple shear at liquid nitrogen temperature is given 
in Figure 6. The stress-displacement curve of a 
l-degree boundary obtained at the same tempera- 
ture is shown in Figure 7. In both cases a continu- 
ous increase in stress was necessary to maintain 
a constant displacement rate. 


Changes in a Boundary as a Result of Motion 


A dislocation array in a zinc crystal will be able 
to assume a low-energy configuration in a relatively 
short time at 400°C because of rapid diffusion. Edge 
dislocations of like sign should distribute them- 
selves into a fairly uniform planar array approxi- 
mately at right angles to the slip vector of the 
dislocations. The degree of perfection which such a 
boundary array can attain is difficult to estimate, 
but it was assumed that after annealing the boun- 


dary angle was a reasonably accurate measure of 
the spacings of dislocations in the array. 
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When such a boundary is forced to move through 
the crystal by application of an external stress, the 
dislocations comprising the boundary presumably 
encounter obstacles; for example, immobile dis- 
location segments forming parts of a mosaic net- 
work. There is a possibility that during motion of 
the boundary, some of the dislocations in the array 
will interact strongly enough with immobile lattice 
imperfections so as to be left behind the moving 
array. In this event the boundary angle should 
decrease during motion. This was actually found 
to be the case. As shown by the goniographs of 
Figure 8, when a boundary was moved about 
0.25 mm at room temperature, the angle of the 
boundary decreased from 1.26° to 0.63°. Similar 
behavior was observed for motion at liquid nitrogen 
temperature. Despite the angular 
magnitude of the boundary, the stress necessary to 
move the boundary continued to increase. It is not 


decrease in 


yet possible to choose between numerous possible 
explanations for this continuous increase in stress. 
However, a few of the possibilities might be: 
increase in the number of steps in the dislocation 
lines due to intersections with screw dislocation 
segments; back stresses attributable to trapped 
dislocations in the strained material through which 
the array has moved; increase in total density of 
dislocations in the boundary due to trapping of 
equal numbers of positive and negative dislocations 
generated in the bulk of the crystal during the test. 
The last possibility arises from the fact that the 
stress required for boundary movement is compar- 
able to the yield stress of the crystal. 

At high temperatures (300—400°C) the boundary 
angle did not change during motion. This fact is 
illustrated by the goniographs of Figure 9. In 
addition, in this temperature range the boundary 
continued to move at aconstant rate under constant 
applied shear stress. This indicates that at tem- 
peratures where rapid diffusion is possible, any 
changes in the structure of the boundary and in the 
strained material through which it has passed can 
be continuously removed by a diffusion process. 
Trapped dislocations may be able to escape from 
immobile obstacles, and positive and negative 
dislocations captured by the boundary may annihi- 
late each other by the mechanism of climb sug- 
gested by Mott [7]. Thus at higher temperatures 
the boundary can be pictured as maintaining a 
more or less constant structure during motion. 


D. Boundaries as Barriers to Moving Dislocations 
Frequently at liquid-nitrogen temperatures or 


upon rapid loading at higher temperatures, a small- 
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angle boundary was observed to act as a very 
effective barrier against the motion of other dis- 
locations. Figure 10 which 
originally contained a 1-degree boundary at the 
center. Rapid loading at 375°C caused general slip 
to begin in the region of the specimen between the 
boundary and the place the load was applied. The 
bending resulting from this slip, however, was not 


shows a_ specimen 


general along the length of the specimen. As may 
be seen in the figure, bending occurred at the 
boundary near the center of the specimen; the 
angle of the boundary increased to 15 degrees. This 
behavior clearly indicates the ability of a small- 
angle boundary to act as a trap for moving disloca- 
tions. The specimen also contained another large 
angle boundary at the place the load was applied. 
Dislocations collected here because the shear stress 
fell rapidly from a high value to zero at this 


location. 


Union of Dislocation Boundaries 


When a number of small angle boundaries lie in 
proximity to one another in a zinc crystal, they may 
be made to join together by annealing to produce a 
single boundary having an angle equal to the sum 
of those of the individual boundaries. Figure 11 
shows the union of two boundaries resulting from a 
20-minute anneal at 400°C. It has also been ob- 
served that a “curved” region of the crystal near a 
boundary tends to straighten out and become flat 
during annealing. The goniographs of Figure 12 
show that the total angle remained constant. Itis 


apparent that the union of boundaries reduces the 


strain energy of the crystal. 

Dislocation boundaries of like sign can be made 
to unite by the application of a stress, even at low 
temperatures. Figure 13 shows nine closely spaced 
boundaries which were brought together at liquid- 
nitrogen temperatures by a gradually increasing 
stress. The total angle of tilt was not changed by 
union of 


unification. This’ stress-induced 


the absence of thermal activation 


the 
boundaries in 
provides a mechanism for the building up of a 
substructure during deformation even at low 
temperatures. 

It also was possible to unite boundaries of unlike 
sign both at high and low temperatures. The union 
of two such boundaries, shown in Figure 14, was 
brought about by application of a constant stress at 
375°C. The +0.49° boundary to the left and the 
—0.29° boundary to the right in Figure 14a joined 


to form the +.19° boundary shown in Figure 14b. 
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Although it has been observed that partially united 
boundaries of like sign may be separated again by a 
reversal of the applied stress, this has not been 
found to be true for partially joined boundaries of 
unlike sign (Fig. 15). These experimental observa- 
tions imply that the bringing-together of dislo- 
tions of opposite sign can result in their annihilation. 


Summary 


Arrays of edge dislocations which produce low 
angle boundaries in zinc single crystals can be made 
to move by the application of an appropriate shear 
stress at temperatures from — 196°C to 400°C. Con- 
tinued motion at — 196°C required the application 
of a steadily increasing stress. At room temperature 
the movement was discontinuous; during each 
advance, the boundary moved very rapidly through 
an appreciable volume of material. In contrast, at 
elevated temperature motion was steady and a 
thermally activated “‘creep’’ process seemed to 
predominate. 

The deformation of zinc in simple shear showed 
characteristics very similar to those of moving 
boundaries at the same test temperatures. This 
implies that the propagation of dislocations rather 
than their generation may be the factor which 
determines the yield strength of zinc crystals. 

During the motion of a boundary at elevated 
temperature, (300°-400°C), the boundary angle 
remained constant; at low temperatures the boun- 
dary changed in character both with regard to 
angle and regularity. Diffusion presumably assisted 
in overcoming barriers at the high temperatures 
so that the boundary could move as an integral 
unit. At low temperatures, however, portions of 
the boundary appeared to become trapped or were 
forced to assume more complex shapes through 
interaction with other structural defects. 

Small-angle boundaries of like sign in proximity 
to one another coalesced during short-time anneal- 
ing treatments at 400°C to form a single boundary. 
‘“‘Curved”’ boundaries tended to become planar and 
perpendicular to the slip direction as a result of 
such treatment. Closely spaced boundaries of like 
sign were observed to join at —196°C upon the 
application of a stress, thus establishing a mechan- 
ism for the development of substructure in the 
absence of thermal migration of dislocations. 
Boundaries of unlike sign were also made to join 
by means of stress at both high and low tempera- 
tures. The angle of a boundary resulting from 
the union of boundaries of opposite sign at elevated 
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temperatures was in accord with theoretical predic- 
tions that dislocations of opposite sign can be 
mutually destructive. 
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APPENDIX 


Measurement of Small Angle Boundaries 
with an Optical Goniograph 


For the purpose of determining the magnitude 
of the boundary angles in zinc, a goniograph 
employing optical reflection from the cleavage 
plane was used. The apparatus is shown schemati- 
cally in Figure 16. An intense light source eman- 
ating from a pinhole at ‘‘A’’ was focused by means 
of a long focal length lens at “B”’ upon a plane 
ground glass or photographic film at “E”’ after 
approximately 90 degree reflection from a mirror 
surface, ‘‘D’’. The focused spot at the position of the 
film thus had the shape of the pinhole source. The 
position of this focused spot depended only upon 
the angle of tilt of the mirror and was otherwise 
independent of the position or extent of the mirror 
in space, provided that the reflecting plane passed 
through the point of intersection of the instruments 
optical axes. 

Two reflecting planes differing in orientation by 
an angle of rotation y about an axis perpendicular 
to the incident beam give rise to reflections differing 
by 2y. Similar planes differing in orientation by an 
angle y’ about the incident axis yield reflections 
separated by the same angle 7’. 

In practice, a lens system with an effective focal 
length of 175 cm was employed in conjunction with 
a specimen to film distance of 72 cm. The focal spot 
was sufficiently large under these conditions to 
permit the film to be examined satisfactorily with- 
out magnification. A resolution of 0.008 degrees 


was obtained with an optically flat mirror reflecting 


a 0.2-degree cone of light (2.54 mm diameter cross 


section at mirror). It was considered desirable to 
be able to limit the reflecting region of the specimen 
such, for example, that variations in orientation, 
etc., occurring along a boundary might be evalu- 
ated. For this purpose, a mount was supplied at 
“C,” Figure 16, in which slits or other apertures 
could be positioned. A slit 0.2 mm X 1.5 mm 
decreased the resolution considerably in a direction 
perpendicular to the slit, as shown in Figure 17b, 
but essentially maintained the resolution in the 
plane of the slit. By positioning the slit and speci- 
men such that the slit axis and the Burgers vector 
of edge dislocations comprising the boundary were 
both in the reflection plane, optimum resolution 
in the desired direction was maintained. A 0.2 mm 
length of boundary was thus required for the angle 
measurements. 

Alignment of a specimen in the goniograph was 
accomplished by means of a microscope whose 
axis bisected the optical axes of the instrument. 
This microscope was arranged to focus perman- 
ently on the axial intersection of the goniograph. 
The focus established the correct plane while the 
eye-piece cross-hairs fixed the axial intersection. 
A specimen to be studied was brought into position 
by means of a three-coordinate translation device 
in conjunction with three leveling screws for 
rotational adjustment. The portion of the gonio- 
graph in the vicinity of the specimen is shown 
photographically in Figure 18. 

Reflections from zinc cleavage surfaces occasion- 
ally approached the perfection shown by the mirror 
but generally were considerably more complicated. 
In some instances this could be at least partly 
attributed to cleavage faults. In other cases, double 
curvatures of the reflecting plane were present in 
the vicinity of the boundary, indicating the presence 
of complex arrays of dislocations in the specimen. 
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ON THE ENERGETICS OF ALKALI HALIDE SOLID SOLUTIONS* 
VAINO HOVIt 


Heats of formation and of evolution are calculated on the basis of Wasastjerna’s statistical theory 
for such binary alkali halide solid solutions, in which the difference between the interionic equilibrium 
distances of the components, AR, is equal or smaller than that in the case of NaCl-NaBr. The theo- 
retical heat of formation data corresponding to the equilibrium at 50°C in the case of NaCl-NaBr, 
KCI-KBr, KCI-RbCl, RbCI-RbBr, KBr-RbBr, and KI-RbI are at the same composition closely 
proportional to the expression (AR)?/R§, where Ro is the interionic distance of the solid solution. The 
theoretical heats of formation are in good agreement with the available experimental data. An 
earlier experimental observation [1] concerning the proportionality above mentioned is supported 
by the theoretical results of the present paper. 


SUR L'ENERGETIQUE DE SOLUTIONS SOLIDES DES HALOGENES ALCALINS 


Les chaleurs de formation et d’évolution sont calculées en se basant sur la théorie statistique de 
Wasastjerna concernant ce genre de solutions solides d’halogénes alcalins, dans lesquels la différence 
entre les distances d’équilibre entre les ions des composants, AR, est égale ou inférieure 4 la méme 
différence dans le cas NaCl-NaBr. Les données sur la chaleur théorique de formation correspondant 
a l’équilibre 4 50°C pour NaCl-NaBr, KCI-KBr, KCI-RbCl, RbCI-RbBr, KBr-RbBr et KI-RbI sont 
a la méme composition approximativement proportionnelles a l’expression (AR)?/R}, ot Ro est la 
distance entre les ions de la solution solide. 

Les chaleurs théoriques de formation s’accordent bien avec les données expérimentales, disponibles. 
Une observation expérimentale, antérieure [1], concernant la proportionnalité mentionnée ci-dessus 
est supportée par les résultats du présent article. 


DIE ENERGETIK FESTER ALKALIHALOGENIDLOSUNGEN 


Die Bildungswarmen und Warmeténungen wurden im Rahmen der statistischen Theorie von 
Wasastjerna fiir binadre feste Alkalihalogenidlésungen, in denen die Differenz der Ionen-Gleich- 
gewichtsabstande der Komponenten, AR, kleiner oder gleich der im System NaCl-NaBr ist, berechnet. 
Die theoretischen Werte der Bildungswarmen, bezogen auf Gleichgewicht bei 50°C, sind fiir NaCl- 
NaBr; KCI-KBr; KCI-RbCI; RbCI-RbBr; KBr-RbBr und KI-RbI der gleichen Zusammensetzung 
dem Ausdruck (AR)?/R} nahezu proportional, wobei Ro der Ionenabstand in der festen Lésung ist. 
Die theoretischen Werte der Bildungswarmen stimmen gut mit den vorliegenden experimentellen 
Daten iiberein. Eine friiher berichtete experimentelle Beobachtung [1] der oben erwahnten Pro- 
portionalitat wird durch die hier abgeleiteten theoretischen Resultate gestiitzt. 


which may be regarded as a secondary factor, we 


Introduction thus may with good reason assume that all the 


It was shown in a previous paper [1] that the 
experimental heat of formation values of the 50 
mole per cent NaCl-NaBr, KCI-KBr, and KCI- 
RbCI solid solutions are approximately proportional 


to the expression (AR)?/R’. Here AR = R, — R; 
(R; > R,) denotes the difference between the inter- 
ionic equilibrium distances of the components, 
while R, is the interionic equilibrium distance of the 
solid solution. 

The object of the present paper is to re-examine 
this proportionality. At this time we consider, 
however, in the first place theoretical heat of forma- 
tion data found by means of Wasastjerna’s statisti- 
cal theory [2-6] for such binary alkali halide solid 
solutions, in which the quantity AR is equal or 
smaller than in the case of NaCl-NaBr [7, p. 358]. 
According to the experiments [8; 9] this combina- 
tion ought to form a complete series of solid 
solutions at 50°C. When taking into account the 
available experimental results [10-15], and neglect- 
ing the influence of the atmospheric moisture 
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solid solutions considered in this investigation can 
exist at 50°C as a stable state at every composition. 
In order to obtain thermodynamically with one 
another comparable data, all the heats of formation 
were calculated for the equilibrium at that tempera- 
ture. Theoretical heats of formation were com- 
pared with the available experimental data. 
Furthermore, numerical values were estimated in 
each case for the energy evolved during the transi- 
tion of the solid solution from a completely dis- 
ordered state to that of local order at 50°C. 


Heats of Formation and of Evolution 


On the basis of his X-ray data [16; 17; 18; 19] 
Wasastjerna suggested that the actual equilibrium 
positions of the ions in a KCI-KBr and KCI-RbCl 
mixed crystal lattice do not coincide with the 
corresponding positions of an ideal lattice. The 
lattice of these mixed crystals is characterized by a 
geometrical long range disturbance, which causes a 
certain mean displacement of all ions from their 
theoretical equilibrium positions, and by a super- 
imposed local displacement caused by the asym- 
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metry among the immediate neighbouring ions. 
As shown by Wasastjerna, these displacements 
give rise in the mixed lattice to a certain degree of 
local order of ions, which maximizes the thermo- 
dynamical probability of the whole system. 

It might be reason to mention here that indepen- 
dently of Wasastjerna, Lawson [20] later perceived 
the analogical phenomenon in his distortion energy 
calculations for binary metallic solid solutions. 

For the calculations of the heats of formation 
and of evolution we assume that the ion displace- 
ment phenomenon and the ordering state of the 
mixed lattice in a// our cases are similar to those of 
KCI-KBr and KCI-RbCI solid solutions. Thus, we 
may calculate the heats of formation from the 
formula [5] 


014% (1 + — 4¢)) 


+ (1+ o(1 4p)) + its} 


and the heats of evolution from the formula [21] 


) AQ = 6. 


In these formulae 


is the electrostatic part of the heat of formation, 
while Q ;y denotes the heat of formation when the 
geometrical displacements of the ions are taken 
into account and the lattice is assumed to be 
characterized by a certain degree of local order (c). 
N stands for Avogadro’s number, C for ca?, where 
c is Madelung’s constant and a the ionic charge 
expressed in elementary units, e for the charge of 
an electron, p and g for the mole fraction of the 
components (p + g = 1), and # for the charac- 
teristic constant defined by Wasastjerna’s [22] 
equation 
(3) (vy = 1, 2) 
where ¢,'(R,) and ¢,’’(R,) are derivatives of the 
exchange energies. AQ represents the energy evolved 
from a mixed crystal which transits from a com- 
pletely disordered state to another, which corre- 
sponds to the degree of local order, ¢, and @ is the 
abbreviation @ = —(0,(1 — 4¢) + — 4p) +4). 
Restricting ourselves to the binary cases MX-M Y 
and M,Z-M2Z, where M, M,, and M, denote 
positive, and X, Y, and Z negative ions, respec- 
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tively, we may use the same method of reasoning as 
Wasastjerna [2]. Thus, if the lattice is characterized 
by a certain degree of local order, the probabilities 
x, A, w, v of finding a M (or Z) ion surrounded by 
XX, XY, YX, and YY (or MiM2, 
and M,M;) respectively in the positive directions 
of the axes are as follows: 


x = p(b — Qo), 
(4) }A = pq(1 +o), 
qp(i+o), 
q(q — po). 


The parameter o is called here the degree of local 
order. 

When writing the configurational factor T of the 
partition function as follows: 


O 
r(T, = g(N, p, 2, 7) exp 


(5 
(2) BT’ 


and using for the combinatory number, g, Wasa- 


stjerna’s expression [2], 


(6) 

we obtain the values of ¢, maximizing the configura- 
tional partition function, for different crystal com- 
positions from the condition dI'/dc = 0, after the 
characteristic constants have been calculated from 
the equation [22] 


(7) 


Here Kr, is the coefficient of compressibility of a 
cubic-face-centered lattice, while y stands for the 
cubic expansion coefficient at constant pressure. 

In the numerical atomic 
constants, the 


for the 
following values used: NV 
=6§,0235.1078, e = 4,8024.10-'© esu, and k = 

1,38032.10-'* erg. degree! [23]. For Madelung’s 
constant, c = 1,7476, and for the energy equivalent 
0,23899 cals/joule were taken. The interionic equi- 
librium distances of the most salts at 50°C (Table I) 


calculations 


were 


were determined by means of the corresponding 
densities from the interionic distances at 0°C [24] 
and 25°C [15]. The densities of NaCl we obtained 
by the graphical method of closest fit from the 
experimental results in the papers [25; 26; 27]. 
Similarly, the densities of NaBr we estimated from 
the data in [25; 27]. For KCl, KBr and RbCI the 
same quantities were calculated from the density 
equations determined by the method of the least 
squares from the experimental values in [28], [29} 
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and [30] respectively. For RbBr the densities at 
25° and 50°C we obtained from [27] and [25]. The 
interionic distances of KI and RbI were estimated 
by means of the cubic expansion coefficients from 
the X-ray results appearing in [15] and [31]. 

The interionic distances of the solid solutions at 
50°C were calculated from the corresponding values 
of the components according to Vegard’s rule. 

The initial compressibilities, measured at 30°C 
by Bridgman [32], were reduced to 50°C in the way 
presented in [21] using for the temperature coeffi- 
cient of the compressibility the values appearing in 
[22]. 

The values of the cubic expansion coefficient of 
the components were determined graphically, for 
50°C, from the experimental data of the papers 
(33; 25; 27; 34; 35; 15; 31]. 

Table I contains the values of some physical 
quantities used in our calculations. This table also 


TABLE I 


Cubic 
expansion 
coefficient 


2, | 7,53 

| 8,025 

| 8,876 
9,023 
9,285 
9,08. 
8,96; 
9,92; 


| 
| 


Compressibility 
coefficient 
in bar~! 


Interionic 

equilibrium 

distance at | 
| 50°C in 


A-units | at 30°C at 50°C | 


| 
| 
| 


Salt 


2,816¢ 
2,983s 
3,142; 
3,295s 
3,529.2 
3,2876 
3,437 


3,666; 


4,295 | 
5,12, | 
6,76, 3. 
8,635 | | 
6,71; 2 
8.01; 


| 
9,562 9,677 27 


presents the values obtained for the #-quantities 
of the component salts at 50°C. 

In Table II are compiled the values of o, Q;, 
Q;y and AQ for different alkali halide solid solu- 
tions. For the purposes of comparison the available 
experimental heat of formation values, Q,x», are 
included in the same table. Figure 1 shows the heat 
of formation as a function of crystal composition 
at 50°C for the case of RbCl-RbBr, KBr-RbBr, 
and KI-RbI. The writer has found no satisfactory 
experimental or theoretical examination dealing 
with heat of formation data of these solid solutions. 

The heat of formation is represented as a func- 
tion of (AR)?/R3 in Figure 2. The numbers in con- 
nection of each curve indicate the same mole 
fraction of the lighter component. As seen from 
this figure, the points corresponding to the values 
of the heat of formation of the same crystal com- 
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position at 50°C lie very nearly in straights. Only 
in the case of NaCl-NaBr slight deviations from 
the linearity seem to appear. As an explanation for 
this it may be pointed out that according to experi- 
ments [8, 9] the NaCl-NaBr mixed crystals form a 
borderline case of the alkali halide solid solutions 


e RbCI-RbBr 
@KBr-RbBr J 


cals/mole 


0 0,2 0,4 0,6 0,8 1,0 
FicurE 1. The heat of formation as a function of crystal 


composition at 50°C in the case of RbCI-RbBr, KBr-RbBr, 
and KI-RbI solid solutions according to Wasastjerna’s theory. 


L 


stable in the neighbourhood of room temperature. 
The situation, especially the state of order of this 
mixed lattice, thus may be more complicated than 
that of the more stable KCI-KBr and KCI-RbClI 
solid solutions, and in this way, the premises of 
Wasastjerna’s theory less completely fulfilled.* 
There may be reason to mention here that the case 
of NaCl-KCl, for which the _ expression 
104(AR)?/R3 = 40 A-', falls far outside of the 
alkali halide solid-solution region considered in 
this paper. The decomposition processes of this 
particular case have been studied recently by 
Hyvonen [40], and by Scheil and Stadelmaier [41]. 
Hyvonen measured directly by means of a calori- 
metric precision method heats of evolution for 
some NaCl-KCI solid solutions prepared in different 
ways, and determined from his experimental data 
the activation energy. The latter investigators 
calculated the same quantity on the basis of light 
absorption measurements. 

Table III presents the values obtained for the 
differences between the electrostatic parts of the 
heat of formation of the sequent solid solutions. In 
this table also the differences between the fourth 
approximations of the heat of formation are in- 
cluded, while the quotients of the differences appear 
in the edge column. As seen from these values, the 
quotient AQ;y/AQ; is approximately constant 
(= 2). 

Summing up what has been said above, it can 
be stated that Wasastjerna’s theory, when applied 


*The experimental verification is in progress at the Uni- 
versity of Helsinki. 


= 
0 
206 
4 KI-Rbi 
4 
/$ 
VA \ 
at 50°C 5 
NaCl | 4,26; 
NaBr | 5,076 
KCl | 5,62; 
KBr 6,69; 
KI 8,53. 
RbCl 6,64, 
RbBr 
RbI 
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TABLE II 


Mole fraction Electrostatic Heat of 
Solid of the lighter Degree of part formation 
solution component local order Q; (cals/mole 
p cals/mole 
0,17 88,7 
0,34 145,2 
0,50 3572 166,2 
0,66 3015 153,4 
0,83 99,4 
0,17 3 54,9 
0,34 89,4 
0,50 269, 101,9 
0,66 230. 93,6 
0,83 ,122; 60,3 
0,17 , 104; 19,5 
0,34 80,5 
0,50 0,244 91,6 
0,66 0,211; 84,1 
0,83 0,114. 54,1 
0,17 0,101, 46,1 
0,34 0,191, 74,9 
0,50 0,229, 85,3 
0,66 78,2 
0,83 0,107 50,3 
0,17 0,092, 41,1 
0,34 0,171 66,8 
0,50 0,203. 75,9 
0,66 0,176.5 69,5 
0,83 0,097. 14,7 
0,17 0,076, 31,8 
0,34 0,141, 
0,50 0,17 16 
0,66 0,154, 
0,83 0,089, 


*Calculated from the interpolation polynom of Fineman and Wallace [36]. 

tFrom the interpolation polynom of Hovi [37]. 

{From the interpolation polynom recalculated by Wallace and Fineman [38] on the basis of Fontell’s experimental dati 
{Experimental data by Fontell, Hovi and Hyvénen [1]. 


Q | cals / mole 


e Theory 


SExperiment 
KCI-KBr 
KCI-RDbCI 


— 


8 9 10 


FiGuRE 2. The heat of formation as a function of (AR)?/R%, 
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Heat of 
evolution 
AQ 
|  (cals/mol 
181* 16,1 
994 56.5 
| 335 85.7 
308 68,7 
198 23,0 
- 10,6 
- 201 33,8 | 
- 232 47,6 | 
; 216 37,8 
14] 13,1 
119¢ 8,9 
197 27,8 
217 39,0 
199 31,3 
138 11,1 
I 8,3 
25,3 | 
34,3 
26,9 
93 
6,7 
20,1 
Le 27,1 
2 21,5 
954 7,6 
1,4 
13,5 
| 19,1 
| 16,1 
6,1 
\ 
- | 
RbCI-RbB \s 
200 K Br-RbBr_ a\ 
| 
j | | | 2 
| | .4\(AR) | 
3 4 5 6 7 T 12 
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TABLE III 


Solid 


solution 


NaCl-NaBr 


KCI-KBr 


RbCI-RbBr 
NaCl-NaBr 


KCI-KBr 


RbCI-RbBr 
NaCl-NaBr 


KCI-KBr 


RbCI-RbBr 
NaCl-NaBr 


KCI-KBr 


RbCI-RbBr 
NaCl-NaBr 


KCI-KBr 


RbCI-RbBr 
KCI-RbCl 


KBr-RbBr 


KI-RbI 
KCI-RbCI 


KBr-RbBr 


KI-RbI 
KCI-RbCI 


KBr-RbBr 


KI-RbI 
KCI-RbCI 


KBr-RbBr 


KI-RbI 
KCI-RbCl 


KBr-RbBr 


KI-RbI 


Mole frac- 
tion of the 
lighter 
component 


0,34 


0,34 
0,50 


0,50 


0,50 
0,66 


0,66 


0,66 
0,83 


0,83 


0,83 
0,17 


0,17 


0,17 
0,34 


0,50 


0,50 
0,66 


0,66 


0,66 
0,83 


0,83 


0,83 


Difference 


between the between the 


electrostatic 
parts 
AQ, 
(cals/mole) 


10,4 


Difference 


heats of 
formation 
AQry 
(cals/mole) 


60,9 


AQrv 
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tion values which are in good agreement with 
available experimental data and, at different crystal 
composition, closely proportional to the expression 
(AR)*?/R3. Thus, the earlier observation [1] made 
on the basis of experimental data is supported by 
the theoretical results of the present paper. 
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LETTERS TO THE EDITOR 


The Effects of Space Charge on the Rate of 
Formation of Anode Films* 


In a recent paper [1] data are presented for the 
anodic oxidation of tantalum over a range of 
temperatures and current densities. The data are 
compared with Mott and Cabrera’s theory of 
very thin films [2]. The author reports three 
discrepancies: (1) the rate of change of field with 
logarithm of formation rate (i.e., the Tafel slope) 
is temperature-independent. The theory predicts a 
Tafel slope which is directly proportional to the 
absolute temperature. (2) The “frequency-factor”’ 
has the value 10~-? instead of 10’ which the theory 
requires. (3) The fields observed are sufficient to 
completely ‘‘obliterate’’ the barrier for diffusion. 

The present note will show that the first of 
these discrepancies probably results from the 
inadequacy of the theory when applied to the tan- 
talum oxide system while the last two result from 
misapplication of the theory. 

The theory of Mott and Cabrera is derived on 
the assumption that the number of ions in transit 
is small and that therefore space charge makes a 
negligible contribution to the electric field. The 
result may be written: 


The neglect of space charge may be valid for very 
thin films, but the films in question here are 1000 
to 5000 A thick and, depending upon the values of 
the lattice and energy parameters, these may be 


either ‘‘thick’”’ or ‘‘thin’”’ films. We arrive at this 
conclusion by considering the growth laws without 
neglecting space charge. Using a potential-energy 
profile identical to that of Mott and Cabrera we 
obtain equation (2) for the average field. 


(2) 42) in (1 + 


where 


_ D 1-22) [ 


The first term in (2) is identical to that of Mott 
and Cabrera and the second term is due to space 
charge. 

The symbols in these equations have the follow- 
ing meanings: 


*Received December 1, 1953. 
tThe detailed derivation of this equation is in process of 
publication. 


average field across the film 
= distance between interstitial positions 
in the lattice 
distance from the metal surface to the 
first potential barrier 
= charge on the mobile ion 
= film thickness 
current density (formation rate) 
dielectric constant of film 
Boltzman constant 
absolute temperature 
= vibration frequency of an ion in an 
interstitial position ~10"” sec 
vibration frequency of a surface atom 
= 10" sec 
activation energy for diffusion through 
the film 
activation energy for diffusion tnmto the 
film 
surface density of atoms in tantalum 
metal 
The dependences stated in equation 2 are simple 
for <1 and 6> 1, but are quite complicated in 
the range when 4 is close to 1. However it can be 
shown that for certain quite reasonable selections 
of parameters, the Tafel slope can be made tem- 
perature independent over a temperature range 
considerably greater than that represented by the 
data of Vermilyea. The main requirement is that 
5 be of the order of 1 at room temperature. One 
such behavior is shown in Figure 1. Equation (2) 


Ms 


in / 
° 


O-VERMILYEA’S DATA 
—THEORY FOR =135 ANO (2¢ -v)#0.6 


——UMITING BEHAVIOR 


TAFEL 


4 
300 350 
TEMPERATURE IN DEGREES K 


FicuRE 1. The temperature dependence of Tafel slope. 
predicts that at both very low temperature and 
very high temperature the Tafel slope should be 
independent of current density and directly 
proportional to temperature. Measurements at 
both higher and lower temperatures are required 
to check this prediction. 


Vermilyea has attempted to calculate the 


bg my, bq 
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activation energy for the process in question. 
Plotting the logarithm of the formation 
against the reciprocal of the absolute temperature 
(electric field remaining constant) he obtains the 


value .71 e.v. for the “activation energy’; by 


rate 


implication he then equates this to Mott and 


Cabrera’s ‘‘activation energy for diffusion.’’ Such 
a procedure is manifestly incorrect when very 
high fields are involved. If it must be named, 
Vermilyea’s energy of .71 e.v. is the ‘‘activation 
energy for high-field conduction.’’ To obtain the 
activation energy for diffusion from these data— 
and this is the important quantity in the theory— 
one must correct for the fact that the field depresses 
the barrier height. In the Mott approximation the 
barrier is depressed by E - b- q which is about 
.9 volt. Thus the “‘activation energy for diffusion” 
is: 
@= 9+ .71 = l6éev. 


Although the barrier is depressed to about 1/2 
its low-field value when formation occurs there is 
still quite a barrier left, even at the highest current 
densities studied. 

The frequency-factor discrepancy is automati- 
cally accounted for by the recalculation of the 
activation energy. When we use the value 1.6 e.v. 
for the activation energy we obtain a frequency 
factor v, ~ 10" sec in reasonable accord with 
expectation. The jump distance (b) calculated 
from the data is 2.6 A. 

The recalculation above in terms of the Mott 
model is only approximate but serves to show the 
origin of the “‘discrepancy.”’ In a subsequent paper 
we present data of our own which largely confirm 
the experiments of Vermilyea. We postpone until 
that time the detailed evaluation of parameters. 


Jacos F. DEWALD 


Bell Telephone Laboratories, Inc. 
Murray Hill, N.J. 
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Work-softening in Aluminium Crystals* 


We have recently examined the effects of pre- 
liminary plastic deformation at a low temperature 
upon the plastic properties of aluminium crystals 
subsequently deformed at a higher temperature. 


*Received December 2, 1953. 
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The work-hardening introduced at the low tem- 
perature is of course unstable at the higher tem- 
perature and slowly disappears when the crystal 
is held there. The striking feature, however, is the 
rapidity, almost catastrophic, with which it 
disappears, giving rise to a sharp yield point, when 
the crystal is plastically strained at the higher 
temperature instead of being rested there; the 
effect can be described as one of work-softening. 
Tensile specimens of 99.992 per cent aluminium 
2” G2" & 
the 
method and examined in a hard beam machine at a 
strain rate of 2.5 K 10-° sec~' and at temperatures 
from —185°C to +100°C. During the whole series 
of deformation and annealing treatments on each 


with gauge dimensions were 


made into single crystals by strain-anneal 


specimen, the specimen remained in the machine 
and the applied load on it was never completely 
removed, thus maintaining the axial alignment 
gained from plastic straightening during the first 
deformation of the series. 

Figure 1 is typical of the results obtained and 
shows many of the features observed. The yield 
points in curves d, g, 1, and 0, were all produced after 
the ‘low’ 


preliminary deformations at standard 


TEMPERATURE 


RESOLVED SHEAR STRESS k 
Oo 


SHEAR STRAIN % 
B 


FiGuRE 1. (A) Sequence of straining experiments on an 
aluminium crystal. The numbers on the Figure refer to times 
of resting in minutes. In the intervals AA and BB the speci- 
men was rested at room temperature for 84 hours and 20 
hours respectively. (B) Stress-strain curve§ obtained in this 
sequence of experiments. 
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temperature of —185°C (curves c, f, 4, and n). 
Excepting curve 0, which was taken at 100°C, 
they were all obtained by using 0°C as the ‘high’ 
temperature. That 0°C can also act as a ‘low’ 
temperature if followed by a sufficiently higher one 
is shown by the yield drop in curve e, which was 
obtained at 100°C after curve d at 0°C; further 
examples of this were obtained in other crystals. 
No yield drop was observed in curve ), taken at 
O0°C after deformation at —185°C, and in fact 
experiments on several crystals showed that the 
yield drops were always inappreciable unless the 
material had first been sufficiently ‘charged’ with 
work hardening, enough to raise its shear strength 
above about 1.5 kgm mm~?. 

The yield drops were only produced when the 
second testing temperature was higher (e.g., by 
100 to 200°C) than the first. For example, in 
Figure 1 none were observed in curves ¢, f, h, j, l, 
and n, taken at —185°C. Small irregularities such 
as those shown in curves # and j appeared occas- 
ionally but these were very indefinite compared 
with large yield drops that could be produced 
consistently by the method described above; 
they are almost certainly due to some other effect, 
possibly the same as that observed by Blewitt [1] 
in copper crystals. 

Curves k and m, obtained at 0°C after deforma- 
tion at —185°C and annealing at 100°C, hardly 
show yield drops. Thus the softening which could 
have taken place during straining at O0°C had 
already occurred during the anneal at 100°C. 
The slowness with which the material softens on 
annealing, as compared with its rapidity during 
straining, is shown by the fact that marked yield 
drops were observed in curve 1, obtained at 0°C 
after 50 minutes at 0°C, and in curve o, obtained 
at 100°C after 100 minutes at 100°C. A comparison 
of curves m and o shows further that the annealing 
treatment at 100°C, even though it removes the 
work-hardening that is unstable during straining at 
0°C, nevertheless leaves in the 
work-hardening that is unstable under strain at 
100°C. Thus, at a given softening temperature, 
plastic straining removes low-temperature work- 
hardening more completely than does annealing. 

In attributing these yield drops to rapid work- 
softening, it is necessary to be sure that they are 
not caused in a more familiar manner by impurity 
atoms, especially as no theory of the mechanism 
of work softening appears to be known at present. 
The evidence that they are not examples of the 
conventional yield phenomenon due to solute 
atoms is as follows: 


material some 
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1. They are not produced unless the second 
straining temperature is higher than the first 
one, and have not been observed so far at — 185°C. 
Yield points due to solute atoms, on the other 
hand, become stronger at low temperatures. 

2. Annealing treatments of the kind that 
should allow strain ageing to occur, and so 
increase yield points due to solute atoms, in fact 
reduce or remove these yield drops (see curves 
k and m of Figure 1). 

3. The metal is reasonably pure (99.992 per 
cent), and it is known that appreciable additions 
are needed to produce impurity yield points in 
single crystals of aluminium [2]. 

A fuller account of these experiments will be 
published later. 
J. STOKEs 
COTTRELL 


R. 
A. H. 


Metallurgy Department, 
University of Birmingham, England 
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The Rate of Growth of Dendrites in 
Supercooled Tin* 


The results of an investigation relating the rate 
of growth of dendrites to the degree of supercooling 
in a melt of tin are presented. 

The method employed in this investigation to 
date is considered to be satisfactory only when the 
supercooling is greater than about 2.5°C and thus 
a gap in the experimental data still remains below 
this value. The method, in brief, involves the 
supercooling in a shallow graphite boat of a volume 
of tin 12 X 4.5 X 1 cm in which the temperature 
distribution was adjusted to ensure growth of the 
dendrites on the upper surface of the melt. The 
temperature was measured to within 1/10°C and 
was substantially uniform throughout the region 
in which measurements were made. Growth was 
initiated by touching the surface with a cold steel 
rod, and the rate of growth of the dendrites along 
the surface was determined cinematographically. 

The main branch of each dendrite was observed 
to grow 1 to 8 cm in length (depending on the 
degree of supercooling) before any side branches 
appeared. The crystallographic direction associated 
with this main branch was probably the [110] as 
observed by Weinberg and Chalmers [1]. However, 
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this direction could be tilted as much as 45 degrees 
with respect to the surface of the melt; thus 
dendritic growth rates as recorded on the surface 
would show a spread of 30 per cent below the 
maximum or true rate of growth. The average 
rate would be 8 per cent below the maximum. 

The accompanying graph shows the results 
which were obtained. The solid line represents the 


GROWTH RATE (Cm./SEC.) 


i 
i 


i 
2 
s 


UPERCOOLING (CENT, DEGREES) 


average or least-square curve through the points; 
the dotted lines represent values 9 per cent above 
and 23 per cent below this average, delineating the 
range in which the experimental values should 
fall. With 3°C supercooling, the growth rate is 
3 cm/sec, and this increases to 25 cm/sec with 
10.5°C supercooling. 

When the results are plotted logarithmically, a 
straight line is obtained with a slope of 1.8, so that 
over the range studied it appears that the growth 
rate varies approximately with the square of the 
degree of supercooling. This appears to be in 
agreement with the proposal by Fisher [2] that 
the growth rate is limited entirely by the diffusion 
of heat. With steady-state heat flow and no 
convection he predicts a rate of growth proportional 
to the square of the degree of supercooling. 

A. ROSENBERG 
W. C. WINEGARD 


Department of Metallurgical Engineering 
University of Toronto, Canada 
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The Relation of the Disordering of a Super- 
lattice to the Melting of the Disordered 
Alloy* 


That many binary alloys exhibit 
is perhaps not surprising in view of the requirement 
imposed by the Third Law that at absolute zero a 
substance in internal equilibrium has zero entropy; 


superlattices 


hence, an internally equilibrated binary alloy of 
simple atomic ratio is characterized by perfect 
order at 0°K, or by separation into the two pure 
components. However, the temperature at which 
a superlattice disorders is of interest, and is taken, 
in the ordinary treatment of the problem [1], to be 
a measure of the magnitude of the interchange 
energy occasioned by the exchange of an atom A 
for an atom B between lattices of pure A and 
pure B. On the other hand, at a similar level of 
the 
alloy may be taken as a measure of a mean pair- 


approximation, melting temperature of an 
wise binding energy. From this point of view it is 
not expected that a simple relation should hold 
between the critical temperature, 7, of disordering 
of a superlattice in an alloy and the solidus tem- 
perature, 7, of the disordered alloy of the same 
composition. 
However, an empirical correlation between 
these two quantities does appear to exist, and the 
purpose of this note is to point out the approximate 
constancy of the ratio 7/7, for all cases for which, 
as far as the writer knows, reasonably accurate 
data are available. The 7, listed in the accompany- 
ing table is the maximum critical temperature of 
which occurs at a simple 


disordering, usually 


ratio of the atomic species. The 7, represents the 
solidus temperature of the alloy at the composition 
of the superlattice. In some cases, notably AgCd, 
the separation between the solidus and the liquidus 
lines is so great that very little significance can be 
attached to the concept of the melting of the alloy 
at the composition of the superlattice. In other 
cases, the disordered solid solution, into which the 
superlattice transforms, does not melt but goes 
over into another structure before melting occurs. 
It is clear that the 7, that is wanted is that of the 
structure which supports the superlattice, and that 
this is a smaller number than the 7, of the struc- 
ture which is actually in equilibrium with the 
liquid. This for the 
relatively low value for CrNis. However, using the 
numbers as tabulated, the mean 7c/Ts is 0.63+.06 
(standard deviation of an individual value) for 


may be the explanation 
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the 1:1 alloys (including two 3:2 alloys) and 0.55% 
.10 for the 1:3 alloys. The variance of the data for 
the 1:3 alloys was analyzed statistically yielding a 
confidence level of 1 per cent for the constancy of 


Tc 7s. 


TABLE I 


* 


RATIO OF DISORDERING TO SOLIDUS —,TEMPERATURI 


References 


(Tc/Ts) 


°K /°K 


700 


700 
627 


440 
AgZn —280 
AuCd 
AuCu 
AuMn 
CdMg 
CoFe 
CoPt 
CrFe 
Cr3Pde 
CuPt 
CuZn 
Fe;Pd: 
LiPb 
MnNi 
NiPt 
Ag;:Mg 
AlFe; 
AuCus 
AusCu —250 
Au;Mn 690 
CdMg; 153 
CoPts —750 
CrNis 540 
Cu;Pd 500 
CusPt 650 
Cu3Zn 250 
FeNis —497 

780 


267 
420 
680 
—800 
825 
815 
600 
812 
— 460 
780 


884 
1230 
410 
1480 
1530 
1510 
1170 
—1500 
— 880 
1300 
480 
1100 
— 1480 
760 
1430 
905 
920 
1000 
360 
490 
—1650 
1380 
—1100 
1260 
950 

— 1440 
—1320 
—1170 
578 1400 
375 1180 


—670 

—620 
386 
575 


396 


*Except where specified data taken from the compilations 
of Hansen (“‘Aufbau der Zweistofflegierungen”’, Berlin, 1936), 
Smithells (‘‘Metals Reference Book’, New York, 1949), and 
the A.S.M. Metals Handbook, 1948. 


It may be argued that the reason for the approxi- 
mate constancy of this ratio is that a lower tem- 
perature limit to the practical observability of 
superlattice formation is produced by the immob- 
ilization of the atoms that generally sets in at 
about 0.37,. Nevertheless, the clustering of Tc 
at values considerably higher than 0.37, suggests 
that the disordering and the melting phenomena 
have something in common that is not contained 
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in the formal 


1954 


treatments 


accorded 


to each one 


separately. 
R. A. ORIANI 


General Electric Research Laboratory 
The Knolls 
Schenectady, New York 
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On the Crigin of Screw Dislocations in 
Growing Crystals* 


Some of the most convincing evidence for the 
screw dislocation mechanism of crystal growth has 
been provided by microscopic observation of the 
growth of Cdl, platelets from aqueous solution. 
[1; 2; 3; 4; 5] Very thin platelets grow at constant 
thickness to a width of perhaps 1 mm. Suddenly 
spiral or closed-loop steps many molecular layers 
high appear on the platelet surface and the crystal 
starts to thicken by the screw dislocation mechan- 
ism. 

The mechanism by which the screw dislocations 
responsible for these large steps form is of great 
importance to the complete picture of crystal 
growth. Frank [6] has postulated that the platelets 
become self-stressed by non-uniform distribution of 
impurities and as a result ultimately buckle and 
shear to generate a group of screw dislocations. 
Forty [3] has suggested that the platelets are sheared 
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Alloy Te°C 
Zz 
59 
61 
60 
63 
.6§1 
61 
61 
.60 
—.61 
— .64 
60 2 
—.65 
~ .68 3 
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50 2 
56 
5 1 
.74 
57 
.56 6 
49 
.56 ° 
43 9 
— 10 
— .66 2 
MnNi; — .54 11 
Ni;Pt 51 12 
Ni;Sn 79 13 
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by convection currents. Both of these suggestions 
are subject to serious objections. 

If the non-uniform distribution of impurities 
were the controlling factor in the origin of screw 
dislocations, purified material should show signifi- 
cant departures from the 
material. Screw dislocations should not appear on 
the faces of a significant fraction of Cdl, platelets 
grown from purified material. This is contrary to 
experimental evidence. Forty [1] reports that 
unpurified and recrystallized CdI, behave alike 
as regards the appearance of screw dislocations in 
large faces. 

Motion picture records of cadmium iodide platelet 
growth [4; 5] provide adequate evidence that the 
platelets move very slowly in solution and therefore 
cannot be subject to large viscous forces, which 
would be necessary for the success of the convec- 
tion current mechanism. 

A perfect crystal should not deform plastically 
until an elastic strain of at least 2.5 per cent is 
reached. A platelet 5000 A thick would have to be 
bent to a radius of curvature of 10 microns to 
reach this strain. If platelets buckled to the extent 
required to cause plastic deformation, there would 
be large irregularities in the effective plate thick- 
ness for internal interference, and non-uniformity 
in the interference color. Experimentally it is 
observed that the platelets are remarkably uni- 
form in color. Only exceptionally are buckled 
platelets observed, and even for these platelets 
growth sources are not formed in the buckled 


behavior of impure 


regions [5]. 

It does not appear that the dislocation respon- 
sible for thickness growth in cadmium 
crystals can arise by plastic deformation of initially 
perfect crystals. This note suggests that impinge- 
ment of two crystals is a more likely source of the 


iodide 


dislocations. Consider two cadmium iodide plate- 
lets growing edgewise toward each other, with their 
planes nearly parallel. When they touch, the 
interface is a low-angle grain boundary properly 
described as a network of dislocations [3], many of 
which terminate on the flat surfaces of the platelets. 
Those dislocations that intersect the close-packed 
surface with a component of the Burgers vector 
perpendicular to the surface produce perpetual 
growth steps. 

Frequently growth steps are observed to form 
without observable contact between growing crys- 
tals. Here it is supposed that the one observable 
crystal has come in contact with an unobserved 
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impurity crystal. It is not unreasonable to postu- 
late the presence of impurity crystals, since there 
is evidence that impurity crystals act as nucleation 
catalysts the thin 
platelets. If an impurity crystal is partially engulfed 
by a growing cadmium iodide platelet, the grain 
the 
contain the same number of dislocations, but the 
dislocations that intersect the platelet 
surface are of opposite hand. Hence, the included 


for initial cadmium iodide 


boundaries on opposite sides of impurity 


screw 


crystal provides a source of ‘‘closed loop”’ steps 
for thickness growth. 

If a platelet edge meets an impurity particle 
that extends beyond the platelet thickness on 
both the platelet separates around the 
impurity. When the separated portions recombine 
on the other side of the impurity, the surface will 
be offset unless the two parts have remained 
exactly parallel during their independent growth. 
The resulting step in the surface provides a 
“source” for thickness growth of the platelet, 
leading to a spiral step. If a platelet edge meets a 
large impurity particle and a low angle interface 
boundary is formed, a combination ‘“‘closed loop” 


sides, 


and ‘‘spiral’’ growth source may be created. Step 
patterns consistent with this type source have been 
observed by Forty [2]. 

The order of magnitude of the rate of appearance 
of growth sources on growing crystals can be 
calculated on the basis of the particle impingement 
concept. Let ” be the number of impurity particles 
(of sufficient size to be effective growth sources) 
per unit volume of solution. Since they are very 
dilute, their osmotic pressure will obey the perfect 
gas law, and their rate of impingement per unit 
area will be governed by the effusion equation. 
Let 7 be the radius of a platelet at any time, and h 
be its thickness. Then the rate of impingement 
N of particles on the platelet edges is given by 


(2) N = 2arhn 

27m 
where m is the average mass of the particles, T is 
the absolute temperature and & is the molecular 
gas constant. The average time, 7, required for a 
single particle to impinge on the platelet edge is 
given by setting the total number of collisions, N, 
equal to one. 


aT bT 
(3) N J 2rahn tdt, 


where it is assumed that the platelets grow 


— @ 
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constant linear velocity a. Since the final radius, R, 
of the platelet is given by R = ar, 

“RT 
aRhrn 


2am 


(4) = 

This calculation indicates that 800 particles/cm* 
would be sufficient to cause the observed rate of 
growth source appearance if R = 0.5 mm, 4=1000 
A, m = 10-" gm, and ¢ = 10° sec. 

In this calculation, impingement of particles on 
the large close-packed surfaces of the platelet has 
not been considered, since it is presumed that 
particles do not stick to the platelet surface unless 
they are engulfed as a result of the platelet’s 
growth. Calculation of the average velocity of 
Brownian motion of particles of the required size 
indicates that those coming in contact with the 
advancing platelet edge would be engulfed by it. 

A thickness growth source can operate only if 
the step length associated with the potential source 
is longer than the critical diameter for two dimen- 
sional nucleation of a surface layer. For a “‘spiral”’ 
source, the step length involved is the distance 
from the source to the crystal edge, while for a 
“closed loop’’ source it is the distance between 
opposite boundaries of the impurity particle. In 
the neighborhood of an advancing platelet edge 
the supersaturation is much smaller than elsewhere. 
Hence, while ‘‘spiral’’ growth sources become 
effective while the platelet edge is still very near 
the impinged impurity, “closed loop’ growth 
sources may not start to operate until the edge 
has advanced some distance beyond the particle. 

If the impurity particle on which the platelet 
formed initially has a structure misfit with the 
cadmium iodide which requires screw dislocations 
in the impurity/cadmium iodide interface, this 
interphase boundary may also act as a “‘closed- 
loop” growth source. Sources arising from this type 
of boundary should appear in the platelet center 
when the platelet has become large enough so that 
the required supersaturation is reached at the 
platelet center. In the motion picture records of 
cadmium iodide growth [4; 5] it has been observed 
that ‘‘spiral’”’ growth sources always start very 
near a platelet edge, while ‘‘closed-loop’’ sources 
may start some distance in from the edge, and 
occasionally ‘‘closed-loop’’ sources start at the 
platelet center. 

The hypothesis of impurity particle impinge- 
ment appears to rationalize the observations so far 
reported of the appearance of dislocation growth 


sources on crystals. While attention has been 
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directed primarily to the observations on cadmium 
iodide, the proposed mechanism is general for the 
genesis of screw dislocations in a crystal face. 


J. C. FIsHER 
R. L. FULLMAN 
G. W. SEARS 


General Electric Research Laboratory 
Schenectady, New York 
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Electron and Photocurrents in Thin Films of 
ZrO.* 


The mechanism proposed by A. Charlesby [1] 
to account for the observed variation of the 
electron current through thin films of anodic ZrOz 
is based upon the assumption that there exists a 
symmetrical potential barrier of width 2a and height 
U which the electrons must surmount. In the 
presence of an electric field the barrier is distorted 
to increase the probability of electron flow in the 
direction of the field, and the current through the 
film is given by 


j= 24 exp (32) 


where A is a constant, 7 the current density, and 
E the electric field. From the experimental data a 
value of 7.2A was deduced for the width of the 
barrier while the barrier height was found to be 
0.375 eV. 

There is one objection to the mechanism pro- 
posed by Charlesby. As may be seen from the 
following calculation, the probability of tunneling 
through a barrier of the dimensions given is 
greater than the probability that an electron will 
be thermally excited over the barrier. At 18°C, 
the temperature at which the data in Figure 1 of 
reference 1 were taken, the applied electric field 
strength varied from about 0.7 * 10° to 4.4 & 108 
volts/em. Taking 5 X 10° as the maximum field 
for which the mechanism should be valid, the 
energy barrier, given by U —eaE, would be 
0.195 eV. The probability of thermal excitation 
over this barrier is 4 K 10~*. 


*Received January 4, 1954. 
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The probability of tunneling may be calculated 
from the formula 


[2m(V — ax | 


T(E) = f(E) exp 


where 7(£) is the transmission coefficient, X.—X, 
is the distance through the barrier, V is the potential 
of the barrier, E is the energy of electrons incident 
on the barrier, and f(£) is a factor depending on 
the shape of the barrier, but roughly equal to 
unity. Assuming a square barrier 0.195 eV high, 
of width 7.2 A, the probability of tunneling is 
5 X 10-*. This value is considerably too low, 
since the average height of the barrier is less than 
0.195 eV and its average width less than 7.2 A. 
If, instead of a square barrier, an initially triangular 
barrier of peak height 0.375 and width 7.2 A is 
assumed, the barrier with a field of 5 & 10° V/cm 
will be 4.64 A wide with a peak height of 0.195, and 
the probability of tunneling becomes 2.5 & 107. 
The tunneling probability for the actual barrier is 
probably somewhere 2.5 X 107 
5 X 10-*, perhaps 10~'. At any rate, the probability 
of tunneling through the 
much greater than the probability of thermal 
excitation over it, so that the proposed mechanism 


between and 


barrier is certainly 


is not possible. 

An alternative explanation of the 
results may be made as follows. We will assume 
that there are trapping centers for electrons* in 
the film, either oxygen vacancies or interstitial 
zirconium atoms. The potential of an electron in 
the field of such a center is given by —e?/Kr, 
where K is the dielectric constant 
distance from the center. If a strong electric field 
is applied across the film, the expression for the 
potential as a function of distance is given by 


observed 


and r the 


9 


é 


1) V(x) = — = — eEx 

( Kx 

where E is the applied field and x is the distance 
from the trap in the direction of the field. Figure 1 
shows a schematic representation of this potential 
function, which has a maximum at 


e 


the potential at the maximum being 


*It is not known whether anodic ZrO: films are p-type or 
n-type. Although the discussion which follows is based on 
the assumption that electrons are the charge carriers, a 
similar argument would apply for positive holes. 


er 
(3) 2 (42) 


In the absence of the field an electron would have 
to surmount a barrier of height eo in order to enter 


CONDUC TION BAND 


FIGURE ] 


the conduction band. In the presence of the field, 
therefore, the energy barrier is ¢9 — | Vo|, and the 


conductivity is given by 


(4) 


(5) 


where ga» is the conductivity in the absence of the 
field. The conductivity is thus increased by a 
mechanism similar to the increase in thermionic 
emission due to the Schottky effect. 

According to equation (5), a plot of log iz against 
E'” should give a straight line. Figure 2 shows a 
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plot of log i vs V!” for specimen 12 of Figure 1 of 
reference 1. It may be seen that except for one 
point an excellent straight line is obtained. The 
agreement with theory is better than with the 
hyperbolic sine curve of Charlesby’s paper where 
the points at low voltages depart seriously from 
the calculated curve. 

It is of interest to determine the height of the 
barrier in the absence of the electric field. At a 
field of 2 X 10° V/cm, the current density varied 
with temperature according to the equation 


1 = 19 exp 


where 7) = 5 amp/cm? and W = 0.46 eV. Accord- 
ing to equation (4), 


From the slope of the log i vs V? plot of Figure 2 


we find K = 18.2 and thus e) ~ 1.1. 
According to Mott and Gurney [2], the conduc- 
tivity of a semiconductor is given by 


c= Ae eer) 


where A = 3 X 107° °%N'”, v is the mobility, and 
N is the concentration of traps. For the ZrO, 
film, ie = 5 amps/cm? at a field of 2 X 10° V/cm, 
so that A = 2.5 KX 10-®. Thus v- NV’? ~ 104 and 
if » = 10 cm/sec per volt/cm, N = 10° traps/cm’. 
This is an extremely low concentration of traps, 
the concentrations in many semiconductors being 
about 10'* — 10°. This low concentration of traps 
is, however, in accord with the fact that extremely 
high fields are required to produce appreciable 
electronic current. Another possible explanation of 
the low conductivity is that the mobility is less 
than 10 volts/cm at these high fields with a corres- 
pondingly greater concentration of traps. The 
mobility of electrons and holes in germanium has 
been found to decrease markedly at high fields 
[3]. 

Assuming, therefore, that the anodic ZrO, film 
contains electron traps the depth of which is 
lowered by the applied field, it is possible to 
explain the observed variation of electron current 
with field and temperature. The defect structure 
deduced from the experimental data is that of a 
semiconductor with a very small number of fairly 
deep traps. 

The author is pleased to acknowledge helpful 
criticisms by D. Turnbull, L. Apker, and E. W. 
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Hart of the General Electric Research Laboratory, 
and by J. K. Bragg of Washington, D.C. 
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An Equation for the Solubility Surface of 
Ternary ‘‘Sub-Regular’’ Solutions* 


A subregular binary solution has recently been 
defined in a communication to this Journal [1] as a 
regular solution in which the heat of solution is 
made a linear function of composition. The 
equation for the free energy is then 


(1) AF = A,x*’y + Aoxy? + RT(x Inx + y) 


where x and y are the atomic fractions. The solubility 
curve obeys the equation. 


(2) (x1 + x2) RT In + (y1 + ye) RT In y1/y2 
= Ai(x1 — x2)?(v1 — ye) 
A2(x1 x2)(yi— 2)? 
= — A2)(x;—x2) 


where (xi1y:) and (xeye) are the concentrations 
coexisting in equilibrium. Consequently, only one 
arbitrary constant is involved, namely (A; — Ag), 
and the solubility data should give a straight line 
plot when the left-hand side of equation (2) 
is plotted against (x; — x2)*. The solid solubility 
curves of Ag-Cu [1], Ag-Pt [1], Al-Zn [1] and 
Au-Pt [1l; 2] and the liquid solubility curve of 
Pb-Zn [3] alloys give straight lines over appreciable 
temperature ranges. 

The purpose of this note is to set up the equation 
for the solubility surface of a subregular ternary 
solution. A linear dependence with composition is 
obtained by putting the heat of solution as 


(3) AH = xy(a + + + a3z) + y2(b + di yt 
bez + + + + Cox + 

Multiplying axy, byz and czx by (x + y + 

rearrangement and simplification leads to 

(4) AF = Ayx*y + Aoxy? + Biy’z + Boys? + 
+ + Dxyz + RT (xIlnx + yliny 
+ 
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and the chemical potentials are of the form 


(5) wz = RT Inx + (2A; — Az) + y? (242 — 
2A1) + 2? (2C2 — Ci) + 28 (2C, — 2C2) + 
yz (2A, + 2C2 — D) + y's + 2A2 
2B, 2C2 2D) + y2? (—2A, 2B, + 


At equilibrium 
(6) w2(1) = w2(2); uy(1) = 


and these equations are necessary completely to 
define the solubility curve. Equations (6) are 
multiplied by (x; + x2), (vitye) and (2; + 22) 
respectively, added and rearranged to give 


Hy(2); we(1) = u2(2) 


(7a) (x1 + x2) RT In x1/x2 + (91 + y2) RT In y;/y’ 
+ (2; + 22) RT In 2;/22 
= — X2)*(y1 — yo) + — X2)(¥1 — 
+ Bi (y1—2)?(21 — 22) + — 
+ —x2) + C2(21 — 22) (x1 — x2)? 
+ D(x; xo) (25 Zo) 


(7b) = (Bz — — ye)? + (Ae — Bi + + 
+ thy + Be + — Co Din — 99) 
(x1 — x2)? + (Cy) — C2)(x) — x2)? 


(7c) = aly: — y2)* + Bly — ye)? — + 


— — x2)? + 6(x1 — x2)? 


Thus, the solubility surface of a sub-regular 
ternary solution obeys an equation containing only 


four arbitrary constants. The surface will be defined 


completely by two of equations 6 together with 


equation 7. 

Equation 7c does not lend itself to such easy 
plotting as in the binary alloys. When the tie lines 
are parallel to the X — Y side, equation (7) 


reduces to 


(8) (x1 + x2) RT In x1/x2 + (ys + 2) RT In yi/ys 
(where x) + y1 = x2 + v2 < 1) 


The terms on the right-hand side of equation (7) 
vanish when the solution is regular and Meijering’s 
equation (43) is regained [4]. 

The difficulty in applying equation (7) to ternary 
metallic solutions is that the tie lines are rarely 
known with accuracy. 
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Faulting in Austenite* 


Klier and Troiano [1] in their study of the /, 
temperatures of Cr-C that in 
certain of the alloys whose 1, was below room 


steels reported 
temperature, drastic quenching of the austenite 
(to room temperature) showed under the micro- 
scope, markings in the austenite which delineated 
the {111} planes. A closer examination, presented 
here, shows that the markings can best be inter- 
preted in terms of stacking faults are 
detectable by X-ray diffraction techniques. 

The effects of faults in the stacking sequence of 
CPH and FCC structures on the X-ray diffraction 
pattern has been analysed mathematically and 


which 


interpreted in terms of the reciprocal lattice by 
Wilson [2] and Paterson [3]. The results of Pater- 
son’s calculations are seen in Figure 1; the pat- 
terns shown repeat themselves throughout space. 
In the FCC structure, the extreme case of a fault 
on every (111) layer gives the twin orientation. 
If the line perpendicular to the (111) planes is 
labelled the c-axis, then the reciprocal lattices of 
the FCC and its twin, both given in Figure 1, 
about the 


60 degree rotation 


c*-axis. Superimposing these 


differ only by a 
twin-related lattices 
thus gives the initial and final positions of the 
diffraction spots and hence the direction of shift 
as faulting increases. Those spots that are coinci- 
dent in the original and twinned orientation do 
not shift and thus are not affected by faulting. For 
those spots that shift, the direction of shift is the 
same whether it results from growth faults or 
from deformation faults, but the magnitude is 
different [3]. In the reciprocal lattice this shift is 
represented the short 
‘‘rods’’ starting at the reciprocal lattice point and 
lying in the direction of shift; these ‘‘rods’’ corres- 
pond to streaks emerging from spots in the X-ray 
diffraction pattern. 

By assembling (a) and (b) of Figure 1 alter- 
nately six times, the complete FCC reciprocal 
lattice is obtained with the result shown in Figure 
2. In this figure the direction of the rods (and 
hence of the streaks) to be expected when faulting 


during early stages by 
g \ § 
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occurs along the (111) and (111) planes is indicated. 
If faults occur on all four {111} planes it will be 
seen that all reciprocal lattice points have rods in 
four directions, except those of {111} planes and 
multiples of those planes, whose reciprocal lattice 
points have only three rods. 

In Figure 2 reciprocal lattice points of the twin- 
orientations have not been superimposed. 


/ 


ned 


FiGuRE 1. Section from the reciprocal lattices of the FCC 
and its twin orientation. 
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FiGURE 2. The FCC reciprocal lattice showing direction 
of rods representing X-ray diffraction streaks resulting from 
faults on two sets of {111} planes. 


These may be obtained by rotating the lattice in 
Figure 2 through an angle of 60 degrees about a 
line joining the origin to the 111 reciprocal lattice 
point. This will then give the additional points for 
a crystal twinned about the (111) plane. If faulting 
in the twinned orientation also occurs on all four 
{111} planes, each additional reciprocal lattice 
point (with the exception of the 111 points) will 
have four rods emerging from it. The 111, 111 and 
111 reciprocal lattice points will have three rods 
each emerging from them. The (111) twin plane 
(and multiples of it), however, will have a reci- 
procal lattice point with six rods emerging from 
it. 

Thus the maximum number of streaks that may 
emerge from any one X-ray diffraction spot of a 
faulted (and twinned) FCC lattice is limited to 
six, and only to the spots from the {111} planes 
(and multiples of it) on which the crystal is 
twinned. 

The present investigation employed Klier and 
Troiano’s alloy 9Cr100 in the form of specimens 
one-fourth inch thick, austenitized 23 hours at 
1225°C im vacuo and quenched into 10 per cent 
sodium hydroxide solution at 15° The M, 
temperature was about —15°C and the grain size 
ASTM number 0 to —2. All specimens examined 
were electrolytically polished with a solution of 
6 per cent perchloric acid and 35 per cent butyl 
‘‘cellosolve”’ in methanol. 

X-ray diffraction patterns were obtained with 
filtered cobalt radiation using a cylindrical camera 
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LETTERS TO THE EDITOR 


and a collimator having a 1 mm diameter hole. 
The surface of the specimens was set at an angle 
of 25 degrees to the incident beam and oscillated 
to 30 degrees. 
Figure 3 shows the X-ray pattern obtained 
from a quenched sample; only austenite spots are 


FIGURI 


FiGuRE 3. (Figure reduced one-half in reproduction.) 
Oscillation pattern from as-quenched 9Cr100 specimen. 


present. Close inspection reveals a 111 spot with a 
single streak fading out of it and another with 
six: these are indicated by arrows on the figure. 
The microstructure of the same specimen is given 
in Figures 4 and 5; there exists one set of ‘‘mark- 
ings’’ which are parallel to an austenite twin 
interface. The relation of these markings to a 
martensite plate may be seen in Figure 6. 

In the oscillation pattern from a sample defor- 
med less than 1 per cent, streaks from 111-spots 


could also be found as the arrows in 


qe 
) 


ndicate. (11l-spots without streaks are probabl\ 
from grains which have not faulted or from grains 
unfavorably oriented.) Under the microscope 
similar markings as in the undeformed sample 
were observed, but of increased ler ure 8 
is from a specimen deformed about 1.7 per cent 
at room temperature. Increasing amounts of defor- 


mation at room temperature eventually caused 


some transformation of the austenite to a BCC 


structure, in agreement with the reports of Klier 
and Troiano. 
S The above observations suggest that the “mark 
. ings’’ which make their appearance in the quenched 
RE 4 Microstr icture as-qu nched 9Cr100 speci + 4 
austenite of this Cr-C steel and which were 
men. Etched with 45° H¢ ind 5% HNO, in methano I € 
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FicurE 7. (Figure reduced one-half in reproduction. 
Oscillation pattern from a quenched 9Cr100 specimen 
deformed about 1% at room temperature. 


Figure reduced to three-fourths in reproduction. 
cture of 9Cr100 specimen quenched and deformed 
Etched with 45% HCl and 


t room temperature 


methanol. 350. 


faults. A similar effect has been 
reported in FCC alpha-Cu-Si alloys near 5 per cent 
Si, by Barrett [4]. 

\n alloy containing 1.5 per cent C, 5 per cent Ni, 


arrangement of 


was also examined but yielded negative results. 

I wish to thank Professor A. R. Troiano for his 
interest and criticism; also Professor T. A. Read 
for his friendly discussions and Dr. M. S. Paterson 
under a 


for his comments. This work was done 


special grant at Case Institute of Technology. 


H. M. Ort 
School of Mines 
Columbia University 
New York, N.Y. 
References 


1. Kurer, E. P. and Trorano, A. R. Trans. A.I.M.E. 162 
(1945) 175. 
WItson, A. J. C. 
1949). 
Paterson, M.S. J. Appl. Phys. 23 (1952) 805. 


BARRETT, C. S. \.I.M.E. 188 (1950) 123. 


X-ray Optics (London, Methuen & Co., 


Trans. 


VOL. 2, 1954 
The Interaction of Impurity Atoms with 
Dislocations in Germanium* 


It may be expected that the electrical properties 
of semiconductors are quite structure-sensitive and 
that the presence of edge-type dislocations and 
their interaction with solute atoms may be a sig- 
nificant factor in the understanding of certain 
experimental observations. It is proposed herein 
that the existence of dislocations in germanium 
gives rise to certain specific distributions of solute 
atoms. Although the calculations which have been 
performed are approximate, the magnitude of the 
results indicate that these concepts may be of value. 
The resulting proposed model may be used in 
predicting and explaining some of the electrical 
properties of germanium. 

Because of its stress field, a dislocation will 
interact with other sources of internal stress in a 
crystal. Solute atoms constitute such sources of 
internal stresses. The energy of a solute atom in a 
crystal can be considered as the strain energy 
created by the expansion or contraction of the 
lattice in order to permit the solute atom to enter 
the crystal. If the expansion occurs in a region in 
which a stress field is already present, work must 
be done against that field. The total strain energy 
of the system will then change by an amount equal 
to the interaction energy. Since this energy changes 
as a function of distance from the center of the 
dislocation stress field it can be seen that the solute 
atom will experience a net force drawing it to the 
region where it can relieve the most stress. 

It has been shown that [1] the interaction energy 
for a solute atom of radius r(1 + e) in a solvent of 
atomic radius 7 can be expressed as: 


i+ yp sina 


3 
AS R 


where G is the shear modulus of germanium, « is 
Poisson’s ratio, A is the Burger’s vector, and R is 
the distance of the solute atom from the dislocation 
center, and a is the angle between R and the slip 
plane. 

It is evident that V is positive when e is positive 
and for0 < @ < z. A large solute atom is therefore 
repelled from the upper side of a positive disloca- 
tion and is attracted to the lower part of the dis- 
location. Also, since V is a function of R there will 
be a finite radial force tending to attract solute 
atoms to the dislocation. 

Approximate values of V have been calculated 
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for the interaction of various impurity atoms with 
dislocations in germanium and the results are given 
in Table I. The tabulated value of R* represents 


TABLE I 


Atomic 


Radius (for R = 4A) 


.0492 0.12 
0492 ) 0.12 
.1720 
.0983 

+0.1880 

+0.2370 

—0.0328 


that distance from the center of the dislocation at 
which the interaction energy is equal to k7 at 
room temperature. This value roughly represents 
the region over which the stress field effectively 
acts for each type of solute. One can calculate the 


approximate depth of the potential well for various 


values of R using equation (1). Taking « = 0.05 
(as for Cu or As in germanium), R = 4A, and 
a = —7/2 then ev/atom/dislocation. 
Table I gives values of V for various solute atoms 
interacting with a dislocation in germanium at a 
distance of 4 A from the dislocation center. These 
calculations indicate that a driving force exists in 
germanium for the segregation of solute atoms 
about each dislocation. 

It should be pointed out that only the elastic 
interaction was considered. In a more complete 
treatment one should include the effects of changing 
the electronic distribution and the rearrangement 
of the bonding in the neighborhood of the dis- 
location. 

Mosaics or subgrains can be considered as regions 
of slightly different orientation in a single crystal. 
The boundaries these regions may be 
accurately described as an array of parallel edge 
type dislocations [2]. This has the effect of tilting 


between 


one subgrain with respect to its neighbors. The 
number of dislocations per unit length of mosaic 
boundary can be seen to be equal to 


9) 


number of dislocations per unit length 
of boundary 
\ = lattice spacing 
6 = angle disorientation. 
Knowing the distribution of mosaic boundaries 
and the mean angular disorientation between such 


where D = 
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regions [3], one can compute the average number of 
dislocations intersecting a unit cross section. Using 
reasonable values one obtains 10? dislocations/cm? 
which is in good agreement with experimentally 
determined values [4]. 

We may now represent the equilibrium concen- 
tration of solute atoms as a function of distance 
through the lattice as shown in Figure l(a). The 


FIGURE l(a). Schematic depiction of impurity atom con 
centration versus distance through the lattice. 


regions of high solute concentration correspond to 
boundaries having a high density of dislocations. 
the 
poor regions of correspondingly low dislocation 


However, interior of the mosaics are solute 
density. On the other hand, if the dislocations have 
not coalesced to form boundaries, but are randomly 
distributed throughout the crystal, then the above 
model is still valid. 

It is apparent that as one progressively increases 
the temperature, certain solute atoms will begin 
leaving dislocation centers and migrating through 
the crystal. The escape probability of a solute atom 
from a dislocation stress field is proportional to 
exp (— V/kT), where V is the interaction energy or 
depth of the potential well; k is Boltzmann’s factor, 
and T is the When the 
thermal energy is greater than V one can assume 
that uniformly 


throughout the crystal as in Figure 1(d). It can be 


absolute temperature. 


the solute atoms are dispersed 


shown that this results in an increase in the capture 


cross section of carriers with a corresponding 


| 


FIGURE 1(6). Schematic depiction of impurity atom con- 
centration versus distance through the lattice. No dislocation 
atmospheres. 


| V in ev 
Cu 1.28 
As 1.16 
Al 1.43 
Sb 1.34 
P 0.93 
Si 1.18 
x 
| 
D= 
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decrease in lifetime.* On fairly rapid cooling from 
such a high temperature, the random impurity 
distribution is frozen in because of the low mobility 
of the solute atoms at low temperatures. However, 
reheating to some temperature below but in the 
vicinity of the escape temperature (where 7 = V/k) 
restores the dislocation atmospheres. On subsequent 
cooling to room temperature an increase in carrier 
lifetime should be observed. 

It is interesting to observe that an edge type 
dislocation should give rise to additional levels. 
The lack of atomic continuity produced by this 
type of defect results in unsaturated bonding. Thus, 
concurrent with the loss of solute atmospheres is the 
acquisition of these new levels in the crystal. This 
phenomenon presumably contributes to thermal 
conversion. In addition, the defect structure can 
markedly affect the ability of various solute atoms 
to ionize; perfect tetrahedral bonding not being 
present in this region. It is because of this fact 
that certain differing 
degrees of ionization than is found in the bulk of 
the crystal. It is possible that an impurity such as 


impurities may exist in 


copper may form an atmosphere of essentially 
neutral atoms. On heating the copper would be 
dispersed through the volume of the crystal and 
ionization would again take place, with a corre- 
sponding increase in the number of acceptor levels. 
Changes in lifetime and electrical conductivity 
could also result from this phenomenon. 

The preceding may be summarized as follows: 

1. Since small amounts of impurities have large 
effects on the electrical behavior of semiconductors, 
it is expected that the distribution of solute atoms 
is also important. Atmospheres of solute atoms 
form under certain conditions in the vicinity of edge 
dislocations. 

2. It is proposed that ‘‘atmosphere’”’ formation 
leads to higher lifetimes. At high temperatures the 
loss of atmospheres and resulting uniform dis- 
tribution of impurity atoms produce a correspond- 
ing decrease in lifetime. 

3. It is also proposed that certain types of ther- 
mal conversion such as is produced by copper may 
result from the mechanism of atmosphere segrega- 
tion in un-ionized form and the reversion to uni- 
formly distributed ionized impurities on heating. 
A concurrent change in electrical conductivity 
would also result. 


*The problem of electron capture by impurities is mathe- 
matically similar to that of the absorption of thermal neutrons 
in a pile. This problem has been treated in detail; for example, 
Elements of Nuclear Reactor Theory by Glasston and Edlund, 
p. 266. 
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, and THOMAS, 


Effect of Dislocations on Minority Carrier 
Lifetime in Germanium* 
Preliminary experimental results indicate that 
dislocations markedly affect the 
rate of holes and electrons in germanium. Disloca- 


recombination 


tion densities have been measured by X-ray and 
metallographic methods and the results have been 
correlated with measurements of the lifetime of 
minority carriers. Calculations have been performed 
to ascertain the magnitude of the change of energy 
gap resulting from the strains about a dislocation. 

An X-ray double crystal spectrometer has been 
used for precise measurement of diffracted line 
breadths. The line breadths may be directly related 
to the density of dislocations, since the double 
crystal technique eliminates elastic broadening. 

If it is assumed that dislocations are randomly 
distributed in a crystal, one can show that the 
dislocation density is given by 6?/9)? [1], where 8 
corresponds to the angular width of the diffraction 
line and J is the Burgers vector. Values of 8 were 
measured with the spectrometer and the disloca- 
tion density was then calculated using the above 
formula. 

In addition, under suitable etching conditions it 
is possible to resolve individual dislocations under 
the microscope. Thus by counting etch pits one can 
independently determine the dislocation density. 
This has been done for a number of samples and 
the results are in good agreement with the X-ray 
data. 


*Received January 21, 1954. 
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In order to determine the effect of the density 
of dislocations on some of the electrical parameters, 
resistivities, bulk lifetime and mobility 
measured on a selected series of germanium speci- 
All of the specimens had about the same 
resistivity (2-8 ohm-cm). In Figure 1 the 


were 


mens. 
n-type 


500 


106 


T SECONDS 


10 12 14 
DISLOCATIONS/cm? x 10°© 


16 


FiGuRE 1. Lifetime of minority carriers versus dislocation 


density. 


measured lifetime* is shown as a function of the 
dislocation density. The results seem to indicate a 
functional relationship. If one assumes that each 
dislocation acts as a recombination center, the rate 
of recombination is given by A = Ap/r = ogN Ap 
where Ap is the excess number of minority carriers, 
N is the number of dislocations and ¢, is a propor- 
tionality constant relating to the recombination by 
a unit length of dislocation. Thus the unit recom- 
bination efficiency is given by 1/rN. The value of 
or is found to be 2 X 10-*/cm-sec. These experi- 
mental results indicate the validity of the proposed 
hyperbolic relationship. 

To explain this correlation one must consider 
the strains about each dislocation. Using the results 
of Koehler [2] and Nabarro [3] one can show that 
the dilation is given by 


*Bulk lifetimes were measured using a conductivity modu- 
lation method on both sandblasted and etched surfaces. 
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where X is the Burgers vector, v is Poisson’s ratio, 
and R and @ are the polar coordinates. 

These large strains lead to changes in the energy 
bands in the neighborhood of the dislocation [4]. If 
the energies of the conduction and valence bands, 
E, and Ey respectively, are considered unique 
functions of the local strain, then following Bar- 


deen and Shockley [5] 


E. = Ee tea-AV/V and Ey = Eyo + avyAV/V 


where 


and 
diy = 


—ey)AV/V. 


Using their values for ¢, and ey the changes in the 


Thus the change in gap width AEg = (4, 


gap width as a function of position about a dis- 
location have been determined. Contours of con- 
stant gap shift (AE,) are plotted in Figure 2. The 


FiGurE 2. Contours of equal change in energy gap about 
a positive edge-type dislocation in electron volts. R is in units 
of interatomic spacing. 


calculated values are only roughly approximate for 
R <1. Above the singular line the energy gap 
widens and below it contracts, corresponding to 


the change in gap under compression and tension 
respectively. The same thing is shown schemati- 
An electron will prefer to be 
localized in the region BC where its allowed energy 


cally in Figure 3. 
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is a minimum. Similarly a hole will tend to reside 
in the higher energy valence states of this region 
BC. This energy configuration can thus be used as 
a model to describe a recombination mechanism.* 
Furthermore, one might expect the recombination 
probability to be greater in this volume element 
than in the undistorted bulk. If so, the reverse 
process would also occur; i.e. the dislocation must 
act as a source as well as a sink for hole electron 


pairs. 


DISLOCATION 
SINGULAR LINE 


FIGURE 3. Schematic representation of energy levels about 
i dislocation. Region AB corresponds to the compression side 
ind region BC to the tension side. 


This work indicates the important role of dis- 
locations in many aspects of semiconductor theory. 
Since these imperfections presumably are always 
the about 10° 
centimeter (involving roughly 10!7 atoms per cc in 


present to extent of per square 
germanium), intrinsic recombination centers will 
exist even in chemically pure material. Theoretical 
lifetimes of minority carriers calculated on the 
basis of a perfect single crystal can therefore 
probably not be achieved. In addition, certain 
experimental results might be explained on the 
basis of the model presented. For example, measure- 
ments of light absorption versus frequency to 


and Dislocations are discussed in a communication appearing 
in this Journal on page 352. 
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determine the value of the energy gap in germanium 
do not give a very sharp transition, but result in a 
band of values. Similarly the breakdown of ger- 
manium at liquid helium temperatures as a result 
of increasing high-frequency electric field does not 
occur at a single fixed value [6]. These smearing-out 
effects may possibly result from the additional 
energy levels associated with the dislocations. 

These preliminary results can be summarized 
in the following manner: 

1. The density of randomly distributed disloca- 
tions in germanium has been determined by two 
independent methods. This value varies between 
10° and 10° per square centimeter. 

2. A functional relationship exists between the 
density of dislocations and the lifetime. The recom- 
bination efficiency per dislocation is found to be 
approximately equal to 2 X 10~*/cm-sec. 

3. The change in energy gap has been calculated 
as a function of position about dislocation. The 
proposed model may lead to a better understanding 
of some of the properties of germanium. 

The authors wish to express their appreciation 
to Professor B. L. Averbach of the Department of 
Metallurgy at Massachusetts Institute of Tech- 
nology and to Professor J. E. Thomas of Lincoln 
Laboratory for their continuing advice and assis- 
tance in this program. The research in this docu- 
ment was supported by the Army, Navy and Air 
Force under contract with the Massachusetts 
Institute of Technology. 
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BOOK REVIEW 


Atomic Theory for Students of Metallurgy. 
By William Hume-Rothery. London: Institute 
of Metals, 1953. 

The volume under review here is a revision of a 
work first published in 1946. With the exception of 
major changes in two of the thirty chapters the 
book is essentially the same as the original edition. 
The principal justification for reviewing this new 
edition seems to me to be the opportunity to 
evaluate the success which the book has had, since 
its first appearance, in teaching the applications of 
modern atomic theory to metallurgy. 

The book was designed for the use of the Hon- 
ours student in the baccalaureate program of the 
British university. This level of study corresponds 
somewhat to the first year of graduate study at 
American universities, and it is in graduate studies 
that the main use of the book has been. In this way 
an entire generation of metallurgists has been 
introduced to the theories of modern physics which 
have wide application in their field. Such studies 
were previously lacking and long overdue in the 
physical metallurgy curriculum. I doubt, however, 
whether the book has accomplished nearly so much 
as should be accomplished in such studies. Almost 
two thirds of the volume covers material which 
corresponds to the standard atomic physics course. 


The treatment of this material is wholly qualitative 
and not sufficiently fundamental to lead to con- 
structive thinking on the part of the student. A 
vocabulary is learned without a precise idea of the 
physical phenomena which underlie it. Much the 
same criticism can be levelled against the general 
treatment of the electron theory of metals. Most of 
the book is written as though all knowledge of the 
properties of metals came from the development of 
the quantum mechanics and the important results 
and viewpoints which were gained from classical 
physics are omitted entirely. With such omission 


the student is sure to develop faulty perspective 


and intuition. 
[he most satisfactory part of the book is the 
treatment of the structure of alloys which repre- 
sents the author’s principal competence as well as 
a field of notable advance in understanding by 
application of the theory of the electronic structure 
of metals. 
book 


today 


In over-all estimate the does not seem 


adequate to its purpose unless strongly 
supplemented by some of the better modern texts 
on atomic theory and theory of solids. 


EDWARD W. Hari 
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PRECIPITATION OUT OF DUAL SOLID SOLUTIONS OF CARBON AND 
NITROGEN IN ALPHA-IRON* 


C. WERTt 


The problem of precipitation in dual solid solutions of C and N¢ in a-iron was examined experi- 
mentally. The internal friction of these solutions was found to be a useful property with which to 
study this change of phase. The effect of either of these elements is to speed up the aging of the one 
with the slower rate to equal that of the faster. This is interpreted to be an effect of easier nucleation. 
The structure of the precipitate resulting from aging of this dual solution is unknown. Magnetic 
coercive force measurements have been made during aging; these are more difficult to interpret than 
ego friction data. This is thought to be caused by a pronounced particle size effect on the coercive 
orce. 


LA PRECIPITATION A PARTIR DE SOLUTIONS SOLIDES, DOUBLES DE C 
ET DE Nz DANS LE FER-a 


On a examiné expérimentalement le probléme de précipitation a partir des solutions solides, doubles 
de C et de Nz dans le fer-a. Dans I’étude du changement des phases il est avantageux de se servir du * 
frottement interne de ces solutions solides comme propriété indicative. L’effet de chacun de ces 
éléments est d’accélérer le vieillissement de |’élément dont la vitesse est plus faible, jusqu’a ce qu'il 
atteigne la vitesse de |’élément le plus rapide. Ceci est interprété comme étant un effet de germination 
plus facile. La structure du précipité qui apparait au vieillissement de cette solution double est 
inconnue. On a mesuré la force coercitive, magnétique pendant le vieillissement; il est, toutefois, plus 
difficile d’interpréter ces résultats que les données obtenues par la mesure du frottement interne. 

On suppose que cette difficulté est causée par |’effet important des dimensions des grains sur la 
force coercitive. 


AUSSCHEIDUNGEN VON ZWEIFACH FESTEN LOSUNGEN VON C UND N, 
IN a-EISEN 


Das Problem der Ausscheidung aus zweifach festen Lésungen von C und N: in a-Eisen wurde 
experimentell untersucht. Es zeigte sich, dass die innere Reibung dieser Lésungen eine zum Studium 
dieser Phasenumwandlung gut geeignete Eigenschaft ist. Jedes der Lésungselemente hat folgende 
Wirkung: Es beschleunigt das Altern des Elements mit der geringeren Alterungsgeschwindigkeit um 
diese der des schneller alternden Elementes anzugleichen. Diese Erscheinung wird als ein Effekt der 
leichteren Keimbildung erklart. Die Struktur der beim Altern dieser zweifachen Lésung auftretenden 
Ausscheidung ist nicht bekannt. Wahrend der Ausscheidung wurden Messungen der magnetischen 
Koerzitivkraft durchgefiihrt. Sie sind schwieriger zu interpretieren als die Werte der inneren Reibung. 
Ein starker Effekt der Teilchengrésse auf die Koerzitivkraft wird als Grund dafiir angesehen. 


the measurements into components caused by 


I. Introduction 


The precipitation out of solid solutions of C and 


N» in @-iron is accompanied by changes in many 


physical properties. It is not always easy to follow 
accurately the kinetics of the precipitation pheno- 
menon, however, since frequently both the precipi- 
tate and the solid solution affect the measurement. 
Furthermore, as more refined methods of experi- 
mental technique and interpretation of data are 
developed, it appears that aging of either solid 
solution is a more complicated process than was 
first supposed. A detailed description of the indi- 
vidual steps taking place in precipitation from 
either solid solution is, for these reasons, not yet 
known. 

The problem of determining what goes on in 
simultaneous aging of C and Ne in a-iron is even 
more troublesome. This is true primarily because 


most physical properties which might be used to 
detect aging are affected in much the same way 
by both C and Ng. It is then difficult to separate 
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either the one or the other. Hence almost no work 
has been done on the kinetics of precipitation in 
the dual solid solution. An early attempt at this 
was the work of Késter [1]. His work was both 
extensive and well done. It consisted of a large 
number of measurements of magnetic coercive 
force and electrical resistance made during aging 
of various types of solid solutions. He supplemented 
these measurements by a considerable amount of 
metallographic the 
The interpretations he made of interest to this 


work are chiefly (1) that carbon in solution in iron 


inspection of precipitates. 


affects the aging rate of dissolved nitrogen, tending 
to retard it; (2) that after a certain limiting value 
of C is reached, aging of nitrogen is even suppres- 
sed; (3) that cementite particles can serve as nuclei 
for precipitation of nitrogen. The first two of these 
conclusions are not supported by the results of 
this investigation; no test was made of the third. 

Unfortunately the 
during aging of these alloys are affected both by 


changes in coercive force 


the amount of precipitate and by the precipitate 


particle size (and perhaps shape). Dijkstra and 


@ 
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Wert have demonstrated a pronounced particle 
size effect for precipitation of iron carbide [2]. 
Whether there is such a pronounced effect for 
nitride particles is not yet completely established; 
preliminary measurements in our laboratory indi- 
cate that kind 


Késter was aware of these effects but apparently 


some effect of this does exist. 
did not consider them serious enough to alter his 
conclusions. As a result, his intrepretations may 
not show the true picture. 

An important part of the study of aging in these 


solid solutions is knowledge of the structure of the 


precipitate produced. Dijkstra has demonstrated 


that the aging of N» in a-iron is a two-stage pro- 


cess; first there forms a metastable precipitate 


which dissolves and reprecipitates into FeyN [3]. 


Jack has shown Dijkstra’s first precipitate to be 
identical with the a”’ nitride, FeisN2, obtained as a 


first stage in the decomposition of nitrogen- 


martensite [4]. The existence of more than one 


carbide in the decomposition of C in a-iron is a 


distinct possibility, since several iron carbides 


have been prepared by other means [5]. The aging 
of a dual solid solution of C and N»2 may result then 
these carbides and 


in the formation of 


nitrides or in 


any of 
the formation of one of a further 
group of compounds, the carbonitrides, at least 
two of which have been reported [6]. 

With such an imposing set of possibilities and 
considering the experimental difficulties involved, 
it is unlikely that any single application of any 
technique will result in a complete understanding 
of the kinetics of aging in these dual solid solutions. 
To choose an experimental technique with which 
to attack the problem, the author was naturally 
led to a consideration of all physical properties 
which had been used to study the aging of single 
solid solutions. The property of the solid solutions 
finally used as a first technique was their internal 
friction. Some advances were made with this 
technique in the understanding of the aging of C 
and N, alone in ferrite [7], and it is not too much to 
expect that some additional information might be 
found here. The method does offer one advantage 
over some other techniques in that the internal 
friction measurements, when properly made, will 
give a measure of carbon and nitrogen separately 
even when both are present. (The details of how 
this is done will be pointed out later.) Most other 
property changes—electrical resistance, magnetic 
coercive force, thermoelectric power, hardness, for 
example—will not do this. 

The present paper is an initial attempt to show 
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that internal friction methods can give new data 
of use in the study of the dual solid solutions. 
This was not an exhaustive study since measure- 
ments were made at only two aging temperatures 
and with alloys of only a single carbon-to-nitrogen 
The that 
reached from the data presented are not numerous 


ratio. number of conclusions can be 
and some of the earlier claims of Késter are not 


fully tested. These initial measurements do, 
however, point out some new facts and suggest 
further measurements that could be made using 


this method. 


II. Experimental Details 


The apparatus for making the internal friction 
measurements was the well-known torsional pen- 
dulum [8]. With a specimen .030 in. in diameter and 
5 in. long the bob was adjusted to give a frequency 
of about 1 cps. The specimens were puron wires, 
swaged and drawn to .030 in. After a decarburizing 
treatment at 720°C, they were ready for further 
heat treatment. The grains in the wires were rather 
uniform in size and were about .001 in. in diameter. 
This was a somewhat finer grain size than had 
been used in previous work. As a consequence, 
part of what is considered in this paper to be 
precipitation may actually be the trapping of 
interstitial atoms in the grain boundaries. This 
should not affect the conclusions presented here 
since they are based on comparisons of the behavior 
of the two interstitials in fine grain iron. 
the 

greatest 


and No» 
difficulty; 


measurements 


Producing solid solutions of C 


the experimental 
the 


demonstrate 


provided 
this 
straightforward. 


solved were 
To 


involved in producing the desired compositions, 


once was 


the principles 
parts of the Fe-C and Fe-N» phase diagrams are 
reproduced in Figure 1. These data are taken from 
the work of Dijkstra [3], Stanley [9], and Paranjpe, 
Cohen, Bever and Floe [10]. In Figure 1, there are 
superposed the a-solubility line for C in equilibrium 
with the carbide, and for Ne in equilibrium with 
Fe,N and the metastable FeigN2. The composition 
chosen for these measurements was .015 wt © C 
and .015 wt % No. This is close to the maximum 
solubility of C in a-iron and is a quantity of C for 
which aging occurs in reasonable time intervals in 
the 100°C to 300°C. 
experimental reasons it was desirable to have the 


temperature range For 
Ne content of the samples about the same as the 
content. 

Specimens of three types were made: (1) .015% 


C + iron, (2) .015% Ne+iron and (3) .015% 


/ 


C + .015% Nz + iron. The first was easily made by 
heating a decarburized specimen at 720°C in a 
mixture of H» and pentane vapor before water 
quenching. The second type of specimen was made 
by heating a wire in a mixture of H; + 2% NH 
at 720°C. This is a temperature somewhat higher 
than that usually used for nitriding (some 590°C). 
The higher temperature was chosen to eliminate 
any possible effect on later aging of differences in 


nucleation which might be caused by differences 


equilibrium 
carbide 


C in 
with 


No nm equilibrium 
with Fe,N 


lo equilibrium 
with Feig No 


approx. C ond level 


04 06 08 
wt % C and Ne 


FIGURE 1. A part of the constitution diagrams of the sys 
tems Fe-C and Fe-Nz. 


in the solution-treating temperature. The third set 
of specimens was the most difficult to produce 
since small changes in gas composition would 
throw one or the other of the components out of 
the range accepted (.014% to .018% of 
About one third of the samples were suitable and 
ten specimens of a-iron + C + Nz in solid solution 


were prepared. Each of these could be used many 


each ). 


times by a short solution-treating exposure at 


720°C in dry He. 


III. Experimental Results 


The results of this investigation are conven- 
iently divided into two parts. 

1. Precipitation of supersaturated solutions of C, 
No, and C + Ne was carried out at 110°C and 
250°C. Anelastic were made at 
intervals during aging. 

2. Measurements of magnetic coercive force were 


made during aging at 110°C. These measurements 


measurements 


were correlated with anelastic measurements to 


show in which part of the precipitation process the 
coercive force experiences its greatest change. 

The present section will be devoted to a discussion 
of the experimental results obtained, together with 
the Final 


graphs will discuss the bearing this work may have 


their interpretation by author. para 
on other 

Before 
methods 


investigations. 

it was possible to use internal friction 
to study this problem, it was necessary 
to learn something of the internal friction behavior 
of the dual solid solution itself. From the well- 
known peaks of internal friction vs. temperature, 
are of C and N 


alone in a-iron, it is clear that one can expect the 


which found with solutions 


two peaks to overlap.* 
A measurement of the damping of a solid solu 
tion of C + Ne is given in Figure 2; the experimen- 


40 60 


Temp G 

of a dual solid solution of C 
Curves a and 6 are the 
The sum curve isa +/ 
idjusted t 


FIGURE 2. The internal friction 
ind No in a-iron vs. temperature. 
normal nitrogen and carbon peaks 
where the maximum heights of a and } have been 
give the experimental values at 22°C and 40°C. 


tal points are the circles. The two curves a and 6 
are the normal nitrogen and carbon peaks whose 


maxima are adjusted so that the sum curve gives 


the measured values at 22°C and 40°C 


[he entire sum curve is seen to fit the remaining 


just 


experimental points rather well. This shows that 
the presence of either interstitial element does not 
influence the shape or position of the damping 
peak of the other. It is thus presumed that the 
internal friction method is a reliable one to use in 
further precipitation measurements. 

During aging, measurements of damping were 
made at only two temperatures, 22°C and 40°C. 
*At 1 cps, the nitrogen peak occurs at 22°C, the carb« 
peak at 40°C. The contribution of each peak at the tempera 
ture of the other is seen from Figure 2 to be some 35 per cent 
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The maxima of the two component curves were 
then calculated. These maxima were taken to be 
measures of the C and N, still in solid solution. 
It is clear that this technique is most accurate 
when the two component curves have about the 
same maxima; when one is several times the other, 


the error in determining the smaller may be rather 
great. This is the chief reason for using C and N»2 


concentrations of about the same level. 
Examination of the constitution diagrams of 
Figure 1, shows that there are two aging tempera- 
tures of interest. The one is a temperature such 
that the nitride formed (when N, is present alone 
in iron) is the phase Fe;gN2. The other temperature 
is one for which FejgNe is soluble and the phase 
Fe,N is formed. For the composition of C and N,» 
used in this work (~.015 wt %) the two tempera- 
tures which seemed most reasonable were 110°C 
and 250°C. 
Descriptions of 
aging at these two temperatures follow: 


measurements made during 


1. Aging at 110°C. 


Typical aging curves for the three types of solid 


solutions are given in Figure 3.* For C alone, the 


N. alone 


| 
100 500 


1000 
Minutes 


FiGuRE 3. Precipitation curves of C and Nein iron at 110°C 
precipitation is half-complete in about 50 minutes; 
for Ne alone, in about 20 minutes. When C and N, 
are present together, they both precipitate one 
half in about 20 minutes. This is a rate increase 


*The fraction of material precipitated (as plotted in this 
and the remaining figures is calculated from the damping 
measurements. Since the internal friction meastires the 
amount of material left in solid solution at time ¢, the pre- 
cipitated fraction, F, is given by the expression: 

F = 1 — (Q-(t)/070)), 
where Q71(t) is the damping at time ¢t and Q71(0 
damping at ¢ = ( 


is the initial 
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for aging of C of about 25 times. It is a significant 
factor since aging curves for a given alloy can be 
reproduced with a spread in time of about 20 per 


cent. 


2. Aging at 250°C. 


Similar aging curves for the three solid solutions 
when they are held at 250°C are given in Figure 4. 
At this temperature the equilibrium solid solubility 


i 


10 100 
Minutes 


1000 


FIGURE 4. Precipitation curves of C and N:2 in iron at 250°C. 


of Nz with FeigNe is somewhat greater than the 
amount of Ne actually present in the alloy (.015 
wt %); hence this phase will not form. For N, 
alone in iron then under these the 
stable phase FeyN forms and ages to half value in 
about 130 minutes. When C alone is present, 
aging goes to half-value in slightly less than one 
minute. When C and N, are both present, they both 
age to half-value in a little less than a minute. 
This is no change in rate for C, but an increase in 
rate for N» by more than one hundred times. 

The reader will note that the fraction of initial 
nitrogen precipitated in both of these alloys never 
becomes unity at 250°C. This is so because the 
solubility of N» in equilibrium with FesN at 250°C 
is itself appreciable. The 35 per cent which does 
not precipitate corresponds to about .005 wt % 
N»; this is about the solubility indicated at 250°C 
in Figure 1. 

These results all by themselves are insufficient 
to enable one to form a complete and accurate 


conditions 


picture of what is going on. Certain facts may be 
drawn from the data, however, and from them may 
be made a number of possible explanations. 
Two of these explanations are given in the para- 
graphs which follow. 


There is no doubt that the rate of aging of one 
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type of interstitial atom is influenced by the pres- 
ence of the other. The rate of the slower (when it 
is present alone) is increased to equal the rate of 
the faster (when it is present alone). This rate 
increase could be accomplished by either of two 
means, an increase in number of nuclei available 
for aging or an increase in diffusion rate; it has 
previously been demonstrated that both of these 
factors enter into the aging rate [11]. It is clear 
from Figure 2, that the diffusion rate of neither 
C nor Nz is sensibly altered by the presence of the 
these low Hence the 
important factor must be an increase in the number 
of nuclei. One would then that (all other 
things being considered equal) the number of 
nuclei present at 110°C in the alloys of N» and 
Ne + C must be about equal and must be some- 


other in concentrations. 


say 


what greater than the number of nuclei present 
in the alloy of C at this temperature. At 250°C 
the order must be reversed. Fes,N must nucleate 
with great difficulty and the alloys of C and 
Ne + C with greater ease. This picture may be 
incorrect the 
shape of the precipitate has been demonstrated to 


somewhat inasmuch as physical 
play a role in aging rate as well [7]. 

An important question (and one whichcannot 
be answered by this investigation) is the structure 
of the precipitates themselves. It has been rather 
well proved that the 
formed with N» alone (under these experimental 
conditions) are FejgNz and Fe,;N at 110°C and 
250°C. The precipitate of carbon formed has been 


precipitates which are 


presumed to be cementite; recent investigations 
show the probability of the precipitate being one 
of several carbides [12]. At present the structure 
of the precipitate which forms when both C and 
N» are present is entirely unknown. 

In explaining the results of Figures 3,and 4 
there are then two main possibilities. The one is 
that the carbon and nitrogen can nucleate massive 
precipitates of each other. The carbide and nitride 
formed in dual aging may then grow from similar 
nuclei, but may in the end resemble closely the 
carbide and nitride which would be formed if each 
were present alone.* This adequately explains the 
rate increase of the slower aging precipitate. It is 
also in agreement with the fact (see Figure 4) 
that at 250°C the N, level at the end of aging is the 
one containing N» and the 


same for both samples 
other N. + C. The second possibility is that the 
two materials form a mixed carbonitride in both 


*Késter claimed that cementite could nucleate the precipi- 
tation of dissolved nitrogen. 
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the nuclei and the massive precipitate. The atomic 
ratio of the two elements, about 1 to 1, is in the 
range of formation of either the e or p carbonitride 
[6]. This would require that the solubility of Ne 
in equilibrium with Fe,N at 250°C should be the 
same as that in equilibrium with the carbonitride. 

The internal friction is, of course, only one of 
many physical properties of a-iron which change 
upon aging of C and Ne. Another property of 
interest is the magnetic coercive force. Figures 5, 


6, and 7 show how the coercive force changes 
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FicurE 5. Precipitation of C at 110°C and changes in 


coercive force accompanying it. 
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FIGURE 6 Precipitation of Ne at 110°C and changes in 


coercive force accompanying It. 


during aging at 110°C of C, 
These measurements of coercive force were made 
by the ballistic-galvanometer-method. 

The precipitation of C at this temperature is 
accompanied by almost no change in coercive 
force. It is only after the precipitation is complete 
and some coalescence has taken place that H, will 
begin to increase. This has been demonstrated to 
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be due to a particle-size effect [2]. At somewhat 
higher temperature H. will indeed follow more 
closely the actual precipitation curve. The total 
rise in H, for precipitation of .015 wt % C under 
optimum aging conditions is about 1.5 Oe. The 
curve in Figure 5 would presumably rise to about 
this level if coalescence were carried far enough. 


No = .O1I6 wt% 
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10000 
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FiGuRE 7. Precipitation of C + Ny» at 110°C and changes 


in coercive force accompanying it. 


The precipitation of N2 at 110°C is more closely 
followed by an increase in H,. There seems to be 
here too, a particle-size effect. The coercive force 
has barely begun to rise when the precipitation is 
half-done; it rises steadily while the precipitation 
is being completed and continues to increase 
during coalescence of this precipitate. The work of 
Késter [1] shows that one might expect it to rise 
to a maximum and then decrease upon even 
further aging. (Our own unpublished measurements 
show that this is correct.) For the same amount 
of material, .015 wt %, the effect on coercive force 
is clearly considerably greater for N», than for 
carbon. This may indicate an important effect of 
particle shape as well as particle size. 

The precipitation out of solid solution of C + N» 
also causes a change in coercive force. The behavior 
of H, in 


carbon-like, although it does not go as high as for 


this case is more nitrogen-like than 


N» alone (in spite of a larger amount of precipitate 


having been formed). Over-aging (magnetically 
speaking) occurs in a somewhat shorter time also. 
Comparison of Figures 5, 6, and 7 lends support 
to the contention that for the alloy C+ Ne a 
carbonitride is for the behavior of H, 
during aging is different from that of either C or 


Ne. This, too, indicates that, if particle shape is 


formed, 


important, the precipitate shape of this supposed 
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carbonitride is somewhat different from that of 
either the carbide or nitride. 

One fact which is clear from these coercive force 
measurements is that this property is a poor one 
to use to follow the precipitation. Factors other 
than the amount of precipitate seem to play an 
important role. Hence the excellent experimental 
work of Késter on changes of coercive force during 
aging apparently does not lend itself well to 
accurate interpretation. 

The Tsou, Nutting and Menter, on 
aging of carbon in iron must be mentioned further. 


work of 


They maintain that the claims of spherical shape of 
carbide particles made by Wert [11], Zener [13], 
and Radavich and Wert [14] are erroneous, at least 
for low aging temperatures. They have evidence 
to support the contention that the carbides formed 
during aging of C in a-iron are also plates. Their 
work is more extensive than any previous work and 
may indeed show the correct picture. One thing 
which they failed to do, however, was to remove the 
Ne» from their material. In the light of the present 
investigation, this may have been an important 
factor in their work, for they may have been 
observing carbonitrides rather than the carbides 
which they claimed to have. 


Summary 


The present work shows rather clearly that the 
precipitation of either C or Ne out of a-iron is 
affected strongly by the 
The minimum amount of one necessary to affect 


presence of the other. 
the other is so far not known. The precipitate 
formed from the dual solid solution is also unidenti- 
fied; there appears to be a good chance that it is a 
carbonitride. Since this mutual effect on precipita- 
tion of, the two does exist, the study of formation 
of either pure carbides or nitrides in iron may 
require careful elimination of nitrogen and carbon, 
respectively. 
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ACCELERATED GROWTH OF TIN WHISKERS* 
R. M. FISHER, L. S. DARKEN AND K. G. CARROLLt 


It has been shown experimentally that the growth rate of tin whiskers may be accelerated up to 
10,000 times the previously observed spontaneous rate by the application of pressure up to 7,500 psi. 
It is shown that these whiskers may exhibit three stages of growth: (1) an induction period (sometimes 
unobservably small); (2) a period of constant growth rate, and (3) an abrupt transition to a much 
slower growth rate. The growth rate during period (2) is directly proportional to the applied pressure. 
The spontaneous growth rate is shown to correspond to a free-energy dissipation of about 1/10 joule 
per gram atom of tin and the fastest accelerated rate to about 10‘ times this value. It is verified that 
tin whiskers grow from the base rather than the tip. 


LA CROISSANCE ACCELEREE DE “POILS” D’ETAIN 

Il a été montré expérimentalement que la vitesse de croissance des “‘poils’’ d’étain peut étre aug- 
mentée jusqu’a 10.000 fois la vitesse spontanée, observée antérieurement, par l’application d’une 
pression allant jusqu’a 7500 livres/pouce carré. I] est montré que ces poils peuvent manifester trois 
stades de croissance: (1) une période d’induction (parfois trop courte pour étre observée); (2) une 
période de vitesse de croissance constante, et (3) un passage brusque a une vitesse de croissance beau- 
coup plus faible. La vitesse de croissance de la période (2) est directement proportionnelle a la pression 
appliquée. On montre que la vitesse de croissance spontanée correspond a une dissipation d’énergie 
libre d’environ 1/10 de joule par atome-gramme d’étain, et la plus grande vitesse modifiée 4 environ 
104 fois cette valeur. I] a été verifié que les ‘‘poils’’ poussent par la base, plut6t que par la pointe. 


DAS BESCHLEUNIGTE WACHSTUM VON ZINN‘“HARCHEN” 

Es wird experimentell gezeigt, dass die Wachstumsgeschwindigkeit von Zinn‘‘Harchen’ bis zum 
10,000 fachen der spontanen Wachstumsgeschwindigkeit durch Anwendung von Drucken bis zu 
7500 psi gesteigert werden kann. Es wird nachgewiesen, dass diese ‘‘Harchen’’ drei Wachstums- 
stadien zeigen kénnen: (1) Eine Induktionsperiode (oft unbeachtbar gering); (2) eine Periode kon- 
stanter Wachstumsgeschwindigkeit, und (3) einen plétzlichen Umschlag zu einer sehr viel geringeren 
Wachstumsgeschwindigkeit. Wahrend der Periode (2) ist die Wachstumsgeschwindigkeit dem 
angewandten Druck nahezu proportional. Es wird gezeigt, dass die spontane Wachstumsgeschwindig- 
keit einem Fluss der freien Energie von etwa 1/10 Joule pro Grammatom Zinn entspricht, und die 
héchstbeschleunigte Wachstumsgeschwindigkeit etwa 104 mal diesen Wert betragt. Es wird bestatigt, 
dass die Zinn‘‘Harchen” vorzugsweise von der Basis aus und nicht von der Spitze wachsen. 


transforming spontaneously to microscopic crystals 
(whiskers) of relatively high specific surface. 


The present communication stems from the 


chance observation that specimens of electrolytic 


tin plate (as used for tin cans) mounted tightly in 
an ordinary metallographic clamp and prepared 
for microscopic examination developed, after a 
few days standing, a rather pronounced filamen- 
tary growth. The nature of these growths is 
illustrated by Figure 1. Here the growth is along 
the black lines corresponding to an original tin 
thickness of 
(1/4 mm) correspond to the steel base. These 
filaments closely resemble the growths or ‘ 
kers’’ first reported by Compton, Mendizza and 
Arnold [1], as a spontaneous phenomenon observed 
after many months on tin- and cadmium-plated 
capacitors in commercial telephone equipment. 
These whiskers have since received considerable 


about 2.5 microns, the spacings 


‘whis- 


attention since they pose problems of both theo- 
retical and practical importance. The practical 
significance lies principally in the fact that these 
whiskers create short circuits in electrical equip- 
ment. Theoretical interest has been spurred by 
the macroscopic crystals 


apparent paradox of 


*Received December 8, 1953. 
tResearch Laboratory, United States Steel Corporation, 
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These whiskers are reported to possess remark- 
able properties. For example, Herring and Galt [2] 
reported that their creep rate is much lower than 
that of bulk tin and that they can be strained as 
much as 2 per cent without suffering plastic 
deformation. Each whisker or whisker segment 
seems to be a single crystal. 

The earlier proposed mechanisms called for 
growth from the tip. Peach [3] 
proposed that tin atoms were transported along a 


For example, 


screw-type dislocation coincident with the whisker 
axis. Mechanisms of this type are apparently 
eliminated, for tin at least, by the observation of 
Koonce and Arnold [4], that tin whiskers grow 
from the base and not from the tip. This con- 


clusion, i.e., that the whiskers from the 
base, is supported by the present investigation. 


A careful inspection of some of the whiskers 


grow 


grown in a metallographic clamp, shown in the 
time sequence of Figure 1, shows that an irregu- 
larity at or near the tip of a whisker maintains, 
with time, a fixed distance from the tip but 
regularly increases its distance from the 
It will be noted that although many of these 


base. 
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whiskers are straight, the proportion of kinked or 
spiral whiskers is considerably greater than that 
observed by others for spontaneous growth (with- 
out pressure application). The usually 
seem to consist of straight segments; it is not 
certain that this is always the case. In other 
respects, except for the markedly increased rate 
of growth, whiskers here reported are similar to 
those obtained by spontaneous growth. Examina- 
tion of some of the longer ones in the electron 
microscope indicates a diameter of about one 
micron, X-ray diffraction of a small cluster fixed 
in a Debye-Scherer powder camera gave about as 
many spot patterns as whiskers, indicating each 
to be a single crystal of tin; rotation of the speci- 
men gave a continuous ring powder pattern. 

Frank [5] and Eshelby [6] have recently suggested 
growth mechanisms based on a dislocation at the 
base of the whisker. Both regard the requisite 
energy as being supplied by atmospheric oxidation, 
thus providing a virtual negative surface tension. 
The crystalline 
Sears [7] may grow from the vapor phase, thus 
involving a different mechanism. 

The growth curves of the whiskers marked A, 


B and C in Figure 1 are plotted in Figure 2. These 


spirals 


mercury whiskers reported by 
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FiGurRE 2. Growth behavior of individual whiskers A, B, 
and C indicated on preceding figure. 


three are selected since they grew straight, are 
nearly to the polished surface (thus 
remaining in focus), and illustrate various modes of 
growth. Whisker A apparently started to grow 
immediately on a retightening of the clamp and 
continued to grow at a substantially constant rate 


parallel 


for about two and one-half days, after which it 
slowed rather abruptly and continued to grow at a 
greatly reduced rate. Whisker B started growth 
only after an induction period of about one-half 
day; its rate is slower than that of A. The induction 


| 
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period of Whisker C was even greater—two and 
one-half days—but its growth-rate is comparable 
to that of A. In general the growth of whiskers 
here reported, grown under the influence of pres- 
(1) the 


apparent absence of an induction period; (2) a 


sure, is characterized by presence or 


of a_ substantially constant growth 


(3) a rather abrupt 


period 


rate; and transition to a 


much slower growth rate. 


Experiments in Ring Type Clamps 


The above-mentioned observation that the rate 
of whisker growth rises rapidly with the force 
exerted in tightening the clamp, seemed convincing 
evidence of the pronounced effect of pressure. 
However, this is of a qualitative nature only, 
since the magnitude of force is unknown and it 
cannot be presumed to act uniformly over the area 
of the specimens. In order to investigate in a more 
quantitative manner the relation between pressure 
and growth rate, special mounting clamps were 
prepared. These were in the form of hardened 
steel proof rings 2 inches in outside diameter, 
13 in + inch thick 

1 


diameter and 3 
(see Figure 3). The tin-plated specimens (3 inch 


inches inside 
square) were supported inside the ring by end 
blocks and a single screw through the ring. These 
rings were calibrated on a tensile machine, and 
the force exerted by the ring on tHe specimens was 
obtained from the calibration chart and the known 
extension of the ring diameter on loading, 
measured by a micrometer. The specimens (about 
14) polished and 
examined under light load 100 pounds). 
after were 
compressed laterally 
aneously taken up lightly; the specimens were thus 
still under light load. The lateral compressive force 
was then released, thus applying the full load on 


as 


were first mounted, ground, 
(about 
the 


screw 


Immediately repolishing rings 


the simult- 


the specimens at a definite starting time. The force 
exerted by the ring on the specimens did not 
change noticeably (or only very slightly) during the 
course of an experiment. Thus, in these experi- 
ments, the force—and hence the average pressure 


exerted on the specimens was known. Local de- 
viations of pressure are of course unknown; how- 
ever, pressure equalization brought about by the 
flow of tin, as well as the results to be discussed, 
support the opinion that these deviations are not 
of except in the 
immediate vicinity of the free surfaces. 

The obtained 


clamps was even more startling than that observed 


severe in this type clamp 


whisker growth-rate in these 
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in the ordinary metallographic clamps. It was 
planned to maintain the pressure on the clamp 
and to measure, as a function of time, the number 
of whiskers which had reached or passed planes 
at predetermined the polished 
A pretrial with a substantially static 


heights above 
surface. 
whisker colony indicated this plan to be readily 
practicable by means of the calibrated focus 
control on a standard metallographic microscope. 
However, in the case of specimens under a force of 
1200 Ibs (4800 psi) 


periods were so short and 


the induction and growth 
the growth-rate so 
rapid that growth was well advanced in the few 
minutes required to remove the specimen from the 
press, measure its diameter, and position it under 
the microscope. However, this method was satis- 
factory at lower pressure (2100 psi). At higher 
pressures (4400 and 7300 psi) the difficulties were 
obviated by releasing the pressure after a few 
minutes; this halted or, at least, markedly de- 
creased the growth-rate so that the counts could 
be made more leisurely. These two methods gave 
consistent results, as may be seen from the results 


shown in Figure 4. 


CURVES INDICATE RATE | 
EQUALLED OR EXCEEDED 
BY 1, 18 OR 100 WHISKERS 


Ryrsec 
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FiGureE 4. Effect of pressure on whisker growth. 

It is to be realized that the height measurements 
(Figure 4) pertain directly only to the vertical 
component of whisker length. However, the direc- 
tion normal to the polished surface seems a pre- 
ferred direction of growth; this, combined with the 
fact that the earlier whiskers to reach any pre- 
assigned plane are those of short induction time 
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which grow straight, tends to minimize the dis- 
torting tendency of long induction period and of 
angular or kinked growth. 

The number of shorter whiskers far exceeds that 
of the longer ones counted—by perhaps a factor of a 
hundred. An attempt was made to estimate an 
average height at each of several times by assuming 
a normal distribution of heights; this statistical 
treatment the 
average height passed through a maximum as a 


was unsuccessful as presumed 
function of time, and then decreased. This ano- 
malous behavior is undoubtedly associated with 
the induction time, and with angular and kinked 


growth as well as with the doubt as to normal 


distribution of the growth rates. 
As can be seen from Figure 4, the fastest growth 
was 10,000 A/sec, corresponding to a millimeter 


(about the maximum length) in 16 minutes; this 
is about 10* times as fast as the reported spon- 
taneous growth rate of a few millimeters per 
year and is over 100 times as fast as the whiskers 
grown in ordinary metallographic clamps shown in 
Figure 1. It should also be noted that the whiskers 
grown in ring clamps were more prolific the higher 
the pressure; no quantitative measurements were 
made of this. Further, the length attained by the 
end of the period of rapid growth does not vary 
much; hence the higher the pressure, the greater 
the growth rate, the shorter is the period of rapid 


growth. 


Discussion 


The growth of whiskers under the influence of 
pressure, as described above, is easier to understand 
than the previously reported spontaneous growth. 
In the case of spontaneous whiskers, not only the 
mechanism but the 
involved is by no means self-evident; moreover, 


growth even motive force 
the source of free energy must be of sufficient 
magnitude to supply the surface-free energy for 
specific surface of the whisker. 
view point, at least, the source 
is quite apparent in the case of 
whiskers grown under the influence of pressure. 
If it is supposed that a uniform pressure, P, 
prevails in the major part of the tin and that the 
pressure drops off in the vicinity of the surface to 
substantially atmospheric pressure near the base 
of a whisker, then the free-energy change, AF, 
per gram atom of tin transported from the high- 
pressure to the low-pressure region is AF = JvdaP 
= V(AP), V being the gram atomic volume which 
is essentially constant. Thus the pressure axis of 


the rather large 
From the naive 
of energy supply 
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Figure 4 may equally well be regarded as a free- 


energy axis; the only restrictions on this transfor- 
that a 
slight change of origin may be required. This 


mation are that V remain constant and 
slight shift is certainly not enough to affect notice- 
ably the slope of the line in Figure 4; in fact, if a 
point representing the spontaneous growth-rate 
were placed on Figure 4, the scale is such that this 
point would appear to coincide with the origin. 
Assuming the curves of Figure 4 to be linear to 
zero growth-rate, it may readily be computed that 
the spontaneous growth rate (1 A/sec) corresponds 
to a AF of about 1/10 joule per gram atom of tin 
above the free energy required for infinitesimal 
growth-rate. It will be noted that this calculation 
involves no assumption as to the atomistic nature 
of the mechanism of whisker growth; this free 
energy corresponds to that dissipated by the flux 
of tin from the massive state to the base of the 
It with 


Frank’s mechanism. It is tempting to speculate 


whisker. is qualitatively compatible 
that spontaneous growth is also motivated by 
pressure—residual stresses in the tin. The magni- 
tude required to account for the observed spon- 
taneous rate is quite low, about 1/10 atmosphere. 
The present investigation provides no clue as to the 
verity of this suggestion; the requisite free energy 
could equally well be provided otherwise. 


In 


we noticed that considerable tin is extruded by 


the photomicrographic series of Figure 1 
to 
the 
vicinity thereof. The speculation might be made 


the application of pressure. Whiskers seem 
grow, not from this extruded tin, but from 
that whiskers grow by diffusion of tin from a high- 
pressure region through a region of steep pressure 
gradient to the whisker base. Thus, extruded tin, 
being a region of continuous low pressure, would 
not form a favorable whisker base. The generaliza- 
tion Fick's 
gradients not necessarily associated with concentra- 
tion [8] gives the flux as (DC/RT)(dF/dr), where 
D is the diffusivity; C, concentration; R, the gas 
constant; 7, the absolute temperature; dF/dr, the 
dF = VdP, 


a pseudo- 


of first law to include free-energy 


free-energy gradient. Setting and 


assuming that tin is transported by 
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steady-state diffusion process across a_hemi- 
spherical shell of outer radius large compared to an 
inner radius (re) equal to that of the whisker, the 
DP/(RT), which 
corresponds to a linear rate of whisker growth 
2 DPV/(RT rm). Setting P equal to the maximum 
experimental value, 


PV/(RT) = 0.4, 


growth rate about equal to D/n. 


total rate of transport is 27 7 


the dimensionless quantity 


this gives a calculated linear 


Taking 7 as 
1 micron, and assuming that the diffusivity is the 
normal self-diffusivity (10-" cm?/sec) of tin at 
room temperature, the calculated linear growth 
rate is found to be 1 A/sec—considerably slower 
than the observed rate of 10* A/sec. The disparity 
be the the 


diffusivity by a 


may occasioned by enhancement of 


vacancy flux as suggested by 
Frank, or by an erroneous assumption of a diffusion 
mechanism, i.e., by the assumption that the sites 
stay substantially stationary while the atoms move 
(or, possibly, a surface diffusion mechanism is 
the 


analogy to squeezing tooth paste out of a tube— 


involved). However, the obvious alternative 


hardly seems promising when it is recalled that 
the 


crystal, a 


produce a single 
should 


provide some clue as to the induction period and 


mechanism invoked must 


constant growth rate, and 
to the termination of the period of rapid constant 
growth-rate. The diffusion theory combined with 
the postulate of a dislocation at the base of the 
the 
on this theory the termination of the rapid growth 


of the 


whisker does satisfy first three requisites; 


can be interpreted as a ‘“‘plugging”’ 


dislocation by foreign atoms. 
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THE EFFECT OF HYDROGEN ON ULTRASONIC ATTENUATION AND 
VELOCITY MEASUREMENTS IN TITANIUM* 


C. F. YING and R. TRUELLT 


Ultrasonic attenuation and velocity were measured in commercially pure titanium over an ultra- 
sonic freque ncy range from 10 to 50 mc/s before and after he ating in hydrogen. The two ultrasonic 
qui untities changed by large amounts when the metal was heated in hydrogen at temperatures near 
550°C. The main feature is that the attenuation decreased with the increasing hydrogen content. 

[he changes induced by heating in hydrogen resulted mainly from the appearance of titanium- 
hydrogen phases although hydrogen in solution may also have had an effect. Similar treatment of 
the titanium in vacuum, oxygen, and nitrogen did not produce appreciable changes in attenuation, 
velocity, or microstructure. 

Unfortunately the use of attenuation measurement work at these frequencies is in early stages of 
development and no unique identification of the mechanisms involved can be given at present. As a 
consequence this paper is limited to discussion of the experimental observations and effects. 


LES EFFETS DE L’'HYDROGENE SUR LES MESURES DE L’ATTENUATION 
ET DE LA VITESSE ULTRASONIQUES DANS TITANE 


L'attenuation et la vitesse ultrasoniques ont été mesurées dans du titane commercialement pur, 
dans un intervalle de fréquences allant de 10 4 50 mc/sec, avant et aprés un chauffage dans de 
l"hydrogéne. Les deux grandeurs ultrasoniques changeaient dans des proportions considérables 
quand le métal était chauffé dans l’'hydrogéne aux températures proches de 550°C. La caractéristique 
principale de ce changement était que l’attenuation diminuait quand la teneur en hydrogéne aug- 
mentait. Les changements produits par le chauffage dans l’hydrogéne étaient dus, avant tout, a 
l’apparition de phases titane-hydrogéne, quoique l’hydrogéne en solution efit aussi pu avoir un certain 
effet. Un traitement similaire du titane dans le vide, l’oxygéne et l’azote n’a pas produit de change- 
ments appréciz ibles de l’attenuation, de la vitesse ou de la microstructure. L’emploi des mesures de 
l’attenuation a ces fréquences est encore fort peu développé et il est impossible, en ce moment, 
d’interpréter les mécanismes impliqués d’une fagon unique. Par conséquent, dans cet article, on se 
borne a discuter les observations et les effets expérimentaux. 


DER EINFLUSS VON WASSERSTOFF AUF ULTRASCHALLDAMPFUNG UND 
GESCHWINDIGKEITSMESSUNGEN IM TITAN 

Ultraschalldi impfung und -geschwindigkeit wurden in technisch reinem Titan vor und nach 
Gliihen in Wasserstoff in einem Ultraschallfrequenzbereich zwischen 10 und 50 mc/sec gemessen. 
Wird das Metall bei etwa 500°C in Wasserstoff gegliiht, so 4andern sich die beiden Eigenschaften 
stark. Die Haupterscheinung ist die mit zunehmendem Wasserstoffgehalt abnehmende Dampfung. 

Die durch Gliihen in Wasserstoff hervorgerufenen Eigenschaftsveranderungen beruhen in erster 
Linie auf dem Auftreten von Titan-Wasserstoff-Phasen, obwohl auch der geléste Wasserstoff wirksam 
sein kann. Entsprechende Versuche mit Titan im Vakuum, in Sauerstoff oder Stickstoff rufen keine 
nennswerten Anderungen in Dampfung, Schallgeschwindigkeit oder Feinstruktur hervor. 

Leider sind die Dampfungsmessungen in diesen Frequenzbereichen erst im Anfangsstadium ihrer 
\nwendung, und es kann im Augenblick kein eindeutiger Nachweis der verschieden zugrunde 
liegenden Elementarvorgainge gegeben werden. Deshalb beschrankt sich die vorliegende Arbeit auf 
eine Diskussion der experimentellen Beobachtungen. 


; used for these measurements has been extensively 
Introduction modified since reference [5] was published. One 
In the course of an investigation of the effect of modification of the previous equipment is the 
the occlusion of gases on the ultrasonic attenuation addition of a calibrated exponential decay curve 
of solids, the effect of hydrogen in titanium was of variable decay rate which can be presented on 
examined. Titanium is known to be capable of the scope together with the echo pattern. 
absorbing hydrogen in large quantities [1; 2; 3] and In order to introduce the hydrogen into the 
hydrides are formed in many cases [4]. titanium it was found necessary to heat the samples 
Attenuation and velocity measurements of in hydrogen. Since heating may change the grain 
longitudinal ultrasonic waves were made in titan-_ size of a metal and since the ultrasonic attenuation 
ium before and after treating in hydrogen. The properties depend very sensitively on the grain 
frequency range investigated was from 10 to 50 size [6] one must determine whether the hydrogen is 
mc/s. The methods of attenuation measurement really the main feature or whether the changes 
have been described elsewhere [5]. The equipment observed might, for example, arise from heating 


at the same temperature in vacuum or in the 


*Received August 23, 1953; in revised form, December 12, presence of a gas other than hydrogen; such 


1953. i ae . experiments were performed. It is necessary in any 

tMetals Research Laboratory, Brown University, Provi- 
deace. Rhode Island. given case to examine the microstructure and this 


ACTA METALLURGICA, VOL. 2, MAY 1954 


YING TRUELL: L 


was done in these experiments. On heating titan- 
ium in hydrogen it was found that under certain 
conditions the structure did not change appreci- 
other conditions the structure 
within the grains changed drastically. The intro- 
duction of hydrogen into the titanium by electro- 
lytic methods [7] is not possible with samples 
large enough for ultrasonic measurements. 


ably while under 


Experimental Procedure and Results 


All of the samples studied were cut from two 
commercially pure hot-rolled rods obtained from 
the Titanium Metals Corporation of America. 

TABLE I 


HEAT TREATMENT OF TITANIUM SAMPLES 


Length 
of time Velocity content change 


Atmo- Temp. 


Sample sphere 


(hours) cm/sec 


507* Vacuum 750 4 5.85105 
H2 440 66 5.88 3.08 

Vacuum 750 

550 

H2 460 

H: 


Vacuum 
Vacuum 
Vacuum 


Vacuum 75 é 5.89 


Vacuum : not 
measured 
6.04 


Vacuum 75 é not 
measured 

He 55 ) 6.13 

\s received 5.93 

Vacuum 550 d 5.91 

As received 5.86 

Vacuum 59 77 5.93 


As received not 
measured 

N2 5.90 

As received not 
measured 

Oz 600 71 5.95 


others all from a second rod. 


*All from one rod; 


rRASONI(¢ A\TTENT 


Hydrogen sity 


ATION 


The Ti-75A, 


used were approximately one-half inch thick and 


rods were labeled grade [he samples 
two inches in diameter with opposite faces accur- 
itely plane and parallel. 

The titanium samples were heated in hydrogen 
taken from commercial hydrogen tanks and in a 
furnace designed for growing metal single crystals. 

A total of 10 samples was studied in addition toa 
few samples investigated on preliminary runs. 
The treatment of the samples together with some of 
the results on velocity measurements is given in 
Table I. 


adjacent to each other in a given rod of titanium. 
Some of the samples were heated in vacuum in 


Samples with consecutive numbers were 


groups before any measurements were made so 


that these samples were annealed and partially 
outgassed. 
The velocity measurements are shown in Table | 


and some of the attenuation results are shown in 


Figures 1] In these figures the ultrasonic 


Ti 508 
(i rtially outgassed and 
(2)x Subsequently heated in 
H(550°C, 44hrs) 
(Not shown: Further heated 
in H(550°C, 6! hrs.)) 
| | (3)s Subsequently heated in 
— vacuum (550°C, 24hrs.) 
| (4)4 Further tg! in vocuum 
(580°C .37nrs. 590°C. 3 hrs) 


energy 


ATTENUATION (db/in) 


FREQUENCY (mc) 


FIGURE 1. Attenuation-frequency plot for Ti 508 


loss decibels per inch of path in the 
the 
The density changes and the hydrogen content 


is given in 
metal as a function of ultrasonic frequency. 
changes produced by heating in hydrogen or in 
and in vacuum were obtained, and these 
Table I. 
large as 10 per cent were observed in the titanium 
after heating sample 508 for 44 hours in hydrogen. 


hydrogen 


changes are listed Volume changes as 


Corresponding to this change the density decreased 
by 7.3 per cent. 

The titanium samples did not gain appreciable 
2.30 grams) when heated 


weight (0.09 gram in 132 


in commercial oxygen at 600°C. or in commercial 


nitrogen at 600°C 


375 
—0.2% 
4 
—1.0% 
—0.4% 
—0.49 
508* 750 4 5.87 | | jos 
550 144 6.32 44.4 —7.39 / 
550 61 6.52 55.8 3.8% 7 | y 6 | 
| 
550 24 «62.11 29.1 8.59 | | * 
| 4 . 
590 3( 5.94 9.4 3.2% 
| 
3 
5 10 15 20 25 30 35 40 46 50 
512 
515° 
520 
503* 
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After each stage in the heat treatment the 
Ti 514, T1513, 

)e TiSI4: Not heoted 

2)s Ti5I3: Hected in He ined. Photomicrographs of sample 508 in various 
(550°C, 44hrs, inter- 
mitten fly) 

(3)a Ti 512: Heated in Hp 
5 ) 


(550°C, 6ihrs 5a, b, c, d, e, f. The corresponding attenuation- 


microstructure of most of the samples was exam- 


stages of heat treatment are shown in Figures 


frequency curves for the same sample are shown 
in Figure 1. 


Discussion 


ATTENUATION (db/in) 


It has been established in this experiment that 
commercially pure titanium on being heated in 
hydrogen under certain conditions, changes its 


ultrasonic attenuation and velocity as well as its 


density. 


25. 30 35 On comparing the data for sample Ti 508, which 

FRSQUENCY (me) was heated only in hydrogen, with the data for 
and Ti 512. and with the data for Ti 503 and Ti 505 which 
were heated in nitrogen and oxygen respectively, 


Ficure 2. Attenuation-frequency plot for Ti 514, Ti 513, Ti 515 and Ti 520 which were heated in vacuum 


it can be concluded that heating in the presence of 
hydrogen and not heating alone is essential for 
introducing the large changes observed in the 
ultrasonic properties of titanium. It is not to be 


inferred that pure heating or that heating in the 
presence of nitrogen and oxygen will not change 


these properties under any circumstances. It has 
only been established that, at the relatively low 


temperature of 550°C, hydrogen alone produced 


ATTENUATION (dbAn) 


Ti 515 


the effects observed. 


As received eno 
[he sample marked Ti 508 underwent the most 


(2) Heated in vacuum 
(550°C, 74hrs.) thorough study and it underwent the largest 


9 
8 
7 
6 
5 
a 
3 
2 


changes on being heated in hydrogen. After the 


first heating, the attenuation decreased by a factor 


lt... - of 2 to 1 at 40 mc/s, and more at higher frequencies 
Ae ie a (Figure 1). The largest observed velocity change was 
3. Attenuation-frequency plot for Ti 515. ; od 
about 11 per cent. On being heated for a second 


time in hydrogen the character of the material 


changed in a rather remarkable way. The attenua- 
tion (not shown) changed by a large amount and 
echo pattern became markedly nonexponential. 
When a large energy loss occurs at a given point 


or interface in the solid an exponential decay 
factor may no longer be appropriate if the energy 
lost is no longer proportional to the energy present 
in the pulse. Such a situation seemed to prevail 


" oe here and only after the sample was subsequently 


ATTENUATION (db/in) 


pitas alata heated in vacuum, did the echo pattern again 
become exponential. The remarkable feature is 
(2)x Heated in Ne 

00%, 45h) that the attenuation decreased before the pattern 


became nonexponential. It is interesting to see 


that with a 10 per cent change in volume the 


45 
FREQUENCY (md) material does not appear to develop faults since 


FIGURE 4. Attenuation-frequency plot for Ti 503. the pulse attenuation pattern is very clean. 


376 
12} 
| | | 4 
| 
-2 
| 
| 
| | / 
/ 
| / 
| 
10 te 
| / 
| / 
| / — 
bd 
| - 
4 | 
| 
| 
ol 
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| 
| 
| / 
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| | 
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3 
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| 


ai 


ot lj DOS 
550°C, 24 hrs 


gel 


hird time 


Photomicrographs 
14 hrs 


FIGURE 5 
550 C, 
after being heated in hydro 
he the 


Heated fort 


PLATE | 
time in hydrogen 
In vacuum 


3 hrs 


Pat ill out | 
drogen (550°C, 61 h Heated ' 
vac m (600°C. 40 hr ry entins 387 hrs; 590% 


’ 
1952 


The effects of heating this sample in hydrogen 
were not eliminated by heating in vacuum (F¥gure 
1) as far as attenuation is concerned, but they 
were almost completely removed as far as density 
and velocity are concerned. The corresponding 
changes in microstructure are shown in Figures 
5a—5f. 

A sample Ti 506 was heated in hydrogen to 
obtain a hydrogen content of 8 per cent; the 
microstructure (not shown here) was in our 
observations unchanged from that before heating. 
This had but 


about a 1 per cent decrease in density and about 


sample small definite changes: 
15 per cent decrease in attenuation at 40 mc/s. 
Two succeeding heatings increased the hydrogen 
content of this sample to 14 per cent. The ultra- 
sonic properties changed slightly more in the same 
direction. Other samples behaved in the same way. 
500°C 550°C 
hydrogen rises very rapidly. 

In order to understand the changes in ultrasonic 
properties, it is necessary to consider the changes 


Between and the absorption of 


of the sample during heat treatment. Unfortun- 
ately, the equilibrium the 
Ti-H is not well known. In older papers titanium 


diagram of system 
was considered to dissolve hydrogen in very high 
amount (about 33 per cent). However, recently 
Craighead, Lenning and Jaffee [4] have reported 
that even at 700°C a second phase appeared when 
as little as 0.3 per cent of hydrogen was absorbed 
by titanium. This precipitated second phase was 
identified as TiH. Our metallographic pictures 
(Figures 5a—5f) also show the appearance of a 
second phase. So it seems to be without doubt that 
during heat treatment in hydrogen two processes 
occur; solution and phase change, but it is still not 
possible to separate the two processes from each 
other. Therefore it is also not possible to identify 
the ultrasonic properties 


observed change in 


LTRASONIC AT 
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the 


The decrease in attenuation by addition of hydro- 


uniquely with only one of two processes. 


gen could perhaps suggest that the effect is caused 
by dissolved hydrogen,* but then it would not be 
the 


decrease after the limit of solution is reached. 


clear as to why attenuation continues to 

The observed changes in velocity of the ultra- 
sound have the same order of magnitude as the 
changes in density, but the exact application of 
the formula v = [(A + 2u)/p]! (v = sound velocity, 
uw = shear modulus, and p = density) shows that 
roughly half of the change in velocity can be 
attributed to the change in density, and that the 
other half must be caused by changes in the elastic 


constants. 
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THE CLIMB OF EDGE DISLOCATIONS IN FACE-CENTRED CUBIC 
CRYSTALS* 


R. S. BARNES{ 


The climb of edge dislocations in face-centred cubic crystals is described in terms of the atomic 
movements involved. The conclusion is reached that in a suitable environment such a dislocation 
will climb even when it is dissociated, although then it will climb less readily. A straight dislocation 
line will be unable to climb when the departure from the equilibrium number of atomic defects is 
small, but jogs in the dislocation line will enable the line to climb even under these conditions. Dis- 
locations will climb either to enlarge or reduce the area of the extra {110} planes of atoms which lie 
pe rpendicul. ir to the Burgers vector, and with certain special dislocation configurations many parallel 
adjacent {110} planes of atoms can be either eliminated from, or inserted into, the crystal by a spiral 
mechanism. By examining the free-surface markings on crystals grown from the vapour it should be 
possible to distinguish surface steps caused by the climb of dislocations from those due to slip, and 
also to determine whether it is vacancies or interstitial atoms which are precipitated on cooling such 


a crystal. 


“L’ASCENSION”’ DES DISLOCATIONS-COIN DANS LES RESEAUX CUBIQUES 
A FACES CENTREES 


L’ascension de dislocations-coin dans les réseaux cubiques a faces centrées est décrite en termes des 
mouvements atomiques, impliqués dans ce processus. On en tire la conclusion, que dans un entourage 
convenable, une telle dislocation ‘‘grimpera,’’ méme quand elle est dissociée, quoique dans ce cas 
Une dislocation en ligne droite ne pourra pas grimper quand le nombre 


l’ascension soit plus difficile. 
rularités dans la ligne de la 


de défauts atomiques se rapproche de la valeur d’équilibre, mais des irrég 
dislocation faciliteront l’ascension, méme dans ces conditions-la. 

Les dislocations, en grimpant, soit augmenteront, soit réduiront I’aire des plans {110} additionnels, 
qui sont logés perpendiculairement au vecteur de Burgers. Dans le cas de certaines cofigurations des 
dislocations, de nombreux plans d’atomes {110} paralléles et adjacents, peuvent étre éliminés, ou 
introduits dans le cristal, par un déplacement en spirale. Un examen des surfaces libres de cristaux 
produits par la condensation des vapeurs, devrait permettre de distinguer entre les gradins sur la 
surface causés par l’ascension des dislocations, de ceux qui sont dus au glissement, ainsi que de 
déterminer si ce sont des lacunes réticulaires ou des atomes interstitiels qui précipitent lors du 
refroidissement d'un tel cristal. 


DAS “STEIGEN” VON STUFENVERSETZUNGEN IN KUBISCH-FLACHENZEN- 
TRIERTEN GITTERN 

Das ‘“‘Steigen’’ von Stufenversetzungen in kubisch-flachenzentrierten Gittern wird im Rahmen der 
damit verbundenen Atombewegt ingen diskutiert. Aus dieser Analyse wird geschlossen, dass eine 
Versetzung, selbst wenn sie — ‘rt ist in geeigneter Umgebung “‘steigen’’ wird, obwohl der Vorgang 
dann weniger haufig erfolgt. Eine grade Versetzungslinie kann nicht “steigen’’, wenn die Konzen- 
tration der atomaren Fehls — en nur wenig von der Gleichgewichtskonzentration abweicht. Knoten 
in der Versetzungslinie kénnen jedoch ein ‘‘Steigen’’ der Versetzungslinie selbst unter diesen Um- 
standen erméglichen. Versetzungen ‘‘steigen’’, um die Flache der extra {110} Ebenen die senkrecht 
zu ihrem Burgers Vektor liegen, entweder zu vergréssern oder zu verkleinern; mit Hilfe spezieller 
Versetzungskonfigurationen und durch spiralenformige Bewegungen lassen sich viele parallele, 
benachbarte {110} Ebenen entweder in das Gitter einfiihren oder aus dem Verband eliminieren. Es 
sollte méglich sein, Oberflachenstufen, die durch Gleitprozesse und solche, die durch “Steigen’’ von 
Versetzungen erzeugt wurden, voneinander auf Grund von Beobachtungen der auf sublimierten 
Kristallen vorhandenen Oberflachenmarkierungen zu unterscheiden. Ebenfalls sollte es méglich 
sein, zu bestimmen, ob Leerstellen oder Zwischengitteratome beim Kiihlen eines solchen Kristalls 


niedergeschlagen werden. 


’ at high temperatures it will probably be important. 
Introduction Even at temperatures as low as — 180°C the climb 


Dislocations have two important properties. of dislocations may play a role in plastic deforma- 


They can slip along certain well-defined crystallo- tion, 
and it is this property which is measurements on cold-worked metals which suggest 
even at these tempera- 


in view of the results of electrical resistance 


graphic planes, 
paramount in the plastic deformation of crystals that atomic defects can, 
tures, diffuse over short distances [2]. 

Both screw and edge dislocations can be formed 


at temperatures well removed from their melting 
point. However, at temperatures at which atomic 


diffusion occurs, certain dislocations can move out by a process of slip in the crystal as is illustrated 
of their slip plane i.e., climb [1]. This latter property in Figures 1 and 2. The edge dislocation shown in 
Figure 2 can also be formed by the insertion of the 

i plane of atoms ABCD into the perfect crystal. 
“Received September 14, 1953; in revised form December The resulting dislocation line AB would be identical 


1953. 
+Atomic Energy Research Establishment, Harwell, England. with that formed by the slip process. A screw 


of dislocations has been rather neglected, although 
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dislocation (Figure 1) can not be formed by such a 
method, as here no extra plane of atoms exists. 

In a suitable environment the extra plane of 
atoms in an edge dislocation can steadily either 
diminish or grow. For instance, if the dislocation 
line is in a region which is supersaturated with 
vacancies, then atoms will leave the extra plane 
at the dislocation line in order to re-establish 
equilibrium conditions. Under such conditions the 


FiGuRE 1. Screw dislocation. 


FiGurE 2. Edge dislocation. 


dislocation line AB will climb steadily until the 
whole plane is eliminated and the dislocation 
ceases to exist. Similarly if vacancies are present 
in numbers fewer than is necessary for equilibrium, 
then the extra plane will increase its area until the 


plane is completed, when once again the dislocation 


line disappears. 


Face-Centred Cubic Crystals 


We know that in face-centred cubic crystals, 
slip occurs on a {111} plane along a (110) direction. 
Thus, if Figure 2 is to represent the state of affairs 
in a face-centred cubic crystal, then ABEF must 
represent a {111} plane and AF a (110) direction, 
so that the plane, ABCD will be a {110} plane. 
Climb in a face-centred cubic crystal would thus 
insert or eliminate {110} planes, and an edge 
dislocation line such as XY (Figure 3) would slip 
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on the (111) plane and climb in a plane perpendicu- 


lar to this; the (110) plane. 


Dissociated Dislocations 


Energy considerations suggest that a dislocation 
line lying in a {111} plane will dissociate into two 
partial dislocations [3], and the almost universal 
{111} slip plane in face-centred cubic crystals 
can be accounted for if dislocations are so dissocia- 


FIGURE 3. Unit cell of a f.c.c. crystal showing an edge 
dislocation line X Y with Burgers vector LM. 


ted. An edge dislocation XY (Figure 3) lying in the 
(111) LMY LM 


(LM = a/v/2, where a* is the volume of the unit 


plane with Burgers vector 


cell) would dissociate into two partial dislocation 
lines with Burgers vectors LO and OM (LO = OM 
= a/+/6), which, because the energy is proportion- 
al to the square of the Burgers vector [4], will 
together have lower energy than the original 
undissociated dislocation line. 

Consider an edge dislocation formed by the 
insertion of two adjacent (110) planes into the 
lattice (two, because the insertion of a single 
(110) plane would create a stacking fault along 
tA. This dislocation will 


this plane), see Figure 


abababab abababab 


ababab qgqbabab 


\. Undissociated B. Dissociated 


F1GuRE 4. The dissociation of an edge dislocation in a f.c.c. 
lattice in terms of the {110} planes 


dissociate; the two partial dislocations moving 
and causing each atom in the (111) plane 
the the dislocation 


apart 


lying above area swept by 


| 
A 


382 


lines to move relative to the plane below, a dis- 
tance equal to the Burgers vector of the partial 
dislocation line. This will result in a stacking fault 
lying in that part of the (111) plane, i.e., that plane 
which is perpendicular to the extra (110) plane, 
which has been swept by the partial dislocation 
lines, during their separation. Such a stacking 
fault, and the partial dislocation which has caused 


it, is illustrated diagrammatically in Figure 5 


FicurE 5. Diagram to illustrate the position of the atoms 
on three adjacent (111) planes near a partial dislocation line 
XY 


which represents an undistorted (111) plane of 
atoms as dots, the plane of atoms above this as 
intersections on a triangular array, and the plane 
above as intersections on a dashed triangular 
array. The partial dislocation has swept across the 
plane from the right-hand side as far as the position 
XY, leaving in its wake the stacking fault, where 
the atoms have been moved from positions, such 
as J (Figure 5) in the direction of the arrow to their 
present positions. Although the energy of the dis- 
location is lowered by this dissociation, the final 


separation of the two partial dislocations will be 


limited because of the finite energy of the stacking 
fault which forms between them; this energy is 
comparable with that of a twin boundary of the 


same area. 

Each {110} plane is composed of atoms arranged 
in a rectangular array and the atoms of each plane 
lie directly above the centres of the rectangles 
formed by the plane of atoms immediately below 
it (see Figure 3). Successive (110) planes may thus 
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be labelled a, 6, a, b,.... (Figure 4). On dissociation 
the two extra (110) planes (which intersect the 
partial dislocation lines) also separate as a result 
of the slip process, and ‘‘a’’ planes join ‘‘b’’ planes 
in the plane of stacking fault (Figure 4B). This 
discontinuity in the (110) planes is illustrated in 
Figure 6, where, for simplicity, the displacement 
of the atoms from their regular lattice positions 
has been confined to those atoms lying on that 


X 


FiGuRE 6. Diagram illustrating the position of atoms on a 
series of adjacent (110) planes near a partial dislocation line 


side of the stacking fault (the plane of which lies 
perpendicular to the paper) removed from the 
extra atomic plane. 


Climb of a Dissociated Dislocation 


This situation modifies the simple picture we 
have formed of the climb process. If the energy 
of the configuration is not to increase steadily as 
atoms are added to, or removed from, the extra 
planes, both partial dislocation lines must climb 
together, and the ribbon of stacking fault must 
move with them. 

It might be thought that such a stacking fault 
could not move in a direction perpendicular to 
itself. However, all that is necessary for the 
stacking fault to move up one plane is that the 
plane of atoms above the stacking fault should 
slip by a distance such as LO (Figure 3). The 
insertion of a complete row of atoms at the edge of 
the extra (110) plane along the partial dislocation 
line X Y (Figure 5) would cause such a slip to occur. 
The elastic energy surrounding the partial disloca- 
tion, once this row of atoms had been inserted 
would be sufficient to cause those atoms near to 


= 
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e X V7 Y 
\ \ VOI 


BARNES: CLIMB OF 
the dislocation line and lying on the (111) plane 
above the stacking fault, to slip over the under- 
lying plane of atoms. These atoms near to the 
dislocation lines were initially displaced from their 
equilibrium positions and so would slip quite 
easily. The slip would then spread until the whole 
of the plane of atoms which lay between the two 
such inserted rows of atoms had slipped, when the 
stacking fault would have moved up by an atomic 
spacing. 

The climb velocity of a dissociation dislocation 
line will be lower than that of the equivalent 
undissociated dislocation, the 
dislocation lines, although separated, must climb 
together. However, there is no fundamental reason 
why such a dissociated edge dislocation line should 
not climb, although it is possible that the departure 
from equilibrium conditions necessary for the climb 
of a straight dislocation line may have to be large. 


because partial 


Jogs in Dislocations 


In reality it is most unlikely that two complete 
rows of atoms would be inserted (or removed) 
simultaneously as postulated above. Atoms would 
be inserted one by one, and probably the departure 
from equilibrium conditions would have to be 
large for a sufficient number of atoms to be added 
to each extra plane to cause the stacking fault to 
move up an atomic distance across its whole 
width in any region. The initiation of the insertion 
or removal of each new row would be difficult. 
However, there are some dislocation configurations 
for which this initiation is not difficult. 

An edge dislocation line lying on two intersecting 
11} planes (Figure 7) can dissociate on these two 
11} planes, as shown, although it is then neces- 


H 


FIGURE 7. Dissociated edge dislocation line which lies 


partly on one {111} plane and partly on another 
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sary to introduce an extra dislocation line [5] 


lying along GH to satisfy the dislocation conditions 
at the nodes.* The simultaneous removal of atoms 
at G and H would increase the area of the 
stacking fault the 
anywhere else would do so. Thus atoms can be 


not 


whereas removal of atoms 
removed more readily from the positions G and 7 
than from other positions along the dislocation 
line. Also, the removal of an atom at G, for instance, 
would probably assist the removal of the atom at 
H because of the high-stacking fault interaction 
the 
straight part of the dislocation line would probably 


there, whereas removal of an atom on the 
not assist the removal of the extra atom opposite it. 
An edge dislocation of this form could thus climb 
when the departure from equilibrium conditions 
was not very great. 

The above argument can be extended to apply 
to the elimination of atoms at a jog in a dislocation 
line. A jog can be described as the region of 
transition of a dislocation line from one plane to a 
neighbouring parallel plane. The stacking fault 
joining the parts of the dislocation line lying on 
two adjacent parallel {111} planes would lie in 
some other {111} plane (as illustrated in Figure 8), 


and so the configuration at a jog is related to 


FriGuRreE 8. A jog in a dissociated dislocation. 


that already described; consisting in fact of four 
positions G’, H’, G” H” similar to G or H 
(Figure 7). A jog will, for similar reasons, permit a 


and 


dislocation to climb in a lower degree of supersat- 
uration than is possible for a perfectly straight 
dislocation line, where it will anyway be necessary 
to nucleate two such jogs before a row of atoms 


can be removed. 


Dislocation Nodes 


It is possible to consider the climb of dislocations 
at various types of dislocation node in the same 
way as has been done for slip by Thompson [5]. 


However, the processes are somewhat analogous to 


“The presence of the dislocation lines along GH, G’ H’ and 
G"” H” (Figures 7 and 8) modify the shape of the dislocation 
lines at their junction because of the finite energy of the 
dislocation lines. However this does not vitiate the argument 
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those in the cases he has considered, but it might 
be worth discussing one dislocation configuration 
which illustrates a general behaviour. 

A dislocation line lying entirely in a {111} 
plane, bent such that one section of it is a pure 
edge dislocation, the rest having a screw nature 
(see Figure 9) would dissociate on this {111} 


\ 


FicurE 9. A dissociated dislocation line part of which is 
purely of edge nature and the rest of screw nature. 


plane into partial dislocations separated by a ribbon 
of stacking fault as shown. Now if the region was 
supersaturated with vacancies, and we postulate 
the existence of a jog in the edge section, it would 
climb, whereas the screw section could not. The 
effective anchoring of the end of the edge section 
would cause it to spiral around the locked points 
and eliminate many successive planes because of 
the screw nature of the lock [6]. 


Surface Markings 


The climb of a dislocation to the free surface of 
the crystal would in general modify the surface, 
in much the same way as the slip of a dislocation 
out of the crystal produces a slip line. The elimina- 
tion (or insertion) of a plane of atoms in the crystal 
would, unless the plane lay perpendicular to the 
surface, produce a step in the surface as illustrated 
in Figure 10. The line of the step in the case of 


FicurE 10. The climb of an edge dislocation to the free 
surface of a crystal. 
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climb would lie along the intersection of the {110} 
climb plane and the surface. 

The dissocation of the dislocations would 
produce double steps which could be thus dis- 


not 


tinguished from those due to slip, because as the 
the surface 
dislocations 


dislocation approaches during its 
climb, the two partial will come 
together. On meeting the surface the stacking 
fault must disappear entirely and a single step 
will result. 


Observations of Steps on Metal Surfaces 


During some recent observations on the free- 
growth surfaces of single crystals of silver by 
Forty and Frank [7] some steps of unit atomic 
height which lie at 45 degrees to slip lines on the 
free {100} faces of the crystals were seen. The 
authors suggest that these lines may be due to 
slip on either {110} or {100} planes. It is interesting 
to note, however, that the examples of these 


‘ 


‘anomalous steps’? shown in the illustrations to 
their paper seem to be continuations of normal 
({111} plane) slip lines. If the dislocations are in 
fact dissociated on the {111} planes, it is surprising 
that they should continue to slip along some 
different plane. 

It seems possible that dislocations which have 
slipped part of the way through 
have climbed out of the crystal along {110} planes. 
This does not seem too improbable when it is 


the crystal, 


considered that only those dislocations which move 
during the very last stages of growth can be 
detected by examining the growth surfaces. It is 
during this period that there would be a super- 
saturation of defects in the crystal, because no 
doubt the visible growth steps were added only 
after the temperature had begun to fall. If these 
anomalous steps are due to climb along {110} 
planes, their direction on the other natural-growth 
faces ({111} faces) would be parallel to the lines 
caused by normal slip. 

Examination of these anomalous steps on other 
surfaces of such metal crystals should distinguish 
those due to slip from those due to climb, for their 
interaction with the growth steps on the crystal 
surface will reveal which is the high side of the 
step, and the knowledge of the sense of a step all 
the way round a crystal would give a conclusive 
verdict as to whether the step was caused by the 
slip or climb of a dislocation. Also, assuming these 
anomalous steps do result from the climb of 
dislocations, then from the sense of the step it 
can be deduced whether an atomic plane has been 


— 
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inserted or eliminated by the process, and if, for 
instance, it is found that an atomic plane has 
been eliminated during the cooling of the crystal, 
it can be deduced that more than 
interstitial atoms have been precipitated upon that 
particular dislocation line. Such a study should 
therefore be able to resolve the effects of vacancies 
from interstitial atoms; no experiment has up to 
now succeeded in doing this. 


vacancies 


Conclusions 

In a face-centred cubic crystal it is expected 
that in a suitable environment, edge dislocations, 
which normally lie {111} 
dissociated, can climb and so insert or eliminate 
{110} planes, and in special cases a series of adjac- 
ent parallel {110} planes. For dislocations to climb 
there must be a sufficient local departure from the 
equilibrium number of atomic defects, such as 
might occur during: 

(1) the heating or cooling of a crystal; 

(2) deformation, when vacancies and inter- 
stitial atoms can be produced by the interaction of 
dislocations [8]; 

(3) particle bombardment; 

(4) interdiffusion, when large 
atomic defects are swept along the concentration 


in planes, and are 


numbers of 


gradient as a result of the unequal diffusion rates of 
the two types of atoms concerned. 
A further condition for climb is that the tempera- 


ture must be sufficiently high, and the non- 


equilibrium conditions must persist for sufficiently 
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long, for the atomic defects to be able to move 
distances of the order of the dislocation separation. 
The climb of dislocations may therefore be of 

importance in the following studies: 

(1) Creep; 

(2) Plastic deformation, particularly at high 
temperatures; 

(3) Polygonisation; 

(4) Irradiation; 

(5) Interdiffusion; 

(6) Crystal growth; 

(7) Sintering [9]. 
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ON THE THEORY OF SECONDARY RECRYSTALLIZATION TEXTURE 
FORMATION IN FACE-CENTERED CUBIC METALS* 


Cc. G. DUNNT 


An oriented-nucleation growth-selectivity theory for secondary recrystallization in face-centered 
cubic metals is discussed. According to the theory, primary recrystallization produces a texture 
consisting of strong and weak components, which are related to components of the deformation 
texture by a (111) relationship (approximately 38 degree rotation). Large primaries from the weak 
components of the texture are considered to be the nuclei for secondary recrystallization. The theory 
is applied to explain several results reported in the literature. 


SUR LA THEORIE DE FORMATION DES TEXTURES DE RECRISTALLISATION 
SECONDAIRE DANS LES METAUX CUBIQUES A FACES CENTREES 

Une théorie de la recristallisation secondaire dans les métaux cubiques a faces centrées, basée 
sur le concept de germination orientée et de sélection lors de la croissance, est discutée. Suivant cette 
théorie, la recristallisation primaire produit une texture qui consiste en composantes ‘‘fortes’’ et 
“faibles’’, liées a la texture de déformation par une relation de rotation de (111) (une rotation d’environ 
38°). De grands cristaux primaires, appartenant aux composantes faibles de la texture, sont consi- 
dérés comme germes de la recristallisation secondaire. Plusieurs résultats rapportés dans la lit- 
térature sont expliqués en appliquant cette théorie. 


UBER DIE THEORIE DER BILDUNG EINER SEKUNDAREN REKRISTALLI- 
SATIONSTEXTUR IN KUBISCH-FLACHENZENTRIERTEN METALLEN 


Eine auf der Hypothese der orientierten Keimung und des bevorzugten Wachstums aufgebaute 
Theorie der sekundaren Rekristallisation der kubisch-flachenzentrierten Metalle wird diskutiert. 
Nach dieser Theorie erzeugt die primare Rekristallisation eine aus starken und schwachen 
Komponenten bestehende Struktur, die mit den Komponenten der Deformationstextur durch eine 
(111) Beziehung (Drehung von etwa 38°) verkniipft sind. Grosse Primarkristalle der schwachen 
Komponente der Textur werden als Keime der sekundaren Rekristallisation in Betracht gezogen. 


Die Theorie wird zur Erklarung einiger in der Literatur berichteten Ergebnisse benutzt. 


Introduction 

In a series of recent papers [1; 2; 3; 4; 5] Beck 
and coworkers have advanced an oriented-growth 
theory to account for the origin of both primary 
and secondary recrystallization textures. In this 
theory it is assumed that there are randomly 
oriented nuclei and only those that are related to 
components of the matrix texture in a proper way 
—namely, by 30-40 degree rotation about a com- 
mon (111) axis— grow at the expense of the mat- 
rix. To explain the unique relationship, it is 
necessary to assume that the boundary mobility 
is high for the (111)-type rotation and relatively 
low for all other orientation relationships. This 
theory readily accounts for components of the 
primary recrystallization texture and for some of 
the main components of the secondary recrystalliz- 
ation texture. The matrix texture (or principal 
component of the matrix texture) is the frame of 
reference in each kind of recrystallization. 

Arguments against this theory are: (1) the 
relationship is not sharp enough to 
determine the observed texture data; (2) the theory 
does not adequately explain the absence of compon- 
ents of the texture, which, orientation-wise, are 


mobility 
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equivalent to those obtained; and (3) it does not 
satisfactorily explain the dependency of primary 


recrystallization textures on the annealing tempera- 
ture employed. Arguments the matrix 
texture acting entirely as the frame of reference 
will be considered later. 

Some of these arguments are met in a modified 
oriented-growth theory discussed recently by Gow 
and Cahn [6]. In this theory nuclei are restricted 
to certain orientation ranges which are not so 
sharp as the final components of the recrystalliza- 
tion texture. 

Other investigators favor an oriented-nucleation 
growth-selectivity theory wherein the nuclei are 
sharply defined and rate of growth or boundary 
mobility is relatively high for nearly all orientation 
relationships except the same or the twin orienta- 
tion. (See, for example, Burgers and Tiedema 
[7].) 

Thus one assumes there are nuclei in certain 
specific orientations. For secondary recrystalliza- 
tion these may be (a) large primaries, (b) low- 
energy primaries adjacent to strained primaries, 
(c) large recovered grains or polygonized grains, or 
(d) low-energy polygonized grains adjacent to 
strained primaries. For silicon iron, which is a 
body-centered cubic lattice, Dunn [8; 9] has 
presented evidence supporting the idea that large 


against 
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primaries are the nuclei for secondary recrystalliza- 
such nuclei occuring in specific preferred 
orientations. According to this viewpoint what may 


tion 


appear to be a single orientation primary recrys- 
tallization texture actually may consist of one 
strong component and several weak ones. Only 
weak components can supply nuclei and they may 
do so depending on the size of primaries and the 
fraction of the texture represented. 

Liu and Hibbard [10] have dealt with the basic 
question of frame of reference for determining 
orientation changes in primary and _ secondary 
recrystallization. They show that it is possible to 
derive all components of secondary recrystalliza- 
tion textures as well as all components of primary 
recrystallization textures by proper (111) rota- 
tions from components of the cold-rolled textures. 
(Such a simplification in analysis is not possible in 
the oriented-growth theory because in published 
secondary recrystallization data in cube texture 
copper there are examples of (100), as well as 
(111), rotations with the cube orientation taken 
as the frame of reference.) A similar simplification 
in analysis holds for silicon iron when the cold- 
rolled texture is taken as the frame of reference 
for both primary and secondary recrystallization 
[9]. 

In the present paper it is proposed to start with 
published facts regarding recrystallization pheno- 
mena in face-centered cubic metals and to indicate 
how primary recrystallization may provide ap- 
propriate matrix structures and textures for 
secondary recrystallization. This treatment con- 
siders the primary recrystallization texture to be 
composed of preferred orientations or components. 
The relative amounts of these components are 
important. The relative sizes of primaries also are 
important. When the factors are correct, the con- 
ception is that large primaries from one or more 
minor components grow and produce secondaries 
having the same preferred orientations as the minor 
components of the primary recrystallization tex- 
ture. Examples are given to illustrate these ideas, 
but no attempt is made to include all published 


data. 


The Description of Textures 


The cold-rolled textures of copper and aluminum 
have been determined quantitatively [11] and have 
also been described in terms of Miller indices. 
The latter are somewhat subjective, with several 
descriptions possible. Thus, there are such descrip- 
tions in the literature as near (123) [121], (358) 
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[352], near (146) [211], (7 12 22) [845], and (135) 
[211]. However, some of these orientations are 
90 degrees out of position and therefore do not 


5 
1 


properly represent the data. 

To make the necessary corrections and show the 
similarity of the various descriptions consider 
first Figure 1, which is a partial reproduction of a 


FIGURE 1. Stereogram showing selected directions in a 
standard [001] projection. 


standard [001] projection with higher than usual 
Miller included (see the Appendix for 
stereographic projection data). 

It can that these directions fall into 
three groups, which are mutually close to 90 degrees 
apart, with relatively small spread within each 


indices 


be seen 


group. 

The next step is to relate these groups to a new 
frame of reference—namely, rolling plane and 
rolling direction—with one group perpendicular to 
the rolling plane, another group parallel with the 
rolling direction (R.D.) and the third group 
parallel with the direction C.D. This change is 
easily effected in terms of a rotation from an 
initial orientation (001) [100] to the final orienta- 
tion (see Figure 2), the direction [111] being a 
satisfactory axis of rotation. Directions that give 
a scale of rotations of 30, 34, 38, 42, and 46 degrees 
have been included in the figure. 

The final step, of course, is to select the best 
indices to represent the data. There are such final 
orientations as (123) [523] or approximately (123) 
[211], (358) [25 9 15] or approximately (358) 
(523], (135) [211], approximately (7 12 22) [8 4 5], 
(236) [6 2 3], etc. These descriptions eliminate the 
90-degree error mentioned Generally 
speaking, the (236) [623] orientation appears to be 
a satisfactory representative of the group; it has 


earlier. 
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a [111] direction common with (001) [100] and is 
38 degrees from this orientation. The cube and 
octahedral poles for the (236) [623] orientation are 
plotted in Figure 2. 

Besides being representative, the orientation 
(236) [623] has an elegant relationship with (001) 
[100]—it is the Kronberg-Wilson [12] coincidence 
position expressed in a different way. This relation- 
ship involves many common or coinciding planes 


FIGURE 2. Stereogram showing cube and octahedral poles 
of the (001) [100] orientation and of the (236) [623] orienta- 
tion and the other directions in (001) [100] that appear in 
Figure 1.0 and A: cube and octahedral poles of (001) [100]. 
WB and A: cube and octahedral poles of (236) [623]. . . © 
30, 34, 38, 42, 46-degree rotation positions. 


(see the Appendix). There is, therefore, the possibil- 
ity of energy-cusp boundaries, which may be 
important for oriented nucleation [13; 9] or for 
high boundary mobility [14a]. Furthermore, the 
orientations of the secondaries reported by Kron- 
berg and Wilson are precisely of the (236) [623] 
type; these will be considered in the next section. 


The Formation of the Kronberg-Wilson 
Secondary Recrystallization Texture in 
Cube Texture Copper 


From orientation data on twin-pairs, Kronberg 
and Wilson [12] found eight components in the 
secondary recrystallization texture of copper. 
These comprised a twofold symmetry group. 
Four components were related to the cube orienta- 
tion by specific 38 degree rotations about common 
(111) axes; the other four were related to the cube 
orientation by opposite-type rotations of 22 
degrees. The latter four were twins of the first 
four and arose from the twin-pairs. If all possible 
had there would 


similar orientations occurred, 
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have been 16 components and fourfold symmetry. 
On the other hand, the eight similar components 
observed by Bowles and Boas [15] and by Sharp 
and Dunn [16] with data on twin-pairs, automati- 
cally comprised a fourfold symmetry group because 
of the observed 30-degree angle of rotation about 
the four (111) axes. 

From a theoretical point of view it is the twofold 
symmetry result of Kronberg and Wilson that is 
particularly challenging. No explanation of this 
result has been given. 

As mentioned previously, the (236) [623] orien- 
tation describes one of the components in the data 
of Kronberg and Wilson (for simplicity we omit 
consideration of the twin component).* The four 
components of the (236) [623]-type are plotted in 
Figure 3. The unobserved (326) [632]-type com- 


FIGURE 3. Stereogram of octahedral poles giving four 
orientations of the (236) [623] type. A: the (236) [623] 
orientation. A: the (236) [623] orientation. @: the (236) 
[623] orientation. O: the (236) [623] orientation. 


ponents, which result by 38-degree opposite-type 
rotations, are plotted in Figure 4. 

To explain the missing (326) [632]-type compo- 
nents in the Kronberg-Wilson result, consider the 
following facts and assumptions: First, it is a fact 
that the cold-rolled texture of suitably prepared 
copper (and also aluminum) consists only of (236) 
[623]-type components as pointed out in the 
previous section. Second, it is a fact that primary 
recrystallization produces a strong (001) [100] 
component—called the cube texture—by a 38 


*The observed twin was described in terms of a 22-degree 
clockwise rotation from the cube orientation about the [111] 


axis: it is exactly the (5 4 20) [20 5 4] orientation. 


= 
t 
623 \ 
\ 
/ \ 
/ 
/ A’ L 
/ 
/ 
‘ p oN 
A GC.0 
\ R.D 
\ a 
\ 
\ 236 
\ “*362 A 
\ é ~ 
\ ~ 
~ \ 
\ 
\ \ 
\ ’ I 
“ 
A \ 4 
~ \ / 
— 
Wh, 


DUNN: SECONDARY 
degree clockwise rotation from (236) [623] to the 
cube orientation, similar relations holding for all 
components of this type. Third, we assume that 
primary recrystallization in copper produces minor 
components with some of them like the major 
components in aluminum. Specifically, we assume 
that there are weak (236) [623]-type components 
in cube texture copper (there are strong (236) [623]- 
type components in the recrystallization texture 


of aluminum).* Fourth, we assume there are 


primaries in the weak (236) [623]-type components, 


Ficure 4. Stereogram of octahedral poles giving four 
orientations of the (326) [632] type. A: the (326) [632] 
orientation. A: the (326) [632] orientation. @: the (326 
(632] orientation. O: the (326) [632] orientation. 
which are large enough to and become 
secondaries. Fifth, we assume that these large 
(236) [623]-type primaries grow into secondaries, 
producing a texture consisting of (236) [623]-type 
components. Therefore, if all the above conditions 
prevail, we do not expect to find (326) [632]-type 
the secondary recrystallization 


grow 


components in 


*Beck [17, 18] has explained in terms of (111) rotations, 
referred to components of the cold-rolled texture of aluminum, 
how recrystallization retains the cold-rolled texture. A counter- 
clockwise rotation of 45 degrees about an axis near [111] of 
(236) [623], an axis approximately 20 degrees clockwise from 
R.D. on ¥. basic circle in Figure 2, roughly converts (236 
(623] into another component of the same type. Actually, this 
relationship is illustrated better with the modified (358) 
[523] orientation of Liu and Hibbard [10] (see their Figure 5). 
An alternate method of producing another component of the 
same type is a clockwise rotation of 40 degrees about an axis 
near [111] of (236) [623], an axis 20 degrees from the center 
of the stereogram of Figure 2 and 90 degrees from the direction 
C.D. (see ref. 18). 
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texture, and thus we have an explanation of the 
twofold symmetry result obtained by Kronberg 
and Wilson. 

In the oriented growth theory one assumes that 
primaries are present in all orientations. Among 
these there are (326) [632]- as well as (236) [623)- 
type primaries. To account for only (236) [623]- 
type secondaries upon further annealing one has to 
somehow eliminate the (326) [632]-type primaries 
along with the rest. Beck [3] has suggested that 
asymmetry in the cube orientation component does 
this 


this, but further proof seems needed for 


argument to be convincing. 


Origin of ‘‘Near (120) [001]’’-Type Secondaries 
in Copper 


It is known that the sharpness of the cube 
texture developed in copper depends on a number 
of factors such as impurity content, penultimate 
grain size, of 
annealing. Variations in the preparation of mater- 


per cent reduction and manner 
ials therefore can account for the observed varia- 
the 


Similarly, we believe these same variations can 


tions in primary recrystallization texture. 
alter minor components of the texture. 

Thus we may produce a texture consisting 
mainly of the cube component, but having among 
other minor components, a “near (120) [001]’’- 
type minor component with suitable large primaries 
capable of growing into “near (120) [001]’’ sec- 
ondaries. (Secondaries in the (120) [001] orienta- 
tion, or near this orientation, have been reported 
by Dahl and Pawleck [19], Kronberg and Wilson 
[12] and Sharp and Dunn [16].) In fact, in the 
particular case at hand we assume such large 
primaries are highly favored over other primaries 
in spite of the fact they do not bear a (111) 
relationship to the cube component. The problem 
is to explain the origin of (120) [001] primaries in 
terms of a (111) relationship to some component 
of the cold-rolled texture. 

Because of spread in the pole figure data, the 
cold-rolled texture is not completely described in 
terms of (236) [623]-type components or equivalent 
expressions. From the oriented-nucleation point 
of view, we may be unable to detect all important 
orientations in the over-all texture. We do know 
that (110) [112] is a stable cold-rolled orientation; 
so the (110) [112] orientation reasonably could be 
present in the cold-rolled texture. Assuming this 
and referring to Figure 5, we note that cold-rolled 
regions in a (110) [112] orientation could recrys- 


tallize and produce “near (120) [001]’’ primaries 
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by a 38 degree rotation about a common [111] 
axis. 

The above explanation of the origin of near 
(120) [001] secondaries by growth of (120) [001] 
primaries is significant only to the extent that the 
(110) [112] orientation in the cold-rolled texture is 
itself significant and worthy of special considera- 
tion in a nucleation process. 


R.D. 


FiGcurRE 5. Formation of a ‘‘near (120) [001]"’ orientation 
from a (110) [112] orientation by a 38-degree rotation about 
an octahedral pole. O: cube poles of the (110) [112] orien- 
tation. @: cube poles of a ‘near (120) [001]’’ orientation. 
A: octahedral pole and axis of rotation. 


Secondary Recrystallization in Aluminum 


Secondary recrystallization in fine-grained alu- 
minum occurs when the primary recrystallization 
texture consists of a strong single orientation 
texture. These conditions are exemplified best in 
fine-grained aluminum produced from single crys- 
tals (20; 21]. 

In the work reported by Beck and Hu [1] there 
is one result of particular interest, because it 
provides a good illustration for both the oriented- 
growth theory and the oriented-nucleation growth- 
selectivity theory. This result (see Figure 5 of 
reference 1) with some additions has been repro- 
duced in Figure 6. 

In making the stereogram, Beck and Hu placed 
one of the cube poles (actually a pole concentration) 
of the primary recrystallization texture at the cen- 
ter of the stereogram. The cold-rolled texture in 
proper relationship was represented by two 
components corresponding to the orientation of the 
cold-rolled crystal and its included deformation 
bands. The secondary recrystallization texture, also 
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in proper relationship, consisted of two compo- 
nents, marked A and B in the stereogram with 
cube poles of individual grains plotted. 

For purposes which will become clear shortly 
we have enclosed the cube pole positions of the 
main component of the cold-rolled texture by 
solid-line circles of 10-degree radius and have 
added another orientation. This orientation, indi- 


FiGcur_E 6. (100)-pole figure for textures obtained in Crystal 
1. (After Beck). C): recrystallization texture. O: main com- 
ponent of deformation texture. (}: deformation bands. 
o: individual secondaries. Large dotted circle gives orientation 
38 degrees from main component of the deformation texture. 


cated by the dotted line circles of 10-degree 
radius, is related to the cold-rolled orientation by 
a 38-degree rotation about the octahedral pole 
marked P in the stereogram. 

Consider these data first from the oriented- 
nucleation point of view. Let Figure 7 represent 
the cold-rolled single crystal with its deformation 
bands (deformation bands are marked D.B. in 
the illustration). Let Figure 8 represent the pri- 


0.B. 
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= 
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FIGURE 7. Diagram of single deformed crystal with included 
deformation band regions. 
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FiGuRE 8. Diagram of primary recrystallization structure 
showing A-, B-, and M-type primaries, the A and B primaries 
being embedded in a matrix of M primaries. 
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DUNN: SECONDARY 
mary recrystallization structure. The structure 
consists mostly of M primaries of nearly the same 
orientation; these are shown in the corner area of 
the figure but otherwise not indicated. We visualize 
also that there are two other kinds of primaries 
marked A and B in the illustration, which are 
imbedded in a matrix of M primaries. They vary 
in size, some being appreciably larger than sur- 
rounding M primaries. 

To specify further these three kinds of primaries 
let us apply appropriate well-known principles. 
For instance, a 38-degree rotation about (111) 
axes of the main component of the cold-rolled 
texture is responsible for both the M and B 
primaries. The M primaries involve a [111] axis 
and many nuclei; the B primaries involve a (111) 
axis shown at P in Figure 6 and few nuclei. Other 
equivalent transformations either do not occur or 
produce only small primaries. The A primaries 
arise, however, by the phenomenon of strain- 
induced grain-boundary migration [22] and require 
D.B. regions of a different orientation for rapid 
boundary movement. Thus, recovery or polygon- 
ization in a small volume adjacent to a D.B. region 
produces a low-energy nucleus of the cold-rolled 
orientation, and further growth at the expense of 
deformed material (a D.B. region) of different 
orientation produces a primary of sufficient size 
for it later to grow and become a secondary. 

On a competitive basis, growth selectivity would 
allow little growth of the M primaries. On the other 
hand, the large primaries of the A and B kind 
could grow into secondaries at the expense of WM 
primaries. The A secondaries obtained in this way 
should be within the orientation spread of the 
cold-rolled crystal. According to Figure 6, many 
secondaries do lie within and near the arbitrary 
10-degree circle; so the agreement seems to be 
good. B secondaries of the kind predicted should 
fall within or near the dotted 10-degree circles of 
Figure 6. Actually, the observed B secondaries 
occur slightly displaced from this position. The 
agreement represented by a 35-degree rotation 
about [111] of the main component of the primary 
recrystallization texture, however, as suggested 
by Beck and Hu, is only slightly better. 

If one looks for an explanation according to the 
oriented-growth theory, one has to visualize a 
primary recrytsallization structure consisting of M 
primaries and other primaries in all possible 
orientations. Such a picture is considerably more 
complicated than the one suggested in Figure 8. 
Furthermore, one immediately runs into the 
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difficulty of trying to account for the missing 
equivalent orientations of secondaries when pri- 
maries are present in all possible orientations. 


Secondary Recrystallization in Fiber Texture 
Material 


From a theoretical point of view it seems pos- 
sible that significant information on the relative 
merits of oriented-growth theory and oriented- 
nucleation theory can be obtained from suitable 
fiber texture data. 

Suppose one has a recrystallized fine-grained 
wire with a [111] fiber texture that is sufficiently 
sharp to include most orientations in a range of 
20-degree spread. Such a situation is illustrated 
schematically in Figure 9 in terms of the position 
of cube poles. 


FicureE 9. {100}-pole figure of [111] fiber texture, which is 
resolved into six preferred orientations. O: a [111] primary in 
preferred orientation 1. @: a [120] primary related to above 
[111] primary by a 38-degree rotation about a (111) axis. 


Suppose also that the wire undergoes secondary 
recrystallization in such a way that during growth 
a secondary consumes primaries in every kind of 
orientation the fiber texture. (This 
requirement eliminates consideration of secondary 
recrystallization in local regions where primaries 
may have a single preferred For 
example, all primaries from a deformed grain may 
occur in a with the [111] 
direction parallel with the wire axis.) 

For purposes of analysis and discussion let us 
resolve the [111] fiber texture into six preferred 
crystal orientations, marked 1, 2, 3, etc. in Figure 
9. A single preferred orientation is represented by 
three {100}-pole symmetrically 
located 55 degrees from the center. 
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If primary recrystallization arises in a cold- 
drawn wire with a sharp [111] fiber texture and by 
40-degree rotations about the [111] axis of indiv- 
idual deformed grains, primaries in orientation | 
of Figure 9 could originate in deformed grains of 
orientations 3 and 5. Conversely, recrystallization 
from regions of orientation 1 could produce orien- 
tations 3 and 5, with [111] the axis of rotation, or 
it could produce a deviating primary in a near 
[120] orientation, as Figure 9, by a 
40-degree rotation about any one of the other 


shown in 


three (111) directions.* 

Let us compare the growth possibilities of a large 
primary in orientation 1, a [111] primary, and the 
[120] primary using two kinds of growth selectivity 
rules. 

In the oriented-growth the 
selectivity rule is that boundary mobility is high 
if the orientation relationship is 40-degree rotation 
about a (111) axis and low for other relationships. 
Therefore, our particular [111] primary (later a 
secondary) has available for good growth only 
primaries in preferred orientations 3 and 5; these 
represent one third of the The [120] 
primary has available for good growth only orien- 
tation 1 primaries; these represent one sixth of the 
matrix. Neither [111] nor [120] primaries (or sec- 
ondaries) should grow well but, of the two, one 
would expect [111] secondaries more often than 
[120] secondaries, because there should be more 
large [111] primaries than [120] primaries and they 
also bear a better over-all relationship for good 
growth. 

In the oriented-nucleation 
theory the growth-selectivity rule is that growth 
is poor for the same and for the twin positions and 
good for other orientations. Therefore, the [111] 
primary has available for good growth orientations 
3, 5, 2, and 6, (two thirds of the matrix), with 
orientations 1 and 4 (being the same and the twin 
orientation, respectively), acting to stop growth. 
On the other hand, the [120] primary is properly 
related to all six preferred orientations for good 


theory growth 


matrix. 


growth-selectivity 


growth; this primary (or secondary) therefore 
should have little difficulty in consuming all the 


[111] primaries. Consequently, one would expect 


*If we use the 38-degree rotation illustrated in Table II of 


the Appendix, three (111) directions are replaced by three 
{1 11 5) directions; this holds for either clockwise or counter- 
clockwise rotations. It follows with this kind of change that a 
5 111] fiber orientation replaces the [111] fiber orientation. 
This new orientation, however, is only about 5 degrees from a 


120] orientation, so [120] is a suitable description of it. 
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from the growth point of view [120] secondaries 
rather than [111] secondaries. The [120] secondaries 
satisfy the criterion of being in deviating orienta- 
tion and of coming from a component which itself 
is very weak. 

Before attempting any comparison with pub- 
lished data it should be remarked that the cold- 
drawn fiber texture usually includes a_ [100] 
component [l4b]. In the Kronberg-Wilson 38- 
degree rotation relationship discussed earlier, 
results showed that every cube pole is replaced by 
a (236) direction. Therefore recrystallization of a 
[100] component by a 38-degree (111) rotation 
can produce nothing but a [236] fiber orientation. 
Since [236] is within 7 degrees of [112], [112] may 
be used to describe such a component. According 
to the argument put forth for growth of [120] 
secondaries, the [112] primaries should represent a 
small fraction of the texture; otherwise, those which 
later become [112] secondaries have difficulty in 
growing. In the absence of suitable [120] oriented 
nuclei and with too strong a [112] component, 
secondary recrystallization should not occur. Under 
such conditions, however, normal grain growth 
should occur with retention of components of the 
primary recrystallization texture. 

The theory that secondaries arise from large 
primaries in a weak component of the primary 
recrystallization texture, provided this component 
is sufficiently weak, could be tested withthe aid 
of quantitative pole figures and microstructures. 
Such data are not available. To some degree of 
certainty, however, published secondary recrys- 
tallization data |23; 24; 14b; 6; 25] point to a 
preponderance of [120] and [112] secondaries or 
secondaries very near these orientations. These 
data, therefore, are in agreement with the above 
predictions of the oriented-nucleation growth- 
selectivity theory and are not in agreement with 
the above predictions of the oriented-growth theory. 


Acknowledgment 


The author is indebted to Dr. W. R. Hibbard 
for a critical review of the manuscript and to 
Drs. D. Turnbull and M. L. Kronberg for helpful 
discussions. 


Appendix 


Any crystallographic direction [uvw] can be 
plotted in a stereogram with the aid of a Wulff 
net if the Wulff-net coordinates of the direction 
are known. With @ expressing latitude position and 


¢ longitude position on the Wulff net, the relation- 


/ 
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ships with the Miller indices for a [001] standard 
projection are 


(1) 6 = cos u/(u? + v? + 


and 


(2) @ = tan w/v 


Illustrative and useful results for plotting 
Figures 1 and 2 of the text are given in Tables I 


and II respectively. (The stereograms in Figures 


TABLE I 


WuLFF-NET CooRDINATES 6 AND ¢ OF DIRECTIONS IN A [001] 
STANDARD PROJECTION 


DO] Col Oil 


bo 

one WI 


1 
1 
2 
2 
2 
2 


WwW Ow 


TABLE II 


WuLFF-NET COORDINATES OF THE CUBE AND OCTAHEDRAL 
PoLes oF (236) [623] AND PARALLEL DIRECTIONS IN (001) [100 


1 0 2 
1 1 
11 
1 l 
1 1 1 5 


*These directions are within 5.2 degrees of [210], [021], and 
[102], respectively. 


1 and 2 are also pole figures because a direction 
[uvw] is parallel to the pole of the (uvw) plane in the 
cubic lattice.) 

In obtaining the results of Table II one assumes 
that (001) [100] is a first orientation and (236) 
[623] is a second one obtained by rotation from the 
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first. The rotation is effected in terms of identifying 
parallel directions and calculating the Wulff-net 
coordinates ([001] of the second 
parallel with [326] of the first, etc.). 

[his procedure is equivalent to the well-known 


orientation is 


one of rotation of céordinates and leads to general 
relationships through use of the transformation 
matrix. Thus a general relationship for parallel 
directions in (001) [100] and (236) [623] is 


(3) 


= — — 3wre): 


+ + 2u (2u2 — 3v. + 


This simple relationship means, of course, that any 
direction whatever the 
designated by rational indices will be parallel to a 


in second orientation 
direction in the first orientation having rational 
indices. For example, the direction [123] in the 
second orientation is parallel to [132] in the first; 
(013] is parallel to [103]; etc. 
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SECONDARY RECRYSTALLIZATION IN ALUMINIUM EXTRUSIONS* 
K. V. GOW 


A detailed study was made of the crystallographic orientations of recrystallised grains in a series 
of extruded and heat-treated rods of commercial and super-pure aluminium. The recrystallization 
texture was invariably a double (113)—(013) and (111) fibre texture. The secondary grains, which 
were found in an annular intermediate zone adjacent to the peripheral zone of the rods, were of the 
(113)-(013) component much scattered. A disproportionately high number of (111) component 
grains were in the intermediate zone and they occurred in long ‘‘strings’’ of grains of closely similar 
orientations. It was shown that grains which turn into secondaries may initially become slightly 
larger than other grains by strain-induced grain boundary migration or by the surface tension inter- 
action of grain boundaries. It was concluded that secondary recrystallization is due to these relatively 
large (113)-—(013) grains encroaching on the strings of (111) grains and that the driving force for 
secondary recrystallization comes from grain boundary energy. 


LA RECRISTALLISATION SECONDAIRE DANS L’ALUMINIUM FILE 


Une étude détaillée a été faite des orientations cristallographiques des grains recristallisés, dans 
une série de barres d’aluminium commercial et de trés haute pureté, filées et soumises 4 un traitement 
thermique. La texture de recristallisation était invariablement une double texture fibreuse (113)-(013) 
et (111). Les grains secondaires, trouvés dans une zone annulaire, intermédiaire, adjacente a la zone 
113)-(013) fort dispersée. Un nombre hors 


périphérique des barres, appartenaient 4 la composante 
trouvait dans la zone intermédiaire; 


de proportion de grains appartenant a la composante (111) se 
ces grains y étaient disposés en longues ‘“‘ficelles’”’ de grains d’orientation similaire. I] fut montré 
que les grains primaires qui deviennent des grains secondaires, peuvent au début devenir légérement 
plus grands que les autres, soit par l’action de la migration des joints intergranulaires induite par la 
déformation, soit par l'interaction des tensions de surface des joints. On en a conclu que la recristallisa- 
tion secondaire est due au fait que les grands grains appartenant a la composante (113)-(013) en- 
vahissent les ficelles des grains (111), et que la force motrice de la recristallisation secondaire provient 
de l’énergie des joints intergranulaires. 


SEKUNDARE REKRISTALLISATION VON ALUMINIUM-STRANGPRESSPROBEN 

\n einer Reihe von ausgepressten und gegliihten Staben von technisch-reinem und héchst-reinem 
Aluminium wurde eine detaillierte Untersuchung der kristallographischen Orientierung des re- 
kristallisierten Kornes vorgenommen. Die Rekristallisationstextur war in allen Fallen eine (113)- 
013) und (111) Doppelfasertextur. Die in einer der peripheren Zone der Stabe benachbarten Ring- 
zone vorkommenden Sekundarkristallite gehérten—mit starken Streuungen—zu der (113)-(013) 
Komponenten. In dieser Zwischenzone befand sich eine unverhidltnismassig grosse Anzahl von 
Kristalliten der (111) Komponenten. Diese traten in langen ‘‘Ketten’’ von Kristalliten sehr 4hnlicher 
Orientierungen auf. Es wurde gezeigt, dass Kristallite, die sich in Sekundarkristallite umwandeln, 
anfangs etwas grésser als die andern Kristallite werden kénnen. Diese Erscheinung geht entweder auf 
eine spannungsbedingte Korngrenzenwanderung oder auf die auf Grund ihrer verschiedenen Ober- 
flachenspannungen mégliche Einwirkung der Korngrenzen aufeinander zuriick. Daraus wurde ge- 
schlossen, dass die sekundare Rekristallisation diesen relativ grossen (113)-(013) Kristalliten, die auf 
die Ketten der (111) Kristallite iibergreifen, zuzuschreiben ist, und dass die Korngrenzenenergie die 
treibende Kraft im sekundaren Rekristallisationsprozess ist. 


particular the growth of extremely large grains 


I. Introduction during heat treatment are of great industrial 
interest. Large grains result in a considerably 
lower proof stress and ultimate stress and a higher 
elongation than is obtained with fine-grained or 


unrecrystallized extruded sections [1]. 


An informative account by Smith [1] of the 
extrusion of aluminium alloys shows that recrys- 
tallization and grain growth are among the most 
important problems encountered in the production 


of extruded sections. Depending on the alloy and 
the extrusion conditions obtaining, it is possible 
for extruded unrecrystallized, 
wholly recrystallized, or recrystallized only in part. 
Heat-treated extruded sections may also be pro- 


products to be 


duced in the above three conditions. 
Since one of the most valuable physical properties 
of extruded aluminium alloys is their high tensile 


strength, the recrystallized grain size, and in 
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Crystallographic fibring parallel to the extrusion 
direction, and strain hardening are responsible 
for the development of the unusually high tensile 
strength in extruded alloys. The fibring effect is 
explained by Boas and Schmid [2] on the basis of 
the three most highly stressed slip systems being 
active and the deformation texture 
being composed of orientations which are stable 
under the action of slip of this kind. That is, the 
rotations due to slip on these systems cancel one 
another when the stable position is reached and 


resulting 


the rod presents a maximum resistance to further 


= 
i= 
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elongation. Boas and Schmid were able in this way 
to account for the (100) and (111) components of 
the tension texture in face-centered cubic metals. 
Kostron [3] and Unckel [4] have the 
deformation texture of extruded aluminium alloys 
of the duralumin type to be a double fibre texture 
with (100) and (111) parallel to the extrusion 
direction. Gow and Cahn [5] report a similar 
deformation texture in extruded rods of commercial 
and super pure aluminium, as do Kostron and 
Schippers in 99.5 per cent aluminium [6]. 
Changes which occur in the deformed metal 


found 


upon annealing result in a lower tensile strength. 
This may be brought about by recovery from 
strain-hardening and by recrystallization. A re- 
crystallization texture similar to the deformation 
texture would be in an orientation stable to the 
action of slip on the principal slip systems. A 
change in texture upon recrystallization would be. 
expected to lower the tensile strength to a greater 
extent. Unckel [7] found by X-ray examination 
that in extruded duralumin alloys the (111)—(100) 
texture remained after heat treatment. It was 
reported recently [5] that the recrystallization 
texture in super-pure and commercial aluminium 
extrusions is different from the 
texture, being a duplex fibre texture with (111) asa 
minor component and a major component ranging 
between (113) and (013). It was found that the 
minor component originated in (111) deformed 
grains, while both (111) (100) deformed 
grains contributed to the major component. 

Upon annealing super-pure aluminium extrus- 


deformation 


and 


ions at a high temperature it was observed [5] 
that extremely large grains of the (113)-(013) 
component, much scattered, appeared in the outer 
layers of the rods. This excessive growth of a limi- 
ted number of grains has been referred to as 
and 


‘“‘secondary recrystallization,’’ ‘‘coarsening”’ 


‘‘abnormal,”’ “‘discontinuous,’’ or “exaggerated”’ 
grain growth. Smith [1] too has observed secondary 
recrystallization after annealing high-purity alu- 
minium extrusions. He that those 
alloys which contain large proportions of insoluble 
compounds are least likely to grow large grains on 
reheating; but alloys of the duralumin type exhibit 
a sudden flashing of grain growth during heat 
treatment as a high proportion of the alloying 
elements are at the solution 
temperature. In all instances these large grains 
occur predominantly in the outer layers of the 


also reports 


treatment 


soluble 


extrusions and grow most rapidly parallel to the 


fibre axis. 


M EXTRUSIONS 


In the the recrystallization 


textures of rods 


present paper 


of commercial and super-pure 


at 
temperatures are reported. The macrostructure of 


aluminium extruded and annealed various 


the specimens after recrystallization is discussed. 
A theory for the origin of secondary grains in 
aluminium extrusions is advanced. It supports the 
idea that growth of secondaries depends princi- 
pally on the surface tension interactions of grain 
boundaries rather than upon some distribution of 
strains among primaries. However, a mechanism 
by which strain primaries 


is proposed among 


could account for some grains becoming apprec- 


iably larger than others, but the driving force for 
of 


secondaries is probably 


subsequent growth these grains into large 
grain boundary energy. 
A theory for the origin of primary grains in re- 


crystallized aluminium extrusions was evolved 


during the course of the present investigation and 


it has been described elsewhere [5; 20]. 


II. Experimental Procedure 


(a) Material 

Rods of super-pure and of commercial alumin- 
ium were extruded. The impurities in the rods 
were determined by spectrographic analysis* of 
sections of the rods adjacent to sections in which 
the recrystallization textures were studied and are 
shown in Table I. 


Extrusion no Me% Si% 


0.02 nil <0.01 0.03 0.007 
2S (Super-pure Al 0.02 nil <0.01 0.02<0.005 
1C (Commercial Al 0.49 <0.005 <0.01 0.23 <0.005 
0.49 < 0.005 <0.01 0.23 <0.005 


1S (Super-pure Al 


2C (Commercial Al 


No difference was found in impurity concentra- 
tion along the radius of the rods. 
(b) Extrusion 

The billets 
diameter cast iron moulds. They were cut to 8 in. 


The 


extrusion were chill-cast in 3 in. 


lengths and machined to 2? in. diameter. 


billets were preheated for 2 hours and extruded 


The 


through a 1 in. diameter die. rods were 


quenched during extrusion by water sprays at the 
die orifice to prevent recrystallization. Extrusions 
were made in a Fielding and Platt 400 tons hori- 


zontal extrusion press in these laboratories.f The 


extrusion conditions are listed in Table II. 


“Courtesy of Imperial Chemical Industries Ltd., Metals 
Division, Kynoch Works, Birmingham 6, England 
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TABLE II 


Pressure 
Temp °C Speed (in./sec)* mm 


(Ibs/sq in. 


Extrusion no. 


0.35- 1000 
0.3: - 1300 
0.3% 1150 
0.3% 2050 


*Speed of ram. 
**\aximum pressure developed. 


(c) Preparation of Specimens 

Specimens about 1} in. long were cut radially 
from the rods with a saw. The ends of these 1-in. 
diameter cylinders were machined and _ then 
etched deeply to remove strained layers. Those 
specimens to be given similar heat treatments were 
cut from identical sections near the middle of the 
48-in. long rods. After annealing, one half of the 
cylinder was carefully machined off to expose a 
longitudinal plane at the centre of the rod. A 
layer about 0.015 in. thick was then removed by 
etching in the Hume-Rothery reagent (Table ITI). 
This method of surface preparation after annealing 
eliminates the possibility of machining strains 
and free surfaces affecting the recrystallization 
process. 
(d) Orientation Determination 

The crystallographic orientations of the grains 
in the specimens were determined by the reflection 
of light from etch pits. A two-circle optical gonio- 
meter was used [8]. The Hume-Rothery etchant 
described in Table III was used to develop the 


(100) etch pits. 


TABLE III 


CuCl, - 
(distilled) 


150 grams.. 
1000 ml 


The surface of the specimen was swabbed with 
this solution and the deposited copper wiped off 
at 30-sec intervals. The amount of etching did not 
affect noticeably the sharpness of the reflection 
from the cubic etch pits. The surface was finally 
brightened by washing it in a 1:1 HNO;-water 
solution. 

(e) Annealing 

The specimens were placed in a Birlec air- 
circulation furnace at the annealing temperature. 
After the annealing period the specimens were 
quenched in water. The annealing conditions for 
the various specimens are given in Table IV. 
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TABLE IV 


Time, 
min. 


Extrusion 
Temp °C 


Annealing 
Temp °C 


Extrusion Specimen 


no. no. 


485 485 150 
485 600 150 
350 350 150 
350 600 150 

485 

600 

350 

600 


1S 1S1 
1S 1S2 
2S 2S1 
2S 2S2 
IC 

1C2 
2C 2Cl 

2C2 


III. Results 


(1) Super-pure Aluminium 


(a) General. An examination of 
section of a super-pure aluminium billet prior to 
extrusion showed the grains to be columnar, 
about } in. to 1 in. in length and 1/20 in. to 3} in. 
in diameter. These columnar grains had grown 
inwards radially, in the billet with (100) parallel 
to the columns. 

Except for secondary grains the relative re- 
obtained at different 


a transverse 


crystallized grain sizes 
extrusion temperatures and pressures, and anneal- 
ing temperatures, appeared to be consistent with 
the ‘‘laws of recrystallization”’ [9]. 

Spectrographic analysis showed the impurity 
concentration along the radius of the extruded rods 
to be uniform. 

(b) Recrystallization Texture. A visual inspection 
of a longitudinal section of the annealed and etched 
super-pure aluminium extrusions that, 
adjacent to the peripheral layers of the rod, there 
was a zone in which a relatively high proportion of 
the recrystallized grains gave a uniform reflection 
of incident light (see Figures la, 1b, lc). Most of 
these grains occurred in long “‘strings’’ which 
were approximately parallel to the extrusion 
direction. Examination of partially recrystallized 
specimens, such as 2S] in Figure lc, showed that 
each string was restricted to a region formerly 
one parent deformed grain. The 
coning inwards in the direction of extrusion which 
can be observed in Figure Ic, is due to the mechan- 
ism of deformation and flow of the columnar 
grains in the billet during extrusion. The grains in 
strings were generally slightly elongated normal to 
the string direction. Other recrystallized grains 
were more nearly equiaxed and showed much 
contrast in their reflection of incident light. 

Thus, for the purpose of texture determination, 
the rod was divided into three longitudinal annular 


showed 


occupied by 
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FiGURE 2. Fibre recrystallization textures in the specimens 
of Fig. 1. The poles represent the extrusion direction. Solid, 
half-solid, and open circles refer to recrystallized grains in the 
core, intermediate and peripheral zones respectively. Poles of 
secondary grains (concentric circles) are numbered to corre- 
spond to numbers on the secondary grains in Figs. 1b and Id 
(a) Specimen 1S1; (b) Specimen 152; (c) Specimen 2S1; 
(d) Specimen 282; (e) Specimen 1C1; (f) Specimen 1C2; 
(g) Specimen 2C2. 


zones; a peripheral zone 5/32 in. wide, an inter- 
5/32 in. 


‘ 


mediate zone wide containing a high 
proportion of the 
3/16 in. radius. Some strings extended into the 


central core and peripheral zones. For each speci- 


‘strings,’’ and the central core of 


men the crystallographic orientaticn of 60 grains 
selected at random, 20 from each zone, are plotted 
in basic stereographic triangles; see Figures 2a 
to 2d. 

It was found that the elongated grains which 
form the strings were of the (111) component. 
The grains in each string had nearly a common 
crystallographic orientation, the difference in ori- 


entation being not more than 3 or 4 degrees for 


110 


FIGURE 3. Super-pure aluminium extrusion No. 2S. The 
poles represent the extrusion direction. Crosses refer to the 
deformed grains; solid, half-solid and open circles as in Fig. 2 
caption. Poles of recrystallized grains bear numbers corre- 
sponding to their parent deformed grains 
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the grains of any one string. Other recrystallized 
grains belong to the (113)—(013) component, which 
is much less sharply defined than the (111) com- 


ponent. Grains in the peripheral zone showed the 


greatest scatter in orientation. An analysis of the 
distribution showed that about 54 per cent of the 
intermediate-zone grains were of the (111) com- 
ponent while only 23 per cent and 13 per cent of 
the peripheral- and core-zone grains, respectively, 
belong to the (111) component. 

The (111) grains in strings were slightly smaller 
than neighbouring (113)—(013) grains, often by a 
factor as great as two. 

The recrystallization textures of extrusion num- 
ber 1S, made at 485°C and annealed at 485°C 
and 600°C, were extrusion 
number 2S, made at annealed at 
350°C and 600°C. 

(c) Secondary Recrystallization. Upon annealing 
for 150 600°C, exaggerated grain 
growth was observed in specimens 1S2 and 2S2 


similar to those of 


350°C 


and 


minutes at 


(Figures 1b and ld). The orientations of these 
large grains are shown in Figures 2b and 2d. It can 
that large secondary 
grains are in the intermediate zones, although 
most have grown into the two neighbouring zones 
to some extent. The orientations of the secondary 
grains are widely scattered throughout the (013)- 
(113) component. 

Grains number 2 and 6 in specimen 2S2 and 


be seen nearly all these 


grain 8 in specimen 1S2 are much larger than the 
other secondary grains and their orientations are 
somewhat further removed from the (113)—(013) 
component than other secondary grains. It can 
be seen that the shape of the grain boundaries of 
the secondary grains is concave with respect to all 
the small grains with which they are in contact. 
Grains 2, 6 and 8 have boundaries concave with 
respect to adjacent, but smaller, secondary grains. 
Grain 8 has grown most rapidly along a string of 
(111 


grow most rapidly in a direction parallel to the 


grains. The secondary grains appear to 


fibre axis, and their grain boundaries migrate 


toward their centres of curvature. 


(2) Commercial Aluminium 


(a) General. Examination of a transverse section 
of a commercial aluminium billet prior to extrusion 
showed 
1/20 to 1 

Except for a uniform coarsening in the inter- 


the grains to be equiaxed and about 
100 in. in diameter. 


mediate zones, the relative recrystallized grain 


sizes in specimens 1C1, 1C2 and 2C2, Figures 
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le, 1f, and 1h respectively, are in accord with the 
general ‘‘laws of recrystallization”’ [9]. 

The shape of the recrystallized grains is jagged 
elongated as compared to the equiaxed grains with 
smoother boundaries in the recrystallized super- 
pure aluminium specimens. 

Specimen 2C1, Figure lg, did not recrystallize 
and illustrate the 
structure of the rod. The deformation gradient 


it serves to “as deformed” 
from the relatively lightly worked central core to 
the heavily deformed peripheral zone is apparent, 
as is the coning inwards of the deformed grains 
in the direction of extrusion and the great elonga- 
tion of the equiaxed grains of the billet. 

Spectrographic analysis showed the impurity 
concentration along the radius of the extruded 
rods to be uniform. 

The speed of extrusion was maintained the same 
as for the super-pure aluminium specimens. The 
extrusion pressures, listed in Table II, show that 
the lower temperature extrusion, 2C, 
more resistant to flow than the other three extru- 


was much 


sions. 

(b) Recrystallization Textures. 
similarly oriented grains observed in the super-pure 
aluminium specimens were much less prominent 
in the commercial aluminium specimens. However, 
a careful visual examination showed that a rela- 
tively high proportion of grains in and near the 
intermediate zone of specimen 2C2 occurred as 
strings of grains which gave a uniform reflection 
of incident light. These grains were not elonga- 
ted normal to the string direction and the strings 
were shorter than those in the super-pure alu- 
minium specimens. The grains in the strings were 
of the (111) component, and the grains of each 


The strings of 


individual string had nearly a common crystallo- 
graphic orientation. 

The same longitudinal zoning system was used 
as for the super-pure aluminium specimens. The 
recrystallization textures found are shown in the 
Figures 2e, 2f The 
texture of specimen 2C2 is the same double (111) 
and (113)—(013) fibre texture found for the super- 
pure aluminium specimens, but the disproportion- 
ately high concentration of (111) grains in the 
intermediate zone is lacking. The almost complete 
disappearance of the (111) component in specimens 


pole figures in and 2g. 


1Cl and 1C2 is striking. The macrostructures of 


these two specimens, Figures le and If, show 
unusually large grains in and near the intermediate 
zone. The orientations of many of these grains 


were determined and they are of the (113)—(013) 
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component. Relatively large grains have also 
grown in the intermediate zone of specimen 2C2. 
The ratio of grain size in the intermediate and 
peripheral zones to that in the central core is about 
the same in specimens 2C2, 1C1, and 1C2. 

(c) Secondary Recrystallization. Exaggerated grain 
growth, on the same scale as in the super-pure 
aluminium, not the 
aluminium specimens. The relatively large (113)- 


did occur in commercial 
(013) grains in the intermediate zones of these 


specimens are the result of a uniform coarsening. 


IV. Discussion of Results 


The recrystallization textures of extruded rods 


of super-pure and commercial aluminium are 
shown to be similar. No attempt was made to 
obtain annealing conditions which would result in 
the true primary recrystallization structure. Thus, 
grains other than the large secondaries are not 
referred to as primaries, since they must have 
undergone normal growth after primary recrystal- 
lization. Different extrusion and annealing tem- 
the different impurity 


caused no fundamental changes in the recrystal- 


peratures and contents 
lization texture; but the size of the grains other 
than the secondaries, was affected in a 
which is consistent with the well known “laws of 
recrystallization”’ [9]. The uniform distribution of 


manner 


impurities in the rods shows that heterogeneity 
of composition is not a factor in the phenomena 
observed. 

The disproportionately high concentration of 
(111) the 
zone of the super-pure aluminium rods is probably 
related to the initial the parent 
grains in the billet and to the type and amount of 


recrystallized grains in intermediate 


orientation of 
deformation which the grains in this zone undergo 
during extrusion. The occurrence of (111) grains 
in “‘strings’’ has been attributed to the presence 
of bands the (111) deformed 


deformation in 
grains [5]. 

In the commercial aluminium specimen, 2C2, 
the (111) component in the intermediate 
appears weaker than in the super-pure aluminium 


zone 


specimens. However, many small strings of (111) 


grains were observed in and near the intermediate 
zone and their presence can probably be explained 
in the same way as for the super-pure aluminium. 
The finer grain size of the commercial aluminium 
billets and the fine recrystallized grain size, which 
resulted in a much smaller proportion of grain 
orientations being determined, could account for 
the difference. 


M EXTRUSIONS 101 


In specimens 1C1 and 1C2 the disappearance 
of the (111) component can probably be attributed 
to the of the (113)—(013) 
grains in the intermediate zone. In the super-pure 


uniform coarsening 
aluminium specimens 182 and 2S2 it can be seen 
that further growth of the (113)—(013 
would result in their consuming all (111) grains 


secondaries 


in the intermediate zone. This is discussed more 
fully below. 

A number of theories on the origin of secondary 
grains have been advanced [9]. In general the main 
point of conjecture is whether secondaries depend 
principally on (a) the surface tension interaction 
of grain boundaries, or (6) some distribution of 
Burke and Turnbull [9] 
state that there is now fairly convincing evidence 


strains among primaries. 


that the driving energy for secondary recrystalliza- 
tion is surface energy rather than strain energy. In 
a recent investigation of secondary recrystallization 
in cold-rolled single crystals of silicon iron [10], 
Dunn concluded that secondaries originate when 
large 
deviating markedly from the primary recrystalli- 


relatively primary grains in orientations 
zation texture turn into secondary grains having 
specific preferred orientations and that the driving 
force for secondary recrystallization comes from 
grain the 


conditions to be met by primaries if they are to 


boundary energy. Dunn summarizes 
become secondaries as follows: 


1. They must have deviating orientations 
referred to the average orientation of the primary 
structure. 

2. They 


average primaries unless neighbouring grains have 


must be appreciably larger than 
higher energy due to some form of strain. 

3. Regardless of strain differences they must 
have among them the orientations observed for 
secondaries. 

In the following section it is shown that. in 
extruded aluminium secondaries may originate 
a mechanism funda- 
to 


account for the origin of secondaries in cold-rolled 


in two different ways: by (a 
mentally similar to that proposed by Dunn 
silicon iron single crystals, and (6) growth in a 
non-uniformly strained matrix of primaries: 

(a) In the pole figures, 2a, 2b, 2c and 2d, for 
super-pure aluminium, the (113)—(013) component 
grains have considerable scatter in orientation, 
while the (111) grains have a relatively sharp 
texture. A strong preferred orientation inhibits the 
growth of grains that result from primary recrys- 
tallization because, as Beck and Hu [11] point out, 
the 


grain boundaries between grains of nearly 


+ 
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same crystallographic orientation migrate only with 
difficulty. Thus the larger orientation differences 
between neighbouring (113)—(013) grains result in 
their having a higher grain boundary migration 
rate than the (111) grains which are adjacent to 
each other in strings. This could account for the 
(113)—(013) grains being slightly larger than the 
(111) grains, since by the process of normal grain 
growth the former can encroach more readily on 
their (113)—(013) component neighbours. 

Some (113)—(013) grains are in contact with 
smaller (111) grains and because of the large 
difference in orientation the boundary 
joining them has a high energy and thus is very 
mobile. Since the (113)—(013) grains are often as 
much as two or three times the diameter of an adja- 
cent (111) grain, this size difference provides the 
larger grains with the ability to encroach on their 
smaller (111) neighbours [10]. This is due to the 
fact that curved grain boundaries between undis- 


grain 


torted grains migrate toward their centres of curva- 
ture [12]. Harker and Parker [13] have shown how 
a large grain can have its boundaries concave 
outwards if it is bordered by small grains. The 
curved grain boundaries of the secondary grains in 
specimens 1S2 and 2S2 provide an example of 


this. 

A (113)-(013) grain, in such a position that it 
can encroach rapidly on a string of (111) grains, 
will soon reach a size that will permit it to grow 
with respect to adjacent (113)—(013) grains which 
were not so favourably situated for growth. Such 
a grain can grow rapidly by consuming all its 
smaller neighbours irrespective of their orientation, 
and if annealing is continued at a sufficiently 
high temperature, secondary recrystallization takes 
place. 

Several secondary grains may form in a certain 
region, as illustrated in specimen 2S2, and some 
may be much larger than others. Grains 2 and 6 
have boundaries concave with respect to their 
neighbouring secondary grains 3, 5, and 7. Thus 
it would be expected that had annealing been 
continued 2 and 6 would eventually have swallowed 
up the smaller secondary grains. That grains 2 and 
6 have been particularly favoured as potential 
secondary grains after their nucleation as primaries 
is shown by their orientations, Figure 2d, which lie 
far removed from the (111) strings and from the 
centre of their own (113)-(013) component. 
There is, therefore, a larger orientation difference 
between these two grains and their neighbours 
than there is between most other grains. They also 
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lie in the intermediate zone, close to (111) strings. 
The orientational relationship between grains 2 
and 6 and the (111) grains corresponds to a rotation 
of about 46 degrees around a (111) axis. Such a 
relationship is believed to give the highest grain 
boundary mobility in face-centered cubic metals 
(5; 8; 14]. 

(6) A second means by which a (113)—(013) 
grain may become considerably larger than its 
neighbours is strain-induced grain boundary mi- 
gration. 

Gow and Cahn [5] have shown that the major 
(113)-(013) recrystallization component in super- 
pure aluminium extrusions is derived from both 
(111) and (100) deformed grains by mean rotations 
of 46 degrees and 22 degrees respectively about 
(111) axes of the deformed grains, while the minor 
(111) recrystallization component is derived by a 
mean rotation of 46 degrees about the (111) axis 
which lies parallel to the fibre axis in (111) de- 
formed grains. 

It can be shown on a standard cubic stereo- 
graphic projection that if a (100) deformed grain 
with perfect cubic alignment recrystallizes and the 
new grains are related to the deformed grain by 
22-degree rotations about (111) axes, then the 
crystallographic direction in the new grain which 
is parallel to the extrusion direction lies on the 
(110) zone about 1 degree from the (114). Simi- 
larly, recrystallized grains related by a 46-degree 
rotation about (111) axes of a perfectly aligned 
(111) deformed grain can be shown to form the 
(013) component if they rotate about any one of 
the three (111) axes not parallel to the fibre axis, 
and to form a (111) component if they rotate 
about the (111) axis that is parallel to the fibre 
axis. Thus the ideal texture for recrystallized 
grains related to perfectly aligned parent (100) 
and (111) deformed grains by rotations of 22 
degrees and 46 degrees respectively about (111) 
axes, may be described as a triple (111)—(013)- 
(114) fibre recrystallization texture. 

An investigation [5] of the orientations of re- 
crystallized grains derived from (100) and (111) 
deformed grains in super-pure aluminium extru- 
sions was carried out (see Figure 3). It was shown 
that most recrystallized grains with (100) parent 
deformed grains had orientations near the (113) 
with some scatter along the (110) zone and toward 
the (013). Recrystallized grains with (111) parent 
deformed grains had orientations either near the 
(013) with scatter toward (113) and (012), or near 
the (111). 
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Gow and Cahn also observed [5] that the (111) 
deformed grains had recrystallized completely 
before the (100) deformed grains had begun to 
do so. They postulate that the (111) deformed 
grains are more highly distorted than the (100) 
deformed grains. Rathenau and Custers [15] and 
Tiedema [16] have envisaged a straining of early- 
forming primaries through release of unbalanced 
stresses, with only the last-forming 
free of strain. Strain-free primaries can grow at the 
expense of strained ones [14]. Thus the last- 
forming (113) primaries from (100) 
deformed grains are likely to have a lower strain 
energy than early forming (013) and (111) primar- 
ies. These strain-free (113) grains could grow at the 
expense of neighbouring (013) grains, in spite of the 
small orientation difference between them, and 
also at the expense of (111) grains. In this way it is 
possible for a (113) grain to become considerably 
larger than its neighbours and eventually to attain 


primaries 


derived 


the status of a secondary grain. 

Specimens 182 and 2S2 contain several smaller 
1, 3, 5, 10 and 11, which have 
orientations near (113). For the present discussion 
it is assumed that they are derived from (100) 
deformed grains; but it is possible that they may 
be derived from (111) grains, since, as shown in 


secondaries, Nos. 


Figure 3, some grains of such an origin are scattered 
toward the (113). It is significant that these smaller 
secondaries occur only in the intermediate and 


the (111) 
indicate 


peripheral where strings are 
concentrated. that (113) 
grains, which eventually become secondaries, may 
grow slightly larger than their neighbours by 
strain-induced grain boundary migration, but that 
their 


zones 


This could 


surface tension interaction leads to con- 
tinued growth into very large grains when they 
come into contact with (111) strings. 

If surface tension is the main driving force for 
growth, then the shape of the boundaries of the 
(013) secondaries, 2 and 6, in Figure ld, is such 
that they can the smaller (113) 
secondaries 3 and 5. If 3 and 5 are less strained than 
2 and 6, and strain energy is the main driving force 


for growth, then the former may be encroaching on 


encroach on 


the two larger secondaries since the boundary of a 
strain-free grain encroaching on a strained one 
migrates away from centre curvature. 
However, when this type of growth occurs, the 
boundary usually moves in an irregular jagged 
front, and the boundaries between grains 5 and 6, 
and between 2 and 3 are smooth [14]. Therefore it 
is likely that if annealing were continued, grains 


its of 
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2 and 6 would swallow up the smaller grains 3 and 
5 and that surface tension is a greater driving 
force for grain growth than strain difference. 
That (113) secondaries 
secondaries with (111 
would be expected since the orientational relation- 
ship between (113) grains and the (111 
less favourable for rapid growth, being far removed 


than 


grains 


the are smaller 


parent deformed 
strings is 
from the ideal relationship of about 46 degrees 
around a (111) axis. 

The (113 


develop into secondaries by surface-tension inter- 


grains can become large enough to 


action of grain boundaries as well as by strain- 
induced grain boundary migration. Since the (100 
grains are 
(111 
formed grains [5], they recrystallize more slowly 
than the latter. Thus, the (100 
are likely to have fewer nuclei for primary recrys- 
tallization than the more highly strained (111) 


deformed. grains, from which the (113 


derived, are less highly strained than de- 


deformed grains 
grains and consequently will recrystallize to a 


larger grain At the 
parent grains there will be relatively large (113 


size. boundaries between 


primaries bordering small (111) primaries, which 
is the condition required for them to be able to 
grow into secondaries by surface-tension inter- 
action of grain boundaries. 

It has 
grain boundary migration might lead to secondary 
recrystallization but that it is likely to be of very 
minor to 
forces. As Burke and Turnbull [9] point out, it 


seems unlikely that strains of the order of magni- 


been shown above how strain-induced 


importance compared surface-tension 


tude required for conventional nucleation could be 
retained in the specimen after primary recrystal- 
lization. 

The above explanations for the origin of second- 
aries in super-pure aluminium extrusions can also 
account for the large grains in the intermediate 
zones the 
The more uniform coarsening, as compared to the 


of commercial aluminium extrusions. 
development of a few very large grains in the 
super-pure aluminium, is probably due to the much 
larger impurity content of the commercial alu- 
minium. These impurities inhibit grain boundary 
migration, and their effect can be seen in the 
jagged and elongated shape of the grains. 

Burgers and Sandee [17] have shown that cold- 
drawn commercial aluminium wire has a strong 
(111 
(100). After primary 


annealing at a high temperature, a pronounced 


fibre deformation texture, with a trace of 


recrystallization, and upon 


uniform coarsening took place and these secondary 
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crystals, about 2 


mm long, had a (012) texture. 
The primary recrystallization texture of aluminium 
wire is usually reported to be a (111) fibre texture 
[8]. The results of the present investigation would 
appear to indicate that some primaries in alumin- 
ium wire attain a texture close to the (013) by 
rotations about (111) axes of the deformed. grains 
which are not parallel to the fibre axis. Primary 
(013) grains with orientations scattered toward the 
(012) then grow into secondary grains, upon high- 
temperature annealing, by encroaching on the 
abundant (111) primary grains. 

An extruded and heat-treated rod of duralumin 
(3.9% Cu, 0.41% Mn, 0.96% Mg, 0.51% Fe, 
0.35% Si), under closely 


produced conditions 


similar to the present specimens, had large second- 


ary grains occupying its whole cross section [18]. 
The largest of these grains were in the intermediate 
and peripheral zones. The crystallographic orien- 
tations of thirty secondaries were determined on 
the optical goniometer and they were found to be 
scattered about the (012) direction. As noted 
previously [3; 4], duralumin-type alloy extrusions 
have been found to have a double (111)—(100) 
fibre deformation texture. Thus it is probable that 
the same mechanism for the formation of primary 
textures and the growth of secondaries exists in 
super-pure aluminium. The 
flashing of secondary grain growth in 


duralumin as in 
sudden 
duralumin alloys during heat treatment can be 
associated with partial solution of the alloying 
elements at grain boundaries at the solution 
treatment temperature [19]. The alloying element 
inclusions hold up motion of most boundaries but 
a few grains are either sufficiently large to grow or 
the density of inclusions on their boundaries is 
insufficient to retard their growth. The appearance 
of secondaries in the outer layers of the extrusions 
and their rapid growth parallel to the extrusion 
direction is consistent with the theory that these 
secondaries grow most rapidly by encroaching on 
(111) strings due to surface-tension interaction of 
grain boundaries. 

Smith [1] has shown that in extrusion billets 
there is an annular zone in which the metal is 
subjected to high during 
In the extruded section the centre of 


very shear stresses 
extrusion. 
this zone of heavy shear occupies a region which 
corresponds to the intermediate zone of the present 
specimens. Smith states that it is the conditions 
giving rise to this zone which present most of the 


problems associated with the production of alu- 
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minium alloy extrusions, and shows that it is the 
zone in which secondary recrystallization occurs 
most readily. He explains the presence of secondary 
grains in this zone by assuming that it contains a 
region of critical strain in which the degree of 
strain is particularly favourable for exaggerated 
grain growth. The results of the present investiga- 
tion that secondary recrystallization is 
probably due to the disproportionately high 
concentration of strings of (111) component 
grains in this zone, and that the growth of second- 
aries takes place by the surface-tension interaction 
of grain boundaries rather than by some distribu- 
tion of strains among primaries. 

Smith [1] describes methods which have been 
used in industry to prevent secondary recrystal- 
lization. They are often designed to modify the 
nature of the flow of metal during extrusion with 


show 


the idea of relieving or preventing some critical 
strain in the extruded sections. The present results 
seem to indicate that such methods will be success- 
ful only in so far as they are effective in changing 
the distribution of, the (111) 
component deformed produce a 
disproportionately high percentage of (111) com- 
ponent recrystallized grains in strings in the outer 
layers of the extruded sections. 


or eliminating, 


grains which 


V. Summary and Conclusions 


The recrystallization textures of a series of super- 
pure and commercial aluminium rods, extruded and 
annealed at various temperatures, were determined. 
Similar double (113)—(013) and (111) fibre tex- 
tures were found in all instances. Thus, neither the 
additional impurities in the commercial aluminium 
nor the different temperatures of extrusion and 
annealing brought about fundamental changes in 
the recrystallization process. 

The normal recrystallized grain were 
consistent with the “laws of recrystallization.”’ 

The (111) recrystallized grains occurred most 
abundantly in the intermediate zones of the 
specimens and were generally in the form of long 
“strings” of grains with closely similar crystallo- 
graphic orientations. Secondary recrystallization 
took place most profusely in the intermediate 
zones and the secondary grains 
belong to the (113)—(013) component. This accounts 


sizes 


were found to 


for the relative weakness of the (111) component 
in specimens annealed at higher temperatures, for 
it is shown that secondary recrystallization takes 
relatively large (113)—(013) grains 


place when 


GOW: 


encroach on strings of (111) grains in the inter- 
mediate zone. 

The growth of a few favourably situated primary 
grains to a size slightly larger than their neighbours, 
which is necessarily the origin of secondaries, is 
attributed to two possible mechanisms: the surface 
tension interaction of grain boundaries and strain- 
induced grain boundary migration. It is concluded, 
however, that subsequent growth of both types of 
large grains into secondaries is due to surface- 
tension interaction of grain boundaries and not to 
strain energy. 
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EFFECT OF COLD WORK ON THE MAGNETIC SUSCEPTIBILITY OF 
COPPER AND ALUMINUM* 


J. D. McCLELLANDt 


The susceptibilities of copper and aluminum have been measured as a function of cold work. 
Spectroscopically-pure samples were cold-worked both by rolling and compression. A Faraday 
method was used to determine the specific susceptibility and the mass concentration of the ferro- 
magnetic contaminant simultaneously. No changes were noted in either metal. It is pointed out that 
trace amounts of ferromagnetic impurity accidentally picked up during the cold working process 
would result in large apparent changes in the observed susceptibility. This might account for the 
changes reported previously by other workers. 


L’EFFET DE L’ECROUISSAGE SUR LA SUSCEPTIBILITE MAGNETIQUE 
DU CUIVRE ET DE L’ALUMINIUM 

On a mesuré les susceptibilités magnétiques du cuivre et de l’aluminium en fonction du degré 
d’écrouissage. Des échantillons spectrographiquement purs ont été écrouis par laminage et par 
compression. Une méthode de Faraday fut employée pour la détermination simultanée de la sus- 
ceptibilité spécifique et de la concentration de l’impureté ferromagnétique. Aucun changement n'a 
été constaté dans ces deux métaux. On souligne le fait que des traces d’impuretés ferromagnétiques, 
introduites accidentellement quand on procéde 4 I’écrouissage, peuvent provoquer de grands change- 
ments apparents dans la susceptibilité observée. Ceci peut expliquer les changements que d'autres 
chercheurs ont rapportés antérieurement. 


DIE WIRKUNG DER KALTBEARBEITUNG AUF DIE MAGNETISCHE 
SUSZEPTIBILITAT VON KUPFER UND ALUMINIUM 

Die Suszeptibilitaten von Kupfer und Aluminium wurden als Funktion der Kaltbearbeitung 
gemessen. Spektroskopisch reine Proben wurden durch Walzen und durch Kompression kaltbear- 
beitet. Mit Hilfe einer Faraday-Methode wurde die spezifische Suszeptibilitat und die Konzentration 
der ferromagnetischen Verunreinigung gleichzeitig gemessen. In keiner Probe zeigten sich Ander- 
ungen. Es wird gezeigt, dass Spuren von wahrend der _Kaltbearbeitung ungewollt aufgenommenen 
ferromagnetischen Verunreinigungen grosse scheinbare Anderungen in der gemessenen Suszeptibilitat 
hervorrufen wiirden. Diese Erscheinung mag die von anderen Authoren berichteten Veranderungen 
erklaren. 


area of a copper wire was found to increase the 


Introduction susceptibility by 14 cent while a_ similar 


reduction in aluminum produced a decrease of 10 


per 


The effect of cold work upon the magnetic 


susceptibility of pure metals has been the subject 
of several investigations. Bitter [1] reported that 
small amounts of cold work drastically changed the 
susceptibility of copper and silver in the direction 
of increasing paramagnetism, and Lowance and 
Constant [2] observed the same effect in bismuth 
and platinum as well as in copper and silver. Banta 
[3], however, was unable to observe this effect in 
copper. Furthermore, by studying the field depen- 
dence of the susceptibility, Kussmand and See- 
man [4] were able to show that apparent changes 
noted in the case of copper, silver, and bismuth 
could be attributed to the presence of traces of 
ferromagnetic impurity, presumably iron. At the 
same time they found no apparent change in the 
case of aluminum, gold, zinc, wolfram, and molyb- 
denum. More recently, Reekie and Hutchison [5] 
reported that while copper became more paramag- 
netic upon cold work, aluminum became less para- 
magnetic. In particular, a 20 per cent reduction in 
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per cent. 

With the exception of the work of Kussmand and 
Seeman, all of the work previously mentioned has 
been done using the Gouy method with no attempt 


being made to determine the exact amount of 


ferromagnetic impurities The use of 
spectroscopically-pure samples does not preclude 
the possibility of the accidental pickup of ferro- 
magnetic contaminant during the cold work 
process. This is especially true if the samples are 
drawn through steel dies as is commonly done. 
It has been our experience in this laboratory that 
cursory handling of the samples during preparation 
is sufficient to impart an impurity mass concentra- 
tion as high as one part per million to the samples. 
In the case of copper the presence of such a trace 
amount of impurity may change the susceptibility 
by 50 per cent when using a Gouy-type apparatus 
at 10,000 oersteds. The limitations of the Gouy 
method in detecting such small amounts of iron is 
well known [6; 7]. It seems imperative, therefore, 
that the measurements on copper and aluminum 
be made using a method in which both the sus- 


present. 


McCLELLAND: 


ceptibility and the ferromagnetic impurity con- 
centration can be measured simultaneously. 

Such measurements can be made using a Faraday- 
apparatus which differs from the Gouy 
method in that the whole sample is placed in the 
field. This enables one to eliminate 
unambiguously the contribution of 
ferromagnetic contaminant by its dependence on 
the magnetic field. Following the classic method of 
Honda and Owen [7], the relation between the 
apparent susceptibility and the true susceptibility 


type 


magnetic 
unwanted 


is given by: 


x(apparent) = 


Co 
x(true) + — 
H 


where c is the mass concentration of the impurity 
in parts per million, o is its saturation magnetiza- 
tion, and H is the magnetic field strength. By 
measuring the susceptibility at several field 
strengths and plotting these values against 1/H, 
the resulting straight line can be extrapolated to 
yield x(true) while the mass concentration of the 
ferromagnetic contaminant can be determined 
from the slope. 

Observations on copper and aluminum making 
use of such a method indicated that no changes in 


the susceptibility occurred during cold work. 


Experimental 


The apparatus used is that reported by Donoghue 
[6] in which contoured pole pieces are used to 
generate a constant force on the sample placed 
between them. The force on the sample is measured 
by means of an electrodynamic balance. The 
susceptibility is measured at four widely separated 
field strengths, and the true susceptibility as well 
as the mass concentration of the ferromagnetic 
impurity is determined from the resulting Honda- 
Owen plot. In order to insure that o has a constant 
value, fields are employed which range from 
8,500 to 16,000 oersteds. Donoghue [6] has shown 
that if the apparatus is calibrated correctly the 
true susceptibility should be independent of the 


ferromagnetic contaminant present. 


amount of 
To test this, the susceptibility of a piece of copper 
which inadvertently has picked up some ferro- 
magnetic contamination during the cold-working 
process was determined. A true susceptibility of 
.0857 was found with an impurity present in the 
concentration of 1.1 parts per million assessed as 
iron with a specific saturation magnetization of 
220 ergs/gauss. The sample was then etched in 
HCI which removed the surface iron but did not 


SUSCEPTIBILITY $07 


react with the copper. The susceptibility was deter- 
mined once again and a value of .0862 with an 
impurity concentration less than .1 part per million 
was found. Figure 1 shows the two sets of data. 
The difference between the two values of x(true) 
is well within the experimental error. 


SPECIFIC SUSCEPTIBILITY 
} 
° 
@ 


4 
INVERSE FIELD STRENGTH « 10° 
(OERSTEDS)~' 


FIGURE 1. Variation of susceptibility with inverse 


strength. 


The metals studied were obtained from Johnson 
Matthey Company and were stated to be spectro- 
scopically pure. The samples were first annealed 
at 550°C for 


strains, and then etched in nitric acid. The specific 


three hours to remove internal 
susceptibility of each sample was determined at 
room temperature. The samples were then cold- 
worked. One set of samples was subjected to 
compression using a power press while a second set 
of samples was cold-worked by rolling. In all cases 
the samples were placed between either copper or 
molybdenum sheets to prevent picking up iron 
contaminant during the cold-work process. The 
samples were re-formed to a suitable size and the 
susceptibility was measured within a 15-minute 
period. They then heated in a 


furnace to 550°C for three hours, after which the 


were vacuum 
susceptibility was redetermined. The results are 
shown in Table I where the degree of cold work is 
represented by the percentage decrease in area of 
the sample. The apparent ferromagnetic concentra- 
tion, taken as iron, is shown in the parenthesis. 
As noted, the iron content did not change apprec- 
iably during the cold work, with the exception of 


MAGNET) C 
| 
CO6O }- + 4 
| | 
| 
| | | 
-0.090 
2 
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TABLE | 


CHANGE IN SUSCEPTIBILITY DURING COLD WORK 


( 


Cold-worked Re-annealed 
— .0858 (.1) —.0862 (.1) 
— .0862 (1.1) —.0863 (.1) 
+ .609 (.1) + .607 (.1) 


\nnealed 
— .0858 (.1 
— .0856 (.1) 
+ .608 (.1 


Metal 
Copper 22 
Copper 98 
Aluminum 97 


Reduction 


Com pression 


Susceptibility 10 

Cold-worked Re-annealed 
—.0860 (.1) —.0856 (.1) 
+ .603 (.2) + .608 (.1) 


Annealed 
— .0856 (.1) 
+ .607 (.1) 


Metal reduction 


Copper 96 
Aluminum 97 


*Relative mass concentration of the ferromagnetic im- 
purity present expressed in parts per million is given in the 
parenthesis. 


the compressed This increase can be 
attributed to the inadvertent use of iron tools to 


re-form the sample after cold work. This iron was 


copper. 


removed by etching in hydrochloric acid which 
reduced the iron concentration to its previous value 
but left the value of the susceptibility unaltered, as 
was previously shown in Figure 1. The values of 


susceptibility reported have a precision of 1 per 
cent while the iron concentrations can be deter- 
mined to within .1 ppm. 


Conclusions 


In order to determine precisely changes in the 
susceptibility produced by cold work, one must 
eliminate any effects due to the presence of trace 
amounts of ferromagnetic impurities. The use of 
itself not 
those observers who 


spectroscopically-pure material is in 
sufficient. In the 
reported changes toward increasing paramagnetism, 
no attempt was made to determine accurately the 
presence of iron. It is noteworthy that in the cases, 
including the present study, where care was taken 
to eliminate the effect of such impurities, no 


case of 
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change in susceptibility was noted. The exception 
to this was the work of Shimizu [8]. However, in 
this case the copper which was studied was para- 
magnetic at high fields, indicating the presence of 
extremely large amounts of iron. This would yield 
very steep slopes with a corresponding loss of 
accuracy. 

The presence of an undetected ferromagnetic 
contaminant might explain the observations of 
Reekie and Hutchison that progressive etching of 
cold-worked copper restored the original value of 
susceptibility [5]. In this case the etching would 
remove the surface iron contamination, producing 
an apparent change. The changes involved would 
require the presence of less than one-half part per 
million of iron, which would be difficult to observe 
unless a Honda-Owen plot was made. The apparent 
decrease in paramagnetism in aluminum as obser- 
ved by Reekie and Hutchsion cannot be explained 
by the presence of such contaminants. It may be 
pointed out, however, that no such decrease in 
aluminum was noted by Kussmand. 
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EVOLUTION DES ALLIAGES ALUMINIUM-CUIVRE PAR CHAUFFAGE 
DANS LE VIDE* 


N. TAKAHASHI ET J.-J. TRILLATt 


1. En utilisant des films composites formés de couches superposées de Cu et Al, il est possible 
d’obtenir, par chauffage dans le vide, des cristaux uniques de CuAlz, CuAl et CusAl, observables par 


diffraction électronique. 


2. Les différentes structures du film résultant de l’interdiffusion des atomes Cu et Al peuvent étre 


aisément étudiées. 


3. Il existe des relations d’épitaxie entre CuAl, et CuAl, ainsi qu’entre CuAl et CusAl,. 


MODIFICATIONS IN ALUMINIUM-COPPER 


ALLOYS ON HEATING IN VACUUM 


1. Using composite films formed by superimposed layers of Cu and Al, it is possible to obtain, by 
heating in vacuum, single crystals of CuAls, CuAl and CuoAly, that can be observed by electron 


diffraction. 


2. The different structures of the film, resulting from interdiffusion of Cu and Al atoms, can be 


easily studied. 


3. There appear to be relations of epitaxis between CuAl, and CuAl, as well as between CuAl and 


CusAl,. 


VERANDERUNGEN IN ALUMINIUM-KUPFER LEGIERUNGEN BEIM ERHITZEN 
IM VAKUUM 
1. CuAl-, CuAl- und CusAk Einkristalle lassen sich durch Vakuumerhitzen eines Films von 
tibereinander abgeschiedenen Schichten von Cu und Al herstellen und durch Elektronenbeugung 


nachweisen. 


2. Die verschiedenen, durch die Interdiffusion der Cu- und Al-Atome entstehenden Filmstrukturen 


lassen sich leicht untersuchen. 


3. Sowohl zwischen CuAl, und CuAl als auch zwischen CuAl und CusAk scheinen Epitaxialbezieh- 


ungen zu bestehen. 


Introduction 


Nous avons étudié antérieurement, par diffrac- 
tion électronique, la structure des alliages Alu- 
minium-Cuivre et nous avons constaté que cette 
permet de suivre 
transformation des différentes phases obtenues par 
chauffage dans le vide [1]. Nous avons pu ainsi 
montrer que le film composite obtenu par évapora- 
tion simultanée dans le vide des deux métaux et 
condensation a température ambiante sur une 
surface fraichement clivée de sel gemme était en 
général hors d’équilibre et que, par chauffage 


méthode l’apparition et la 


ultérieur dans le vide ou par vieillissement a la 


température ambiante, il donnait naissance a 
des phases bien cristallisées [2-6]. 

Le film initial instable correspond a une structure 
a grains trés fins et mal cristallisés caractérisée 
par des anneaux flous; la maille est intermédiaire 
a celle des métaux constituants. 

Les expériences décrites dans ce travail ont 
consisté essentiellement a chauffer dans le vide 
un film Al + Cu obtenu cette fois par évaporation 
successive deux métaux et condensation a 
température ambiante sur un support amorphe 
tel que du parlodion [6]. Dans ces conditions, le 


des 
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film initialement obtenu est un mélange de cristaux 
d’aluminium et de cuivre et fournit, par diffraction 
électronique, les anneaux caractéristiques des deux 
métaux; ce film évolue dans le vide en fonction de la 
température et du temps, en donnant, par suite de 
la diffusion des atomes, divers types d’alliages. Les 
cristaux des composés intermétalliques qui appar- 
aissent dans ce cas ont en général des dimensions 
suffisantes pour donner lieu a des diagrammes de 
cristal unique 


diffraction électronique du_ type 


(dimensions comprises entre un et 10 microns). 
Cette méthode de préparation se rapproche de 
celle qui est utilisée dans la métallurgie des poudres 
(frittage); les vitesses de réaction sont cependant 
beaucoup plus grandes du fait de l’épaisseur trés 
film centaines 


d’Angstréms). I] 


faible du composite (quelques 


devient donc ainsi possible de 


suivre et d’enregistrer les détails des transforma- 


tions, et ceci dans un temps trés court. 


Méthode Expérimentale 


La méthode utilisée pour la préparation du film 
composite est basée sur celle qui a été décrite dans 
nos précédents travaux [2; 3; 4]. Chaque métal est 


évaporé successivement par chauffage sous vide 


dans deux petits fours constitués par une spirale 
Afin d’obtenir un film od 
initialement différ- 


de tungsténe (fig. 1). 


les deux métaux soient bien 


enciés, il est préférable d’employer un support 
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amorphe de parlodion plutét qu’un cristal de 
NaCl; dans ce dernier cas en effet, il est nécessaire 
de dissoudre le sel dans l’eau pour libérer le dépét 
métallique, et cette opération est susceptible, 
comme nous |’avons montré, de donner lieu a des 
phénoménes parasites d’oxydation ou d’hydrata- 


tion (notamment du cuivre). 


Film de collodion 


FiGURE 1. Schéma du dispositif d’évaporation. F; F2, fours. 
\M, masque. 


Les expériences ont démontré qu'il était néces- 


saire de vaporiser des proportions de métaux 
assez différentes de celles qui correspondent 4 la 
composition chimique de l’alliage choisi; cela 
s’explique si l’on tient compte des différences des 
pressions de vapeur et surtout des vitesses de 
diffusion du Cuivre et de l’Aluminium. Ainsi, pour 
obtenir par CuAl, 
169%, Al + 54% Cu), il faut pour une distance 


four-support de 6 cm, évaporer environ deux fois 


cette méthode le composé 


plus de cuivre que ne l’exige la formule théorique. 

La distance S entre les deux fours (fig. 1) 
doit étre trés petite pour assurer un dépdét d’épais- 
seur uniforme des deux métaux; elle a été choisie 
égale 4 1 cm. La paroi M est nécessaire pour 
éviter l’évaporation d’un seul métal sur l'autre. 
La distance L (four-support) est de 6 cm. Dans ces 
conditions, on obtient un film composite constitué 
par la superposition d’une couche d’Aluminium et 
Cuivre, chacun de ces dépdéts 


d’une couche de 
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ayant une épaisseur constante en tous points du 
support (fig. 2). 

L’échauffement d’un tel film permet de suivre 
la diffusion des atomes d’une couche dans I’autre; 
cet échauffement est effectué dans un vide de 10~4 
mm Hg dans /e diffractographe électronique \ui- 
méme, ce qui permet d’observer 4 chaque instant 
les modifications de structure des a la diffusion, 
en fonction du temps et de la température. Les 
variations observées peuvent méme étre enregis- 
trées d’une facon continue, en utilisant une tech- 
nique précédemment décrite [1]. Le film support de 
naturellement au cours du 
chauffage, film métallique 
reste entre les mailles de la grille, comme le prouve 


parlodion disparait 


mais le subsiste et 


l’observation avec la loupe électronique. 


FiGuRE 2. Schéma du film composite initial obtenu a froid 


On pourrait qu’a cette pression de 


10-*mm Hg, la quantité d’air résiduel peut suffire a 


penser 


provoquer des phénoménes d’oxydation; nous 
avons en effet signalé cette oxydation 4 propos de 
la formation d’alumine a partir d’aluminium. 
Toutefois, jusqu’a la température de 500°C, et 
pour des durées de chauffage relativement courtes 
(inférieures 4 15 minutes), un tel phénoméne ne se 
produit pas et l’on peut donc exclure compléte- 


ment cette cause d’erreurs dans les présentes 


expériences. 


Résultats Obtenus 


Formation de cristaux uniques de CuAl, 

Si l’on prépare dans les conditions précédentes 
un film composite d’aluminium et de cuivre, 
l’examen par diffraction électronique donne d‘abord 
un diagramme de Debye-Scherrer constitué par 
les anneaux de diffraction des deux métaux (fig. 
3a); on peut remarquer que les anneaux du Cuivre 
sont plus élargis et plus intenses que ceux de 
l’‘aluminium, ce qui prouve que les microcristaux 
de Cu sont d'une taille notablement inférieure a 
ceux de Al. Rappelons qu’a cet état, la préparation 
est formée de deux couches superposées des 
métaux (fig. 2). 

L’échauffement progressif de ce mélange initial 
se traduit d’abord par l’affinement des anneaux, 


notamment de ceux du cuivre (fig. 3b, 3c); ce 
phénomeéne est dfi a l’accroissement de la taille 


M 
(a) 


\ 
A, \ 
~ 
/ ° 2 - 
PLE 
\ 
o) | 
. -25- 
\\ ff \\ 
id 
| > 4 
\ 


iniques de CuAl et de CugAly, aprés 2 mois de vieillissement a la temperature 

rientation relative (100) CuAl 100) CusAl, et (O01) CuAl CusAl, 
iAl et de Cu \l, ipres 2 mois dé vieillissement i la températ ire imbiante 
relative (100) CuAl 100) CusAl t {OO1! CuAl OOL CuoAl, 
re 11. Orientation relative (110) CuAl 114) CusAl, et 110) CuAl 110 


\ 
\ 
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LA RE 7—Fort ition des cristau 
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moyenne des microcristaux des métaux purs. En 
méme temps, l’intensité relative des raies Al et 
Cu se modifie pour, finalement, s’inverser vers 
500°C; le cuivre disparait méme presque totale- 
ment du diagramme (fig. 3d), et 
comme s'il était dissimulé, ainsi que nous l’avions 
déja observé antérieurement [4]. 

A partir de cette température, la diffusion des 


tout se passe 


atomes Cu et 
composé tétragonal CuAl, (fig. 3e) 
les conditions de formation dépendent de la vitesse 
de montée en température (dans le cas présent, 
de l’ordre de 30°C jusqu’a 400°C) et de 
l’épaisseur du film initial, et il y a intérét 4 opérer 
cette montée lentement. 

Le composé CuAl, qui apparait dans ces 
est, en général, constitué de cristaux assez 


Al donne rapidement naissance au 
; bien entendu, 


min. 


con- 
ditions 
gros (anneaux ponctués fig. 3e); leur dimension est 
souvent suffisante pour donner lieu a un dia- 
gramme de cristal unique (fig. 4) ayant une largeur 
de quelques microns. Dans ce cas, on peut cons- 
tater que le plan de base (001) du réseau tétragonal 
de CuAl, est disposé parallélement au plan du 
support de condensation. 

Le tableau I indique les distances réticulaires 
correspondant aux taches et aux anneaux du 
diagramme de la figure 4; le film examiné 
constitué en majorité par CuAl, mais contient 
encore du Cuivre et de |’Aluminium non encore 
combinés et restés a l'état microcristallin désor- 


est 


donné. 

Il est intéressant de remarquer, sur le cliché 4, la 
présence d’anneaux dédoublés (d = 2,032 A 
d = 2,015 A) et présentant une ponctuation trés 


TABLEAU I 


Tache 


NNN Ww 


Tache 220-112 
Ponctuée 
Ponctuée 
Tache 


bo 


130-202 


222 
132 
330 
123 


Tache 


| 
| 
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nette. De tels anneaux avaient déja été observés 
dans le cas ou le film était obtenu par vaporisation 
simultanée des deux métaux ou par vaporisation de 
CuAl, [4]; 


assez exactement aux anneaux 


ils correspondent 
(202) et (220) de la 
phase intermédiaire 6’, mais il est évident que ce 


l'alliage préformé 


résultat demande 4a étre confirmé par un plus grand 


nombre de raies. Le cliché 4 présente |’intérét de 
dissocier nettement la phase supposée 6’ (anneaux 
ponctués) d’avec la phase @ (cristal unique). 

l’on augmente 


cette 


Il convient de remarquer que, si 


la proportion initiale de cuivre vaporisé, 


phase 6’ n’apparait plus. 


2. Formation de cristaux uniques de CuAl 


Nous 
lorsque la proportion pondérale de cuivre dans 
l’alliage 


diagramme 


avons montré antérieurement [4] que 
d’aprés le 


CuAl; les 


diagrammes électroniques indiquent que ce com- 


dépasse 54%, il apparait, 


d’équilibre, un composé 

posé posséde une maille cubique centrée du type 

CsCl. 
Nous 


composé sous forme de cristal unique. La figure 5 


avons réussi a obtenir également ce 


diagrammes obtenus en 
Au départ (fig. 
les anneaux de Cu et Al; 
(taches 
faisant un 
angle de 25° entre leurs axes [100]) et CuAl 
A 500°C, CuAl apparait sous 
forme de cristal unique (fig. 
La figure 6 schématise le mécan- 


montre la suite des 


fonction de la température. 5a), 
on observe seulement 
450°C 


caractérisant 


vers (fig. 5b), apparaissent CuAl, 


deux cristaux uniques 


(an- 
neaux). le composé 
5c), accompagné de 
cuivre en excés. 
isme de ces transformations. 

Dans quelques cas, nous avons obtenu des 
7) ot l’on note 


de CuAl 


méme de 


diagrammes plus compliqués (fig. 
CuAl, 


fortement orienté (secteurs allongés), et 


la présence de (cristal unique) 


_LCu polycristallin 4 grains plus gros que dans (a) 
Cu Al polycristallin 


“Al 
Film chaufle 4 450°C (voir fig 


(C) 


polycristallin 
Na u Al monocristallin 


Film chaullé 4 500°C (voir fig. 5.c) 


FiGuRE 6. Mécanisme de la formation de ( 


(correspondant 4 la figure 5 


— 
hkl 
CuAl, \l Cu 
l'ache 25 110 (b) 
.78 101 
32 111 KE 
96 200 
43 002 
111 
202 200 = 
804 200 
600 ai 
493 
m7 420 400 
396 et CuAl 
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Cuyg Al, (polycristallin) qui apparaissent donc 

simultanément*). Entre CuAl, et CuAl existent 

la relation d’orientation: 

(001) CuAl, 4(001) CuAl et [100] CuAl, 
CuAl. 


La figure 8 donne le schéma de la structure du 
film dans ce cas. La figure 9 donne les indices de 
Miller pour les taches de diffraction de CuAl, et 
CuAl; pour CuAlh, les taches de surstructure 
(2h impair et h, /, impairs, k nul) n’apparaissent 
pas sous cette orientation, mais elles sont visibles 


Cu polycristallin 
AL, polycristallin 
Cu Al polycristallin, avec (004)Cu AL // Film 
Cu Alz monocristallin avec(00{)Cu Al, // film 


Ficure 8. Structure du film donnant lieu au diagramme de 
la figure 7. 


020 120 
* 


220 


020 120 230 
FIGURE 9. Indices des taches de diffraction d’aprés le dia- 


gramme figure 7. Les cercles blancs correspondent a CuAls, et 
les cercles noirs a CuAl. 


pour CuAl (Zh impair) (taches 010—-010-100-— 
100, etc). 

Il est raisonnable de penser que le composé 
CuAl, se produit le premier et que CuAl apparait 
ensuite par diffusion des atomes de cuivre; d’aprés 
les idées récentes, la disposition des atomes Cu et 
Al au sein de la maille quadratique CuAl, est 
statistiquement variable et, sous l’influence de 


*Par microdiffraction ces structures apparaissent a l'état 
parfaitement monocristallin 
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l’agitation thermique, il peut se former acciden- 
tellement des mailles plus riches en Cuivre que 
ne l’indique la formule moyenne CuAl;. Le CuAl se 
formerait alors a partir de ces mailles enrichies 
par introduction de 4 atomes de Cuivre et par 
déplacement, dans le domaine de transition, de 
certains atomes de Cu et d’Al. La maille tétragonale 
correspondant statistiquement au composé CuAl, 
pourrait théoriquement donner naissance a 8 
mailles cubiques type CsCl, suivant un processus 
qui sera décrit dans un autre mémoire. 

Le domaine du diagramme d’équilibre CuAl 
correspondant a ces expériences est, comme l|’on 
sait, particuliérement compliqué. I] est donc a 
prévoir que les résultats dépendront de trés 
faibles fluctuations locales et, en effet, les dia- 
grammes observés varient fréquemment d’un point 
a un autre, ce qui rend les interprétations plus 
difficiles. 

De plus, si initialement le film composite pré- 
sente une structure homogéne, il n’en est plus de 
méme aprés chauffage lorsque apparaissent des 
phases nouvelles : suivant le point examiné, le 
diagramme obtenu peut varier et cette hétérogén- 
éité est contrdlable qu Microscope électronique. 


La figure 10 par exemple, qui correspond au 


Ficure 10. Micrographie électronique d'un film Al + Cu 
aprés chauffage dans le vide. 


diagramme de la figure 7, montre que le film, au 
lieu d’étre homogéne comme initialement, présente 
des agglomérats absorbants irréguliérement dis- 
posés; ce fait peut ¢tre attribué aux vitesses de 
diffusion des atomes Cu et Al, qui varient d’un 
point a un autre tout en restant statistiquement 
constantes. En toute rigueur, il serait donc néces- 


540 7040 
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saire d’étudier rigoureusement le méme point par 
diffraction électronique et par 
Microscopie électronique; ces expériences seront 
tentées ultérieurement. 

3. Formation de cristaux uniques de CugAl, 


simultanément 


Enfin, nous avons réussi 4 obtenir également par 
la méme méthode des cristaux uniques du composé 
cubique CusAl,. La figure 11 montre la présence 
constituant composé CuAg,. 
L’orientation relative entre les deux corps est la 


de ce mélangé au 


suivante : 


(100) Cu AIA(100) CuyAl, et [001] CuAl (001) 
CugAl,. 


On observe également parfois une autre orienta- 
tion (fig. 12) 

(110) CuAlLA(114) CusAl, et [110] CuAlA{110] 

L’étude de ces phénoménes est particuliérement 

nette lorsqu’on utilise une méthode de microdiff- 

raction [7]. La position des atomes dans la maille 


CuyAl, est trés complexe, mais il semble dés main- 


tenant possible de suivre la transformation CuAl— 


Ainsi se trouve matérialisée grace a cette tech- 
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nique expérimentale, l’évolution de la structure de 
mélanges Al + Cu en fonction de la température, 
avec l’identification des principaux constituants 
par des diagrammes de cristaux uniques. I] apparait 
donc a nouveau que la méthode de diffraction 
électroniqueest susceptible d’apporter des renseigne- 
ments intéressants quand on I’utilise pour l’étude 
de la cinétique de réactions; nous en avions déja 
donné un exemple a propos de la formation de la 


cémentite Fe;C a partir du fer [8]. 
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THE SLIP PROCESS DURING YIELD-POINT DEFORMATION* 


EDWARD W. HARTTt 

When Frank-Read dislocation sources are pinned by solute atoms, the mode of dynamic operation 
of the source is altered. In particular the source may be activated even though the yield-point stress 
is as much as 15 per cent lower than the critical operating stress of the source, and, further, the 
number of dislocation loops per burst is strongly dependent on the relative magnitudes of yield stress 
and critical stress. A qualitative application of these results to the yield-point phenomenon is made. 


LE PROCESSUS DE GLISSEMENT PENDANT LA DEFORMATION 
A LA LIMITE D’ECOULEMENT 

Quand les sources de Frank-Read sont arrétées par des atomes de soluté, le mode d'action dyna- 
mique de la source est modifié. La source peut alors étre activée, méme si la tension de la limite 
d’écoulement est de 15 pour cent inférieure a la tension critique, nécessaire pour mettre la source en 
action, en plus de cela, le nombre de noeuds de dislocations par unité de mouvement dépend beaucoup 
des valeurs relatives de la tension d’écoulement et de la tension critique. Ces résultats sont appliqués 
au phénoméne de la limite d’écoulement. 


DER GLEITPROZESS WAHREND DER VERFORMUNG AM FLIESSPUNKT 


Wenn Frank-Read’sche Versetzungsquellen durch Lésungsatome festgelegt sind, andert sich der 
dynamische Mechanismus der Quelle. Insbesonders kann die Quelle aktiviert werden, selbst wenn die 
Fliesspannung bis zu 15% geringer ist als die kritische Ausl6sungsspannung der Quelle; weiterhin 
hangt die Anzahl der Versetzungsringe pro Ausbruch der Quelle stark von den relativen Gréssen der 
Zugspannung und der kritischen Spannung ab. Diese Resultate wurden zu einer qualitativen 
Analyse von Fliesspunkterscheinungen benutzt. 


A, the area swept out by the dislocation at any 
stage of growth of the loop. When no pinning is 
present, the system continually follows the mini- 
mum energy point as the stress is raised until the 
is reached when the source is 


I. Introduction 


The production of slip in metals by the operation 
of Frank-Read [1] sources is strongly modified in 
case the dislocations are pinned by solute atoms 
according to either of the two mechanisms pro- 
posed by Cottrell [2] and Suzuki [3]. The most 
notable modification, of course, is the increase of 
the vield stress and the introduction of the typical 
yield-point phenomena. A further modification, 
which is the subject of this paper, is the effect 
which the changed yield stress has on the production 


critical stress, 


activated for multiplicative operation. In that case 


of a slip burst. 

As described by Fisher, Hart, Pry [4], 
a Frank-Read source, when activated at its critical 
stress, operates dynamically to produce a burst of a 
few hundred dislocations. The number of disloca- 
is independent of the critical 
operating stress of the The 
calculations will show that the details of dynamic 


and 


(ARBITRARY UNITS) 


tions per burst 


E 


source. following 


operation are altered when the critical operating 
stress is determined by solute pinning rather than ‘ 
by the length of the source. 


A (ARBITRARY UNITS) 


FiGuRE 1. Schematic plots of E as a function of A for a 


II. Calculations 
variety of values of r. 


The analysis can be briefly sketched as follows, 


with reference to Figure 1. The energy of the dis- 
location source is plotted there schematically for a 
few values of applied stress, 7, as a function of 


*Received October 25, 1953. 
tGeneral Electric Research Laboratory, Schenectady, New 


York. 
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it is not possible to achieve the configuration where 
r is greater than 7r,. When the source is pinned, 
however, the system remains at the origin until 
the yield stress is reached. The system then starts 
its dynamical motion from the zero energy con- 
figuration and with neglect of dissipation can 


2 
195¢ 
-02 
| 
3 
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surmount the energy peak, E,, if E, is less than 
zero. 

Let us proceed now to a more precise considera- 
tion of these ideas. 

In the absence of solute pinning the critical 
shear stress, r., for the operation of a Frank-Read 
source of length, LZ, is given by: 


(1) Te = 2e/bL 


where ¢ is the energy per unit length of the disloca- 
tion segment and 6 is the Burgers vector. When 
solute pinning is present the source is immobilized 
in its equilibrium straight-line configuration until 
a yield stress, r,, is reached. The source is then 
freed from the very narrow region in which it is 
pinned and can subsequently behave dynamically 
in response to the applied stress. It is clear that 
for those sources for which 1, is greater than r,, 
multiplicative loop production will ensue. For the 
case that r, is less than 7., we must consider the 
potential energy for subsequent loop growth 
referred to the pinned dislocation as the zero of 
energy. We may ignore the energy of pinning 
since it is very small compared to the energy 
involved in subsequent mechanical growth of the 
loop. 

The energy, £, of the source when the dislocation 
has been blown up to length, /, from its initial 
length, Z, and has swept out area, A, in the slip 
plane is given by 


(2) E = (l—L)e— drA. 


This energy achieves a maximum, £,, of amount 


rb){m — arc sin 


— (r/r.)[2 + V1 = 


Assuming as in reference [4] that- there is no 
dissipation of energy in the motion of the disloca- 
tion, the source will operate multiplicatively when 
r equals tr, if E, is less than zero. 

The first consequence of this mode of operation 
is that the source will be activated by the applied 
stress even though +r, may be smaller than 7,. 
Figure 2 is a plot of £, in arbitrary units vs. 
r/r-. It is evident from the plot that those sources 
will be activated for which r,/r, is greater than 
0.84. 

The number, 2, of loops per burst which are 
thrown off by the source when activated by a 
stress different from +r, can be computed on the 


YIELD-POIN1 
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basis of the model of reference [4]*. On this model 


9 


n = exp [29° — 22°]. 


(4) 


III. Discussion 


Although there is certainly more than only the 
the 
vield 


involved in detailed 
the 


metals, we might nevertheless attempt a qualita- 


pinning mechanism 


phenomena associated with point in 


tive description of the yield-point strain on the 


(ARBITRARY UNITS) 


E 
c 


FiGuRE 2. £, in arbitrary units is plotted against r/r 

basis of the considerations of this paper. The first 
consideration is that the surface of single crystals 
just after yield-point deformation exhibits both 
very deep slip lines and regions of apparently 
If the depth of the 


slip lines is to be associated with the number of 


homogeneous deformation. 


loops given off by the source after activation, it 
would appear [rom equation (4) that there will bea 
very wide range of slip step-sizes depending on the 
distribution of Frank-Read sources per unit stress 
interval. The step size, as determined by n, may 
vary from about ten atom spaces to possibly a 
hundred thousand. This contrasts with the well- 
defined slip-line sizes in the normal deformation 


*It has been pointed out that the back stress as crudely 
estimated in equation (2) of reference [4] is in error. However, 
the loop spacing as estimated by equation (4) of the same 
paper is also in error, according to a subsequent, more precise 
unpublished estimate by J. C. Fisher. The two corrections 
taken together leave the subsequent development of the paper 
practically unchanged. 
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range which may there be a result from the fact 
that » is independent of +. when 7 equals 7-. 
Clearly equation (4) must be in some way limited 
that the 
indefinitely large m-values predicted for small r, 
But in the 
theory of strain-hardening it is not possible to 


by strain-hardening effects so almost 


will not be achieved. absence of a 
state this restriction in any precise manner. 

In subsequent plastic deformation beyond the 
yield-point extension, normal slip-line patterns 
become evident, and the previous surface appear- 
ance becomes somewhat obliterated. This is easily 
explained as the resumption of the normal critical 
stress criterion and subsequent uniform slip-step- 
sizes since all the sources may now be considered 
as unpinned in the absence of strain aging effects. 
Usually there is also an appreciable increase in the 
strain-hardening rate for a small region of strain 
just after the yield-point strain. This may be 
fact 
which are activated in this subsequent strain are 


attributed to the that some of the sources 
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already somewhat hardened due to having been 
activated once during the yield-point flow, those 
having a critical stress closer to r, having operated 
the more intensely in accordance with equation 
(4). 
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THE EFFECT OF RELATIVE CRYSTAL AND BOUNDARY ORIENTATIONS 
ON GRAIN BOUNDARY DIFFUSION RATES* 


D. TURNBULL and R. E. HOFFMAN? 


he rate of self-diffusion of silver in the grain boundar bicrystals, misoriented by rotati 
6 around a [100] axis, has been measured for 9° @ 6 < ithin the experimental uncertainty 
results can be described, using the dislocation model of grain boundaries, with the assumption 
the coefficient of self-diffusion, D,, in grain boundary dislocation pipes is independent of @ (for @ <2 
and that D, is several orders of magnitude larger than the lattice self-diffu t 
at 500°C, D,~ 4 X 10° D,). The dependence of D, on T is given by 

D, = 0.14 exp [—19,700/RT] cm? sec 

rhe activation energy (19.7 + 2 kcal/gm atom) for D, is in good agreement with that (20 + 2kcal/gm 
atom) reported earlier for self-diffusion in grain boundaries separating randomly oriented crystals. A 
marked effect of grain boundary orientation on the diffusion penetration was observed for 6 = 9 


sion coemcie 


ETS DES ORIENTATIONS RELATIVES DES CRISTAUX ET DES JOINTS 
RCRISTALLINS SUR LES VITESSES DE DIFFUSION DANS CES JOINTS 


LES EFF 
INTE 
La vitesse de l’autodiffusion de |’argent dans les joints intercristallins de bicristaux, dont les réseaux 
sont tournés, l‘un par rapport a l’autre, autour d’un axe commun [100] d'un angle 6, fut mesurée pour 
9° < 6 S 28°. Les résultats peuvent étre décrits, a l’erreur expérimentale prés, en se servant du 
modéle des joints intercristallins composés de dislocations, en admettant que le coefficient d’auto 
diffusion, D,, dans les ‘‘canaux’’ des dislocations des joints ne dépend pas de @ (pour 6 < 28°) et que 
D, est de quelques ordres de grandeur supérieur au coefficient d’autodiffusion dans le réseau, Dz, 
(a 500°C, D,~ 4 X 10°D,) 
La dépendance de D, sur T est donnée par: 
D, = 0,14 exp [| —19,700/RT] cm? sec". 
L’énergie d’activation (19,7 + 2 kcal/atome-g) pour D, est en bon accord avec la valeur rapportés 
antérieurement (20 + kcal/atome-g) pour l’autodiffusion dans les joints intercristallins séparant des 
cristaux orientés au hasard. Un effet important de Il’orientation du joint intercristallin sur la pénétra 


tion par autodiffusion a été noté pour @ = 9 


DIE WIRKUNG DER RELATIVEN KRISTALL- UND KORNGRENZENORIEN- 

TIERUNGEN AUF DIE GESCHWINDIGKEIT DER KORNGRENZENDIFFUSION 

Die Geschwindigkeit der Selbstdiffusion von Silber entlang der Korngrenzen eines Bikristalles, 
der durch Rotationen um 6° um eine der [100] Achsen misorientiert worden war, wurde fiir 9° @ @ & 28° 
gemessen. Die Resultate kénnen im Rahmen der experimentellen Unsicherheit erklart werden, wenn 
man annimmt, dass der Selbstdiffusionskoeffizient D, in den ‘‘Versetzungsréhren”’ der Korngrenzen 
unabhiangig von @ ist (fiir 6 < 28°) und dass D, mehrere Gréssenordnungen grésser als der Gitter 
selbstdiffusionskoeffizient Dy, ist (bei 100°C, D,~ 4 X 10® D,). Die Abhangigkeit von D, von 7 
wird durch folgenden Ausdruck gegeben: 

D, = 0.14 exp [—19,700/RT] cm? sec 

Die Aktivierungsenergie (19,7 + 2 kcal/Grammatom) fiir D, stimmt gut mit dem friiher fiir 
Selbstdiffusion in Korngrenzen im Kristallhaufenwerk angegebenen Wert iiberein. (20 + 2 kcal 
Grammatom). Fiir 6 = 9° wurde ein deutlicher Effekt der Orientierung auf die Eindringtiefe bei der 
Diffusion beobachtet. 


Recent experimental [1; 2] and theoretical devel- of grain boundary diffusion coefficients, D,J on 6 


opments [3] have strongly supported the dislocation has been discussed in some earlier publications 
model [4] of grain boundaries. The Read-Shockley [6;7;8]. Smoluchowski [7] has derived a semi- 
theory, derived from this model, successfully quantitative theory relating D to@. He assumed that 


predicts the dependence of the energy, a, of simple any short-circuiting effect of isolated dislocation 
types of grain boundaries on crystal misorientation, pipes, such as are supposed to exist in grain boun- 
6, for 0 < 6 < 6’, where @ is nearly the maximum _daries for @ — 0, is negligible and that dislocation 
value of @ that is possible in a grain boundary. pipes are effective as short circuits only when they 

It is known [5] that grain boundaries charac- are close enough together to interact (e.g., within 
terized by a large crystal misorientation are very 2 or 3 atom spacings). In this paper we report the 
(relative to the crystal results of some experiments indicating that isolated 


effective ‘‘short circuits” 
lattice) in diffusion processes. The use of the dis- 


location model to derive a theory for the dependence 


dislocation pipes are much more effective short 
circuits for diffusion than Smoluchowski supposed 


*Received November 24, 1953. 
+General Electric Research Laboratory, Schenectady, New 


York. 
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tIn this paper, the symbol D, without subscript, will refer 
to a generalized grain boundary diffusion coefficient. The 
lattice diffusion coefficient will be denoted by D,. 


$20 


and we develop a theory for the dependence of D 
on 6 based on the assumption that the rate of 
diffusion in isolated dislocation pipes is many times 
greater than the diffusion rate in an element of a 


single crystal lattice. 
Theory 


Consider a simple “‘tilt’’ boundary (Figure 1) 
formed by fitting together two simple cubic crystals 
misoriented by a rotation of an angle @ around a 
common [100] axis. We select a boundary that is a 
plane of symmetry (zx-plane) between the two 
crystals that includes the common [100] axis of 
rotation (parallel to z-direction) and may be 
described by an array of line dislocations as shown 


FIGURE 1. Dislocation model of grain boundary (after 


J. M. Burgers [4]). 


in the figure. The dislocation lines extend in the 
z-direction perpendicular to the plane (xy) of the 
figure and intersecting this plane at the circled 
points. Let the spacing between dislocation lines in 
the boundary be d and the lattice spacing \; then: 


(1) d = d/2 sin (6/2). 


It is presumed that the dislocation line or pipe is 
highly disordered and that the lattice immediately 
surrounding the pipe is strained. This strain falls 
off as the reciprocal of the distance in the xy-plane 
from the center of the pipe. Now consider the 
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diffusion coefficient, D, in the z-direction of a low- 
angle boundary as a function of x. We assume that 
D is uniform, and equal to D,, in regions of diameter 
! around the centers of the dislocation pipes located 
at ‘x=nd (n=0,1,...). As already noted, 
Smoluchowski [7] assumed that, for the purpose of 
describing grain boundary penetration, D, may be 
considered equal to the lattice diffusion coefficient, 
D,. However, in view of the marked atomic 
disorder in the dislocation pipe, we shall investigate 
the consequences of assuming that D, > D,. In 
the region between dislocation pipes, D probably 
decreases sharply to some minimum value, which 
may still exceed D,;. The supposed dependence of 
D on x is shown in Figure 2. 


FIGURE 2. The assumed variation of the grain boundary 
diffusion coefficient in the z-direction as a function of x. 


We must now relate the diffusion coefficient of 
atoms of a diffusing substance, B, in a grain boun- 
dary to the observed penetration of B in the 
z-direction. Let the mean concentration of B in a 
thin section of the xy-plane be a. Starting with the 
assumption that the grain boundary is equivalent 
to a slab of thickness, 6, having a uniform grain 
boundary diffusion coefficient, D, much larger than 
the diffusion coefficient, D,, of the surrounding 
lattice, Fisher [9] derived an approximate analytical 
expression for a = f(z) as follows: 


(2) a « t'2 exp (xD zt) 
+ const. 


For a constant time, ¢, of diffusion anneal, equation 
(2) predicts a straight-line relation between log a 
and z. 

Using the same model, but without making any 
restrictive assumptions, Whipple [10] has derived 
the following equation for the concentration of 
diffusing substance at any given point: 
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2 
‘ 7 n 
erfc(n/2) + exp ( ) ert 
(0/2) Ji 4o 
= D/D,, and B 
2(Dzt) 
If 1 <n and if is ‘‘rather small,’’ Whipple 
shows that equation (3) simplifies to: 
1.15981/3 exp { —0.4768-2/ 
+0.3988-*/* (1 — BE) +...}, 
Since we are interested only in the total amount of 
material, a, in a thin section of the xy-plane and the 
main contribution to a is from the small values of &, 
it will be assumed that equation (4) is sufficiently 
accurate to apply to all values of & Then: 
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where 


7 (A — 1). 


(4) c= 


2/3 —4/3 
= 5.8248°''n exp 
e x 


+ 0.3988 +...) 


Although this equation is of a different form than 
that of Fisher, it may be shown that under certain 
conditions the two are essentially equivalent. For 
example, in our previous work [5] it was found that 
for times and temperatures such that D,t = 10-‘cm, 
log a varied approximately linearly with z for 
z > 0.008 cm, (as predicted by equation 2), with 
slopes, dloga/dz, in the range —100 cm™ to 
— 200 cm. Figure 3 shows log a vs. z calculated 


LOG a (ARBITRARY UNITS) 


10 15 20 25 
z, CM 
F1iGURE 3. Theoretical dependence of log a on zs for 8 = 4000 


(upper curve) and 8 = 1000 (lower curve) according to 


Whipple [10]. 
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from equation (5) for 8 = 4000 and 6 = 1000, 
with D,;t = 10-* cm in both cases. It is seen that 
these are also essentially linear for z S 0.008 cm 
with slopes equal to —95.1 cm~! and —190 cm™', 
respectively. For these conditions, then, Fisher's 
and Whipple’s equations are in qualitative agree- 
ment with each other and with experimental data, 
and from the measured slopes the parameter, 


(6) = Dé, 


may be evaluated if values of D, are known. 
Actually, for a given slope, the value of p calculated 
from equation (5) is larger by a factor of 3.4 than 
that calculated from equation (2). This discrepancy 
is not serious, however, since there is, in any case, a 
large uncertainty in the magnitude of 6. 

The model used by Fisher and Whipple should be 
applicable at least to ‘“‘incoherent”’ grain boundaries 
such that d = 2/(@ & 45°), 
tions, D and 6 should have their maximum values 


and under these condi- 


with respect to changes in @). If we denote these 
maximum values by Dy and 6, equation (6 


becomes: 
p= Dy Oxy. 


For dS 21(6 = 30°), we replace the uniform slab 
by an array of dislocation pipes, as in Figure 1. 
But since, under the usual experimental conditions, 
the perceptible penetration of the diffusing sub- 
stance normal to the boundary (in the y-direction) 


is much greater than the pipe spacing, d, we 


may 
treat the array of individual pipes as a slab with an 
effective width, 6(@), of the order of /*/d, and in 
which the appropriate diffusion coefficient is D,. 
The Fisher-Whipple treatment may then also be 


applied to this case, and the parameter, Pp, is given 


er 
a = 2D, sin (2) 


It is dificult to write down a quantitative ex- 
pression for p in the intermediate case d = 2/(30° 
< 6 < 45°), since the effect of the interaction of 


by the equation: 


== 


closely spaced dislocations on D and 4 is not known. 


Presumably, however, ~» should be intermediate 


between the values given by equation (7) and 


equation (8), tending to the latter as @ — 45°. 


Experimental 
[he rate of diffusion of radioactive Ag!!® into 
silver bicrystals, in the direction z, parallel to the 
grain boundary and the specimen axis, has been 
measured as a function of temperature and mis- 


5 
4 
| 
2 


422 AC 


orientation. The bicrystals were grown vertically 
into the melt in an atmosphere of argon, using stock 
silver of 99.98 per cent purity. Crystal orientations 
were controlled by the seeding technique of 
Chalmers [11] so that the two crystals had a 
common [100] direction parallel to the direction of 
growth. Bicrystals of various misorientations, @, 
were produced by rotation about this [100] axis of 
the seed crystals in such a way that the grain 
boundary would approximately bisect the angle 
between the nearest (100) the two 
crystals (as in Figure 1). The misorientation was 
measured using the Laue back-reflection technique. 

Diffusion specimens, approximately 1/2 in. in 
diameter and 1/4 in. thick, were machined from the 
bicrystal and the two faces perpendicular to the 
[100] growth axis were alternately polished and 
etched four times to eliminate cutting strains. 

To assure complete recovery from machining 
strains and equilibration of the grain boundaries 


planes of 


the specimens were heated slowly over a 24-hour 
period to 500°C in a dynamic vacuum system and 
then annealed in a static vacuum for two to three 
days at 875° 

Radiosilver (Ag!!°), having a very high specific 
activity (about 10 mc/gm), was electrodeposited 
to a uniform thickness of about 5(10)—* cm on one 
face of the specimens. After the electrodeposition of 
radioisotope, each sample was sealed in an evacu- 
ated Pyrex tube and given a diffusion anneal for a 
specified (+2°C) 
temperature. After diffusion the samples were 


time at a specified constant 


sectioned and the radioactivity of the sections 


measured as described in an earlier paper [5] 


Before sectioning, the specimens were reduced 
50 mils in diameter by machining from the outside 
eliminate effects of surface 


surface in order to 


diffusion. Measurements were made at tempera- 
tures from 400°C to 525°C, with misorientations in 


the range 9-28°.* 


Results 


For the conditions used, a linear relation is 
expected between the logarithm of the mean con- 
centration, log a, and the depth of penetration, z. 
Within experimental error, all of our results were 
described satisfactorily by such a relation, as may 
be seen by some typical data shown in Figure 4. 
From the measured slopes, d log a/dz, and the 


known [12] values of D;, » has been evaluated from 


activities were too low to permit an accurate measurement of 
d log a/dz. 
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Fisher's equation. Although the absolute magni- 
tudes of » may thus be in error by a factor of about 
3.5, the relative uncertainty in p is estimated from 
the reproducibility to be about +25 per cent. 

As shown in Figure 5, the dependence of » on 
absolute temperature, 7, may be represented by 
the equation: 


(9) pb = poexp (—Q/RT). 


The values of $9 and Q for the various values of @ 
are shown in Table I. The uncertainty in Q is 
estimated to be +5 kcal/gm atom. 


UNITS) 


(ARBITRARY 


ACTIVITY 


LOG 


40 60 
PENETRATION, MILS 


FIGURE 4. Some typical experimental penetration curves. 


1000 / T 


FIGURE 5. Dependence of log p on reciprocal absolute 
temperature for various values of @. 


TABLE I 


SUMMARY OF fp AND Q FOR VARIOUS VALUES OF 8 


Q, kcal/gm atom po, cm’ sec ! 


17. 2.0(10) 
1.4(10) 
19. .2(10) 
24. 9.6(10) § 


24 > 
2.0 
1.6 4 
} 
| 
| 
i \ 
T 
135 --@--9+28° 
—e— 
—-@-—@+13* 
140 @-9° 
e 
S -150 
4 
~— 
“15.5 1 L 
| 
0. deg. 
9 
*\ bicrystal in which @ = 2° was also investigated, but the 16 
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The boundary in the bicrystal for which 6 = 9° 
did not bisect the angle between the (100) planes 
of the two crystals, but was almost parallel to a 
(100) plane of one crystal. It was noticed that 
during the high-temperature anneal, the boun- 
daries in samples from this bicrystal had become 
so that the length of the boundary had 
Since suggested that the 
energy of the 9-degree boundary depends on boun- 
dary orientation, the diffusion penetration in this 


wavy, 


increased. this result 


boundary was investigated using the autoradio- 
graphic technique. For this purpose, a sample was 
diffused for 12 days at 500°C and then sectioned 
at an angle of about 40’ to the plated surface. The 
exposed surface was put in contact with Eastman 
Kodak X-Ray No-Screen film for two hours, and 
the resulting autoradiograph is shown in Figure 6, 


Upper photograph of grain boundary i1 
Lower autoradiograph showing 


FIGURE 6. (a) 
sample for which 6 
penetration in boundary of (a 


(b 


It 


and 


is 


together with a photograph of the sample. 
evident that the penetration is non-uniform, 


points of high concentration, which appear white 


the autoradiograph, correspond to 
(100) 


in the print of 
points where the boundary is parallel to a 


plane of one crystal. 


Comparison of Theory and Experience 


In order to simplify our discussion, we immedi- 
ately introduce the assumption / > 9(10)-* cm. 
Equation (8) may then be rewritten as: 


(10) D, (10)"*p/sin (6 


> 


AIN 
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Equation (10) was used to calculate D, from each 


of the p-values and in Figure 7 log D, is plotted 
T for all values of @. 


no obvious trend of D, with @ at constant tempera- 


against | This figure indicates 


ture, with the possible exception that at the higher 


FIGURE 7. The dependence of log D, * various 


6 values 


28° 
D,. 


satisfactorily 


temperatures D, for @ = may be significantly 


larger than the average The dependence of 
log D, T 


straight-line relation independent of @ from which 


is described by a 


on | 


we obtain 


D, = 0.14 exp [—19,700/ RT] cm? sec 


This QO 19.7 + kea 
atom, is in good agreement with the average, 
the Q’s listed in Table | 
significant with 6). 
ision 


19.3 
(these 
the 
along a 


activation energy, 


kcal/gm atom, of 


show no trend Thus, 


activation energy for silver self-difft 
dislocation pipe appears to be independent of 6 
with the 


reported 


within experimental error, 
activation 20.2 kcal/gm 
earlier [5] for silver self-diffusion in grain boundaries 


and agrees, 


energy, atom, 
of randomly oriented polycrystals. 

In order to show better the quantitative signi- 
lable II the 


ficance of our results, we have listed in‘ 


TABLE 


VALUES D, 
500°C FoR VARIOUS VALUES 


I] 


Ratio D,/D, At 


OF @ 


CALCULATED OF AND THI 


7(10)° 
9(10)° 
2(10)6 


values of p at 500 degrees, read from the smoothed 
curves of Figure 5, and the D,’s for the different 6's 
calculated therefrom. Confirming our earlier con- 
clusion, D, 


< 16°. D, 


is apparently independent of @ for 


for @ = 28° is a factor of larger 


60, 
65+ 
o @ 
8° 
: 
2.9(10) ! 3.7(10 3 
13 3.3(10) ! 2.9(10 2 
16 3.2(10 3 
28 1.4(10)""4 5.7(10 5.7 
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than the average of the other values. However, 
this larger value of D, for @ = 28° at 500 degrees 
may be without significance since the D,’s for 
lower temperatures are independent of 6 for @ < 28° 
to well within the experimental uncertainty. 

In summary, our results are consistent with the 
concept that the coefficient of self-diffusion, D,, for 
grain boundary dislocation pipes is independent of 
the angle of misorientation, 6, for 0 = 30°, and that 
D, is several orders of magnitude greater than the 
lattice self-diffusion coefficient, Dz. 


Discussion 


Results of Smoluchowski and Coworkers 
Smoluchowski and coworkers have investigated 
the grain boundary diffusion of silver [13] and of 
zinc [14] into columnar copper as a function of 
misorientation. Their technique consisted of re- 
moving successive layers from the diffusion speci- 
men and etching the new surface with reagents 
that defined a specific concentration of the diffusing 
substance. They were unable to detect any prefer- 
ential grain boundary diffusion of silver into copper 
for @ < 18° and of zinc into copper for 6 < 10°, 
and these results are the basis for their conclusion 
that preferential diffusion in isolated dislocation 
pipes is not distinguishable from lattice diffusion. 
It is not to be expected, a priori, that quan- 
titatively similar results should be obtained for 
solute- and self-diffusion in boundaries. 
According to the naive geometrical picture of solid 


grain 


solutions, there is a region of local distortion sur- 
rounding a solute atom in a lattice provided that 
the “‘sizes’’ of the solute and solvent atoms are 
different. It is conceivable, then, that the disorder 
around a solute atom in a grain boundary is not 
much greater than in the lattice and the ratio D/D,; 
is much smaller for solute diffusion than for self- 
diffusion. However, using Whipple’s equation [10] 
and Smoluchowski’s data for 6 = 45°, it is esti- 
mated that D/D, is of the order of 10° for the 
diffusion of both silver and zinc in copper at 600- 
700°C. Therefore, no large disparity is apparent 
between the magnitudes of D/D, for solute- and 
self-diffusion. 

One of the very important considerations in 
evaluating the ratio D/D, is the resolving power 
of the technique. Thus, failure to detect any 
preferential grain boundary penetration by Smolu- 
chowski’s technique does not necessarily imply that 
D/D, = 1. Figure 8 shows the general shape of an 
isoconcentration contour, c = é, in the vicinity of a 
grain boundary (at x = 0), for diffusion in the 
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z-direction. W is the distance from the diffusion 
source at which c = é as a result of pure lattice 
diffusion, and AW is the additional distance from 
the source at which c = é@ in the boundary. Figure 
9 shows the dependence of AW on (D4), calculated 
from Whipple’s theory for D, = 2(10)—?° cm? 
t = 5(10)* sec, and € = 0.1 co, where c¢ is the source 


FicurE 8. The shape of an isoconcentration line in the 


vicinity of a grain boundary at x = 0. Schematic. 


concentration,* which conditions closely approxi- 
mate those used by Achter and Smoluchowski [13] 
in their study of the diffusion of silver in copper. 
In those experiments, AW < 0.015 mm for 6 < 18°, 
and AW = 0.30 mm for @ = 45°. 
therefore, 


From Figure 9, 


FiGuRE 9. Dependence of the excess boundary penetration, 
AW, on Dé, calculated from Whipple’s equations for Dy; 
= 2(10)—!° cm? ¢ = 5(10)5 sec, and € = 0.1C¢. 


> 35, 


< 35. 


Since D4s5°/D, for the diffusion of silver into copper 
at 725°C is estimated to be of the order of 105, it 


*The results are not very sensitive to the particular value 
chosen for ¢. 


w 
2 
2é 
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4 
of 
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(D6) 
and since 633° < 645°, 
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follows that the grain boundary diffusion coefficient 
for 6 = 18° is still orders of magnitude larger than 
D,. 


Comparison with Earlier Results on Silver 


Measurements of self-diffusion in silver poly- 
crystalline samples of essentially random orienta- 
tion were reported earlier [5]. The values of p 
obtained in that investigation are approximately 
equal to those found in the present work for 6 = 9°. 
For a specimen consisting of randomly oriented 
grains, it is inferred from grain boundary energy 
measurements [15] that most of the misorientations 
are larger than 9 degrees. However, the common 
rotational axes for randomly oriented grains are 
not generally a [100] type; therefore, quantitative 
agreement between the two sets of results is not 
necessarily expected. 


The Effect of Boundary Orientation 


We have no explanation for the fact, demon- 
strated in Figure 6, that the penetration is a 
function of boundary orientation for a given crystal 
misorientation. Further experimentation is neces- 
sary to evaluate the effect quantitatively. E. W. 
Hart and W. T. Read have independently pointed 
out to us in private conversation that they expect 
the dislocation configuration and grain boundary 
energy of the boundary approximately parallel toa 
[100] of one crystal to be quite different from the 
boundary 45 degrees to the same [100] direction. 
Hence, a difference in the rate of diffusion in the two 


types of boundaries would not be surprising. 


Further Consequences of Theory 


The most important consequence of our theory 
is that preferential diffusion in certain directions 
(parallel to dislocation pipes) of low-angle boun- 
daries, such as lineage and polygonization boun- 
daries, cannot always be ignored. For example, 
consider self-diffusion in a crystal of silver that 
consists of mosaic blocks with a mean linear dimen- 
sion of 10% and misoriented from each other by an 
angle of 10’. Of the total amount of isotope, a, in a 
thin section located at a distance, z, from the source, 
let ag and a, be the amounts which arrived there by 
diffusion through the boundaries 
through the lattice, respectively. By means of a 
calculation similar to that described previously, [6] 
it is found that as/a,215 for T = 500°C, 
t = 10° sec, and z = 5(10)-* cm. In view of this 
result, it may be that the anomalously high values 
obtained [5] for the diffusion coefficient in ‘‘single 


mosaic and 
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crystals’’ at 500°C were due to the presence of 
mosaic boundaries. On the other hand, at tem- 
peratures above 700°C, az,/a, <1 for the usual 
conditions of a diffusion experiment. 

It is expected that the diffusion coefficient in a 
will be highly anisotropic 


low-angle boundary 


reaching a maximum value in a direction (zs) 
parallel to the dislocation pipes and falling to a 
minimum Dy = D, for diffusion in the direction 
(x) normal to the pipes. 

We presume that the dislocations produced by 
cold-working a material are not distinguishable 
from the dislocations in certain low-angle grain 
boundaries. Therefore, the rate of diffusion along 
the dislocation pipes produced by cold-working a 
crystal may be identifiable with D,, the diffusion 
coefficient in the dislocation pipes at low-angle 


boundaries. E. W. Hart of this Laboratory has 


suggested (private communication) that the major 
enhancement of diffusion rate by cold-working is 
due to preferential diffusion along the dislocation 
pipes produced by cold-working. If so, it is possible 
in principle to calculate the increase in diffusion 
rate effected by cold-working from D,, measured 
for the proper low-angle boundaries, and the dis- 
location configuration in the cold-worked state. 

For certain conditions, the rate of climb of dislo- 
cation is calculable from D,. Ordinarily it is supposed 
that dislocations climb by the capture or ejection 
of lattice vacancies from or to the lattice. Howe, er, 
if the dislocation pipe is attached to a more active 
source or sink of lattice vacancies, such as a high- 
angle grain boundary, the dislocation may climb 
by the migration of lattice vacancies along the pipe 
to or from the sink. The diffusion coefficient appro- 
priate for this process is D,. 

It now appears that diffusion in silver grain 
boundaries can be described by a single activation 
energy, Qs, equal to 20 + 2 kcal/gm atom. Thus, 
Op Or = 0.44, where QO, is the energy ol activa- 
tion for lattice self-diffusion in silver. Assuming the 
lattice vacancy mechanism for diffusion, we might 
naively assume that in grain boundaries all the 
lattice vacancies necessary for boundary diffusion 
already exist in the dislocation pipes. Hence, Q , 
may be of the order of magnitude of the activation 
energy Qo for moving an atom into a lattice vacancy. 
The magnitude of Q,/Q, is of the same order as the 
estimates by Huntington and Seitz [16] of the ratio 
of Qo/Qz,. However, theory and experience have not 
progressed to the point where it may be decided 
whether or not there is a one-to-one correspondence 
between Qo and Qz. 
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THE TUNGSTEN CARBIDE AND NICKEL ARSENIDE STRUCTURES* 
NILS SCHONBERG?t 


Four ternary nitrides—Tip.7Coo.sN, Tio.zNio.sN, Moo.sCoo.sNo.9, Moo.sNio.N of the WC struc 
ture, and two new sulfides—TiS, NbS—of the NiAs structure have been prepared. The NbS phase of 
NiAs type is stable with an excess of sulfur, but transforms to the WC type at low sulfur content 

The WC structure has been proposed to be a partially disordered NiAs structure 

The great variation of the axial ratio for compounds of the NiAs structure has been discussed in 
relation to the degree of ionisation. An expression, in which c/a is a function of the radius ratio of the 
two components has been found to be valid in all cases, with the exception of those where the degree 
of ionisation and favourable geometrical conditions for the formation of metallic 8-coordination cause 
an increase of the c/a value. 


LES STRUCTURES DU CARBURE DE TUNGSTENE ET DE L’ARSENIURE DE 


NICKEL 

On a préparé quatre nitrures ternaires: Tio,7Coo,sN, Tio,zNio,sN, Moo,sCoo,sNo,9, Moo,sNio,sNo,9, 
ayant la structure de WC, et deux nouveaux sulfures: TiS, NbS, ayant la structure de NiAs. La phase 
NbS du type NiAs, est stable avec un excés de soufre, mais elle se transforme en une phase du type 
WC aux faibles teneurs en soufre. Il fut proposé que la structure de WC est la méme que celle de 
NiAs, mais partiellement désordonnée. La grande variation dans le rapport axial des composés ayant 
la structure du NiAs a été discutée en relation avec le degré d’ionisation. Il a été constaté qu’une 
expression donnant c/a en fonction du rapport des rayons des deux constituants est en général valable, 
a l'exception des cas, ot le degré d’ionisation et des conditions géométriques favorables a la forma 
tion d’une coordination métallique du type 8, causent une augmentation du rapport c/a. 


NICKELARSENIDSTRUKTUREN 

Es wurden vier ternare Nitride—Tio.7Coo.sN, Tio.zNio.sN, Moo.s, Coo.sNo.9, Moo.sNio.sN o.9—der 
WC-Struktur und zwei neue Sulfide—Tis, NbS—der NiAs Struktur hergestellt. Die NbS-Phase des 
NiAs Typs ist mit iiberschiissigem Schwefelgehalt stabil, wandelt sich jedoch bei geringerem Schwefel- 
gehalt in den WC Typ um. 

Die WC Struktur wird als eine teilweise ungeordnete NiAs Struktur gedeutet 

Die grossen Anderungen im Achsenverhaltnis der NiAs Strukturen werden im Bezug auf den 
lonisationsgrad diskutiert. Ein Ausdruck, in dem c/a eine Funktion des Radienverhaltnisses der 
beiden Komponenten ist, war in allen Fallen giiltig, mit Ausnahme derjenigen Bedingungen, in denen 
der Ionisationsgrad und die fiir die Bildung einer metallischen 8-Coordinationsverbindung giinstigen 


DIE WOLFRAMKARBID- UND 


geometrischen Verhialtnisse eine Vergrésserung des c/a Wertes hervorriefen. 


Introduction 


The tungsten carbide and nickel arsenide struc- 
tures are closely related to each other. The ideal 
formula for «both types written MeX, 
although many deviations from the composition 
| : | have been found. The metal Me occurs among 
the transition elements and X is any of the non- 
metals, metalloids or metals in groups [Vb-VIb 


can be 


of the periodical table. 

The metal atoms in WC [1] form a “simple” 
hexagonal unit cell with c/a slightly smaller than 
unity. It is not possible to determine the position of 
the carbon atom from X-ray data. The largest space 
in the cell is available at any of the two centres of 


trigonal prisms of metal atoms. Such a position is 
most likely, and the observed Me—X distances for 
this arrangement in all compounds of the WC 


structure agree well with the radius sum fryge + rx 
calculated for metallic bonds. The positions of the 
atoms have been described as: 1 Me in 0,0,0 and 
Xx wm 1/3;2/3,1/2. 
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In the case of NiAs [2; 3] (B8 type) the metal 
atoms have the same positions as in WC, but the 
X-atoms the lattice 
largest X—X distances. The atomic arrangement is: 
2 Me in 0,0,0; 0,0,1/2 and 2 X in 1/3,2/3,1/4; 
2/3,1/3,3/4. As already pointed out by Hagg [4] 
more than twenty years ago, the analogous group- 
the WC lattice, 
although it has not been possible to decide it by 
X-ray methods. The c/a values vary considerably 
for compounds of the NiAs structure, being usually 


occupy “holes” giving the 


ing of X-atoms may occur in 


between 1.2 and 1.7. 


Some nitrides—ternary phases—and sul- 


fides belonging to the two structure types have 


new 


been prepared in the present investigation. In order 
to throw light on the relationship between the two 
groups of structures and on the great variation of 
the c/a ratio for compounds of the B8 type, all 
available data in the literature have been collected 


and discussed. 


Experimental 


As starting materials for the preparation of 
nitrides and sulfides, metals of fairly high purities 
(about 99.5 per cent) were used. The nitrides 


@ 
5 
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ternary phases—were prepared by passing oxygen- 
free dry ammonia over finely powdered binary 
alloys at various temperatures between 600°C and 
800°C. These alloys were made from the powdered 
metals, by moulding mixtures into brickettes, which 
were heated in a high frequency vacuum induction 
furnace [5]. The sulfides were synthethized from 
the elements in evacuated and sealed silica tubes 
at a temperature of 700°C and for a time of about 
four days. 

The phase analysis was performed by means of 
powder photographs taken with Cu—Ka radiation 
in focussing cameras of the Guinier type. The 
nitrogen content of the nitride samples was deter- 
mined by means of the Kjeldahl method. 

The new compounds investigated in the present 
study are described under the headings ‘‘Nitrides”’ 
and “‘Sulfides.”’ The unit cell dimensions are given in 


Table I. 


Survey of the Compounds of WC and 
NiAs Type 
Carbides 


MoC [6] is the only carbide found to be isomor- 
phous with WC. 
Nitrides 

The existence of the phases NbNo,s0-0.90, 
TaNo.so-o.00 and WN of the WC structure has 
recently been reported by the present author [7]. 
MON has a slightly deformed WC structure [8; 7]. 

In the present investigation four ternary nitrides 
of the WC structure have been prepared with the 
following approximate formula: Tio,7Coo.3N, 
Tio.7Nio.sN, Moo. sCoo.2No.9, and Moo,sNio,2No.s. As 
it was only possible to prepare the nitrides in the 
presence of small amounts of other phases (e.g., 
TiN, MoN and intermetallic compounds) as im- 
purities, the homogeneity ranges could not be 
determined with any accuracy. The Me’/Me’’/N 
ratio varies probably to a comparatively large 
extent. While the diffraction pattern of MoN con- 
tains superlattice reflections, easily visible in the 
powder photograph, no such extra lines could be 
traced for the Moo.sCoo.2No.9 and Moo. sNio.2No.9 
phases. The reaction between TiN and Co, Ni ina 
vacuum furnace at temperatures of about 1600°C 
did not cause the formation of ternary nitrides but 
so-called hard metals’, i.e., TiN 
crystals embedded in the Co, Ni phase. 


“cemented 


Phosphides 
The VP and MoP phases with the NiAs and WC 
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arrangement of atoms respectively have recently 


been described by the present author [7]. It is of 


interest to note that no extra reflections caused by 
ordered P atoms could be traced in the diffraction 
pattern of MoP. Calculated values of p F\* show 
that at least the 101-reflection should be visible in 
the photograph for an ordered arrangement of the 
P atoms analogous to that of the As atoms in NiAs. 


Sulfides 

The existence of the phases VS [9], CrS [10], 
FeS [3; 10; 11; 12], CoS [11] and NiS [11] of the B8 
type is well established. 

The sulfides TiS and NbS were prepared in the 
present investigation. Both phases are homogen- 
eous close to the composition 1 : 1 and seem to have 
comparatively small homogeneity ranges. TiS was 
found to have the NiAs structure, although the 
reflections exclusively caused by the S atoms— 
hkl reflections with/ = 2m + 1—were rather diffuse. 
This may be due to a small degree of disorder of the 
nonmetal atoms. For the NbS phase in equilibrium 
with NbSz (as will be reported elsewhere, NbS:» has 
the C19 type) the NiAs atomic arrangement was 
observed, while no separate reflections from the S 
atoms could be traced in photographs of samples 
with NbS in equilibrium with Nb. It was not poss- 
ible to determine the homogeneity limits of the 
NbS phase. But from the observations the con- 
can be drawn that a WC — NiAs 
transformation takes place with an increase of the 


clusion tvpe 
S content, probably when passing the composition 
1 : 1. This is most likely a disorder — order trans- 
formation of the positions of the nonmetal atoms. 
If this is true the WC structure ought to be con- 
sidered as a disordered NiAs structure. 

Unit cell dimensions and mean Me-Me distances 
(designated by d) for all MeX phases, where 
X = C,N,P,S are listed in Table I. Each Me atom 
is surrounded by eight Me atoms at the distances of 
c/2 (two atoms) and a (six atoms) A. The Me-Me 
distances, calculated for 8-coordination, are those 
given by Pauling [13]. The Me-X distances—6- 
coordination—are +/a?/3 + c?/16 A. In order to 
facilitate a comparison between the c/a values for 
the compounds of the WC and NiAs structures the 
corresponding lengths of the c-axes—cy jas = 2Cwo— 
have been chosen in the c/a column. 

If the MeX structure—WC or NiAs 
as being of the common ‘ 
contact 
attained, when the rx/ry. ratio reaches a value of 
1/3 (4/21 — 1) = 0.53, when c/a = 2. This is in 


is regarded 
‘interstitial’ type, a 


between the different kinds of atoms is 


| 
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TABLE I includes the carbides and nitrides, where 0.49 
MeX Compounps OF THE WC anp NiAs TURES, << ?x/’ye < 0.57 and 1.9 < c/a < 2.0. The inter- 


"HERE X Ss - 
WHERE X I S. metallic distances are up to 7 per cent greater than 


those in the pure metals. For VP, MoP, TiS and 
dobs. - 
A NbS in the second group 0.71 < rx/ru. < 0.81. 


In spite of that the c/a value is slightly smaller 


0 57 
0.56 


_ 


than 2. The lattices are expanded, so that the 


No 
bw | 


linear increase of the Me-Me distances is between 


WD 


0.50 15 and 21 per cent as compared with the pure 
0.49 
0.52 
0.52 
052 phase, with c/a = 1.73, forms an intermediate 


w 


metals. The metallic properties have most likel\ 


orn 


wn 


been weakened to a corresponding extent. The VS 


N bo 


Tio.rCOo.s 
Tio.7Nio.3 

M0o.sCoo.2 
Moo.sN io.2 


0.52 stage between the second and third groups, the 


0.53 last one including CrS, FeS, CoS and NiS. The 
0.53 


wn 


increase of the rx/rx- ratio has in the third group 


0.81 caused a contraction along the c-axis and conse- 


mn 


w 


0.78 quently an expansion along the a-axis of the unit 


0.71 cell. The limits 1.5 < c/a < 1.7 are found. The 
0.72 great enlargement of the Me-Me distances indicates 
0.75 a nonmetallic or a very weak metallic character. 
0.81 

0.83 

0.84 rABLE II 

0.84 


w 


MeX COMPOUNDS OF THE NiAs STRUCTURE, WHER! 
*NMoN has a slightly deformed WC structure. X = Sn, Pb, As, Sb, Bi, Se, Te 
**\s stated in the text this value refers to the axial system 
of the NiAs structure. 


good agreement with the observed data for the 
carbides and nitrides, where rx = 0.77A and 
0.71 A respectively. For the nonmetals P and S the 
radius values are 1.06 A and 1.02A respectively. 
Hence rx/rue considerably exceeds the value of 
0.53, causing an expansion of the metal lattice. In 
Figure 1 the d.ys/deaie ratio has been plotted against 
the rx /rx4, ratio for all compounds with X = C,N,P,S. 

It is seen from Figure 1 that three different groups 
of compounds can be specified. The first group 


Acer 

182% 
-o 


1925%c20 


194 420 


O74 O78 O82 


FiGuRE 1. The doy9/deate Tatio vs. the rx/ryg_ ratio for MeX 
phases of WC and NiAs types, where X = C, N,P,5 


2.90 2.83 74 
Nb N § 91 86 
Ta ‘ 92 88 
Mo’ 85 72 
W 88 74 
93 74 
3 
82 66 
Mo 
Nb S 3.32 6.46 1.95 0 86 
Ti 3.30 6.44 1.96 8 84 
V 3.78 5 62 
cr 3.45 5.75 1.66 ] 52 
Fe 3.45 5.67 1.64 0 16 
Co 3.37 5.16 1.53 7 14 
Ni 3.42 1.55 3 44 
954 Ni Sn 1.27 1.08 
Ir 1.40 1.00 
Pt 1.32 0.98 
Cu 1.21 1.06 
Au 1.28 0.92 
Pt 128 1.22 
Mn \s 1.53 0.79 
Ni 1.39 0.97 
Cr Sb 1.08 
Mn 1.40 0.91 
Fe 1.26 1.11 
Co 1.34 1.11 
Ni 1.30 Be 
Pd 1.37 1.02 
Pt 1.32 1.01 
Mir Bi 1.42 0.97 
N 1.32 1.20 
122 \ 1.67 0.83 
Cr 1.63 0.87 
Fe 1.64 0.89 
114 eres Co 1.59 0.89 
Ni 1.46 0.89 
ri le 1.67 0.94 
Cr 1.56 1.06 
104 Mn 1.62 0.89 
62------4 Fe 1.49 1.09 
050 054 058 Co 1.38 1.10 
Ni 1.35 1.10 
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MeX phases of the NiAs structure, where X = Sn, 
Pb, As, Sb, Bi, Se, Te 

The existence of 30 compounds belonging to this 
group has been established, as far as the present 
author has found in literature. Most phases are 
reported in Wyckoff: Crystal Structures I [14] and 
the rest in FIAT Review of German Science, Allige- 
meine Metallkunde [15]. They are listed in Table II, 
where the c/a values, which vary between 1.75 and 
1.21, and the rx/rye values are also given. The X 
atoms are surrounded by six Me atoms in the 
lattice. The radius values of the X elements are 
corrected for this coordination number, taking the 
Born exponent  ~ 6 [12]. This gives the values 
1.32, 1.65, fa, = 1.18, re = 1.36, 
ray = 1.46, rse = 1.09, and rre = 1.34 A. Mn has 
an abnormally great atomic radius in many com- 
pounds, for instance in those given in Table II and 
in MnO and MnsS. A calculation gives the approxi- 
mate value of ry, = 1.5 A, which has been used in 


Table II. 


= = 


General Discussion 


Massing and Wallbaum [16], Laves and Wall- 
baum [17], Nowotny, Schubert and Dettinger [18] 
point out that the stability of the compounds of the 
NiAs structure is strongly dependent both on the 
character of the components and upon the composi- 
tions. A continuous transition from nonmetallic to 
metallic character of the bonds occurs according to 
Laves and Wallbaum [16]. These two authors note 
that c/a tends to decrease to a value of 7/3/v2, 
when the character of the phase approaches the 
“‘ideal’’ NiAs type. However, no definite explana- 
tion has been given for the great variation of c/a 
and why the value of /3/+/2 should be reached as 
a lower limit for c/a. 

In the following discussion the WC and NiAs 
structures are treated as belonging to a common 
type. The phases with WC structure are, therefore, 
formally described with the c-axis doubled. The 
disorder only occurs when X is a typical nonmetal 
(= C,N,P,S), when the degree of ionization of the 
X atoms is small and when there is space available 
for a disordered grouping of the X atom layers in 
the Me lattice, so that the X atoms are partially 
or entirely isolated from each other. 

It is found that 2.0 > c/a > 1.2 for the phases 
of WC and NiAs structure. The displacement of 
electrons from Me to X decreases most likely in the 
sequence S  N for a given metal Me. 
If a fraction of the electrons in the outer s,p,d shells 
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of the transition metal is displaced towards the X 
atom, there are still a number of electrons left for 
the of intermetallic bonds. Under all 
circumstances Me-X ionic nature evi- 
dently exist, causing an elongation of the X-X 


formation 
bonds of 


distances. At the same time according to the obser- 
vations a contraction takes place along the c-axis. 
Further the degree of Me — X ionisation decreases 
going from nonmetal via metalloid to metal in a 
sub-group, i.e., in the sequences C — (Ge) — Sn 

>Pb,N — P— As—Sb- Bi, (0) ~S— Se Te. 
No data about germanides of the NiAs structure 
seem to be available, and the O atom with its very 
strong tendency as an electron acceptor forms com- 
pounds with other structures, commonly of the BI 
tvpe. 

The unit cell dimensions can be approximately 
calculated, assuming Me-X as well as Me-Me 
contacts. The following expressions are valid: 


4 


c= 4ru 
(1) giving 
la 


= V + 


a V3 (rx rte)” + 2(rx/rme)] . 

It ought to be mentioned that Hagg [4] in 1931 
noted that the length of the c-axis was independent 
of the X atom for a given metal Me in typical 
NiAs-like compounds. He stated that an increase 
of rx thus causes an increase of a and a resulting 
decrease of the c/a value and used the above- 
mentioned formula for the calculation of the volume 
per Me atom. The discussion below is, therefore, to 
be regarded as a development of Hagg’s ideas. 

According to formula (1) c/a is a function of the 
radius ratio of the two elements X and Me. If the 
degree of ionisation is so large that the diameter of 
the X atom in the ionized state exceeds the value 
of a given above, c > 4rx.. This occurs for X = S, 
Se, Te and P (with a few exceptions). As the ex- 
pression (1) was deduced assuming such Me-X 
bonds as to cause a decrease of the c-axis, it only 
has validity for c/a < 2. The theoretical lower limit 
is obtained, when X—X contacts take place between 
different O00l-planes. Hence (2r,)? = a?/3 + c?/4 
= Arye? + + giving rx/rTme = 1.54 and 
c/a = 0.99 ~ 1. This case never occurs. The highest 
rx/’ue ratio is obtained for PtPb = 1.22, and the 
lowest c/a value is observed for CuSn = 1.21. 

In Figure 2, c/a has been plotted against rx/ry. 
for all MeX phases of the WC and NiAs structures 


+ c2/16 


th the exception of those having = S, Se, Te 


Me = Ti Nb, Mo. A 
| 


ilated from equation (1) has also been 


tari th 
vilil 


narkable that the sulfides, selenides 
and nickel and the PdTe 
deviate from the other MeX compounds 


pnase 


with the same X component to such a large extent 


1.00 x, 
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FIGURE 2. The c/a ratio vs. the rx/ryy- ratio for all MeX 
phases of WC and NiAs types with the exception of those 
having X = P,S, Se, Te in combination with Me = Ti Fe, 
Nb, Mo. The drawn curve is calculated. 


that they fulfil the requirements for equation (1 

This is probably due to a small tendency for these 
group VIII 
combination with the elements S, Se and Te in 


metals to act as electron donors in 
group VIb. 

Figure 3 shows the lattice constants of all mono- 
sulfides hitherto known of the WC NiAs 
structures. Two horizontal lines have been drawn 
which represent the values of the lattice constants 


ions. 


and 


for an ideal hexagonal close-packing of S? 
It is seen that the a-axes of the different compounds 
vary only slightly, while the c-axes follow the 
variation of rye when going from Nb to Fe. The 
remarkable behaviour of CoS and NiS have been 


discussed above. The degree of ionisation of S seems 


to be large and reaches a maximum value for 


TiS 
the 


Me = Cr and Fe. In spite of that, NbS and 
still have metallic properties, as indicated by 
comparatively small intermetallic distances (8- 
coordination). 

The P atoms are ionized to a considerably smaller 


extent than the S atoms in analogous compounds, 


> 


FIGURE 3 
WC and NiAs types 


as indicated by the lengths of the a-axes in the VP 
and MoP phases. This is to be expected from the 
position of P before S in the periodic system. 

All compounds which had to be excluded in 
Figure 2 because of the unfavourable increase in r, 
through ionisation, are represented in Figure 4. 
The axial ratio c/a has been plotted against ry4.. 
The c/a values for the sulfides and selenides follow 
approximately the variation of ry, and tend to go 
= Fe, 


he lattice constant 


towards the value 1.63 for Me characteristic 


for a hexagonal close-packing. 
of FeS corresponds closely with that calculated for 
lattice. But in FeSe the 


an ideal hexagonal S° 


Mo Ti Nb 


» Tage for MeX phases of WC and 
Te and Me = Ti, V, Cr 


FicureE 4. The c/a ratio v: 
NiAs types, where X = P, S, Se, 
Fe, Nb, Mo 
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observed value of a = 3.64 A, while 2rs.2— =3.82A, 
indicating a somewhat smaller degree of ionisation 
than in FeS. In considering the values for FeTe, 
CrTe and TiTe one must bear in mind the position 
of Te between Se and As as regards its electro- 
negativity. 

The metallic properties of a compound MeX are 
the 
the geometrical conditions 


dependent on: (a) the character of Me, (0) 
character of X and (c) 
for the formation of a stable compound—in 
case of WC and NiAs type. 
When X is a sub-group metal the MeX compound 
of the NiAs structure—can be regarded as an 


this 


intermetallic phase. The Me atoms are then sur- 
rounded by two Me and six X atoms at contact 
distances, thus having metallic 8-coordination. The 
X-X bonds are very weak. The X atom is situated 
at the centre of a trigonal prism of Me atoms. The 
geometrical conditions for a_ stable 
fulfilled, 


r./ Yue aS is given in equation (1). 


favourable 
lattice are when c/a is correlated to 
When X is a nonmetal the geometrical conditions 
have a very great influence on the formation of 
metallic MeX compounds of WC and NiAs struc- 
tures, at least for transition metals in groups IV 
VI. The ideal 7,/7y- ratio for the interstitial WC 
structure is 0.53. The carbides and nitrides of this 
tvpe have 0.49 < rx/rme < 0.57. The Me-Me coor- 
dination number is 8, and the metallic properties 
are dependent on the intermetallic distances 
(Figure 1). For MoP (rx/rye = 0.78) of the WC 
structure the Mo-Mo distances are 18 per cent 
greater than in the pure metal, indicating a corre- 


sponding decrease of the metallic character. The 


partial ionisation of the X atoms in, for instance, 
the carbides and nitrides gives an explanation of 
the fact that the nonmetal content does not exceed 
50 atomic per cent. If X—X bonds of non-ionic 
type exist in the carbides and nitrides, it should be 
possible to place another nonmetal atom in the 
“simple” hexagonal the 
diborides of the AIB» structure (C32 type). In most 
cases the phases are homogeneous at a somewhat 
smaller X content than 50 atomic per cent. The C 
and N 
within an X layer parallel with (001). The separate 
X layers can be irregularly situated in relation to 


cell by analogy with 


atoms evidently have ordered positions 


each other at favourable geometrical conditions, 


i.e., a small degree of ionisation and a small 
rx/Yxe ratio. The WC structure may therefore be 
regarded as a NiAs structure with disordered non- 
metal layers. NbS forms a striking example of the 


influence of the degree of ionisation. The modifica- 
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tion with Nb in excess is of the WC structure, and 
the modification rich in S is of the NiAs structure. 

Going from TiS to FeS the bond character 
changes from metallic to nonmetallic. The S atoms 
seem to be ionized almost to the S?~ state in FeS. 
In such a case a fraction of the Me atoms can be 
removed without any breakdown of the lattice. 
Compounds of the same nature as FeS have been 
found to have a homogeneity range with the lower 
limit close to the composition 1 : 1. 

A subtraction of one Me atom in a MexX lattice 
of NiAs type leads to the MeX, lattice of Cd(OH)>» 
type (C 6). A continuous B8—C6 type transforma- 
tion seems to exist in the following cases: NiTe— 
NiTe,!*, TiSe—TiSe.”°, TiTe—TiTe.*°. No similar 
found to the Ti-S and 


transition was exist in 


Nb-S systems. 
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INTERSTITIAL CONTENT OF RADIATION-DAMAGED METALS FROM 
PRECISION X-RAY LATTICE PARAMETER MEASUREMENTS 
I. PRINCIPLES OF THE MEASUREMENTS* 


CHARLES W. TUCKER, JR. AND JOHN B. SAMPSON} 


An X-ray method for determining the interstitial content of irradiated metals is suggested and 
analyzed. This approach offers the following advantages: (a) the X-rays “‘see’’ mainly the interstitial 
atoms since their effect outweighs that of vacancies by a 5 : 1 ratio, (6) the interpretation is straight- 
forward and may be made quantitative, and (c) the method is sensitive since 0.01 atomic per cent, 
and perhaps less, of interstitials may be detected. 

These conclusions are based on a combination of theory and experiment. The theory is based upon 
an elasticity interpretation which predicts Vegard’s law and several other experimentally confirmed 
X-ray effects. 

The possibilities of the method are borne out by preliminary observations in this Laboratory of 
X-ray-detected lattice expansions of several neutron irradiated metals. 


LA TENEUR EN ATOMES INTERSTITIELS DE METAUX ENDOMMAGES PAR IRRA- 
DIATION, DETERMINEE PAR DES MESURES PRECISES DU PARAMETRE DU RESEAU 
AU MOYEN DES RAYONS X. I. PRINCIPES DES MESURES 


On propose et examine une méthode pour la détermination de la teneur en atomes interstitiels de 
métaux irradiés, basée sur l’emploi des rayons X. Cette facon d’agir donne les avantages suivants: 
(a) les rayons X “‘voient’’, avant tout, les atomes interstitiels, car l’effet de ces derniers est 5 fois plus 
grand que l’effet des lacunes réticulaires, (>) l’interprétation des résultats est simple et peut étre 
quantitative, (c) la méthode est sensible, car il y a moyen de détecter 0,01 pour cent, ou peut-étre 
méme moins, d’atomes interstitiels. Ces conclusions sont basées sur une combinaison de théorie et 
d’expérience. La théorie s’appuie sur une interprétation basée sur la notion d’élasticité, qui prédit la 
loi de Vegard, ainsi que plusieurs autres effets en rayons X, confirmés par |’expérience. Les possibilités 
de cette méthode sont démontrées par des observations, faites dans ce Laboratoire, sur les expansions 
des réseaux de quelques métaux irradiés aux neutrons, décelées au moyen des rayons X. 


TEL 


S’ LI 
METALLE AUS RONTGENOGRAPHISCHEN PRAZISIONSMESSUNGEN DER 
GITTERKONSTANTEN. I. GRUNDLAGEN DER MESSUNGEN 

Es wird eine Réntgenmethode zur Bestimmung des Anteils von Zwischengitteratomen in bestrahl- 
ten Metallen vorgeschlagen und analysiert. Die Methode hat folgende Vorziige: (a) Die Réntgenstrahlen 
‘sehen’ vorzugsweise die Zwischengitteratome, da ihr Effekt den der Leerstellen im Verhaltnis 5: 1 
iiberwiegt; die Auswertung ist unkompliziert und kann quantitativ durchgefiihrt werden; (c) die 
Methode ist empfindlich, denn 0,01 Atom % Zwischengitteratome und wahrscheinlich weniger 
lasst sich nachweisen. 

Diese Schliisse griinden sich auf eine Kombination von Theorie und Experiment. Der Theorie 
liegt eine Elastizitatsbetrachtung zugrunde, die Vegards Regel und mehrere andere experimentell 
beobachteten Réntgeneffekte voraussagt. 

In diesem Laboratorium wurden in ersten Versuchen an mehreren mit Neutronen bestrahlten 
Metallen Gittervergrésserungen réntgenographisch nachgewiesen, und damit die Anwendungs- 
méglichkeiten der hier beschriebenen Methode gezeigt. 


DER ZWISCHENGITTERS =NGEHALT STRAHLUNGSGESCHADIGTER 


properties what reactions are occurring among the 


Introduction possible defects. 


It is generally believed that the primary damage 
in metals caused by heavy particle bombardment 
is due to the formation of interstitial lattice atoms 
and vacant lattice sites. However, under continued 
irradiation and subsequent thermal treatment 
these interstitial and vacancy defects may enter 
into various reactions such as mutual annihilation, 
agglomeration, and interaction with dislocations 
and other defects. Each of these possible reactions 
will affect the physical properties of the metal in a 
characteristic manner. The central problem in the 
study of radiation damage and its annealing is 
that of deducing from the changes in physical 


*Received January 7, 1954. 
+Knolls Atomic Power Laboratory, General Electric Com- 
pany, Schenectady, New York. 
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Specific physical properties which have been 
studied in the case of irradiated metals [1] include 
electrical resistivity, critical shear stress, other 
mechanical properties, and elastic constants. Each 
of these properties (except possibly the elastic 
constants) is sensitive to more than one principal 
defect that may be present. Moreover, the inter- 
pretation of these properties in terms of possible 
defects is complex and subject to various uncer- 
tainties. It is therefore desirable to search for a 
physical property which reveals in a straightfor- 
ward manner the concentration of a particular 
defect of importance. 

The purpose of this paper is to present a type of 
X-ray lattice 


namely, precision 


parameter measurements, which gives promise in 


measurement, 


i @ 
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metals of measuring essentially only the interstitial 
content. For fairly symmetric crystals, a uniform 
distribution of interstitials causes a uniform lattice 


dilatation which can be used to measure the con- 
centration of interstitials provided 
displacements due to a single interstitial are known. 


the atomic 
It is true, similarly, that the relaxation around a 
vacancy produces a contraction of the lattice, but 
this appears to be nearly an order of magnitude less 
than the expansion produced by an interstitial. 
Thus the X-ray method gives a measurement 
which is dependent essentially only on the inter- 
stitial content. 

The analysis of crystal dilatation to be discussed 
here assumes separate interstitials; the possibility 
of agglomeration of interstitials or their accumula- 
tion near dislocations, grain boundaries, or other 
defects is ignored. This assumption is of course 
true in some range of temperature and exposure. 
The interpretation is qualitatively correct even 
in other ranges since, for example, agglomeration 
into small clusters should reduce the dilatation but 
only by a factor of two or three. 

By contrast one cannot expect to determine 
interstitial content from electrical resistivity meas- 
urements to any known degree of accuracy. Both 
vacancies and interstitials scatter the conduction 
electrons by about an equal amount [2] so that in 
addition to information would 
require a knowledge of the ratio of interstitials to 
vacancies. This ratio is known only if the only 
that of direct 
annihilation of interstitials and vacancies so that 


other one also 


possible subsequent reaction is 


the ratio remains fixed. This is a very restrictive 
assumption. Moreover, it does not appear to be in 
accord with observations [3; 4] according to which 
some changes in physical properties in irradiated 
copper are not annealed at temperatures adequate 
for the migration of both vacancies and inter- 
stitials. 


Experimental Possibilities of the X-ray 
Method 


If one assumes the validity of the X-ray method, 
questions naturally arise whether the method is 
sufficiently sensitive and whether lattice expansions 
have ever been observed in metals. 

According to Jette and Foote [5], who studied 
fourteen [14] metallic elements, lattice parameters 
can be measured using a symmetrical back-reflec- 
tion focusing camera to a precision of about 
+0.005 per cent. From the relation to be established 
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between interstitial content and lattice parameter 
change, it can be concluded that the least detectable 
interstitial content by the X-ray method is about 
0.005 per cent. 

The interstitial content to be expected 
irradiations which are readily achieved in nuclear 
reactors and which have also been reported for 
accelerators appear to be well above the least 
detectable amount. For example, if one assumes 
equal interstitial and vacancy content for copper 
which was exposed to 10" deuterons/cm? at the 
University of Illinois [3; 6] by a 12 Mev deuteron 
beam, the measured resistivity change indicates 
an interstitial content [3] of 0.02 to 0.2 per cent.* 

Actually lattice expansions have been observed 
in this Laboratory using an X-ray back reflection 
focusing camera for a number of neutron irradiated 


for 


metals. These results, which are still preliminary, 
and others will be presented in a second paper. 
It is sufficient to say at this point that the changes 
observed exceed the least detectable amount by 
about an order of magnitude. 


Review of Elastic Description of Interstitials 
and Vacancies 


The changes in the X-ray diffraction pattern as 
well as the change in volume of a crystalline lattice 
resulting from an accumulation of either inter- 
stitials or of vacancies can in principle be used to 
measure the concentration of these defects. This 
measurement is readily amenable to analysis based 
on an elasticity problem [7] which has been applied 
by various authors to such phenomena as precipi- 
tation from solid solution [8], F-centers [9], dislo- 
cations [10], X-ray effects from solid solutions [11], 
distortion of crystals [12], and to radiation damage 
[13]. This approach was first considered in this 
Laboratory by Coffin and Snyder [13], to whom 
we are indebted for suggesting its applicability to 
radiation effects. The elastic model 
considers each interstitial or vacancy to be a 
center of pressure (positive or negative) imbedded 
in an isotropic elastic medium. This description 
should metallic 
lattices of high symmetry, namely, face-centered 
cubic, hexagonal close-packed, and body-centered 


damage 


be adequate for the common 


*Recent measurements of stored energy by Overhauser (to 
be published) have led him to suggest that the interstitial 
and vacancy content produced by this irradiation may have 
been less by an order of magnitude, in which case the theory 
of the electrical resistivity effects of interstitials and vacancies 
is seriously incorrect. An X-ray measurement would be of 
great aid in clarifying this discrepancy. 
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cubic. The applicability of the model breaks down 
at higher concentrations due to non-elastic inter- 
actions but it should apply up to concentrations 
of about one atomic per cent. 

Recently, a report by Eshelby [12] has appeared 
which gives in one place a complete and general 
analysis of the elasticity problem. Before we had 
learned of this important work we were pursuing 
similar studies in this Laboratory in order to extend 
the analysis of Huang [11] who had considered the 
X-ray effects from dilute solid solutions but who 
had neglected the effect of a finite medium. The 
results of the elastic model due principally to 
Eshelby [12] and Huang [11] which are pertinent to 
X-ray and volume changes are as follows: 

1. A uniform distribution of centers of pressure 
in a lattice of any finite size and shape produces a 
uniform volume expansion corresponding to an 
isotropic linear strain 


4n 
(1) e(n) = ncy 

3 

where e(m) is the strain produced by a concentra- 
tion ” per unit volume of centers of pressure. The 
constant ¢ is proportional to the strength of each 
center of pressure and y is related to Poisson’s 


ratio, ¢, of the medium by 
(2) 


2. The positions of the X-ray diffraction maxima 
shift due to the addition of a uniform distribution 
of centers of pressure giving a lattice parameter 
expanded in agreement with equation (1). Huang’s 
analysis predicts the isotropic X-ray expansion 
incorrectly by the factor 1/y because he considered 
the medium to be infinite. (The same error occurs 
in considering volume changes if one neglects 
terms arising from the finite nature of the medium.) 

3. Huang predicted additional X-ray effects 
due to the centers of pressure, namely, no line- 
broadening, some changes in the intensities of the 
Bragg reflections, and an effect analogous to ther- 
mal diffuse scattering. 

4. The elastic displacement around a single 
center of pressure located at the origin is given by 


(3) 


“4 = [4+ (r, 9, 6) | 


where y is a function which depends upon the shape 
and location of the outer surface of the body. 
Quite near the center of pressure the 1/r? term 
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dominates, but the additional effects due to the 
finite medium result from the y-term.* 

For the lattice of atomic volume v 
concentration ~ of centers of pressure, the strain 
and 


and atomic 


concentration are related by the equation 
4m ycp 


4) 
(4) 


e(p) 


This equation is basic to our suggested method of 
measurement. It will be shown to be consistent 
with Vegard’s law for solid solutions. Evaluation 
of the constant c in terms of detailed calculations 
of atomic displacements due to interstitials and 
vacancies will be discussed in a later section. 


Tests of Elasticity Theory Predictions 


Several of the predictions of the elasticity theory 
as applied to X-ray diffraction effects mentioned 
in the previous section can be tested experimentally. 
For example, in the case of solid solutions equation 
(4) can be shown to give 


(5) 


if one assumes that the “‘elastic constants’’ of the 
solute and solvent atoms are identical. In equation 
(5), r2 is the atomic radius of a solute atom and 
r, that for a solvent atom. In the simple metallic 
crystal structures, the atomic radii are proportional 
to the lattice that 
equation (5) is simply a mathematical statement of 
Vegard’s law [14; 15]. This empirical rule states 
that two the 
structure form a continuous series of solid solutions, 


parameters and it follows 


when materials of same crystal 


the plot of lattice parameter versus composition is 
a straight line joining the parameters of the pure 
materials. While Hume-Rothery and his associates 
[16; 17] have shown that Vegard’s law is to be 
regarded only as an idealization (since they find 
which influence atomic size in 


many factors 


metallic systems), their data indicate that most 


metallic systems obey Vegard’s law to a reasonable 


*In an infinite medium y is zero; in a sphere of radius R 
with the center of pressure at the center, y i 
1 + .]-r/R. For more complex geometries it becomes im- 
practical to calculate y. Probably for this reason (and its 
small value in the vicinity of the center of pressure) y has 
often been ignored, as it was by Huang, with resulting errors 
in X-ray and volume effects which have been described 
Eshelby’s work [12] both corrects former errors of others and 
gives correct results in general, but also avoids the labor of 
computing y explicitly. 


y is [2(1 — 2¢ 


fo — 
|| ep) = p, 
71 
+o 
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first approximation.* Therefore, the elasticity 
model makes a correct prediction of the lattice 
expansion. 

Another prediction comes from the work of 
Huang [11], namely, that there should be no 
broadening of the diffraction lines of solid solutions 
as compared to pure materials in spite of the rather 
large local distortions around the solute atoms. 
This result is in keeping with experiment for a 
wide variety of solid solutions. Huang also predic- 
ted some intensity changes of the diffraction 
maxima and the production of a type of X-ray 
scattering analogous to thermal diffuse scattering. 
While these two effects have not been observed in 
solid solutions, they have been observed by one 
of us (C.W.T.) in a nonmetallic radiation damaged 
material. 

Thus it is seen that most of the predictions of 
the elasticity model have been tested experimen- 
tally either in a quantitative or qualitative manner. 
The success of these tests forms the background 
for confident application of this approach to the 
problem of measuring interstitial content. 


Interstitial Lattice Atoms and Vacancies 


If the interstitial atoms are located in reasonably 
symmetrical positions, it appears promising to 
apply equation (4) to the interstitial 
lattice atoms. Owing to the rather small volume 
available in most interstitial positions of the com- 
mon metallic crystal structures, it would not be 
expected that the elastic model, based as it is on 
Hooke's law, would apply to the region at the peri- 
phery of the interstitial atom. Study shows that 
the region of elastic response lies at and beyond the 
second or third shell of nearest neighbors of an 
interstitial. Therefore, the constant c of equation 
(4) must be evaluated from the equation 


case of 


(6) 


using the theoretical calculations of the displace- 
ments of those neighboring atoms which are far 
enough away for the elastic approximation to be 


applicable. 


*Unfortunately, Eshelby (private communcation) has 
shown that the above elastic model cannot distinguish be- 
tween the additivity of atomic radii (Vegard’s law) and 
atomic volumes. As pointed out by Barrett [18], Mehl [19] has 
questioned the validity of Vegard’s law suggesting that a 
plot of lattice parameter cubed versus concentration should be 
linear rather than the lattice parameter versus concentration 
plot (Vegard’s law). For such a distinction the elasticity 
model would require second order elastic theory rather than 
the much simpler linear elasticity theory used here. 
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The required atomic displacement calculations 
for metals are not yet very numerous. Huntington 
and Seitz [20] and Huntington [21] have considered 
copper and Dienes [22] has considered copper and 
sodium. Since none of these authors had the 
present application in mind their results were not 
extended as far or as accurately as desired. Unfor- 
tunately, Dienes applied an assumption that the 
next nearest neighbors are displaced farther than 
the nearest neighbors, so that only rough conclus- 
ions can be based on his work. Huntington [21] 
considered displacements of the nearest several 
neighbors of an interstitial and the nearest neigh- 
bors of a vacancy. The furthermost neighbors of 
the interstitial which he considered in detail are 
displaced 5 per cent or less, and therefore are on 
the threshold of the elastic range. The atoms 
immediately beyond these were permitted some 
relaxation by an approximate treatment. A more 
accurate treatment would probably give somewhat 
greater displacements and consequently somewhat 
greater values for c, but this would increase c 
only by 40 per cent, at most (H. B. Huntington, 
private communication). Using the soft potential 
and configuration B (interstitial atom in the body- 
centered the face-centered 
lattice) of reference [21] and considering only the 
outermost atoms regarded by Huntington as 
movable, one obtains for interstitials the value of 
0.15 v for c. Here v is the atomic volume and the 
second decimal place is not significant. When 
substituted in equation (4), the following results 
are obtained: 


(7) e(p) 
e(p) 


Values for Poisson’s ratio for metals vary between 
about 0.28 and 0.33. Therefore, as a working 
equation the average of equations (7) has been 
taken, namely, 


(8) e(p) = 1.0p. 


Thus the interstitial concentration in atomic per 
cent is equal to the linear lattice expansion expres- 
sed as a percent. 

The effect of the relaxation around a vacancy 
on the lattice parameter must also be considered. 
It is apparent intuitively and it is also substantiated 
by existing calculations that the relaxation around 
a vacancy is inward and is less than the outward 
relaxation around an interstitial. The case of a 
vacancy in copper has been considered by Hunting- 
ton and Seitz [20] and by Dienes [22], and both of 


position of cubic 


fore = 
forge = 


Llp 
=0.9p 


1 
1 
3° 
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these papers predict an inward displacement of the 
nearest neighbors of a vacancy of about 2 per cent. 
This gives a value for the constant c of equation 
(4) for the case of a vacancy of —0.03 v. Con- 
sequently the lattice contraction due to a concen- 
tration p, of vacancies is 


(9) ey (Pr) = — 0.2 Po 


averaged for values of ¢ between } and 4. Compari- 
son of equations (8) and (9) shows that the effect 
of vacancies upon the lattice parameter is only 
1/5 that of interstitials. The effect of a vacancy is 
less than the present uncertainty in the knowledge 
of the constant c for an interstitial, and the effect 
of vacancies can therefore be ignored at this stage 
except for cases in which it is clear that the vacancy 
concentration greatly exceeds the interstitial con- 
centration. 

As pointed out in the introduction, it is of course 
possible that upon annealing the individual 
interstitials and vacancies agglomerate, accumu- 
late at or near dislocations, grain boundaries, or 
other defects.* These effects may modify the 
interpretation of the X-ray method so that inter- 
stitial contents are increased by a factor of two 
or three. However, since it will usually be possible 
to start with the interstitials and vacancies 
dispersed, it is felt that much useful information 
can be obtained by the X-ray method. Further, 
it is only when our knowledge of the annealing 
reactions becomes much more precise than at 
present that any desirable modifications in the 
interpretation of the X-ray method will become 
clear. 

It is therefore useful to relate X-ray diffraction 
measurements of the lattice parameter changes to 
the interstitials content by means of equation (8). 
For copper the interstitial concentration can be 
determined to within a factor of less than two, 
corresponding to the determination of the constant 
c of equation (4) to within the same factor. Until 
this constant is determined for other metals it is 
tempting to apply equation (8) to these other 
metals, since for the common metal crystal struc- 
tures (face-centered cubic, hexagonal close-packed, 
and body-centered cubic) the constant c should 
not vary greatly from metal to metal. This assumes 
copper to be typical as far as distortions around an 
interstitial are concerned. Dienes’ work [22] on 


*Various possibilities have been widely considered. For 
example, the case of agglomeration is mentioned in reference 
[6], among other places, and a special type of agglomerate has 
been considered in some detail by A. N. Holden of this 
Laboratory. 
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copper and sodium shows roughly that even in the 
case of the soft metal sodium the constant c for 
interstitials is only twice as large as in the case of 
copper. This indicates that the value for copper 
should be typical for metals to within a factor of 
two or three. Clearly, further calculations are 
desirable to make the assumption of the generality 
of the copper result unnecessary. 

The lattice 
observed in this Laboratory indicate that 
effect of interstitials outweighs that of vacancies 


metals 
the 


expansions of irradiated 


as the above analysis predicts. 


Conclusions 


The conventional elasticity model which des- 


cribes substitutional foreign atoms, interstitial 
atoms, or vacancies as centers of pressure within a 
crystal lattice provides an adequate description of 
the effect of a concentration of these defect types 
upon the crystal lattice. In the case of solid solu- 
tions Vegard’s law is predicted, which is supported 
as a first approximation by a large body of experi- 
mental data. Other X-ray effects predicted by the 
This 
agreement gives one considerable confidence in 
the correctness of equation (4) which relates defect 


theory have been qualitatively observed. 


concentration to lattice expansion. 

Equation (4) is applied to the determination 
of interstitial and of vacancy content with the help 
of calculations of others which describe in detail 


for copper and sodium the atomic displacements 
near the defect. The following results are obtained: 
little as 


1. Interstitial concentrations of as 
0.01 per cent are detectable by X-rays 
2. An 


expanding the lattice as a vacancy is in contracting 


interstitial is five times as effective in 
the lattice. 

The sensitivity is adequate so the X-rays should 
determine interstitial content for many conditions 
of irradiation of metals. X-ray lattice expansions 
have been observed at this Laboratory for a 
number of neutron-irradiated metals, and these 
plus additional results will be presented in a second 
paper. 

The greater sensitivity of X-ray lattice parameter 
to interstitials, as compared to vacancies, means 
that such X-ray measurements offer a tool for 
observing essentially only the interstitial content 
of radiation-damaged metals, and of following 
the changes in this concentration with irradiation 
and with subsequent thermal treatment. Such an 
unambiguous knowledge of the changes in concen- 
tration of this important defect should aid signifi- 


A 
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cantly in deducing which of the various possible 
reactions among the defects are occurring. 
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Note Added in Proof 


In a letter submitted to this Journal, H. B. Hunt- 
ington reports further calculations concerning the 
elastic strains around an interstitial atom in copper. 
His conclusion, resulting from two separate ap- 
proaches, is that the elastic displacement is described 
by 


where d is the lattice constant, and the coefficient 
is estimated to be accurate to within 20 per cent. 
Since d* = 4v, this is identical with 


0.16v 


which result agrees well with the value 0.150 used 


in this paper. 


. DrENEs, G. J. 
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ACTIVITY OF SILICON IN LIQUID Fe-Si AND Fe-C-Si ALLOYS* 
J. CHIPMANT, J. C. FULTON?, N. GOKCEN® and G. R. CASKEY, Jr.§ 


Experimental data are presented which establish the solu 
1290-1690°C in Fe-Si-C solutions up to 20-24 weight per cent 
equilibrium phase is established and its solubility in grapt 
peratures of 1200-1690°C. 

The distribution of silicon between the i 
composition range = 0.15-0.55 and 
carbon. 

The experimental data, together with a large 
used to establish the following thermodynamic 
partial molal enthalpies of the components in F 
solutions at temperatures of 1420-1700°C; the molal hea 
1420°; the activities of Si and Fe in graphite-saturated so 
to SiC saturation at temperatures of 1420-1700°C. 

The results are cross-checked by calculations based on free-energy and equ 


and SiO: and are compared wherever possible with published information. Close 
cases and with related data on Fe-C solutions promotes confidence in the tabula 


L’ACTIVITE DU SILICIUM DANS LES ALLIAGES Fe-Si ET Fe-C-Si LIQUIDES 


On présente des résultats expérimentaux montrant que le graphite est soluble, aux températures 
allant de 1290 4 1690°C, dans des solutions de Fe-Si-C contenant jusqu’a 20 a 24 pour cent de Si en 
poids. L’apparition de SiC 8 comme phase d’équilibre stable est démontrée; la solubilité de cette 
derniére dans du fer saturé en graphite est établie aux températures allant de 1200 a 1690°C. Le 
partage du silicium entre les liquides non-solubles de fer et d'argent fut étudié dans le domaine de 
composition Vg,‘F° = 0,15 a 0,55, ainsi que dans des solutions similaires, contenant des additions 
appréciables de carbone. Ces données expérimentales, et d’autres informations dans la littérature se 
rapportant au sujet en question, sont utilisées pour établir les propriétés thermodynamiques de la 
solution, qui suivent: la chaleur de dissolution et les enthalpies molaires, partielles, des composants 
dans les solutions Fe-Si; les activités de Si et Fe dans les solutions binaires, aux températures de 1420 
a 1700°C; la chaleur, l’énergie libre et l’entropie molaires de dissolution 4 1420°C; les activités de Si 
et Fe dans des solutions saturées en graphite, pour des concentrations en silicium allant de zéro 
jusqu’a la saturation en SiC, aux températures de 1420 a 1700°C. Ces résultats sont vérifiés par des 
calculs basés sur les données concernant les énergies libres et les équilibres de SiC et SiOz, et ensuite, 
quand c’est possible, comparés aux informations publiées antérieurement. Le bon accord constaté 
dans ces cas, ainsi que dans le cas de données sur des solutions de Fe-C, inspire confiance dans les 
résultats rapportés. 


DIE AKTIVITAT DES SILIZIUMS IN FLUSSIGEN Fe-Si UND Fe-C-Si 
LEGIERUNGEN 

Es wurden experimentelle Resultate berichtet, welche die Léslichkeit von Graphit in Fe-Si-C 
Lésungen mit einem Si-Gehalt von bis zu 20-24 Gew.%Si in einem Temperaturbereich zwischen 
1290-1690°C beweisen. Es wird das Auftreten von 8 SiC als stabile Geichgewichtsphase sichergestellt, 
und seine Léslichkeit in graphitgesattigtem Eisen wurde zwischen 1200°C und 1690°C bestimmt. 

Die Verteilung von Silizium zwischen fliissigem Eisen und fliissigem Silber (die nicht mischbar sind) 
wurde im Gebiet der folgenden Zusammensetzungen untersucht: Ng,‘F® = 0,15-0,55 und an ent- 
sprechenden Lésungen, die betrachtliche Kohlenstoffzusatze enthielten. 

Die folgenden thermodynamischen Eigenschaften der Lésung wurden auf Grund der vorliegenden 
experimentellen Resultate und der reichen vorliegenden Literaturangaben sichergestellt: Die Misch- 
ungswarme und die partialen molaren Enthalpien der Komponenten der Fe-Si Lésungen; Die Akti- 
vitaten von Si und Fe in bindren Lésungen zwischen 1420°C und 1700°C; die Molwarme, die freie 
Energie und die Mischungsentropie bei 1420°C; die Aktivitaten von Si und Fe in graphitgesattigten 
Lésungen mit Siliziumgehalten zwischen Null und SiC Sattigung, zwischen 1420°C und 1700°C. 

Die Resultate wurden weiterhin mit rechnerisch auf Grund der freien Energie- und der Gleich- 
gewichtsdaten von SiC und SiO, ermittelten Werten und wo immer méglich mit Angaben aus der 
Literatur verglichen. Die gute Ubereinstimmung dieser Daten untereinander und mit den ent- 
sprechenden Werten der Fe-C Lésungen lassen die hier Zusammengestellten Resultate zuverlassig 
erscheinen. 


The system iron-carbon-silicon is one of the more and as such it has attracted a substantial amount 


important ternary systems of ferrous metallurgy 
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of experimental attention, particularly with respect 
to its solid phases. Thermodynamic properties of 
the liquid solution are known only in rough approxi- 
mation [1]. The binary solutions Fe-C and Fe-Si 
exhibit strong negative deviations from ideality, 
indicating strong attractive forces between unlike 
atoms. In the ternary solution, because of electro- 
static effects or of competition for favored positions 
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as nearest neighbors of Fe atoms [2], the activity 
of each solute is increased by the presence of the 
other. 

It is the purpose of this paper to present the 
results of recent studies of the solubility of graphite 
and silicon carbide in the ternary solutions and of 
the distribution of silicon between these solutions 
and molten silver. By means of these two sets of 
data, and of a variety of subsidiary data already 
in the literature, the activity of silicon in binary 
and ternary solutions is determined at temperatures 
of 1420° to 1700°C. 


Solubility of Graphite and of Silicon Carbide 


The solubility of graphite in molten iron and in 
Fe—C-Si alloys containing up to about 23 per cent 
silicon has been reported [3]. In the binary system 
the results in the temperature range 1153° (eutectic) 
to about 1950° are adequately represented by the 
very simple expression: 


% C = 1.384 + 2.54 X (PC). 


In the ternary solutions the graphite solubility 
could not be determined above 23 per cent silicon 
because of the precipitation of a second solid phase. 
This phase has subsequently been isolated and 
identified by its diffraction pattern as BSiC. This 
is the cubic form which is stable below 2200°. It 
differs in structure from the familiar a forms but 
the thermodynamic properties of the two forms are 
essentially the same. 

New data on ternary solutions in equilibrium 
with graphite and with graphite and silicon carbide 
simultaneously are shown in Table I. The melts 
were held for long periods in graphite crucibles in 
an atmosphere of argon. Temperatures were deter- 
mined in submerged graphite tubes both by optical 
pyrometer and by thermocouple. The presence of 
silicon carbide in certain heats was assured by 
charging more than 23 per cent silicon and per- 
mitting the precipitate to float out of the bath. 
Attempts to bring “globar’’ rods into equilibrium 
with the bath were less successful. This material 
dissolves rather slowly, possibly because of an oxide 
film. The melt was sampled for analysis by sucking 
a few grams into a thin Vycor tube using an 
aspirator bulb. 

The solubility of graphite at several temperatures 
is shown in Figure 1. Both old and new data are 
included. The lines terminate at points representing 
three-phase equilibrium which were obtained from 
Figure 2. This includes all data on melts in which 
both solid phases were present. Unexpected diffi- 
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TABLE I 


ADDITIONAL DATA ON SOLUBILITY OF 
GRAPHITE IN MOLTEN Fe-C-Si ALLoys 


Carbon 
Per cent 


33 
42 
48 
34 
47 
27 
64 
31 
69 


Silicon 
Temp. °C Per cent 


1600 22.94 
1600 23. 
1600 23. 
1490 21. 
1690 23 .6 
1290 20.6 
1490 19. 
1290 19. 
1690 20. 
1600 22. 
1650 22. 
1490 21.6 
1400 21.6 
1290 22. 
1290 21.! 
1690 23. 
1690 23. 
1600 23. 
1490 16. 
1690 16. 
1290 16. 
1250 20.6 
1200 20. 
1420 19.6 
1420 19.7 
1420 19.78 
1200 19.98 
1200 19.71 
1600 21.54 
1600 22.06 
*Saturated with both graphite and SiC. 
a contact with globar but apparently not saturated with 
Si 


Note 


= 
— 
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_ Ficure 1. Solubility of graphite in Fe-Si-C alloys. Squares 
indicate two-fold saturation with graphite and §-SiC. 


culties were encountered in analysis in that the 
reproducibility was not all that could have been 
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FiGurRE 2. Solubility of SiC in graphite-saturated solution. 


desired. Errors in sampling and analysis probably 
exceed those of equilibration and the average 
results shown by straight lines in Figure 2 are not 
considered better than +0.25 per cent Si or +0.05 
per cent C, respectively. Table II shows composi- 


TABLE II 


COMPOSITIONS IN EQUILIBRIUM WITH GRAPHITE AND #SiC 


Mol Fraction Weight Per cent 
Temp. °C i Si Si 
0.377 
0.370 
0.361 
0.355 
0.342 
0.332 


0.0184 
0.0155 
0.0123 
0.0105 
0.0075 
0.0058 


1690 
1600 
1490 
1420 
1290 
1200 


2N 


tions in equilibrium with graphite and BSiC at 
several temperatures. 

A cooling curve was obtained on heat 105 after it 
had been held for two hours at 1250° and another 
two hours at 1200° in argon. A prolonged arrest was 
observed at 1187°. A sample was dipped from the 
“‘mushy” mass at this temperature and at 1183° 
the mass was entirely solid. On reheating, the 1187° 
arrest was again observed but the metal remained 
mushy up to about 1200°. A second cooling curve 
reproduced the 1187° point. 

The sample obtained from the ‘‘mushy”’ mass at 
1187° was examined microscopically and found to 
contain graphite, BSiC, aFe and the e-phase of the 
binary Fe-Si system. It appears, therefore, that 
1187 degrees is a ternary eutectic at which the 
liquid is in equilibrium with aFe (containing 10-11 
per cent Si), «FeSi and either graphite or ASiC. 
This interpretation requires the existence of a 
peritectic at some slightly higher temperature at 
which the liquid is in equilibrium with graphite, 


SILICON 141 


BSiC and either aFe or eFeSi. This portion of the 
ternary system requires a much more detailed study 
before the phase relations can be established with 
certainty. 


Heat of Solution of Silicon in Iron 


In determining the heat of mixing of the liquid 
elements, Kérber and Oelsen [4] carried out two 
series of measurements. In the first series one of the 
metals was added as a liquid at 1600° to the crucible 
of a calorimeter containing the other metal as a 
solid at 20 degrees. The heat effect, corrected for 
the heat content of the molten addition, fixed the 
heat of formation of the alloy at room temperature. 
In the second series the heat contents of the entire 
series of alloys and the two elements were deter- 
mined at 1600 degrees relative to the calorimeter 
temperature. Combination of the two sets of data 
yields the heat of mixing at 1600 degrees. The 


points shown in Figure 3 represent individual 


FiGureE 3. Heat of mixing of iron and silicon at 1600°C 


Data of Kérber and Oelsen. 


experiments of the first series adjusted to 1600 
degrees by the smoothed curve of the second series. 
The data are well represented by the following 
equation which is of a form suggested by Wagner 
[5]: 
AH = Ng; [—36.0 — 2.5 (Nee — 
+10.0 (Nee — Nsg;)?]. 


Here AH is the heat absorbed in kilocalories in 
forming one gram atom of molten alloy from its 
molten elements and the N’s are atom fractions. 
The relative partial molal enthalpies of the com- 
ponents, each referred to its pure liquid state and 
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defined as Lr. = Hr. — H°r. and Ls, = Ag; 
— H°s are shown graphically. At low concentrations 
Ls; = —28.5 kcal, in agreement with Kérber and 
Oelsen’s computation. This is in good agreement 
with the value of —29.0 kcal obtained by Chipman 
and Grant [6] using an entirely different method. 


Distribution of Silicon between Liquid Iron 
and Silver 


As a means of studying the activity of silicon in 
liquid Fe-Si solutions, Chou [7] determined the 
distribution coefficient of silicon between iron and 
silver at 1550 and 1650 degrees. The following is an 
account of a repetition of this work, its extension 
to a wider range of compositions and its application 
to Fe-Si-C solutions. 

Experiments were carried out in the simple high- 
frequency induction furnace illustrated in Figure 4. 


8 
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FIGURE 4. Diagram of furnace. A, Optical pyrometer. 
B, Prism. C, Rubber gasket. D, Sight glass. E, Glass tube. 
F, Brass furnace head. G, Gas inlet. H, Furnace tube-vycor. 
J, Induction coil. K, Crucible-silica. LZ, Silica sleeve. ©, 
Crucible support-vycor. 


The charge, consisting of 10 to 11 grams of silver 
and 9 to 10 grams of alloy prepared from electro- 
lytic iron and refined silicon, was placed in the 
silica crucible K, approximately 10 mm inside 
diameter. Argon flowed downward over the 
crucible and charge. Temperatures were read with 
an optical pyrometer which had been calibrated 
previously against a platinum-platinrhodium ther- 
mocouple immersed in molten iron-silicon alloys. 
The correction of the optical reading was essen- 
tially the same in 17 per cent and in 43 per cent 
silicon and the same correction was applied to all 
melts. 

Melts were held at 1420° + 5° for 40 minutes. 
Temperature was controlled by frequent observa- 
tions and hand adjustment of power input. The 
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time allowed was more than adequate for attain- 
ment of equilibrium, due to the stirring which 
accompanies induction heating. This was verified 
by a few heats made at shorter times. 

The heats were quenched by shutting off the 
power and passing a large volume of hydrogen 
through the furnace. In general the iron phase was 
frozen in 5 seconds and black in about 15. 

The two phases were separated and each was 
ground to produce a clean surface. When visible 
inclusions of one phase were found within the other 
the heat was rejected. 

The results of chemical analysis, reported as mol 
fraction of silicon in each phase, are shown in 
Table III and in Figure 5. In general the iron con- 


TABLE III 


DISTRIBUTION OF SILICON BETWEEN IRON AND SILVER AT 
1420 DEGREES 


Silicon, mol fraction 
No. in Fe 


in Ag 


Sertes 


. 102 
.0399 
.0076 
.0069 
.0595 
.00138 
.182 
.118 
.165 


.00050 
.00031 
.00023 
.00194 
.0137 

.00642 
.00088 
.00057 


bo 


tent of the silver phase was less than 0.2 weight per 
cent. In the iron phase the silver content varied 
irregularly from about 0.2 per cent in low-silicon 
iron to 3.5 per cent in iron containing 38 per cent 
silicon. This was the principal reason for not carry- 
ing the experiments to higher silicon concentrations. 

A similar series of experiments was made with 
iron-silicon-carbon alloys. The results are shown in 
Table IV. Since carbon is insoluble in silver, the 
differences between the two series are due to the 
effect of carbon on the activity of silicon in the iron 
phase. 


= Ng 

0.478 0 0.67 
2 0.410 0 1.01 
jie’ 3 0.320 0 1.62 - 
i 5 0.310 0 1.65 2 
; 6 0.430 0 0.86 195. 

fz 13 0.245 0 2.25 

| 14 0.558 0 0.49 

| 15 0.499 0 0.63 

ii 16 0.525 0 0.50 

“U 
Series B 

35 0.169 0 .53 

36 0.146 0 68 

37 0.144 0 

38 0.248 0 11 

39 0.346 0 40 

54 0.312 0 69 

55 0.194 0 34 

60 0.182 0 8.50 


CHIPMAN 
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Ficure 5. Distribution of silicon between molten iron and 
silver at 1420°C, 


TABLE IV 


DISTRIBUTION OF SILICON BETWEEN 
IRON-CARBON ALLOYS AND SILVER AT 1420 DEGREES 


ACTIVITY OF 


Carbon, 
mol fr. 
in Fe 


Silicon, mol fraction Ne, (A8 


g Nai‘ Fe) 


in Fe in Ag 


99 


210 .22 
. 206 
171 
349 
163 
. 166 
251 
344 
250 


00127 
00169 
.001L09 
0138 
00100 
00134 
00170 
0152 
.00265 
. 248 .00341 
.373 .0189 
.175 00058 
.174 .00064 
.172 .00067 
00090 
. 168 00106 
. 264 .00364 
. 261 .00332 
00387 
172 .00125 
.380 .0236 
350 0176 
0.254 00228 


0.025 
0.046 
.069 
.003 
.087 
.072 
.019 
.008 
.038 
.041 


19 
10 


ooo 


ooo 


Activity of Silicon in Fe-Si Alloys 
The distribution experiments are not sufficient to 
establish the activity of silicon in iron relative to 
that of the pure liquid element. To accomplish this 
end there are two avenues of approach, involving, 
respectively, the phase diagrams of the systems 
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Fe-Si and Ag-Si, both of which have been fairly 
well established [8]. 


The Fe-Si Phase Diagram 


The melting point of silicon is 1414 degrees and 
its heat of fusion [4] is 11,100 cal/g atom. A liquid 
solution of mol fraction 0.73 is in equilibrium with 
essentially pure solid silicon at 1207 degrees. These 
data lead to an activity coefficient, ys; = 0.84, in 
the liquid alloy at 1207 degrees. The effect of 
temperature at constant composition is given by 
by the formula: 


In Y2 = RT?. 


From Figure 3, Ls; in this solution is —1.2kcal. 


This leads to a slight increase in ys; with rising 
temperature which results in ys; = 0.89 at 1420 
degrees and ys; = 0.91 at 1600 degrees. 

For the interval between this composition and 
highest concentration of the distribution study an 
extrapolation may be made on the simple assump- 
tion that log ys;/(1 — Ng;)? is constant. At 
Ns; = 0.55 this gives log ys; = —0.15. 


Activity of Silicon in Silver 

Liquid Ag-Si solutions are in equilibrium with 
essentially pure solid silicon over a wide range of 
compositions. No compounds occur. The diagram 
permits calculation of yg, in the liquid phase in the 
range Ns; = 1.00 to Ng; = 0.20. Darken and 
Gurry [9] have shown that the function log yg; 
(1 — Nsg;)? varies linearly with concentration with- 
in this range. Extrapolation to very dilute solutions 
gives, approximately, log ys; = 0.3 or ys; = 2.0. 
The uncertainty amounts to at least +0.1 in 
log ¥s1- 

In a system which is so nearly ideal there is little 
uncertainty in assuming that Henry’s law is valid 
at concentrations such as those used in the distri- 
bution experiments. This is supported by experi- 
ments [10] which indicate that Henry’s law is 
followed in the dilute solutions. It follows that in 
our experiments the activity coefficient of silicon 
in the silver layer, ys;“4*) is constant and that 
log 7°34” = 0.3 + 0.1. 

Since the activity of silicon is the same in the 
iron and silver layers, it follows that: 

(Ag) (Fe) 


tre) = log 4,5) = log vai” — 0.3 + 0.1. 
si 


For the composition 


log => 
Ns; = 0.55, interpolation 
on Figure 5 gives 


log = —0.48 + 0.340.1 = —0.18+0.1 


a 
2 7 
954 8 
14 
16 
23 
24 
25 
26 
30 86 
33 0.007 29 
0.008 18 
$2 0.020 $4 
43 0.032 41 
44 0.050 27 
45 0.061 20 
18 0.012 86 
19 0.027 90 
50 0.045 81 
51 0.076 14 
52 0.006 21 
53 0.010 30 
6! 0.004 05 
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This seems less dependable than the value —0.15 
derived from the Fe-Si phase diagram. 


Activity Coefficient of Silicon at 1420 Degrees 


The entire curve for log ys; at 1420 can now be 
obtained simply by adding the scale along the 
right-hand margin of Figure 5 on the basis that 
log ygiF®? = —0.15 at Ng,“F® = 0.55. The exten- 
sion of the line below the limits of the distribution 
data will be discussed later. 


Effect of Carbon on Activity of Silicon 

Let ys; represent the activity coefficient of 
silicon in any (ternary) solution and y's; that ina 
binary Fe-Si solution of the same silicon concen- 
tration. The effect of a given concentration of 
carbon may now be expressed in the coefficient 


ys:°° defined by the equation: 


Ys1 Y's! 


In principle, it is possible to determine values of 
vs1° of carbon and 
silicon from the data of Table IV and Figure 5. 
For this purpose, values of the quantity, 


at various concentrations 


(Ag) 


(Ag) 
Na" N 


y (Fe) 
Ns 


log = log (Fe-C-Si) — log 


81 

(C Free) 
are plotted in Figure 6. The second term on the 
right is taken from Table IV while the first is read 
for the same mol fraction of silicon from Figure 5. 
It is evident that the data are not sufficiently 


Corbon, Mo! Froction 


FiGcureE 6. Effect of carbon on activity coefficient of silicon. 
extensive to show variations in log ys; with 
changes in silicon concentration. In the range 
Ns; = 0.17 to 0.36 the results are represented, 
within their limits of accuracy, by the equation: 


log Ysi °) = 5.5 Ne. 


‘ 


To avoid confusion with other ‘‘coefficients” the 
quantity represented by 5.5 will be termed an 
“interaction parameter.” 

The only experimental data which may be com- 
pared directly with the foregoing are those of 
Korber [11] on the equilibrium: 
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Si + 2Mn0O (in slag) = 2Mn + SiO, (solid). 

In these experiments liquid iron containing silicon 
and manganese was brought into equilibrium with 
a saturated manganous silicate slag of approxi- 
mately fixed composition. The effects of carbon and 
other elements on the equilibrium constant were 
determined. From the data it has been shown [1] 
that, assuming no effect of carbon on the activity 
of manganese, its effect on silicon can be represented 
by a line whose equation is 


log ysi° = 0.16 [% C]. 


At the average composition of Kérber’s solutions, 
Ne = 0.040 [% C]; therefore, if the concentration 
of carbon be expressed as mol fraction the above 
expression corresponds to an interaction parameter 
of 4.0. 

The discrepancy between 4.0 and our figure, 5.5, 
is due in part to neglect of the effect of carbon on 
the activity coefficient of manganese. It is known 
that the solubility of graphite in liquid iron is 
increased by additions of manganese. The data [3] 
indicate that yc is decreased about 0.5 per cent for 
each 0.01 increment in Nyy. It follows as a good 
approximation that ym, is decreased a like amount 
for each 0.01 increment in Ng. Then at 2.5 per cent 
carbon (Nc¢ = 0.10) corresponding to an average 
of Kérber’s experiments, yan‘ = 0.95 or, approxi- 
mately, log yma‘ = —0.2Nc¢. Since the reaction 
involves two atoms of manganese for each atom of 
silicon, the application of this parameter would 
increase log ys,‘ by 0.4 Ne. In other words, the 
interaction parameter calculated in this 
becomes 4.4 as against the experimental value 5.5. 


way 


The remaining discrepancy may be ascribed to 
differences in experimental temperature, 
K6érber’s work was done at 1600-1650 degrees and 
the parameter would be expected to decrease with 


since 


increasing temperature. 


Activity from Equilibrium Data 


Published data [12] on the concentrations of 
silicon and oxygen in liquid iron in equilibrium with 
SiO, and our data on solubility of SiC furnish 
important checks on the activity of silicon. For- 
tunately the thermodynamic data on these two 
compounds are complete and apparently of high 
accuracy. 


Free Energy of SiOz and SiC 


The heat of formation of cristobalite, the form of 
SiO» which is stable at high temperatures, has been 
redetermined recently by Humphrey and King [13]. 
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They report AHos3 = —209,330 + 250 cal/mol. 
Entropies and heat contents are contained in 
Kelley’s tables [14] while the heat of fusion of 
silicon is taken from Kérber and Oelsen [4]. The 
data lead to the following equation which seems 
unlikely to be in error by as much as 1000 cal in 
the range 1683-2000°K: 


Si (1) + O2 (g) = SiOz» (crist.) 
AF° = —217,700 + 47.0T cal. 


The heat of formation of 8-silicon carbide (cubic) 
from crystalline silicon and graphite was reported 
by Humphrey, Todd, Coughlin and King [15] to be 
— 13,400 + 920 cal/mol. They also determined its 
heat capacity at high temperatures and from these 
and other published data [14] they obtained the 
free energy of formation. In the range 1683-2000°K 
the following equation represents their data. The 
uncertainty is greater than in the corresponding 
equation for silica.* 

Si (1) + C (graphite) = SiC (8) 
AF° = —24,400 + 8.3T cal. 


Activity of Silicon from SiC Data 


At 1420 degrees, silicon carbide and graphite 
coexist in equilibrium with a liquid in which 
Ne = 0.0105 and Ng; = 0.355. In this liquid the 
activity of silicon, relative to pure liquid silicon is 
obtained from the free energy change in the above 
equation which is RT Ina = AF° = —10,350 cal. 
= 0.046. In the saturated solution, 
therefore, ys; = 0.130. This is corrected to the 
carbon-free state on the basis that log ys,‘ 
= 5.5 Nc. The resultant is ys; = 0.113 in a carbon- 
free solution in which Ng, = 0.355. This point is 
shown in Figure 5. The agreement with the curve 
is astonishingly good. In fact, the divergence from 
the curve corresponds to only 500 cal in the heat 
of formation of SiC, which is less than the estimated 


From this as, 


error in its determination. 


Activity from SiO, Equilibria 


The concentrations of silicon and oxygen in 
liquid iron in equilibrium with SiO. have been 
determined by Gokcen and Chipman [16] in the 
range 1545-1650°C. Their results are expressed in 


terms of weight per cent thus: 


K = [% Si] [(% O]? - log K = —29,150/T + 11.01. 


In the range of silicon concentrations from 0.02 to 
1.6 per cent at 1600 degrees the standard deviation 


*See footnote, p. 449. 
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in 14 experiments was 0.064 in the value of log K 
which corresponds to 550 cal in the free energy. 
For comparison with other data it is convenient 
the 


fraction but to retain units of weight per cent for 


to express concentration of silicon as mol 
oxygen. At the low concentrations of these experi- 
Nasi = 0.0199 [% Si]. the 
equilibrium constant is obtained by adding log 


0.0199 = 


ments Hence desired 


— 1.70 which gives 
K = [Nsg,] [(% O]*; log K = —29,150/T + 9.31. 
Expressed in terms of standard free energy, the 
reference states being the infinitely dilute solutions, 
this is written: 

= Si (in Fe) + 20 (in Fe, 1%) 

+ 133,300 — 42.607 cal. 


SiOz (crist.) 
AF° = 


There are two independent series of data from 
which the standard free energy of oxygen in liquid 
iron may be obtained. Dastur and Chipman [17] 
determined the equilibrium in the reaction of oxy- 
gen in iron with hydrogen to form water vapor. 
From the known free energy of formation of the 


latter [18] they obtained the equation 


= 20 (in Fe, 1% 
— 55,860 — 1.147 cal. 


AF? = 


Darken and Gurry [19] determined the ratio 
CO./CO in equilibrium with liquid iron and its 
oxide at temperatures of 1524-1600°C. Since the 
solubility of the oxide in the metal is also known 
[20], the equilibrium constant and standard free 
energy of the following reaction are also established 
with the following result: 


CO (g) + O (in Fe, % 
AF? = 


— 38,630 + 20.727. 
From this and the known free energy change in the 
oxidation of carbon monoxide [18] we find 


Oz (g) = 20 (in Fe, 1%) 
AF° = —57,020 — 1.14T cal. 


We shall employ as an average: 


AF° = —56,440 — 1.147 + 580 cal. 


We are now in position to calculate the activity 
coefficient of silicon in dilute solutions. The above 
equation is combined with that for formation of 
cristobalite given in the foregoing section and with 


that for its equilibrium with liquid iron. The result 


1S: 


Si (1) = Si (in Fe) 
AF° = —28,000 + 5.547. 
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This is equivalent, in the infinitely dilute solution, 
to 


log y°s; = —6,100/T + 1.21. 


Hence at 1420°C, log y°s; = —2.40. 

The estimated uncertainties in free energy total 
about 2100 cal which are equivalent to 0.27 in the 
value of log y°s;. A shaded area corresponding to 
—2.40 + 0.27 in the range of the experi- 
ments is shown in Figure 5. Direct extrapolation 
of the distribution data would lead to a lower value 


log = 


of log y°s;. The line adopted represents a com- 


promise in which log y°s; = —2.50. 


Activity Coefficient in Dilute Solution 


If there were a sound theoretical basis for deter- 
mining the value of dlogys;/d Ns; at infinite 
dilution the task of adjusting the extremity of the 
curve in Figure 5 would be greatly simplified. A 
number of related systems have been studied which 
invite comparison with the slope of 1.6 in the final 
curve. Richardson and Dennis [21] determined 
equilibrium constants in the reaction CO, (g) + C 
(in Fe) = 2CO (g). A plot of their data indicates 
a slope of d log yc/d Nc = 4.7 at 1560 degrees and 
4.2 at 1760 degrees. At 1420 degrees the extrapol- 
ated value is 5.1. For the same system the potentio- 
metric data of Sanbongi and Ohtani [22] yield a 
slope of about 1.9 at 1550 degrees. The formula 
employed by Smith and Darken [23] for austenite 
calls for a slope of 2.8. 

Temkin and Shvartsman [24] have proposed for 
carbon in austenite: yc = 1/(1 — 5 Nc). Samarin 
and Shvartsman [2] have applied this formula to 
certain three-component solutions in liquid steel 
using the sum of the mol fractions in place of Ne. 
They have shown, for example, that approximate 
agreement is obtained for C in Fe-Si-C and for S in 
Fe-C-S. If a similar equation is applied to the 
problem in hand, it may be rewritten, for very 
dilute solutions of silicon in iron, In ys; = 5 Ng. 
This would make the terminal slope of the line in 
Figure 5 equal to 2.17. 

These considerations point to the possibility that 
the slope at low concentrations in Figure 5 is a 
little too small. 

In a ternary solution, Wagner [5] defines the 
following parameters for the limiting case of zero 
concentration of components 2 and 3: 


In y2/dNe 
= dln y2/0N;3, etc. 


He has shown that: 
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Experimental studies of a number of metallic 
binary and ternary [25] have shown 
remarkably constant values of ¢ at finite concen- 
trations with deviations occurring only in rather 


concentrated solutions. On experimental grounds 
(81) 


systems 


we must expect constancy of €s; up to several 
atom per cent silicon. 

Wagner [26] has shown further that the activity 
of solute metal 2 will be increased by a third com- 
ponent if metals 2 and 3 change the electron/atom 
ratio in the same direction. Assuming that the 
interaction between charged 
metal ions is small compared with the interaction 


energy similarly 
energy of metal ions and electrons, he finds the 
approximate relation: 


€3 € 


The equation provides a rough check on the slopes 
of the carbon and silicon curves through their 
relation to the data of Figure 6. Using only the 


experimental slopes mentioned above, 


2.3 = [1.6 X 5.1]? = 2.9. 


log ¥s:1/ONc = €s;°° 


This is substantially smaller than the observed 
slope of Figure 6 which was 5.5. The difference is in 
the expected direction. The curves of Figure | 
pertain to solutions of constant carbon activity, 
under which conditions 0 yc = Ne. The 
slopes therefore represent experimental values of 
8 log yc/0Ng;. The curve for 1490 degrees has a 
slope of 5.0 at high silicon, in agreement with 5.5 
for the reciprocal case. At low silicon and high 
carbon the slope is 1.7. Close agreement with the 
calculated parameter 2.9 is not expected since the 
latter applies to dilute solutions. But the figures 
which have been cited for comparison are sufficient 
to indicate that the slope of 1.6 in Figure 5 at low 
concentrations is not inconsistent with the other 
data. 


Activity of Silicon at Higher Temperatures 


Since the partial molal enthalpy of silicon is 
known the work of K6érber and Oe6celsen 
(Figure 3), the effect of temperature is readily 
obtained through the relation ys,/0(1/T) 
= Ls,/R. Since the temperature dependence of the 
heat of mixing is unknown, Lg, is treated as a 
function of composition only. In Table V are shown 
values of Lg; and log ys; at 1420 degrees and the 
computed values of log ys; at three higher tem- 


from 


peratures. 


(3) (2) 
2) 9 3 
€5 3 


CHIPMAN Et aL.: ACTIVITY OF SILICON 
TABLE V 


ENTHALPY AND ACTIVITY COEFFICIENT OF SILICON IN FE-SI Other Properties of the Solution 
ALLoyYs The Activity Coefficient of Iron 


Values log yre at 1420 degrees were obtained by 


graphical integration of the Gibbs-Duhem equation 
Si —Lg 


mol fr. 


1600° using the method described by Darken and Gurry 


1500° 1700 


.00 0 00 
0 01 
03 0 .02 
06 04 
.09 
21 1] 
64 18 
.45 34 a 10 


{9}. The data of Figure 3 were used to obtain 
the 


log yre at higher temperatures; results are 


Table VI. 


contained in 


oo 


TABLE VI 


COEFFICIENT OF IRON IN FE-S1 


ALLoYs 


ENTHALPY AND ACTIVITY 


2.09 .95 65 
.34 2.18 83 
.50 2.34 2. 1+ 98 


1 


Comparison with Other Data 


The present results are compared with an earlier 
attempt [1] to estimate the activity coefficient of 
silicon in Figure 7. Coefficients obtained 
Chou’s [7] distribution data are also shown; they 
are taken from his average distribution ratios for 
1550 and 1650 degrees using the value y° s;"4® = 2.0. 
In a very recent study Sanbongi and Ohtani [27] 


from 


FiGURE 7. Comparison of data: Circles, Sanbongi and 
Ohtani [27], 1500°; squares, Chou 1550-1650° average; solid 
line, this investigation, 1600° average; broken line, Chipman 
[1] calc., 1600°. 


have measured the emf of concentration cells in 
which the electrodes were respectively pure liquid 
silicon and iron-silicon alloys and the electrolyte a 
slag of CaO-SiO,-Al,O;. Their results at a mean 
temperature of 1500 degrees are also shown. It is 
noted that our results in general lie between those 
of the other two experimental studies. 


Si 


mol fr. 


—Lr¥e 
K cal 


1420 


1500 


1600 1700 


1.638 53 36 1.21 
5.3 1.54 | .2. .O8 
3.5 1.41 : 4S 
9 1.30 95 
1.20 
1.04 

66 
28 
06 
01 
O00 


9 
9 
2 


Free Energy and Entropy 

The free energy and entropy changes accompany- 
ing the formation of one gram atom of solution from 
the liquid elements at 1420 degrees are shown in 
Figure 8. The methods of calculation are indicated 
by the equations: 


AF = RT [Nsg, (In ys; + In Ng;) + Nee (In yee 


| 
J 


and 


TAS = AH — AF. 


For comparison the curve for AH is repeated and 
the 
same temperature is added. It will be observed that 


a curve showing 7 AS for an ideal solution at 


the entropy of the solution differs greatly from that 
of the ideal. This may be taken as an indication of 


strong ordering tendencies in the solution. 


The Ternary System Fe-C-Si 


Experimental data on the effect of carbon on the 
activity coefficient of silicon have been shown in 
Table IV and Figure 6. To obtain an approxima- 
tion which may be valid over a wider range of 
compositions, it is postulated that yg, is a function 


of (Ns; + No). Values of log yg; in ternary solu- 


147 
1.0 
0.9 0 
0.8 0 
0.6 4 0 
0.5 Ss 0 
0.4 13 0 
0.3 19 l : | 
0.2 24 
0.0 28.4 
( 
( 
( 
( 
( 
( 
| 
g | 
| 
4 
| | + In N»,)] 
1. 
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FiGurE 8. Properties of Fe-Si solutions at 1420°. 


tions are plotted as such a function in Figure 9, 


where the experimental line for the binary solution 


is shown for comparison. It is evident that the 


ternary data fit the curve almost as well as the 
binary. Without more extended data it is impossible 
to estimate how wide a composition range can be 
described by this simple relation. In the following 
paragraph it is applied to the range Ng, + N, 
=().19 to 0.40. 


Nc + Ng; 


FiGuRE 9. Activity coefficient of Si in Fe-Si-C solutions. 


Activity of Si in Graphite-Saturated Solutions 


Activity coefficients of silicon  graphite- 
saturated solutions at several temperatures have 
been computed on the basis of the above postulate. 
Table VII contains the solubility data, interpolated 
on a large-scale plot of Figure 1. Corresponding 
values of log ys; were read from plots of the data 


in Table V and these are shown in Table VIII. It is 
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anticipated that these data will be particularly 


useful in between carbon- 


saturated alloys and silicate slags. 


studies of reactions 


TABLE VII 


SOLUBILITY OF GRAPHITE IN Fe-Si-C ALLoys 


Carbon, mol fraction 


1700° 
220 
180 
.149 
116 
.O85 
.057 
.038 
0235 


1420° 1500° 1600° 
195 
158 
127 
095 
067 
041 
0216 
35 0112 
355* 0105 
362* 
0.369* 
0.376* 


.0263 
0145 


0308 
O1L88 


.0126 


*Saturated with 6 SiC. 


A check of the reliability of the data can be made 
by means of the free energy and solubility of silicon 
carbide in earlier sections. From the 
free-energy equation quoted, the activity of silicon 
in the graphite-saturated, SiC-saturated solution is 


— 5330/T + 1.81. 


discussed 


log ds; (sat.) = 


When this is solved for the four temperatures of 
Table VII and the results combined with the values 
of Ns, for saturation, the following values of 
log ys; are obtained: —0.89 at 1420; —0.76 at 


TABLE VIII 


Activity COEFFICIENT OF SILICON IN GRAPHITE-SATURATED 


—log ysi 


1500° 


1600 


1700° 


1 
1 
0.9! 
0 


0 .376* 


*Saturated with 8 SiC. 


\ 
AF \ \ 
/ % 
/ | 
k ( 
TAS dea ( 
te 4 
( 
( 
Silicon ( 
0.0186 
195. 
0 2.10 1.94 59 
0.05 2.05 1.88 ) 
0.10 1.97 1.80 1 45 
0.15 1.86 1.70 ) 35 
0.20 71 87 “90 
0.25 1.52 1.38 1 04 
0.30 1.28 1.13 : 82 
0.35 0.97 0.86 2 61 
0.355* 0.93 
0.362* 0.79 
0.369* 0.63 
0.49 


CHIPMAN ET AL.: 


1500; —0.61 at 1600; —0.47 at 1700. The agree- 
ment with Table VIII is nearly perfect.* 


Activity of Iron in Graphite-Saturated Solutions 


Since the activity of carbon is fixed, that of iron 
is readily obtained through the Gibbs-Duhem 
equation. It is convenient to write this in the fol- 
lowing form: 


log yre(b) — log yre(a) = 


a d log Ys1 
a+‘ Fe 
The integration was done graphically on two plots 
of 1/Nge vs Nc and Ng;/Ny, vs log ys;. Limits of 
integration were, a, the composition corresponding 
to saturation with SiC and, b, the composition at 
zero silicon. The activity of iron at limit a is 
assumed to be the same as that in a binary Fe-Si 
alloy of equal mol fraction of iron (Table VI). The 
integration yields activity coefficients at other con- 
centrations down to zero silicon at which point a 


Ficure 10. Activity coefficients of silicon and iron in 
graphite-saturated Fe-Si-C alloys. Broken line is for Si in 
C-free solutions. Squares show calculated log Ag in equili- 
brium with SiC 


comparison may be made with data on the iron- 


carbon system. 
Darken and Gurry [28] in a careful study of all 
data on the iron-carbon system proposed for the 


*The remarkable nature of this completely independent 
check is best appreciated from the reverse calculation. Using 
the data of Table VIII, the calculated heat of formation of 
8 SiC differs by only 0.3 kcal from the value reported by 
Humphrey and coworkers in which they recognized an 
uncertainty of 0.9 kcal. The small discrepancy in log yg, is 
removed by adjusting the free energy of formation of 8 SiC 
to: AF? = —24,700 + 8.3T cal. 
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activity coefficient of iron, log = —4660/T(N,)?. 
This equation gives log yr.p = —0.10 and —0.11 at 
1420 and 1600 degrees respectively. The integration 
gave —0.11 and —0.13. This is a remarkable agree- 
ment. 

The results of the calculations on graphite- 
saturated solutions are plotted in Figure 10. Here 
the squares show values of log ys; obtained through 
the data on BSiC. 

In principle, it is possible to learn a great deal 
about the activity coefficient of carbon from the 
data here presented. However, since active experi- 
mental work on this subject is in progress in this 
laboratory and elsewhere [21], no calculations on 
carbon activity are included. 
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RESIDUAL LATTICE STRAINS IN PLASTICALLY DEFORMED 
ALUMINIUM* 


CATHERINE M. BATEMAN} 


The residual lattice strains in three types of aluminium have been measured using X-ray diffraction 
methods and have been compared quantitatively with the theory of an intergranular stress system 
postulated by G. B. Greenough [1]. A discrepancy between theory and experiment has been observed 
with specimens in the form of tensile test pieces. It is concluded that these results raise doubts as to 
the validity of the theory in its present form. 


LES DEFORMATIONS RESIDUELLES DU RESEAU DANS L’ALUMINIUM DEFORME 
PLASTIQUEMENT 

Les déformations résiduelles du réseau ont été mesurées dans trois types d’aluminium, au moyen 
de la diffraction de rayons X. Ces déformations furent comparées quantitativement a la théorie d’un 
systéme de contraintes intergranulaires, proposée par G. B. Greenough [1]. Une différence entre la 
théorie et l’expérience a été notée dans le cas d'échantillons en forme d’éprouvettes de traction. On 
en conclut que ces résultats introduisent des doutes sur la validité de cette théorie dans sa forme 
actuelle. 

INNERE GITTERSPANNUNGEN IN PLASTISCH VERFORMTEM ALUMINIUM 

Innere Gitterspannungen wurden réntgenographisch in drei verschiedenen Aluminiumsorten ge 
messen, und die Resultate wurden quantitativ mit der von G. B. Greenough [1] vorgeschlagenen 
Theorie eines interkristallinen Spannungssystems verglichen. Wenn das Metall in Form von Zug- 
versuchsproben vorlag, wurde eine Diskrepanz zwischen Experiment und Theorie beobachtet. Daraus 
wird geschlossen, dass die Giiltigkeit der Theorie in ihrer gegenwartigen Form zweifelhaft erscheint. 


Introduction 


The existence of a mean lattice strain in the 
grains of a polycrystalline metal aggregate after 
plastic deformation, as measured by X-ray diffrac- 
tion methods, has been observed by many workers. 
Various explanations of this phenomenon have 
been advanced but in particular Greenough [1] 
has put forward an explanation in terms of a micro- 
stress system existing between the grains of the 
aggregate due to variation in yield stress with 
orientation. 

He postulated that the residual lattice strains 
measured by X-ray diffraction methods are due 
to stresses in those grains suitably oriented to 
diffract the X-ray beam, these stresses being 
balanced by stresses of opposite sign in neigh- 
bouring grains which do not contribute to the 
diffraction line. For plastic extension in a metal 
aggregate takes place by glide and the ease with 
which a grain deforms depends upon the orienta- 
tions of its glide planes and glide directions relative 
to the applied stress. The elastic strain of a grain 
which glides easily is less than that of its neighbour 
which is less favourably oriented. When the applied 
stress is removed the grains tend to return to their 
strain-free condition but, since each grain contains 
a different amount of elastic strain, in the final 


*Received October 12, 1953. 
tRoyal Aircraft Establishment, 
England. 
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state some are left in tension and others in com- 
pression. In this way a micro stress system is 
established in the aggregate. 

The magnitude of the expected residual lattice 


strains may be estimated by making certain 


assumptions. To simplify the mathematics it is 
assumed that the grains are elastically isotropic, 
in the case of aluminium this probably leads to 
a very small error. For aluminium is one of the 
most nearly isotropic of metals, the maximum 
variation of Young’s modulus with crystallographic 
direction being only 18.8 per cent of the mean 
value. The second assumption, due to Taylor [2], is 
that the strain in the individual grains is the same 
as in the aggregate as a whole. 

The strain in any grain may be obtained by 
compounding five shears. If only slip plane direc- 
tions operate five of the possible twelve slip plane 
directions in a face-centred cubic metal must be 
summed to produce the required strain. Taylor 
postulated that 
shears is the one requiring least work. 

It may be shown that the residual lattice strain 


the operative combination of 


in a grain R 
yp 


(1 E (7 Tz) 


) 


= Poisson's ratio 
E = Young’s modulus 
Tp = the tensile stress in grain R when 
the load was applied. 


where 


= the applied stress 


A 

Ar 
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Tz can be expressed in terms of the critical shear 
stress, t,., and orientation; 7, turn be 
expressed in terms Of Tyean- The further assump- 
tion, that at any stage of the deformation 7, is 
the same for all grains, is made. 

Taylor has shown that for the aggregate 


may in 


(2) Teas 


where TJ is the tensile stress acting on the aggregate, 
x is the extension of the aggregate, and &s is the 
arithmetic sum of the necessary to 
produce the deformation. The additional assump- 
tion is made that this relationship also holds for 


five shears 


the individual grains. 

To determine the residual lattice strain by X-ray 
methods the change in interplanar spacing ‘d’ 
is measured. The X-ray beam does not select just 
one orientation but a set of orientations whose 
‘reflecting normals’ are in the correct position for 
diffraction. 


nN 


where » = total number of possible orientations 


to contribute to the reflection Ak. Then 


Te 
T 


(2S) 
(4) x 


Te sea. 
and Tmean = (ZS) mean 


The residual lattice strain for the reflection plane 


hkl is 
d hkl 


where d is the interplanar spacing for the particular 
family of planes. 
Hence from equations (1) and (4) 


( (Ss) ) 
( d hkl E (Zs) 


Therefore a graph of residual lattice strains against 
1 — (Zs)nxr/(2ZS5)mean for the various reflecting 
planes should be a straight line through the origin 
with gradient (v/E)Tmean- 

Taylor calculated the values of Zs for face- 
centred cubic metals for a uniform distribution of 
orientations over the elementary spherical triangle 
of cubic symmetry. In these experiments the axis 
of elongation of the specimens was horizontal and 
perpendicular to the X-ray beam. Hence the angle 
between the ‘reflecting normal’ and the direction 
of the applied stress is the Bragg angle, 6, and the 
locus of orientations contributing to a particular 
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reflection is a circle about the #k/-pole with angular 
radius @. By means of a stereogram this locus was 
plotted for the various reflections and (2s)ax: 
obtained by taking the mean of the Ys values at 
5 degrees around the locus. 

Recently a full mathematical treatment of 
plastic distortion in a polycrystalline aggregate 
has been published by Bishop and Hill [3]. They 
first consider a single crystal and then derive a 
general relationship between stress and plastic 
strain in the aggregate when the individual grains 
deform by slip; full account being taken of the 
mutual constraints between grains. They show 
that the principle of maximum plastic work, which 
they adopt, leads to the same result as the principle 
of minimum shear postulated by Taylor. 

In a further paper [4], Bishop and Hill have 
considered the plastic properties of a polycrystalline 
face-centred cubic metal. They first determine the 
stresses needed to produce multislip assuming the 
aggregate to be elastically isotropic. Then, by 
conjecturing that the work done in deforming the 
aggregate is approximately equal to that which 
would be done if the grains were free to deform 
equally, and using the principle of maximum 
plastic work they calculate the yield function of 
the aggregate. They have found fairly good agree- 
ment between the theoretical and experimental 
values of the yield criteria for aluminium and 
copper. 

With the aid of additional information 
Hill [5], the values of 2s have been derived from 
this work in the same way as described previously. 

Greenough also considered the work of Cox and 
Sopwith [6] who assumed that during the deforma- 
tion of a polycrystalline aggregate the grains deform 
as if isolated from their neighbours. This cannot 
be strictly true for on this basis holes would develop 
in the aggregate during deformation. Using this 
work Greenough derived the following expression 
for the residual lattice strain: 


(#) =z 


from 


Timean 


1 
(= y COS 


sin cos mean sin cos ay f 


where y is the angle between the direction of the 
applied stress and the glide plane, and X is the 
angle between the direction of the applied stress 
and the glide direction. 

Using Taylor’s assumptions Greenough found 


| 
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fairly good quantitative agreement between theory 
and experiment for several commercially pure 
metals in the form of wires, but assuming deforma- 
tion to take place as postulated by Cox and Sop- 
with, gave poor results. In another experiment 
with duralumin test pieces Greenough [7] did not 
find the same measure of agreement between 
theory and experiment. It was felt that neither 
the fact that the test pieces were larger than the 
wires nor that the material was an alloy satisfactor- 
ily explained the discrepancy. The present work 
was designed as a further test of Greenough’s 
hypothesis using specimens dimensionally similar 
to the duralumin test pieces. 


Experimental Work 


High purity aluminium (99.93% by weight Al), 
commercially pure aluminium (99.32% Al) and 
aluminium alloy to specification D.T.D. 423B 
(95.239 Al) were the three materials used for 
these experiments. 

The high purity aluminium and commercially 
pure aluminium specimens were machined from 
¢ in. thick rolled sheet and then annealed at 450°C 
for 30 minutes. The respective mean grain dia- 
meters were 0.11 mm and 0.04 mm. Some care had 
to be taken with the alloy, for preliminary measure- 
ments indicated that internal stresses were intro- 
duced into the material during the normal cold 
water quench after heat treatment. The  ; in. 
thick rolled sheet was therefore soaked at 520°C 
for 45 minutes, air-cooled, aged at 170°C for 8 
hours and again air-cooled. Specimens were mach- 
ined from this heat-treated sheet and used without 
further heat treatment. The grains in this material 
were not homogeneous, the grain diameters lying 
in the range 0.01 to 0.08 mm. 

Flat tensile specimens of 1-in. gauge length and 
nominal 0.125 in. X 0.25 in. 
used throughout this work. 

Lattice spacings were determined from X-ray 


cross section were 


diffraction back-reflection photographs. Cobalt, 
copper and chromium Ka radiations were used 
and reflections obtained from the 331 and 420, 
the 333-511 and 222 planes respectively. A thin 
layer of calibrating silver on the specimen surfaces 
provided an accurate measure of the film-specimen 
distance. The specimens were oscillated +2.5° 
about the X-ray beam during exposures to produce 
smooth diffraction lines. (It was found necessary 
to scan the larger grain size high purity aluminium 
specimens. ) 

A series of specimens, for each material, was 
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first photographed in the annealed or heat-treated 


condition. These same specimens were then 


plastically deformed by suitable loading in a 
conventional tensile testing machine and a further 
series of photographs obtained after the removal 
of the load. The the 


interplanar spacings calculated before and after 


films were measured and 


deformation. 


Results 


The sign convention that an increase in inter- 
planar spacing is denoted by a positive residual 
lattice strain has been adopted. The values of the 
interplanar spacings, the 
lattice strains were calculated, were obtained by 


from which residual 
taking a mean value of the results from all speci- 
mens. The probable error for the residual lattice 
strains is 1 X 10-5 for the high purity and com- 
mercially pure aluminium and 2 X 10-° for the 
The 


for the planes investigated in the three materials 


aluminium alloy. residual lattice strains 


are given in Table I. 


TABLE | 


STRAINS IN PLASTICALLY EXTENDED 


ALUMINIUM 


RESIDUAL LATTICE 


Residual Lattice Strains K 1075 


Commercially pure 


Reflecting High purity aluminium Aluminium 


aluminium — alloy 


plane 

Extension 
49 

Stress 21 


Extension 
20% 


Stress 6.5 


Extension 
10% 
Stress 5.5 


tons/sq in. 


Extension 
10% 
Stress 3 


tons/sq in. 


hkl 


tons/sq in. tons/sq in. 


/ 


—10.4 
—15.1 
4.2 


—10.9 
— 1.98 ‘ 
— 1.73 +3. DE 
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Discussion 


In Figures 1-4 the experimental values of the 
residual lattice strains for the three materials have 
been using 


the Ys values derived from Taylor’s work. 


plotted against 


Similar graphs have been plotted, but are not 
included, using the Ys values derived from the work 
of Bishop and Hill and the function obtained from 
the work of Cox and Sopwith. In Table II the 
gradients of all these graphs are compared with 
the gradient to be expected by considering the 
theoretical expression (vy7Timean)/E. In addition the 
results from Greenough’s are 
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TABLE II 


COMPARISON OF GRADIENTS 


| 


Experimental 10~¢ 


Bishop Cox Lheoretical 
and and (¥/E) Tnean 
Hill Sopwith | X 10~ 


Material 
Taylor 

High purity 

aluminium 

10% 
Commercially | 
pure 
aluminium 

10% 

20% 


Aluminium 
alloy 4% 


Aluminium 
wire 15% 
(Greenough) 


Duralumin 

test pieces 

6.3% | 66.: 
(Greenough) | 


included and to complete the comparison his 
experimental results have also been plotted against 
the Ys values derived from the work of Bishop and 


Hill. 


RLS 
+S 


s 


MEAN 


222 


Ficure 1. High purity aluminium 10 per cent extension 


It should be noted that for the aluminium wire 
the axis of extension was vertical and therefore 
the locus of orientations contributing to the 
reflection is a circle about the Ak/ pole with angular 
radius 90 degrees. 

Greenough pointed out that, since the calcula- 
tions were of an approximate nature, it would be 
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reasonable if a straight line could be drawn amongst 
the experimental points with approximately the 
calculated gradient and which passed near the 
origin. It can be seen from Figures 1-4 that 
reasonably straight lines are obtained using the 
function derived from Taylor. Very similar graphs 
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FIGURE 2. aluminium 10 per cent 


extension. 


Commercially pure 


RLS 


s 


(ES) -2 
x10 
| ES) MEAN 


222 


FiGuRE 3. aluminium 20 


extension. 
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Ficure 4. Aluminium alloy 4 per cent extension. 
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are obtained using the Ys values of Bishop and 
Hill; there is little to choose between them. 

The most striking aspect of these results is the 
discrepancy between the experimental and calcula- 
ted gradients when the specimens are in the form 
of test pieces. For the aluminium wire the agree- 
ment is as good as can be expected. The fact 
that all three types of aluminium used here show 
the discrepancy seems to rule out the possibility 
that it is caused by impurities dissolved in the 
metal as seemed likely when only duralumin was 
being considered. Since Greenough also found 
remarkably good agreement with theory for other 
metals in the form of wires, it does seem that it is 
the shape or size of specimen which is causing the 
effect. 

The gradients obtained from the plots using the 
function of Cox and Sopwith show very poor 
agreement with theory; even the gradient for the 
aluminium wire is too large by a factor of two. 

It will be noticed that all the plots give a small 
intercept on the residual lattice strain axis. With 
the exception of the high purity aluminium these 
intercepts are positive. Similar intercepts were 
noted by Greenough and he suggested that they were 
caused by the crystals in the surface (i.e., those 
irradiated by the X-rays) being softer than those 


which are completely surrounded. They are more 
likely to go into compression and thus there is an 
extra positive residual lattice strain at the surface. 


Greenough [8] has investigated a macroscopic 
surface stress in mild steel specimens; he showed 
that this stress was superimposed on the Heyn 
intergranular stress system and was about two 
crystals deep. The intercepts in the present instance 
are so small as to make an accurate investigation 
of surface stresses impracticable. 
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It was thought possible that orientation effects 
introduced into the material by rolling might be a 
contributory cause of the discrepancy. Examination 
of the specimens by the usual X-ray methods 
failed to detect any preferred orientation. 


Conclusions 


The experiments described here do not confirm 
the hypothesis put forward by Greenough. While 
it does not seem possible that the agreement 
obtained by him in his experiments with wires 
can be entirely fortuitous, these results from 
‘test piece’ specimens do throw some doubt on the 
theory. None of the simplifying assumptions made 
suggests an obvious explanation for the discre- 
pancy nor is it thought probable that preferred 
orientation effects are introducing errors. 
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THE ORDERING OF ATOMS IN THE CHI-PHASE OF THE IRON- 
CHROMIUM-MOLYBDENUM SYSTEM*} 


J. S. KASPER{ 


The crystal structure of the ‘‘chi’’-phase of composition FessCr:2Mo.0 has been investigated by 
means of X-ray and neutron diffraction from powdered specimens. It is found that the structure is of 
an ordered a-Mn type. Mo atoms occupy those sites for which the volume per atom is largest, and 
Cr atoms tend to segregate in the larger of the remaining positions. 


LA MISE EN ORDRE DES ATOMES DANS LA PHASE CHI DU SYSTEME Fe-Cr-Mo 


On a investigué la structure cristalline de la phase ‘‘chi,’’ dont la composition est FeseCri2 Moi 
au moyen de la diffraction des rayons X et des neutrons par des échantillons en poudre. I] est con- 
staté que cette structure est du type Mn-a ordonnée. Les atomes de Mo occupent les noeuds qui 
offrent le maximum de volume par atome et les atomes de Cr occupent les plus grands des emplace- 
ments restants. 


DIE ATOMARE ORDNUNG IN DER CHI-PHASE DER Fe-Cr-Mo STRUKTUR 


Die Kristallstruktur der ‘“‘Chi’’ Phase der Zusammensetzung Fes¢CrizMo10 wurde réntgenographisch 
und mit Hilfe von Neutronenbeugung an gepulverten Proben untersucht. Die Struktur ist ein 
geordneter a-Mn Typ. Die Mo Atome nehmen diejenigen Gitterplatze ein, fiir die das Volumen pro 
Atom am grdéssten ist, und die Cr-Atome haben die Tendenz, sich in die grésseren der verbleibenden 


Positionen abzuscheiden. 


Introduction 


The recent discovery of a new phase with an 
a-Mn-type structure in steels containing nickel, 
chromium and molybdenum has been reported by 
Andrews and Brookes [1], and they have designated 
this as the “‘chi’’-phase. They were not able to 
obtain an alloy consisting primarily of this phase, 
however, or to determine if it was an equilibrium 
structure. Recent work by McMullin, Reiter and 
Ebeling [2] on isothermal sections of the iron- 
chromium-molybdenum ternary diagram at 1500°F 
and 1650°F has established the existence of the 
chi-phase as an equilibrium phase in this system. 
Moreover, from the latter work the range of exis- 
tence of this phase has been found to be very 
limited and to be centered about a composition 
corresponding to integral numbers of each atom 
in the unit cell, these numbers in turn being sug- 
gestive of a possible ordering of the respective 
atoms (especially molybdenum) among the dif- 
ferent positions in the cell. Thus, from the com- 
position, ten of the total of 58 atoms in the unit cell 
would be molybdenum, suggesting that the two- 
and eight-fold positions of the a-Mn structure may 
be occupied by them. Definite evidence for ordering 
is obtained from the X-ray diffraction patterns of 
the alloys prepared by McMullin, et al. While they 
conform to the a-Mn structure, they do show defin- 


*Received November 21, 1953. 

+The neutron diffraction data were obtained at the Brook- 
haven National Laboratory Pile. 

tGeneral Electric Research Laboratory, Schenectady, New 
York. 
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ite inversions of intensity relationships when com- 
pared to the a-Mn pattern.§ Using alloys of pure 
chi-phase, kindly prepared by Dr. McMullin, we 
have been able to determine the nature and degree 
of ordering of the respective atoms from a con- 
sideration of X-ray and neutron diffraction inten- 
sities of powdered specimens. 


Experimental 


The preparation of the alloys studied is described 
in the report of McMullin, Reiter and Ebeling [2]. 
They all were of the nominal composition 56 per 


cent iron, 17 per cent chromium, 27 per cent 
molybdenum (weight per cent). The chemical 
analysis and corresponding number of atoms in the 
unit cell for one of the alloys were: 

Weight % Number of atoms per unit cell 
Fe 56-2 36-1 
Cr 16-8 11-8 
Mo 26-9 10-1 


The X-ray diffraction patterns were obtained for 
Co and Cr radiations in a cylindrical camera of 
5 cm radius. The intensities were measured by 
visual comparison with a standard film intensity 
scale. Precise values of integrated intensity were 
not obtained thereby, principally due to the 
difficulties of allowing for absorption effects. 

The neutron diffraction patterns were obtained 
from a large quantity (285 g) of powdered specimen 
in a flat holder of dimensions 4 X 2} X } in. The 


§Similar inversions are apparent in the X-ray pattern 
given by Andrews and Brookes [1]. 
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TABLE |! 


X-Ray INTENSITIES FOR x PHASE 


M+R +P 


211 
220 
310 


999 


321 

400 

(330) 

(411) 

420 

332 

422 

(431) 

(510) 

521 

440 

(433) 

(530) 

(442) 

(600) 

(532) 

(611) 

620 

541 

622 

631 

444 

(543) 

(550) 

(710) 

640 

(552) 

(633) 

(721) 

642 

730 

(732) 

651) 

800 

(811) 

(741) 

(554) 

(820) 

(644) 

653 

(822) 

(660) 

(831) 

(750) 

(743) 

662 1.023 
752 1.010 
840 
(910) 0.985 
(833) 

842 0.973 
(921) 

(761) 0.962 
(655) 

664 0.951 
(930) 

(851) 0.941 
(754) 

(932) 0.920 
(763) 

844 

(941) 

(853) 0.900 
(770) 


*Not measurable because of high background. 
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CrKa Coka 
aMn aMn x Disordere Ordere 
2 110 _ ~ — - a 0.1 12 4 
4 200 - 2 - 0.3 
6 3.646 2 3 3.711 7.4 § 7.3 
8 3.174 3 24 
10 -— — - 0.4 ( 
12 2.585 4 2 2.575 3.1 2 3 
14 5 14.8 2.0 3.8 
18 2 370 206, 0 20.0 
20 3.4 
22 7 64 70.0 51.2 
24 5 29.5 25.1 28.1 
26 13.0 0.9 
30 - 3.7 1.9 
32 0.4 0 
34 31 
36 ) 10.2 3.2 i 
38 17.3 0.5 
40 0.6 0.1 
42 1.9 0.7 2.3 
44 $ 13.7 5.7 8.5 
46 1.6 1.4 1.7 
48 20.7 16.5 16.4 
iP 50 29.4 20.1 22 
52 - 0 0.1 
954 
54 66 76.9 74.1 
56 D> 4.7 13.9 4.7 
58 3.6 9 2 $0 
62 iS 13.0 15.5 15.8 
o4 0 0.4 
66 11.1 3.7 & 6 
6s 

) 15.2 8.0 13.1 

70 2.2 6.f 5.3 
72 17.3 38.4 30.7 
74 11.1 12.5 16.6 
76 2.7 o.9 1.0 
78 7.4 5.4 5.4 
SO 0.7 13 
8&2 9.6 18.5 13.8 
1.0 6.0 44 
&6 1.4 19.7 7.4 
8S 6.8 15.9 14.) 
90 19.8 59.0 54.6 
04 3.6 16.6 16.0 
96 . 9.8 8.4 
98 52 139.0 192.0 
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diffracted neutrons were detected by means of a 
BF; counter and integrated intensities of a high 
degree of precision could be obtained in this case, 
with due allowance for absorption effects. A beam 
of neutrons monochromatized by reflection from a 
single crystal of lead and collimated by Soller slits 
was used. Its wavelength was 1.05 A. Integrated 


intensities were obtained by measuring the areas 
of peaks with a planimeter. 


X-ray Results 


The X-ray intensity data are summarized in 
Table |. For comparison, the pattern of a-Mn is 
included; Cr radiation was used for this purpose 
since with other radiations the a-Mn photographs 
are inferior for intensity measurement. On the other 
hand, for x-phase the structural considerations 
were based mainly on CoKa intensities since these 
provided more extensive information. Calculated 
intensities are for the expression 


Accordingly, no allowance is made for absorption, 
which can be expected to be large, nor for a tem- 
perature factor, which should have only a small 
effect. 

[t is interesting that the unit cell dimensions of 
the two structures are so close to one another; 
ay = 8.895 A for a-Mn, and ay = 8.920 A for x. All 
the reflections for x were indexed on the basis of a 
body-centered cubic cell of the given dimensions 
and there is no doubt that the structure is of the 
same type as a-Mn. 

Inspection of the data in Table I| reveals striking 
discrepancies between the intensities for a dis- 
ordered model and those observed, the most signi- 
ficant of which are some inversions among adjacent 
lines, e.g., vs and Jo4 vs Jo. On the other hand, 
satisfactory agreement is obtained for the ordered 
model wherein the Mo atoms are placed in the two- 
and eight-fold positions of the a-Mn structure and 
the Fe and Cr atoms are distributed at random 
among the remaining positions. 

The intensity comparison has to be made with 
due allowance for absorption effects. Consequently, 
only reflections not far from one another in sin @ 
should be compared. In order to facilitate this, 
Table II gives ratios of intensities of adjacent re- 
flections for some of the more critical cases. It is 
seen that on this basis the ordered model appears 
good and the disordered one quite poor. Attempts 
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were made to allow for absorption but this could 
not be done properly because of the varying breadth 
of the lines. It did not seem worth while to attempt 
more quantitative measurement of the intensities 
with X-rays since this was accomplished more 
readily with neutrons. 


TABLE II 


RATIOS OF INTENSITIES (Co Ka) FOR x-PHASE 


Ordered calc Disordered calc 


Obs. 


T24/I26 
I62/TIss 


Despite the apparent complexity of the structure 
and the several variables in the problem, the loca- 
tion of Mo atoms can be made with considerable 
certainty from the data at hand. This follows from 
the high scattering factor of Mo relative to those of 
Fe and Cr (almost a two-fold difference). The 
scattering factors of Fe and Cr are so slightly 
different that, of course, it is not possible to dis- 
tinguish between them, but this is fortunate for 
the problem of locating Mo only. The f-values 
given in Internationale Tabellen, II, p. 571, were 
used. Corrections for anomalous dispersion would 
make only slight changes in the calculations. 

It may be supposed that the atomic parameters 
for x are not precisely those given for a-Mn. Small 
parameter variations were made and the resulting 
effect on intensities was minor relative to the 
scheme of ordering. Not all possible ordering 
schemes were tried, but because of the sensitivity 
of the intensities to the placement of Mo, it was 
found that no significant deviation from the sug- 
gested model could be tolerated. Thus, at most 
only one Mo of those in eight-fold positions could 
be interchanged with Cr or Fe without significantly 
changing the intensity agreement for the worse. No 
such interchange with Mo atoms in the two-fold 
positions could be allowed. It seems quite certain 
then, that the Mo atoms are in the two- and eight- 
fold positions. 


Neutron Results 


A high degree of precision is readily obtainable 


8 0.2 

2.2 8 2.8 

1.9 a 3.0 

23 6 7.6 

0.8 7 0.8 

13.9 7 5.5 

3.6 0 [7 

1.4 5 2.2 

1.6 9 3.1 
9 l cos’2 6 
sin” cos 
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for neutron diffraction intensities. Absorption for 
the elements concerned is small and can be computed 
exactly. These data allow, therefore, more quan- 
titative comparisons to be made, and especially 
afford an opportunity to consider the distribution 
of Fe and Cr atoms, since their neutron scattering 
factors are significantly different. The respective 
neutron f-values are: fre = .96, for = .352, 
= .661 (all times 10~-'? cm). 

In Table III are given the observed neutron 
intensities and those calculated for various models 
by the expression 


to 


—phsec® 


TABLE III 


COMPARISON OF OBSERVED AND CALCULATED NEUTRON 


DIFFRACTION INTENSITIES FOR x-PHASE 


Tops 


bo 
NN — We & 


+ 


where » is the multiplicity, u is the absorption 
coefficient and fh is the thickness of sample. The 
various models are indicated as follows: 
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Model (24g) Temp. 


factor 


None 
None 
None 
None 
B=1.0 
cm? 


Random 
18 Fe, 6 Cr 


Random Random Random 
Mo Mo 18, Fe, 6 Cr 
Mo Mo 24 Fe 12 Fe,12 Cr 
Mo Mo 12Fe,12Cr 24 Fe 
Mo Mo 15 Fe,9 Cr 21 Fe, 3 Cr 


The (24g)-D2 positions are those for atoms of 
smaller size in the a-Mn structure, corresponding 
to the parameters u = 0.089, v = 0.278. The para- 
meters for (24g)-D, are u = 0.356, v = 0.042. 

The intensities of the four models A through D 
were first calculated without a temperature factor 
and it seemed that A.and C could be eliminated. 
Model B appears good for the few strong reflections, 
but shows real discrepancies when the weaker 
reflections are considered and cannot be improved 
by a temperature factor. Model D is somewhat 
but still 
disagreements. Accordingly, the effect of 


better in this respect shows definite 
small 
variations from these two models were tried and 
the best fit of data was obtained for the distribu- 
tion labeled D'. It includes a reasonable value of 
the B = 1.0 X 107" 


which also makes the last intensity agree with the 


temperature factor, cm’, 


observed. The reliability index, 


R 


| 


has the low value of 0.06. 

Again, the effect of a variation of atomic para- 
meters was investigated. It was found that no 
reasonable changes in parameters could alter the 
intensities sufficiently to improve an otherwise 
unsatisfactory model. Though such an investiga- 
tion could not be done thoroughly, it seemed that 
for the best model D', the parameters cannot be 


greatly different (+.005) from those in a-Mn. 


Discussion of the Structure 
The proper description of the structure follows: 
FeseCri2M ojo 
Space group I 43m — T,' 
2 Moat 2 (a 
8 Mo at 8 (c) = 0.317 
D, 15 Fe at 24 (g = 0.356, 
9 Cr 
D, 21 Fe at 24 (g) 
aCr 
Nearest neighbor distances are given in Table IV. 


v = 0.042 


= (0.089, v = 0.278 


A 
B 
[~ Pp F 
sin” 20 
Same 
h? +k? —- 
+P A B C D D' 
. 2 0 0 0 9 5 
iach 4 0 0 0 0 0 0 
2 
10 0 0 0 2 2 
12 2+1 3 7 5 { 
14 $+2 3 2 7 3 
16 23+2 19 23 19 20 7 
18 422+ 10 $22 4122 422 t11 
20 0 2 0 7 3 
22 1I51+5 127 139 100 186 154 
24 50+3 18 |_| 43 53 1h 
26 88 +3 69 87 74 104 87 
30 5+2 6 7 6 14 9 
32 3+2 I 2 I 2 2 
34 6+2 6 6 7 8 5 
36 3+1 Q 6 15 6 } 
38 6+2 13 13 15 i) 7 
10 0 2 3 3 3 3 
$2 0 2 2 } 2 2 
$4 10+3 18 16 9 26 16 
16 
18 
50 
52> 375450 390 173 449 530 358 
54 
56 
58 | 
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rABLE IV 


INTERATOMIC DISTANCES AND PAULING VALENCE FOR 
x-PHASE 

Valence for 
corres- 
ponding 


positions 


Neighbors D “‘Valence”’ 


in a—Mn 


bo 


Moy (Sc) 


bo 


9 
2 
2 
2 
9 
2 
2.i 
9 
9 


t 


It appears, then, that not only are the Mo atoms 
ordered but that there is a tendency for Cr to 
occupy preferentially the sites of larger size, leaving 
the sites of smaller size to be occupied predomin- 
antly by Fe. The partially ordered distribution of 
Fe and Cr atoms may be the result of insufficient 
annealing time. The completely ordered situation 
would correspond to the segregation of all Cr atoms 
in (24g) D, positions. The structure would be 
more understandable on this basis. The subsequent 
discussion, for purposes of simplicity, will be made 
for the completely ordered structure, as defined. 

It is difficult to see the full significance of the 
structure, but there are certain features of interest 
which can be recognized. The atomic arrangements 
appear reasonable on the basis of size considerations. 
Thus, the two- and eight-fold positions of coordina- 
tion number 16 have the largest volume per atom 
and are found to be occupied by the largest atom, 
Mo. Also, the positions with smallest volume per 
atom are occupied by Fe, which is usually smaller 
than Cr. 

The structural features may be best appreciated 
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from a consideration of the polyhedral configura- 
tions of nearest neighbors surrounding the different 
kinds of atoms. In this respect, both Mo atoms 
appear to be similar. Mo, has only two kinds of 
neighbors: twelve D. atoms (Fe) and four Moy;, 
atoms. The twelve D2 atoms form a regular poly- 
hedron depicted in Figure 1, which can be described 


FIGURE 1. The polyhedron of D2 atoms surrounding Mo y. 
Four Mo atoms, not shown, are along perpendicular direc- 
tions through the centers of the hexagons. 


as formed by positive and negative tetrahedra 
truncating each other. The four Mo, , neighbors on 
the outside of this figure form a regular tetrahedron. 
A similar, somewhat distorted, geometrical arrange- 
ment of neighbors occurs around Mo,;,. Here, the 
twelve-vertex polyhedron is composed of nine D» 
and three D, atoms, while the exterior tetrahedron 
is made up of one Mo, and three D, atoms. For the 
completely ordered situation, there would then be 
twelve Fe, three Cr and one Mo neighbors for Moyy. 
If one attributes to Cr the role of substituting for 
the chemically similar element, Mo, the similarity 
of Mo,;,; to Mo, with respect to its ligands becomes 
apparent. Both atoms can be described as having 
two kinds of bonds; twelve with Fe, and four to 
either Mo only, or to Mo and Cr. It is interesting 
that only the ratio of 36 Fe to 12 Cr would allow 
such a simplification of description. 

A distorted icosahedral configuration of neigh- 
bors occurs about the atoms Ds». Icosahedra which 
are more regular are found to surround certain 
atoms in the o-phase structure. It is also indicated 
that elements such as Cr or Mo do not occupy the 
centers of icosahedra in the o-phase structure [3]. 
It is of interest then that Cr atoms tend not to 
occupy the D, positions in x-phase. A relationship 
of the structures of these two phases may be seen 


460 

Mo, 2a) 4 Moy, = ~ 
12 Dz 2.71 6.2 3.5 

1 Moy 
3D, 49 
3D 96 
3D, 89 <@ 
6D» 69 6.6 1.7 

(24g) 1 Moy, 49 
J Moy, 29 
6D, 67 ) 
1D: 45 
2 51 
2D: 66 16 LD 

D2 (24g) 1 Moy 
] Moyy 
1D; 15 
2D I 
2 D, 16 
1 D, 195¢ 
2 D; 2.38 6.4 6.3 
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in that both contain icosahedral configurations, 
which, however, are arranged differently in the two 
cases. 

The configuration about the D,; atoms is more 
complex and less readily interpretable. 

It is illuminating to consider also the Pauling 
valences, calculated from the expression, D (1) 
—D (mn) = 0.6 log n, the numbers for which are 
given in Table IV. In this scheme, the usual valence 
would be about 6 for Fe, Cr or Mo. In x-phase, it 
appears that only the D, atoms are of abnormally 
low valence. This is in contrast to the situation for 
a-Mn itself, where it is indicated that the atoms in 
positions 2a and 8c also have low valence [4]. In 
other words, two sets of low-valent Mn atoms in the 
a-Mn structure can be replaced by the larger Mo 
atoms, without detectable distortion of structure 
and with no abnormally low valence any longer 
associated with atoms in these sites. This result as 
well as the size considerations suggest that x-phase 
may not be an electron-type compound, but that 
its formation is governed primarily by size factors. 

As a consequence of this study, it would seem 
that other ternary systems containing Mo and Cr 
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could form the same structure. It is implied that 
the atomic fraction of Mo could be fixed at 10/58, 
and different proportions of Cr with another ele- 


ment such as Co would then have to be investigated. 
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SOME OBSERVATIONS ON HETEROGENEOUS NUCLEATION OF 
SODIUM CRYSTALS FROM ATOMIC BEAMS* 


L. YANG,t C. E. BIRCHENALL,t G. M. POUND,t and M. T. SIMNADf 


\ vapor effusion apparatus was developed to measure critical supersaturation ratios for nucleation 
of metal crystals on various substrates. Deposition from sodium vapor beams was studied as a func- 
tion of temperature and lattice misfit between the body-centered cubic sodium crystal and the various 
crystalline substrates. These substrate surfaces probably were coated with adsorbed gas films. The 
critical supersaturation ratios for the deposition of sodium are very high, ranging from 10!* at 159°K 
to 10" at B13 K. The data are fitted by a rate equation whose kinetic coefficient was derived on the 
basis of an adsorption and surface diffusion mechanism. This treatment leads to an evaluation of the 
standard free energy of adsorption of the metal atoms. The critical nucleus size is calculated from the 
data to be abou : the size of a unit cell (9 Na atoms). The potencies of the metal substrates (face- 
centered cubic, Ag, Pt, Cu and Ni) for catalysis of nucleation are about the same. The potency of 
CsCl (body-centered cubic) is much higher than that of the metal substrates, possibly indicating a 
smaller gas adsorption on the CsCl surface. However, there is a small decrease in catalytic potency 
with increase in disregistry at the higher temperatures in qualitative agreement with the Turnbull- 
Vonnegut theory. 


QUELQUES OBSERVATIONS SUR LA CONDENSATION HETEROGENE DE 
CRISTAUX DE SODIUM A PARTIR D’UN FLUX D’ATOMES 


On a développé un appareil d’effusion de vapeur, en vue de mesurer les rapports critiques de 
sursaturation pour la germination de cristaux métalliques sur divers supports. Le dépét, a partir de 
flux de vapeur de sodium, a été étudié en fonction de la température et de la différence du degré 
d’ajustement entre le cristal cubique centré de sodium et la structure cristalline des divers supports. 
Les surfaces de support étaient, probablement, couvertes de couches de gaz adsorbé. Les rapports 
critique s de sursaturation pour le dépét de sodium sont trés grands et vont de 10" a 159°K jusqu’a 
10" 4 213°K. Les données obtenues sont en accord avec une équation de vitesse, dont le coefficient 

cinétique a été déterminé en se basant sur un mécanisme d’adsorption et de diffusion sur la ag C9 
Les dimensions calculées du germe critique sont celles de la maille cristalline (9 atomes de Na). 
Le pouvoir cat ilytique de germing ition, des métaux utilisés comme supports (Ag, Pt, Cu, Ni, tous 
cubiques a faces centrées), est a peu prés le méme. Le pouvoir de CsCl (cubique centré) est de beau- 
coup supérieur a celui des supports métalliques, ce qui indique, probablement, une adsorption moins 
importante des gaz sur la surface de CsCl. On note, cependant, une légére diminution du pouvoir 
catalytique quand le degré d’ajustement diminue aux températures plus élevées, en accord qualitatif 
avec la théorie de Turnbull-Vonnegut. 


BEOBACHTUNGEN ZUR HETEROGENEN KONDENSATION VON 


EINIGE 
NATRIUMKRISTALLEN AUS ATOMSTRAHLEN 


Es wurde eine Dampfausstr6émungsapparatur entwickelt um das Verhaltnis der kritischen Uber- 


sattigungen der Keimbildung von Natriumkristallen auf verschiedenen Tragern zu messen. Die 
Abscheidung aus Natriumdampfstrahlen wurde als Funktion der Temperatur und der Gitterfehl- 
ordnung zwischen dem kubisch-flachenzentrierten Natriumkristall und den verschiedenen kristal- 
linen Tragern gemessen. Diese Trageroberflachen waren wahrscheinlich mit adsorbierten Gasfilmen 
bedeckt. Die kritischen U bersattigungsverhaltnisse fiir die Abscheidung von Natrium sind sehr gross; 
sie liegen zwischen 10" bei 159°K und 10" bei 213°K. Diese Werte werden in Reaktionsgleichungen 
deren kinetische Koeffizienten auf Grund eines Adsorptions- und Oberflachendiffusions- 
mechanismus abgeleitet wurden. Die aus diesen Daten berechnete kritische Keimgrésse ist etwa von 
der Grésse der Elementarzelle (9 Na Atome). Die Fahigkeit der verschiedenen metallischen Trager, 
(kubisch-flachenzentriertes Ag, Pt, Cu und Ni) die Keimbildung zu katalysieren, ist gleich gross. Die 
entsprechende Katalysationsfahigkeit des kubisch-raumzentrierten CsCl ist wesentlich grésser als 
die der Metalle, was vielleicht auf eine geringere Gasadsorption auf der CsCl Oberflache hindeuten 
kann. Man findet jedoch eine geringe Abnahme in der Katalysationsfahigkeit mit der bei zunehmender 
Temperatur abnehmenden Ordnung im Gitter; diese Erscheinung stimmt qualitativ mit der Theorie 
von Turnbull und Vonnegut iiberein. 


eingesetzt, 


surfaces of some impurities (or nucleation catalysts) 


Introduction which, by decreasing the free energy of formation 


It is generally recognized that in the transfor- 
mation of an unstable phase to a stable one by the 
mechanism nucleation 
Unless special pre- 
takes place on the 


nucleation and 
seldom occurs homogeneously. 
cautions are taken, it wanna 


growth 
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of the nucleus, cause the nucleation rate to become 
appreciable at a much lower supersaturation or 
supercooling. There are some kinetic data available, 
namely those of Turnbull [1], Pound and LaMer 
[2], and Vonnegut [3] on crystalline nucleus forma- 
tion in supercooled liquids, by which the theory of 
heterogeneous nucleation can be tested and the 
factors controlling the process analyzed. The work 
described here was carried out with the purpose of 


YANG ET AL.: 
augmenting the data on heterogeneous nucleation 
of metal crystals from the vapor phase so that a 
better understanding of this process and its con- 
trolling factors may be obtained. In the present 
work, the critical supersaturation for the condensa- 
tion of sodium crystals from vapor on a number of 
substrates (or nucleation catalysts) of increasing 
lattice misfit with sodium was measured in the 
temperature range of 159°-213°K for the purpose 
of finding out how the structure and the tempera- 
ture of the catalyst affect its potency to promote 
nucleation. 

Although a large amount of work has been done 
on the structures of metal crystals condensed on 
substrates in connection with the study of epitaxy, 
very few data are available on the critical super- 
saturation needed to start the condensation and 
how it is affected by various factors. Estermann [4] 
in 1925 studied the condensation of Cd on various 
substrates in the temperature range of —83°C to 
—111°C and found Cd condensed at lower super- 
saturations on Ag than on Cu, while glass was the 
least effective in starting the condensation. Cock- 
croft [5] in 1928 made a careful study of the critical 
supersaturations for the condensation of Cd on Cu 
at six different target temperatures between — 92°C 
and — 155°C and also the condensation of Cd on Ag, 
Cu and glass at —137°C. He could not find any 
difference in the critical supersaturations for con- 
densation on these different substrates and sug- 
gested that this might be due to the existence of a 
gas film on the surface of these substrates which 
masked the true surface forces. In 1949, Rhodin [6] 
measured the critical pressures of condensation of 
Al on glass and on different single crystal mineral 
surfaces, from which he the binding 
energies between the initial layer of Al deposit and 
the substrates. By assuming the binding force to be 
van der Waals in nature, he calculated these bind- 
ing energies and found that the calculated values 
agreed with the experimental ones. Recently, 
Devienne [7] studied the condensation of radio- 
active Cd at 300°K and found he could detect 
adsorption at a much lower supersturation than 
that extrapolated from Cockcroft’s results [5]. 

The theory of heterogeneous nucleation of crys- 
tals from the supercooled liquid has been successfully 
treated by Fisher [8], Turnbull [8; 9; 11], and 
Hollomon [10; 11]. Also, Volmer [12] has con- 
sidered nucleation in the electro-deposition of 
metals. However, in the present case of hetero- 
geneous nucleation from the vapor a different 
mechanism may be operating, and it is thought 


deduced 
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that adsorption and surface diffusion play impor- 
tant roles in the nucleation process. In a separate 
publication [13], an equation is derived for nuclea- 
tion rate from the vapor of condensed phases on 
substrates. In this derivation it is assumed that the 
atoms from the vapor become adsorbed on the 
substrate and travel over the surface until they 
either evaporate off or join other adsorbed atoms to 
form a stable, cap-shaped nucleus by statistical 
fluctuations. 
This equation is: 


(1) I = sin 0/2 mkv) (p’”/—AF,T 
exp [— (2A + AF*p + AF*)/kT] 

where 

coefficient, assumed 


the condensation 


= ] 
fraction of adsorbed atoms striking 
developing nucleus that become attached 


Zeldovich 


(usually not appreciably different from 


the nonequilibrium factor 
unity) 

= substrate lattice constant 

= condensed phase-vapor interfacial free 
energy/unit area 
vibration frequency of substrate surface 
atoms 

= mass of the atom being deposited 
equivalent partial pressure of vapor 

= bulk free energy change/unit volume of 

—(RT/V) In p’/p 


molar volume of condensed phase 


condensed phase = 


= equilibrium vapor pressure of bulk con- 
densed phase 

= standard free energy of adsorption per 
atom (—) 
free energy of activation of surface dif- 
fusion (+) 
standard free energy of formation of a 
critical nucleus = 
(+) 

the substrate-condensed 

phase contact angle 
= (2+ cos 8) (1 — cos 6)?/4. 
It is probably true that co, 0, AF°,g4, and AF*» are 
not known with sufficient precision to permit a 


function of 


calculation of the critical supersaturation. How- 
ever, the equation will prove useful in analyzing the 
present data. The coefficient terms are relatively 
insensitive to temperature, but the exponential is 
the 


assuming 


strongly temperature-dependent. Grouping 


coefficient terms into a constant and 


163 
ay 
Co 
4 
f 
AF, 
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AF*, or AF* in the present case of 


sodium deposition, one gets: 


I = C- exp (—2AF%q/kRT) - exp (—AF*/kT) 


exp (—2AF°.a/RT exp ((— (6) 
3AF 


It can be shown from an evaluation of the factor C 


(2) that the surface diffusion mechanism leads 


in (2 
to a nucleation rate at least 10? to 10° greater than 
that calculated on the basis of direct addition of 
atoms to the critical nucleus from the vapor 
phase [13]. 

Due to the strong dependence of J on AF, 
= —(RT/V)Inp’/p, it is permissible to. define 
the critical supersaturation S as the ratio of p’/p 
required to make J = 1 cm~? sec™! or InJ = 0 
[14]. Evaluating the kinetic coefficient in (2) and 
rearranging [13], one gets: 


AF*,)? = 2kT(9 + In p’)/Bo(@) 
2AF Bo(@) 


(3 (] 


where 


RT/V) In 


and 
16 ra?/3. 


B= 


This equation should provide a satisfactory de- 
scription of the temperatures dependence of AF*,, 
the critical free energy change per unit volume of 
stable phase condensing on a given substrate. 

An interesting relationship between the critical 
free energy of transformation per unit volume AF*, 
and the lattice misfit 6 between the substrate and 
the substance deposited on it has been derived by 
Turnbull and Vonnegut [15]. The derivation is 
based on Turnbull's equation for the rate of hetero- 
geneous formation of crystalline nuclei and the 
dislocation model of interphase boundaries devel- 
oped by Van der Merwe and by Brooks. By taking 
into consideration the strain energy in the nucleus, 
these authors conclude that in the heterogeneous 
transformation of liquid to solid there is a para- 
bolic relationship between |AF*,| and 6 if the 
nucleus forms coherently on the substrate, where 
(ao) substrate — (do) nucleus 


= - ao 


(ao) nucleus 


being the 


lattice parameter. When the nucleus forms inco- 
herently, the relationship is not parabolic but linear. 
These conclusions have not yet been tested by 
systematic experiments, but the present data will 
be considered in the light of this theory. 
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Experimental 


1. Arrangement of the Apparatus 

The arrangement of the apparatus is shown in 
Figure 1. The sodium source is a small pyrex glass 
boiler A with a hole of 1 mm diameter on top. The 


NY 


FIGURE 1. Apparatus for sodium condensation. A: orifice 
and boiler, orifice size—l1 mm diameter. 8: collimator. 
C: target. D: furnace. E, F: thermocouples. G: vacuum jacket. 
H: target support. J: flat glass window. J: cooling jacket for 
collimator. A: small clamp. Z: condenser to protect ground 
joints. 


boiler is heated by the furnace D which has extra 
windings of nichrome wire near the orifice to 
prevent any condensation there. The temperature 
of sodium in the boiler is measured with a copper- 
constantan thermocouple £ inserted inside a ther- 
mocouple well embedded in the molten sodium. The 
heating current is drawn from a variac and adjusted 
manually. By careful observation, the temperature 
of the furnace in one run can be controlled to within 
+2°C. B is a collimator made of pyrex glass and 
sealed to the system. It has a circular hole of 2 mm 
diameter on the side facing the target. The collim- 
ator is cooled by dry ice-acetone mixture in the 
cooling jacket J so that any atom hitting the side 
of the collimator is condensed there. H is a copper 
tube sealed at one end and joined to the pyrex 
system at the other. The‘lower part of H is polished 
and exhibits four flat faces. The target, if it is 
metallic, is electroplated on H from a carefully 
purified bath; the thickness of the deposit is about 
25 microns in each case. The plating is always done 
just before the target is going to be used. When a 
nonmetallic target like CsCl is needed, a solution 
of CsCl is prepared and a drop of the solution is 
spread on the surface of a thin microscope-slide 
cover glass which has been cleaned in chromic acid 
mixture, washed, and dried. After the water evapor- 
ates away, the glass is held against H by a small 
clamp K and put into the system. The temperature 


(2) 
or 
= To i 
i's A E 
—( 
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of the target can be varied by putting a small 
heater or different cooling agents inside H. The 
temperature of the target surface is measured with 
another copper-constantan thermocouple F pressed 
against the target surface by the clamp K. The 
cooling agents used were melting diethyl ether 
(—114°C), melting toluene (—95°C), dry  ice- 
acetone mixture (—78°C) and melting chloroform 
(—63°C). The targets used were CsCl, Ag, Pt, Cu 
and Ni. The distance between the orifice and the 
hole of the collimator is 5.5 cm and that between 
the latter and the target surface 0.5 cm. The glass 
vacuum jacket G has a flat glass window J through 
which the target can be examined by means of a 
microscope after it is brought to face the window by 
rotating the ground joint. The joint is protected by 
a water jacket Z when the target is heated for 
outgassing. 

The system is evacuated by a 
diffusion pump backed by a Cenco Hypervac 
mechanical pump and the pressure in the system is 
read from an ionization gauge. 

The sodium used was of a chemically pure grade 
which had been further purified according to the 
procedures described by Strong [16]. It was distilled 
into the boiler in vacuum. The condensation of 


two-stage oil 


sodium on the target was always carried out at 
residual gas pressures less than 5 X 10-5 mm Hg. 
Even at this low residual gas pressure it is probable 
that considerable gas was adsorbed on the sub- 
strate surface [13]. 


2. Experimental Procedures 


After the target is put in position, the system is 
evacuated to better than 10-° mm Hg and purified 
sodium is distilled into the boiler through a side 
arm when the boiler is cooled with dry ice. After 
the distillation is completed, the side arm is sealed 
off. The temperature of the target is then brought 
to 350°C and pure hydrogen, freed from oxygen 
and water by passing through heated copper 
turnings and a liquid-nitrogen trap, is circulated 
through the system for two hours to remove any 
be present on the target 
again evacuated and the 


oxide layer which may 
surface. The system is 
target maintained at 350°C for another hour to 
outgas before it is cooled to the desired tempera- 
ture. The collimator is then cooled with dry ice- 
acetone mixture and the temperature of the furnace 
brought to 150°C. It is then raised slowly, stopping 
at each 10°C-interval for 30 minutes. The target is 
rotated to face the window at the end of each inter- 
val and examined with a 40 X microscope to see if 
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there has been any deposit formed. In this way the 
critical temperature of condensation can be roughly 
fixed. The same procedures are repeated in a second 
experiment except that the examination of the 
target is made for each 5°C-increase of furnace 
temperature in the vicinity of the temperature 
found in the first run, and the waiting time is 
increased to one hour for higher critical condensa- 
tion pressures and up to six hours for lower critical 
condensation pressures. The experiment is repeated 
until a reproducible (within +2°C) critical tem- 
perature 7) of the sodium source (corresponding to 
Po) 


observed. 


vapor pressure of sodium is obtained below 
which no condensation is the 


number of sodium atoms colliding with unit target 


Since 


area in one second is, according to Estermann [4], 
(fo/rr?), which is equivalent to that 
produced by sodium vapor at temperature T and 
pressure (pofo/mr?)\/T/To, the 
saturation S for condensation on a target at tem- 


critical super- 


perature 7 is therefore: 


/ ~ 

(4) S = &- 

p mr To 

where p is the vapor pressure of sodium at tem- 
perature 7, fy) the area of the orifice, and r the 
distance between the orifice and the target. For 
higher critical pressures of condensation pp» of the 
order of 0.1 mm Hg, the amounts of sodium con- 
densed in a given time on targets maintained at 
—114°C have been determined by titration with 
standard HCI and the results are used to calculate 
the supersaturation, since the effusion law may not 
be obeyed at these high The 


pressures. vapor 


pressure of liquid sodium is calculated from the 
[17] 
which is valid from 180°C to 883°C. The vapor 
pressure of solid sodium is calculated from the 
equation: logio Pam = 7.912 — 5528/T, which was 


equation: log 1 (mm) = 7.553 — (5395/T) 


obtained from the equation for the liquid by stan- 
dard methods. 


Results 


The results are shown in Table I. For the purpose 
of comparison, the data obtained by Cockcroft [5] 
on the condensation of cadmium on copper at six 
different temperatures 118°-181°K are 
listed in Table II. In both tables, besides the ex- 


between 


*The momentum of the sodium atoms reaching the target 
surface corresponds to TJ» and not 7. The calculation of 
supersaturation in this way involves the assumption that the 
sodium atoms reaching the target are all adsorbed, temporarily 
at least, thus attaining the temperature of the target. 


ite 
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TABLE |] perimental data, the following terms calculated 
CRITICAL SUPERSATURATION FOR THE CONDENSATION oF from these data are included: 
SopIUM ON VARIOUS SUBSTRATES 1. The critical supersaturation for condensation 


——— For the condensation of sodium, this is calculated 
Tar- Struc- D 
°K) (10 

mm 


Cockcroft gave the critical number of cadmium 
163 493 4.01 66 563 


l 
183 520 16.0 1.338 X 108 527 


according to the method described in the preceding 
paragraph. For the condensation of cadmium, 


atoms reaching unit target surface /sec for the 
92x10 505 condensation to start at target temperature 7, 
5.2710" 475 which is equivalent to that produced by cadmium 


3.22x10% 593 
2.83 X10 559 Che critical supersaturation for condensation S is 


vapor at temperature 7 and pressure p’ = "/2amkT. 


583 196 2.2810" 534 therefore equal to (n./2rmkT)/p, where p is the 
210 613 566 6.24 x 10" 514 vapor pressure of cadmium at temperature 7, 
513.11 22 10% 593 Calculated from the equation logy p(mm) = 
545 45.0 2.52x10° 558 —5908/T — 0.232 log T — 0.284 x 10-*7 +4 9.711 


195 587 225 x 10% 536 [18], assuming this equation is applicable to the 
210 623 782 58 X 10% 520 


low target temperatures used by Cockcroft. 


159 513 .3 3.22 10% 593 2. The critical free energy of transformation per 
178 553 638.5 3.54 K 564 unit volume of metal condensed AF*,. This is 
195 593 284 mid 
210 631 1010 103 


159 515 B 3. 10% 5 AF , ~~In S, 


calculated from the equation: 


7.9 178 548 2.8: 10°6 
195 593 284 3.3 104 

210 633 1080 ; 
eh: viene os . and v = M/p is the molar volume of the metal 


2 


where FR is the gas constant 1.98 cal/degree 


body-centered cubic crystals, \f being the atomic weight and p the 
face-centered cubic 
I 


vercentage pg ference between thelattice dimension density of the solid metal. 
of the target and that of sodium (B.C.C. 4.282 A 


= temperature Discussion of Results 
temperature of sodium source when condensation 


starts The critical supersaturations for the condensation 
= vapor pressure of sodit im at 7 
critical supersaturation for condensation of sodium and cadmium in the temperature range 


critical free energy of transformation per unit 


volume of condensed metal 


used in these experiments are extremely high. For 
sodium (159°-213°K) S is from 10'%-10" and for 
cadmium (118°-181°K) S is from 10%*-10'* as 
TABLE II compared to the value of 4.2 for the heterogeneous 

nucleation of water vapor on gaseous ions at 275°K. 
CRITICAL SUPERSATURATION FOR THI CONDENSATION OI This 


CADMIUM ON COPPER, CALCULATED FROM (COCKCROFT’S 
DaTA [5 


because of the low values of T and high 
values of o in these cases. The exponential term AF* 
in equation (1) has a factor of (¢/T)* in the 


| 


numerator and a factor (log S)? in the denominator. 
A small increase of the ratio ¢/T therefore needs a 


much higher value of S to compensate it. Also, as 
xX | 

10 
x 10 

1 X 10 

9 X 10” 


will be shown in the following, the substrate sur- 
faces were not highly effective nucleation catalysts. 
The correlation of the temperature dependence 


of the measured AF*, by equation (3) is shown in 
Figure 2. It is seen that the data plot to give 


ww 


temperature oi target 
critical number of atoms per cm? per second 
arriving at the target surface for the condensation stitute a proof of the proposed adsorption and 
to start. 

= critical supersaturation for condensation 
n/ 2xmkT)/p, where p is the vapor pressure of equation based on such a mechanism can describe 


reasonably good straight lines. This does not con- 
surface diffusion mechanism but does show that an 


Cd at 7. .. the data. In Figure 2, nucleation of sodium vapor 
= critical free energy of transformation per unit 
volume of condensed metal on all of the metal substrates is described by the 


$66 
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same straight line. This probably means that the 
surfaces of all of the metals were masked with an 
adsorbed layer of residual gas. Such an hypothesis 
seems reasonable because at 10-° mm of residual 
gas pressure the frequency of impacts of gaseous 


molecules as computed from p/+/2amkT could lead 


to formation of an adsorbed monolayer in about 
1 second, assuming that most of the impinging 
molecules become adsorbed. The line in Figure 2 
for deposition of sodium on the CsCl substrate is 
considerably above that for the metal substrates, 
indicating that the CsCl is a more potent nuclea- 
tion catalyst. Possibly this means that gas adsorp- 
tion was not as complete on the CsCl surface. This 
hypothesis of residual gas adsorption is the subject 
of an extended research program in which extremely 
high vacua (10~-!° mm) are being employed. At 
present the authors prefer to explain the above 
results by gas adsorption rather than in terms of 
structural characteristics of the substrates. 

Figure 3 shows the correlation of Cockcroft’s 
data for the nucleation of cadmium on copper by 
equation (3). 


From the slopes of the lines in Figures 2 and 3, 
I g 
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Dependence of critical free energy 


Na on various substrates 


FIGURE 2. 
temperature 


reasonable values are obtained for ¢*¢(@). Assuming 
that the method of Turnbull [19] for determining 
the crystal-vapor interfacial free energy o of a 
metal is applicable to the present case of very small 
critical nuclei, ¢ was calculated for Na and for Cd. 
Near the melting 
290 ergs/cm? [20] and ocacy—cawv) is about 630 
ergs/cm? [21]. By using Turnbull’s relationship 
[19] between the gram atomic interfacial energy 
and the gram atomic heat of fusion, oya¢e)—nacy IS 
about 20 ergs/cm? and @cace)—cacy 70 ergs/cm?. 


point, is about 
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Therefore, near the melting point, oyacc)—na(v) IS 


about 310 ergs/cm? and ocae)—cavv) 700 ergs/cm?. 
These values would probably be somewhat higher at 
the lower temperatures of the present experiments. 
Using appropiate values of o and o*¢(@) obtained 
from the slopes of the lines in Figures 2 and 3, ¢(@) 
for sodium on metals computes to be 0.64 corre- 
sponding to a contact angle 6 of 101 degrees. The 
computed contact angles for sodium on CsCl and 
cadmium on copper are 81 degrees and 99 degrees 
respectively. These high contact angles indicate the 
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FIGURE 3 Dependent 
temperature. Cd on Cu 


poor ‘“‘wetting”’ by the sodium or cadmium of the 


substrates, and are consistent with the very high 


critical supersaturations required for deposition. 
This result would be expected if the metal sub 
strates were coated with adsorbed gas films. 

from the intercepts of Figures 2 and 3, the 
standard free energies of adsorption AF* aa « ompute 


to be —57: sodium on the 


10,300 


cal 9m aton ior 


metals, —4220 for sodium on CsCl, and 
for cadmium on copper.* In a separate research 
the 


through 


program authors are investigating 


AF sa 


ments 


present 


equilibrium adsorption measure 


involving metal vapors on various sub 
strates. 

The 
175 to 595 cal/cc and that for cadmium condensa 
1200-1370 the 
range indicated above. Taking an average value of 
1285 cal/cc for the 
latter and assuming the contact angle between the 


about 90 


- AF*, for sodium condensation varies from 


tion from cal/ce in temperature 


530 cal/cc for the former and 


condensate and the substrate to be 


*This standard free energy of adsorption for Cd on Cu 
appears to be high inasmuch as it leads to an adsorption of 
greater than one monolaver under the conditions of Cx 


croft’s experiments [13 


= 
B} 
~ 7 
‘ 
A «| 
data of Cockcroft 
| 
| 
fe ol 


ACTA METALLURGICA, 


cscl 


Cu Ni 


8 12 
D(%) 


i6 20 
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Variation of the potency with lattice misfit, 
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P expressed in arbitrary units. 


target x 100 


critical supersaturation calculated for homogeneous nucleation 


potency = 


critical supersaturation found experimentally 


Note: CsCl data interpolated or extrapolated. | 


degrees, then from the Gibbs-Thomson formula r* 
= (—2¢/AF*,) sin @ wecan estimate that the radius 
of the nucleus of critical size is about 3.0 A for 
sodium (¢ ~ 310 ergs/cm?) and 2.6 A for cadmium 
(¢ ~ 700 ergs/cm?). The diameter of the critical 
nucleus is therefore 6.0 A and 5.2 A respectively, as 
compared to the value of 4.3 A for the length of the 
unit cell of sodium and the values of about 3.0A 
(a-axis length) or 5.6 A (c-axis length) for cadmium. 


The size of the critical nucleus is therefore about 
the size of a unit cell of sodium (containing 9 atoms) 
or cadmium (containing 9 atoms). In Figure 2, two 
higher temperature points for the copper and 
nickel substrates seem to fall beyond the precision 
measure of the proposed correlation. In an effort to 
detect any systematic variation of catalytic potency 
for nucleation with disregistry between the sodium 
crystal and the substrate, a potency function P was 
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defined and plotted versus disregistry. P is defined 
as So/S, where So and S are the critical super- 
saturations needed respectively for the homogen- 
eous nucleation and the heterogeneous nucleation 
on a particular substrate at the same temperature. 
It must be pointed out that P thus defined repre- 
sents the ability of the nucleation catalyst to make 
the process less homogeneous, i.e., to cause a bigger 
deviation of S from its corresponding Sp at the same 
temperature. When the P-values of different sub- 
stances are compared at the same temperature, a 
higher P means a lower S, since Sp is a constant. So 
was calculated by means of the Becker-Doering 
equation [22] for homogeneous nucleation from 
the vapor. The necessary crystal-vapor interfacial 
free energy was estimated as described above. The 
results are shown in Figure 4. For the metallic 
substrates there is almost no difference in their 
potencies at lower target temperatures (159° and 
178°K). At higher target temperatures (195°K and 
210°K), there is a small but unambiguous increase 
in potency with decrease of lattice misfit between 
the substrate and sodium. The same effect is shown 
in the plot of Figure 5. These results are in general 


(CAL /CO) 


FiGuRE 5. Measured critical free energy change versus 
substrate disregistry with sodium (B.C.C.). 


qualitative agreement with the theory of Turnbull 
and Vonnegut [15] that relates critical free energy 
change and disregistry with the substrate in liquid- 
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crystal nucleation. It may be that the hypothesized 
film of residual gas adsorbed on a substrate is not 
as thick at the higher temperatures, allowing the 
surface forces of the substrates to exert some effect. 
However, the present authors propose to defer 
discussion of this point until more data become 
available. 
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A RADIOACTIVE TRACER STUDY OF SILVER CONDENSATION ON 
SUBSTRATES* 


LING YANG, M. T. SIMNAD and G. M. POUND? 


A vapor effusion apparatus was devised to study the deposition of a metal by radioactive tracer 
techniques. This apparatus is useful because it can measure amounts of less than a complete mono- 
layer of deposited metal. In general, experimental conditions were such that, although supersatura- 
tion was above the critical, rate of supply of atoms was very slow. The condensation coefficients of 
silver vz upor on substrates of gold and of glass at 192°C were measured as a function of time. The 
observed increases in condensation coefficient with time on the glass substrates are explained in terms 
of nucleation and growth on the substrate surface. The condensation coefficients of silver vapor on 
substrates of silver, gold, platinum, nickel, and glass at 192°C were measured with the time of con- 
densation fixed at one hour. The lattice misfits between silver and these targets are 0, 0.18, 3.96, and 
13.7 per cent, respectively. The corresponding condensation coefficients are 1.0, 0.99, 0.86, and 0.64, 
respectively, while that on glass is 0.31. Thus there seems to be a continuous decrease of condensation 
coefficient with increase of lattice misfit, which illustrates the importance of lattice disregistry in the 
condensation process. The variation of condensation coefficient with substrate metal indicates that 
there probably was no appreciable film of adsorbed gas on these substrate surfaces. 


UNE ETUDE AUX TRACEURS RADIOACTIFS DE LA CONDENSATION DE 
L’ARGENT SUR DES SURFACES DE SUPPORT 


Un appareil d’effusion de vapeur a été concu de fagon a permettre |’étude du dépét d’un métal par 
les techniques des traceurs radioactifs. L’utilité de cet appareil se manifeste par le fait qu'il permet 
de mesurer des quantités inférieures 4 une couche monoatomique, complete, de métal déposé. En général, 
les conditions expérimentales étaient telles, que malgré une sursaturation supérieure a la valeur 
critique, la vitesse d’alimentation en atomes était trés faible. Les coefficients de condensation de 
vapeur d'argent, sur des supports en or et en verre, 4 192°C, furent mesurés en fonction du temps. 
Les accroissements du coefficient de condensation avec le temps, observés sur les supports de verre, 
sont expliqués en termes de germination et de croissance sur ces supports. Les coefficients de conden- 
sation des vapeurs d'argent sur des supports d’argent, d’or, de Platine, de nickel et de verre, 4 192°C, 
ont été mesurés pendant un temps de condensation constant, fixé 4 une heure. Les départs de 
l'ajustement parfait entre les réseaux de l’argent et de ces supports sont de 0, 0,18, 3,96, et 13,7 pour 
cent respectivement. Les coefficients de condensation correspondants sont de 1,0, 0,99, 0,86, et 0,64 
respectivement, alors que celui pour le verre est de 0,31. I] parait y avoir, donc, une diminution con- 
tinue du coefficient de condensation avec l’augmentation du manque d’ajustement entre les réseaux, 
ce qui met en é€vidence I'importance de l’ajustement du réseau dans le processus de condensation. 
La variation du coefficient de condensation avec le métal de support indique qu’il n’y avait probable- 
ment pas de couche importante de gaz, adsorbée sur la surface. 


EINE UNTERSUCHUNG DER KONDENSATION VON SILBER AUF TRAGERN MIT 
HILFE VON RADIOAKTIVEN INDIKATOREN 


Es wurde eine DampfausstrO6mungsapparatur entwickelt um die Kondensation eines Metalles mit 
Hilfe von radioaktiven Indikatoren zu untersuchen. Der Wert dieser Apparatur besteht darin, dass 
sich das niedergeschlagene Metall in Mengen, geringer als eine vollstandige Atomschicht, messen 
lasst. Im allgemeinen sind die experimentellen Bedingungen so, dass, obwohl die kritische Uber- 
sittigung tiberschritten ist, die Geschwindigkeit der Atomzufuhr sehr gering ist. Die Kondensations- 
koefhzienten von Silberdampf auf Gold- und Glastragern wurden bei 192°C als Funktion der Zeit 
gemessen. Die beobachteten Zunahmen der Kondensationskoeffizienten auf Glastragern mit zu- 
nehmender Zeit werden auf Grund von Keimbildung und Wachstum auf der Trageroberflache erklart. 
Die Kondensationskoeffizienten von Silberdampf auf Silber-, Gold-, Platin-, Nickel- und Glastragern 
wurden bei 192°C und einer auf eine Stunde festgesetzten Kondensationszeit gemessen. Die Gitter- 
fehlordnung zwischen Silber und diesen Tragern betragt 0; 0,18; 3,96 und 13,7% in der oben erwahnten 
Reihenfolge. Die dazugehérigen Kondensationskoeffizienten sind 1,0; 0,99; 0,86; 0,64 und 0,31 fiir 
Glas. Somit scheint eine kontinuierliche Abnahme des Kondensationskoeffizienten mit wachsender 
Gitterfehlordnung vorzuliegen. Diese Beobachtung zeigt die Bedeutung der Gitterbauabweichungen 
fiir den Kondensationsprozess. Die Tatsache, dass sich der Kondensationskoeffizient andert, wenn 
man das Tragermetall variiert, deutet darauf hin, dass sich auf diesen Trageroberflachen wahrschein- 
lich kein nennenswerter adsorbierter Gasfilm befand. 


Lt dinteaia were readily susceptible to mathematical treat- 
- introduction ment. In the present work, the condensation 
In the preceding paper [1], the critical super- coefficient for deposition of silver from atomic 


saturation for deposition from the vapor of metal beams on various substrates is considered. The 


crystals on substrates was discussed. The data condensation coefficientt is here defined as the 
given there clearly represented a relatively simple _ ratio of the number of metal atoms remaining 


oa of heteroge neous nucleation and ac ordingls tNotice that this condens nsation coe ffici ient is different from 
the one mentioned in equation (1) of the preceding paper [1] 

acsiel December 22, 1953. Chere it referred to the fraction of adsorbed atoms striking 

+Metals Research Laboratory, Carnegie Institute of Tech- the developing nucleus that become attached to the nucleus 


nology, Pittsburgh, Pennsylvania. at least temporarily. 
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fixed on the substrate to the total number that 
strike the substrate.* It is clear that this condensa- 
tion coefficient will be determined by the processes 
of nucleation and crystal growth occurring on the 
substrate. Accordingly, this phenomenon is not as 
simple as critical supersaturation and will require 
a more elaborate mathematical treatment for its 
description. Nevertheless, the experimental results 
for condensation coefficients as a function of time 
and lattice disregistry with 
instructive. 


silver will prove 

In the present work, experimental conditions 
were such that, although supersaturation was above 
the critical, rate of supply of atoms was very slow. 
Accordingly, these measurements required a radio- 
active tracer technique that could measure amounts 
of less than a complete monolayer of deposited 
metal. 

In the preceding paper [1], it was hypothesized 
that films of adsorbed residual gas covered the cold 
metal substrates. It is believed that no such films 
existed in the present study, because the measured 
condensation coefficient markedly 
substrate metal. Actually, one might expect this 
because of the higher substrate 
(192°C) in the present work. 

There are very few other data for condensation 
coefficients of metal vapors on substrates. Recently, 
Devienne [4] studied the condensation of radio- 
active at 300°K 
detect adsorption at much lower supersaturations 
than those extrapolated from Cockcroft’s results 


varies with 


temperature 


cadmium and found he could 


[5]. He also found that the condensation coeffic- 
ients of radioactive Sb on Cu, Zn, glass, and Al 
were in the ratio of 1:0.59: 0.53: 0.44. His metal 
substrates were mechanically polished. 


II. Arrangement of the Apparatus 


The apparatus used for the evaporation of silver 
is shown in Figure 1. The silver source is a small 
Mo crucible A having a hole 1 mm in diameter at 
its top and containing about 30 mg of silver. The 
crucible is sitting on top of a Pt-Pt 10 per cent 
Rh thermocouple G and is surrounded by a tungsten 
spiral E and a Mo shield B (1/16 in. thick). Out- 
side B there is another stainless steel shield, C, 
which has a circular hole of 10 mm diameter at 
its center. Above the hole there is a steel shutter D 


*Considering that the mean translational kinetic energy 
(3kT/2) of the atoms in the atomic beam is probably small 
relative to the standard free energy of adsorption under the 
present experimental conditions, it seems safe to assume that 
no atoms rebound from the surface by semielastic collision 
and that all atoms become temporarily adsorbed before 


evaporating off or joining a erowing metal crystallite [1; 2; 3 
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which can be opened or closed by means of a magnet 
glass vacuum jacket L. The target J, 
mm away from the crucible orifice, is 


outside the 
which is 75 
held against a Kovar metal tube H by a stainless 
steel holder J. It can be heated or cooled by putting 
a small heater or a cooling agent in the Kovar 
tube which is sealed to a glass tube connected to 
the inner ground joint. The current for heating 
the target and that for heating the Mo crucibles 


silver condensation \ Mo 
crucible. B: Mo shield. C: stainless steel shield. D steel 
shutter. E: tungsten spiral. F: lead wire for heating current. 
G: Pt-Pt Rh thermocouple. H: Kovar metal tube. I: stainless 
steel specimen holder. J: specimen. K: alumel-chromel 
thermocouple. L: pyrex vacuum jacket. M: water jacket 
N: water jacket to protect ground joint. P: alumel-chromel 
thermocouple to measure the cold junction temperature of A. 


FiGuRE 1. Apparatus for 


are drawn from two Variacs connected to a con- 
stant voltage transformer. The variation of the 
temperature of the target (190°C to 350°C) and 
that of Mo (700°C to 1000°C) is 
within +3°C and no special care has to be taken 


the crucible 
to watch them. The temperature of the target is 
measured with an Alumel-Chromel thermocouple 
K pressed against the target surface by springs. 
The cold junction of K is measured by another 
The 
vacuum jacket LZ is cooled by water in the cooling 
jacket M. 


Alumel-Chromel thermocouple P. whole 


III. Preparation of the Silver Sample 


In a small volume of chemically pure HNQO;, 
514 mg of 99.99 per cent pure silver are dissolved 


/ 
| 
= 
q 
: 
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and 10 mg of radioactive silver in the form of 
AgNO; are added. After thorough mixing, the 
silver is precipitated as AgCl which is then reduced 
to Ag with H, at about 400°C. 0.8 mg of this 
active sample is weighed out on a gold assay 
balance, which is sensitive to 0.01 mg, and dissolved 
in a small amount of HNO;. The solution is then 
diluted to 1 cc, and different small amounts of this 
solution are weighed out and spread on glass plates 
or silver discs. These specimens are counted with a 
Geiger counter for a total number of 12,288 counts 
and the required times are recorded, from which 
the number of counts per minute for each specimen 


is obtained. The values obtained, after being 


COUNTS PER MINUTE 


10 20 3 40 SO 60 70 80 90 100 110 120 
WT. OF ACTIVE AG SAMPLE 
(107m) 


FIGURE 2. Weight vs. activity for the active silver sample 
used. 


Sample wt. Activity 
(10-7 gm) (c/min) 
Silver 0 64 
140 
280 
490 


Substrate 


Glass 


corrected for the activity due to background, are 
used to construct two calibration curves of weight 
of silver versus number of counts per minute, one 
for silver on glass and the other for silver on silver 
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(Figure 2). For the same weight of silver, the 
number of counts on the silver substrate is found 
to be slightly higher than that on glass, probably 
because the back-scattering of the silver substrate 
is higher than that of the glass substrate. The 
strength of the active silver prepared in this way is 
such that it gives 100 counts per minute for a 
deposit 1 cm? in area and a complete monolayer 
thick. 


IV. Experimental Procedures 


After the target is put in position, the whole 
system is evacuated to about 10-> mm Hg. The 
shutter D is closed and the Mo crucible is heated 
to about 1000°C and the target to 350°C. The 
evacuation is continued until the ionization gauge 
indicates a residual gas pressure of about 510-5 
mm Hg. The target and the Mo crucible are then 
brought to the desired temperature and the shutter 
D is opened to make an exposure of a predeter- 
mined period of time. The shutter is then closed, 
the system cooled down, and the target counted 


30 7 
W (167 gm Yom? iw.) 


PER HOUR 


< 
” 


1 CM OF TARGET 


W=:WT OF AG REACHING 


| 
0 100 1050 100 130 
TEMPERATURE OF SILVER SOURCE (* 


FicureE 3. Amounts of silver reaching unit target area per 
hour at different temperatures of the silver source. 


for its activity. From the counting results and the 
calibration curve, one can find out how much 
deposit is on the target. 

For the calculation of the condensation coeffic- 
ient, the number of silver atoms arriving at the 
target surface per unit area per second for different 
temperatures of silver source must be known. 
Although this may be calculated from the effusion 
law, it was decided to measure it experimentally 
so that the results may be more accurate. This is 
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done by using silver targets (99.99 per cent pure, 
polished, degreased, etched lightly in 5 per cent 
KCN, washed and dried) cooled with dry ice- 
acetone mixture. Each target is exposed one hour 
to a silver source kept at some constant tempera- 
ture. The targets then counted for their 
activity. It is assumed that at such a low target 
temperature (—78°C) silver that 
strikes the target surface stays there. The counting 
results, after correction for the activity of the 
background, are converted to the amounts of silver 
reaching unit area of the target surface per hour 
by using the ‘‘weight activity” calibration curve 
of Figure 2. The plot of the amount of silver 
reaching unit area of the target per hour versus 
the corresponding crucible temperature is shown 
in Figure 3. 


are 


each atom 


V. Experimental Results and Discussion 


Condensation coefficients* have been measured 
for silver depositing on glass and gold with the tar- 
gets kept at 192°C but with the temperature 
of the Mo crucible and the time of condensation 
varied. The glass targets microscope-slide 
cover glasses, cleaned in chromic acid cleaning 


are 


TARGET TEMP. - 192°C 
CRUCIBLE TEMP - indicoted Below 


766°C. 842°C ,& 698°C. (GOLD) 


CONDENSATION COEFFICIENT 


766°C. (GLASS) 


TIME OF CONDENSATION (HOURS) 


FiGuRE 4. Condensation coefficients of silver deposited on 
glass and on gold. This condensation coefficient is an average 
over the whole time. 


mixture and washed and dried. The gold target is a 
gold disc (99.99 per cent pure), polished, degreased, 
etched lightly in 5 per cent KCN solution, and 
washed and dried. The results are tabulated in 
Table I. In Figure 4 the variation of the condensa- 
tion coefficient with time of condensation is plotted 


*The condensation coefficient measured represents the 
average value over the total time. 
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TABLE I 


VARIATION OF THE AMOUNT OF SILVER CONDENSED AND THE 


CONDENSATION COEFFICIENT WITH TIME OF CONDENSATION 


lemperature 


of silver Time of \mount of Condensation 


Source condensation condensation coefficient 


(ave. over 


total time 


Target hours) 10-7? gm/cm? 


glass 700 ;, 10, 1 negligible 


(192°C) 


gold 


(192°C 


2 l 
4 l 


Note: For the condensation of silver on gold targets, the 
amount of condensation is deduced from the activity of the 
target by using the ‘‘weight ~ activity” calibration curve for 
silver deposited on silver 


for a number of silver source temperatures. Table 
II gives the supersaturations corresponding to a 
target temperature of 192°C and the various source 
temperatures. These supersaturations were com- 


TABLE II 


SUPERSATURATIONS CORRESPONDING TO A TARGET 
TEMPERATURE OF 192°C AND VARIOUS SILVER 
SOURCE TEMPERATURES 


Silver source temp., °C Supersaturation, p’/po 


43 X 
03 X 
2.25 X 


2.59 10'2* 


*Sub-critical for deposition of silver on glass. 
tSupercritical for deposition of silver on glass and on gold. 
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or 22 
766 0.24 0.15 
| 1.4 0.22 
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3 53 0.66 
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puted [1] using the calibration curve of Figure 3 
and the data of McCabe and Birchenall [6] for the 
vapor pressure of silver. 

For the glass targets at a crucible temperature 
of 700°C, the activity does not increase with time 
although the target shows a small amount of 
radioactivity after being exposed to the silver vapor. 
For 8, 10, 12, and 22 hours of exposure, the activity 
is always less than 5 counts per minute. This shows 
that the supersaturation* is below the critical 
value [1] and the nucleation rate is so low that very 
little At a 
temperature of 766°C, the activity of the target is 
found to with the time of 
indicating that the supersaturation is above the 
critical value so that the nucleation rate becomes 


condensation has occurred. crucible 


increase exposure, 


appreciable. Nevertheless the amount of deposit 


condensed in 8 hours is still less than a complete 
monolayer if the deposit were evenly distributed 
over the whole target surface. There is therefore a 
certain crucible temperature between 700°C and 
766°C, below which no appreciable condensation 
can occur. However, even for crucible tempera- 
tures above the critical value, not all the atoms 
hitting the target surface are captured. As shown in 
Figure 4, for crucible temperatures 766°C, 842°C 
and 898°C, the condensation coefficients are all 
very small at the beginning of the condensation 
but increase with the time of condensation. The 
rate of increase of the condensation coefficient is 
very rapid at the beginning, then becomes slower, 
but the 
continues. This is shown by the change of the 


becomes rapid again as condensation 


slopes of the curves in Figure 4 with time of 
condensation. 

The following hypothesis is proposed to explain 
these phenomena. From the very small condensa- 
tion coefficients observed at the beginning of the 
condensation, one might infer that on glass targets 
at 192°C the nucleation of the silver deposit starts 
at isolated spots on the glass surface.t The atoms 
arriving after the nucleation has started are cap- 
tured only if they hit the surface of the target in 
the vicinity of these initial nuclei. Most of them 
evaporate away after staying on the glass surface 
for a short time. Only those stay that can join the 
nuclei already present by surface diffusion or form 
some other nuclei. As the condensation goes on, the 
condensation coefficient increases because of the 
increasing availability of crystallization sinks [7] 
atoms. This increase in 


for the adsorbed silver 


*Table II. 


tThis is corroborated by autoradiographic evidence 
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availability of sinks is due in part to the formation 
of new nuclei and partly to the spreading of the 
crystals already on the surface. The new nuclei 
provide additional “‘point’”’ sinks to catch the 
adsorbed atoms diffusing over the surface before 
they can evaporate. The spreading crystals provide 
circumferential length of crystal edges as well as 
crystalline area which can serve as sinks for the 
adsorbed atoms. Initially, the sharp increase in 
availability of sinks (hence the condensation 
coefficient) with time is mainly due to the forma- 
tion of new nuclei. After a while, the preferred sitest 
for nucleation on the glass surface have become oc- 
cupied and nucleation rate decreases sharply. There- 
fore, the increase of the condensation 
coefficient becomes lower. Due to the slow rate 
of supply of atoms to the surface, most of 
the crystals have not yet become large, i.e., the 
silver crystals do not yet occupy a large fraction 
of the surface area. Eventually, the silver crystals 
do begin to cover an appreciable fraction of the 
surface area. Their contribution to the increase in 
availability of sinks with time, due to lateral growth, 
becomes important. At this point, the increase of 
condensation coefficient with time becomes more 
rapid again. The condensation coefficient finally 
will approach the value of unity, but probably not 
until after a number of layers of silver atoms has 
accumulated. The authors are presently attempting 
a mathematical formulation of this 
describe the curves for deposition on glass shown 


rate of 


process to 


in Figure 4. 

When the same experiments are carried out on 
gold targets at these temperatures, the condensa- 
tion coefficient is found to be always equal to 
unity, no matter how long the condensation has 
been going on. This indicates that every atom 
arriving at the target surface is captured. This 
does not mean that each captured silver atom is a 
critical nucleus in the classical sense [8] that its 
chemical potential is equal to that of the vapor. 
Rather it means that the rate of evaporation of 
the 
arrival of atoms to the surface in this case of de- 


adsorbed atoms is much less than rate of 


position at highly supercritical saturations. No 
attempt has been made to determine the critical 
supersaturation, which is probably very low. 
Thus, on gold, the condensation coefficient at the 
supersaturations used here has the value of unity 
and should drop gradually to zero as the tempéra- 
ture of the silver source approaches the critical 


tThese may be cracks or small devitrified regions. 
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value. On glass, the condensation coefficient at the 
supersaturations used here is less then one and 
decreases gradually to zero as the critical tempera- 
ture of the silver source is approached. Of course, 
these are two extreme cases. For targets having 
various amounts of lattice misfit 


with silver, 


they may behave either like gold or like glass, 
depending upon the structural or other factors. 


CONDENSATION COEFFICIENT 


| 
i0 20 
LATTICE MISFIT (%) 


FiGcureE 5. Variation of condensation coefficients of silver 
with the lattice misfit between silver and the target material. 
Target temperature: 192°C. 
Crucible temperature: 842°C 
Time of condensation: 1 hour 


a — (d)target X 100 
Lattice misfit = D = “Ags — \“’target 


“a’’ = unit cell dimension 
[NoteE: On glass the condensation coefficient is 0.31 


We have made a few measurements of the conden- 
sation coefficients of silver on silver, gold, plati- 
num,* nickel,f and glass, with the target kept at 
192°C, the crucible at 842°C, and the time of 
condensation fixed at one hour. The lattice misfits 


*This hypothesis is consistent with a plot of condensation 
coefficient versus average deposit thickness. 

tlhe platinum and nickel targets are all 99.99 per cent 
pure, polished, degreased, etched lightly in aqua regia and 
dilute HCI respectively, and washed and dried just before 
being used 
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metal targets are 0, 
0.18, 3.96 and 13.7 per cent respectively. It is 
found that the condensation coefficients are 1.0, 
0.99, 0.86 and 0.64 respectively, while that on 
glass is 0.31 
continuots 


between silver and these 


(Figure 5). There seems to be a 


decrease of condensation coefficient 
with increase of lattice misfit, which illustrates the 
importance of structural similarity in the conden- 


sation process [9; 10; 11]. 
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THE EFFECT OF METAL SURFACE CONDITION ON THE ANODIC 
OXIDATION OF TANTALUM* 


D. A. VERMILYEAT 


When tantalum is anodized at constant current two different types of behavior are observed, 
depending on whether the metal surface is rough or polished. With polished sheet, an efficiency of 
98 per cent is obtained up to the spark voltage, and no change in the character of the oxide surface 
is observed. With rough sheet, apparent efficiencies greater than 100 per cent are observed above a 
critical voltage depending on the nature of the original metal surface. In addition, minute depressions 
are observed on the surface of the oxide film. The same behavior is observed for many different dilute 
aqueous solutions. It is suggested that minute bubbles, formed at points of electrical breakdown, 
result in a decrease in effective area and hence an apparent efficiency greater than 100 per cent. The 
depressions result when the oxide grows up around the bubbles. These effects appear to be the result 
of a rough surface rather than the presence of impurities. 


L’'EFFET DE L’ETAT DE SURFACE DU METAL SUR L’OXYDATION ANODIQUE 
DU TANTALE 


Quand on anodise le tantale 4 courant constant, le comportement du métal est différent suivant 
que la surface est rugueuse ou polie. Sur des t6les polies on obtient un rendement de 98 pour cent 
jusqu’a la tension d’étincelle, et on ne note pas de changement dans le caractére de la surface de 
l’oxyde. Sur des t6les rugueuses on constate des rendements apparents de plus de 100 pour cent, 
au-dessus d'une tension critique qui dépend de I’état de la surface originale. En plus, de petites 
cavités apparaissent sur le film d’oxyde. Le méme comportement est constaté dans le cas de solutions 
aqueuses, diluées. Il est suggéré que des bulles minuscules, qui se forment aux points de détérioration 
du contact électrique, provoquent une diminution de la surface effective, ce qui donne un rendement 
apparent, supérieur 4 100 pour cent. Les cavités apparaissent quand l’oxyde se forme autour des 
bulles. Ces effets paraissent étre le résultat des rugosités de la surface, plut6t que des impuretés. 


DER EFFEKT DES ZUSTANDES DER METALLOBERFLACHE AUF DIE ANODISCHE 
OXYDATION VON TANTAL 

Wenn Tantal mit konstantem Strom anodisiert wird, werden zwei verschiedene Verhaltungsweisen 
beobachtet. Diese Erscheinung hangt davon ab, ob die Metalloberflache rauh oder poliert ist. An 
poliertem Blech wird eine Ausbeute von 98% bis zur Funkenspannung erhalten, und es kann keine 
Anderung in der Oxydoberflache beobachtet werden. An rauhem Blech werden scheinbare Ausbeuten 
von tiber 100% oberhalb einer von der Art der Ausgangsoberflache abhangenden kritischen Spannung 
beobachtet. Ausserdem kénnen kleine Vertiefungen in der Oberflache des Oxydfilms beobachtet 
werden. Das gleiche Verhalten wird in vielen verschiedenen verdiinnten wassrigen Lésungen gefunden. 
Zur Erklarung dieser Erscheinung wird angenommen, dass kleine Blaschen, die sich an den Punkten 
des elektrischen Durchschlags bilden, die wirksame Oberflache verringern und dadurch zu einer mehr 
als 100% igen scheinbaren Ausbeute fiihren. Die Vertiefungen treten auf, wenn das Oxyd iiber die 
Blaschen wachst. Diese Effekte scheinen ihre Ursachen in einer rauhen Oberflache und nicht so sehr 
in Verunreinigungen zu haben. 


current the voltage rose linearly with time up to 


Introduction the ‘“‘spark voltage’’ (see curve 1 of reference 1). 


In a previous paper [1] data for the kinetics of 


anodic oxidation of tantalum were presented. 
In that investigation all specimens were chemically 
polished before they were used. The necessity for 
using chemically polished specimens became ap- 
parent during the course of some preliminary 
observations of anodic oxidation, when it was 
noticed that the surface condition exerted a marked 
effect on the formation of an oxide film above a 
certain voltage. The present paper is concerned 
with this effect of surface condition. As in the 
previous paper, the thin, amorphous, nonporous 
type of anodic film is the one of interest here. 

Guntherschulze and coworkers [2] found that 
during anodic oxidation of tantalum at constant 


*Received January 11, 1954. 
tGeneral Electric Research 
Schenectady, New York. 
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In attempting to reproduce the portion of these 
curves up to the spark voltage, it was observed 
that the voltage-time plot often deviated from 
linearity as shown in Figure 1. Curve 1, for sheet 
with a very rough surface, shows that the voltage 
rose linearly with time to about 40 volts, then rose 
more rapidly and continued to rise at a more 
rapid rate until the spark voltage was reached. 
Bubbles were observed at the anode above the 
point when the voltage-time curve became non- 
linear. With smoother sheet the voltage at which 
the curve departed from linearity was higher 
(120 volts) and the maximum slope was less. 
With etched sheet the curve was linear to 200 
volts and departed only slightly from linearity. 
With chemically polished sheet the curve was 
linear up to the spark voltage, and no bubbles 
were observed below the spark voltage. 
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An electron microscope study was made to 
determine the cause of the deviations from line- 
arity. Specimens of 0.0005-inch cold-rolled tantalum 
sheet and 0.010-inch electropolished sheet were 
anodized at the various voltages shown in Figure 
2. Each specimen was then thoroughly cleaned by 
stripping six successive coatings made by applying 


VOLTAGE-VOLTS 


TIME~-SECONDS 


FiGuRE 1. Tantalum sheet with different surface conditions 
anodized in 0.2% Na:B,O,-10 H.O + 0.75% H;BO; balance 
water. Curve 1, Run 99a: as rolled and annealed; surface very 
rough. Curve 2, Run 100: as cold-rolled to .0005” (95%); 
surface smoother. Curve 3, Run 104: as etched in 3 HF, 
1 HNOs, 1 H2SO,; surface matte, scratches removed. Curve 4, 
Run 107: as dip-polished in 1 HF, 2 HNOs, 5 H2SO,; surface 
smooth and bright. Curve 5, Run 99h-1: abraded on 3/0 paper 
surface very rough. (All specimens at 2 ma/cm.? 


a solution of 10 per cent nitrocellulose in amy] 
acetate. The final replicas were made by applying 
a solution of 1 per cent nitrocellulose in amyl 
acetate. The replicas were stripped, transferred to 


copper screens, shadow cast with palladium at 


15 degrees, and examined. 


Results and Discussion 


The results are shown in Figures 3 to 14. 
Figure 3 shows the rough surface of the rolled 
sheet. After anodization at 50 volts, the oxide 
surface was much smoother than the original 
metal surface. At 120 volts, where th@ first devia- 
voltage-time curve from linearity 


tion of the 
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occurred, the surface was still smoother, but many 


small depressions (projections on the replica) 


were observed. At 180 volts the surface was still 
smoother and contained more depressions, which 
appeared to be arranged in rows suggestive of the 
original rolling scratches. The projections increased 
in number and size as the voltage was raised, until 
finally at 370 volts a new type of surface structure 
appeared. This new structure, shown in Figure 8, 
was presumably caused by the sparks which be- 
came visible above approximately 350 volts. 


MIL SHEET 
AS COLO ROLLED 


10 MiL SHEET 
ELECTROPOLISHED 


TIME -SECONOS 


FIGURE 2. Voltages at which specimens for electron micro 
scope studies were prepared. Specimens taken at voltages 
indicated by arrows 


Figure 9 shows the relatively smooth electro- 
Many 


bably small pits produced by the electropolishing, 


polished surface. small depressions, pro- 


appear at random on the surface. Little surface 


change occurred on anodizing this material at 
voltages up to 360 volts, as shown by Figures 10, 
11, and 12. At 360 volts a few areas contained a 
new structure, again presumably caused by the 
sparks which appeared at 350 volts. In Figure 13, 
taken above the spark voltage, it appears that 
some disruption of the film occurred at one point 
and spread radially. In some experiments, sparks 
have been observed to start at one point on the 
surface and wander rapidly for a total distance as 
centimeter. Figure 14 shows an 


great as one 
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advanced stage of surface destruction far above 
the spark voltage. 

The two series of micrographs for the two types 
of surface conditions show that for electropolished 
sheet, which gives a linear voltage-time curve 
below the spark voltage, there is essentially no 
disruption of the surface of the oxide film until the 
spark voltage is reached. For the rough, as rolled 
sheet, which gives a nonlinear voltage-time curve 
below the spark voltage, depressions appear on the 
oxide surface above the voltage where the voltage- 
time curve becomes nonlinear. The arrangement 
of these depressions in rows parallel to original 
rolling marks suggests that the roughness of the 
underlying metal surface played some role in 
their formation. 

This effect was investigated using a total of 13 
different electrolytes in dilute solutions. The same 
behavior was obtained for a given surface condition 
with all of the electrolytes. It was also observed 
that the initial linear portion of the curves had the 
same slope regardless of the electrolyte and for 
both 
facts suggest that the anodic oxidation of tantalum, 


annealed and cold-rolled material. These 
in general, and in particular the effects observed at 
constant current, are not dependent on the elec- 
trolyte as long as dilute aqueous solutions are used. 

Using the interference color step gage described 
in the preceding paper, the thickness was measured 
as a function of voltage. It was found that the 
thickness was proportional to the voltage up to the 
spark voltage whether the voltage-time curve was 
linear or not. It is known that anodic oxidation of 
tantalum is 98 per cent efficient in the region where 
the voltage-time curve is linear [1]. When the vol- 
tage, and hence the thickness, begins to increase 
at a more rapid rate, the efficiency would thus 
appear to be greater than 100 per cent. For ex- 
ample, the greatest slope of the voltage-time curve 
in curve 2 of Figure 1 would indicate an efficiency 
of 130 per cent if the efficiency during the linear 
portion is taken as 98 per cent. 

[hese facts suggest that the phenomena observed 
during anodic oxidation of rough-surfaced tantalum 
at constant current may be explained as follows. 
Formation of the oxide film proceeds normally 
until a voltage is reached where electrical break- 
down occurs. This breakdown may occur because 
of the enhanced electric field near a sharp point 
the the 


becomes highly stressed in the region of a sharp 


or because in process of growth oxide 


corner and a crack appears. The appearance of 
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visible bubbles at the surface that a 
very minute bubble forms at each point where a 
breakdown occurs. From the results given in the 


suggests 


previous paper it appears that there is very little 
Taal 


anodically, while oxygen evolution requires about 


overvoltage, if any, for the formation of 


a volt of overvoltage. The current will, therefore, 


pass through the part of the oxide not shielded by 


gas bubbles, and each bubble thus decreases the 
effective area slightly. As the oxide grows it will 
grow up around the bubble, thus leaving a shallow 
depression in the oxide surface. The depressions 
which were observed with the electron microscope 
appear to be roughly spherical. As the voltage 
increases still further more bubbles would form 
as breakdowns occur at less drastic faults while the 
existing bubbles remain and the oxide grows up 
around them. Thus, the depressions in the oxide 
surface will increase in size and number. The 
constant current, now passing through a reduced 
area, will cause a more rapid growth of the film as 
was observed. 

If this hypothesis is correct the apparent in- 
crease of efficiency should be a measure of the area 
covered by bubbles. From a count of the number of 
depressions present in Figure 7 the amount of the 
surface covered was estimated as 14 per cent of the 
total area. If the area was reduced by 14 per cent 
the efficiency would be increased to 116 per cent, 
which is considerably lower than the 130 per cent 
measured from the slope of curve 2 of Figure 2 
at 270 volts. Using another micrograph of a speci- 
men formed‘at 270 volts, however, the area covered 
by depressions was estimated as 35 per cent, which 
would correspond to an efficiency of 154 per cent. 
Probably 


area to area of a specimen depending on the exact 


there is a considerable variation from 
surface condition. 

It has been suggested that the effects observed 
at constant current were caused by impurities 
present on the surface rather than by electrical 
breakdowns at surface roughness. In order to test 
this suggestion, a polished specimen was scratched 
with a diamond point and anodized. When the 
specimen was heavily scratched with deep scratches, 
no oxide formation occurred at 2 ma/cm?, although 
at a higher current density oxide formation did 
occur. A specimen lightly scratched over its entire 
area showed a behavior very similar to that obtained 
for the rolled sheet. Since the chemically polished 
sheet itself gave a linear voltage-time curve, and 
since it is ddubtful if any diamond particles were 


|| 
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left on the tantalum, it was concluded that im- 
purities do not cause the deviation from linearity 
and surface depressions which were observed. 
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THE FORMATION OF ANODIC OXIDE FILMS ON TANTALUM IN 
NON-AQUEOUS SOLUTIONS* 


D. A. VERMILYEAT 


The anodic films formed on tantalum in many non-aqueous solutions have been found to consist 
of two layers. Next to the metal there is a layer of Ta2O; with the same characteristics as that of 
films formed in aqueous electrolytes, while between the Ta.O; film and the solution there is a layer 
which is characteristic of the forming solution. Changes in the relative thicknesses of the two layers 
with formation rate, temperature, and forming solution result in a dependence of formation rate on 
the history of the film. 

During anodic oxidation it has been found that the tantalum ions move out through the Ta.0; 
film to react with oxygen at the oxide-electrolyte interface. 


LA FORMATION DE FILMS ANODIQUES SUR LE TANTALE DANS DES 
SOLUTIONS NON-AQUEUSES 


Il a été constaté que les films anodiques, formés sur le tantale, dans des solutions non-aqueuses, 
consistent en deux couches. En contact immédiat avec le métal on trouve une couche de Ta:0; 
ayant les mémes caractéristiques que les films formés dans des électrolytes aqueux, alors qu’entre 
la couche de Ta:O; et la solution il y a formation d’une couche dont le caractére dépend de la solution. 
Les changements dans les épaisseurs relatives des deux couches, en fonction de la vitesse de formation, 
de la température et du genre de solution, donnent lieu 4 une dépendance de la vitesse de formation 
sur l’histoire du film. On a constaté que pendant l’oxydation anodique, les ions du tantale se déplacent 
a travers la couche de Ta2O; pour réagir avec l’oxygéne 4a |’interface oxyde-électrolyte. 


DIE BILDUNG VON ANODISCHEN OXYDFILMEN AUF TANTAL IN 
NICHTWASSRIGEN LOSUNGEN 

Es wurde gefunden, dass die anodischen Filme, die sich auf Tantal in vielen nichtwassrigen 
Lésungen bilden, aus zwei Schichten bestehen. Direkt am Metall befindet sich eine Ta:O;-Schicht, 
die die gleichen Eigenschaften wie die in wassrigen Elektrolyten auftretenden Filme hat, wahrend sich 
zwischen dem Ta,Os Film und der Lésung eine fiir diese Lésung charakteristische Schicht befindet. 
Anderungen im Dickenverhaltnis der beiden Schichten mit veranderter Bildungsgeschwindigkeit, 
Temperatur und Elektrolytlésung rufen eine Abhangigkeit der Bildungsgeschwindigkeit von der 
Vergangenheit des Filmes hervor. 

Es zeigte sich, dass sich wahrend der anodischen Oxydation Tantalionen durch den Ta,O; Film 


hindurchbewegen um mit dem Sauerstoff an der Grenzflache Oxyd-Elektrolyt zu reagieren. 


The kinetics of growth and structure of anodic 
tantalum oxide films formed in aqueous solutions 
were discussed in a previous report [1]. It has been 
found that when the solution in which the anodic 
film is formed is largely non-aqueous the composi- 
tion of the film is markedly different from that of 
films formed in aqueous solutions. The present 
the the 
structure and on the formation 


report discusses influence of forming 


solution on film 


kinetics. 
Experimental 


Three types of solutions were used in the work 
to be discussed. The first two consisted of either 
H.SO, or H;PO, plus water, while the third was a 
glycol base solution containing Na2B,O; as the 
electrolyte.{ (This solution will be referred to below 
as ‘‘solution A.’’) The power supplies for constant 
current and constant voltage operation together 
with the switching and timing circuits and the 


“Received January 20, 1954. 
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tAny one of a variety of such solutions is satisfactory. One 
which works very well consists of 85-90% Ethylene Glycol, 
5% Na2B,O7.10 H,O, 5-10% H,0. 
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constant temperature bath have been described 
previously [1]. Thickness measurements were made 
by comparison with the calibrated optical step 
gage discussed in the previous paper. All of the 
tantalum used was obtained from Fansteel Metal- 
lurigcal Company in the form of 0.005 in. sheet, 
and was chemically polished before use. Informa- 
tion concerning the macrostructure of the films was 
obtained by etching the films in hydrofluoric acid 
solutions and recording the thickness as a function 
of etching time. 


Results and Discussion 


The rate of formation of Ta.O; on tantalum in 
aqueous solutions depends only on the instantan- 
eous field and temperature, and is not at all 
dependent on previous history. In non-aqueous 
solutions, the of growth 
specified conditions was found to be dependent 
on both the previous formation rate and the 


however, rate under 


previous formation For example, 
Figure 1 shows plots of optical thickness versus log 
time for specimens held at 155 volts, 30°C in 
solution A after prior formation to 2067 A in the 


same solution at 97°C and at 30°C. The lines are 


temperature. 
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roughly parallel but the specimen previously 
formed at 97°C had a much greater thickness at a 
given time. The rate of growth at 2600 A was 
4.2 A/sec for the specimen previously formed at 
97°C and only 0.081 
formed entirely at 30°C. In another test, specimens 
were anodized to 90 volts in solution A at 26°C 
using 2 ma/cm? and 0.2 ma/cm?. For both speci- 
mens the voltage was then held constant at 90 
the allowed to decrease to 


A/sec for the specimen 


volts and current 


0.005 ma/cm?. The film which had been formed to 


#1 FORMED TO 2067 a AT 97°C 
2 SPECIMEN @2FORMED TO 20674 AT 30°C 
3 BOTH SPECIMENS THEN FORMED AT 

55 vOLTS, 30°C 


SPECIMEN 


SPECIMEN @ 


io 
TimME AT 155 VOLTS-MINUTES 


FicureE 1. Thermal history during anodic oxidation 

90 volts at 2 ma/cm? had a final thickness of 
1401 A, while the film formed at 0.2 ma/cm? had a 
final thickness of 1505 A. A change in prior format- 
ion rate by a factor of 10 has thus produced a 15 
per cent change in the field required for the 
final formation under identical conditions. 

The fact that the kinetics of formation of anodic 
films in non-aqueous solutions is thermal and rate 
history dependent while no such behavior is ob- 
served for formation in aqueous solutions suggests 
that the composition of a film depends on the 
solution in which it is formed. There is additional 
evidence for this assumption. For example, the 
thickness of films formed in non-aqueous solutions 
mav be as much as 50 per cent less than that of 
films formed in aqueous solutions under the same 
conditions of voltage, temperature and current 
density. In addition, the efficiency of oxidation, 
assuming Ta,O; formed and comparing weight 
changes with Faraday’s law, was greater than 100 
per cent in all the non-aqueous solutions studied, 
and as great as 210 per cent for formation in 
concentrated H2SOx.. 

After the above information had been obtained, 
it was observed that the capacity per unit area was 
the same for films formed under the same condi- 
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tions of voltage, temperature, and current density 
in all solutions except concentrated H,SO,. The 
optical thickness, however, was never the same in 
any two different solutions, and all the evidence 
pointed to a difference in composition for films 
formed in different solutions. If the composition 
was different, then presumably the field required 
to cause a given current to flow through the film 
at a particular temperature would also be different. 
Thus, the thickness at a given voltage would be 
different, in agreement with the observations of 
optical thickness. It was not at all clear, however, 
why the capacity per unit area should be the same 
for films formed under the same conditions in 
different solutions. 

The reasons for the 
discovered by the use of the technique of dissolving 
films in HF, recording thickness as a function of 


observed behavior were 


time. In the work to be described, it should be 
noted that the “‘thickness’”’ quoted will refer to 
the optical thickness measured with an interference 
color step gage which is made up of specimens 
with Ta,O; films of different thicknesses. If the 
thickness of a film of different composition (and 
hence different refractive index) is estimated by 
comparison with the gage, a value is obtained 
which is not the true thickness, so that only relative 
thickness measurements are possible. 

When a film which has been formed in an aqueous 
solution is dissolved in HF, the rate of solution is 
constant, as shown in Figure 2. On dissolving a 
film formed in a non-aqueous solution, however, 
it is found that the film dissolves at two different 
rates. Figure 2 shows the results of dissolving a 
film formed in A. The initial 
solution is very rapid, but when the film thickness 
has reached 750 A the rate Similar 
behavior is exhibited by films formed in H,SO, 
plus water and in H;PQ, plus water, as shown by 
Figures 3 and 4. In H2SO, solutions (and presum- 
ably in others also) the relative thickness of the 


solution rate of 


decreases. 


inner layer decreases as the amount of water 
in the solution decreases; it is either very thin or 
nonexistent in H2SO, solutions above about 80 per 
cent H,SQ,. In 85 per cent H;PO, the outer part 
of the film dissolves more slowly than the inner part. 
The inner layer of these films always dissolves at 
the same rate as a Ta2QO; film formed in an aqueous 
electrolyte. 

These results suggest that films formed in these 
non-aqueous solutions* consist of a layer of Ta:O; 


*Except concentrated H2SQO, solutions. 


= 


484 


next to the metal and one of different composition 
between the Ta,O; and the solution. No attempt 
has been made to determine the composition of the 
second film; it may consist of solvated Ta2Os or of 
another compound entirely. 

An explanation may now be given for the fact 
that the capacity per unit area is the same for 
films formed under the same conditions in different 
solutions* although the optical thickness is different. 


FiGurE 2. Corrosion in HF of films formed in aqueous and 
non-aqueous solutions 


Figure 3. Corrosion in HF of films formed in H,SO,-H,0 


solutions. 


*Except concentrated H2SQO, solutions 
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The fact that the capacity per unit area of films 
formed to the same voltage in all solutions is the 
same, implies that the charge density at the metal- 
oxide and oxide electrolyte interfaces is the same 
in all solutions. Consider now one of the duplex 
films. The film is equivalent electrically to two 
condensers in series, the inner one having a Ta2O; 
dielectric and the outer one having a different 
material characteristic of the 


dielectric forming 


Ficure 4. Corrosion in HF of an anodic film formed in 


85 per cent H;PQO,. 


solution. For either condenser we have during 


formation at a given current density 
(1) CV; = const. 


in all solutions where Q is the charge density at 


the interfaces of the dielectric, V; is the voltage 


across the layer, and C is the capacity per unit 


area. Since the capacity pergunit area is given by: 


where K is the dielectric constant and YX the 


thickness of the laver, we have 


(3) = const. 
X 


in all solutions where EF, is the electric field in the 
dielectric during formation. 

In the Ta.O; layer of a film formed in any solu- 
tion, therefore, the electric field during formation 
is the same. Thus, the fact that the capacity per 


| 
q 
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unit area is the same for films formed under the 
same conditions in different solutions means that 
the same electric field in the Ta,Os layer is required 
to produce a given current density at a given 
temperature in any solution (except concentrated 
H.SO, solutions). It is clear, therefore, that the 
rate-controlling step of the process of film forma- 
tion occurs in the Ta,QO; layer of the film. 

Because the rate-controlling step is in the TasO; 
layer, therefore, anodic films formed on tantalum 
under the same conditions of voltage, temperature 
and current density in any solution which produces 
a duplex film consisting of Ta,O; next to the metal 
will have the same capacity per unit area. The 
optical thickness, on the other hand, depends on 
the thicknesses and both 
layers, and so may easily be different for films 
formed in different solutions. No determination of 
the true total thickness of these duplex films has 
been made, so it is not possible to determine either 


refractive indices of 


the dielectric constant or refractive index of the 
outer layer of the film. 

Since the thickness of the outer layer of the film 
formed in H,SQO, plus water was a function of the 
composition of the electrolyte, it was thought 
that it might also be a function of the rate and 
temperature of formation. In order to test this 
hypothesis, specimens were anodized in Solution A 
at 95°C using current densities of 1.5 and 15 ma 
cm’. At 1.5 ma/cm? for an apparent total thickness 
of 2230 A, 1340 A or 60 per cent was Ta,QO;. In a 
Ta.O; 


layer was only 33 per cent of the total thickness. 


film formed at 1.5 ma/cm? and 30°C, the 
Thus, as the temperature is increased, the percen- 
tage of TasO; in the film increases. At 95°C and 
15 ma/cm?, the Ta2,O; layer was 53 per cent of the 
total, a slight decrease compared to the lower 
rate. 

The rate and thermal history observed when 
tantalum is anodized in non-aqueous solutions and 
the thickness measured optically is now under- 
standable. Consider two specimens of tantalum, 
one formed to a given voltage at room temperature, 
the other formed first for a short time at a high 
the 


room temperature to 


temperature, then at 
same voltage as the first specimen. The film on the 
first specimen will have a Ta,O; layer comprising 
about 35 per cent of the total thickness. The other 


specimen, during the part of its formation at high 
temperature, will have a film containing 60 per 
Ta,O;, while the film added at the lower 
temperature will again be 35 per cent Ta2Os. As a 
result the final film formed on the second specimen 


cent 
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will have a thicker Ta,O; layer than the first 
that the 
formed in aqueous electrolytes, which consists of 
Ta.O;, is thicker optically than a film formed to 


specimen. It has been observed film 


the same voltage at the same temperature and 
current density in a non-aqueous electrolyte. For a 
given total thickness, therefore, the greater the 
percentage of Ta.O; in one of these duplex films, 
the thicker it will appear. Finally, therefore, prior 
formation at a high temperature is seen to result 
in a film which is optically thicker after final 
formation under a specified set of conditions at a 
lower temperature than one formed only at the 
lower temperature. Figure 1 shows that the speci- 
men performed at 95°C is indeed optically thicker 
than the one formed only at 30°C. The same type 
of reasoning indicates that a slower prior formation 
rate should result in an optically thicker film, as is 
actually observed. 

One final experiment using the technique of 
dissolving the film is of interest. In concentrated 
H.SO, solutions, as pointed out above, the Ta,O,; 
film was formed in 1 per cent NasSO, to about 
225 A, 


further 


layer next to the metal may be absent. A 


and was then anodized 


in 80 per cent H.SO,. The results of dis- 
this film in HF are shown in Figure 5. 


this specimen 


solving 


OF ETCHING 


FiGcureE 5. Corrosion in HF of 
Na2SO, and 80 per cent H2SO, 


It may be seen that a rapid initial rate of solution 
changes abruptly at 232 A to a slower rate. The 
data for the solution of films formed only in 80 per 
cent H.SO, and only in H,O are also shown, and 
it is apparent that the initial rate for the duplex 
film is that characteristic of the 80 per cent H.SO, 
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film, while the final rate is characteristic of TasQs. 
It may be concluded that the Ta.O; film has 
remained in place next to the metal and has 
increased only very slightly in thickness. This 
would be possible if tantalum is the only mobile 
material in the Ta2O; film. It would also be possible 
if oxygen were mobile and moved in through the 
Ta,O; to react with tantalum at the inner interface 
while at the same time the outer portion of the 
Ta,O; layer was converted to the sulphuric acid 
type of film at the same rate that new Ta,O; was 
formed. No detectable attack or alteration of 
Ta.O; occurs upon prolonged exposure to concen- 
trated H,SO; when no current is flowing, and it 
seems likely that the assumption of mobile tantalum 
in the Ta,O; film is more reasonable. 


Conclusions 


1. Films formed in many non-aqueous solutions 
consist of a layer of Ta.O; next to the tantalum 
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and a layer of material characteristic of the solution 
between the Ta.O; and the solution. 

2. The relative thickness of each of the layers in 
these duplex films changes with formation rate and 


temperature. These changes result in rate and 


thermal history, that is, the rate of formation under 


specified conditions depends on the _ previous 
formation rate and temperature. 
3. Tantalum is the 


anodic formation of TasQs. 


mobile material during 
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A FUNDAMENTAL INVESTIGATION OF THE MECHANISM OF 
SINTERING* 


E. B. ALLISON and P. MURRAYf 


Part I is concerned with the mechanism of sintering. D: ata on the sintering of fluorides are obtained 
by a continuous, dilatometric method, and the effects of initial compacting pressure and particle size 
distribution of the powder are also investigated. 

The results are analysed in relation to two recent theories of sintering based on a plastic flow model. 
One of these theories (proposed by Shuttleworth and Mackenzie) is also applied to Clark and White's 
data for the sintering of glass spheres. It is shown that, while the two mathematical relations may be 
fitted to experimental sintering data, neither mechanism accounts completely for the effect of com- 
pacting pressure and particle size distribution. 

Activation energies for the flow process are derived, the values being approximately 35 and 
90 kcal/mole for sodium and calcium fluoride respectively 

The Clark-White mechanism is critically reviewed, and it is shown that their empirical term is not 
related to particle size as they suggested. Alternative explanations regarding the inclusion of the 
empirical term are proposed. Additional evidence is required regarding the way in which flow occurs 
in an assemblage of spheres before the appropriate mathematical rate equations can be developed. 

Further indication that a plastic flow mechanism is operative in sintering is obtained by applying 
Herring’s analysis to the sintering data for different size fractions of calcium fluoride 

Part II is concerned with the measurement of the flow oy of glass and sodium fluoride at 
elevated temperatures, and the subsequent comparison of the flow constants with those deduced 
from sintering data. 

Scott’s theory of compression of discs is applied to subsidence-time curves obtained for glass and 
sodium fluoride at various temperatures. It is found that a sample of soda glass tested at 655°C 
behaves as a Newtonian fluid, the viscosity being approximately 5 & 10® poises. Sodium fluoride, 
however, in the temperature range 870° to 970°C, appears to behave as a Bingham solid. The yield 
stress values are of the order of 10° to 107 dynes/cm? and the viscosity coefficients range from 10° 
to 10!° poises. 

Values of yield stress and viscosity deduced from sintering data using the Shuttleworth-Mackenzie 
equations are of the same order of magnitude as those determined experimentally. 


UNE INVESTIGATION FONDAMENTALE DU MECANISME DE FRITTAGE 


La premiére partie traite le mécanisme de frittage. Les données sur le frittage de fluorures sont 
obtenues par une méthode dilatométrique, continue; les effets des pressions de serrage initial et de la 
distribution granulométrique de la poudre furent aussi investiguées. Les résultats sont analysés en 
relation avec deux théories récentes de frittage, basées sur un modéle d’écoulement plastique. Une de 
ces théories (proposée par Shuttleworth et Mackenzie) est aussi appliquée aux données de Clark et 
White concernant le frittage de sphéres de verre. On montre que malgré que les expressions mathé- 
matiques des deux théories soient en accord avec les données expérimentales sur le frittage, aucun des 
deux mécanismes ne justifie comple tement l’effet des pressions de serrage et de la distribt ition granulo- 
métrique. On détermine les énergies d’activation pour le processus d’ écoule sment, elles sont d’environ 
35 et 90 kcal/mol, respectivement pour le fluorure de sodium et le fluorure de calcium. Une critique 
du mécanisme de Clark et White est faite et il est montré que le terme empirique de leur expression 
n'est pas, contrairement a leur suggéstion, lié aux dimensions des grains. On propose d'autres explica- 
tions concernant I’inclusion du terme empirique. Des preuves supplémentaires, relatives a la fagon 
dont s’opére l’écoulement dans un assemblage de sphéres, seraient nécessaires avant qu’il soit possible 
de développer les équations de vitesse appropriées. D’autres indications, supportant l’idée qu'un 
mécanisme d’écoulement agit dans le frittage, sont obtenues en appliquant l’analyse de Herring aux 
données sur le frittage de différentes catégories de grosseur des grains de fluorure de calcium. La 
deuxiéme partie traite, pour commencer, les mesures des propriétés d’écoulement du verre et du 
fluorure de sodium aux températures élevées; une comparaison entre les constantes d’écoulement 
ainsi obtenues et celles qu’on déduit des données sur le frittage, suit. La théorie de Scott, sur la com- 
pression de discs, est appliquée aux courbes tassement-temps, obtenues pour le verre et le fluorure de 
sodium a diverses températures. I] est constaté qu’un échantillon de verre a la soude, essayé 4 655°C, 
se comporte comme un fluide Newtonien, la viscosité étant d’environ 5 X 10° poises. Toutefois, le 
fluorure de sodium, dans I’intervalle de températures allant de 870° a 970°C, se comporte comme un 
solide de Bingham. Les tensions d’écoulement sont de l’ordre de 1064 107 dynes/cm? et les coefficients 
de viscosité vont de 10° 4 10" poises. Les valeurs des tensions d’écoulement et de viscosité, déduites 
des données sur le frittage, en se servant des équations de Shuttleworth et Mackenzie, sont du méme 
ordre de grandeur que celles qu’on a déterminées expérimentalement. 


EINE GRUNDSATZLICHE UNTERSUCHUNG DES SINTERUNGSVORGANGS 

Teil I behandelt den Sinterungsvorgang. Mit Hilfe von kontinuierlichen Dilatometermessungen 
wurden Angaben iiber das Sintern von Fluoriden gewonnen. Ausserdem wurde der Einfluss des 
Ausgangspackungsdruckes und der Teilchengréssenverteilung des Pulvers untersucht. 

Diese Resultate werden im Hinblick auf zwei kiirzlich veréffentlichte Theorien des Sinterns, die 
sich auf Modellvorstellungen des plastischen Fliessens stiitzen, analysiert. Eine dieser Theorien (die 
von Shuttleworth und Mackenzie vorgeschlagen) wurde ausserdem auf die von Clark und White am 
Sintern von Glasskugeln gewonnenen Resultate angewandt. Es zeigt sich, dass obwohl die beiden 
mathematischen Beziehungen mit den experimentellen Sinterungsdaten in Einklang gebracht werden 
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kénnen, keine der vorgeschlagenen Elementarvorginge die Wirkung des Packungsdrucks und der 
Teilchengréssenverteilung véllig erklaren kann. 

Die Aktivierungsenergien fiir den Fliessprozess wurden abgeleitet. Fiir Natrium- und Kalzium- 
fluorid betrugen die entsprechenden Werte 35 kcal/mol und 90 kcal/mol. 

Der von Clark und White vorgeschlagene Elementarvorgang wird kritisch diskutiert, und es wird 
gezeigt, dass ihr empirischer Faktor nicht in der von ihnen angegebenen Weise zur Teilchengrésse in 
Beziehung steht. Andere mégliche Erklarungen fiir die Einbeziehung des empirischen Faktors werden 
vorgeschlagen. Erst wenn mehr Material iiber die Art und Weise, in der Fliessen innerhalb eines 
Kugelaggregates beginnt, vorliegt, kénnen die geeigneten mathematischen Geschwindigkeitsbezieh- 
ungen entwickelt werden. 

Weitere Hinweise auf die Méglichkeit eines plastischen Fliessprozesses im Sintern ergeben sich, wenn 
man Herrings Analyse auf die Resultate der Sinterung von verschiedenen Teilchengréssenanteilen 
von Kalziumfluorid anwendet. 

Teil II behandelt die Messungen der Fliesseigenschaften von Glass und Natriumfluorid bei héheren 
Temperaturen und den Vergleich der Fliesskonstanten mit den aus den Sinterresultaten abgeleiteten 
Daten. 

Scotts Theorie der Kompression von Scheiben wurde auf die an Glass und Natriumfluorid erhal- 
tenen Abklingung-Zeit Kurven angewandt. Es zeigte sich, dass sich eine bei 655°C untersuchte 
Probe von Sodaglass wie eine Newton'sche Fliissigkeit mit einer Viskositat von etwa 5 X 10% poises 
verhielt; Natriumfluorid verhalt sich jedoch zwischen 870°C und 970°C anscheinend wie ein Bingham’ 
scher Festkérper. Die Werte der Fliesspannung liegen zwischen 10° und 107 dynes/cm? und die Ko- 
effizienten der Viskositat zwischen 10° und 10!° poises. 

Die aus den Sinterresultaten mit Hilfe der Shuttleworth-Mackenzie’schen Gleichungen abgeleiteten 
Werte der Fliesspannung und der Viskositat liegen in der gleichen Gréssenordnung wie die experi- 


mentellen Daten. 


Introduction 


One of the most widely used methods of produc- 
ing refractory shapes is that of cold-pressing and 
sintering, and, in practice, the rate at which 
sintering occurs and the porosity of the final 
product are of importance. The present work, 
however, has been designed to yield information 
pertinent to the fundamental mechanism under- 
lying sintering. 

Material can be transported by several mechan- 
isms, namely, (i) evaporation-condensation, (ii) 
diffusion or (iii) macroscopic flow. Evaporation- 
condensation can be ruled out as a general mechan- 
ism since there are many cases in which rapid 
shrinkage occurs at temperatures where the vapour 
pressures are negligible. Considering diffusion as a 
possible mechanism in sintering, Shuttleworth [1] 
has made calculations which indicate that such a 
far too the 
experimental results. Furthermore, one of the most 
important features of the isothermal bulk density- 
time curves is that the densities appear to attain 


mechanism is slow to account for 


a limiting value which is temperature-dependent. 
This suggests that sintering is governed by two 
parameters. Further evidence regarding this point 
was obtained by Cannon, Clark and White [2] 
who plotted the logarithm of the time required to 
reach a given degree of sintering at various tem- 
peratures against the reciprocal of the absolute 
temperature. The 
indicating that 
be described by a single parameter. Evidence such 
as this suggests that plastic flow (involving two 


resulting plot was a curve, 


the rate of sintering could not 


parameters) rather than diffusion is operative in 


sintering. 


In view of the above considerations, the present 
work has been concerned with an attempt to prove 
the validity of a plastic flow theory as applied to 
sintering. Two such theories have been proposed 
recently, one by Clark and White [3] which is 
applicable to the early, open-pore stage of sintering 
and the other by Shuttleworth and Mackenzie [1] 
which is applicable to the closed, isolated pore 
stage. Isothermal shrinkage-time curves obtained 
by a continuous, dilatometric method provide 
accurate data with which the validity of these 
theories may be tested. Furthermore, additional 
evidence has been obtained by studying the effect 
of particle size and initial compacting pressure upon 
sintering characteristics. The materials used in 
this investigation were sodium and calcium 
fluorides since these possess the following advan- 
tages: 

(a) there are no phase changes, 

(6) sintering temperatures are relatively low 
(less than 1000°C), 

(c) the of fluorides 
(e.g., ionic radii) are not very different from those 
of the refractory oxides, thus leading the way to a 


general characteristics 


general theory. 

A more rigid test of these plastic flow equations 
can be obtained by comparing the rheological 
properties of the fluorides at elevated temperatures 
with the sintering data. This forms the subject 
of the second part of this paper. Compression 
testing offers namely, (i) 
direct application of the load, obviating the use of 
chucks; (ii) the use of relatively simple apparatus 
for applying the load and measuring the deforma- 
tion; and (iii) test pieces are of simple shape and do 
not require machining. Consequently, the flow 


several advantages, 
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properties of sodium fluoride and a soda glass have 
been determined by measuring the rate of sub- 
sidence of thin discs of material under a constant 
load. Under these conditions, the viscosity coeffi- 
cients and yield stresses may be evaluated by the 
application of Scott’s [4] analysis. 


I. Sintering Data and Plastic Flow 
Mechanisms 
Experimental Procedure 
The spectrographic analyses of the fluorides 
used throughout this investigation are given in 
Table I. 


TABLE I 


SPECTROGRAPHIC ANALYSES OF THE FLUORIDES 


Fluoride 


Impurities % 


Mg Si Ti Zn_—sCq—ACSLW Sr 
0.015 20 <0.02 0.01 <0.01 <0.02 
0.3 0.2 0.02 <0.01 0.1 0.3 


NaF 
CaF; 


All experimental compacts were made _ by 
cold-pressing. Before pressing, the chemically 
pure calcium fluoride was calcined at 1100°C 
and ground in an agate mortar to pass a 150 B.S. 
sieve. Compacts of this fluoride were pressed at 
48,000 psi. The sodium fluoride as received was 
sieved —330 B.S. sieve and pressed at 8,000 psi. 
Pressings were made without a binder. At a later 
stage, the effect of moulding pressure and variation 
of the particle-size distribution of the CaF, powder 
were also investigated. 

Normally, the shrinkage of preformed refractory 
materials on sintering is followed by measurement 
of the volume changes after given heat treatments 
(i.e., by discontinuous methods), but in the case 
of fluorides which sinter below 1000°C, it was 
possible to use a more accurate dilatometer method 
to obtain shrinkage-time curves at different 
temperatures. The dilatometer consisted of a closed- 
end fused silica tube, 1 in. in diameter, to the top of 
which was cemented a dial gauge graduated in 
0.0001 in. Changes in the height of the compact, 
which was placed in the bottom of this tube, were 
transmitted to the dial gauge by a central silica 
tube. With this arrangement, the 
dimensions of the system itself are very small and 
can be neglected. The apparatus was placed in a 
nichrome wound furnace for a length of 6 in. of 
the silica tube. To prevent heating of the dial 
gauge by radiation from the furnace, close fitting 
“Syndanyo” 
The 


changes in 


collars were fixed round the dilato- 


meter. temperature of the compact was 
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measured by a thermocouple inserted in the inner 


tube with its junction situated 1 mm from the 
surface of the compact. 
temperature 


significant shrinkage occurred was determined by 


Initially, the range in which 
heating the compacts at a constant rate. From these 
preliminary runs it was possible to define the 
temperature range in which rapid shrinkage 
occurred and in the subsequent isothermal experi- 
ments, compacts were heated rapidly to given 
temperatures in this range, the temperature held 
constant, and the variation of shrinkage with time 
measured over periods up to four hours. In assess- 
ing the zero point for the shrinkage-time data, the 
point at which the linear shrinkage exactly balanced 
the thermal expansion that had occurred was 
taken, since at this point the bulk density is equal 
to that of the compact initially. The linear shrink- 
obtained converted to volume 


ages thus 


shrinkages, it being assumed that the shrinkage 


were 


was isotropic. Measurement of the sintered com- 
pacts after removal from the apparatus showed 
that this was not strictly true, but the errors 
involved were small and of the order of 0.5 per cent 
of the bulk density. 


Results 


The initial heating curves obtained with CaF, 
and NaF are shown in Figure | together with those 


2 3 4 5 
*C x 100 


FiGURE 1. Dilatometer heating curves for various fluorides 
determined on BaF, and CeF;. These latter pow- 
ders were used as received and compacted at 
8000 psi. These curves are the product of two 
opposing factors, namely, thermal expansion and 
shrinkage due to sintering. Hence the curves show 
a peak, shrinkage (and sintering) starting just 
prior to this peak. Values of the coefficient of 
thermal expansion taken from the linear parts of 
the curves, at temperatures well below the peak 
temperature are given in Table II. 

It is of interest to note that the thermal expan- 
sion increases with decreasing cation valency, the 
difference being particularly marked in the case of 
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TABLE II 


THERMAL EXPANSION DATA FOR THE FLUORIDES 


Linear expansion coefficient 


Fluoride (in. /in. /°C) 


CeF; (as received 18 
BaF» (as received) 20 
CaF_. (calcined, — 100 + 120) 21 
CaF? (calcined, — 300 25 
NaF (as received, — 330) 38. { 


8 x 10-* 


the univalent and divalent fluorides. Although this 
is in qualitative accord with the theoretical work 
of Megaw [5], the quantitative relationship that 
the thermal expansion coefficient is proportional 
to the coordination number of the cation divided 
by the square of the cation valency is not sub- 
stantiated. 

Comparison of the values for the compacts 
made from the two grades of CaF, powder shows 
that the expansion coefficient is higher for the 
finer grade, indicating that some expansion is taken 
up in the interstices of the coarser powder com- 
pacts. The thermal expansions of the fluorides are 
high, suggesting that the thermal shock properties 
of fluoride refractories are likely to be very poor. 

The temperatures at which shrinkage overbal- 
ances thermal expansion for the above materials, 
indicated by the peaks on the heating curves 
(Figure 1), are given in Table III. 


TABLE III 


SHRINKAGE TEMPERATURE DATA FOR THE FLUORIDES 


(T and Tm 


lemperature at Melt- 
ing 

Point 

expansion 


which shrinkage 
overbalances expressed 
Fluoride in °K) 


720°C 1460 0.57 
540 1353 0.50 
720 1418 0.58 
760 1418 0.61 
560 995 0.66 


CeF; (as received 

(as received) 

CaF > (calcined, —100+-120 
CaF». (calcined, —300 
NaF (as received, —330 


Thus shrinkage begins when the value of 7/7Tm 
is approximately 0.5-0.6. It may be noted that this 
provides one point of difference between the 
sintering of ionic solids and metals. The latter, in 
general, must be heated closer to the melting point, 
although in some cases the presence of oxide 
films on the metal particles may be responsible for 
this effect. 

Linear shrinkage-time and porosity-time data 
for CaF, and NaF are shown in Figures 2 and 3. 
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With CaF., compacts of 5-10 per cent porosity 
can be obtained by sintering in the region of 950°C, 
whereas with NaF, at the temperatures employed, 
the minimum porosity was 14 per cent. In both 
cases the shapes of the shrinkage-time curves 
indicate that there is a limiting shrinkage for each 
particular temperature. At the temperatures in- 
vestigated, this limit will only be attained after 
much longer times than those of these tests. 


SHRINKAGE in x 1072 
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Ficure 2. Shrinkage-time and porosity-time curves for 
calcium fluoride (calcined —150 B.S. sieve). 
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Ficure 3. Linear shrinkage-time and porosity-time data 
for sodium fluoride (as received, —330 B.S. sieve). 


490 
) 
) 
826°C} 
ery 907°C 
« | | 
| 907°C. | 
a | 948°C 
Ot 
VOL. 
2) 
IAC Z 
726°C 
713 °C 
: 
| 
| 695°C | 
683°C | 
| 
| 
| 
1, 
| | 
40 
2° 30 
683°C 
20 695°C 
ro) 713°C 
a 
io 726°C 
240 280 


ALLISON & MURRAY: 

The effect of increase of compacting pressure is 
shown in Figure 4 relating to the sintering of CaF, 
at 890°C. The porosity-time curves are roughly 
the 
higher pressures. This is probably entirely due to 
the initial the highly 
pressed compacts. The curves of Figure 4 indicate 


parallel, the final porosity being lower at 


lower porosity of more 


nm 


LINEAR SHRINKAGE-in. x 1072 
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FiGuRE 4. Effect of compacting pressure on the sintering of 
calcium fluoride (calcined —150 B.S. sieve) at 890°C. 


that no matter how long the sintering time, the 
compacts of higher initial porosity will 
attain as low a porosity as those made at the higher 


never 


compacting pressures. 

The effect of variation of particle-size 
distribution of the the 
behaviour of the compacts was investigated by 
sieving out three fractions (— 100 + 120, —250 + 
300, and —300 B.S. sieve) from the CaF, calcined 
at 1100°C and ground in an agate pestle and 
mortar. The particle-size distributions of the two 
finer fractions were determined turbidimetrically 
and are shown in Figure 5. The —250 + 300 
fraction gave an irregular distribution due to 
“blinding” of the sieve resulting in retention of 
the finer particles. The sintering behaviour of 
compacts (pressed from these fractions at 24,000 
psi) at 890°C is shown in Figure 6. Because of its 
irregular particle-size distribution, the initial poro- 
sity of the compacts made from the —250 + 300 
fraction is lower than that of the compacts made 
from the —300 fraction. As regards the sintering 
behaviour, the effect of particle-size is partly 


the 


powder on shrinkage 


MECHANISM OF 


SINTERIN 19] 


reflected in the difference in the initial porosities 


of the compacts. The curves, however, indicate 
that a 


(with decreasing particle-size) than can be accoun- 


greater decrease in porosity is obtained 


ted for by the initial difference in porosity. There 


are thus two effects of particle-size: 
(1) With decreasing particle-size, better packing 


UNDERSIZE 


WEIGHT % 


INTERVAL) 


WEIGHT % (APERTURE 


FIGURI Particle-size distribution or calcium 


fluoride. 


is obtained, resulting in a decreased initial porosity 
for the same compacting pressure and hence a 
lower sintered porosity. 

2) With decreasing particle-size, not only is the 
shrinkage rate increased, but the limiting shrinkage 
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FiGcur_E 6. Effect of particle-size on the sintering behaviour 


of calcium fluoride at 890°C, 
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is also increased, resulting in a further decrease in 
sintered porosity over and above that due to 
better compacting. 


Analysis of the Isothermal Shrinkage Data 


The isothermal shrinkage curves described above 
provide accurate data by which to test the various 
mathematical expressions derived from the recent 
physical mechanisms designed to explain sintering 
phenomena by macroscopic flow. The two most 
important types of mechanism are those proposed 
by Clark and White [3] and Mackenzie and Shuttle- 
worth [1]. 

(a) The Clark-White Mechanism 

This mechanism is modelled on an assemblage 
of spherical particles, shrinkage (and sintering) 
being attributed to movement of the surface layers 
towards the points of contact by capillary forces. 
Lenses of the material are thus formed between 
the particles (Figure 7), and by considering the 


FIGURE 7. Schematic representation of lens formation. 
forces acting and the rate of flow of material into 
these lenses, equations are derived for the rate of 
volume shrinkage both for viscous flow and for 
flow of the Bingham type (i.e., where the material 
possesses a finite yield point). The latter is con- 
sidered to be the type of flow operative in the 
sintering of oxides and fluorides. The relevant rate 
equation is: 


dV 


(1) 


K 


__x | 
3 1+ Vp 


where A is a velocity constant, expressed in 


c.c./gm/sec and is equal to 


yh" 
pn Ro 
y is the surface tension, 7 is the viscosity, Ro is 
the initial radius of the spheres, / is the thickness 
of the moving layer, / is the length in the direction 
of stress over which shearing occurs, p is the 
specific gravity of the material, go is the initial pore 
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volume per gram, is the number of points of 
contact between each sphere and its neighbours 
(e.g., for cubic packing = 6), V is the volume 
shrinkage per gram and is equal to 


C+) 


V is the volume of the lenses associated with one 
gram of spheres at time ¢ and is given by 


- l—sn x—— |, 
tp x 


x being sin @ (Figure 7), X = a constant which 


varies only with temperature, being given by 


and S is the yield stress in shear. 

Since a range of particle-sizes is present in the 
actual compacts, the shrinkage in the early stages 
would be expected to be conditioned by that of the 
finer particles, the coarser fractions making an 
increasing contribution as shrinkage proceeds. 
This is equivalent to an increasing value of Ro, 
and was allowed for empirically, by Clark and 
White, by replacing Ry by Ro(1 + V)?/ in equation 
(1) which thus becomes: 


dV 


3vi 

These equations were applied to the sintering data 
for the two fluorides, the linear shrinkage-time 
curves first being converted to V-time curves, 
assuming that the shrinkage was isotropic. In 
equation (2), p and go are known for a given com- 
pact, » and X are constants, and V and V are 
functions of x which vary with time. Hence, for 
various values of x and X, it is possible to calculate 
values of V and (1/K)-(dV/dt). Plotting Kdt/dV 
V, a series of is obtained for 
various values of X, the area under which, expres- 
sed in appropriate units, gives values of Kt. If the 
values of Kt thus obtained from one curve (i.e., 
constant X) are divided by the times corresponding 
to the relevant V on the experimental curves, 
values of K are obtained. The value of X chosen 


against curves 


( ne), 
) 
+ Qo 5 
(2) K 2. 
dt ] : 2 
+ 
p 
2 


ALLISON & MURRAY: 
determines whether or not the ‘‘K”’ is constant 
along the experimental curve. In this way, values 
of K and X can be selected to fit the data, and 
calculated shrinkage-time curves can be obtained 
for comparison with the experimental data. A 
typical example is worked out in detail in Appendix 
1. 

The calculated curves agree remarkably well 
with the experimental ones as shown in Figure 8 
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FiGurRE 8. Comparison of calculated and experimental 
sintering curves for the fluorides. Full lines, calculated curves; 
+, experimental points. 


for calcium and sodium fluorides. The values of K 
and X obtained are reported in Tables IV and V. 


TABLE IV 
SINTERING DATA FOR CALCIUM FLUORIDE 


Compacting pressure 48,000 psi; p = 3.18; go = 0.107 cc/gm; 
nm assumed equal to 8 
5.90 x 10-¢ 
53 X 10 


0.819 5 
3 

2.25 X 10° 


0.833 
0.848 
0.860 


1221 
1199 
1180 
1163 


948 
926 
907 


890 x 107° 


log K is plotted against 10°/7T°K, in Figure 9; 
reasonably straight lines are obtained, indicating 


that the results obey the Arrhenius equation: 
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TABLE \ 
SINTERING DATA FOR SODIUM FLUORIDE 


Compacting pressure 8,000 psi; p = 2.79; go = 0.254 cc 
n assumed equal to 8 
10°7/°K K 


log i 9K 


726 999 1.001 
713 986 1.014 
695 968 1.033 
683 956 1.046 


27 X 5.722 
94 X 10 >. 596 
12 x 10 ).494 

x 10 449 


082 083 084 
103 
T°a 


SODIUM F 
1 
101 


FiGuRE 9. Arrhenius plots for the fluorides (Clark-White 


equation). 


The activation energies E and the values of 
logioA are given in Table VI. The values obtained 
by Clark and White for magnesia and alumina 
are included for comparison. 
the 
fluorides and 


for the flow 


that 


Comparison of parameters 


process for oxides shows the 


TABLE VI 


ARRHENIUS PARAMETERS FOR THE SINTERING O! 
FLUORIDES AND OXIDES 


log, 


32,600 
73,700 
$3. 000 
87,000 
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activation energies are of the same order. In both 
cases, the logyA value is higher for the higher 
E-value, but there is insufficient data to draw any 
definite conclusions. One other point of significance 
is that the activation energies for the cubic lattices 
NaF and MgO are low (30,000 to 40,000 cal/mole), 
the lattice CaF, a-Al.O; 
(trigonal) require much higher #-values for initia- 
tion of the flow process. This suggests that the 


whereas fluoride and 


simple cubic lattice is much easier to deform in 
shear than the more complex types. 

The application of equation (2) is valid only 
when the lenses at the points of contact are separate 
and distinct from each other. As sintering proceeds, 
a point will be reached at which merging of the 
lenses 


occurs, the development of 


Elimination of 


leading to 
separate spherical pores. these 
closed pores would then proceed by some other 
mechanism. The point at which closed pores will 
form depends upon the type of packing assumed 
in the initial compacts; with 8 points of contact 
per sphere, closed pores would be formed when the 
value of x is approximately equal to 0.8. Thus the 
lower limits of porosity below which equation (2) 
should not hold would be 


Initial porosity 


Lower limit of porosity . 
0.8) 


(corresponding to x 
NaF 42 34 
CaF; 26 17 


Figure 8 shows that the curves calculated from 
equation (2) fit the experimental points closely 
down to the lowest porosities obtained for each 
fluoride (5 per cent and 14 per cent for CaF, and 
NaF respectively). This is well below the range of 
porosity over which equation (2) should be valid 
theoretically. 

However, an indication that the Clark-White 
mechanism does break down at high degrees of 
sintering has been obtained by calculating the 
values of V at which, according to equation (2), 
shrinkage will stop. From equation (2) dV/dt = 0, 
i.e., shrinkage stops when 


X is known, V varies with x and hence the value of 
x which satisfies this condition can be obtained. 
Thus V.,, the limiting shrinkage at infinite time 
can be deduced. The limiting values, together 
with the corresponding limiting porosities P., are 
given in Table VII. 

Thus, by extrapolation to infinite time using equa- 
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TABLE VII 
SHRINKAGES AND POROSITIES FOR 
FLUORIDES 


LIMITING VOLUMI THE 


NaF 


CaF, 


cc/gm 
9488 1420.13 
926 0.14 
907 0.06 
890 0.03 


negative 


negative 


negative 
3.5 
11.8 


negative 
13.1 
19.2 


tion (2) negative porosities are obtained. It is 
evident, therefore, that the equation is not valid at 
low porosities, and that some other mechanism, 
which is slower, must become operative. 

The shrinkage-time curves obtained for increas- 
ing initial compacting pressure for CaF, at 890°C 
have also been examined using equation (2). The 
curves are shown in Figure 10; good fits are again 
obtained, the K- and X-values being given in 


Table VIII. 


TABLE VIII 


SINTERING DATA FOR CaF, AT 890°C FoR DIFFERENT 


COMPACTING PRESSURES 


Initial 
porosity K 


Compacting 
pressure psi 
3.22 X 10- 
10-* 


4,000 
16,000 
48,000 


Compacting pressure has a marked effect on both 
K, the velocity constant, and also on X which isa 
measure of the yield stress at any temperature. 
K is decreased by 250 per cent, while X is increased 
written 


by 60 per cent. Equation (2) may be 


shortly as 


| 
d\ =" (X ) | h(x) 


and hence compacting pressure will affect both qo, 
the initial pore volume per gram and also n, the 
number of points of contact per sphere. Hence both 
dV /dt and the integrated V-time curve would be 
affected. It is difficult to see however, how com- 
pacting pressure can affect K and X which are 
defined as follows: 


surface tension (thickness of the moving layer 


specific gravity X viscosity particle radius)” X length of shear 


3 X particle radius X length of shear X yield stress in shear 


2 X surface tension X thickness of the moving layer 


= 
cc/gm 
713 0 
695 0 
| 
3.5 
9 
3 
5 5 
] xX 
|? = 0. 
371+ Vp 
K = 
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Compacting pressure may possibly result in two 
effects 
(a) Degradation of the particles resulting in the 
production of finer particles. This, however, would 
have the opposite effect to that observed, viz., K 
would increase and X decrease. 


TIME-MINUTES 


Ficure 10. Application of the Clark-White equation to the 
sintering curves for CaF: compacted at different pressures, 
temperature 890°C. 


(6) An increase in the area of the interface of 
contact of the particles. This would not be expected 
to affect any of the factors determining K and X. 

It is concluded, therefore, that the mechanism 
in its present stage of development cannot account 
for this effect of compacting pressure. 

The curves obtained for decreasing particle size 
for CaF, at 890°C can also be fitted closely by 
equation (2); the curves are shown in Figure 11, 
data being given in Table IX. 


20 40 
TIME - MINUTES 


FiGurE 11. Application of the Clark-White equation to 
different size fractions of CaF». Full lines, calculated curves. 
©, experimental points, temperature 890°C. 


TABLE IX 


FOR CaF, aT 890°C 
PARTICLE SIZE 


SINTERING DATA FOR DECREASING 


Compacting Pressure 24,000 psi 


Grading 
B.S. sieves 


Average particle 
size microns K 


76 X 
20 107% 
41 10% 


— 100 + 120 135 (approx.) 
— 250 + 300 50 
— 300 12 
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Since K = (yh*/pnlRy*? and X = (3RglS)/(2yh), 
then AK should increase with decreasing particle- 
Table IX shows that 


the results are in agreement with the prediction. 


size while X should decrease. 


The agreement is, however, not quantitative since, 
considering the 
(—100 + 120 and 


particle radius of approximately 50 per cent should 


two closely graded fractions 


— 250 + 300), the decrease in 


result in an eightfold increase in K and 50 per cent 
reduction in the value of X. In practice, however, 
the effect is much smaller, K being increased by 
about 50 per cent and X being decreased by about 
10 per cent. 

It has been shown that the Clark-White equation 
fits the experimental sintering data during the early 
stages of sintering (i.e., open, connected pores). 
The equation at present, however, cannot account 
for the effect of compacting pressure on sintering 
nor does it give quantitative agreement with the 
effect of 


sintering. A further 


from 


particle-size on 


important point arising particle-size con- 
siderations is that, even though closely graded 
fractions were used for the fluoride work (e.g., 


150 still 


include the empirical correction term for particle- 


between and 125y), it is necessary to 
size distribution to obtain calculated curves which 
fit the experimental data. This indicates that the 
correction term cannot be related to particle-size 
distribution. If the correction term is omitted, the 
true theoretical sintering curve will not fall away 
and to account for the 
that the 


velocity constant must decrease along the volume 


sufficiently with time, 


deviation it would seem isothermal 
shrinkage-time curve. The extent of the variation 
necessary to fit the experimental curve can be 
determined as follows: 

The 


empirical term may be written: 


Bingham solid equation containing the 


L 
(1 + 


; (1 + Vp)” 
x 


where K, is the velocity constant and the agree- 
ment with experiment is given by the inclusion of 
the empirical term. 

Considering the case of the sintering of NaF at 
assuming X = 1 for the 
sake of simplicity, values of 1/K.(dV/dt) can be 


713°C (see Appendix | 
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> / 
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obtained for various values of x. If we omit the 
correction term the equation becomes 


») 


/ l-x 


values of (1/K)(dV/dt) 
The 


for agreement between 


Again assuming X = I, 


can be calculated for various values of x. 


variation in A necessary 
theory and experiment can thus be found as in 


Table X. 


TABLE X 


IN A NECESSARY TO FIT THE SINTERING CURVE 


FOR NaF at 713°C. 


VARIATION 


V/1 1+ Vp 
) 


factor of 2 


Hence K must decrease by a over 
the range x = 0.90 to x = 0.60 (x being the sine 
of the lens angle, Figure 7) for agreement between 
theory and experiment. Closed, isolated pores, are, 
however, formed at approximately x = 0.80, so 
that over the valid range of the mechanism, a 
decrease in K of 25 per cent, is sufficient to account 
for the discrepancy. 

The Clark-White velocity constant A is given 
by yh®/pnlRo®, where h is the thickness of the 
moving layer, / is a length in the direction of flow 
and By is the original particle radius. Furthermore, 
to account for the variation in K necessary to fit 
the experimental curve, Clark and White suggested 
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that in the actual compacts a range of particle-sizes 
was present. However, the use of closely graded 
fractions in the present series of experiments tends 
to disprove this hypothesis. Consideration of the 
parameters involved in K gives several alternative 
explanations for a decrease in A with time at 
constant temperature. 

(1) The Clark-White theory assumes that A, 
the thickness of the moving layer, remains cons- 
tant as sintering proceeds. This is the case for 
Newtonian fluids, but it would not appear to be 
true for materials of the Bingham type; below a 
the 
which is at the lowest part of the stress gradient 
this 


certain critical transmitted stress, element 
will become stationary, i.e., the stress at 
point is less than the yield value. As sintering 
proceeds and the stress decreases still further, the 
thickness of the ‘‘stationary plug’’ in the centre 
of the particle will increase until, finally, when the 
applied stress falls to the value of the yield point, 
flow will cease and h is zero. The relation between 
h and stress (and therefore time) is, therefore, as 
follows: 


APPLIED STRESS 


Thus the value of A will fall as sintering proceeds 
due to h decreasing. 

(2) An obvious explanation of the deviation 
in the A-values is that the flow process may not 
be of the simple Bingham type. Much of the work 
the 
solids indicates that strain-hardening occurs, i.e., 


done on deformation of metals and ionic 
the 
deformation. 
found that the relation 


applied stress is more complex than the simple 


apparent yield point rises with increasing 


Furthermore, several workers have 
between shear rate and 


Bingham equation, a power law often being 


applicable. 

(3) Clark and White postulate that the particle 
radius gradually decreases as sintering proceeds. 
Thus from their equations: 


K dt l 
\ + | 
p 
l—x 1+ Vp 
1 dV QO I dV K 
K al K di K 
0.90 20.85 2.887 7.739 22.36 1.073 
0.87 16.28 3.180 5.722 18.17 1.116 
0.84 12.92 3.420 4.455 15.25 1.182 
0.80 10.00 3.680 3.435 12.64 1.264 
0.77 8. 26 3.830 2.907 11.13 1.350 sie 
0.74 6.69 3.885 2.305 9.73 1.450 < 
0.70 5.23 3.973 2.120 8.43 1.61 1954 
0.60 2.79 3.950 1.528 6.04 2.17 
[! h 


ALLISON & MURRAY: 
R* = Ro 
1+ Vp 

where R is the radius at time ¢, Ry the initial radius, 
V the volume of lenses associated with 1 gm of 
spheres, and p the specific gravity. In the author’s 
opinion, however, during the early stages of sinter- 
ing, and possibly up to the closed pore stage, the 
particle radius probably remains constant and the 
shrinkage is effected by a ‘“‘merging together’’ of 
the particles. This is in direct contradiction to the 
Clark-White hypothesis. Kuczynski’s [6] experi- 
ments on the sintering of glass particles to flat 
plates suggests that there is no systematic decrease 
in RX with time. His results are reported in Table 


XI. 


TABLE XI 


PARTICLE Rapius R wiTtTH TIME FOR GLASS 


PARTICLES (KUCZYNSKI 


VARIATION OF 


t(min) R (cm) 


10 
15 
20 
25 
30 
40 


41 10°? 
35 
61 
52 


20 
47 


to 


(6) The Shuttleworth-Mackenzie Mechanism 

The pressed compact is regarded as a solid mass 
containing isolated, spherical pores of equal size. 
It is assumed that deformation during sintering 
is due to surface tension, and that the effect of 
surface tension in closing the pores is equivalent 
to the application of an external pressure to the 
surface of the compact. Two equations of state 
are considered, that for a Newtonian fluid and that 
for a Bingham solid, and equations relating the 
apparent density to the sintering time are derived. 
For the fluorides, it was assumed that the equation 
of state relating to the Bingham solid was the 


appropriate model, and the corresponding equation 


1/3 
4n 


where p is the relative density at time ¢, y the 
surface tension, the number of pores per cc of 


real material, 7 the viscosity (at infinite rate of 


MEC 
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~ \4n * 


T.. being the yield stress. 

In the mechanism proposed, it is implied that 
for pores of equal size, sintering will result in a 
decrease in their size but the total number 2 will 
remain constant. If, however, there is a distribution 
of pores of different sizes, sintering will result in 
the disappearance of the smaller pores so that n 
will decrease. In the application of equation (5) 
to the fluoride data it has been assumed that n 
remains constant. 

As rate plots are sensitive and tend to magnify 
errors, calculated density-time curves have been 
obtained by graphical integration for comparison 
with the experimental curves. For various values 
of K and a, values of dt/dp at various values of p 
dt/dp is then 
plotted against p, the area under the curve giving 


are calculated from equation (5) 


values of t at various values of p. In this way, values 
of K and a can be selected to fit the experimental 


data, and calculated curves can be obtained for 


comparison with the experimental density-time 


curves. A typical example is worked out in detail in 
Curves 


Appendix 2. are shown in Figures 12 and 


13 for calcium and sodium fluorides respectively, 


Comparison of 
ium flu 


FIGURE 13. Comparison of calculated and experime 
sodium 


sintering 


shear) and lines, 


curves for ride (S-M equation 
calculated curves; ©, experimental points 
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that good agreement is obtained, 
particularly in the case of NaF. 

The equation holds from approximately 35 per 
cent downwards, but, theoretically, closed pores 
will not be formed in sintering until much lower 
porosities are obtained. Thus it is evident that the 
Shuttleworth-Mackenzie equation can be extra- 
polated above the upper limits of porosity (17 
and 34 per cent for CaF, and NaF respectively), 
and still fit the experimental data closely. The 
porosity limits given above are theoretical ones; 
in practice, open connected pores probably persist 
down to and below 10 per cent porosity, depending 
on factors such as particle-size distribution and 
the proximity of the sintering temperature to the 
fusion point of the material. 

The values of K and a for the two fluorides are 


given in Tables XII and XIII. 


which show 


rABLE XII 


SINTERING DATA FOR CALCIUM FLUORIDE 


Compacting pressure 48,000 psi.; S.G. = 3. 
n assumed constant 


K log;oK a 


0.92 
0.87 
0.88 


8.80 x 10-4 945 
2.08 10-3 


1199 
1221 


TABLE XIII 


SINTERING DATA FOR SODIUM FLUORIDE 
Compacting pressure 8,000 psi; S.G. = 2.79; 
*n assumed constant 


13 x 10-4 

45 10-* 4 

74 10-4 4.240 
60 x 10-4 4.416 


The velocity constant K has the dimensions of 
reciprocal time as compared with the units of 
cc/gm/sec for the Clark-White velocity constants. 
Values of the latter can be converted to the same 
basis as the Shuttleworth-Mackenzie constants by 
multiplying the values given in Tables IV and V 
by the specific gravity of the material. In both 
cases, a and X are pure numbers representing the 
effect of temperature on the ratio of the yield 
stress to surface tension. The Arrhenius plots of 
logisK against 10?/7°K are shown in Figure 14, 
the activation energies and logi.A values being as 
follows: 
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logioA 
16.11 
4.45 


103,600 
36,700 


( ‘a F, 
NaF 


The activation energies are appreciably higher than 
those obtained using the Clark-White equation, 
that for CaF, being 50 per cent and for NaF 12 per 
cent higher. 


FiGurE 14. Arrhenius plots for the fluorides (Shuttleworth- 
Mackenzie equation). 


Clark and White determined the sintering 
characteristics of a pressed compact of glass 
particles, and applied their plastic flow equation 
to the results. The present authors have applied 
the Shuttleworth-Mackenzie equation to these 
sintering curves. The experimental and theoretical 
curves are compared in Figure 15 which shows that 
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FiGuRE 15. Application of the Shuttleworth-Mackenzie 
equation to the sintering of glass spheres. 


good agreement is obtained. The values of the 
velocity constant AK are given in Table XIV; the 
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value of a is zero showing that the glass behaves as 
a Newtonian fluid. 


TABLE XIV 


SINTERING DaTA FOR GLASS 


 108/°K 


K(sec™) logioK 


871 1.148 1.04 x 10-5 5.017 
899 1.112 5.80 x 10-5 763 
921 1.086 1.73 10-4 


949 1.055 6.41 X 107-4 4.807 


The Arrhenius plot is shown in Figure 16; a 
straight line is obtained 
activation energy of 84,700 cal/mole. 


corresponding to an 


106 108 =110 
10> 
T°A 


FicureE 16. Arrhenius plot for glass 
kenzie equation). 

The sintering curves obtained with different 
initial compacting pressures have also been fitted 
using equation (5). Good agreement is obtained 
as is shown in Figure 17. The values of the constants 
are given in Table XV. 

Increasing values of the compacting pressure 
will result in a decrease of the initial porosity of 


the compact. The main effect of increased compact- 


Figure 17. Application of the Shuttleworth-Mackenzie 
of CaF. compacted at various 


equation to the sintering ; 
experimental 


pressures. Full lines, calculated 
points. Sintering temperature 890°C. 


curves, \, 


MECHANISM OF 


Shuttleworth- Mac- 


SINTERING 


TABLE XV 


SINTERING DATA FOR CaF, AT 890°C For DIFFERENT 
COMPACTING PRESSURES 


Initial 


porosity 


Compacting 


pressure (psi) 


16,000 
48,000 


ing pressure is to reduce the pore size, the number 
f material) 
that 
have no 


of pores (associated with 1 cc of real 


remaining the same. From this, it follows 


varying compacting should 
effect on the values of K and a. Table XV shows 
that trebling the compacting pressure has not 
altered K, but has slightly reduced the value of a. 


The curves of Figure 18 show that equation (5) 


pressure 


also gives satisfactory agreement when applied 
to the sintering of ; 
calcium fluoride; the 


are given in Table XVI. 


fractions of 
the 


different size 


values of constants 


d curt 
ture S890 


e 


( 


TABLE XVI 


FFERENT SIZE FRACTIONS < 
aT 890°C 


— 
pressure 24,000 psi 


SINTERING DATA 


Gr iding 


B.S. sieves 


— 100 + 120 8.34 x 107 1.02 
— 250 + 300 1.04 « 10 0 95 
— 300 8.34 X 


0.95 


The smaller the particle-size of a powder, 
the greater is the number of particles (and therefore 


the closed associated with 1 cc of real 


material. 


pores) 


Furthermore, since @ is inversely pro- 


portional to m'/* and K is directly proportional 


to n'/3, the value of a should decrease and that 


499 
K 
32.5 7.7X 107 1.04 
598 25.00 (7.7 107 0.97 
626 0 
648 0 
676 0 
| 
45r 
= Se 
40F 
| 
55+ 
1.04 112 3 6 
9054 
FIGURE 18. Applicat the Shuttleworth-Mackenzie 
Full lines, calcula = Cj, experimental point 
| 
48,000 tb/in® | 
| Compacting 
w 74h 16,000 in’ 
3 8 50 1074 
| 7 93 * 10 
1) 20 40 60 80 ele 2c 140 6 
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of K increase with decreasing particle size. Table 
XVI shows that the a values do tend to decrease 
with decreasing particle size; the K-values, 
however, show no regular variation. Furthermore, 


the values of K and a are given by: 


(2) 
2\3 n 


Vv? (3 


Therefore, Ka = (3+/2/4)(T./n). Since the present 
experiments were carried out at one temperature 
(890°C), the ratio 7./n must be a constant, and 
hence the values of Ka should be constant. Refer- 
ring to Table XVI, the Ka-values show a 24 per 
the however, have no 


and 


cent variation; values, 
definite trend. 

The application of the Shuttleworth-Mackenzie 
mechanism to the present data may be summarized 
as follows. The experimental data obey equation 
(5) reasonably well, and the predictions of the 
mechanism regarding the effect of compacting 
pressure agree with experiment. The results of 
the particle size experiments, however, are not in 
complete accord with equation (5). 


Discussion of Plastic Flow Mechanisms 


The fact that the two sintering, 
namely (a) the open, connected pore stage, and 
(b) the closed, isolated pore stage, may be described 
by two mathematical relations based on macro- 
scopic flow cannot be taken as proof of the validity 
of the respective mechanisms. The determination 
in the present work of the effects of compacting 
pressure and particle-size on sintering was an 
attempt to obtain additional evidence. Neither 
mechanism accounts completely for the observed 
facts; it is possible, however, that the discrepancies 
may be rectified by slight modifications of the 


stages of 


mechanism. 

One way of indicating the basic mechanism of 
transport in sintering has been derived by Herring 
[7] in a theoretical treatment of the effect of change 
of scale on sintering phenomena. Two partially 
sintered assemblages are considered, the linear 
dimensions of the second being \ times that of the 
first. Thus if spherical particles of radius R, are 
sintered until the radius of the area of contact of 
adjacent grains is a), similarity will require R,=AR; 
and dz = dAa;. The time At required to produce a 
given change in shape of the first assemblage is a 
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function of time Af, required to produce a geo- 
metrically similar change in the second assemblage. 
The functions for the four possible basis mechan- 
isms of transport are given by Herring as 

Scale relationship 
Plastic flow Ato = 
Evaporation and condensation At. = Ab; 
Volume diffusion Ate = At, 
Surface diffusion Ate = 


Basic mechanism of transport 


This analysis has been applied to the calcium 
fluoride data. The times required to obtain the 
same reduction in porosity for the two fractions 
—100 + 120 and —250 + 300 mesh are shown in 
Table 17. The particle sizes of these two fractions 
are 124u— 152yu and 50u respectively, and hence 
the value of \ should lie between 2.48 and 3.04. 


TABLE XVII 
BETWEEN SINTERING TIME AND PARTICLE SIZE 


FOR CaF, 


RELATION 


Reduction in porosity % (approx.) 
min. 


4 
8 
20 
29 
39 
52. 
69 
89.£ 
117 


non 


a © 


0 
1 
1 
2 
2. 


Ww 
ou 


Gr 
oo 


Atso, is plotted against Afys5, in Fig. 19, which 
shows that the results obey the equation: 


= 2.47 Alsou 


thus indicating that a plastic flow mechanism is 
operating in sintering. The value of 2.47 for A 
agrees with the predictions of Herring’s theory. 


MINUTES 


60- 60 


FiGurE 19. 
time. 


Relation between particle-size and sintering 


Conclusions 


Dimensional changes of pressed compacts of 
fluorides have been studied dilatometrically. The 


min. 
2 
4 
D 6 
9 Z 
12 195¢ 
16 
D 21 
27 
) 36 
45 
4 20h 
“oO 20 40 100120 
St - MINUTES 
35 


ALLISON & MURRAY: 
thermal expansions of the fluorides are high, 
indicating that their thermal shock resistance will 
be very low. Furthermore, the thermal expansion 
increases with decreasing cation valency. Shrinkage 
(and sintering) begins at a temperature approxi- 
mately equal to 0.5 of the melting point (in °K), 
and thereafter the sintering process is governed by 
the initial compacting pressure applied and the 
particle size of the powder. 

Clark and White’s plastic flow equation has been 
applied to the sintering data. Their equation may 
be written in the form: 


= K . f(x) [g(x) — h(x)] 

at 
where V = volume shrinkage/gram, and f(x), 
g(x) and h(x) are functions of x; x is the sine of the 
lens angle 6 (Figure 7). 

Good agreement is obtained, and the equation fits 
the results over a wider range than should be valid 
theoretically. However, the equation breaks down 
at high degrees of sintering, a slower mechanism 
becoming operative. Velocity constants have been 
obtained, and application of the Arrhenius relation 
gives activation energies of 73,700 and 32,600 cal/ 
mole for CaF; and NaF respectively. These values 
suggest that the simple cubic lattice (NaF) is 
easier to deform than the more complex fluorite 
type (CaF,.). The Clark-White mechanism quali- 
tatively explains the effect of particle size on sinter- 
ing, but it does not account for the effect of com- 
pacting pressure. 

The present work shows that, even when using 
closely graded fractions, the empirical term in the 
equation must be included. Hence, this term is not 
related to particle-size as Clark and White sugges- 
ted; alternative explanations are proposed below. 

(a) The Clark-White velocity constant K is 
given by yh*/pnlRy* and they assume that h(the 
thickness of the moving layer) is constant. For 
materials of the Bingham type, however, a station- 
ary “plug” of material will form when the stress 
falls below a critical value, i.e., 4(and therefore 
K) will decrease. 

(b) The present authors suggest that the particle 
radius remains constant during the early stages of 
sintering, shrinkage being effected by a ‘merging’ 
of the particles. This suggestion, which is borne 
out by Kuczynski’s experiments on the sintering 
of glass spheres to flat plates, is in direct contra- 
diction to the Clark-White hypothesis. 
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(c) An obvious explanation of the necessity of the 
empirical term is that the flow process operative 
may not be of the simple Bingham type. 

The sintering data have also been analyzed by 
means of the Shuttleworth-Mackenzie mechanism. 
The results obey the equation: 

> K f(p) (1 — a, f’(p)] 
where f(p) and f’(p) are functions of the relative 
density (p), and K and a are constants. The Arr- 
henius plot of the velocity constants (K) gives 
activation energies of 103,600 and 36,700 cal/mole 
for calcium and sodium fluoride respectively. 
The predictions of the mechanism regarding the 
effect of compacting pressure agree with experi- 
ment, but the results of the particle size experi- 
ments are not in complete accord with theory. 


The mechanism has also been appliedfto Clark 


and White’s data for the sintering of glass spheres. 


The experimental curves obey the equation: 


indicating that the glass behaves as a Newtonian 
fluid. Application of the Arrhenius equation gives 
an activation energy of 84,700 cal/mole. 

In addition, the sintering curves for two diff- 
erent-size fractions of calcium fluoride have been 
analysed by Herring’s method. The results obey 
the equation: 


where Af, and Af, are the times required to produce 
geometrically similar changes in the two compacts, 
and X is a constant. 

This provides additional evidence that a plastic 
flow mechanism is operative in sintering. 


APPENDIX I 


Application of the Clark-White Equation to a 
Sintering Curve 

e.g. NaF —330 

Temp. 713°C. 

Variation of V with x 


mesh. Pressed at 8,000 psi. 


V 


Als = 
4p x 2 
n=8 o = 2.79 
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@ (deg) 6 (rad) | 1-8 V = 3054 + go = .6127 


445 .6440 144 
184 44° 24’ 7749 .210 x j V 
.0894 50° 24’ .8797 . 268 .496 
.0625 53° 6’ 9267 .305 ; .0830 .115 
0365 9965 . 360 .0653 .0945 
.0222 10° 30’ 0559 406 0515 .0770 
0123 94° 12’ 1205 on .0409 .0628 
0193 .0313 
.0200 


Variation of —. —— with x 
K 


Initial bulk density = 1.633 gm/cc 
[Initial porosity = 41.5 per cent 
Initial pore volume/gm = go = .415 KX —— 
1.633 


== .2543 


-v) 
f V x/l—x 


062(2. 2: X /1.114) 
615 32—X/1.072 
780(3.3: X /1.057) 
925(: X/1.046) 
968(4.333 —X/1.036 
935(5.38 X /1.025 
865(6.670 —X/1.017 
700(8.706—X/1.011 


196 SOO 
$4] .714 
$24 671 
410 640 
399 600 + O00 
387 539 5.236 
378 490 6.711 


371 .436 9.000 


d 
Values of K are then calculated 


a 


359 936 1.068 
191 786 .359 348 2.87 
150 4.055 .247 425 .702 0945 
121 5.46 .183 665 .375 0370 
0774 06 0945 0448 
.0614 3.46 .0743 .65 0939 .0313 
0479 8.18  .0550 0645 .0200 


-1 dV dt 
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(| 
x 
.60 
.70 
.74 
77 
80 
.84 
87 
90 
= 
= vj) 
p 
nvnf/1—x 
| 
+1 
p 
; (1 + Vp)” 
/1 — 3\/1 + Vp 
V1—x 1+ V,) (1+-V,)3 (1+ V,)? K dt 1954 
60 1.250 1.385 1.114 1.918 
70 1.401 1.2382 1.072 1.518 
74 1.490 1.182 1.057 1.397 
77 1.563 1.144 1.046 1.309 
80 1.667 1.114 1.036 1.241 
1.855 1.079 1.025 1.164 
87 2.041 1.054 1.017 1.111 
90 ee 2.294 1.034 1.011 1.069 
X =] X =2 X =3 
1 dV di ] dV lt 
K dl 
60 2 787 
70 5.23 
74 6.69 
77 8.26 
80 10.00 
84 12.92 
16.28 
90 20.85 
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hese values of K - a are plotted against V as in 


Figure A(1). 


The areas under the curves give values of Kt 
at various values of V. The Kt values are then 
divided by the corresponding times read off from 
the experimental curve. The value of X chosen 
determines whether the K values thus obtained are 
constant. In the present example, taking X = 2: 


_002 06 10 14 18 
V (VOLUME SHRINKAGE PER GRAM) 


@ 


l 1 1 
60 100 
TIME MINUTES 


= 
a 
« 
a 
4 
=x 
2 
= 
x 
w 
= 
= 
J 
> 
> 


FicurE A(1). Calculated K(dt/dv)/V curves. 
FiGuRE A(2). Experimental sintering curve. 


tmin (calcd. 
K = 3.94 


Kt X 108 ¢(min)* ¢t(sec)* x 10-*) 
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0.90 oe 3.8 min 
2.32 10} 630 3.84x10* 9. 

4.54 19 1,140 3.99 19 

7.80 313 1,890 4.13 

12.40 50} 3,030 4.10 

19.06 79} 4,770 4.00 

28.8 123} 7,410 3.89 

43.0 192 11,520 3.73 


*Values read off from experimental curve [Figure A(2)]. 
Av. K = 3.94 X 10-6 


SINTERING 
APPENDIX II 


Application of the Shuttleworth-Mackenzie 
Equation to a Sintering Curve 


1 dp 
(1) 


1/3 
E 1) og. ( ) | 
p 


Experimental Sintering Curve (plotted in Figure 
B(1)). 


t(min) 0 20 40 60 80 100 
Relative density (p) .700 .775 .825 .855 .880 .900 


are calcu- 


Using the above equation values of — 
K dt 


lated for various values of a, e.g., 


.1015 
0767 
0539 
0318 
0189 


.0944 
0699 
0476 
.0267 
0146 


. 1090 
.0836 
.0602 
.0379 
.0235 


Pe is then plotted against p so that a series of 
dp 

curves is obtained as shown in Figure B(2). The 
area under these curves gives the values of K-t 
at various values of p. Division of these values of 
Kt by the corresponding times on the experimental 
sintering curve gives the value of K. This process 
is carried out until a value of ‘a’ is chosen such that 
K remains constant along the curve. 


= .84 a = .80 
Kt KX1@ Kt KX10 Kit 


5.04 0.515 4.30 
5.11 1.210 4.20 
5.18 2.253 4.06 

3.915 3.92 


0.605 

1.470 

85 .60 2.877 
90 5.46 5.46 


N.B. The units of K are min“. 


*From Figure B(1). 


decreases when 


.84, and remains 


Thus, in the case, K 
‘a’ = .80, increases when ‘a’ = 
constant when ‘a’ has the value .82. The sintering 
curve of Figure B(1), may, therefore, be represen- 
ted by equation (1), the values of ‘a’ and ‘K’ 
being 0.82 and 4.62 X 10-? respectively. 


present 
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1/3 
10 
x=2 
sB°° 
04 
= = y a= 2 
02 Pp a -80 a 84 8 
0 70 
80 
85 
90 
954 
= 
0 
O 20 
70 0.0 0 
.02 
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.08 
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.16 
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Ficure B(1). Experimental sintering curve. 
FiGure B(2). Calculated K(dt/dp))/p curves. 


II. Comparison of Experimental and Calcu- 
lated Flow Constants 


Theory of the Deformation of Thin Discs 


(a) General 

A simple and common method of determining 
the creep properties of materials at elevated 
temperatures is to study the compression of 
cylinders which have a height/diameter ratio of 
2.5 to 4.° Under these conditions, the cylinder 
usually subsides at a decreasing rate until a point 
is reached when the deformation rate accelerates 
and finally results in failure of the specimen. 
If, however, the height/diameter ratio is very 
small (of the order of 0.3) then the deformation 
process is very different; the thickness of the disc 
decreases to a limiting value without rupture. 
It was this latter case which was analysed by 
Scott [4] who derived equations relating the rate of 
subsidence of the disc to the applied stress and the 
flow constants of the material. A summary of his 
analysis is given in the following sections. 


(b) Development of general flow equation 


When a thin disc is compressed the material 
flows radially outwards. This implies the presence of 
a horizontal pressure gradient, the pressure decreas- 
ing from the centre outwards. On grounds of sym- 
metry, the flow, except near the edge, must be 
horizontal and radial; hence the pressure (and the 
pressure gradient) at all points on any one cylindri- 
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cal surface coaxial with the disc must be the same. 
It is assumed that the layers of material in contact 
with the confining surfaces do not slip over these 
surfaces. 


UNSHEARED 


AXIS OF DISC 


compressive force 

volume of disc 

radius of disc 

thickness of disc 

decrease in thickness in time interval dt (d@ is negative 
pressure in material at distance r from the axis 


6 
dé 


Horizontal pressure gradient at distance r from 
axis = — g = dp/dr. 

Therefore 
AB = g-dr. 

Therefore total shearing force acting horizon- 
tally on the annulus at a distance y from the mid- 
plane z = g-dr-2mry. 

Therefore shear stress acting horizontally on the 
annulus at a distance y from the mid-plane z = gy. 

Now the general equation relating shear rate to 
the applied stress is: 


(6) Shear rate = ( 


pressure difference across annulus 


where v = horizontal velocity of the material at a 
distance y from the mid-plane z, F is the applied 
stress, f is the yield stress, c is the viscosity, and 
n is a positive numerical constant. Substituting 
gy for F in equation (6) gives 


(7) dy ( 


Flow will not occur if gy is < f so that there is a 
zone of unsheared material extending to a distance 
f/g on each side of the mid-plane. Thus when the 
annulus AB is displaced by the outward flow of 
material it takes up the form shown by the broken 
lines. 
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dr 
f/g 
Z FONE we 
/ Pan's f/g 
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An expression relating the variation of v with the 
distance y is obtained by integrating equation 
(7) and introducing the condition that v = 0 when 
y = 6/2. By further integration of v-dy, and taking 
into account that in the non-sheared zone (GH) 
v is constant, an expression is obtained for the area 
(shaded in the figure) swept out by the annulus in 


During the time dt the thickness of the disc 
decreases by an amount d@ so that the volume of 
material flowing into the shaded area is 


— ar’. dé 


Therefore shaded area = — 3r-dé. 
Equating this to equation (8) we obtain: 


(9) (n+1)(3g0 + f(n + 2) (4 20 


+ (n + 1)(m + 2) - 


The above equation describes the deformation of 
a disc of material obeying the general equation: 


shear rate = 


Equation (9) cannot be conveniently solved, and, 
therefore, it is necessary to consider particular 
cases. 


(c) Consideration of particular cases 


Materials may be conveniently classified, from a 
rheological point of view, in the following way: 
(1) Yield stress f = 0 
(a) m = 1 Newtonian liquid) 
(b) m > 1 Pseudo-plastic f 
Yield stress f is finite 1 
(a) nm = 1 Bingham body f 
(6) n> 1 
The application of equation (9) to the above 
cases is considered in the following sections. 


(2) 


(i) Case 1 where f = 0 
Putting f = 0 in equation (9) gives: 
dé 


—(n+2)cr-— 


n+2 
g (30) dt 


dp 


_ a, hence by integrating —g-dr- with 


Now g = 


respect to r, and introducing the condition that 
pb =0 when r =R, the following expression is 
obtained for p: 
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Since the material is a fluid, this pressure acts 
horizontally and vertically on the confining sur- 
faces. Hence the integral of this pressure over the 
surface of the disc of material must equal the 
compressive force P; i.e., 


2ar.dr. p 


from which we obtain the expression: 
_ __(3n + 1)"0"""P” 
dt 
or, since rR*9 = V: 
+ 1)" 6f 


dt (2nc)(n + 2) V (22 +1) 


Equation (10) may be written in the form: 


_ 


(10) 


(11) logD= ( 


(3n +1)" x 
2"n"™(n + 2) 


+ log 
where D = rate of decrease in thickness of disc. 
In any one experiment the last four terms are 
constant, and the log D — log 6 curve is therefore 
a straight line of slope (5m + 5)/2. From this 
curve the value of » may be determined, and, since 
P and V are also known, the value of the viscosity 
(c) may be calculated. 


(ii) Case 2 where f is finite 
As the thickness of the disc decreases, the 
compressive force is spread over an increasingly 
large area, so that the pressure and the pressure 
gradient must continuously decrease. Thus the 
thickness of the non-sheared zone (which is equal 
to 2f/g) must increase and finally become equal to 
6, when flow ceases. Therefore, the limiting thick- 
ness 6, = 2f/g. 

The value of this limiting thickness may be 
calculated as follows: 

Equation (9) can be written in the form: 


(12) (4¢9 —f)"** [A(n + 1) +f] 
a 
= —(n+1)(n+ 2) 
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(n+ 1)6— 
gc n+2 n+ 1 
| 
| 
Pp” 
0. 
4 dt 
5n + 5 
oc A 2 
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When @ = 6,, dé/dt = 0, and therefore both 
sides of equation (12) become equal to zero. 

Therefore 3 g; — f = 0; i.e., 
2f 
6,= = 

g 

Now g = — dp/dr and therefore dp = — (2f)/ 
(6,) dr 

Integration of this with respect to 7 gives p, 
and by integrating 27r-dr-p and then equating to 
P we obtain the expression: 


(13) 


or 
(14) 


Thus the yield stress f may be determined 
directly by experiment, since the limiting thickness 
6, can be determined and P and V are known. 

The general form of the log D-log 6 curve for 
finite values of f may be deduced as follows: 
As 6—06,, D—0 so that as log 6— log 6,, log 
 — Furthermore, when @ is very large 
compared to f (i.e., f is negligible), then the curve 
becomes a straight line as represented by equation 
(11). Thus the log D — log @ curve will be as 
shown in Figure 20. 


FiGuRE 20. General form of the log D — log @ curve. 


A more detailed treatment of the log D-log 6 
curve may be attempted for the case where f is 
finite and m = 1. Thus, putting ” = 1 in equation 
(9) gives: 

6cr - dé 

There is no general solution of the above equa- 

tion. It can, however, be written in the form: 
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3f 6cr dé 


(15) 6 dt 


Under appropriate experimental conditions the 
term 4f*/g99° can be made so small that, as an 
approximation, it may be considered as constant, 
i.e., it is assumed that g is independent of r. 
The approximate magnitude of 4f*/g*@* can then 
be deduced as follows: 

Since g is independent of 7, integration of the 
equation dp = —g-dr gives p=g (R-vr); 
further integration of 227r-dr-p between the limits 
r= Oandr = R gives P = or 


By inserting this value of g in the expression 
putting 6 = x-@,, and then substituting 
for 6, from equation (13), it is found that: 


4f° 
20° 2° 
Inserting this value of 4f*/g*0° in equation (15) 
and substituting —dp/dr for g: 
~15/2 3f:dr  6cr-dr dé 
—dp(1 + = - — = 
Integration of the above expression gives the 
value of », and on further integration of 2ar-dr-p 
it is found that: 


dé 


where 


(1+ — 


x = 
Substituting x-6, for 6, and substituting for f 
from formula (14) gives the expression: 


: 


5 
(17) log D = log (28) 


9 
+ log — + 


1-5/2 

3% 

which is the equation of the log D — log @ curve for 
the case when f is finite and m = 1. When x > 1.6, 
3 x~5/? is negligible, and at high values of x, x5/? is 
negligible compared with § x. Thus at high values 
of x the curve becomes a straight line obeying the 
equation: 


= 
1/5 
6, = 
1/2 5/2 
= 
“oy? 
| 
A 
= n=2/ n= 
| 
/ 
|  / } 5 
— 
| dt cl 3 
or 
8 


ALLISON & 


log D 
or 


(18) log D= 


P 
+ 5 log 


This straight line is the asymptote A shown in 
Figure 20, and the asymptote B is given by 


log 6 = log 6; = 
5 


The co-ordinates of the point of intersection of 
these asymptotes are: 


(272) 


The most convenient method of applying the 
above theory to a set of experimental results is as 
follows: 

The general log D-log @ curve and its two 
asymptotes are plotted on tracing paper. Since 
P, V, ¢ and f can be chosen arbitrarily, it is con- 
venient to put log (rP6,'/cV*) = 0 and 6, = 1; 
asymptote B is then identical with the log D 
axis and the abscissa (log @) becomes equal to 
log x. This general curve is placed over the experi- 
mental one; if the two curves fit, then the material 
is a Bingham body, and values of c and f can be 
calculated from the co-ordinates of the point of 
intersection of the asymptotes. 

If m > 1 then the exact form of the log D — log @ 
curve cannot be determined. In this case, therefore, 
n may be determined by making g@ very large 
(i.e., use high loads) so that f is negligible. The 
log D-—log @ curve is then a straight line obeying 
equation (11), so that m may be determined from 
the slope of the line, and hence c calculated from 
equation (11). 


(d) Discussion of possible errors 


Scott pointed out that there are two factors 
which can affect the validity of the above theory, 
namely: 

(i) Equation (16) was derived by an approximate 
method and it can be shown that if x = 1.15, 
the value of dé/dt given by (16) is in error by less 
than 3 per cent, the error decreasing as x increases. 
When x < 1.15, d6/dt is usually too small to be 
measured accurately, and therefore, equation 
(16) is a sufficient approximation for practical 
purposes. 

(ii) The theory 
under test is in the form of a very short cylinder. 


assumes that the material 
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In practice, however, the disc has a rounded 
edge so that the material near the edge flows under 
less restricted conditions and, therefore, probably 
absorbs less energy. The volume of material in the 
edge portion decreases as the disc becomes thinner 
so that the equations are more nearly correct the 
greater the ratio of R to 6. 

The above considerations indicate that the 
theory can be applied only over a certain range of 
sample thickness. To obtain as wide a range as 
possible, P should be high so as to make the 
limiting thickness 6; as small as possible. 

One further point is that Scott’s 


applicable to non-porous discs of material. If the 


theory is 


material under test possesses considerable porosity, 
then, presumably, the flow process will be affected, 


particularly if the specimen dilates on compression. 


Experimental Work 


The experimental* discs were cut from a rod of 
soft soda glass and their faces ground to make sure 
that they were plane and parallel. Small discs of 
sodium fluoride were made by cold-pressing at 
67,500 lb./sq in. 7.5 per cent of Winnothene wax 
being present to act as a lubricant. The discs were 
then slowly heated up to 600°C to remove the wax, 
and then fired for two hours at 950°C. The poro- 
sities of the fired discs were of the order of 5 per 
cent. Lower porosities could be obtained by firing 
at temperatures the melting 
(1000°C) but this was not practical since it usually 
resulted in some distortion of the discs. Hot-pressing 


closer to point 


in Nimonic dies was unsuccessful due to chemical 
reaction between the fluoride and the die; very low 
porosities (<1 per cent) could be attained by 
hot-pressing in graphite dies, but this was not 
attempted in the present series of experiments. 
The initial height/diameter ratio of the specimens 
varied from 0.25 to 0.40. 

A diagram of the compression equipment used 
for the present work is shown in Figure 21. Weights 
(W) were applied to one end of the tubular beam 
(B) which was 63 cm long. The load was transmitted 
to the specimen through the ball-bearing (5S) 
acting on the short, steel push rod (R) which, in 
turn, acted upon the alumina push rod (7). The 
steel push rod was held in a vertical position by a 
loose fitting, vertical sleeve (V) rigidly attached 
to the horizontal strut (7). The specimen (C), 
which was held between the two alumina plates 


*The composition of the glass for these experiments was as 
follows: SiO, 69.2%, Na2O 16.2%, CaO 6.1%, Al.Os 3.4%, 
MgO 3.2%, B,O; 1.2%. Other oxides 0.7% 


5 
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(P), was located at the centre of a nichrome-wound 
furnace. The furnace was controlled by a Variac 
and a Cambridge regulator, so that the tempera- 
ture was constant to within +2°C. Temperatures 
were measured by a Pt-Pt/13% Rh thermocouple 
(F), the junction of which was located just above 
the upper alumina plate. The deformation of the 


2299999 9 9 9 


° 


° 


FIGURE 21. Diagram of compression equipment. 


specimen was followed by a dial gauge (D) reading 
to 0.0001 in., which was rigidly fixed over the beam 
and directly above the push rods. 

A specimen of known thickness and diameter 
was placed between the alumina plates and the 
reading of the dial gauge noted. The temperature 
was then raised at a rate of 10°C /minute until the 
desired temperature was attained. [NoTe: During 
this time the dial gauge reading increases due to 
thermal expansion of the specimen and the alu- 
mina push rods. The thermal expansion of the 
specimen may be obtained by carrying out a 
blank run with a specimen of known thermal 
expansion.] The specimen was allowed to soak for 
half an hour to give a uniform temperature through- 
out the specimen. The load was then applied and 
readings of the dial gauge noted at regular time 
intervals. 

Deformation-time curves were obtained at several 
temperatures, the load applied ranging from 6 
10° to 2 X 10’ dynes. 


Results 


Two subsidence-time curves for glass at a tem- 
perature of 655°C are shown in Figure 22 for loads 
of 1.11 & 107 and 6.295 X 10° dynes. The differ- 
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entials of these curves, i.e., the log D — log @ curves, 
are plotted in Figure 23, where it can be seen that 
good straight lines are obtained, indicating that 
the glass has no finite yield point. There is some 
deviation from the straight lines at the beginning 
of the curves; this may be due either to (1) surface 
irregularities of the specimen, or (2) loading errors; 
i.e., the load was not applied smoothly or instan- 
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FIGURE 22. Subsidence-time curves for glass at 655°C two 
different loadings. 
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FiGuRE 23. log D — log @ curves for glass at 655°C, two 
different loadings. 


taneously. The slopes of these lines [which are 
equal to (5m + 5)/2] are equal to 5, so that m = 1. 
Thus, this particular soda glass behaves as a 
Newtonian liquid at a temperature of 655°C. The 
relevant data for these two experiments together 
with the viscosity coefficients calculated from it 
are given in Table XVIII. 
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TABLE XVIII 


FLow CONSTANTS FOR GLAss AT 655°C 


Run no. 2 
0.198 cc 

6.295 10® dynes 
0.0 dynes/cm? 
1.0 


Run no. 1 
0.220 cc 


Volume of specimen V 

Compressive force P®5° 1.11107 dynes 

Yield stress 0.0 dynes/cm? 
n 1.0 


Inserting these values in equation (11) gives the 

following values for the viscosity: 
1.81 X 10° poises 5.32 X 10° poises 

The value of 5 X 10° poises for the viscosity 
coefficient at 655°C compares favourably with 
the results of Poole and Gensamer [8] who found 
that, for glasses lying within approximately the 
same composition range as the present sample, 
the viscosity ranged from 10% to 10° poises at 
655°C. 
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Ficures 24 (a), (6), and (c). Subsidence-time curves for 
NaF at various temperatures. 


Subsidence-time curves for sodium fluoride at 
three different temperatures are plotted in Figures 
24 (A), (B), and (C). The flow properties of the 
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material were derived from these curves using the 
method described previously, i.e., the experimental 
log D-log @ curves were constructed and com- 
pared with the theoretical Bingham curve plotted 
on tracing paper. It was found that the experimen- 
tal results agreed quite well with the theoretical 
curve, and indicated that the fluoride behaves as a 
Bingham body. The points of intersection of the 
asymptotes were noted, and from the co-ordinates 
values of C and f were calculated. The relevant 
data is given in Table XIX. 

Theoretical log D-log @ curves have been calcula- 
ted from the above data and are plotted in Figures 
25 (A), (B) and (C), experimental values being 
included for comparison. Good agreement is 
obtained. 

The best method of determining the value of 
is to arrange the experimental conditions so that the 


log D-log @ plot extends up to the linear portion 
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FIGURE 25(a). log D — log @ curve for NaF at 870°C. Full 
line, theoretical Bingham curve; ©, experimental points 


of the curve, when ” may be determined from the 
slope of this line. Figures 25 (A), (B) and (C) 
show that the present series of experiments did 


TABLE XIX 


FLow CONSTANTS FOR NaF 


Temperature °C 

Volume of specimen (cc) 
Comprehensive force (dynes) 
Co-ordinates of point of intersection 


of asymptotes 
f(dynes/cm?) 


c(Poises) 


870 
0.197 
2.055 X 10’ 


(1.296 :5 
1.06 X 107 
2.77 x 10” 


970 
0.164 
1.580 X 10° 


918 
0.256 
1.815 X 107 

179 : 5.40 


61 X 108 
84 10° 


11) (1.355 :5.28) (1 
9.13 X 108 5 
1.82 10" 3 
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FiGuRE 25(b). log D — log @ curve for NaF at 918°C. Full 
line, theoretical Bingham curve. ©, experimental points. 


not cover such a wide range, and, therefore, 
could not be directly determined by this method. 
To extend the range it is necessary to make g@ 
very large relative to f and since @ must not be 
too high because of the edge effect mentioned 
previously, the only solution is to increase the 
compressive force P (and therefore g). This was 
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F1GURE 25(c). log D — log 6 curve for NaF at 970°C. Full 
line, theoretical Bingham curve; ©, experimental points. 


not attempted in the present work, principally 
because it was felt that the deformation rates would 
be too high 
For these higher rates of 


to permit accurate measurement. 


subsidence it would 
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probably be an advantage to use some form of self 
recording dilatometer. 


Flow Contents Deduced from Sintering Data 
and Comparison with Experimental Values 


Several equations, based on plastic flow theory, 
have been proposed to describe sintering pheno- 
mena. One of these 
Clark and White, contains too many parameters to 
permit detailed analysis. The Shuttleworth-Mac- 
kenzie theory, 
analysed so that constants may be derived from 


equations, developed by 


however, can be more readily 
sintering data. The relevant equations are given 
below: 


For Newtonian liquids: 


= kh(p) 


(19 
(19) dt 


For Bingham solids: 


(20) = kh(p) [1 h'(p)] 


where 
(21) 


(22) 3 


2yn 


where p is the relative density of the compact, 
y the surface tension, m the number of pores/cc 
of real material, f the yield stress, and c the 
viscosity. 


Combining equations (21) and (22) gives: 


(23 ) ka = 


Values of k and a, taken from the report pre- 
are Flow 
constants have been derived from this data and are 
compared with the values determined 
mentally. 

The following data refers to Clark and White’s 
results for the sintering of glass spheres, the com- 


viously mentioned, presented below. 


experi- 


TABLE XX 


SINTERING DATA FOR GLASS 


k (min) a 
598 6.25 

626 3.48 

648 1.04 X 10 

676 3.85 107 
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position of the glass being similar to that used in SiO.: 69.0%; Na.O: 14.9 — 20.2%: CaO: 9.4 
the present work. 4.7% and 

The glass spheres used by Clark and White Al,O;: 6.2% 
were about 12u in diameter so that m'/* is of the All the sets of values agree reasonably well with 
order of 10%. To calculate ¢ it is necessary to each other. 
assume some value for the surface tension, which 
will be of the order of several hundred dynes/cm Application of the Shuttleworth-Mackenzie equa- 
at these temperatures. Two values for y have tion to the sintering curves for sodium fluoride 
been assumed, namely, 300 and 400 dynes/cm, gave the following values for k and a: 
and inserting these values into equation (21) gives 
the following viscosity coefficients: TABLE XXII 


SINTERING DATA FOR NaF 
rTABLE XXI 


CALCULATED VISCOSITY COEFFICIENTS FOR GLASS 


y = 300 dynes/cm 


4100 dynes/cm 


logig C 


10.843 9.29 x 10 10.968 
x 10" 10.097 1.67 10% 10.223 
10° 9.622 5.58 X 10° 9.747 
x 10° 9.053 1.51 x 109 9.179 It was seen previously (equation 23) that 
ie ka = 1.06 X(f/c). Thus, from Table XXII above, 


ie ; ; the values of the ratio f/c will be: 
[hese viscosity values, together with those ‘ 


determined experimentally, are plotted in Figure °C 683 695 713 726 


26. Included in this figure are the results of Poole f/c 9.0610-5: 1.1610-*: 1.4010-*: 2.09 10- 


12 ] 


2K [hese values are plotted in Figure 27 (A), 


together with those determined experimentally by 


compression of sodium fluoride discs. Even though 


FIGURE 26. Comparison of viscosity coeffici 
Shaded area: Poole and Gensamer’s results 


Composition range: SiO: 69.0 
Na,O 14.9-2 
CaO 9.4 
6.2% 

Experimental values using plastometer. 


Composition: 

SiO, 69.2% 

Na2.O 16.2% 

CaO 

Al.O; 

B.O 

other oxides 0.7% FIGURES 27 1 
Derived from sintering data: 4 400 dynes/cm sodium fluoride. @, 
300 dynes/cm sintering data 


and Gensamer [8] who measured the viscosities of a the temperature ranges of the two sets of data do 
number of glasses of varying composition; the shad- not overlap, the results show that the f/c ratios 
ed area is applicable to glasses lying within the derived from the sintering data are of the correct 


composition range: order of magnitude. This is revealed rather more 
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clearly by plotting logio(f/c) against temperature 
as in Figure 27 (B). 
Conclusions 

The deformation characteristics of a glass and 
sodium fluoride have been studied by means of a 
parallel-plate plastometer, and the data thus 
obtained analysed graphically as suggested by 
Scott. At a temperature of 655°C, the soda glass 
behaves as a Newtonian fluid, the viscosity coeffi- 
cient being approximately 5 X 10® poises. There 
was some deviation from ideal Newtonian flow 
at the beginning of the test, but this may be due to 
surface irregularities of the specimen or loading 
errors. On the other hand, sodium fluoride appears 
to behave as a Bingham solid, the yield stress 
values and the viscosity coefficients being of the 
order of 107 dynes/cm? and 10”° poises respectively. 

It is to be noted that the best method of deter- 
mining the value of m in the equation 


shear rate = om 


is to apply high loads so that f is negligible compared 
to F, and the material behaves as a Newtonian 


fluid. Under these conditions the deformation 


rate would probably be rather high, and therefore 


the use of a self-recording dilatometer would be 


advantageous. A further point of importance is 
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that the specimens used should possess, if possible, 
zero porosity. The presence of pores will probably 
affect the mechanism of deformation, particularly 
if dilation occurs on compression. 

Yield stress values and viscosity coefficients 
have been deduced from sintering data using the 
equations of Shuttleworth and Mackenzie. These 
values are in reasonable. agreement with those 
determined experimentally. From this, it would 
appear that the plastic flow mechanism proposed 
by Shuttleworth and Mackenzie goes some way 
towards explaining sintering phenomena. 
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EXPERIMENTAL IRON CARBONYL POWDERS* 
E. JAUMOT, Jr. and L. MULDAWER{ 


The strain and crystallite size in an experimental iron powder produced by a carbonyl process have 
been determined by the method of Warren and Averbach. Using FeKg and MoK, radiation, the 
shapes of nine powder diffraction lines were obtained for the powder and for a well-annealed ‘‘stand- 
ard.”’ From Fourier analyses of these lines, coefficients of line profiles due only to strain and crystallite- 
size broadening were obtained. A curve of the logarithm of these coefficients as a function of the order 
of the diffraction lines gave crystallite sizes and strains. Values obtained for these quantities in the 
[100], [110], and [111] directions were: 53 A, 73 A, and 80 A for the crystallite sizes, and 3.5 X 1073, 
6.3 X 107%, and 2.2 X 10-3 for the strains, respectively. 

Samples of carbonyl iron powder were annealed for two hours at various temperatures. Relative 
peak heights, half-widths and line positions were determined. Line profiles were analyzed and particle 
size and strain determined. It was found that annealing produced a diminution in the lattice para- 
meter accompanied by a corresponding reduction in the strain. The strain recovery is approximately 
85 per cent complete at about 350°C. Crystallite size increased from 70 A in the untreated powders 
to over 1200 A in the powder annealed at 450°C. Growth below 350°C was relatively small. Specula- 
tions are presented as to the cause of the initial distortion and the nature of the annealing process. 


POUDRES EXPERIMENTALES DE CARBONYL DE FER 


La déformation et les dimensions des cristaux d’une poudre expérimentale de fer, produite par un 
procédé ‘‘carbonyl,’’ furent déterminées en se servant de la méthode de Warren et Averbach. Les 
formes de neuf raies de diffraction furent obtenues pour cette poudre et pour un échantillon standard 
bien recuit, en employant les radiations FeK,g et MoKg. Une analyse de Fourier de ces raies, a permis 
de déterminer les coefficients de profil des raies dus exclusivement a la déformation et de I’élargisse- 
ment des raies di aux dimensions des cristaux. Une courbe du logarithme de ces coefficients, en 
fonction de l’ordre des raies de diffraction, a donné les dimensions des cristaux et les déformations. 
Les valeurs suivantes furent obtenues pour les directions [100], [110], et [111] respectivement: 53 A, 
73 A, et 80 A pour les dimensions des cristaux et 3,5 X 107%, 6,3 XK 107% et 2,2 X 10-* pour les 
déformations. 

Des échantillons de poudre de fer carbonyl on été recuits pendant deux heures 4 diverses tempéra- 
tures. On a déterminé les hauteurs relatives des maxima, les demi-largeures et les positions des raies. 
Les profils des raies furent analysés et les dimensions des particules, ainsi que les déformations en 
furent déterminées. I] fut constaté que le recuit produisait une diminution du paramétre du réseau 
accompagné d’une réduction correspondante de la déformation. A 350°C environ 85 pour cent de la 
déformation sont restaurés. Les dimensions des cristaux vont de 70 A pour une poudre non traitée 
a plus de 1200 A pour une poudre recuite 4 450°C. En dessous de 350°C la croissance des cristaux 
était relativement faible. On discute des hypothéses concernant les causes de la distortion initiale et 
le caractére du processus de recuit. 


EXPERIMENTELLE EISENKARBONYLPULVER 

Die inneren Spannungen und die Korngrésse von experimentellen, in einem Karbonylprozess 
dargestellten Eisenpulver, wurden mit Hilfe eines von Warren und Averbach entwickelten Verfahrens 
gemessen. Neun Linienprofile von mit Fe K, und Mo K,-Strahlen aufgenommenen Pulverdiagrammen 
wurden fiir das Pulver und eine gut ausgegliihte ‘“Standardprobe’’ aufgenommen. Aus der Fourier- 
analyse dieser Linien wurden Profilverbreiterungskoeffizienten erhalten, die entweder nur den 
inneren Spannungen oder nur der Teilchengrésse zuzuschreiben sind. Eine Kurve des Logarithmus 
dieser Koeffizienten als Funktion von n, der Ordnung der Beugungsmaxima, ergab Teilchengréssen 
und innere Spannungen. Die in den [100] [110] und [111] Richtungen erhaltenen Werte waren 53 A; 
73 A; 80 A fiir die Korngréssen und 3,5 X 107%; 6,3 X 107% und 2,2 X 107° fiir die inneren Spannun- 
gen. 
Karbonyleisenpulverproben wurden zwei Stunden bei verschiedenen Temperaturen gegliiht. Die 
relative Héhe der Maxima, die Halbwertbreiten und die Lage der Linien wurde vermessen. Die 
Linienprofile wurden analysiert, und Teilchengrésse und innere Spannungen wurden bestimmt. 
Es zeigte sich, dass die Gliihung eine Verminderung der Gitterkonstanten hervorrief, die von einer 
entsprechenden Verminderung der inneren Spannungen begleitet war. Bei 350°C war etwa 85% der 
Spannungserholung erfolgt. Die Teilchengrésse stieg von 70 A im unbehandelten Pulver auf mehr 
als 1200 A in einem bei 450°C gegliihten Pulver an. Unterhalb von 350°C wachsen die Teilchen nur 
wenig. 

Es werden spekulative Erklarungen der Ursache der Anfangsverzerrung und des Wesens des 
Gliihprozesses mitgeteilt. 


: prepared by the carbonyl process. Specifically, we 
Introduction have studied the broadening of X-ray diffraction 


In the course of a general study of iron powders, lines due to the small crystallite size and strain in 
we became interested in the properties of powders an experimental carbonyl iron, prepared and dona- 
ted by General Aniline and Film Corporation, 
and designated by them as P-818. 


*Received September 10, 1953; in revised form December 
7, 1953. ; aah The powder is prepared by deposition from an 

tFranklin Institute Laboratories for Research and Develop- 
ment, Philadelphia, Pennsylvania. 
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iron carbonyl vapor and exhibits a macrostructure 
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consisting of concentric spherical shells, usually 
called an ‘‘onionskin’’ structure. Presumably this 
structure is due to alternate deposition of layers of 
relatively pure iron followed by carbon-rich iron. 
Electron micrographs of the P-818 powder indi- 
cate that the particles are roughly spherical, with 
a mean diameter of approximately 20,000 A. It 
should be emphasized that this particle diameter is 
several orders of magnitude larger than the dimen- 
sions of the crystallites within the particles. 

In addition to the determination of the crystallite 
size and strain in the ‘‘as prepared’’ powders, we 
have studied some aspects of the annealing kinetics 
of this powder. The powders are of interest in this 
respect because of the information to be gained 
concerning the the and small 


crystallite size in the untreated powder. 


nature of strain 

The technique used to separate the strain, or 
distortion, broadening and the broadening due to 
crystallite size was that described by Warren and 
[1; 2; 3; 4]. They have shown that for 
» broadening the shape of the diffraction 


Averbach 


» represented by a Fourier series: 
us 


l are the Miller 


na3, where 7 is the defining integer of the 


and a3 is a length in the 


Fourier coefficients, 
crystal. 

‘urther, they have shown that if both types of 
broadening are present, the coefficients A z(/)) may 


be written as a product of coefficients, each 


representing one type of broadening: 
‘) 
2 A; 


where, for cry stalli 


and for distortion, 


4 AL 
cos 


Ax 
( 


ac 


Here, m; is the number of columns of unit cells of 
leneth 72 the reflecting 
planes; N is the total number of cells; a is the 
lattice parameter; and AL is the change in LZ fora 


cells, perpendicular to 


given value of L. 
The coefficient A,” is independent of the order 
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of the diffraction line, while A,” can be approxi- 
and 4, by an exponential 


[ — < 
a” 


the argument of which is proportioned to the 
square of the order, as well as the mean square 
strain. Thus, if we plot the logarithm of A, versus 
the square of the order of the lines, the intercepts 


mated, for small a 


on the axis of ordinates give In A,”, and the 
initial slopes are proportional to the root mean 
square strains. 

The above method of analysis was used in both 
phases of the work to be discussed, and we believe 
that this is the first time that this powerful tech- 
nique has been used in a study of distortion pro- 
duced in growth contrasted to cold-work 
distortion) and to the annealing kinetics of such 


(as 
distortion. 


I. Strain and Crystallite Size in the Untreated 
Powder 


The Experimental Method 
The line profiles needed for the analyses were 


Xi 1 in., 


obtained from powder briquettes, 
(24,000 p.s.i.) 
binder of 


using the prepared” 
powder with a Duco The 
intensities were determined by a point-by-point 


pressed 
cement. 


count using a conventional Geiger counter spectro- 
meter. An average of 75 points were taken each 
time the line was “‘counted,’’ and each line was 
“‘counted”’ three 
diffraction line were taken for both the sample 


times. Line profiles of each 
exhibiting line broadening and for a well-annealed 
sample, or “‘standard.”’ The diffraction peaks were 
corrected for instrumental broadening including 
the K, doublet by the method due to Stokes [5], 
using the Lipson-Beevers strips. This gave the 
coefficients, A,, of a line profile due only to crys- 
tallite size and distortion. 

A total of nine lines were studied using MoK, 
radiation: the (110), (211), (220), (321) and (422); 
the (200) and (400); and the (222) and (444). 
The (110), (211), (220) and (200) lines were also 
analyzed using FeK, radiation.* These lines gave 
information about three directions in the crystal, 
namely those perpendicular to the (110), (100) and 
(111) planes. The fact that the (110), (211) and 


*The background correction was difficult to make in the 
case of molybdenum radiation. A check of our technique was 
provided by the duplication of several of the lines using 
FeK, radiation. The Fourier coefficients are, of course, 
independent of the radiation. 
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(321) planes gave identical values for particle size 
and strain is an interesting result of the experi- 
ment. 

Inasmuch as iron is elastically anisotropic and 
the coefficients A, contain explicitly a contribution 
due to strain in the lattice, it is interesting that 
those lines which correspond to directions in the 
crystal having the same value of Young’s modulus 
were those which yielded identical results. The set 
of lines including the (110), (211), (220), (321) and 
(422) all represent directions in the iron crystal 
which have a Young’s modulus of 22,500 Kg/mm?. 
These planes are the slip planes in iron. In the cases 
of the (100) and the (111) sets of lines, no other 
directions were found which had similar Young’s 
moduli. These planes correspond to directions in the 
crystal having the minimum value of Young’s 
modulus, or the fracture planes, and the maximum 
value. A similar correlation with the values of 
Young’s modulus was observed by McKeehan and 
Warren [6] for the case of cold-worked, thoriated 
tungsten. 

The coefficients, Az, of the line profile obtained 
by correcting the broadened lines for instrumental 
broadening, were plotted against the parameter L. 
Figure 1 shows the resulting curves for the five 
lines of the (110) set. 


Mo Kq RADIATION 


L=nas (ANGSTROM UNITS) 


FicureE 1. Fourier coefficients Az plotted against L 


for various directions in the crystal. 


Values of A, for constant values of ZL were taken 
from this set of curves and the logarithm of A, 
plotted as a function of the square of the order of 
the diffraction lines as shown in Figure 2. The 
intercepts of these curves on the axis of ordinates 
gave the logarithm of the crystallite size coeffic- 
ients, A,”, and the initial slopes gave the root- 


mean-square strains. 
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FIGURE 2. Plot of In A, 


Results 

Figure 3 gives the curve of the crystallite size 
coefficients as a function of the length of a column 
of cells in the crystal. The mean size of the crys- 
tallites is then given by the reciprocal of the 
negative initial slope of this curve. The value 
obtained in the [110] direction (from Figure 3) is 


approximately 70 Angstroms. 


1,0 
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versus L for the [110] direction i: 


FIGURE 3. Plot of A,? 
iron carbonyl powder 


The term mean crystallite size or dimension as 
used in this paper, is the measured value of the 
mean length of a column of cells in the crystallite, 
the columnar axes of which are along the given direc- 
tion. Consequently the reported values are not 
true dimensions of a crystallite, since it is possible 
to show that the mean length of columns of cells, 
L, is always less than the largest crystallite dimen- 


sion, d. 


515 
4 20 24 
L= 10 A | 
| | 
Le 
3 ° 
Ong 
| 
| 
O° 
4 | 
< | 
Oo 
Ds v 
° 7° 
L=100A ) o 
fe) 
° ° 
L*I20A- v 
ly) versus lj for various lengths L. a 
954 
(110) | 
| Fe K | 
\ a 
\ (211) 
\\ 
\\ Mo Kq | | 
\* + (321) MoKg 
\\ x (422) Mo Ke | av (aa? AL) 
> 
) 20 40 60 80 100 120 


516 


Figure 4 gives the root-mean-square strain as a 
function of distance in the crystal. These strains 
can be computed in three ways, as indicated in the 
figure. As we mentioned above, they can be com- 
puted from the initial slopes of the curves of In 
Az versus l?. In addition, we can obtain values for 
the A,” from the plot of A,” versus L, which then 
can be divided into Az to give the coefficients, 
A,”, due to distortion broadening. From these, we 
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FiGURE 4. Root-mean-square strain in the [110] direction 
as a function of distance in the crystal. 


can compute strain from the cosine representation 
(equation 4), or assuming the exponential approxi- 
mation to be valid, we can compute the rms 
strains from a plot of the logarithm of A,? versus 
lo?. In view of the relatively large error inherent in 
taking slopes of logarithmic curves, the agreement 
is good. The small amount of scatter in the data 
points leads us to believe that the strain values are 
accurate to better than +0.0005. The values of 
the strain at very small distances, obtained by 
extrapolation, is probably good to +0.001. 
entirely 
for the 


the one 
have 


similar analyses to 
(110) 
obtained the values of the crystallite size and strain 
for the [100] and [111] directions in this material. 
Table I gives the maximum values of the strain and 
the directions, 
along with those for the [110] direction. We have 
included in the table the values of Young’s modulus 


Using 


described set of lines, we 


mean crystallite sizes in these 


for the given directions and the values of the 
stresses corresponding to the strains if a Hooke’s 
law is assumed to hold. 
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TABLE I 


AND STRAIN IN UNTREATED CARBONYL 
IRON POWDER 


CRYSTALLITE SIZE 


Mean 
crystallite 
size 


(A) 


R.M.S. 


strain 


Crystal 
direction 


Stress* 
(kg/mm?) 


Young’s 


Modulus 


53 
73 
80 2.2X10-3 


13,500 
22,500 
29,000 


*Computed using a Hooke’s law relation 


Discussion of Results 


The data indicate that there is an rms strain of 
about 6 X 10-% in the [110] direction over very 
small distances. It was observed from lattice 
parameter measurements (see Part II) that there 
was an apparent macroscopic strain of about 
2.7 X 10-* in this direction. Thus, the evidence is 
that there is a combination of micro- and macro- 
strain, where by a micro-strain we mean those 
strains with equal probability of being positive or 
negative, and whose regions of influence extend 
only over small distances in the crystal. It is to be 
noted that the rms strain apparently decreases 
with distance in the crystal in a linear fashion. As 
McKeehan and Warren have pointed out [6], the 
small crystallite size (i.e., the small dimensions of 
the regions over which the averages are taken) 
makes interpretation of the strain ambiguous. 
Thus we can say little more of this feature than it 
indicates that the strain is not constant throughout 
the crystal. 

Very little significance is to be attached to the 
stresses given in Table I, since the validity of 
Hooke’s law is extremely uncertain. At the same 
time there is a definite correlation with the elastic 
anisotropy of the material as is shown by the 
fact that all lines of the set, referred to as the (110) 
set, give similar values. 

The values of the stresses given in Table I do, 
however, allow us to make a comparison with 
Taylor’s values [7] for the stress in carbonyl iron 
which were computed in a similar manner. Using a 
different carbonyl iron powder (Mond Nickel Co.) 
and a different technique for determining the 
strain, Taylor obtained a value for the stress of 
about 130 tons/sq in. This compares favorably with 
our value of approximately 100 tons/sq. in. How- 
ever, Taylor found a crystallite size of 200 A, 
which is considerably than values. 


larger our 
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Berteaut [8], on the other hand, found the broaden- 
ing of the lines from carbonyl] iron powder to be 
due entirely to crystallite size of about 70 A. In a 
private communication he stated that his work 
indicated negligible strain. However, his conclus- 
ions were based on the analysis of a single (110) 
line, which does not allow precise determination of 
the strain. Thus, the agreement of our value with 
his may be due to his powder having a larger 
crystallite size together with a strain which was 
neglected in the analysis. 

A word as to the accuracy of the crystallite size 
measurements. Errors in this type of analysis can 
be quite large and are difficult to evaluate. How- 
ever, we feel that the dimensions of the mean 
columnar lengths given here are _ reasonably 
accurate, particularly in the [110] direction, since 
two separate determinations by different experi- 
mental techniques (see Part II) showed excellent 
agreement. A rather arbitrary estimate of the 
over-all accuracy of the crystallite dimensions is 
approximately +5 A, with an accuracy of +3 A 
in the [110] direction. In any event, it is quite 
definite that the dimensions given in Table I 
differ by amounts greater than the error and 
consequently some size anisotropy is present. 

An obvious interpretation of this size anisotropy 
is that deposition of the powder occurs in such a 
way that platelets or needles are formed, the 
major platelet plane or needle direction being a 
given one. However, the major direction of growth 
has not been although 
possibilities have been examined. 

Let us now consider the nature of the untreated 


determined numerous 


powder. Chemical analyses yielded the following 
for P-818 powder, in weight percent: Fe, 97.89; 
N, 0.54; C, 0.71; others, 0.84 (by difference). Thus 
these considerable impurities must play a major 
role in producing the strain. There is reason to 
believe (see Part II) that the 
principally by very highly dispersed precipitates, 


strain is caused 


and in particular by nitrides. Carbon is also 
present to a considerable extent either in mono- 
layers or highly dispersed carbides. (Ref. 7; see 
also Part II). The strain anisotropy could then 
be explained on the basis of precipitation on 
preferred planes. 

Carbonyl! iron powders are formed at tempera- 
tures in the neighborhood of 200°C [9], and hence 
it is probable that certain atomic migrations and 
precipitation occur. The temperature of formation 


presumably aids polygonization but the high 
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impurity content restricts the scale of polygoniza- 
tion. The interior of the subcrystals so formed 
must be strained in order for the measured rms 
strain to be so large. This strain is too large to be 
due to dissolved carbon (10); thus the conclusion 
that it is due to widely dispersed impurities. The 
restricted polygonization probably accounts for the 
observed small crystallite dimensions. This inter- 
pretation of the nature of the untreated powders 
leads us to believe that we are measuring sub-grain 
(rather than normal crystallite) dimensions since 
the X-ray scattering from sub-grains is presumed 
to be incoherent. 


II. Annealing Kinetics in an Experimental 
Carbonyl Iron Powder 


Experimental Method 


In order to learn something of the nature of the 
distortions, and of the causes of the apparent 
small crystallite size of this iron carbonyl, powders 
were heat treated for two hours at 150°C, 250°C, 
300°C, 350°C, 400°C, and 450°C. 
were then pressed into briquettes similar to those 


The powders 


used in Part I of this paper. 

The details of the experimental method were 
changed in some respects from those described 
above because of the greater number of lines that 
were involved in the analyses. The line profiles 
were obtained from these samples by automatic 
recording of the intensities from the Geiger tube 
on a strip chart recorder. The accuracy of lines 
obtained in this way is not so great as for ‘‘point- 


by-point’’ counting, but the agreement of results 


obtained on untreated powder by this method and 


by ‘“point-by-point’”’ counting sufficiently 
good so that the difference in labor involved made 
the automatic recording virtually mandatory. 

In addition to the change in the method of 
recording intensities, only lines of the (110) set 
were analyzed in detail for the anneal study. For 
this work, FeK, was the only radiation used and 
consequently only the (110), (211), and for the 
higher temperature anneals where the intensity 
was appreciable, the (220) lines were analyzed. 
These, of course, represent different crystallo- 
graphic planes rather than different orders of the 
same plane, but the data of Part I indicate that 
this procedure is valid. 

In all other respects the method of determining 
the crystallite size and strain was similar to that 


described in Part I. 
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Results 

In addition to the strain and crystallite size, the 
relative peak-heights, half-breadths, and the line 
positions of the (110) lines were determined as a 
function of temperature and are tabulated in 
Table II. These quantities were determined in 
order to obtain a qualitative picture of the anneal- 
ing process. 

TABLE II 

(110) DirrRACTION LINE PARAMETERS AS A FUNCTION OF 
ANNEALING TEMPERATURES FOR CARBONYL IRON POWDERS 


Line 


Half- 
breadths 


height 


Anneal 


temp irbitrary positions 


C) units (26 in deg.) 


(deg. in 26) 


No treatment 18.5 1.165 
150 19 1.150 
250 21 000 
300 700 
350 
400 
450 

A standard 


A ‘‘pictorial’’ view of the effects of annealing 


temperatures may be seen in Figure 5, where we 
have plotted A, as a function of distance in the 


250°C 


as 
750°C 


TREATMENT 
100 200 300 400 
L=na, (ANGSTROM UNITS) 


no 


Ficure 5. Plot of Fourier coefficient Az (Jo) versus L for 
the (110) diffraction lines obtained after annealing for two 
hours at temperature indicated. 


crystal for various temperatures, for the (110) 
line. In particular, the large differences in the 
lines at 300°C and at 350°C show graphically the 
fact that the strain is reduced to 15 per cent of 
its original value at 350°C, and also that this is the 
lowest annealing temperature studied for which 
appreciable change in crystallite 


there is an 


size. 
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Figure 6 is a combined plot of the strain and 
crystallite size in the [110] direction and the peak 
position of the (110) line, as functions of annealing 
temperatures. The values shown in Figure 6 are 
summarized in Table III. 
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FiGURE 6. Root-mean-square strain and crystallite size 
in the [110] direction, and the position of the (110) line as 
functions of annealing temperature. 


TABLE III 


CRYSTALLITE SIZE AND STRAIN AS A FUNCTION OF ANNEALING 
TEMPERATURE FOR THE [110] DIRECTION 
Mean 
Anneal crystallite 
temp size 


(A) 


No treatment 73 


Line 
R.M.S. 
strain 


position 
(110) line 
(26 in degrees) 
5.9 1073 56.88 
150 84 5.4 X 1073 56.90 
250 101 1.8 <X 10° 56.92 
300 116 2.8 X 10° 
350 230 0.9 * 1073 
400 580 0.8 < 107-3 
150 1200 — 


In addition to the above results obtained from 
detailed examination of particular lines, three 
important results were obtained from an examina- 
tion of the complete patterns given by these 
powders. First, no evidence for tetragonality (due 
to martensite) was observed for any annealing 
temperature or for the untreated powder. Second, 
there was no evidence of lines due to precipitates 
in the spectra of the untreated powder. Diffraction 
corresponding to cementite and _ nitride 
precipitates were looked for in particular. Third, 
lines which could be identified as being due to 
Fe,N appeared in the pattern of the powder 
annealed at 250°C. These lines became sharper and 
more intense in the spectra of the powders an- 
nealed at higher temperatures. However, no 
carbide lines were observed for any annealing 
temperature.* A. Taylor [7] has reported Fe,N 


lines 


*Note added in proof: We have observed lines identified as 
due to FesC in the X-ray pattern of powders annealed for 
much longer times (40 hours at 350°C.) 


\<e> 
006 +-1200 
4 
- 
Peak 
56.88 
56.90 
56.92 
56.95 
57.01 
57.01 
57.03 
57.04 
1.0 
| | | 
9 
| | 
x +, | 
8 
7 + 
\ | 400°C 
< \ \ 
x ~~ 
3} i 350°C 
2 = | 
500 


JAUMOT & MULDAWER: 


present in his carbonyl powders, in some cases in 
the untreated powders. He reports no observable 
carbides, although other workers [11; 12] have 
reported carbide formation on annealing. 


Discussion of Results 


Figure 6 shows that both line position and 
strain have almost reached their equilibrium 
value after two hours at 350°C. It is evident that 
the major effect of the anneal at this temperature 
has been a strain recovery since the crystallite size 
has only begun to increase. Then with increasing 
annealing temperatures, the subcrystal walls move 
to give the observed grain growth. Since it is more 
difficult to move these walls than to move isolated 
defects to the boundary it is to be expected that 
strain recovery occurs at lower temperature than 
sub-grain growth. 

Without more specific information it is possible 
only to speculate on the details of the recovery and 
sub-grain growth. However the appearance and 
the behaviour of the diffraction lines corresponding 
to Fe,N at the higher annealing temperatures 
provide clues as to the probable mechanism. 
Presumably, on annealing, the highly dispersed 
impurities in the untreated powder agglomerate 
with a consequent reduction in strain. It is likely 
that a major portion of the agglomeration (par- 
ticularly of the carbon) occurs in the subcrystal 
boundaries, and it is these boundaries which 
move in the course of the subcrystal growth. 

It is evident that there are still many questions 
to be answered as to the nature of carbonyl iron 
However, we believe that this work 
justifies, at least for P-818 carbonyl iron, the 
following conclusions: 

1. The crystallite dimensions determined are 
probably due to sub-grains. These sub-grains are 
nonspherical. 


powders. 
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2. The interiors of the sub-grains are highly 

strained, 

impurities. 


presumably due to widely dispersed 


3. Recovery occurs at temperatures below 
350°C, probably due to impurity agglomeration. 

4. Crystallite growth is observed at tempera- 
tures below the generally accepted recrystalliza- 
tion temperatures, presumably due to motion of 


sub-grain boundaries. 
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THE EFFECT OF PHASE TRANSFORMATIONS ON THE 
ORIENTATION OF ZIRCONIUM CRYSTALS* 


J. W. GLEN and S. F. PUGH? 


The orientation relations suggested by Burgers for the phase change in zirconium are used to deduce 
the possible orientations which can arise after one or two transformations starting from either a 
hexagonal ora body-centered-cubic lattice, and their relative probability is assessed assuming that at 
each stage all possible transformations are equally probable. The results of this analysis are compared 
with the known behaviour of zirconium and titanium crystals and rolled zirconium strip; it appears 
that a first transformation is determined only by the orientation relations, but the second is not, for 
the original orientation almost invariably returns. The possible reasons for this are examined; one 
which has so far received little attention is that simple dislocations in the parent phase can only all 
return to simple dislocations after a second transformation if the original orientation returns. The 
reasons for the observed texture of crystal bar zirconium are discussed, and experiments suggested to 
indicate the importance of the various factors. 


TRANSFORMATIONS DE PHASES SUR L’ORIENTATION DE 
CRISTAUX DE ZIRCONIUM 


Les relations d'orientation suggérées par Burgers sont utilisées pour déduire les orientations qui 
peuvent apparaitre aprés une ou deux transformations, partant soit d’un réseau hexagonal, soit d’un 
réseau cubique centré. Les probabilités relatives de ces transformations sont évaluées en supposant 
qu’a chaque étape toutes les transformations sont également probables. Les résultats de cette analyse 
sont comparés au comportement connu des cristaux de zirconium et de titane, et de bandes laminées 
de zirconium; il apparait qu’une premiére transformation est déterminée uniquement par des relations 
d'orientation, mais la deuxiéme ne I’est pas, car l’orientation primitive revient presque toujours. Les 
raisons possibles de ce fait sont examinées; une de ces raisons n’a regu que peu d’attention avant, a 
savoir, que les dislocations simples dans la phase primitive ne peuvent toutes redevenir des disloca- 
tions simples, aprés une deuxiéme transformation, que si l’orientation primitive réapparait. Les 
raisons d’apparition de textures dans des barres de zirconium sont discutées et des expériences, qui 
indiqueraient l’importance des divers facteurs, sont suggérées. 


L’EFFET DES 


DIE WIRKUNG DER PHASENUMWANDLUNGEN AUF DIE ORIENTIERUNG 
VON ZIRKONIUMKRISTALLEN 


Es werden unter Zugrundelegung der von Burgers fiir die Phasenumwandlung im Zirkon vorge- 
schlagenen Orientierungsbeziehungen alle Orientierungen abgeleitet, deren Entstehen entweder 
nach einer oder nach zwei Umwandlungen méglich ist, wenn man entweder vom hexagonalen oder 
vom kubisch-raumzentrierten Gitter ausgeht. Die relative Haufigkeit ihres Auftretens wird unter 
der Annahme abgeschatzt, dass in jedem Stadium alle méglichen Umwandlungen gleich wahrschein- 
lich sind. Die Resultate dieser Analyse werden mit dem bekannten Verhalten von Zirkon- und 
Titankristallen und von gewalztem Zirkonblech verglichen. Es scheint, als sei eine erste Umwandlung 
ausschliesslich durch die Orientierungsverhiltnisse bestimmt; dies trifft jedoch nicht auf die zweite 
Transformation zu, denn die urspriingliche Orientierung tritt fast unweigerlich wieder auf. Die 
méglichen U rsachen fiir diese E rscheinung werden diskutiert. Ein Gesichtspunkt, der bisher wenig 
beobachtet wurde, ist, dass einfache Versetzungen in der Ausgangsphase nach einer zweiten Trans- 
formation nur dann wieder vollig in einfache Versetzungen zuriickgefiihrt werden kénnen, wenn die 
urspriingliche Orientierung zuriickkehrt. Die Ursachen fiir die an kristallinen Zirkonstaben beob- 
achtete Textur werden diskutiert, und es werden Versuche zur Abschatzung des Einflusses der 
verschiedenen Faktoren vorgeschlagen. 


sides at 60 degrees or, more rarely, four sides at 
90 degrees. Crystallographically, these faces were 
not equivalent at low temperatures, though both 
types were sometimes basal (0001) planes. He 
argued that at the high temperature they must 
have been {110} faces of the body-centered cubic 


1. Introduction 

zircon- 
has a close-packed hexagonal structure; 
from this temperature to its melting point at about 
1800°C it is body-centered cubic. Crystal bar is 


From room temperature to 862°C + 5° 


ium 


usually grown by deposition of the metal ona 
tungsten or zirconium wire heated by passing an 
electric current through the wire in a cool vessel 
containing zirconium iodide vapour, the tempera- 
ture of deposition being above 900°C. In 1934, 
Burgers [1] noticed that the crystal bar had flat 
faces all parallel to the bar axis and with either six 
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lattice, since these alone give a zone of six faces 
at 60 degrees or four at 90 degrees in the holo- 
symmetric class of the cubic system. In this way 
he could deduce the exact orientation of the 
8 (body-centered-cubic) grains and, by measuring 
the orientation of the resulting a@ (hexagonal) 
grains, he deduced that the orientation relation 
for the 6- to a-phase change was that one of the 
six {110} planes of the §-structure became the 
(0001) plane of the a, while one of the (111) 
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directions in the §-structure became one of the 
(1120) directions in the a-structure. 

These orientation relations since been 
found to be at least approximately valid for 
lithium [2] and titanium [3; 4], while the remaining 
elements having both a hexagonal and a body- 
centered-cubic modification, thallium [5] and 
hafnium [6], may reasonably be expected to follow 
them as well. 

If these orientation relationships alone deter- 
mined the orientations of grains arising after 
transformation, it would be possible to predict not 
only what orientations are to be expected after a 
given number of transformations starting from a 
given texture, but also what their relative probabil- 
ity would be. These predicted results can then be 
compared with the observed textures to obtain 
information on whether the assumption that the 
orientation relations alone determine the new 
orientations is correct. The predictions can also 
be used to explain the structure of crystal bar. 


have 


2. Analysis of Possible Orientations after 
Transformations of Single Grains 


In this section we shall consider the orientations 
that can arise after one or two transformations, 
starting from either a body-centered-cubic or a 
hexagonal orientation. First, a hexagonal orienta- 
tion can transform into six body-centered-cubic 
orientations. This arises because the three (1120) 
directions* in a (0001) plane are at 60 degrees 
while the two (111) directions are at 70°32’. 
Thus, although the (0001) plane must become a 
{110} plane only one of the three (1120) directions 
can become a (111) direction, and the other (111) 
direction may lie on either side. This is shown in 
Figure 1, which represents the (0001) plane of the 
hexagonal phase AA, BB and CC are the (1120) 
directions which can become (111) directions. 
The other possible (111) directions are shown by 
the remaining lines. Thus, for example, if A 
becomes one (111) direction, either A; or A: will 
become the other (111) direction in this plane. 
If the orientation laws alone decide the probability 
of these, all six are equally probable. 

Next, we shall consider the possible orientations 
arising after a transformation from a single cubic 
orientation, a case which has already been con- 
sidered by Burgers [1]. As there are six {110} 
planes, there are six possible (0001) planes after 


*It will henceforward be assumed that Miller-Bravais 
indices (with four figures) refer to the hexagonal, and Miller 
(three figures) to the body-centered-cubic phase. 
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FIGURE 1. Diagram to illustrate the possible orientations 
after one transformation of a hexagonal structure. 


transformation, and in each of these there are two 
possible sets of (1120) directions, one for each 
(111) direction in the original {110} plane. These 
possible orientations are shown in Figure 2, which 
is a standard stereographic projection of the cubic 
orientation, the (110) diads and the (111) triads 
being marked. For a given (110) direction such as 
A, the plane corresponding to the great circle 
XC Y becomes the basal plane and the two possible 
sets of (1120) directions are Y with the two points 
marked A;, and X with the two points marked Ao». 
Each of the six (110) directions thus gives two 
hexagonal orientations. In this way 12 hexagonal 
orientations can arise, each of equal probability. 

We are now in a position to discuss the orienta- 


tions which can arise after two transformations 


FiGuRE 2. Stereogram of the possible orientations after 
one transformation of a body-centered-cubic structure 
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of a hexagonal lattice. Since after the first trans- 
formation six cubic orientations arise, and each of 
these can yield 12 hexagonal orientations, there 


C, 


FiGURE 3. Stereogram of the possible (0001) poles after 
two transformations of a hexagonal structure. 


are a total of 72 different orientation paths; but 
these do not all necessarily yield different orienta- 
tions, for one hexagonal orientation may appear 
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from than one of the intermediate cubic 
orientations. Thus, for example, the original 
orientation can reappear from any of the six 
cubic orientations, and will thus be six times more 
probable than an orientation reached by only one 
path. To see how many of the paths yield the same 
orientations, Figure 3 constructed; this 
shows on a stereographic projection, centered on 
the pole of the original (0001) plane, all the possible 
{110} poles after one transformation. All poles 
except the centre are marked with a letter for each 
time they occur; the points with a given suffix 
are the {110} poles of one cubic orientation. The 
centre should have six suffixes, one for each pos- 
sible orientation. These points are all thus possible 
new (0001) poles and, considering also the (1120) 
directions, those points with two letters can be 
shown to yield three orientations, one with twice 
the probability of the other two. 

The full analysis shows that 57 orientations can 
arise. Their relation to the original orientation 
and their relative probabilities are shown in 
Tables I and II. 


A similar analysis can also be made for the 


more 


was 


orientations arising after two transformations of a 
72 paths 
are possible, but some of these lead to identical 


body-centered-cubic structure. Again, 


final orientations. The full analysis shows that 


TABLE I 


PROBABILITY OF VARIOUS ORIENTATIONS AFTER TWO TRANSFORMATIONS OF A HEXAGONAL STRUCTURE 


No. of paths 
leading to each 


No. of 


Category orientations 


Total no. 


of paths 


Total 


Orientation of original 
hexagonal crystal 


(0001) || original 
(0001), (1120) at 10°32 
one (1120) ||" one 
original (1120), (0001) 
at 60° to original (0001) 


(0001) at 60° to 
original (0001) 


(0001) at 90° to 
original (0001) 


| 
Bs p, 
B, oF, 
B20 oF, 
| D,E,0° ©£,D, 
oF, 
Bo 
C; 
NG C2 ~ 
195: 
Remarks 
— 
2 2 3 6 
3 6 2 12 
~ 
7 57 72 
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TABLE II 


ORIENTATION RELATIONS AFTER TWO TRANSFORMATIONS OF A HEXAGONAL STRUCTURE 


Angle from original (1120) 


No. of which became (111 
orienta- |——— - — - 
| New [0001] 


Category 
in 
Table I tions New 
60° 
10°32’ 

60° 

54°55’ 

54°55’ 
10°32’ 
54°55’ 


0° 
70°32’ 

0° 
70°32’ 
70°32’ 
70°32’ 
70°32’ 


90° 
90° 
90° 
35°16’ 
35°16’ 
90° 
35°16’ 


TABLE 


1120 


Angle from original 


{0001 | 


New [0001] 


II] 


New 


1120 


41°25’ 
48°50’ 
$1°25’ 
48°50’ 


24°74’ 


PROBABILITY OF VARIOUS ORIENTATIONS AFTER TWO TRANSFORMATIONS OF A Bopy-CENTERED CUBIC STRUCTURE 


No. of No. of paths 


orientations leading to each 


Category 


1 l 12 


Total 


41 orientations arise. The results are summarized 
in Table III. 

Further transformations will give an even greater 
number of possible orientations, and exact analysis 
becomes lengthy; it is of interest to see, however, 
how some important orientations are retained. 
As we have already seen after two transformations 
of a hexagonal structure, 1/12, or 8.3 per cent, 
of the material returns to its original orientation. 
After another two, about 2.4 per cent is still in its 
original orientation. Similar results for other 
cases are shown in Table IV. 

Arguments of this kind show that a specimen 
would, on these assumptions, rapidly lose any 
preferred orientation it might have. 


Total no. 


of paths Remarks 


12 Orientation of original 


b.c.c. crystal 


Original orientation 
rotated 60 
110 


about a 


direction 


Original orientation 
rotated 70°32’ about a 
110) direction 
Original orientation 
rotated 10 32 about a 
110) direction 
orientation 


10°28 


Original 
rotated 
110 


bout a 
ab é 


directio 


rABLE I\ 


DOUBLI 
HEXAGONAI 


[HE EFFECT OF 


OF 


Percentage of 
crystals after two 


Case considered transformations 


Crystals returning 
to original hexa- 
gonal orientation 

Crystals having 
(0001) parallel 
original [0001 

Crystals having a 
(1120) parallel 
given original 

1120 


[TRANSFORMATION ON ORIENTATION 
STRUCTURE 


Percentage of 
crystals after four 


transformations 


523 
60 0 QQ 90 
49°28’ 0° 90 00 
60° 60 90 41°25’ 
76 60 35°16’ SO 54’ 
76 60 90 41°25’ 
60 35°16’ 80°54’ 
76 90 35°16’ m7 84°74’ 
Le 
2 3 4 3 12 
oS54 
4 12 12 
5 12 12 
41 72 
8.3% 2.49, 
16.7 4.2% 
13.99% 3.79 


ACTA METALLURGICA, 


3. Prediction of the Effect of Transformation 
of Preferred Orientation 


Using the results presented in the last section, 
it is possible to predict the change of preferred 
orientation occurring in a transformation. Here 
again the assumption is made that all possible 
transformation paths are equally likely. 


sample of body- 
with a [111] 


(a) Single transformation of a 
centered-cubic lattice structure 
fibre texture. 

This texture is the major texture of crystal bar 
zirconium in the 8-range. The transformation of a 
single grain has been considered above. In Figure 2, 
W, X, Y and Z were the original (111) directions 
and A, B, C, D, E and F the resulting (0001) 
poles; W, X, Y, Z, Ai, Ao, ... Fi, Fe the resulting 
(1120) directions. To obtain the pole figure of a 
given hexagonal plane it is necessary to bring one 
of the (111) directions (say X) to the centre of a 
stereographic projection and then to draw small 
circles centered on X through all poles of the 
desired type of plane. The density of poles on each 
circle is proportional to the number of poles 
marked on the circle and inversely proportional 
to its radius. These operations are shown in Figure 
4 for the (0001) poles and Figure 5 for the {1120} 
poles. It is also of interest to see what directions 
now lie in or near the original [111] fibre direction, 
and these have been tabulated in Table V. This 


E 


E 
FiGurRE 4. Predicted (0001) pole figure after one transfor- 
mation of a specimen with a [111] fibre texture. 


VOL. 


FicureE 5. Predicted {1120} pole figure after one transfor- 
mation of a specimen with a [111] fibre texture. 


TABLE V 


TEXTURE AFTER ONE TRANSFORMATION OF A Bopy-CENTERED 
CusBic SPECIMEN WITH A [111] FIpRE TEXTURE 


No. of 
orientations 


Angular deviation 


original [111] from original [111] 


(1120) 0° 3 
(1120 10°32’ 3 
(0001) 6 


shows that if the assumptions are correct, one half 
of the grains would have a (1120) direction within 
11 degrees of the fibre direction, and the other 
half would have [0001] at 35°16’. 


(b) Single transformation of a sample of hexagonal 
structure with a [1120] fibre texture 


This texture is the one predicted for recrystallized 
zirconium wire (see sec. 5 below). Figure 6 shows a 
stereographic projection of the possible transfor- 
mations centered on one of the original (1120) 
directions (6). The possible {111} poles arising 
from this hexagonal structure are shown; the hori- 
zontal line through the centre can be considered 
as the trace of the plane of Figure 1. The {111} 
pole figure is obtained by drawing circles through 
the {111} poles. The number of paths leading to 
various orientations near the original [1120] fibre 
axis is shown in Table VI; this shows that two 
thirds of the grains would have a {111} pole 
within 11 degrees of the fibre axis and the other 
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Figure 6. Predicted {111} pole figure after one transfor- 


mation of a specimen with a [1120] fibre texture 


third a (110) direction within 6 degrees of this 


direction. 


TABLE VI 


TEXTURE AFTER ONE TRANSFORMATION OF A HEXAGONAL 


SPECIMEN WITH A [1120] FisreE TEXTURE 


No. of 


orientations 


Axis nearest to 


original [1120] Angular deviation 


(c) Double transformation of a sample of hexagonal 
structure with a [1120] fibre texture 


The double transformation of a single hexagonal 
crystal has been considered above, and the results 
are shown in Tables I and II, while the poles of the 
various possible (0001) planes have been plotted 
in Figure 3. To obtain the final (0001) pole figure 
it is necessary to rotate Figure 3 until a (1120) 
direction is at the centre. This gives the points of 
Figure 7, the pole A being six times as probable, 
and the poles marked with two circles twice as 
probable as the others. The pole figure is again 
given by small circles centered on A through all 
these points. 


(d) Double transformation of a sample of hexagonal 
structure with texture for cold-rolled and recrystal- 
lized zirconium 


This texture consists [7; 8] of two orientations, 
both having a (1120) direction in the rolling 
direction, and with basal planes inclined at about 


ORIENTATION OF 


Zr CRYSTALS 


FIGURE 7. Predicted (0001 
mations of a specimen with a [1120] fibre texture 


pole figure after two transfor- 


30 to 40 degrees to the plane of the strip. The 


resulting (0001) pole figure can be found from 
Figure 3 by rotating the poles through the required 
number of degrees about an original {1120} pole, 
such as the one at the top of the figure. Figure 8 
shows the resulting (0001) pole figure if the 30 
degree angle is used. It is thus directly comparable 
with the pole figures found by McGeary and 
Lustman [7], and they have attempted to predict 
the pole figure by a similar calculation to the present 


one. They did not, however, include all the possible 


FIGURE 8. Predicted (0001) pole figure after two transfor- 
mations of a specimen having the preferred orientation found 
for recrystallized rolled zirconium by McGeary and Lustman 
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transformations from cubic to hexagonal and have 
only one third of the total number of points. The 
pole figure for {1010} has also been predicted, 
using this time the 40-degree angle found by 
Keeler, Hibbard and Decker [8]. It is shown in 
Figure 9. 

In Figure 8 all letters correspond to a pair of 
paths, so that each point has a number of paths 
leading to it that is twice the number of letters 
marked. The points marked ‘A’ have the 12-fold 
multiplicity. of A as well as that of the other 
letters. In Figure 9 all poles have a multiplicity 
equal to the number of circles marked. 


FiGuRE 9. Predicted {1010} pole figure after two transfor- 
mations of a specimen having the preferred orientation found 
for recrystallized rolled zirconium by Keeler, Hibbard, and 
Decker [8]. 


4. Comparison of Predicted Orientations with 
Observed Orientations 

(a) Single crystals 

Burgers [1] deduced that a large single crystal 
of 6-zirconium, grown by deposition from zircon- 
ium iodide vapour, transformed on cooling to many 
different crystals with various orientations, all 
obeying the simple orientation rule, and that 
crystals grown from the melt probably behave 
This seems extremely probable, as 
Newkirk and Geisler [4] have used the transforma- 
tion of an ingot of titanium formed from the 
melt to show that titanium has the same orienta- 
tion rule. In the subsequent discussion it seems 
reasonable to assume that the observations made 


similarly. 


ACTA METALLURGICA, 


VOL. 2, 1954 
on either zirconium or titanium are equally valid 
for the other metal. 

The predictions made in Section 2 show that, if 
Burgers’ rule alone determined the transformation, 
as it appears to do for the transformation of virgin 
8-material, then 41 different orientations would be 
possible for material starting from a given 8-grain 
after two transformations; however, Burgers and 
Ploos van Amstel [10] observed that in polycrystal- 
line zirconium, the original 6-grain reappeared 
with the same orientation after a period in the 
a-phase, which implies that some further condition 
is operating, besides Burgers’ rules, to determine 
the transformation of the a-zirconium formed from 
the 8-phase. It is not known what happens to a 
single crystal of a-zirconium or titanium formed by 
recrystallisation in the a-range, when it is heated 
into the 8-range and then recooled, though Burgers 
and Ploos van Amstel [9] observed that the 
martensitic a-structure formed from a §-crystal 
tended to reappear on subsequent heating and 
cooling, and Newkirk and Geisler [4] have observed 
the same phenomenon on an isolated a-crystal 
formed in the same way; it also returned to its 
original orientation even after hours at 
1000°C. 

From this latter result it would appear improb- 
able that mechanism 
stresses can be responsible for the reappearance, 


many 


any involving internal 
and, while preferred nucleation at impurities is a 
possibility, it does not seem a likely explanation 
for the reappearance of the grains of the high 


temperature phase when these have been formed 
by grain growth. It seems more probable that the 
reversibility is due to the influence of lattice 
defects such as stacking faults or unusual disloca- 
tions arising from the transformation, which might 


be eliminated only by the particular reverse 
transformation which leads to the return of the 
original grain. Such faults might arise from normal 
dislocations present in the parent grain, which 
become dislocations with Burgers’ 
directions quite different from the slip 
direction in the transformed structure. Such 
dislocations will only all return to normal, low 
energy, dislocations if the second transformation 
is the reverse of the forward one. To take a definite 
case, if the (0001) plane of an a-crystal becomes the 
(110) plane of the 8-phase by a mechanism similar 
to that suggested by Burgers [1], then dislocations 
which had Burgers’ vectors in the directions [1120], 
[1210] and [2110] will now have Burgers’ vectors 
[111], [111] and 


vectors in 
usual 


R.D 
Oe 
fo x £ 
€ ¢ © 
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The first two are usual active dislocations for 
the body-centered-cubic structure, but the third 
is not, and can only return to a usual hexagonal 
dislocation if (110) is the {110} plane that becomes 
(0001). In this example, two final orientations are 
clearly possible, but they differ only by 10 degrees, 
and have the (0001) plane in common; they might 
easily not be recognized as distinct. 

A final possible cause for the reappearance of 
the original orientation is that the mechanism by 
which the first transformation is produced could 
work in reverse to reinstate the original orientation 
(for example, if a dislocation mechanism were used, 
the dislocation would retrace its path) but it might 
not be possible to find so easily the necessary 
mechanism to produce other orientations. 

The observation that the temperature 
modification reappears could also be due to 
retained stress and grain-boundary energy, though 
it would seem desirable to have the same explana- 


high 


tion for both phenomena. 


(b) Pole figure observations 


The effect of a double transformation on a pole 
figure has been observed on rolled zirconium and 
titanium annealed in the a-range. the 
observed pole figure for material before 
transformation, the predicted for 
(0001) and (1010) poles have been computed in 
section 3d. The resulting pole figures agree reason- 
ably well with those found experimentally by 
McGeary and Lustman [7] for zirconium. This does 
not necessarily imply that all possible paths occur 
on two transformations of recrystallized a-zircon- 
ium, as the pole figures are not very different from 
the purely cyclic prediction plus a large background 
of random orientations. The same difficulty occurs 
even in the case of the more quantitative (1010) 
pole figure of Keeler, Hibbard and Decker [8], 
as, although the pole figure predicted in Section 
3d has only 1/12 the intensity in its major spots 
that the original structure had, the remainder is so 
scattered that it could easily be thought to be simply 
a large increase in background. Keeler, Hibbard 
and Decker state that the texture remains sharp 
after cycling, but this does not necessarily mean 
that the background had not apparently increased. 
The same argument applies to the textures observed 
on rolled titanium by McHargue and Hammond 
[10], which are similar to those of zirconium. 
It is thus impossible from this evidence alone to 
show whether the predictions using the transforma- 
tion rule above are obeyed, though single-crystal 


Using 
such 


pole figures 
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observations on _ transformed unrecrystallized 
grains, if they are applicable to the recrystallized 
structure, imply that the process is purely cyclic, 
and that the rules are obeyed 


together with extra conditions which determine the 


transformation 


particular orientation developed in the second 
transformation. 


5. Growth of Large Crystals in Crystal Bar 


The growth of large 6-zirconium crystals in 
crystal bar is not difficult to explain, since Burgers 
and Ploos van Amstel [9] have shown that grain 
growth is fairly rapid at the deposition tempera- 
ture; the main difficulty is to account for the 
preferred orientation of the crystals. Burgers [1] 
deduced that the larger crystals have either a 
(111) or, more rarely, a (100) axis lying within 
5 degrees of the rod axis. The corresponding exter- 
nal forms are six {110} faces at 60 degrees round 
the rod axis and four {110} at 90 degrees. These 
will be referred to as “hexagonal’”’ and ‘‘square’’ 
crystals respectively. In many rods, over 75 per 
cent of the length is in the “‘hexagonal”’ crystals. 

The first mechanism that we shall consider for 
developing such a structure is that the crystal 
orientation arises from the orientation of crystals 
in the wire on which the zirconium is deposited. 
This orientation has not been directly determined 
the 
preferred orientations found in a-zirconium using 


in zirconium, but it can be deduced from 
Burgers’ transformation rules. Both McGeary and 
Lustman [7], and Keeler, Hibbard and Decker 
[8] found [1010] parallel to the rolling direction in 
zirconium strip, in general agreement with the 
observation of Fast [11] 
that the ideal fibre texture of zirconium wire is 
[1010]. The change of the rolling texture on 
annealing can be regarded as a 30-degree rotation 
about the [0001] axes of the grains [7; 8]. This 


Burgers, and Jacobs 


would give a [1120] fibre texture in a wire heated 
to the top of the a-range, and as this is the fibre 
texture found in titanium [10], which has a similar 
rolling structure, it is reasonable to assume it for 


zirconium. In section 3b the texture of such a wire 
after 
thirds of the crystals have (111) directions within 
10 degrees of the rod axis, and the remainder have 
a (100) direction within 5 degrees. Thus, if these 
orientations were maintained during growth, the 
observed orientations would be obtained and their 
ratio would be of the right order of magnitude. 


transformation has been deduced: two 


It is claimed that crystal bar grown on a tungsten 
wire has the same appearance as that grown on 


Lie 

4 


528 ACTA METALLURGICA, 


zirconium wire. Since the wire texture for tungsten 
is [110], while the zirconium crystals grown onto 
it have a[111] fibre texture, it is necessary to assume 
that the rule of epitaxy is [110] |!’ [111]. This should 
be checked experimentally; the lattice parameters 
of the two metals differ by 15 per cent so that 
parallel crystal orientations are not to be expected. 
It is known that regular epitaxy occurs since single 
crystals of zirconium have been grown on single 
crystals of tungsten—a fact that in itself shows 
that the underlying orientation affects the resulting 
structure. 

Another possible reason for the large proportion 
of crystals with a (111) axis parallel to the rod 
axis is the low surface energy of these crystals. 
Whenever a crystal has grown to such a size that 
it occupies the complete cross section of the bar, 
it can develop faces by surface migration of atoms. 
{110} faces, being close-packed, have low energy 
and tend to develop, and, for a given volume 
of crystal in a rod approximately circular in cross 
section, the least surface area of {110} faces will 
be formed in a crystal with a [111] direction 
parallel to the axis, as this can give the “hexagonal” 
zone of {110} faces. Such a crystal thus has lower 
energy than one in any other orientation, and will 
thus tend to grow at the expense of less favourably 
oriented crystals. 

A third possible explanation has been suggested 
by Jones [12]. This depends on the most favourable 
growth direction in a crystal being deposited from 
the vapour. If it be assumed that (111) axes are 
the directions of fastest growth (as seems likely, 
both because they are the most densely packed 
directions, and because they are perpendicular 
to (110) directions, which are normal to the planes 
that develop, and hence probably the directions 
of minimum growth), then crystals with {110} 
planes parallel to the rod can grow rapidly in the 
rod direction, particularly if they have a (111) 
axis parallel to the rod axis. Such crystals will thus 
tend to encroach on other crystals. 
suggested to 


The following experiments are 


choose between the above three theories. If a cast 


wire of zirconium, or any wire free from [1120] 


fibre texture, is used to grow iodide zirconium, 
then crystal bar will not develop if and only if the 
first theory is The 
are harder to verify directly, but if a rod of 
random heated to about 1200°C 
under conditions similar to those occurring during 
the growth of crystal bar, but modified to prevent 
the 


correct. other suggestions 


orientation is 


the rapid deposition of zirconium, then if 
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preferred orientation develops, it must do so by 
preferential grain growth, for which the second 
theory alone can account. If this experiment does 
not tend to develop the preferred orientation, 
then it must develop during the growth process 
and this could be due to the third mechanism. 

The first theory could also be checked by verify- 
ing that crystal bar grown on tungsten wire has the 
same preferred orientation and by determining the 
law of epitaxy at 1200°C. 

It is of course possible that all three mechanisms 
are active, the first providing crystals of the two 
orientations, while the second and third account 
for the increase in proportion of ‘‘hexagonal’’ to 
“‘square’”’ crystals. 

If either the first or the second 
occurs—that is to say, large grains arise from 
grain growth at the deposition temperature—it 
follows that to produce bar free from large grains 
the deposition temperature should be kept as low 
as possible. Burgers and Ploos van Amstel [10] 
have shown that occasional cooling into the 
a-range during deposition is more likely to increase 
the 8-grain size than to reduce it, as such treatment 
stimulates 8-grain growth. 


mechanism 


6. Conclusions 


An analysis of the number of possible orienta- 
tions which can arise after two transformations 
according to Burgers rules has shown that large 
numbers of orientations are possible. Experimental 
evidence implies that, although after one trans- 
formation any orientation consistent with the 
transformation rules can arise, the second transfor- 
mation returns the structure to its original orienta- 
tion. Thus only one orientation occurs out of 41 
geometrically possible for an 6—a—6-transformation 
and, for the case of an a-grain formed from the 
8-phase by transformation, only one (the original) 
occurs geometrically possible for an 
The factors that 
could be responsible for this behaviour have been 
discussed. that have hitherto been given 
little attention are that irregularities in the original 
lattice can only be restored without an increase in 
energy if the original orientation returns, and that 
the transformation mechanism occurs in such a way 
that a source for the reverse transformation is 
easily found, whereas that for any other is not. The 


out of 57 
various 


Two 


development of the texture and faces of crystal 
bar zirconium has also been discussed, and three 
possible mechanisms suggested; these depend on 
crystal growth on the substrate texture, surface 
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energy considerations, and the preferred growth Transformations in Solids (New York, John Wiley, 
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SOME OBSERVATIONS ON THE ANELASTIC PROPERTIES OF 
COPPER AND TIN BRONZES* 


K. J. MARSH? 


Investigations have been made into the low-frequency damping of copper and certain tin bronzes, 
using the method suggested by Ké. Damping curves were obtained at two frequencies, and the various 
features of these—peak damping, peak temperature and activation energy—were —— with the 
results of impact-tensile tests on the same materials; but no correlation was found. A simple model is 
suggested to account for the damping effects in terms of the properties of the grains. The damping at 
amplitudes higher than those used by Ké was examined and curves showing the variation of damping 
with amplitude were obtained. Some measurements were made of the torsional creep of copper at 
low amplitudes and at various temperatures, but the results were not consistent and did not fit the 
equations — by Ké. A reduction in the torsional creep and the damping was found in materials 
of large grain size. 
QUELQUES OBSERVATIONS SUR LES PROPRIETES ANELASTIQUES DU CUIVRE 

ET DES BRONZES D'ETAIN 

On a investigué l’amortissement du cuivre et de certains bronzes d’étain, en employant la méthode 
suggérée par Ké. Des courbes d’amortissement furent obtenues pour deux fréquences; diverses 
caractéristiques de ces courbes, a savoir: les maxima d’amortissement, les températures correspon- 
dantes 4 ces maxima et les énergies d’activation, ont été comparées avec les résultats d’essais de 
traction par choc sur les mémes matériaux, mais aucune corrélation n’a été trouvée. On suggére un 
simple modéle pour expliquer l’amortissement en termes des propriétés des grains. On a examiné 
l’amortissement aux amplitudes supérieures a celles qu’a utilisées K@, ce qui a permis d’obtenir des 
courbes donnant la variation de l’amortissement en fonction de l’amplitude. On a mesuré, dans 
quelques cas, le fluage en torsion, du cuivre, 4 des basses amplitudes et 4 diverses températures, mais 
les résultats n’étaient pas compatibles avec les équations proposées par Ké. Dans des matériaux a 
gros grains on a constaté une réduction du fluage en torsion et de l’amortissement. 


BEOBACHTUNGEN DER ANELASTISCHEN EIGENSCHAFTEN VON 
KUPFER UND ZINNBRONZEN 

Mit Hilfe der von Ké vorgeschlagenen Methode wurde die Niederfrequenzdampfung von Kupfer 
und von gewissen Zinnbronzen untersucht. Mit zwei verschiedenen Frequenzen wurden Dampfungs- 
kurven aufgenommen, und die verschiedenen Charakteristika dieser Kurven—Maximaldampfung, 
Temperatur am Maximum und Aktivierungsenergie—wurden mit den Resultaten von Schlag- 
Zugversuchen am gleichen Material verglichen. Es konnten keine Beziehungen zwischen den beides n 
Versuch rte gefunden werden. Es wird ein einfaches Modell vorgeschlagen, das die Dampfungs- 
effekte auf Grund der Eigenschaften der Kristallite erklart. Es wurde die Dampfung bei Amplituden, 
die grésser als die von Ké benutzten waren, untersucht, und Kurven der Anderung der Dampfung 
bei veranderter Amplitude wurden aufgenommen. Es wurden einige Torsionsmessungen des Kriechens 
von Kupfer mit kleinen Amplituden und bei verschiedenen Temperaturen durc hgefiihrt; die Resultate 
waren eas h widerspruchsvoll und geniigten nicht den von Ké vorgeschlagenen Gleichungen. Fiir 
grosser Korngrésse wurde eine Verminderung des Torsionskriechens und der Dampf- 


EINIGE 


Materialien mit 
ung gefunden. 


the motion takes place along the grain 
and occurs at low loads, suggesting 
behave 


tation; 
boundaries 
that the boundaries themselves 
liquid. This is not surprising in view of the com- 
paratively disordered atomic arrangement which 
must in general be present when the regular 
lattices of grains of differing orientation meet. 
moreover, normal 


I. Introduction 


as a viscous 


The plastic properties of polycrystalline mater- 
ials are influenced both by the intrinsic properties 
of the single crystals forming the grains and by the 
grains impose on one another. 


restrictions adjacen 
While the deformation of single crystals has been 
studied extensively, and a fairly complete under- 
standing is now possible of the processes which 
contribute to it, no such quantitative appreciation 
of the mechanisms by which polycrystalline 
aggregates deform is yet possible. Observations of 
the progress of deformation under creep conditions 


In such disordered 
solubility relationships need not apply and they 
may therefore offer favoured locations for stranger 
atoms; these may well influence markedly the 
effective ‘‘viscosity’’ of the layer 

Ké [1] has recently attempted to give a quanti- 


regions, 


show that adjacent grains may undergo relative 
movement without great change of shape or orien- 
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tative significance to the effective viscosity of 
grain boundaries. He took as his simplified model a 
solid composed of elastic grains cemented by a 
When stress is applied to such a 
locally by 


viscous fluid. 
hypothetical material, it 
shear along favourably oriented grain boundaries. 


is relaxed 


a 
‘ 
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Flow occurs until opposing elastic stresses are 
built up, for example, at grain corners which oppose 
the applied stress. Ké’s predictions on the basis of 
this model were borne out to his satisfaction by 
experiments on the damping capacity, creep and 
creep recovery of several metals, notably alumin- 
ium. 

Investigations of the type made by Ké in his 
experiments offered the possibility of confirming a 
hypothesis proposed by Eborall which formed the 
basis of a method for improving the hot working 
properties of certain tin bronzes [2], and of obtain- 
ing information on the general properties of grain 
boundaries. In a series of impact-tensile tests 
carried out in the Association’s laboratories on 
copper and tin bronzes containing up to 9 per 
cent tin it was found that, at elevated tempera- 
tures, the addition of tin caused a reduction in the 
energy to fracture and in the total elongation; the 
fracture tended to be intercrystalline at the highest 
temperatures, particularly as the tin content was 
increased. The temperature at which embrittlement 
set in was found to depend on the rate of straining, 
and a comparison of the results of the impact- 
tensile tests with those of slow tensile tests gave an 
activation of roughly 50,000 cal/gm. 
Eborall suggested that the reduced impact- 
tensile strength of the bronzes was due to weaken- 
ing of the grain boundaries by the preferential 
segregation of tin to grain boundary regions. 
According to his view the grain boundaries should 
be strengthened by elements of high melting point 
whose atomic diameter differed considerably from 
that of copper. Further tests showed that small 
additions of a number of such elements including 
zirconium, titanium and beryllium effected a 
considerable improvement in the mechanical pro- 
perties. It was also found from creep and stress- 
rupture tests that the addition 
caused a slight improvement in the creep resistance 
of a 5 per cent tin bronze; while the elongation at 
fracture was considerably increased. 

In order to test the theory, an independent 
method of investigating the properties of the grain 
boundaries was required and the methods used by 
Ké offered an indirect way of doing so. At the 
same time it would be possible to make a critical 
examination of the validity of Ké’s views. 

The present report gives a description of the 
apparatus and of a series of investigations on the 
damping properties, at low amplitudes, of some of 
the materials used in the mechanical tests. It also 
describes observations of the effect of amplitude 


energy 


of zirconium 
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of swing on the damping characteristics and gives 
the results of a series of experiments on the tor- 


sional creep of copper under low stress. 


II. Apparatus and Methods 
(t) Description of Apparatus 

A diagram of the apparatus used is given in 
Figure 1. 

(a) Furnace. The furnace consisted of a steel 
tube 1.5 in. in bore with five separate windings of 
‘““Nichrome”’ wire spaced evenly along its length. 
These five heaters were regulated independently 
by rheostats and it was possible to control the 
temperature along the central part of the tube to 


be uniform within + 1.5°C. A differential expansion- 
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type thermostat was used to provide temperature 
control to t1°C, 
inserted through holes in the top cap of the fur- 
The 


arranged at the top, middle and bottom of the 


within Two silica tubes were 


nace. first contained three thermocouples 
specimen length; while the second was used for 
introducing an auxiliary specimen having the same 
previous history as the test specimen. This could 
be withdrawn as required for X-ray or metallo- 


graphic examination. 
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(b) Specimen assembly. The material to be 
tested was in the form of a wire 30 cm in length 
and about 0.075 cm in diameter. This was suspended 
in the furnace with its upper end firmly gripped by a 
pin chuck welded to a steel tube rigidly fixed to the 
top cap of the furnace. The lower end was similarly 
attached to a ‘‘Nichrome’”’ wire protruding from 
the bottom of the furnace. In the later experiments 
the grips were changed to flat steel plates with 
V-grooves. 

For the damping experiments the specimen was 
made to oscillate torsionally by means of a hori- 
zontal swing bar attached to the ‘‘Nichrome”’ wire. 
The frequency of oscillation could be altered by 
changing the weights on the bar. A small mirror 
was attached to the assembly and the amplitude of 
swing observed with a lamp and scale. 

To carry out torsional creep experiments, a 
small coil was attached to the protruding “Ni- 
chrome’”’ wire between the poles of a permanent 
magnet so that it acted like a moving coil galvano- 
meter with the test specimen as the suspension. 
To apply a load to the specimen, a constant current 
was passed through the coil and the strain was 
measured with a lamp and scale. The deflection 
with a hard-drawn specimen was found to be 


proportional to the current up to amplitudes 


considerably greater than those used in the ex- 


periments. 
(11) Experimental Procedure 


For each experiment a 30 cm length of the 
material under test was mounted in the apparatus 
and, before heating, the furnace was flushed for an 
hour with a mixture of white-spot nitrogen and 
hydrogen which had been passed through alkaline 
pyrogallol and dried. The specimen was then 
annealed for the required time with a gas flow 
through the furnace of about 0.4 litre/min. A 
short length of the specimen material was placed in 
one of the silica tubes and was heated at the same 
time as the test specimen. This could be removed 
after the anneal for comparison with the test 
length at the end of the experiment. The furnace 
was then held at various temperatures for damping 
measurements to be made. 

For the experiments at strains of about 10° 
(i.e., Ké) the deflections were 
observed visually. The logarithmic decrement was 
obtained either from the deflections on one side 
of the zero or by noting the time for the amplitude 
to fall a fixed amount and measuring the frequency. 
In the the 
deflections were recorded photographically with a 


those used by 


experiments at larger amplitudes 
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drum-recording camera. Experiments were usually 
carried out at two frequencies so that the activation 
energy could be calculated, as described below. 
Before annealing the specimen for creep tests, 
the current in the coil was adjusted to give a fixed 
deflection of the assembly with the hard-drawn 
wire. This was found to be a more satisfactory 
method of obtaining a constant load than that of 
using a fixed current in the coil since it was not 
possible to obtain a sufficiently exact setting of the 
coil in the magnet to give a reproducible load in 
different tests. The creep was usually measured 
for periods of up to two hours; this was observed 
photographically for the first three minutes and 
then visually. In all the experiments described, 
the maximum surface strain was of the order of 
10-5. A creep recovery curve was obtained by 
noting the deflections after the stress had been 
released. 


III. Investigations of Damping at Low 
Amplitudes 


(1) Initial Tests on Reproducibility of Results 


The aim of the experiments was to measure the 
loss of energy in the torsional vibrations of the wire, 
so it was essential that energy losses in the appara- 
tus itself should be reduced to a minimum. Such 
losses are most likely to occur in those parts of the 
apparatus connected with gripping the specimen, 
due to the relative movement of neighbouring 
parts under severe localised stresses. To assess the 
unwanted loss effects, a specimen of fully-softened 
copper was mounted in the furnace and the damp- 
ing measured, at room temperature when the bolts 
fixing the top pin chuck to the top cap, and those 
fixing the top cap to the furnace wall, were suc- 
cessively loosened. No significant difference in 
damping was found. To test the efficacy of the 
pin chucks, measurements of damping were made 
at room temperature after a specimen had been 
the 
times. The values were in good agreement with each 


removed from furnace and replaced four 


other and with a fifth value when the pin chucks 
had been deliberately loosened. It did not appear 


thezefore that the mounting of the specimen was 
critical. 


(11) Comparison with Published Results 


Three obtained of the variation 


with temperature of damping and rigidity, using 


Curves were 


copper, for comparison with a similar curve 


published by Ké [3]. The material used was a 
specially refined high-purity copper supplied by 
Johnson Matthey and Co. having the following 


10¢ 
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analysis: 0.0002% Fe, < .0003% Pb, 0.0001% Ni, 
<0.001% Ag. This was received as 5/16 in. rod 
and was drawn down to wire 0.05 cm or 0.075 cm 
diameter with intermediate bright anneals. In 
each experiment a new wire was mounted in the 
furnace and annealed for 43 hours at 450°C. 
After annealing, the furnace was cooled to room 
temperature and observations made by heating to 
the required series of temperatures in the range 
20°C-450°C. No significant difference in grain size 
was observed between test pieces withdrawn after 
the anneal and at the end of the experiment. 
For the first two experiments, wire of 0.050 cm 
diameter was used and in the third experiment the 
diameter was 0.075 cm. 

The three curves were similar and a typical 
curve is given in Figure 2. In this it can be seen 
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FIGURE 2. Variation of damping and rigidity with tem- 
perature: copper. 


that the logarithmic decrement rises to a maximum 
value of 0.14 at about 290°C. After a slight de- 
above this the damping 
again at temperatures. The 
rigidity, which is plotted as the square of the 
oscillation frequency, decreases linearly with tem- 


crease temperature 


increases higher 


perature with a more rapid fall near the tempera- 
ture of the damping peak. These curves show the 
the 
published by Ké and the peak value of damping is 


same characteristics as curve for copper 


similar. 
The the 
differs from that in the published curve, but 


temperature at which peak occurs 
according to Ké it can be related to it through 
the following parameter, which is constant for a 


given material: 
f-d- exp (H/RT) 
size, H is an 


In this f = frequency, d = grain 
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per 
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1.99 


Ké’s 


the 
= absolute 


activation energy, R gas 
cal/mol/°C, T temperature. In 
experiments d = 0.03 cm, f = 1 cps. and the peak 


constant = 


occurred at 350°C. In the investigations reported 
d = 0.0035 cm and f = 0.36 cps. Taking H =35,000 
on the basis of Ké’s work, it is calculated that under 
these conditions the peak should occur at 290°C. 
This is identical with the temperature observed. 


(111) Experiments with Material of Larger Grain 
Size 
According to Ké’s analysis, a value for the 
activation energy of the process causing the damp- 
ing may be obtained from tests on materials of 
differing further experiments 
were therefore carried out with copper of larger 


grain size. Some 
grain size. 

In the first experiment, copper wire of 0.05 cm 
This was cold-stretched to 
RA after annealing and was then 


diameter was used. 
cent 
annealed in the apparatus for 4 hours at 450°C, 
giving a grain size of 0.024 cm; eight times that of 
the previous specimen. The curves of damping 
and rigidity against temperature are shown in 
Figure 3. It can be seen that the damping peak was 
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copper 


and 


considerably reduced in amplitude was barely 
resolved, so that it was not possible to determine 
On 


examination, several grains were found to extend 


its temperature with accuracy. subsequent 


right across the specimen. In experiments on 


aluminium Ké [4] found a similar reduction in 
damping when the grain size was comparable with 
the wire diameter. 

In a second experiment a specimen of larger 
diameter was used. This was given a reduction of 
1.8 per cent after annealing and had a diameter of 
0.075 cm. The grain size at the end of the experi- 
ment was 0.012 Initially 


cm. the specimen was 
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annealed for 14 hours at 450°C and the damping at 
this temperature was measured after 8, 10 and 14 
hours. During this time its value decreased con- 
tinually. The temperature was reduced to 300°C, 
where the peak was expected, to find out whether 
the damping was also falling at this temperature. 
After 7 hours at 300°C no change in damping had 
occurred. Starting from room temperature, a curve 
was plotted up to about 350°C, above which it 
became obvious that the damping was still falling. 
During a further 6 hours at 450°C the damping at 
this temperature decreased continually. 

The fall in damping capacity as high temperature 
annealing is prolonged throws doubt on the precis- 
ion with which the height of the damping peak and 
the temperature at which it occurs can be estimated. 
The whole damping curve clearly consists of two 
components; one, the peak associated by Ké with 
viscous movement at the grain boundaries, and the 


other, due to some cause not yet understood, the’ 


form of which did not become constant in Ké’s 
experiments until after long annealing. This 
“background damping’’ was shown by Ké [5] to 
depend on the previous deformation and thermal 
history of the material. 


(tv) Experiments at Two Frequencies: Copper 


An alternative method leading to values for the 
activation energy, which was used by Ké, is to 
carry out identical damping experiments at two 
frequencies. This has the merit that the same speci- 
men can be examined at each frequency so that the 
effects of differences in previous history between 
specimens of different grain size are eliminated. 
From Ké’s views it is expected that the effect of 
increasing the frequency should be to shift the 
damping curve to higher temperatures without 
altering its form. The activation energy H can be 
calculated from the following equation 

R log. (f1/fe) 

—1/T, 
where R = the gas constant, f; and f, the fre- 
quencies of test, and (1/7, — 1/7i) the shift in 
the damping curve, 7 being measured on the 


absolute scale. 

A specimen of copper wire as used in the previous 
experiments was examined at two frequencies. 
Initially annealed material was cold drawn to 32 
per cent RA and was annealed for 93 hours at 
580°C. It had been intended to continue annealing 
until the damping at this temperature reached 
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a constant value but the material was so soft that 
there was a continuous shift of zero, and accurate 
measurements were not possible. The curves of 
damping against frequency are shown in Figure 4. 
The expected temperature shift with frequency 
occurs and the two curves are similar in shape. 
The grain size of the material measured sub- 
squently was 0.0090 cm. The specimen was 
examined at frequencies of 0.305 cps. and 1.29 
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FiGureE 4. Variation of damping with temperature at two 
frequencies: copper. 


These frequencies and those quoted in 
subsequent sections refer to measurements at room 
temperature; although the frequency varied with 
temperature, the ratio of the frequencies at similar 
points on each pair of damping curves was always 
found to be roughly constant. 

With the values obtained from these curves the 


activation energy was calculated to be 


H = 37,000 cal/mol 


cps. 


The result is in reasonable agreement with Ké’s 
corresponding figure of 35,000 cal/mol. 


(v) Experiments with Plain Tin Bronzes 

With Ké’s observations confirmed and a repro- 
ducible technique established, the experiments 
were extended to include some of the tin bronzes 
used in the impact-tensile tests referred to in the 
Introduction. The materials used were from the 
batch of high-purity vacuum-cast copper-tin alloys 
whose impact-tensile properties were determined in 
these tests and these had the nominal compositions: 


91/9 Cu/Sn 
94/6 Cu/Sn 
97/3 Cu/Sn 


Before carrying out damping capacity measure- 


— | 


MARSH: ANELASTICITY OF 
material annealed until the 
damping at 600°C, the annealing temperature, 
became constant. The treatment required varied 
slightly with the material. The 9 per cent alloy was 
first annealed for 7 hours at 500°C when portions 
of the auxiliary specimen were examined by the 
X-ray back-reflection method. The material was 
not fully recrystallized and the annealing tempera- 
ture was raised to 600°C. After a further 6 hours, 
well-defined spots were obtained on the X-ray 
photograph; the damping had then become fairly 
constant. Succeeding specimens were found to 
require an anneal of about 13 hours at 600°C for 
the damping to reach a stable value. 

Each material was examined at frequencies of 
about 0.4 and 1.8 cps. and data obtained on the 
variation of damping and rigidity with temperature. 
The damping curves for these three alloys showed 
a marked difference from that of pure copper but 
no obvious differences between each other. Typical 
curves are those for the 6 per cent tin bronze, 
given in Figure 5, in which the logarithmic decre- 


ments, each was 
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FicureE 5. Variation of damping with temperature 
frequencies: 6 per cent tin bronze. 


ment has a peak value of 0.24 at 465°C and 500°C, 
in contrast with the value of 0.14 at 270°C and 
290°C obtained with copper. From each pair of 


curves an activation energy was calculated. 
Details of the thermal treatment of the alloys are 
given in Table I while the experimental results are 


summarised in Table II. 
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TABLE I 


FINAL PREPARATION OF MATERIALS 


Mat- Sn 


erial 


9% Sn 


bronze 


6% Sn 


bronze 


3% Sn 3%Sn 9% 
bronze 


bronze 
+Be 


Copper bronze 


Final 
cold 
work 32 


\ /0 


RA) 
16 hr, 
650 


13 hr, 
600°C 


123 hr, 


600 


163 hr, 
600°C 
163 hr 
600°C 


7 hr, 
500°C 
6 hr, 
600°C 


Final 93 hr, 
anneal 580°C 


’ 


Final 


grain 0.0090 0.0071 0.0091 0.0052 0.016 0.0035 


size 


(cm) 


TABLE I] 


SUMMARY OF DAMPING RESULTS 


Mat- 9% Sn 3% Sn 3% Sn 


Copper 


6% Sn 
bronze 


Be 


erial bronze bronze’ bronze 


f; cps 1.29 


0.305 


270 $45 


37,000 41.000 49,000 36,000 35,000 


frequency. = temperature of peak 


The Damping of Tin Bronzes with Small 


Additions 
Two alloys which had shown marked reduction 
of hot brittleness in comparison with the plain tin 
bronzes were selected from the same melts as were 
used for the the 
3 per cent tin bronze with 0.05 per cent beryllium 


mechanical tests; first was a 
and the second a 9 per cent tin bronze with 0.1 
per cent titanium. 

The damping curves obtained for these two 
materials are given in Figures 6 and 7 respectively. 


With the peak 


damping occurs at approximately the same tem- 


the beryllium-containing alloy, 
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peratures as in the plain tin bronzes as may be 
seen by comparing with Figure 5, but the value of 
the damping 0.14, is lower. The temperatures 
at which the low-frequency peaks occur in Figures 
5 and 6 cannot be compared directly since different 
frequencies were used. 


T T 


Pre-onneoi Cold Work 69%. RA 
Gram Size O Ol6cm 


Curve 
2 


100 200 
Temperoture 


FicureE 6. Variation of damping with temperature at two 
frequencies: 3 per cent tin bronze containing 0.05 per cent 
beryllium. 
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FicurE 7. Variation of damping with temperature at two 
frequencies: 9 per cent tin bronze containing 0.1 per cent 
titanium. 


Results with the titanium-bearing alloy were 
irregular. After annealing for 16} hours at 600°C, 
the damping was measured at a frequency of 1.57 
cps. as the furnace was cooled to room temperature 
and curve I of Figure 7 was obtained. This shows a 
peak with a value of 0.12 at 470°C. When the 
furnace was heated again and the damping meas- 
ured at a frequency of 0.21 cps. the values of damp- 
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ing fell on a smooth curve to 400°C but above that 
temperature they became erratic (curve II). In 
order to examine the material under similar condi- 
tions to those of the high-frequency test, the 
specimen was further annealed for 16} hours at 
600°C. When the furnace was again cooled, a 
smooth curve was obtained for the damping at the 
lower frequency and this had a peak value of 0.10 
at about 425°C (curve III). Below 400°C the points 
were coincident with those obtained before the 
second anneal. On repeating the higher-frequency 
experiment by heating from room temperature, 
the damping values were found to coincide with the 
first set up to 400°C but above that temperature 
they formed a peak with a value of 0.099 (curve 
IV) considerably below that of the first peak. 
The results of these experiments are included in 


Table II. 


(vit) Discussion 


According to Ké, the damping or energy dissipa- 
tion measured in these experiments is due to stress 
relaxation by a relative movement of elastic grains 
in which the grain boundaries behave in a viscous 
manner. The energy lost by the sliding of adjacent 
grains over each other depends solely on the pro- 
duct of the applied force and the distance moved; 
at low temperatures, when the grain boundaries are 
highly viscous, littlke movement takes place and 
the energy loss is negligible; at elevated tempera- 
tures the viscosity is low so that the maximum 
allowable movement takes place when only a 
small stress is applied and the dissipation of energy 
is again low. Between these two extremes, however, 
where both factors of the product are significant, 
there is a greater dissipation of energy resulting 
in a damping peak at some temperature. Ké shows 
that the absolute temperature T at which the peak 
occurs depends on the grain size d and the fre- 
quency f through the parameter. 


f-d- exp (H/RT), 


where H is an activation energy and R the gas 
constant. 

It is of interest to examine how this expression 
may be derived and to see further what significance 
attaches to the magnitude of the damping peak and 
the temperature at which it occurs. 

Consider, for example, a grain boundary film of 
viscosity 7 between two grains one of which can have 
an unlimited movement over the other in the plane 
of the boundary. 

Let z be the thickness of the boundary film. 
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If a stress s = Sp sin wt-is applied, the velocity 

V of the movable grain is found from the usual 

equation: 

V/z 


Sosin wt: = n° 


If y is the relative displacement of one grain from a 
standard position this can be written as 


dy 


So sin wt- = n-1/z 


(1) 


Solving this differential equation gives 


SoZ 
y = — cos of. 
The energy loss per unit area for a small movement 
dy is given by the product s-dy. Substituting from 
(1) and (2) and integrating over a cycle we obtain 
the energy loss per unit area as 
2 
AE =- 
nw 


(3) 
In this equation the energy loss increases as the 
frequency is decreased or as the temperature is 
increased, since 7 is a function of temperature. It 
therefore represents the equation for the low- 
temperature portion of an ideal damping curve. 

Equation (2) shows that the movement can be- 
come unlimited as 7 is decreased but in practice 
the movement of grains over each other is severely 
restricted by the presence of neighbouring grains. 
We have to limit the movement, therefore, to some 
maximum value + Y. Thus, above a certain tem- 
perature, movement occurs during only part of the 
time when the force is acting, and once the move- 
ment is restricted it can be shown that the energy 
decreases again. 

Hence the equations give rise to a damping 
peak at a particular temperature. The maximum 
energy loss occurs when the grain is just moving 
within the restricted zone, i.e., when y = Y. By 
taking the maximum value of cos ?¢- in (2) we can 


write 


(4) 


The next step is to determine a value for the 
maximum slip distance Y, and there are several 
possible ways of representing this. Ké [4] suggests 
that the slip distance is dependent on the grain 
size. If it depended only on this we could write 


(5) Y = 1/k-d 


Substituting this in equation (4) gives the relation 
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(6) nwd = ksoz 


We can put 7 = m, exp (H/RT) and w = 2af and 
we obtain a parameter relating frequency, grain 


size and peak temperature, 
(7) 


This differs from Ké’s parameter in that the peak 
temperature depends on the stress; but the experi- 
mental evidence in the section 
suggests that the peak temperature is independent 
of the stress level. The discrepancy probably lies 
in the assumption that the slip is proportional to 
grain size only when it is evident that slip along any 
boundary must involve elastic or plastic deforma- 
tion of the grains, and this must depend on the 
applied stress. 

The assumptions may be extended therefore 


f-d-exp (H/RT) = So. (const.) 


described next 


by including the stress as a factor affecting slip 
distance, so that we can write, 


(8) Y 


= 


When this is substituted in equation (4) we obtain 
Ké’s parameter 


(9) f-d-exp (H/RT) = 


Both these assumptions, however, are based on the 
idealised concept of grains with smooth boundar- 
ies, but the grain boundaries met in practice are 
probably far from smooth on a submicroscopic 
scale; and the irregularities must play a far larger 
part in hindering the relative movement of the 


const. 


grains than the grain corners themselves. A single 
projection in two otherwise plane and unimpeded 
surfaces can prevent all movement until the grains 
are deformed elastically or otherwise by the applied 
stress; and any movement which occurs will 
depend on the amount of deformation and, hence 
on the stress. The number and size of such projec- 
tions in a given length of grain boundary would be 
independent of grain size and would be related to 
the previous history of the specimen. A third 
possibility, therefore, for representing the 
distance is to make it proportional only to the stress 
so that 


(10) Y = 


slip 


MS, 


where m is a constant related to the elastic modulus 
and grain boundary roughness. 

Substituting this in equation (4) gives 
(11) 


nwm = 


which leads to a new parameter 


Le 
Y SoZ 
nw 
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(12) m-f-exp (H/RT) = const. 


This contains m instead of the grain-size factor 
in Ké’s parameter and means that a change in 
peak temperature after a heat treatment would be 
attributed to a change in grain-boundary roughness 
rather than to an increase in grain size. Annealing, 
for example, would increase m by lowering the 
elastic modulus and smoothing the grain boundar- 
ies; the peak would then be shifted to a higher 
temperature. 

Equation (3) can be written in terms of the 
damping capacity y. This is the ratio of the energy 
dissipated to the maximum strain energy. The total 
energy dissipation is proportional to the product of 
AE and the grain boundary area per unit volume 
which in turn is proportional to 1/d. 

Hence 
EadE-- 
d 
The stress so on a typical grain boundary is also 
proportional to the macroscopic stress S so that 


(13) 


If we now substitute the value of nw appropriate 
to the peak from (11) we have an expression for 
the peak damping; i.e., 


(14) 


It may be noted that if we apply the same argu- 
ment to equation (8) we obtain the result that 


yac 


This is in accord with Ké’s suggestion that the peak 
damping is independent of grain size so that the 
assumption that slip distance depends on stress 
as well as grain size appears to be implicit in his 
model. 

However equation (14) shows that the height of 
the damping peak is a function of grain size and 
grain-boundary roughness. Hence it would be 
expected that with large grains the peak would be 
reduced and this may account for the reduction of 
the damping peak observed by Ké with specimens 
of increased grain size. In practice, strict inverse 
proportionality of peak damping with grain size 
would not be expected since not all the grain 
boundaries in a unit volume are contributing to the 
damping; some, for example, are so inclined that 
there is no shear stress along the boundary, while 
others are on the outside surface of the specimen. 
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Where damping peaks of different heights are 
obtained from materials with similar grain sizes 
these may be due to changes in m; that is, to grain- 
boundary roughness. Annealing and mechanical 
working may therefore be expected to affect the 
peak damping. Alternatively, when the peak is 
reduced by small additions of foreign elements, this 
may be due to the blocking of certain boundaries by 
the preferential segregation of the addition. This 
would reduce the effective grain-boundary area of 
the basis material and so give a lower peak. The 
modified boundaries would have their own charac- 
teristic viscosity which would give rise to a damping 
peak at some other temperature. 

When experiments are carried out at similar 
stress levels and frequencies, the ratio of the 
viscosities at any temperature can be obtained 
from the temperature difference of the peaks. The 
experiments reported above show that there is a 
marked difference between the peak temperature of 
copper and the copper alloys but that the alloys 
show no difference between themselves. The experi- 
mental conditions are sufficiently similar for broad 
comparisons to be made and a rough calculation 
based on equation (11) gives the ratio of the grain- 
boundary viscosities in copper to that in the alloys 
as 1: 12,000. This appears to be the case even with 
the addition of sufficient beryllium to cause a 
marked change in the mechanical properties. 

The activation energy for a given material can be 
calculated by carrying out experiments at different 
frequencies since this does not involve any assump- 
tions regarding the constants in equation (4). 
Wherever the curves are sufficiently reproducible 
this has been done, but the accuracy of the calcula- 
tion is not very high. The activation energy there- 
fore, is only useful as a criterion for comparison 
when large and consistent differences are observed 
and in these experiments the differences cannot be 
regarded as significant. 

The foregoing analysis applies only to the case of 
viscous grain boundaries between elastic grains; but 
in practice the damping curves do not represent the 
damping due purely to viscous slip and there is 
evidently a contribution from a further mechanism. 
This ‘‘background”’ damping cannot be separated 
from the grain-boundary peak and itself varies 
with the previous history of the specimens. As a 
result of this, the uncertainties of interpretation at 
this stage are so great that discussion can only be 
speculative. However if Ké’s interpretation is 
accepted, the results show clearly that the addition 
of tin to copper does not reduce the viscosity of the 
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boundaries in small movements but, on the con- 
trary increases it. On this basis, the interpretation 
of the observations on tensile ductility must in- 
volve other quantities, perhaps relating to the 
fracture process rather than to the stress redistribu- 
tion which precedes it. An alternative view might 
be that the movements preceding fracture are much 
larger than those postulated in the damping; the 
latter being only a few atomic distances; and that 
the mechanism of movement might alter with 
increasing displacement. It was thought worth 
while, therefore, to conduct a few experiments on 
damping at higher amplitudes and on torsional 
creep, to see if some clearer differentiation could be 
made between the experimental materials which 
might serve as an empirical basis for the rapid 
assessment of creep performance. These experi- 
ments failed to suggest such a basis and are simply 
recorded without extensive discussion, in case the 
results may later prove to have some value. 


IV. The Effect of Amplitude on Damping 
(1) Increased Amplitudes 

In the experiments so far described, the maximum 
surface strain on the specimen was of the order of 
10-5 (corresponding to a deflection of 6 cm ona 
screen 3 metres from the galvanometer suspension). 
With a grain size of 0.009 cm this would involve 
a maximum movement at the grain boundaries of 
about 9 A or 3 atomic diameters. The grain boun- 
dary movement occurring during the course of 
conventional creep tests may well be of the order 
of thousands of angstroms. It is possible that 
damping experiments at low amplitudes involve a 
different mechanism of grain-boundary movement 
from that operative during creep so some experi- 
ments were carried out to investigate the damping 
at strains differing from those normally employed 
with a Ké apparatus. 

(a) Experimental details. Two series of observa- 
tions were made on the damping of high-purity 
copper at relatively high amplitudes; the first at 
one frequency, and the second at two frequencies 
so that an activation energy could be calculated. 
In order to make accurate measurements of the 
individual amplitudes of swing, a drum-recording 
camera was used. Each of the two specimens 
examined was given a final reduction of 44 per cent 
RA and was annealed for 4 hours at 600°C, giving a 
grain size of 0.0064 cm. As the results of each 
experiment were essentially similar, only the more 
detailed experiment at two frequencies will be 


described. 
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For each reading the assembly was swung to give 
an initial surface strain of about 7 X 10-* and the 
logarithmic decrement was calculated for deflec- 
tions corresponding to strains of 2.1 & 10-° and 
4.2 X 10-* as the oscillations died away. Curves 
were then plotted of the variation of these values 
with temperature for frequencies of 2.12 cps and 
0.35 cps at room temperature. Figure 8 shows the 
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FIGURE 8. Variation of damping with temperature at two 
frequencies and two surface strains: copper. 


damping curves at the two strains for each fre- 
quency. The low-strain curves are similar to each 
other and to the corresponding curve obtained in 
the first experiment; but the curves at the higher 
strain differed considerably and were not reproduc- 
ible. It should be emphasised that the pair of 
values at each temperature were taken from 
different points in the same train of oscillations. 
Several sets of swings were recorded at each 
temperature and these were found to be quite 
each other, showing that the 


consistent with 


specimen underwent no appreciable internal change 


during the taking of readings at these amplitudes. 

(b) Activation energy. The damping at the low 
strain was plotted against the reciprocal of the 
absolute temperature and from the shift in the 
curves at the two frequencies an activation energy 
was calculated having the following value: 


H = 28,000 cal/mol. 


It was not possible to calculate the activation 
energy from the curves at the higher strain because 
they were too dissimilar. 

(c) Variation of damping with amplitude. 


The 
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records taken at various temperatures in the high- 
frequency experiment were analysed in detail to 
find the variation of damping with amplitude. 
Four of the curves obtained are given in Figure 9, 
in which the vertical lines represent the strains at 
which the values for Figure 8 were taken. The 
temperatures selected represent, respectively, the 
damping at room temperature, the position of 
greatest slope, the peak, and the high-temperature 
region. Above strains of 2 X 10-° the damping was 
found to vary with amplitude at all temperatures. 
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FiGuRE 9. Variation of damping with strain: copper. 


(d) Damping at greater amplitudes. Before the 
specimen was removed from the furnace a further 
set of observations were made at even greater 
amplitudes such that the initial strain was about 
20 Xx 10-*. It was not possible to measure the 
damping at strains greater than 10~ since, above 
this value, the suspension system was too highly 
damped. The variation of damping with strain at 
several temperatures is shown in Figure 10. 


(ii) Damping at Various Strains with Increased 


Grain Size 

To investigate the effect of increased grain size 
on the damping, an experiment was carried out on 
similar lines to the one described above, using a 
copper specimen with a larger grain size. This 
specimen was given a 44 per cent reduction and 
annealed for 24 hours at 950°C in an atmosphere of 
nitrogen plus hydrogen. After being mounted in the 


apparatus it was annealed again for 16 hours at 
600°C. This produced a grain size of about 0.1 cm 
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and most of the grains stretched across the entire 
width of the specimen. 

The damping was first measured for strains less 
than 0.22 X 10-° at frequencies of 2.27 cps and 
0.329 cps. The curves were coincident over the 
range examined and showed no trace of a damping 
peak around 300°C. Figure 15, curve I, shows the 
variation of damping with temperature; the damp- 
ing was fairly constant up to about 300°C but, 
above, it increased slowly with temperature. This 
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FicurE 10. Variation of damping with strain: copper. 
increase may correspond with the background 
damping observed in experiments with smaller 
grain sizes but its values are much lower, as may 
be seen by comparison with, for example, Figure 2. 

Following this, the damping was again measured 
from trains of oscillations in which the initial 
strain was 7 X 10~‘ and the logarithmic decrement 
was calculated for strains of 2.1 X 10-° 4.2 k 10-5 
and 6.3 X 10-5 at each temperature. The variation 
of damping within this range of strains was not so 
great as with the smaller grain specimens but the 
general level of damping above 250°C was consider- 
ably higher than that measured at the lowest 
strain. The three curves obtained at these strains 
are given in Figure 15. 


(111) The Damping at Reduced Amplitudes 


Throughout the experiments described in the 
preceding sections the specimen had been gripped 
in the apparatus by pin chucks. The increase in 
damping at higher amplitudes may possibly be 
associated with the method of gripping the speci- 
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men since originally this was only intended to be 
used for tests at low amplitudes. A detailed test 
was carried out using the pin chucks to see if a 
variation of damping with amplitude could be 
detected at strains below those normally employed 
(i.e., 10-5). 

A damping curve was obtained in which the 
maximum surface strain on the specimen did not 
exceed 0.25 X 10-°. Without touching the speci- 
men in any way, a second set of observations was 
then made in which the maximum surface strain 
was 1.3 X 10-5. At all temperatures the damping 
was found to be slightly higher in the second experi- 
ment at the higher strain. This result was contrary 
to that obtained in the original tests on the appara- 
tus so it was decided to see if the effect was repro- 
ducible with new grips. 


(wv) The Use of New Grips 


A new set of grips was made consisting of two 
flat steel plates which could be bolted firmly 
together. The specimen was gripped between these 
in V-grooves. 

Using these grips, a number of tests was carried 
out on a specimen of copper wire. This had been 
given a previous reduction of 44 per cent RA and 
was then annealed in the furnace for 16 hours at 
500°C, giving a final grain size of 0.0068 cm. The 
sequence of observations then 


following was 


made: 


Pre-annea! Cold Work 
Gram Sze 
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FiGurE 11. Variation of damping with temperature at 
reduced amplitudes: copper. 


(a) Before annealing, the damping of the cold- 
drawn wire was measured at room temperature up 
to a strain of 7 X 10-°. The logarithmic decrement 
had a value of 0.007 and did not change apprec- 
iably over this range of amplitude. 

(b) The specimen was annealed and cooled to 


room temperature. Measurements of damping 
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Specimen as for Fig I! 
Frequency |-64¢p5 


Curve I Surfoce Strain 
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FiGuRE 12. Variation of damping with temperature at 


various strains. 


were then made for a frequency of 1.64 cps as the 
temperature was raised and the maximum strain 
was kept below 0.5 X 10-°. The specimen was 
cooled to room temperature, and the damping 
again measured to ascertain whether any change 
had during the test, but 
observed. 

(c) The inertia arms were changed for a repeat 


occurred none was 


experiment with the same maximum strain but at a 
frequency of 0.351 cps. Before taking any readings, 
the specimen was held for an hour at 500°C to 
relieve any stresses caused by changing the inertia 
arms, and then measurements were made as the 
furnace was cooled. Figure 11 shows the damping 
curves obtained from these two sets of observations 
and with this data the activation energy was cal- 
culated to be 
H = 31,000 cal/mol 


into 
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FicureE 13. Variation of damping with amplitude: 
Maximum surface strain 1-3 X 107°. 
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(d) After replacing the high-frequency inertia 
arms and giving stress relief for 1 hour at 500°C, 
damping measurements were made at a strain of 
1.1 X 10-5. Curve II of Figure 12 shows that the 
damping was slightly higher than that of the 


(curve I). Detailed 
analyses were made at several temperatures of the 
variation of damping with amplitude and these 


experiment at lower strains 


are given Figure 13. 


2° 
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FiGureE 14. Variation of damping with amplitude: copper. 
Maximum surface strain 7 X 10-5. 

(e) A final set of observations was made in which 
the initial strain was increased to 7 X 107° and the 
damping was measured at several points as the 
oscillations died Curves III and IV in 
Figure 12 show the damping at strains of 6.3 K 1075 
and 2.1 XK 10~°. The detailed analysis of individual 
trains of oscillations are given in Figure 14. 


away. 


(v) Discussion of Results 


Although the damping has been found to vary 
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FiGurE 15. Effect of amplitude on damping with specimen 
of large grain size: copper. 
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with amplitude in all of these tests, the way in 
which it does so is not consistent; whereas in 
Figures 9 and 10 the damping increases consider- 
ably as the amplitude increases, it shows a ten- 
dency to flatten off in the curves of Figure 14. Since 
different grips were used in these experiments it is 
reasonable to suppose that much of the inconsis- 
tency can be attributed to spurious damping caused 
by losses associated with the grips. Fortunately the 
effect is not very pronounced with the pin chucks 
at strains of the order of 10-° so the experiments 
described in section II can be regarded as having 
been carried out in conditions leading to unimpor- 
tant grip losses. The difficulty arises with the 
interpretation of the variation of damping with 
amplitude at strains greater than this. Of the two 
variations represented by Figures 9 and 10 on the 
one hand and Figure 14 on the other, those of Figure 
14 obtained with the new grips are regarded as more 
reliable since, before performing the experiment, no 
change of damping with amplitude could be de- 
tected in the hard-drawn wire up to strains of 
7X10~°. While the expansion at high temperatures 
might be expected to loosen the grips and to allow 
slipping to take place, this effect would become 
greater as the temperature increased; but, in fact, 
the greatest variation of damping with amplitude 
is observed around 300°C, the peak temperature, 
and at 504°C the slope of the curves has decreased. 
It therefore seems likely that the results reported 
in subsection (iv) give a fairly accurate indication 
of the behaviour of the specimen itself. 

The curves in Figure 13, which coyers the range 
of strains normally used with the Ké apparatus, 
suggest that even at low stress levels there is a 
small linear dependence of damping on amplitude 
and that this is greatest in the region of the peak 
not sufficiently 
extensive, however, to establish a general rule, and 
remain to be confirmed by further experiments. In 


temperature. These results are 


Figure 12 the surface strain is increased by a 
factor of 12 but no change is apparent in the 
temperature of the damping peak. The same effect 
was observed in the experiments described in 
section I and is illustrated by Figure 8, although 
the strains do not cover such a wide range. It is 
evident, therefore, that stress or strain should not 
appear in any parameter relating temperature and 
other experimental factors. 

The activation 
measured in experiments carried out at three 
different strains and the values are collected for 


energy for copper has been 
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comparison in Table III. These values do not show 
any general trend as might be expected if a different 


mechanism came into play at higher strains. 


TABLE III 


0.5 X 10° 


1 X 10-5 


Activation energy 


cal/mol 31,000 


37,000 


28,000 


V. Torsion Creep Experiments 


It is evident that these measurements of damping 
are not suitable for studying the mechanism 
associated with the large grain movements observed 
in creep; but it should be possible to link up the 
tests at low strains with the conventional creep 
tests by carrying out torsional creep tests at differ- 
ent levels of elastic strain, commencing with the 
strains used in Ké-type damping experiments. 
Ké [1] showed that, with aluminium, torsional 
creep and stress relaxation tests gave the same 
activation energy as the damping tests and he 
suggested that the same mechanism, namely, 
grain-boundary slip, was responsible for all three 
phenomena. Before carrying out the tests at differ- 
ent stress levels it was thought desirable to per- 
form a series of tests at different temperatures and 
one stress to see how far the results corresponded 
with those of Ké. A low stress was chosen to reduce 
the complication of plastic deformation so that 
grain boundary slip would be the dominating 
mechanism. 


(t) Tests on Copper 


A series of tests was carried out at various 
temperatures and the stress was chosen to give a 
strain of 0.88 X 10° in the hard-drawn wire before 
annealing. The specimens were of the high-purity 
copper used in all the damping tests and each was 
given a final reduction of 44 per cent RA followed 
by an anneal in the apparatus of 16 hours at 500°C. 
This gave an average grain size of 0.007 cm. The 
creep tests were performed at temperatures 
ranging from 140°C to 402°C and at the end of each 
test the deflection was observed after the stress 
had been removed, so that a creep recovery curve 
could be drawn. 

Three typical creep curves are given in Figure 16 
in which the deflection on a screen 2} metres from 
the assembly is plotted against the time in minutes. 
The same curves are also given in Figure 17 in 
which values of dt/do are plotted against time; 
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dt is the deflection at a time ¢ and do is the instant- 
aneous deflection at ¢ = 0. In this type of curve 
the creep strain is related to the elastic strain and 
creep curves with different elastic strains can be 
compared with each other. 

Although the points in each experiment were 
usually found to be on a smooth curve, the repro- 


ducibility of the curves was not very good and in 
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Creep and creep recovery curves: copper. 
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FIGURE 17. Creep in terms of instantaneous deflection 


(dt/do): copper 


the worst case the creep changed by a factor of two 
in a repeat experiment. This uncertainty makes it 
difficult to investigate the relationship between 
creep and temperature and it is only possible at 
present to make a few general observations on the 
creep behaviour. 

(a2) The amount of creep in a given time in- 
creased with the temperature of the experiment 
with the exception of a few experiments which are 
regarded as anomalous. The increase in creep was 
not as much as would be expected if the results 
conformed to an activation law. The results were 
Ké [1] in 


which the time ¢ is observed for the curves to reach 


analysed by the method described by 


the same value of dt/do at various temperatures. 


6 
140°C 
2 
230°C 
Recovery 
te 
— 
ite | 
2 
re) = 4 4 
| 
ail 
vat 


544 


An activation energy H can then be calculated 


from the equation: 


d(logot) __H_ 

d(1/T) 2.3R 
where 7 is the absolute temperature and R the gas 
constant. Curves of log;ot against 1/7 for different 
values of dt/do should therefore be parallel straight 
lines with the gradient H/(2.3R). In these experi- 
ments, however, the points obtained in this way 
were so scattered that it was not possible to obtain 
even a rough value for the activation energy. 

‘b) The general form of the curves is similar to 
that published by Ké for aluminium and is not 
unlike conventional creep curves carried out at 
higher stresses. It would be expected that if the 
creep were solely due to slip at grain boundaries, it 
would tend to zero at long times when all the grain 
boundaries were relaxed; but in the experimental 
curves the creep continues at a steady rate at 
times considerably longer than the order of the 
relaxation time. A theoretical creep curve was 
derived from the damping curve of Figure 4, using 
the relaxations derived by Zener [6] and is shown in 
Figure 17. In the course of this derivation, use is 
made of a value for activation energy in order to 
convert damping values at various temperatures 
into creep values at various times. This implies 
that the conversion can only be made when one 
relaxation process is involved: it is probable that 
two processes are occurring in these experiments 
and these may have widely differing activation 
energies so that the equations are not strictly 
applicable. However, the derived curve illustrates 
the difference between the experimental curves 
and those expected from theoretical considerations; 
essentially it differs from the experimental curve 
in that the initial creep rate is greater and that it 
tends to zero at longer times. In Figure 4 the 
damping curve shows only a small contribution by 
the background damping and if this had been 
greater the derived creep curve would have con- 
tinued to increase. There is good reason, therefore, 
to assume that the background damping and 
‘steady-state’ creep are due to the same process. 
That this process is related in some way to theslip 
of grain boundaries is indicated by the fact that 
with specimens of larger grain size not only is the 
damping peak eliminated but also the background 
damping is reduced (compare for example Figures 
11 and 15). Under these conditions the creep is also 
reduced as was shown by a creep experiment at 
402°C with copper of increased grain size (about 
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0.1 cm) in which the creep was almost negligible; 
there was a small amount of movement during the 
first 10 minutes, after which the deflection re- 
mained steady until the end of the test: at 30 
minutes the value of dt/do was 1.040 compared 
with a value of 1.505 in a specimen with a grain 
size of 0.0070 cm tested under similar conditions. 

(c) The curves have been found, within the 
limits of experimental error to conform to an 
equation of the type 

dt/do = 1+ af’; 
in other words, to an equation of the Andrade 
type but with a negligible ‘‘viscous’”’ (K) term. 
The values of a were found to lie in the range 0.14 
to 0.58 and the values of 0 in the range 0.25 to 
0.40 but no correlation could be found between 
either of these and the temperature. 

The work carried out so far is not sufficiently 
advanced for any general conclusions to be reached. 
The relation of the curves at various temperatures 
to each other is at present obscured by the lack of 
reproducibility of the results and until this is 
improved it will not be possible to derive any 
information on the effect of and 


useful stress 


temperature on creep. 


VI. General Conclusions 


1. The damping capacity of copper and several 
tin bronzes has been measured by the method used 
by Ké and gives results considered to indicate the 
viscosity of the grain boundaries; these show that 
the addition of tin to copper increases their viscos- 
ity. The values for the activation energy of the 
grain-boundary flow process are subject to con- 
siderable experimental error and are not suffic- 
iently accurate to differentiate between the grain- 
boundary characteristics of the materials exam- 
ined. 

2. The height of the damping peak appears to be 
the most significant feature of the results, but 
depends on a number of factors which are not yet 
fully understood and therefore cannot be used to 
indicate what properties would be obtained in 
creep and hot impact-tensile tests. 

3. The damping effects and corresponding effects 
in torsional creep experiments which are also 
reported, are most evident in materials of small 
grain size and are reduced in materials of larger 
grain size. This is consistent with the view that 
they are associated with the relative movement of 
the grains at the boundaries. 
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4. The damping curves contain a contribution 
from a “‘background”’ damping effect, which can 
have a marked influence on the height and position 
of the damping peak. This background varies 
with the heat treatment of the specimen and 
experiments should only be carried out after 
annealing until it reaches a stable value. In experi- 
ments with materials of comparatively large grain, 
where the peak is reduced, the background is also 
lowered; it may thus be associated with plastic 
deformation in the grains caused by relative 
movement at the grain boundaries. 

5. The damping varies with amplitude even 
at the smallest amplitudes used and the depen- 
dence on amplitude is greatest in the region of the 
peak damping. The nature of the dependence 
varies with the type of grip used. The peak damp- 
ing temperature is unaffected by the stress level 
in the range examined. 

6. Difficulty has been encountered in obtaining 
reproducible creep curves but in general the amount 
of creep in a given time does not increase with 
temperature as much as would be expected if 
the results conformed to an activation law, with 
an energy of activation similar to that found for 
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the damping. The curves conform to an equation 


of the type: 


dt/do = 1+ af, 


where 0 is the order of 1/3. 
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LETTERS TO THE EDITOR 


Wachstum und kristallographische Orien- 
tierung von Dendriten* 


Durch experimentelle Untersuchungen ist be- 
kannt, dass die Hauptwachstumsrichtungen von 
Dendriten in Schmelzen oder Lésungen niedrig 
indizierte kristallographische Richtungen sind, die 
als Dendritenachsen bezeichnet werden. Dieser 
Befund zeigt, dass fiir die Richtung des dendriti- 
schen Wachstums nicht Spitzenwirkungen 0.4. 
verantwortlich ist, sondern dass die Anisotropie 
der Reaktionsfahigkeit der verschiedenen kristallo- 
graphischen Flachen einen wesentlichen Einfluss 
hat. Unter der Reaktionsfahigkeit einer Flache 
verstehen wir die Wahrscheinlichkeit, dass ein in 
die betreffende Grenzflache eintretender Gitter- 
baustein tatsachlich fest im Gitter gebunden wird. 

Die Tabelle zeigt, dass die Dendritenachse nicht, 
wie gelegentlich vermutet wurde [1], die dichtest 
besetzte Gittergerade des betreffenden Kristalls ist. 
Eine naheliegende Vermutung ware, dass die Den- 
dritenachse sich senkrecht zu Flachen sehr grosser 
Wachstums-Aktivitat (=Wahrscheinlichkeit der 
Bildung von Flachenkeimen) einzustellen sucht, da 
die Wachstumsgeschwindigkeit v, in Normalen- 
richtung einer Flache deren Wachstums-Aktivitat 
proportional ist. Nun sind aber Flachen grosser 
Aktivitat sehr wenig dicht mit Atomen belegt; 
sie werden deshalb durch die mit grosser Tangen- 
tialgeschwindigkeit v, wachsenden dichtest belegten 
Flachen, die ja kleinste Wachstums-Aktivitat und 
niedrigste Absorptionsenergie haben, aufgezehrt. 

Offensichtlich kommt es fiir die Méglichkeit zu 
dendritischem Wachstum darauf an, dass sich die 
zur Dendritenachse senkrechte Flache (als Den- 
dritenflache bezeichnet) iiberhaupt ausbilden kann. 

Wir verstehen unter der primitiven Gleich- 
gewichtsform eines Kristalls denjenigen K6rper, 
der von den dichtest gepackten Flachen und—falls 
dies noch keinen allseitig begrenzten K6érper ergibt, 

-den nachst dichtest gepackten Flachen begrenzt 
wird. v,’ bezeichnet die Wachstumsgeschwindigkeit 
einer der primitiven Gleichgewichtsform des Kris- 
talls angehorigen Flache (im allgemeinen diejenige 
kleinster Wachstums-Aktivitat und »,’’ die Wachs- 
tumsgeschwindigkeit der Dendritenflache. Die Aus- 
bildung der Dendritenflache ist nur méglich, wenn 
die Ungleichung 

v, > COS 


*Received January 19, 1954. 


erfiillt ist. (Siehe Abb.). @ ist dabei der Winkel 
zwischen der Dendritenachse und der Normalen 
zur Gleichgewichtsflache. Diese Ungleichung wird 
am ehesten erfiillt sein fiir die langsamst wachs- 


ende (also dichtest belegte) Kristallflache, die 


Die Bedingung fiir die Bildung frei wachsender Dendriten. 
(a) cos Keine Dendritenbildung méglich 


Vp 


vn’ cos ¢: Normalfall des dendritischen Wachstums. 


te) > 
Auf Grund der Aktivitat der beiden 
Flachen entstehen abgerundete Kristall- 
formen. 


nicht zur primitiven Gleichgewichtsform gehdért. 

In Ubereinstimmung mit den Angaben in der 

Tabelle ist dies im allgemeinen die zweitdichtest 


| Vn 
n 
Vn 
(b) vn’ cos = eye: Kritischer Fall 
u“ 
Vn 
—— 


LETTERS TO 
Flachen 
der 
primitiven 
Gleichge- 
wichtsform 


Nachst- 

dichtest 
belegte 

Flache 


dichtest 
besetzte 
Gitter- 
gerade 


Dendriten 


Gittertyp achse 


kubisch 
raumzen- 
triert 
kubisch 
flachen- (100) (1) 
zentriert (2) 
hexagonale 
dichteste (1010) (1) 
Packung (2) 


(100) (1) {111) {100} 


(110) {111} {100} 


(0001) 
{1010} 


(1120) 1010} 

tetragonal 
raumzen- 
triert 

Na-Cl-Typ 


(110) 
(110) 
110} 


(100) 
(010) 
{ 100} 


[110] (1) 
[110] (2) 
(110) (4) 


[001] 


(100) 


besetzte Gitterebene.* Lediglich die hexagonale 
dichteste Kugelpackung macht hier eine Ausnahme, 
da die zweitdichtest belegten Ebenen {1011} der 
primitiven Gleichgewichtsform angehéren, sodass 
an ihre Stelle die drittdichtest belegten Ebenen 
{1010} als Dendritenflachen treten. Auch dies ist 
in Ubereinstimmung mit den Beobachtungen. 
Weinberg und Chalmers [2] haben fiir die Den- 
dritenachse diejenige Richtung vorgeschlagen, in 
der sie sich mit der Maximalzahl dichtest gepackter 
Flachen umgibt, und zwar in der Weise, dass die 
Achse den Winkel zwischen zwei dichtest gepackten 
Ebenen halbiert. Diese aus der Erfahrung ab- 
geleitete Regel trifft zu fiir die von Weinberg und 
Chalmers betrachteten Gittertypen. (Flachenzen- 
triert-kubisch und raumzentriert tetragonal— bei 
der hexagonalen dichtesten Kugelpackung sind 
kompliziertere Uberlegungen notwendig). Beim 
NaCl-Typ dagegen liefert die Regel kein mit der 
Erfahrung iibereinstimmendes Ergebnis. 
Dendritisches Wachstum kann also eintreten, 
wenn v,’ mindestens so gross geworden ist, dass 


= COS 


gilt. Dies erfordert eine verhadltnismassig grosse 
Keimbildungshaufigkeit auf der dichtest belegten 
Flache, wie sie nur weit vom Phasengleichgewicht 
entfernt auftritt (grosse Ubersattigung oder starke 
Unterkiihlung). In diesem Bereich ist die Keim- 
bildungshaufigkeit so gross, dass die Reaktions- 
fahigkeit von dichtest gepackten Flachen mit der- 


*Alle diese einfachen Uberlegungen gelten natiirlich nur, 
solange nicht durch Fremdstoffzusatze die Potentialverhalt- 
nisse an den Kristallflachen grundlegend geandert werden. 
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jenigen von Stufenflachen [3] vergleichbar wird und 
somit runde Kristallformen méglich sind. 

Nachdem durch das obige Kriterium itiber die 
Wachstumsrichtung des Dendriten entschieden ist, 
wird fiir die wirkliche Ausbildung eines frei wachs- 
enden Dendriten die Spitzenwirkung wesentlich. 
Wie schon Weinberg und Chalmers [2] betont 
haben, wird die Keimbildungshdufigkeit bei frei 
wachsenden Dendriten zur Spitze hin grésser. Der 
Wachstumsmechanismus auch béi hier 
vorliegenden schnellen Wachstum grundsatzlich 
derselbe, wie beim langsamen Wachstum. Es 
handelt sich hier ebenfalls um ein seitliches Aus- 
wachsen der dichtest Flachen 
wachstum mit der Erweiterung, dass die Wachs- 
tumsgeschwindigkeit senkrecht zu diesen Flachen 
vergleichbar ist mit der tangentialen Wachstums- 
geschwindigkeit. 


ist dem 


belegten Rand- 
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Solubility of Nitrogen in a-Iront 


The small solubility of nitrogen in a-iron has 
recently been measured in the range of temperature 
from 570°C to 170°C in by 
Dijkstra [1] using the 
phenomenon, and by Borelius, Berglund and Avsan 


two different ways; 


mechanical relaxation 


[2] using the method of isothermal calorimetry. 
The results of these two investigations differed by a 
factor of about two, and we have been searching 
for the source of this discrepancy by new measure- 
ments of both kinds. 

Dijkstra made his measurements on wires with a 
diameter of 0.6 mm, used as the suspension wire of 
a torsional pendulum with a period of vibration of 
about one second. He determined the maximum 
logarithmic decrement A for small amplitudes, 
which for this period occurs at about 20°C. The 
concentration c of nitrogen in solution was assumed 
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to be proportional to A. The ratio of c to A was 
determined by measurements of the resistivity and 
use of the relationship between resistivity and 
concentration of nitrogen obtained by Késter. The 
value of c/A was determined at concentrations 
below 0.015 weight % but was assumed to be 
constant in the whole range covered by the damp- 
ing measurements or up to about 0.1%. The logar- 
ithmic decrement A was measured after aging at 
different temperatures in order to obtain the 
equilibria at these temperatures. At temperatures 
between 250°C and 300°C a metastable equilibrium, 
occurring before the stable one, could be clearly 
observed. In Figure 2, which shows the atomic 
ratio of N to Fe on a logarithmic scale against the 
reciprocal of the absolute temperature, the values 
obtained directly from the graphs of Dijkstra are 
shown by the circles on the left side of the dotted 
horizontal lines. 

The present investigation on the relaxation 
phenomenon performed in another 
Instead of observing the oscillations of a thin wire, 
the nitrogen content of which had to be determined 
indirectly, we studied the relaxation after-effect 
of a spiral of such dimensions (about 200 grams of 
weight) that the amount of nitrogen put into it 
could be determined simply by its increase of 
weight. The method had been developed in this 
Laboratory by Lindstrand, whose work is still 
unfinished and unpublished. The spirals used were 
of a technically pure iren with small impurities of 
Si, Mn, P, S, C, and N. They were purified from 
C and N by heat treatment in wet hydrogen and 
loaded with various amounts of N in a mixture of 
NH; and Hy. The measurements were made at 
— 18°C where the time constant for the exponential 
relaxation of N in a-Fe is 25 seconds. The spiral was 
fixed at its upper end. The lower end was turned an 
angle €, of about 50 degrees, kept there for a suffic- 
ient time, and quickly released. The after-effect was 
recorded and its starting value €:, just after the 
release was determined. According to the theory of 
simple relaxation phenomena the ratio €2/ €:1 is 
related to the maximum logarithmic decrement A 
determined by Dijkstra by the formula 


was way. 


(1) 


In Figure 1 the experimental values of €2/ €1 are 
shown as a function of the content of nitrogen. The 
specimens were in all cases quenched from a 
temperature where all N was in solution and special 
care was taken to prevent precipitation during 
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0.050 by weight 0100 


Ficure 1. After-effect as a function of the content of 
nitrogen in per cent by weight. 


quenching. At low concentration the ratio of 
€2/ €, toc has very nearly the value found and used 
by Dijkstra. At the higher values of c there are 
large discrepancies, the nature of which will be 
discussed in a later publication. By means of the 
diagram of Figure 1 the results of Dijkstra have 
been recalculated. We are aware, however, of the 
uncertainty of this calculation owing to the fact 
that Dijkstra’s measurements were made at 
+20°C, ours at —18°C. The corrected values are 
given in Figure 2 by the circles at the right ends of 
the dashed horizontals. Using the diagram of 
Figure 1, we have also made a few determinations 


%by weight 


Relaxation measurements 
This investigation 

Dijkstra 

recalculated 


| 
| 
| 
Calorimetric_ measurements 


« This investigation 


techn. iron 
“ pure iron 
+ Borelius, Bergiund & Avsan 


100; 


0.0001 


0.001 tog N/Fe 
Ficure 2. Part of the logarithmic equilibrium diagram 
Fe-N. 


2, 1951 
| 010 
4 
4 
0.05 
° 
0 
0 
600; . | 
1000 
400; 15 
300: | 
| wits 
r2.0 
200; 
125 
= — A 
ia | 
| | 


LETTERS TO 
of the solubility limit, by measurements on the 
same samples as above quenched from tempera- 
tures where the nitride and N in solution were in 
equilibrium. The results are shown in Figure 2 as 
filled circles and fit well with the corrected values 
of Dijkstra. 

In search of the source of the discrepancies, 
have also repeated the calorimetric measurements 
of Borelius, Berglund and Avsan. In these measure- 
ments a sample of some 100 grams weight was first 
heated to a temperature 7, in order to get a certain 
amount c of nitrogen in solution into equilibrium 
with an excess of nitride. The sample was then 
rapidly cooled to the measuring temperature where 
most of the dissolved nitrogen precipitates. The 
heat evolved, corrected in order to correspond to 
full precipitation, may be written Q = L-c, where 
L, the heat of solubility, is determined from 
measurements at different temperatures by the 
thermodynamic relationship In Q = const.—L/RT. 
In order to obtain absolute Q-values, the apparatus 
was calibrated by means of Peltier heat evolved in 
the junction of a thermocouple put into a central 
boring in the sample. It had been observed that 
the way the thermocouple was arranged in the 
measurements of Borelius, Berglund and Avsan was 
not quite satisfactory, giving rise to a disturbing 
chimney effect. An improved arrangement gave 
Q-values which were about 17 per cent smaller 
than those obtained earlier. Three measurements 
in the range from 295° to 405°C on the same 
technically pure iron as used by Borelius, Berglund 
and Avsan with an initial content in weight percent 
of 0.01 Si, 0.07 Mn, 0.002 P, 0.007 S, 0.017 C, and 
less than 0.003 N, shown by the filled triangles in 
Figure 2, now gave full agreement with the results 


we 


of our relaxation measurements. A measurement at 
324°C shown by a filled square in Figure 2, on a 
sample of a very pure iron from the laboratories 
of Philips in Eindhoven, kindly put to our disposal 
by Mr. Fast, also gave full agreement with the re- 
sults from the sample of technically pure iron. 
The solubilities obtained by Borelius, Berglund 
and Avsan in the lower range of temperature from 
170 to 250°C now seemed definitely too high, and 
it could be suspected that the precipitation was a 
mixture of that of the stable phase Fe,N and the 
metastable phase by Dijkstra. New 
measurements performed in a slightly different 


observed 


way at temperatures between 100°C and 150°C 


showed that it was possible to obtain the precipita- 
tion in two steps, the first representing the meta- 
stable equilibrium and the second the stable one. 
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Three calorimetric measurements on the iron 
obtained from Mr. Fast at 100°C, 130°C, and 
150°C combined with the recalculated results of 
the damping measurements of Dijkstra at 250 and 
275°C gave the metastable solubilities shown by the 
three filled squares in Figure 2, and the metastable 
phase boundary line drawn in the figure. 

The results of this investigation will be given 
and discussed in more detail in a paper by Astrém, 
planned for publication in the Arkiv fér Fysik. 


Hans U. Astrém and G. Boretius 
Department of Physics 


Royal Institute of Technology 
Stockholm 
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Radiation Ordering in Cu,;Au* 


There appears to be a rather basic disagreement 
in both the conditions under which the phenomenon 
of radiation ordering results and the mechanism 
by which it occurs. It has been suggested [1] that 
this phenomenon was connected with the produc- 
tion of Frenkel defects during the bombardment 
and it was in fact cited as evidence that interstitial 
atoms or vacant lattice sites increase the diffusion 
rate. On the other hand Cook and Cushing [2; 3] 
interpreted their experiments to indicate that the 
the slow 
the 


radiation ordering was dependent on 
neutron flux. They consequently ruled out 
influence of structural defects, attributing radiation 
ordering to the presence of mercury and in some 
cases to zinc and nickel impurities created by a 
transmutation process resulting from the capture 
of slow neutrons by the nucleus. The mechanism 
by which these impurity atoms increase the 
diffusion rate is not clear but presumably the auth- 
ors assumed that these atoms play the role which 
is customarily attributed to vacant lattice sites or 
interstitial atoms in the diffusion process. 

It would that the influence 


radiation ordering of structural defects produced 


seem relative to 
by the elastic collisions of fast particles as compared 
to the chemical defects produced by nuclear react- 
ions could be estimated by considerationoftheeffects 
of fast electrons as compared with reactor neutrons. 
In the former case, with electrons having energies 


*Received January 19, 1954; in revised form Febru 
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of the order of a few Mev, the number of transmu- 
tations produced will be extremely small compared 
to the latter case. Recently the experimenters at 
Harwell studied the effect of 3 Mev electrons on 
the ordering rate of CusAu [4]. They found a 
pronounced increase in the rate of ordering as a 
result of a relatively small bombardment. If these 
data are representative of radiation ordering it 
seems that structural defects must play a role in 
the increased ordering rate. 

Recent results obtained at Oak Ridge [5] suggest 
that substantial radiation ordering can occur 
during reactor bombardment even when the num- 
ber of chemical defects formed by nuclear reactions 
is small. On Cu;Au samples prepared by heat 
treatment to minimize the contribution of domain 
walls to the electrical resistivity (the samples had a 
domain size in excess of 10-? mm with the order 
within a domain equal to the equilibrium order at 
375°C), the resistance was observed to decrease 
before appreciable mercury was formed. The data 
are plotted in Figure 1. It should be noted that a 


NC 


Au SAMPLE 158 


5 x 10" neutrons / em? 


+ RELATIVE CHANGE IN RESISTA 


10 5 20 25 
BOMBARDMENT TIME (hr) 


Ficure 1. The effect of neutron irradiation on the resis- 
tance of partially ordered Cu;Au. The original resistivity was 
7.92 micro-ohm cm. The resistivity of CusAu at equilibrium 
at 150°C is 5.50 micro-ohm cm. After 500 hours at a flux of 
2.5 < 10" fast neutrons/cm? sec and 1 X 10" thermal 
neutrons/cm?/sec the resistivity dropped to 5.94 micro-ohm 
cm. 


resistance decrease, well beyond experimental 
error, is detected after the first hour of reactor 
radiation. The fraction of gold atoms transmuted 
to mercury in this period computed on the basis 
of a capture cross section of 100 barns, a flux of 
10" nv, and a half life of three days, is less than 
1 X 10-*. Even after 20 hours the amount of 
mercury is only of the order of one part in a million. 
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It would be surprising if such small amounts of 
mercury could change the diffusion rate so sub- 
stantially. 

The above remarks probably 
modification of the deductions made by the Chalk 
River group as to the effects of transmutations. 
The principal evidence cited to substantiate the 
important role attributed to transmutations is the 
diminution of radiation ordering when the sample 
is bombarded in a neutron converter (a thimble of 
fissionable material which converts thermal neu- 
trons to fast neutrons). It was assumed that the 
predominant factor introduced by the converter 
was a reduction of slow neutron flux and the 
effects of a corresponding increase in the fast 
neutron flux were ignored. While it would appear 
at first sight that an increase in the fast neutron 
flux should increase the magnitude of radiation 
with structural 


require some 


ordering if it were associated 
defects formed by fast neutron interactions, a 
more careful analysis seems to show that the 
increased fast flux in Cook and Cushing’s experi- 
ment could be responsible for the suppression of 
radiation ordering. This apparent anomaly can be 
rationalized by considering a localized region of 
Frenkel defects. One of the components of the 
Frenkel defect, say the vacancy, will have a high 
jump frequency in comparison to the other com- 
ponent, say the interstitial atom [6]. At an approp- 
riate temperature, the vacancy will be free to move 
while the interstitial atom will remain relatively 
fixed. While many vacancies will combine with 
interstitials and the defect pair thus annihilated 
some of the vacancies will escape from the dam- 
aged region and increase the ordering rate as they 
wander throughout the crystal. The number of 
jumps the defect can make, if we assume that the 
number of other type defects, such as dislocations, 
capable of trapping vacancies are small, will 
depend on the probability that they will encounter 
a damaged region and be annihilated by the 
residual interstitial atoms. 

If the above picture is applicable then the 
damaged regions will affect the diffusion rate in two 
competitive ways. Increasing the number of 
damaged regions will increase the number of 
defects available for diffusion but at the same time 
will decrease the efficiency of the defect by decreas- 
ing the number of jumps. 

In the case of sample 15B and 18A of Figure 2 
it is apparent that the latter factor is the more 
important, as increasing the fast flux reduces the 
magnitude of the radiation ordering. It would be 
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expected that the magnitude of the observed 
effects in the case of the sample exposed to the 
higher fast flux should increase to that of the 
sample exposed to the lower fast flux if the tem- 
perature of bombardment is raised to increase the 
mobility of the defects by a factor corresponding 
to the increase in the fast flux. 

The effectiveness of the damaged regions as a 
sink for vacant lattice sites can be determined 


SAMPLE 
SAMPLE 164 BOMBARC 

ANNEALE 

& SAMPLE 168A BOMBARDED AT 150°C 


+ RELATIVE CHANGE IN RESISTANCE 


INTEGRATED FAST FLUX, ( neutrons /c 


FicureE 2. The effect of fast neutron flux on the rate of 
radiation ordering. Sample 15B was bombarded in a flux of 
2.5 X 10" nv fast neutron and 1 X 10” nv thermal neutrons 
at +150°C. Sample 16A was bombarded in a flux of 2 X 10" 
nv fast neutrons and 1 X 10'2 nv thermal neutrons at — 160°C. 
It was annealed at 148°C to cause the degree of ordering 
indicative of the point at 2 X 10'7 nvt. Sample 18A was 
bombarded in a flux of 1 X 10" nv fast neutrons and 1 X 10” 
nv fast neutrons and 1 X 10" slow neutrons at 150°C. 


experimentally. By bombarding the samples at 
temperatures where the jump frequency of the 
vacancies is negligible a concentration of damaged 
regions can be the are 
allowed to move. In this way a study of the 
efficiency of the defect as a function of the number 
of damaged regions can be made. The results of 
one experiment of this type are shown in Figure 2. 
Sample 16A, which was bombarded at — 160°C to 
an integrated fast flux of 2 X 10'? nvt and then 
annealed to equilibrium at 148°C, is ordered only 
slightly in comparison with samples bombarded 
for equivalent integrated fast fluxes at high 
temperatures where the vacancies were permitted 
to migrate at low concentrations of damaged 
regions. It is perhaps noteworthy that samples 
15B and 16A were exposed to very nearly the same 
integrated slow neutron flux. It thus appears that 
these data offer experimental evidence that the 
diffusion-producing defects are annihilated in the 
localized neutron damaged region. 

In conclusion it should be noted that the pro- 
posed mechanism of radiation ordering is probably 


created before defects 
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somewhat oversimplified in that defect combina- 
tions probably move rather than the individual 
defects. There is evidence [5] which shows that there 
is not a single activation energy, but rather a 
continuous associated with 
ordering. It may be, however, that the concept 


spectrum, radiation 
introduced here as a simple picture will be an aid 
in the basic understanding of radiation effects. 


T. H. BLewitt and R. R. CoLTMAN 


Oak Ridge National Laboratory 
Oak Ridge, Tennessee 
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the most mobile. It has been arbitrarily assumed that the 
vacancy is the more mobile defect. 


Self-Diffusion in Lead* 
I. Lattice and Grain-Boundary Diffusion 

In the course of an investigation of the influence 
of impurities on self-diffusion in lead (see part I1) 
we found some differences between the values for 
self-diffusion in pure lead as given by Seith and 
Keil [1], and the values we measured. Moreover, 
we observed grain-boundary diffusion at tempera- 
tures lower than about 260°C., whereas no grain- 
size effect was noticed by the previous authors. 

Seith the 
diffusion decrease 
activity, a method which does not seem to give 
always reliable results. We determined once more 
following the 


and Keil calculated rate of self- 


in lead from the in surface- 


the lattice self-diffusion in lead 


sectioning method and using single crystals for 
the lower temperature region. 


From the experiments with polycrystalline 


specimens at lower temperatures we were able to 
self-dif- 


calculate the average grain-boundary 
fusion in lead with the aid of the theory of Fisher 
[2], as was done by Hoffman and Turnbull [3] and 
more recently by Slifkin, Lazarus and Tomizuka 
[4] for silver. 

Starting from high-grade lead metal-foil (Merck, 
Darmstadt) 


specimens (average 
grain-size | 


polycrystalline 
mm) were vacuum-cast and single 
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crystals were grown from the melt as described 
by Tiedema and Kooy [5]. After annealing, the 
specimens were covered with a thin layer of radio- 
active lead (Thorium B) and heated in an electric 
furnace with a controlled temperature for several 
days. After the diffusion anneal the specimens were 
sectioned on an ordinary lathe into layers of 0.01- 
mm thickness (on the average, 15 layers in a 
definite experiment). From the weight and the 
radioactivity of each layer the concentration- 
penetration curve was obtained. 

The diffusion coefficient for lattice self-diffusion 
D, was calculated from the equation [6]: 

log c = const — [log e/(4D,1)]x?, 

where c is the concentration of radioactive atoms 
at penetration x, and ¢ is the diffusion time. 

The average diffusion coefficient for grain- 
boundary self-diffusion Dg was calculated from the 
equation (2): 


log c = const — [2!(D,/Dg6)? log 


where 6 is the thickness of the grain boundary. 
In Figure 1 all data so far obtained are plotted 
versus reciprocal absolute temperature. The lines 


170 /60 


0° + 


FiGuRE 1. Observed diffusion coefficients for lattice- and 
grain-boundary self-diffusion in lead plotted versus reciprocal 
absolute temperature. 

’) In this temperature range 8 points were measured. 


are drawn as the most probable lines. The equations 
of these lines appear to be: D, = 1.17 exp 
( — 25700/RT) cm?/sec for lattice self-diffusion 
and Dg = 0.81 exp ( — 15700/RT) cm?/sec for 
grain-boundary the thickness 
of the grain boundary is assumed to be 10 A. 


self-diffusion, if 
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As with silver [3; 4], the activation energy for 
the average grain-boundary diffusion is much 
lower than the energy for lattice diffusion; this is 
to be expected on the basis of all diffusion mechan- 
isms that have been seriously considered so far. 


II. Effect of Impurities 

Self-diffusion provides the simplest 
diffusion and has the smallest chance to be inter- 
fered with by disturbing influences. For this reason 
experiments on self-diffusion, both in pure metals 
and in alloys, can contribute largely to the under- 
standing of the mechanism of metallic diffusion. 
Recently, Le Claire [7], extending Zener’s [8] 
theory of Do, showed that the experimental results 
strongly favour the vacancy mechanism in face- 
centered cubic metals. 

It might be possible to increase the rate of 
self-diffusion by introducing an excess of vacancies 
into the metal. As Seitz [9] suggested, this could 
be done by alloying the metal with an ‘“‘impurity- 
metal.”’ 

We measured the self-diffusion of lead in four 
lead-alloys, containing respectively 1 at. % silver, 
1 at. % cadmium, 1 at. % and 1.5 at. % tin. 
All alloys were annealed for about a week at 300- 
310°C. As the solubilities of silver, cadmium and tin 
in lead are, respectively, about 0.1 at. %, 3 at. % 
and 3 at. %, the silver-alloy lies in the two-phase 
region, whereas the cadmium- and tin-alloys are 
homogeneous. 

The metals used were high-grade lead (Merck, 
Darmstadt), ‘‘purest”’ silver (Drijfhout, Amster- 
dam), cadmium ‘‘for standard cells’’ (Merck, 
Darmstadt) and tin (Johnson and Mathey, 
London). By melting together weighed quantities 
of the components, polycrystalline specimens 
(average grain-size 1 mm) were obtained. The 
diffusion coefficients were measured in the same 
way as for pure lead (see part I). 

In Figures 2 to 5 the experimental results 
so far obtained are plotted versus reciprocal 
absolute temperature. The line drawn in each 
figure is that for pure lead. It appears that the 
rate of self-diffusion of lead in these alloys is the 
same as in pure lead, within the experimental 
error. Our experiments on the lead-silver-system 
are in close agreement with the experiments of 
Seith and Keil [10], whereas Hoffman and Turn- 
bull [11] observed a marked influence of lead on 
the self-diffusion of silver. 

Further experiments are in progress to check 
the observed diffusion-coefficients. The results and 
details of all experiments will be published later. 
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Ficure 5 


FiGuRES 2-5. Observed self-diffusion coefficients of lead in lead-silver-, lead-cadmium- and lead-tin-alloys. The line drawn 


is that for pure lead. 


The writer is extremely grateful to Professor 
G. J. Sizoo and his collaborators of the Physical 
Laboratory of the ‘‘Vrije Universiteit’’ at Amster- 
dam for their care in depositing the radioactive 
layer on the specimens and to Dr. T. J. Tiedema of 
the Laboratory for Physical Chemistry of the 
“Technische Hogeschool” at Delft for his help 
in preparing the single crystals. He is indebted 
to Professor W. G. Burgers for helpful discussions. 


‘“‘Researchgroup Metals F.O.M.-T.N.O.”’ spon- 
sored by Z. W. O. 


Laboratory for Physical Chemistry 
Technical University 
Delft, Netherlands 
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Elastic Strains around an Interstitial Atom* 


In a paper in this ussue Tucker and Sampson [1] 
have shown how precision X-ray measurements of 
lattice parameter may be used to detect inter- 
stitials in radiation damaged metals. To estimate 
the size of the elastic strains caused by an inter- 
stitial atom in the lattice they fit an equation for an 
elastic displacement at a center of pressure (equa- 
tion 6) to the atomic displacements calculated by 
the author [2] for copper. Because these displace- 
ments were calculated roughly in a situation where 
emphasis was concentrated on the energy of the 
interstitial and because the atomic displacements 
of third nearest neighbors were arbitrarily set equal 
to zero, it was decided to reexamine the subject 
more carefully. 

In the course of this reexamination it was dis- 
covered that there was an error in the definition of 
5 as given [3] for interstitial configuration. As used 
there in the minimization of the closed shell repul- 
sive energy 6ro (not 6d) should be the magnitude of 
the displacement of second neighbors. Here d is the 
lattice constant and 7 is the nearest neighbor dis- 
tance. The values in Table II [3] correspond to the 
definition as used here but the formulas and values 
in Table III are in error. To correct replace 6 by 
6/2'/?. The net result is to lower slightly the energies 
of Configuration B relative to C so that they nearly 
coincide on the basis of either interaction potential 
or 

Originally only the repulsion of closed ion core 
shells had been considered in determining the 
atomic displacements. If one now assumes that the 
displacements of second nearest neighbors, third 
nearest neighbors, etc., fall off as r~? according to 
the elastic formula, then some attractive force will 
be needed to give lattice stability. The simplest 
device to add to our model to insure stability was 
to introduce a constant inward radial force or 
hydrostatic pressure sufficient to hold the 6- 
neighbors at their equilibrium positions with no 
interstitial present and first neighbors undisplaced. 
With this pressure and the U, repulsive potential 
the distortion energy minimized. Material 
outside a radius of 1.7d was treated as an elastic 
continuum and contributed less than 5% of energy 
at all times. With this model the equilibrium value 
of 6 was 0.05. The equilibrium value of ¢« turned 
out to be 0.21 as before. An alternate procedure for 


was 
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introducing lattice stability is to replace the 
repulsive potential with a Morse function [4]. 
With the same value for e it was found that the 
equilibrium value of 6 was 0.04). A smaller displace- 
ment might be reasonably expected in this case 
since the Morse function gives a “‘softer’’ potential. 

Finally some consideration has been given to 
fitting the elastic formula to the atomic displace- 
ments found for the asymmetrical C-configuration 
[2]. These displacements vary markedly in direc- 
tion and magnitude and exhibit axial rather than 
radial symmetry. By employing as generating 
functions spherical harmonics of higher order [5] 
(in this case second and fourth) in addition to the 
spherically symmetric function, it was possible to 
fit approximately the atomic displacement found 
for this configuration. At large distances only the 
spherically symmetric function contributes appre- 
ciably to the strains. The size of this contribution 
is roughly comparable to the radial strain found for 
the symmetric configuration B, though possibly 
20 or 30 per cent larger. Since there is some likeli- 
hood that configuration C rather than B may be the 
stable one for the interstitial atom, it is fortunate 
that the strain pattern at large distances from the 
interstitial is roughly independent of the choice of 
configuration. 

To sum up, an investigation of the atomic dis- 
placements in the neighborhood of an interstitial 
atom in a copper lattice has been fitted to a radial 
elastic displacement at large distances of the form 
bd*/r?, Alternate atomic force models, a repulsive 
ion core potential modified to give lattice stability 
and a Morse potential, give a value for } of 0.04 to 
an accuracy of about 20 per cent. 

The authors wishes to express his thanks to Drs. 
Tucker and Sampson for pointing out the interest 
in this problem and for their helpful criticism of this 
letter. 

H. B. HUNTINGTON 
Physics Department, 
Rensselaer Polytechnic Institute. 
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LETTERS TO 
On the Relation of the Disordering of a 
Superlattice to the Melting of the 
Disordered Alloy* 


In a recent note [1], Oriani has drawn attention 
to a relation between the critical temperature of 
disordering of an alloy, T., and the solidus tempera- 
ture, T,, of the disordered alloy of the same tem- 
perature. He finds that the mean 7,/T, is 0.63 
+0.06 for 1-to-1 alloys and 0.55 + 0.10 for the 
1-to-3 alloys. Though unexplained, the correlation 
appears to exist and is quite intriguing. However, 
some questions may be raised by a consideration of 
this ratio in certain ternary alloys. 

Consider the substitution of gold for silver in 
B-AgZn. The critical temperature is a function of 
the gold content, 7, being higher with higher gold 
content [2]. This is to be expected since pure AuZn 
is presumably ordered up to 7, [3]. The £-to-8 
transformation, which occurs at 280°C in pure 
AgZn, cannot be considered as a true order- 
disorder transformation and only with gold sub- 
stitutions can the 8B’ — 8 transformation be ob- 
served. By extrapolation of T, as a function of gold 
content, it was shown that pure AgZn should 
disorder near 270°C. Thus, T./7, varies from about 
0.56 for pure AgZn to 1.00 for pure AuZn. 

Similar experiments can be performed with AgCd. 
For an alloy of 10 per cent Au, 40 per cent Ag, 50 
per cent Cd the critical temperature is 375°C [4]. 
Again, the ¢-to-8 transformation cannot be con- 
sidered an and 
440°C (the temperature of the ¢ 


order-disorder transformation 
— 8 transforma- 


as 
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tion) is much too high. A rough estimate of 7. for 
pure AgCd can be obtained by extension of the ’ 
portion of the curve of electrical resistance as a 
function of temperature [5]. A reasonable estimate 
is 325°C. In these alloys, then, T7./7, varies from 
0.61 for pure AgCd to 1.00 for pure AuCd. Note 
that this improves agreement for pure AgCd with 
the mean value of T./7, for 1-to-1 alloys. 

It should be pointed out that AuCd does not 
disorder at 267°C, nor is it thought to disorder at 
all below 7, 


ments in the region of the supposed order-disorder 


(6; 7]. Electrical resistance measure- 


transformation give no indication of any change 
taking place [4]. 

[It may be that such carefully contrived ternary 
alloys must be placed in a separate category. The 
above examples may or may not invalidate the 
correlation observed by Oriani. However, any 
explanation of the correlation must also explain the 
effect of third element substitutions. 

L. MULDAWER 
Physics Dept., Temple University 


Philadelphia, Pennsylvania 
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BOOK REVIEWS 


Metallurgical Abstracts, General and Non- 
ferrous. Vol. 19, New Series, 1951-1952. London: 
The Institute, 1952. Pp. 895. 

This last volume of Metallurgical Abstracts 
has 896 wide columns of abstracts containing 
references to approximately 5000 papers; this in 
one year! The enormous number of papers that a 
metallurgist could conceivably be concerned with 
makes abstracting services essential, whether one 
is concerned with either the scientific or the practi- 
cal aspects of metallurgy. Although there are 
other metallurgical abstracts—including the ASM’s 
Metals Review which has the merit of promptness 
—the English Metallurgical Abstracts meet the 
requirements of the physical or nonferrous metal- 
lurgist better than all the others. The Abstracts 
are long enough to give a clear picture of what is 
covered, are written by abstractors obviously 
conversant with the subject matter, and are well 
classified and indexed so that one does not need to 
skim over large numbers of irrelevant entries. 

An important feature of Metallurgical Abstracts 
is the bibliography and particularly the Book 
Review section. The latter has the rare quality of 


honesty. All books are not automatically to be 
Far too many are written just 


recommended. 
because a publisher saw a chance to make a 
penny by having a title in a field where a gap was 
known to exist. The reviewers selected for Metal- 
lurgical Abstracts show no reluctance to criticize 
the author or the publisher and this should have a 
salutary effect. The reviews by H. W. G. Hignett 
and J. S. G. Thomas are consistently good reading. 

In reviewing Metallurgical Abstracts adverse 
criticism is impossible and only minor suggestions 
can be made. One can deeply deplore the fact that 
the Institute of Metals and their older sister, the 
Iron and Steel Institute, have not combined their 
nonferrous and ferrous abstracts into a single 
publication. From a scientific standpoint there is 
little harm done the Abstracts 
includes the most important papers on structure, 
deformation, and transformation in steels, as well 
as other metals. One wonders what advantage is 
gained by including abstracts of the host of United 
States Atomic Energy and_ other 
United States government progress reports. These 


since present 


Commission 


are written hurriedly according to the calendar or 
contract by investigators mainly to justify the 


continuation of their contracts. If the authors are 


proud of their work these reports are followed by a 
paper in one of the regular technical journals, and 
no purpose is served by cluttering up abstracts and 

indices with preliminary undigested potboilers. 
The recent publication of a decennial index, 
arriving a whole decade after the period covered, 
will facilitate literature searches prior to 1943. 
It is greatly to be hoped that the index covering the 
succeeding ten volumes will be given a very high 
priority, for a search through more than ten 
annual indices is a discouragement to the user. 
C. S. SMITH 


The Journal of the Institute of Metals. 
Vol. 50, 1951-1952. N. B. Vaughan, Editor. 
London: The Institute, 1952. Pp. 683. 


Reviewing a single volume of a journal is like 
commenting upon one stone in a building. Each 
volume of “‘JIM”’ is not expected to be a complete 
textbook of metallurgical science and practice. 
One asks only that it provide a place for publishing 
advanced research in the physics and chemistry of 
metals and a medium wherein industrial metal- 
lurgists can keep in touch both with advancing 
science that may be useful to them and with 
the changing patterns of industrial operations. 
The emphasis should be on the new, not the estab- 
lished. 

The present volume includes several excellent 
papers on constitution of alloys (which has always 
been an important feature of English metallurgy), 
a number of papers on sub-crystal formation, on 
the role of grain boundaries in deformation, a few 
papers on stress corrosion, and four papers on 
titanium and its alloys. The problems of the founder 
are represented by two papers on metal-mold 
reactions and one on grain refinement by inocula- 
tion. The recent broadening of scope of the Instit- 
ute is reflected in the 30-page symposium on metal 
economics included in the present volume, while the 
86-page symposium on equipment for thermal treat- 
ment is an expression of the long-standing interest 
in industrial aspects of metallurgy. A man who in- 
tends to call himself a metallurgist must have some 
familiarity with all these aspects of his subject, 
and a young man can find no better post-textbook 
than this journal. He should not skip those parts 
that do not concern the minutiae on his thesis. 

As the reviewer placed this volume on his shelves, 
he noticed the coincidence that it was exactly the 
fiftieth from the first he received in joining the 


BOOK 


Institute in 1923. It is interesting to compare 
volume 80 with volume 30. Both volumes have 
several papers on the constitution of alloys and 
both have a single paper on quaternary alloys. 
X-ray diffraction was hardly used metallurgically 
in 1923, and the difference between the two 
volumes is in large degree attributable to the 
impact of X-ray diffraction on the understanding of 
metal structure. The 22nd May Lecture, which 
appeared in volume 30, was by the late great 
Walter Rosenhain, and it brought to many metal- 
lurgists for the first time some understanding of 
what the then-new methods of X-ray diffraction 
meant to their subject. He mentions the amorphous 
grain boundary, a concept which passed com- 
pletely out of fashion and now back again. The 
42nd May Lecture in volume 80 is on ‘‘The Place 
of Plastics in the Order of Matter.’”’ It is a useful 
summary of the kind of plastic available and 
a warning to metallurgists that structural materials 
are no longer their exclusive prerogative (perhaps 
even foreshadowing as great a change in metallurgy 
as did Rosenhain’s lecture). The writer remembers 
the skepticism of the oldtimers in the audience in 
1923: perhaps the metallurgist of the future will be 
a broader man, concerned also with covalent and 
ionic as well as metallic bonds. 

X-ray studies no longer have the field of scientific 
metallurgy to themselves as much as they did a 
decade ago, and volume 80 contains many examples 
of a renaissance of microscopic methods, particu- 
larly as applied to the formation and movement of 
sub-grain boundaries. The study of deformation 
mechanisms, as the microscopist but not the 
diffractionist has always known, can be properly 
understood only by consideration of structure at 
all scales and the interaction between them. The 
superb paper by Ulick Evans on corrosion in 1923 
has no counterpart in 1952, though corrosion is 
still with us. 

In 1923 the National Physical Laboratory 
reported investigations on the effects of oxygen in 
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1952 the Australian Commonwealth 
Research Organization reports studies of oxygen in 
titanium. 
elastic analysis in studying transformations. Studies 
of casting temperature, and volume change on 
solidification in the earlier volume are replaced with 
investigations of grain refinement and metal-mold 
reactions in 
stains on sheet brass seems to have no counterpart 
in volume 80, largely because of the great advance 
in heat treating equipment which is described in 
the symposium. 

The greatest difference between volumes 80 and 
30 is the presence of 76 papers in the latter volume 
and 17 in the former —725 quarto pages versus 
407 octavo. The same kinds of metallurgical 
problems seem to be still with us, but they require 
many more words and many more people to study 
them. Yet with all this, there is an impressive 
increase in understanding, less to be learned by 
rote and more to be understood as an application 
of a principle. It is significant, too, that in 1923 the 
Institute able largely to avoid economic 
matters, while in 1952 a most important discussion 
was held on metal resources, both primary and 


copper; in 


Dilatometry is replaced by thermo- 


1952. The early concern with red 


was 


secondary. 

Readers of ACTA METALLURGICA are mostly 
concerned with the science of metals; many of them 
are physicists. Those who call themselves metal- 
lurgists can scarcely afford to be without a set of 
the journal under review. As a mirror of progress 
in all aspects of metallurgy beyond smelting, it is 
unmatched. Though Institute headquarters are in 
London, membership is international, and though 
foreign members can rarely attend meetings, they 
will find that the information in the Journal knows 
no national boundary. “JIM”’ is a fine publication 
and continues through the years to serve the 
double function of reporting current methods and 
theories and leading the changes in both science and 
practice on which the future depends. 


C. S. SMITH 
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PREFERRED ORIENTATION IN e-URANIUM* 
C. M. MITCHELL and J. F. ROWLAND# 


The preferred orientation of uranium rolled in the a-range has bong en investigated by X-ray diffrac 
tion using a spherical specimen in the Geiger counter spectrometer. Complete figures of the principal 
pole distributions have been obtained without absorption correction. 

At low rolling temperatures, a texture is obtained having principal pole Maxima corresponding to 
a single unit cell orientation. The (001) and (100) pole maxima lie in the plane normal to the rolling 
direction at 30 and 60 degrees respectively to the compression axis; the (010) pole maximum is paralle 1 
to the rolling direction. At higher rolling temperatures near the recrystallization point a di a x 
texture is obtained, having a common (001) pole maximum at 20 degrees to the compression axis, and 
having the (010) and 110) poles parallel to the rolling direction 

The unit cell probability distribution has been derived using 4 principal pole distributions, and 
from this the inverse pole figures have been calculated, giving the distributions of the compression 
axis and of the rolling direction over the unit cell. 

direct comparison of the rolling figures predicted by Calnan and Clews is obtained from the 
inverse pole figures. Good agreement is obtained with the figures predicted for rolling at low tem- 
peratures where deformation occurs predominantly by twinning with a small amount of slip. The 
i figures obtained at high temperatures giving the duplex texture are not in agreement with 

Calnan and Clews. 

A treatment of the deformation of a-uranium during tension, compressi: on and rolling is described, 
using the glide mechanisms determined by Cahn, which is compatible with both the low- and high- 
temperature textures. 

The reorientation of the (010) axial and the duplex (010)-(110) axial textures upon recrystallization 
has been investigated. The (010) texture is shown to be relatively stable under recrystallization. The 
duplex texture undergoes reorientation to give a single component texture having the (151) pole 
axial. A (100) pole maximum occurs along the rolling direction which is shown to be due to over- 
lapping of four symmetric components 


LES ORIENTATIONS PREFERENTIELLES DANS L’URANIUM-a 
On a investigué, au moyen de la diffraction des rayons X, l’orientation préférentielle de l’uranium-a 


laminé, en se servant d’un échantillon sphérique, monté sur un “‘spectrométre’’ 4 compteur Geiger 


ht 


Des figures polaires, complétes, pour les distributions principales des pdles, furent obtenues sans 
t 
correction pour l’absorption. Aux basses températures de laminage on obtient une texture, dont les 
I I I 
maxima principaux des pdles correspondent a une orien 
maxima des pdles (100) et (001) se trouvent dans le plan perpendiculaire a la direction de laminage, 


tation unique de la maille cristalline. Les 


a 30° et a 60°, respectivement, par rapport a l’axe de compression; le maximum du pdle (010) est 
paralléle a la direction de laminage. Aux températures plus élevées de laminage, proches du point de 
recristallisation, une texture double est obtenue, ayant un maximum du pdle (O01) commun a 20° par 
rapport a l’axe de compression, et dont les pdles (010) et (110) sont paralléles a la direction de lamin 
age. La probabilité de la distribution de la maille a été déterminée en se servant de deux distributions 
principales des pdles; partant de 1a, les figures polaires, inverses, furent calculées, ce qui a donné les 
distributions des axes de compression et des directions de laminage dans la maille. En se ‘anal sur 
avec les figures de laminage prédites 


les figures polaires, inverses, on obtient une comparaison directe 
iux basses 


par Calnan et Clews. On constate un bon accord avec les figures prédites pour le laminage 
températures, ot la déformation s’opére principalement par maclage avec trés peu de glissement, 
Les figures obtenues aux températures plus élevées de laminage, donnant des textures doubles, ne 

s'accordent pas avec les prédictions de Calnan et Clews. On décrit un ‘traitement de la déformation 
de l’uranium pendant la traction, la fro cosat al et le laminage, en employant le mécanisme de 
glissement déterminé par Cahn, qui est en accord avec les textures obtenues aux basses, ainsi qu’au 
hautes températures de laminage. On a investigué la réorientation de la texture axiale (010) et de la 
texture axiale, double (010)-(110) lors de la recristallisation. I] est constaté que la texture (010) est 
relativement stable pendant la recristallisation. La texture double subit une réorientation donnant 
une texture simple, dont l’axe est constitué par le péle (151). Un maximum polaire (001) quise présente 
le long de la direction de laminage est di a un enchevauchement de quatre composantes symétriques 


xX 


TEXTUREN IM a-URAN 

Die bevorzugten Orientierungen von im a-Gebiet gewalztem Uran wurden an einer kugelférmigen 
Probe mit Hilfe eines Zahlrohr-Spektrometers réntgenographisch gemessen. Vollstandige Polfiguren 
wurden ohne Korrekturen fiir Absorption erhalten 

Bei tiefen Walztemperaturen trat eine Textur auf, deren Hauptpolmaxima einer einzigen Ele- 
mentarzellorientierung entsprach. Die Maxima der (001) and (100) Pole liegen in der zur Walz- 
richtung senkrechten Ebene und 30° resp. 60° zur Kompressionsrichtung. Das (010) Polmaximum ist 
der Walzrichtung parallel. Bei héheren Walzte mperaturen, die in der Nahe des Rekristallisations- 
punktes lagen, trat eine Doppeltextur auf; sie 2 it ein gemeinsames (001 Annan 20° von der 
Kompressionsrichtung und die (010) und (110) Pole parallel zur Walzricht 

Die Elementarzellverteilungsfunktion wurde unter ugrundelegung von zwei Hauptpolverteil- 
ungen berechnet. Daraus wurden dann inverse Polfi 1 berechnet, die die icaciene der Kom- 
pressionsrichtung und der Walzrichtung in Bezug auf die Elementarzelle angeben. 


*Received October 14, 1953; in revised form December 8, 
1953. 
+Physical Metallurgy Division, Mines Branch, Department 
of Mines and Technical Surveys, Ottawa, Ont. 
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Diese inversen Polfiguren konnten direkt mit den von Calnan and Clews angegebenen Walzfiguren 
verglichen werden. Die fiir Walzen bei tiefer Temperatur angegebenen theoretischen Figuren stimm- 
ten gut mit den réntgenographisch erhaltenen iiberein. In diesem Fall erfolgt die Verformung im 
wesentlichen durch Zwillingsbildung mit geringer Gleitung. Die fiir hohe Temperaturen erhaltenen 
Walzfiguren, die die Doppeltextur aufweisen, stimmen nicht mit Calnan und Clews’ Angaben iiberein. 

Es wird eine allgemeine Behandlung der Verformung von a-Uran durch Zug, Druck oder Walzen 
beschrieben; die von Cahn gefundenen Gleitprozesse, die sowohl die Tief- als auch die Hochtempera- 
turtexturen erklaren, werden der Beschreibung zu Grunde gelegt. 

Weiterhin wird die Reorientierung der (010)- und der Doppel (010)-(110) Axialtexturen wahrend 
der Rekristallisation untersucht. Die (010) Textur erweist sich wahrend der Rekristallisation als 
relativ stabil. Die Doppeltextur erfahrt eine Reorientierung, die zu einer Einkomponententextur 
mit einem (151) Pol fiihrt. 

Ein in der Walzrichtung auftretendes (001) Maximum riihrt von der Uberlagerung von vier sym- 


metrischen Komponenten her. 


1. Introduction 


The action of single crystal glide in producing 
preferred orientation in polycrystalline metals 
undergoing deformation by extension and com- 
pression, and the combined action of these during 
rolling, has been the subject of a series of papers 
by Calnan and Clews [i] who have studied the 
production of textures in the face-centered cubic 
system, and have predicted textures for the body- 
centered cubic [2] and close-packed hexagonal [3] 
systems and for a-uranium [4] in the orthorhombic 
system, using the glide systems outlined by Cahn 
[5]. The prediction for a-uranium has received 
only partial verification in the textures found in 
round rods by Harris [6]. 

An investigation of the preferred orientation in 
uranium plate-rolled in the a-range, below the 
recrystallization temperature, has been carried out 
by a method developed in these laboratories [7] 
using spherical specimens with the Geiger counter 
spectrometer. The method has enabled complete 
principal pole distributions to be obtained without 
absorption correction, and these have been found 
to have a high degree of resolution. A mounting of 
this type has been described in a recent article by 
Jetter and Borie [8]. 

It is demonstrated that the probability distribu- 
tion of the unit cell can be determined from two 
principal pole distributions and this relation has 
been used to produce inverse pole figures, the 
probability distributions of the compression axis 
and the rolling direction on the stereographic 
projection of the unit cell. Quantitative figures 
obtained which can be compared 
directly the 
Calnan and Clews. 

The orientations can be described in terms of 


been 
with 


have 


distributions predicted by 


two components, a low-temperature form having 
distribution 
cell 


maxima corresponding to a single 


unit orientation and a duplex orientation 


occurring at higher rolling temperatures. The low- 
temperature form is in agreement with the figure 
predicted by Calnan and Clews when glide is 
considered produced by twinning alone, but the 
duplex orientation does not agree with the predicted 
distribution where slip and twinning are considered 
to occur simultaneously. This has made it necessary 
to re-examine the deformation mechanism under 
combined twinning and slip. 

The orientation figures employed in studying the 
deformation modes have been produced by rolling 
below the recrystallization point. The investigation 
of the preferred orientation in the a-phase range 
has been extended by recrystallizing the rolled 
material. A description of the reorientation on 
recrystallization has been obtained, which together 
with the rolling figures accounts for all orientations 
presently reported in flats and round rods treated 
below the transformation point. 


2. Derivation of the Inverse Pole Figure 


The Probability Distribution of the Unit Cell 

The intensity distribution of the diffracting 
planes can be represented by the function p(Aokol,) 
per steradian where the direction of the distribution 
vector lies long the diffracting plane normal and 
therefore coincides with the sphere radius passing 
through the spectrometer centre. The integral of 
the distribution over the sphere surface 


(1) p(hoRolo) qQ=n 


0 


where » is the number of cooperating crystallo- 
graphic planes of indices (hokola) in the unit cell. 

The position of a unit cell in a given reference 
system is fixed by stating the position of two 
lattice plane poles; the probability of the unit cell 
having this orientation can then be expressed by 
stating the compound probability of the simultan- 
eous orientation of the two poles. For convenience 
the reference poles may be chosen as principal 
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unit cell directions which can be orthogonal in the 
orthorhombic and 
symmetry. 


system, systems of higher 

ket p4 and jz be the intensity distributions of 
the principal poles A and B in the reference 
system formed by the rolling direction R, the 
compression axis C normal to the rolling plane and 
the transverse axis T normal to R and C. Where 
a is the angle between pj, and C and 8 is the angle 
between the projection of j, in the rolling plane 
R-T and the rolling axis R, the distribuion prob- 
ability of fj, for angular increments da and d@ 
is 


pa dQ = p, sina da dg. 

The associated distribution vector jg, where pole 
B is orthogonal to A in the unit cell, can be con- 
sidered to lie in the plane normal to j, at an angle 
§ to the trace of the plane containing j, and the 
C-axis, as illustrated in Figure la, where A coin- 


DIRECT INVERSE 
(00 


AS 


(100 


) 
T (100) 


FiGurE 1. Transformation of the (001) and (100) prin- 
cipal pole distributions into the inverse pole figure giving 
the compression axis C distribution over the unit cell. 


cides with the (001) pole and B with the (100) pole. 
The associated an 
equal a priori probability of orientation in the 
plane normal to j,4 and the probability of the unit 
cell having the orientation {j4; fs}, within the 


distribution vector fg has 


incremental angles da, d8, dé, is 


PA PB dQ dé 


pp d6 fan 


= jy PA PB sin a da d8 dé 


CAB 


The Inverse Pole Figure 
The probability distribution of the principal 
rolling directions over the unit cell can be derived 
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directly from the unit cell probability distribution. 
The C-axis distribution over the unit cell can be 
derived by translating the axes to the principal 
unit cell directions. The angle between (001) and 
C is a, the angle between the R-axis and (100) is 8, 
and the angle between (100) and the projection 
of CA in the (001) plane is 6, as illustrated in 
Figure 5b. The probability of this orientation 
doo_r do 0), (001)- 
The C-axis will have the same direction in the unit 
cell for rotations about C and the probability 


distribution of C is determined by permitting 6 
to vary from 0 to 2z. 


j 


Poor) 
8) 


f poor) | P100 dB ¢ sin a da dé 


pioo 28 ¢ sin a da dé 


0 


3. Measurement of Preferred Orientation 


The Spherical Specimen Mount 
The motions of the spherical specimen and the 
construction of the holder are shown in Figures 


2 and 3. An eccentric shaft is mounted on the 


NORMAL TO DIFFRACTING 
PLANES DIFFRACTED 
< RAY 


~ POSITION @ 
KEK, 


FIGURE 2. Schematic representation of the sphere motions. 
The tangent plane to the sphere at the intersection with the 
spectrometer axis is maintained in the diffracting position by 
rotation of the specimen mount at 1/2 the angular velocity 
of the scanning slit. 


spectrometer axis, and the sphere mount rotates on 
this shaft. The degree of eccentricity is equal to 
the radius of the spherical specimen, so that the 
the 
A second independent 


spectrometer rotation axis lies in tangent 


plane at the sphere apex. 
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rotation of the sphere is obtained by an axis 
normal to the first axis passing through the sphere 
centre. In traversing, the eccentric shaft rotates 
with the spectrometer axis at half the angular 
velocity of the scanning slit, and the tangent plane 
at the apex of the sphere remains in the diffracting 
position. 
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FIGURE 3. Section of the spherical specimen mount. A 
universal crystal mount is employed in addition to the 
motions shown in Figure 2 to enable the sphere to be centred, 
and to permit alig 
with the 6-rotation 


The specimen is set in a universal mount aligned 
with this axis, having two transverse motions at 
right angles for centering the specimen and two 
30-degree arcs which rotate the sphere about its 
centre, and permit any radius within this solid 
angle to be aligned with the second rotation axis, 
as illustrated in Figure 3. 

The spherical specimen mount permits a pro- 
gressive analysis of the distributions of several 
crystallographic planes. If a distribution maximum 
of one set of planes of indices (hokolo) is aligned 
along the the 
associated set of planes (hk/) will lie on a cone of 


8-rotation axis, maxima of an 


semi-apex angle equal to the angle 
a} (hoRolo) A (hkl) } 


between the poles in the unit cell. The Ak/ pole 
distribution maxima can be located by rotating 
the sphere in the plane of incidence through this 
angle, and turning the sphere through one full 
rotation about the 6-axis. As illustrated in Figure 4, 
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FiGuRE 4. The locus of the distribution maximum of pole 
(hkl) passes through the diffracting position in a rotation 
from B = 0° to B = 360°, when the pole (Apolo) distribution 
maximum is aligned with the rotation axis and 


a = at(hoRolo) a (ARI) }. 


the 6-rotation brings all poles on the cone surface 
through the diffracting position. 
The Normalised Pole Figure 

The factor P in relation 


normalisation the 


Ip (hkl ) 


= P 


can be obtained directly from a complete pole 
figure by the summation 


(4) 


adr 
P(hkl) = Ip(hkl) dQ 


and can be determined without reference to the 
geometry of the spectrometer. When only a section 
of a pole figure is required or where comparison 
between the 
checking the validity of a distribution, the 06- 
dependence of the normalisation factor must be 
known. 

The distribution intensity of a pole can be 
calculated directly the intensity of 
diffraction line. Where the beam of intensity, Jo, 
per unit cross section is incident over a 
region at the apex of the sphere, the diffracting 
area A, can be treated as flat and parallel to the 
tangent plane; the integrated diffracted intensity 
for a specimen of linear absorption yp, 


normalisation factors is used in 


from the 


small 


(5 


per unit length of scanning slit at radius Rp. 


= 
4 
P( y 
~ ir 
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Ip = p(hokolo) * 
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FiGuRE 5. The diffracting region in a specimen of high 
absorption, limited by the incident and diffracted rays 
tangent to the specimen surface. 


At low 6-values the length of arc in the plane of 
incidence will be between the limits 
formed by tangent incident and diffracted rays as 
illustrated in Figure 5. If the incident beam has a 


defined 


cross section w,:/, and a divergence ¢o, 


(26 — go) for < 6, 


A, 


or 6 
sin for > 


A, = 


where 


6, = sin 


1 Rogo 
r 


The ratio of the normalisation factors will be given 


by the relation 


P(hki) _ Q(@) A,(@) 
P (hokolo) QO (40) A,(6o) 


(7) 


Specimen Preparation 

The specimens used have been in the form of 
three-quarter in The 
rolled plate was drilled and tapped and an arbor 
mounted normal to the surface. The arbor was then 


spheres 4 in. diameter. 


mounted in a lathe and the sphere formed, using a 
jig mounted on the compound rest, which rotated 
a tool point inward on a circle of variable radius, 
having its centre on the lathe rotation axis. An 
alternative method of cutting the sphere is de- 
scribed by Jetter and Borie [8]. 

The worked surface was removed by electro- 
polishing using a solution of chromic acid in acetic 
acid (25 gm CrQ; in 130 ml acetic acid and 7 ml 


water), at a current density of .5 to 1 ampere/cm’. 
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A smooth surface of high reflectivity was obtained 


by this procedure. 


4. Orientation in Uranium Rolled Below the 
Recrystallization Point 

The preferred orientation in uranium plate has 
been determined for two rolling temperature 
ranges, corresponding to deformation with slight 
(010) slip and deformation with a large degree of 
slip. 

The polar distributions of the principal unit cell 
directions for plate, reduced 60 per cent in cross 
section by rolling after heating to a low tempera- 
ture, are shown in Figure 6(i). In this temperature 
range Cahn [5] proposes twinning as the principal 
mode of deformation. The (001) pole distribution 
is shown in 6(1)d to be sharply defined about the 
transverse plane, and the polar distribution in this 
plane has a maximum at 30 degrees to the C-axis 
as shown in 6(i)a. The distribution of the (010) 
pole in the plane of (001) maximum was obtained 
by aligning the (001) maximum pole with the 
8-axis and scanning over a complete §-rotation; 
the 
(010) lobe having its maximum along the rolling 


direction R. The definition of this lobe was checked 


distribution 6(i)¢ shows a sharply defined 


by making cuts in the C—T plane, shown in 6(i)d 
where peaks of low intensity inclined at 20 degrees 
to the the C-R 
plane shown equal 
distribution to that in the (001 
The (100) distribution in the C 
in 6(i)f to have maxima at 20 degrees to the 7-axis, 
the the (010) 
and (100) 


T-axis were obtained, and in 


in 6(i)e which showed an 
maximum plane. 
T plane is shown 
corresponding to inclination of 
peaks in this plane. The associated (001 
pole maxima have a deviation of 10 degrees from 
a right angle, and are orthogonal with the (010) 
maximum; within this deviation the polar figures 
are consistent with a single orientation component 
the (001 100 the 
transverse plane, the 


directed along the rolling axis XR. The stereographic 


maxima lie in 
(O10 


in which and 


and maximum is 


projection of the (001) and (010) distributions are 


shown in Figure 7(1 

The polar distributions of the principal unit cell 
directions for a plate rolled at a temperature close 
to the recrystallization point, with a 60 per cent 
reduction of area are shown in Figure 6(11). In this 
temperature range, Cahn predicts that (010) slip 
distributions in the 
the C—R 


plane shown in 6(ii)5 are seen to be closely equiva- 


will predominate. The (001 


transverse plane shown in 6(ii)@ and in 
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FIGURE 7. 
Duplex (010)- ixial texture. 
lent to the (001) distribution in the low-tempera- 
ture rolling shown in 6(i)a and 0; the angle of 
(O01) to the C-axis 
is 20 degrees. The distribution of the (100) pole 


inclination of the maximum 
in the plane of (001) maximum was obtained as 
before by turning the 6-axis into coincidence with 
one (001) pole maximum. The distribution of (100) 


TENSION 


FIGURE 8. 
boundaries; Texture resulting from twinning alone; (¢ 


ing from twinning with a large amount of slip. 


I Tension and II Compression axis distributions over the unit cell predicted by Calnan and Clews. (a 
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raphic projection of the principal pole distributions in rolled uranium plate. I, (010) Axial texture. IT, 


in this plane shows two maxima in each quadrant, 
as illustrated in 6(ii)c, one lying in the C—T plane, 


equivalent to the (100) maximum in the low 


temperature case, shown in Figure 6(i)f, and one 
inclined at 30 degrees to the rolling axis R. Tra- 


verses taken in planes passing through these 


maxima are shown in Figure 6(ii)c, d and e. The 
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r and some slip; (d) Texture result- 
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FIGURE 9. 
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TWINNING AND A LARGE AMOUNT OF SLIP 


A 


Inverse pole figures of the rolled plates derived from the principal pole figures of Fig. 7, together with the 


tributions predicted by Calnan and Clews for these rolling temperatures 


(100) distribution about the plane of (001) maxi- 
mum is approximately equal in the two compo- 
nents and is equivalent to the (001) distribution 
about the transverse plane. The orientation is 
duplex; one component is equivalent to the low- 
temperature distribution having the (001) and 
(100) maxima in the transverse plane, with (001) 
at 20 degrees to the C-axis and the (010) maximum 
along the rolling direction; the second component 
has the same (001) maximum and the (100) and 
(010) maxima lie in the (001) maximum plane, the 
(100) maximum at 30 degrees to the rolling axis 
R and the (010) maximum at 60 degrees to the 
R-axis. In the second orientation the (110) pole 
lies within a few degrees of the rolling axis. The 
stereographic projection of the (001) and (100) 


pole distributions are shown in Figure 


5. Deformation of a-Uranium 


Comparison of Predicted and Experimental Inverse 
Pole Figures 

Predicted stress-axis distributions over the unit 
cell have been derived by Calnan and Clews for 
a-uranium under tension and compression and 
these have been combined to give predicted rolling 
figures for plate rolled in the a-range with different 
degrees of twinning and slip. The inverse pole 
figures, giving the probability distribution of the 


compression axis and the rolling axis over the 
unit cell can be derived directly from the principal 


On the basis 


of the quantitative C and & distributions obtained 


pole figures following equation (7). 


in this experiment it has been possible to compare 
the results directly with the figures predicted by 
Calnan and Clews, and these are not in agreement. 

The stress-axis distributions predicted by Calnan 
and Clews for tension and compression are shown 
as stereographic projections in Figures 8(i) and 
8(ii). The distributions for twinning alone, on the 
K,(130): m2 [110], and the related 
systems K,(112): m2 [312] and K.2(112 
shown in 8(i)b and 8(ii)b. The predicted modifica- 


twin system 


: m [312] are 


tions in these figures due to slip on the (010) plane 
in the direction [100] are shown in c¢ and d, for 
increasing amounts of slip. 

The inverse pole figures for the R and C distri- 
butions of the 
texture, obtained by low-temperature rolling, are 


single component orientation 
shown in Figure 9(i)c and d, the predicted distribu- 


tions for twinning with a small degree of slip 
being shown for comparison in Figures 9(i)a and 
b. It will be seen that both the extension axis and 
compression axis figures are in close agreement 
with the predicted distributions. The compression 
axis maximum occurs on the (001)-(100) axis at 
30 degrees to (001), and the rolling axis R maximum 
is coincident with the (010) axis. The orientation 
texture at low temperature is therefore in excellent 
agreement with the predicted twinning distribu- 


tion. 
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The R and C distributions derived from the 
principal pole figures of the duplex (010)-(110) 
texture obtained in high-temperature rolling near 
the recrystallization point, are shown in Figure 
9(ii)c and d; the predicted distributions for com- 
bined twinning and slip being shown for compari- 


son in 9(ii)a and b. The extension axis R distribu- 


tion has a maximum on the (010)-(100) zone at 
30 degrees to the (100) axis, as predicted, but it 


shows a component whose maximum is coincident 
with the (010) pole as in the low-temperature 
texture. The compression axis C distribution has 
no maximum corresponding to that predicted on 
the (001) (130) axis, but has a zone of maxima 
lying on a cone with a semi-apex angle of 20 
degrees, coaxial with the (001) axis. 

The duplex orientation therefore has a residual 
texture equivalent to that observed in low-tempera- 
ture rolling, corresponding to deformation by 
twinning with a small amount of slip, and a new 
component having the compression axis C maxi- 
mum near the (001)-(130) zone within 20 degrees 
of the (001) pole and the R maximum, on the 
orthogonal (001)-(110) zone, lying in the (001) 


plane. 


A Revision of the Theory of the Deformation of 
a-Uranium 

Two possibilities can be considered in accounting 
the 
textures and those predicted by Calnan and Clews. 
The first is that 
operating which modify the orientation mechan- 


for the discrepancy between experimental 


additional glide systems are 
ism; the second is that an error has been made in 
applying deformation theory using the present 
slip systems. One additional K,(121): m 
[311] has been identified by Cahn [5], having a 
high .329 compared to s = .228 for 
(112) (130) Further 
possible twins have been proposed by Frank [9] 
as K,(110): m2 [310] and K,(011): m2 [011] but these 


have not been observed experimentally at present. 


twin 


shear s = 


and s = .299 for twins. 


Cross slip on the (110) plane has been observed by 
Cahn in the possible directions [112] or [110], the 
latter being equivalent to the glide of twin K, 
(110): m2 [310]. 

The agreement of the low-temperature rolling 
texture with the predicted texture for twinning 
with a small amount of slip indicates that the 
discrepancy is probably due to the action of slip 
at higher rolling temperatures. An examination of 
the deformation produced by the (130) and (112) 
twinning systems in combination with (010) slip 


has therefore been carried out to determine if a 
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consistent orientation mechanism can be obtained 
on these systems alone. The modifications pro- 
duced by further glide systems can then be 
examined. 

The resolved shear stress on the most favourably 
oriented twinning system is shown for tension 
glide in Figure 10c and for compression glide in 
Figure 10d, plotted on the stereographic projection 
of the unit cell. In deriving the resolved shear 
stress, and the reorientation due to twinning the 
twins K,(112); m2 [312] and Ke2(112): m [812] can 
be treated as equivalent. The 
reorientation by twinning in KA, (112): m2 [312] 
occurs by reflection in the (112) plane and in 
Kz (112): [312] by reflection in the plane normal 


to [312] which is within a few degrees of (112). 


approximately 


The resolved unit shear stress 
S = cos x cos X, 


where x is the angle of the stress vector to the pole 
of the glide plane; \ is the angle of the stress vector 
to the glide direction; the Ky (112): m, [312] twin 
(172); and the A, (112): m [312] twin 


(172); 


has Ky = 


has m = so that 


({312]) 


and x (172 


and the resolved shear stresses are nearly equal. 
The 


S < 0.1 on the diagrams 10c and d represent the 


positions of low resolves shear stress 
stable regions, in which twinning is least probable. 
In tension the stable region surrounds the (010) 
pole and in compression the stable region lies close 
to the (010) plane. The resolved shear stress on the 
(010) plane is shown in Figure 10a for tension and 
105 for compression. The action of (010) slip in 
tension is to cause the stress vector to rotate along 
the great circle to the glide direction [100], and the 
action in compression is to cause the stress vector 
to rotate along the great circle to the (010) pole. 
The great circle paths from the stable regions are 
shown on the diagrams. 

The reorientation due to (010) slip in compres- 
sion can be considered to cause rotations from the 
stable twinning region to points Cl to C4 on the 
zone (001)-(130). The positions C2 to C4 corres- 
pond to the stable region proposed by Calnan and 
Clews. The resolved shear stress on the (130) and 
(112) twinning systems rises to S = 0.4 between 
the limits C2 C4. 


twinning will return the stress vectors to the points 


and Reorientation by (130) 


2’, C3’ and C4’ near the original positions along 
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the (001)-(100) zone axis. The (112) twinning will 
orient the stress vectors at C2’’, C3” and C4” in 
the stable region along the (001)-(100) zone within 
45 degrees of the (001) pole. (010) slip occurring in 
this region will cause rotation of the compression 


TENSION COMPRESSION 


FiGurE 10. The resolved shear stress on the most fav 


able glide systems 010) slip in tension; 010 
compression; (c) (130) and (112) twinning in tension; (d 
and (112) twinning in compression. 


axis toward the (010) pole. The resolved shear 
stress S on the (010) plane is low over the great 
circle paths nearest to the (001) pole and is zero 
the (001)-(010) axis 


rotation will be sluggish over this region. On the 


along zone. Compression 
great circles to (010) at 20 and 30 degrees to (001) 
the shear stress on the twinning systems rises to 
S = 0.3 at C5 and C2. Reorientation by (130) and 
(112) twinning will occur to C5’ and C2’ 
cS” 
the (001)-(100) zone at greater than 45 degrees to 
(001). In this region cycling will occur with higher 


and to 


and C2” respectively, these points lying near 


resolved shear stress on the (010) plane over the 
} 
i 


great circle paths, (130) twinning returning the 
vectors to the (001)-(100) zone axis, until (112) 
twinning causes reorientation near the (001) 
pole. The compression axis maximum will there- 
fore be formed along the (001)-(100) zone within 
45 degrees of the (001) pole. As the (010 


increases, with increasing deformation tempera- 


slip 


ROWLAND: 


PREFERRED ORIENT 569 


\TION 


ture, the rate of cycling will increase and the 


compression axis maximum will move along the 
(OO1)-(100) 
stress about the (001) pole. 


zone to a region of lower (010) shear 


The tension axis distribution produced by (130) 
and (112) twinning acting alone has a maximum 
surrounding the (010) 
shear stress S S 0.1. Under (010) slip the tension 


pole where the resolved 


axis will rotate along the great circle toward the 
(100) pole, into a region of high (010) shear stress. 
The great high 


circle paths enter an area ol 


resolved shear stress on the (130 
the (001)-(110 
twinning of points R1 to R4 in this zone will return 
the tension axis to Rl’, R2’, R3’ and R4’ in the 
region near the (010) pole and a cycle of (010) 


twinning plane 


near zone. Reorientation by (130) 


slip and (130) twinning will be established between 
these regions. Twinning on the (112 
cause reorientation of R1, R2 and R3 to R11”, R2” 
and R3” 


(100) pole. As these points pass R4 under (010) 


system will 
on the great circle between R4 and the 


slip reorientation to R4’ by (130) twinning or to 
R4” by (112) twinning will transfer the tension 
axis to the region near the (010) pole. The combined 
(130) (112) 
slip therefore sets up a closed cycle. Two maxima 
the (010 


for twinning alone, and one 


action of and twinning under (010) 


are formed, one about pole coincident 
the 
about the 
about the 
010 


The rolling hgures can be derivec 


maximum 
(110 


with 


pole. The relative concentration 


110) pole will increase with increasing 
slip at high deformation temperatures. 
| directly from 
the compression axis and tension axis distributions 
providing the corresponding component maxima 
[he tension axis component having 


010) pole will be 


are orthogonal. 
orthogo- 


maximum on the 


its maximum about the 


with the axis 


100 


maximum 


nal 
O00] 


compression 
zone. The tension axis component hav- 
L110 


axis ma 


ing its about the pole wil be 


with a compression ximum 


001)-(130 


zone, a corresponding compres- 


001)- 


on the 
sion axis maximum occurring on the zone 


130). Where 
the 


these maxima are within 20 to 30 


001 the 


both 


pole they will lie within 


region of minimum resolved shear stress on 
the the 130) and 112 


th \# 


degrees of 


(010) slip twinning 
ior 


and 


and 


It follows, therefore, ortho- 


systems. 
compression tension 


1; 


ispersion Ol the 


gonality between the 
axis maxima in the rolling texture, « 
compression axis maximum must occur on a cone 


001) pole. As slip increases and the ten- 


110 


obser ed in 


about the 
pole builds 
the 


sion axis component about the 


up, resolution should be com- 
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(001)-(130) and 


pression axis maximum along the 
(001)-(130) zones. 

The 
agreement with the textures predicted by this 


experimental results are in substantial 
mechanism. The inverse pole figures are shown 
in Figures 9(i) and 9(ii). The rolling axis distribu- 
tion in the low-temperature texture has its maxi- 
mum about the 010 pole, and the corresponding 
compression axis maximum lies on the (001)-(100) 
zone at 30 degrees to the (001) pole. At higher 
rolling temperatures the second distribution maxi- 
mum in the rolling axis distribution is found at the 
(110) pole. The compression axis maximum has 
moved to within 20 degrees of the (001) pole 
and lies on a cone surrounding the pole, compatiblé 
with unresolved maxima orthogonal to the tension 
axis components, on the zones (001)-(130), (001)- 
(100) and (001)-(130). 


6. Recrystallization of Rolled Uranium 


The change in orientation produced by annealing 
for short periods above the recrystallization point 
has been investigated for the single-phase and 
Guplex orientation textures. The specimens were 
immersed in a lead bath at a temperature near the 
recrystallization point for ten minutes and quench- 
ed to room temperature. The specimens were then 
electropolished and examined by polarized light 
to ensure that grain growth had been initiated in 
the worked material, and textures having small 
were used in measuring the 


equiaxed grains 


orientation. 


cipal pole distributio 


nd in plate rolled at low 


of the pris 


nperatures near the 
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The principal pole distribution for the single- 
phase (010) structure after recrystallization is 
shown in Figure 11(i). Comparison with the pole 
distribution before recrystallization, Figure 7(i) 
shows that some dispersion has occurred, but that 
the distribution not altered. The 
microphotograph of this texture shows definite 
grain growth and the annealing was repeated at a 
higher temperature without substantial change in 
the orientation texture, although large grain effect 
was encountered. Therefore the phase 
(010) texture is effectively stable under recrystal- 


maxima have 


single 


lization. 

The principal pole distribution for the (010)- 
(110) duplex structure after recrystalliztion is 
shown in Figure 11(ii). Comparison with the pole 
distribution before recrystallization Figure 7(ii), 
that orientation 
has occurred. 

The (010) distribution has maxima inclined at 
20 degrees to the R-axis, the (001) distribution is 
broadened about the transverse plane C-T and 
shows evidence of partially resolved maxima, and 
the (100) distribution shows maxima at 15 degrees 
to the transverse plane and a new maximum along 
the zone R-C at 75 degrees to the C-axis. 

The symmetry of the rolling figure gives equal 
and the 


shows considerable change in 


distributions in the eight quadrants, 
principal pole distributions have been divided into 
a single component for the quadrant. The figure 
was determined for each principal pole distribution 


by separating components along the principal 
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planes R-C, C-T and T—R which act as mirror 
planes in the rolling figure. The (001) distribution 
proved to be isolated from contributions from the 
lower hemisphere, and components were readily 
extracted, as shown in Figure 12(i) to give com- 
ponents circular symmetry about the (001) maxi- 
ma. The (100) and (010) components were ob- 
tained by resolving components along the rolling 
axes, and assuming mirror symmetry about the 
plane of (001) maximum. this 
symmetry to axial points gave a distribution of 


Application of 


intensities over the pole figure which acted as a 


FIGURE 12. Resolution of 


contributions from four (100) components along the C-R axis 


the recrystallization texture of the duplex 


are equal in each octant of the sphere. The (100) pole maximum appearing along t 
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first approximation in dividing components. The 
(100) and (010) components are shown in Figures 
12(i) and 12(ii) and are closely equivalent, having 


he major 


approximately elliptical section, with t 
axis lying in the plane of 001 maximum, and of the 
equal intensity distribution about this plane. 

In the the (001) 


maximum is assumed to lie in the transverse plane, 


unresolved texture, if pole 


the (140) pole will lie close to the rolling axis. The 


resolved duplex recrystallization texture has a 


single-unit cell orientation, whose principal pole 
maxima lie as shown in Table I, having the (151) 


110 iXla 


010 
: he rolli 
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temperature 
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pole approximately parallel with the rolling 
direction. The (100) maximum along the rolling 
direction is seen to be due to the overlapping of 
four equal (100) lobes, along the rolling axis, and 


does not represent a new orientation component. 


7. Conclusions 


The rolling and recrystallization textures deter- 


mined in this experiment are summarised in 
Table I. A consistent explanation of the experimen- 
tal rolling textures has been put forward based on 


the (130) and (112) twinning systems and (010) 


slip. The low-temperature texture coincides with 


the texture predicted for twinning with some (010) 
slip, the inverse pole figure maxima for the Cand R 
distributions lying within the regions of minimum 
the (130) (112) 
twinning planes. A concentration of the C axis 


resolved shear stress for and 
near the (001) pole in this texture is explained by 
the action of (112) twinning after (010) slip, which 
results in a C axis concentration in the region of 
low resolved shear stress on the (010) plane, along 
the (001)-(010) zone. For rolling at low tempera- 
tures the tension axis FR distribution has a single 
maximum about the (010) pole. At higher rolling 
(O10) 
to develop about 
pole, the action of (130) and (112) 
to return the axis to the region of the (010) pole, 


slip causes a 
the (110) 


twinning being 


temperatures increases of 


second component 


and establish a closed cycle. In the compression 
the (010) slip at 
higher rolling temperatures causes movement of the 


axis distribution, increase of 
maximum along the (001)-(100) zone toward the 
O00] pole, and dispersion to the (001)-(130) and 
(001)-(130 the 


axis maximum about the (110) pole. 


zones, orthogonal with tension 


The recrystallization of the (010) axial texture 


yroduced at low temperatures occurred without 
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change of principal pole maxima, some increase in 
dispersion being observed. The axial (010) texture 
occurring alone is therefore effectively stable under 
the 
(010)-(110) axial texture occurred giving a single 


recrystallization. Reorientation of duplex 
component texture having the (151) pole axial, 
the major reorientation occurring in the (110) 
axial component. A (100) pole maximum occurs 
along the rolling direction which is shown to be 
due to overlapping of four components of the 
(151) texture. 
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THE DEBYE TEMPERATURE OF 


AuCu; AS A FUNCTION 


OF LONG-RANGE ORDER PARAMETER* 


D. B. BOWENT 


Simultaneous measurements of resistance have been made on 


partially ordered ; 


AuCu; wires. The resistance measurements are made over the temperature range from 4.2 
rhe differing behavior of the temperature dependent portions of the resistivities o 


has been interpreted as an increase of Debye temperaturé 


| 
in the ordered sample. Thi 


observed from disorder to complete order is 22 degrees. Some thermodynamic implications 


changes are discussed. A suggestion is made that the appearance of long-range order, as distinguished 


from short-range order, must be accompanied by 


The basis for this suggestion is presented. 


LA TEMPERATURE DE DEBYE DE AuCu 
A GRANDE 


changes in the spectrum of lattic illation. 


EN FONCTION DU PARAMETRE D’ORDRE 
DISTANCE 


On a mesuré simultanément la résistance de fils de AuCu; désordonnés et partiellement ordonnés. 


Ces mesures de résistance furent effectuées dans un intervalle de température allant 
77°K. Le comportement différent des parties de la résistivité des deux 
ture, fut interprété comme un accroissement de la température de Debye de 1’échantillon 


de 4,2°K a 
fils, dépenda: t de la témpera- 


ordonné. 


Le changement total, observé depuis le désordre jusqu’a l’ordre complet est de 22°. 
Certaines implications thermodynamiques de ces changements sont discutées 


l’apparition d’ordre a grande distance, contrairement a 


l’ordre a petite dista 


1 cas di 


accompagnée de modifications du spectre des oscillations du réseau. La base de 


présentée. 


DIE DEBYE TEMPERATUR VON AuCu 


ALS FUNKTION 


DER FERNORDNUNGS- 


KOEFFIZIENTEN 


An Drihten von teilweise geordnetem und von ungeordnetem AuCu 


wurde der elektrische Wider- 


stand gleichzeitig gemessen. Diese Widerstandsmessungen wurden in einem Temperaturbereich \ 


4, O°K bis 77°K durchgefiihrt. Das unterschiedliche Verhalten 
Widerstands der beiden Drahte wurde als eine ErhGhung der Debye-Temperatur in der geor 
Probe gedeutet. Die Gesamtinderung, die beim Uberga: 
Es werden 


Zustand beobachtet wurde, betrug 22°. 


Anderungen diskutiert. Es wird die Hypothese vorg 
ordnung, im Gegensatz zu einer Naheordnung, von An 


des te mperaturabha iwigen Antei 

dneten 
g vom ungeordnete ig geordneten 
thermody 


gen, dass das Vorhar de sein einer Fern- 


n zum voll 
nige amische Konsequenzen dieser 

est hla 


lerungen im Spektrum der Gitterschwingungen 


begleitet sein muss. Die Basis fiir diese Hypothese wird dargelegt. 


Introduction 


Siegel [1] has measured the influence of degree of 
long-range order on the elastic constants of AuCus. 
The changes that he has observed imply a change 
in the spectrum of lattice oscillations. There should 
be a smaller relative proportion of lower-frequency 
modes as order increases. These modal changes will 
have corresponding thermodynamic changes asso- 
ciated with them. Nix and Shockley [2] have em- 
phasized the importance of including this source of 
ordering potential in any complete theory of the 


phenomenon, but they lacked data on which to base 


any quantitative conclusions. A Debye model can 
be used as a first approximation to estimate the 
thermodynamic The 
dependence of the thermodynamic functions on 
Debye temperature can be found in many texts on 


changes to be expected. 


statistical mechanics. To investigate this depen- 
dence of Debye temperature on degree of order, 
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direct comparisons of the temperature dependence 
of the electrical resistivity of a disordered sample 
and partially ordered samples are made. From these 
comparisons the differences in Debye temperature 
between the partially ordered samples and the 
disordered sample are deduced in terms of the 
conductivity theory of Gruneisen [3]. 


Experimental 

The alloy was prepared from Johnson Matthey 
pure copper and S. S. White pure gold. These 
metals were reported to have a purity of 99.999 per 
cent. The pure metals were weighed in the correct 
proportion (25 atomic per cent gold, 75 atomic per 
cent copper) to within 0.01 per cent. The alloy was 
formed by melting in vacuum. After melting there 
was a weight loss that could have altered the com- 
position by 0.5 per cent only if the loss were all 
concentrated in one constituent. The slug of alloy 
was rolled, and then drawn into wire 0.0035 in. in 
diameter. 

The method of measurement has been discussed 
for a different application [4]. Simultaneous mea- 
a disordered 


surements of resistance are made on 


IN ein 
t wit 
e tv wire 
total change 
of the e 
suggere que 
A 
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sample and a partially ordered sample over the 
temperature range from 4.2°K to 77°K. From this 
direct comparison the difference in Debye tem- 
perature between the two can be directly inferred. 
The same disordered sample is used as a reference 
throughout a series of measurements in which the 
degree of order of the other sample is varied. The 
samples are heat-treated after being mounted in a 
lavite holder so that no direct handling of the 
wires is required. The disordered sample was heated 
in vacuum for two hours at 400°C, then quenched 
in water. A variety of heat treatments was used to 
achieve the partial orderings to be reported 

It is necessary to have a reasonably accurate 
value for the Debye temperature of the disordered 
reference sample. The resistivity of this sample as 


a function of temperature is shown in Figure 1. 


97s 


~ CENTIMETERS 


FIGURE l. 
ture. 


Resistivity of AuCus as a function of tempera- 


From these data a mean value of 175°K for the 
Debye temperature of disordered AuCu; is obtained. 
A spectrum of 170°K to 185°K is 
required to fit the data exactly at each point. 

The change in Debye temperature and the stan- 


values from 


dard deviation of the change as a function of 
degree of order is determined by the procedure 
given in Reference 4. The data are shown in Figure 
2 as a function of residual resistivity. The ordered 
samples have a larger Debye temperature than the 
disordered sample. 

In order to see if the method of disordering pro- 
duced significant changes in the Debye tempera- 
ture, a partially ordered sample was disordered by 
irradiation with alpha-particles in the Crocker 
Laboratory 60-inch cyclotron at the University of 
California. The energy of the particles striking the 
specimen was 35 Mev. The range of alpha-particles 
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in Cu;Au at this energy is about twice the 0.0035- 
inch diameter of the wires. The total integrated 
beam (which was uniform to better than 3 per cent) 
was 16 wamp-hrs/cm?. The specimen was refriger- 
ated during the irradiation, its temperature being 
kept below —150°C. The radiation increased the 
residual resistivity of the sample from 3.7 to 8.3 


RESIDUAL RESISTIVITY — MICRO OHM CENTIMETERS 


FIGURE 2. Change in Debye temperature as a function of 
residual resistivity. 


micro-ohm-centimeters. To the accuracy of the 
Debye temperature the change 
observed was equal to that to be expected in a 
sample thermally treated to this residual resistivity 


determination 


(see Figure 2). 


Implied Thermodynamic Relations 


Let us accept, as suggested in the Introduction, 
that the temperature-dependent portion of the 
resistivity changes with degree of order because of 
a change in the spectrum of lattice oscillation. At 
temperatures in the vicinity of room temperature 
and below, atom movements are so slow that all 
of our samples can be considered as being in meta- 
stable equilibrium, and the thermodynamic vari- 
ables can be estimated on the basis of the Debye 
model. These estimates are subject to the several 
reservations discussed in detail in Reference 4. 
The difference in internal energy, EZ, and work 
content (Helmholtz free energy), A, per unit Debye 
temperature difference between samples is plotted 
as a function of temperature in Figure 3. These 
values arise exclusively from the lattice oscillations. 
Their analytic form is obtained by differentiating 
the thermodynamic functions, as given in texts on 


| | | | 
| | | | 
| \} 
| Ni | | 
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wall | 


BOWEN: DEBYE 
statistical mechanics, with respect to Debye tem- 
perature. 

It is interesting to note that the lattice oscilla- 
tions contribute less internal energy, but more work 
content to an ordered than to a disordered sample. 
The total limiting internal energy difference from 
lattice oscillations between an ordered and a dis- 


CALORIES PER MOLE PER DEGREES 


200 300 400 300 600 
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FIGURE 3. The temperature dependence of the partial 
derivatives of the work content and the internal energy 
with respect to the Debye temperature. 


ordered sample is estimated in this Debye approxi- 
mation to be 44 cal/mole or 0.45 cal/g. This repre- 
sents about 8.7 per cent of the total internal energy 
difference as measured by Sykes and Jones [6]. The 
remaining 91.3 per cent is presumably independent 
of temperature, and in the usual quasi-chemical 
theories would be made a function of order para- 
meter only. 

Although the lattice oscillations make only a 
small contribution to the total ordering energy the 
contribution may be of importance to long-range 
order. Qualitatively, one may say that the lattice 
oscillations provide a mechanism for transmitting 
the long-range order information. Let us consider a 
sample ordered within antiphase domains. When 
the domains are very small, or only nuclei, there 
are many single atomic exchanges that result in a 
reduction of the total antiphase surface, and hence 
of the internal energy from short range ordering 
forces. However, as the domains grow the popula- 
tion of single exchanges that will result in a net 
reduction of the antiphase surface decreases, and 
may vanish. For further domain growth a re- 
arrangement of the surface is required that involves 
several cooperating atomic interchanges. From 
considerations of short range forces only, one would 


expect these events to be governed by the laws of 


random walk of boundaries, and hence their 
probability decreases rapidly with domain size. On 
the other hand, the larger domains will have a lower 
vibrational free energy than the small ones because 


of the additional entropy from the extra long wave 


Vid 


TEMPERATURE 


modes they can support (considering the scattering 
properties of the antiphase boundary as equivalent 
to a semi-rigid wall). This will favor their growth at 
the expense of the smaller domains at all stages of 
their growth even though the antiphase surface is 
not decreased by the exchange. (The surface must 
not be increased either, but exchanges are possible 
that leave the total antiphase surface constant but 
alter the volumes of adjacent domains.) Thus this 
long-range force will bias the random walk of the 
antiphase surface in favor of the larger domain and 
accelerate the ordering process. This suggests that 
the vibrational free energy may be the long-range 
order dependent factor that determines the rate at 
which ordering takes place. 

These ideas may be pertinent to some other alloy 
The 


exhibits a tendency to short range order [7], but 


systems. silver-gold system, for instance, 
has not been ordered in a long-range sense. For this 
system the atomic radii and the Debye temperature 
of the constituents are nearly equal. Hence, there is 
little tendency for the spectrum of lattice oscilla- 
tions to change either from lattice strains or com- 
position fluctuations, and consequently there should 
be little or 
energy. On the other hand, the atomic radii of 
copper and zinc may be as much as 25 per cent 
very 


no long-range vibrational ordering 


different. Hence, one might expect large 
changes in the spectrum of lattice oscillations of 
beta-brass when the degree of order changes, and 
indeed the elastic moduli are observed to change by 


large amounts [8; 9]. 
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X-RAY MEASUREMENTS OF LOCAL ATOMIC ARRANGEMENTS 
IN ALUMINUM-ZINC AND IN ALUMINUM-SILVER SOLID SOLUTIONS* 


P. S. RUDMAN and B. L. AVERBACHT 


The X-ray diffuse scattering from Al-Zn solid solutions has been measured at equilibrium above the 
Jlubility temperature. Observations were made for compositions ranging from 5 to 50 atomic per 
inc at 400°C, and at 300 and 500°C for a 10 atomic per cent zinc alloy. The diffuse scattering 
exhibits a strong small-angle component, and this has been interpreted in terms of Zn and Al-rich 
The excess of like neighbors does not appear to extend beyond the first shell of atoms, and 
Che diffuse scattering from an Al-10 atomic 
a similar clustering has been 


Z 


clusters. 
the average 
per cent \g solid solution at 
observed. 

The quasi-chemical theory is used to compare the X-ray results with the measured thermodynamic 
data 


nearest neighbor excess has been measured. 
540°C has also been measured, and 


and an apparent agreement is obtained. 


DES MESURES AUX RAYONS X DES ARRANGEMENTS ATOMIQUES LOCAUX DANS 
LES SOLUTIONS SOLIDES AlI-Zn ET Al-Ag 

La dispersion diffuse des rayons X par des solutions solides fut mesurée a l’équilibre, au-dessus 
de la température de solubilité. Les observations ont été faites dans l’intervalle des compositions 
allant de 5 a 50 pour cent en atomes de zinc, a 400°C et aussi pour 10 pour cent en atomes de zinc, 
a 300 et A 500°C. La dispersion diffuse manifeste une petite, mais forte composante angulaire, qui a 
été interprétée en termes d’amas riches en Zn et en Al. L’excés de voisins semblables ne parait pas 
s’étendre au dela de la premiére couche d’atomes; |’excés moyen de voisins semblables a été mesuré. 
On a aussi mesuré la dispersion diffuse par une solution solide de 10 pour cent en atomes d’Ag dans 
l’Al, a 540°C; on a constaté l’existence d’amas semblables 4 ceux des solutions Al-Zn. La théorie 
quasi-chimique est utilisée pour comparer les résultats obtenus par l’emploi des rayons X, aux 
données thermodynamiques, mesurées, et on constate qu’il parait y avoir un accord entre les deux. 


RONTGENOGRAPHISCHE MESSUNGEN DER ORTLICHEN ATOMANORDUNG IN 


Al-Zn UND IN Al-Ag LEGIERUNGEN 
Die diffuse Streuung der R6ntgenstrahlen wurde an festen Al-Zn Lésungen, die sich oberhalb 
ihrer Léslichkeitstemperatur im Gleichgewicht befanden, gemessen. Die Messungen wurden bei 
400°C an festen Lésungen mit einem Zinkgehalt zwischen 5 und 10 Atomprozent und bei 300°C 
und 500°C an einer Legierung mit 10 Atomprozent Zink durchgefiihrt. Die diffuse Streuung wies 
eine starke Kleinwinkelkomponente auf, und diese Erscheinung wird auf zink- und aluminiumreiche 
Aggregate zuriickgefiihrt. Der Uberschuss gleicher Nachbaratome scheint nicht iiber die erste 
Atomschale hinaus vorhanden zu sein; der mittlere Uberschuss gleichartiger Nachbaratome wurde 
Die diffuse Streuung an einer festen Lésung von 10 Atomprozent Ag in Al wurde bei 
540°C gemessen, und es wurde eine ahnliche Aggregation gefunden. 
Die réntgenographischen Ergebnisse werden im Rahmen der qusai-chemischen Theorie mit den 
thermodynamisch gemessenen Werten verglichen, und es wird eine scheinbare Ubereinstimmung 
erhalten. 


gemessen. 


tion into two phases, one rich in nickel and the 


Introduction other in gold, occurred because of the large differ- 


Local atomic arrangements in solid solutions may 
be studied by means of diffuse X-ray scattering, 
and there have been several measurements in 
systems which form superlattices on cooling below 
a critical temperature. In such alloys there is a 
preference for unlike nearest neighbors above the 
critical temperature and this type of local arrange- 
is usually called short range order [1]. 


ment 
Diffuse scattering measurements from two systems 
in which heterogeneous precipitation occurs on 
cooling have also been reported. In gold-nickel solid 
solutions [2] it was shown that there was a prefer- 
ence for unlike neighbors above the miscibility gap 


and it was concluded that on cooling, the separa- 
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tThe local order measurements have been summarized in 
reference [1]. 
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Institute of 


ence in atomic sizes. A comparison of the thermo- 
dynamic and X-ray data for gold-nickel alloys also 
indicated that the heat of formation must containa 
strain energy term when the solid solution is formed 
from atoms of different sizes [3]. In an aluminum- 
20 per cent silver (by weight) alloy diffuse scattering 
measurements [4] above the solubility temperature 
indicated that there was a preference for like 
nearest neighbors; that is, a clustering of like atoms 
in the solution. 

This paper describes X-ray data obtained from 
aluminum-zinc solid solutions above the solubility 
temperature. Aluminum has an appreciable solubil- 
ity for zinc (see Figure 1), and since both atoms are 
almost identical in size it might be expected that 
the local atomic arrangements could be interpreted 
in terms of a simple statistical theory. The free 
energies and entropies of mixing have recently been 


. 
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measured for these solutions [5] and these are corre- 
lated with the X-ray data. A better understanding 
of the precipitation process is also obtained in the 
light of the measured atomic arrangements in the 
equilibrium solid solution. 

Similar X-ray data on an aluminum-silver alloy 
are also reported. 


TEMPERATURE °C 


40 60 
ATOMIC PERCENT ZINC 


FiGuRE 1. Aluminum-zinc system. 


Experimental Procedure 


The alloys were made by the induction melting 
of high purity metals, and strips were produced by 
alternate cold rolling and annealing. There was 
some grain growth during the measurements at 
400°C, and some preferred orientation due to 
rolling, but these factors probably introduced little 
error in the diffuse scattering measurements. 

Transmission powder patterns were taken using a 
bent fluorite monochromator and CoKa radiation 
from a half-rectified power supply run at 22 kv. 
Thus A/2 and \/3 were suppressed, and exposure 
times were of the order of 40 hours. The sample 
was a foil approximately 0.005 in. thick and was 
supported in a furnace in an evacuated camera. 
The temperature of the foil was measured by a 
Pt-(Pt, 10% Rh) thermocouple welded to it, and the 
camera arrangement is indicated in Figure 2. It 
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FIGURE 2. Transmission camera geometry. 
was impossible to make measurements on quenched 
alloys since precipitation was detected immediately 
on cooling to room temperature. 

A hand spectrometer (see Figure 3) was used to 
obtain the diffuse scattering in absolute units. The 
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diffuse intensity was measured in the spectrometer 
at the same temperatures used for the transmission 
photograms, and the intensity was standardized by 
block of 


lucite [1]. It was thus possible to fit the spectro- 


making identical measurements on a 


meter and the photographic data and obtain a 


FIGURE 3. Geiger counter spectrometer geometry. 


The 
temperature in an 
the 


final curve in absolute units. spectrometer 


sample was maintained at 


atmosphere of dry hydrogen by means of 


arrangement shown in Figure 4. 


HEATERS 


FiGurRE 4. Cross section « h temperature spectrometer 


chamber. 
X-Ray Theory 


It has been shown [6] that the component of the 
diffuse scattering arising from local atomic arrange- 
ments in a powder pattern of a binary alloy of 


atoms of equal size is given by: 


I(S) 
N 


= — fa) 


(1) 
yi + Cia, ST, 

where 

sin 6 


Db 
- = short range parameter, 
m4 
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atomic fraction of A-atoms, 

number of atoms in 7™ shell, 
probability of finding an A-atom in the 
i™ shell about a B-atom, 


r distance between 1 


i 


neighbe rs. 


The coefficients a; describe the deviations of the 
solid solution from randomness, and it is these a;’s 
which must be extracted from the X-ray data. 
Fourier methods have been used to obtain the a;’s, 
but more recently Flinn [7] has developed a modi- 
fied Fourier treatment which allows a weighting of 
the more accurate low angle data and minimizes the 
termination effects. We have used this modified 
Fourier treatment, but in these experiments there 
were several advantages in the use of a least squares 


procedure. 


Rearranging equation (1): 


K(S) = >> Ca; = 
i=l 


n Sr; 
Sr 


— fa) 


K(S) = 


Since the Fourier transformation indicated that 
a; was essentially zero for 7 > 2, equation (2) could 


be approximated by 


sin 


Sis 


The least-squares procedure requires the minimiza- 
tion of the quantity: 


(4) A’ = [Cyaix Craoy K(S)} 


with respect to Cia; and Cras. 
One obtains 
9) | xY T = yK (S) 


where 


>> xK(S) 


S 


sin Sro 


sin 


These two simultaneous equations may then be 
solved for and Crap. 

Experimentally, the low-angle data are the most 
accurate. At high angles there is a large tempera- 
ture diffuse contribution, and the diffuse scattering 
must be obtained by extrapolating under Bragg 
reflections. The manner in which the transforma- 
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tion method weights the data is thus of prime 
importance. Considering equation (5), the weight- 
ing function of the least squares method is essen- 
tially the envelope of the sin S7;/S7 curve. In the 
modified Fourier method the weighting function is 
S exp [—a’*S’], and the data are weighted by S 
alone in the formal application of the Fourier 
method. These three weighting factors are plotted 
in Figure 5, normalized at the point S = 2.0. The 


LEAST SQUARES METHOD 


MODIFIED FOURIER 
METHOD 


~FORMAL 
FOURIER 
METHOD 


FUNCTION (NORMALIZED AT S=#2.0) 


WEIGHTING 


Figure 5. Transformation weighting functions. 
advantage of the least squares procedure is not 
general and arises in this case only because the 
diffuse scattering can be described in terms of 
sin x/x functions. If a size effect is present [6] an 
additional cosine term is introduced and the advan- 
tage of the least squares method is lost. 

The experimentally observed intensity is not 
simply J(S), but rather: 


(6) (I(S) + Ir + Ic) [gq] 
where 


I; = temperature diffuse, 
I¢ = Compton modified, 
g = polarization factor, 


A(6, absorption factor. 


All the factors except I7 are easily computed [1] 
and hence separable from J(S). By introducing the 
simplifying assumptions of independence of vibra- 
tions and randomness of solution, an approximate 
expression for J7 was derived: 

— 
= (maja + 
‘ Sus 


+ mpfz exp 
where 


u,> Up are the mean-square displacements from 
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AND 


the equilibrium lattice positions, and these were 
calculated using a mean Debye temperature and 
the respective masses of the atoms. 


Experimental Results 


Some representative microphotometer traces for 
the Al-Zn system are presented in Figure 6 for a 


@ 


“A 


BLACKENING 


FiGuRE 6. Microphotometer traces of diffuse scattering 
from aluminum-zinc alloys (CoKa radiation). 


composition of 10 atomic per cent Zn at tempera- 
tures of 300, 400 and 500°C. There is a small-angle 
component that decreases as the temperature is 
increased corresponding to a diminution in a. A 
second diffuse maximum (coming under the (111) 
and (200) Bragg reflections) remains approximately 
constant and this component is due to temperature 
diffuse scattering. This temperature diffuse modula- 
tion was not taken into account by the calculated 
temperature scattering and the minimizing of this 
error is left to the inherent weighting in the trans- 


formation operation. Figure 7 shows the measured 


diffuse scattering on an absolute intensity scale for 
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FicureE 7. Aluminum-zinc diffuse scattering at 400°C. 
50 atomic per cent zinc. 
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a 50 atomic per cent zinc alloy measured at 400°C. 
Also the temperature 
diffuse and Compton modified contributions. The 


included are calculated 
recalculated intensity using only the value of a 
obtained by the least squares method is given in 
the figure. Although a 


obtained, the erratic variation with composition 


same value for as was 
showed that these coefficients were not significant 
but merely helped to produce a better least squares 
fit. 

The coefficient a; was measured at 400°C for a 
series of aluminum-zinc solid solutions containing 
5-50 atomic per cent zinc. An attempt was also 
made to measure the variation of a, with tempera- 
ture for the 10 atomic per cent alloy but the vari- 
ation was small; at other compositions, the tem- 
perature could not be varied sufficiently without 
danger of melting. The coefficient a, at 400°C is 
shown as a function of composition in Figure 8, and 


FicurE 8. Short-range Im-zine 


alloys at 400°C. 


paramet 


the results are summarized in Table I in terms of a 
more tangible quantity, the average number of 
zinc atoms in the first shell about an aluminum 
atom. 

All of the alloys exhibited positive values of a; 
and this indicates that there was a preference for 
like neighbors in these solid solutions. The prefer- 
ence for like neighbors increases as the solution 
becomes more concentrated and the maximum 
effect probably occurs at the 50 atomic per cent 
composition. It is interesting to note that at 400°C 
in a 50 atomic per cent alloy, a given atom has 
about one more like nearest neighbor than it would 
have had in a random solution. Since the second 
neighbor coefficients, a2, appear to be very nearly 


zero it may be inferred that the excess of like 
neighbors does not extend beyond the first shell of 


atoms. 
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Similar results were obtained in an alloy of 
aluminum-10 atomic per cent silver. The coeff- 
cient a; was positive and the preference for like 
neighbors is also listed in Table I. 


TABLE I 


CLUSTERING IN AL-ZN SOLID SOLUTION 


100°C 
No. Zn atoms in first shell 
Difference 


Random Observed 


08 
11 
13 
15 
. 156 
.16 


o> Ot 


EFFECT OF TEMPERATURE 
Al-.10 Zn 
No. Zn atoms in first shell 


Random Observed Difference 


Al-Ag-540°C 
No. Ag atoms in first shell 


Random Observed Difference 


Discussion of Results 

In order to compare the X-ray measurements of 
local atomic arrangement with measured thermo- 
dynamic quantities it is necessary to connect the 
two concepts by a statistical theory of solid solu- 
tion formation. A prevalent approach [8; 9] ascribes 
the entire heat of mixing to nearest neighbor 
chemical bonding terms, and it has been shown 
recently [3; 10] that this approach does not have 


general applicability. If lattice strain 


arising from a dissimilarity in atomic sizes or 


energy 


electronic contributions arising from a change in 
electron distribution are involved in solid solution 
formation, the chemical bonding approach may be 
completely in error [3]. The aluminum-zinc system, 
however, appears to be well adapted for this type 
of treatment. The X-ray data indicate that the 
atoms have almost identical sizes and there is thus 
no strain energy the 
liquid solutions in this system also show positive 


contribution. In addition, 
heats of mixing, indicating a nearest neighbor inter- 
action energy which is independent of the presence 
of a lattice. There is no information available on 
the possible changes in the average electron con- 
figuration, but these can be neglected for the 
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moment and considered separately if the quasi- 
chemical theory fails. 

The relative molar integral heat of mixing is 
given as: 


zNom, 


. (Eua — Eas’) + 


zNoms 
2 
Eas + Exp 
2 


(8) = 


(Ess — Eps) + Pas \ Eas — 


where 
= number of nearest neighbor atoms, 
nearest neighbor interaction energy, 
nearest neighbor interaction energy in 
the pure metals (the £’s are inherently 
negative quantities), 
Pas = number of (AB) bonds per gm-atom of 
solution, 
Ny, = Avogadro’s number. 
Assuming that E44 and Egz are independent of 
composition and equal to their values in the pure 
metals (E44° and Egz°), equation (8) becomes: 


(9) H™ = Papv 


where 


Es A Ex B 


Ear 


It should be noted that »v need not be assumed 
constant since E,g may vary with composition. 
If we take A as aluminum and Bas zinc, a difficulty 
arises with the assumptions leading to equation (9) 
since the term (Eg, — Ege) must include a term 
for the virtual transformation Zn(HCP)—Zn(FCC). 
There appears to be no way to measure this quan- 
tity directly, but since the transformation involves 
only a change in stacking it is probably small. The 
apparent agreement between the X-ray and ther- 
modynamic results indicated later appears to sub- 
stantiate this assumption. 

Takagi [8] has shown that the number of (AB) 
pairs is given by 


= exp| 


which may be approximated by 

\ Pas 
(10a) zN, — mampzlexp (2v/kT) — 1)}. 
By definition 


Par 


(11) oN, 


= — a). 


Therefore, from an X-ray determination of a, p 
may be evaluated from equation (10a) and H™ 


) 
.10 1.2 1.1 
15 1.8 1.6 
. 20 2.4 2.1 
30 3.6 3.06 
40 4.8 4.05 
.50 6.0 5.04 
Temp. °C a1 
300 09 1.2 1.09 1] 
500 075 1.2 1.1] 09 
10 15 1.2 1.02 0.18 
— pas) (2Nomg — pap) 
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from equation (9). The relative integral heat of 
mixing computed in this way is shown in Figure 9 
along with the values of H” measured by thermo- 
dynamic methods [5]. The agreement is within the 
experimental error of each type of determination. 


FiGuRE 9. Aluminum-zinc relative integral heat of mixing 


at 400°C. 


Takagi [8] has derived an expression for the rela- 
tive integral entropy of mixing for a solution con- 
taining an arbitrary number of (AB) bonds. 


M 


(zg — 1)(m,4 In + mg ln mg) 
b Dap 
(ma 248) n (ma 


Pap = Pap 
2No zNo 


In | mp 


Figure 10 shows the excess configurational entropy 
calculated from the X-ray data using equation (12) 
and the excess entropy calculated from the emf 
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FicureE 10. Aluminum-zinc excess molar entropy at 


400°C. 
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measurements. The excess entropies of the random 
ideal solutions are zero and those calculated from 
the X-ray data are less than zero because of the 
clustering within the solution. The thermodynamic 
data are above the ideal curve, but this discrepancy 
may be within the experimental error. 

the internal 


energy of the solution is made up of a sum of inde- 


If the assumption is made that 


pendent terms: 
E = E(chemical bonding) + (strain) 
+- E(change in vibrational spectrum) 
+ E(electronic changes) +... 
then X-ray measurements of local atomic arrange- 
ment would be influenced principally by E(chemical 
bonding). The relative integral entropy would then 
contain the analogous terms: 
S” = S”(atomic configurations) 
+ S™“(changes in vibrational spectrum) 
+ (electronic changes) + 

The entropy changes arising from lattice strain 
would appear only as the volume was changed and 
this effect may be neglected. The electronic entropy 
term is probably negligible, being of the same order 
of magnitude as the electronic specific heat. A 
positive vibrational contribution to the entropy 
should be reflected in a small positive contribution 
to H™. In Figure 10 the configurational entropy 
determined from the X-ray data is below that of the 
measured thermodynamic value, while in Figure 8 
the enthalpy calculated from the X-ray data is 
above the measured value. It is possible that the 
differences in both cases arise from experimental 
errors. 

The energy relationships in aluminum-zinc solid 
solutions are thus apparently accounted for on the 
basis of a chemical bonding theory, with the X-ray 


and emf results in substantial agreement. 
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THE EFFECT OF A SURFACE OXIDE FILM ON 
TORSIONAL RELAXATION* 


B. I. EDELSON{ and W. D. ROBERTSON? 


_ The effect of a surface oxide film on the torsional relaxation of polycrystalline cadmium wires was 
investigated. The phenomenon of reversal when the film is removed during relaxation, known ; 

the abnormal after-effect, is shown to be a reproducible effect directly dependent on the presence and 
elastic properties of a surface film. Various physical parameters, such as metallurgical history of the 
metal, film conditions and time functions, are varied in relaxation tests to show this dependence. 
An explanation of the abnormal after-effect is given in terms of a two-component mechanical model. 
An equivalent explanation of the abnormal after-effect may be given in terms of the dislocatior 


barrier theory. 


L’EFFET D'UNE COUCHE D’OXYDE A LA SURFACE, SUR LA RELAXATION EN 
TORSION 


On a investigué l’effet d’une couche d’oxyde a la surface, sur la relaxation en torsion de fils poly- 
cristallins de cadmium. I] est montré que le phénoméne d’inversion, quand la couche est enlevée pen- 
dant la relaxation, connu comme la répercussion anormale, est un effet reproductible qui dépend 
directement de la présence et des propriétés élastiques de la couche a la surface. Divers paramétres 
physiques, tels que l'histoire métallurgique du métal, les conditions de la couche et des fonctions du 
temps sont variés dans les essais de relaxation, en vue de montrer cette dépendance. Une explication 
de la répercussion anormale est donnée en termes d’un modéle mécanique 4 deux composantes. Une 
explication équivalente peut étre donnée en termes de la théorie de barritre de dislocations. 


DER EFFEKT EINES OBERFLACHENOXYDFILMES AUF DIE TORSIONSNACH- 
WIRKUNG 

Es wurde der Effekt eines Oberflachenoxydfilmes auf die Torsionsnachwirkung von polykristal- 
linen Kadmiumdrahten untersucht. Es wird gezeigt, dass die als ‘‘anomale Nachwirkung”’ bekannte 
Erscheinung der Umkehrung beim Ablésen des Filmes wahrend der Relaxion ein reproduzierbarer 
Effekt ist, der direkt von der Anwesenheit und von den elastischen Eigenschaften des Oberflachen- 
filmes abhangt. Um dieses Abhangigkeitsverhaltnis zu zeigen wurden verschiedene physikalische 
Parameter, wie die metallurgische Vorgeschichte des Metalls, die Filmeigenschaften und die Zeit- 
konstanten in den Nachwirkungsversuchen variiert. Es wird eine Erklarung der anomalen Nachwir- 
kung im Rahmen eines mechanischen Zweikomponentenmodells gegeben; eine entsprechende Er- 
klarung der anomalen Nachwirkung kann auf Grund der Theorie der Versetzungshindernisse gegeben 
werden. 


I . the residual elastic stress associated with the tor- 
ntroduction sional deformation. After removal of the applied 


stress the wire untwists in accordance with the 
normal after-effect. If, during the untwisting, the 
surface film is quickly removed—by etching, for 


the dislocations still concentrated at the 


If a metallic wire is twisted beyond its elastic 
limit and the applied stress is released, there occurs 
an instantaneous elastic recovery followed by a time- 
dependent relaxation. This relaxation, called the 
normal after-effect, is such that the wire recovers, 
approximately, an equal number of angular units 


example 
surface are released and they escape from the 
metal; this corresponds to a motion in the direction 


in equal increments of the logarithm of time [1]. 
When recovery in degrees is plotted against log 
time a straight line is obtained, except near zero 
time and near infinite time. 

It was suggested by Cottrell [2] that, in accor- 
dance with the current concept of plastic deforma- 
tion, an elastic film on the surface of a wire con- 
stitutes a barrier to those dislocations associated 
with torsional deformation that ordinarily pass 
through the external surface and, accordingly, they 
should concentrate beneath the surface film. The 
extent to which the dislocations are blocked defines 
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University. 


Yale 


of the original deformation, opposite to the existing 
motion, and should manifest itself by a change in 
the rate of the normal after-effect. Barrett [3; 4] 
observed this phenomenon in single crystals of zinc 
and in polycrystals of iron, zinc and cadmium. In 
some cases the wire actually reversed (moved in 
direction of original twist) after removal of the 
Barrett termed an 


other cases 


surface layer. This reversal 
“abnormal after-effect.’’ In 
twisting was merely slowed and the resultant plot 


the un- 
showed a decrease of slope. 

In the first paper [3] Barrett established the exis- 
tence of the effect in zinc and iron. Subsequent 
work [4] indicated: (1) the abnormal effect did not 


originate from a thermal transient or acid attack on 
the metal itself; (2) the sensitivity of the method 
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was great enough to detect very thin films (those 
formed in air at room temperature in less than one 
hour); (3) that moderate plastic deformation did 
not disrupt the coherency of the film to the extent 
of eliminating the effect ; and (4) that prior cold work 
increased the magnitude of the normal after-effect. 

In addition to the preceding interpretation of 
the abnormal after-effect, there is an alternative, 
or equivalent, explanation that is generally consis- 
tent with facts reported by 
Barrett, namely, that a coherent elastic film on the 


the experimental 


surface of a plastically deformed wire constitutes a 
two-component mechanical system. Twisting the 
wire and film produces an elastic stress at the 
surface causing the wire to recover at a greater rate 
than it would in the absence of a film. The sudden 
removal of the film allows the wire to seek its own 
to the 
position it would have assumed in the absence of the 
film. The 
designed to evaluate this hypothesis in terms of new 


recovery rate, even reversing temporarily 


investigation described below was 
experiments and to determine how far the two 
interpretations can be considered equivalent. 

The following determinations are necessary to 
obtain the data required to form a self-consistent 
set from which unambiguous conclusions can be 
formulated: 

(1) The difference in relaxation behaviour of 
an oxidized wire and a clean wire, including the 
effect of etching. 

(2) The effect of previous history of the metal 
(cold-working and annealing) on the abnormal 
after-effect. 

(3) The effect of thickness of the oxide film. 

(4) The effect of holding time prior to release 
of load. 

(5) The effect of a delay in removing the sur- 
face film. 

(6) The effect of twisting a clean wire and then 
applying the film after twisting. 


Experimental Procedure 

For preliminary work the apparatus developed 
by Barrett [4] was used. Several metals were tested 
with various cold-working and annealing treat- 
ments, types of surface films, and concentrations 
of acids to normal and after- 
effects as distinct as possible. This preliminary 
work showed that polycrystalline cadmium with 
an anodic film, and dilute sulfuric acid as etchant, 


obtain abnormal 


was the most effective of the combinations tested. 
For quantitative work it was necessary to employ 
precision timing; to eliminate accidentally intro- 
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duced bending, tensile and compressive stresses; 
to control the exact amount of twist and the time 
of holding after twist; to eliminate possible buoy- 
ancy, wetting and thermal transient effects; and 
finally, to provide for the application of a surface 
film subsequent to twisting. 

The apparatus shown in Figure 1 was developed 
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SCHEMATIC DRAWING OF APPARATUS 
FiGURE 1. Schematic drawing of apparatus. 
to meet the above requirements. The wire speci- 
mens, each 5.6 cm long and 1.11 mm in diameter, 
were cemented in brass grips with a DeKhotinsky- 


type wax having a softening point of about 140°C. 


Length of specimens between grips was 4.0 cm. 
No evidence was found of plasticity in the cement. 
The bottom grip was rigidly fastened to a gradu- 
ated lucite disk and to the crank used for twisting 
the wire. Amount of twist was determined by 
matching the graduated disk with a line on the base 
of the apparatus. The top grip was rigidly coupled 
to a handle and concave mirror. The assembly was 
maintained vertical by a nylon thread and counter- 
weight, resulting in a net tensile force of 1.3 gm. 
The specimen was enclosed by a lucite tube through 
which water or the acid etchant could be circulated. 
The bottom grip passed through a rubber stopper 
which remained stationary during the twisting 
operation. Two burettes were connected to the 
inlet of the flow tube and they permitted changing 
of the medium from water to acid, as desired. A 
drain valve and overflow tube were also provided; 
in this way liquid level remained constant and the 
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specimen was always immersed which precluded 
significant temperature changes or other effects 
due to immersion. 

The apparatus and following procedure permitted 
the twisted, held, 
relaxation observed with a minimum of handling. 


wire to be released and its 
When the crank was turned, the grip holder, lucite 
disk, specimen and its grips, and the handle and 
mirror turned with it; the flow tube and rubber 
stopper remained stationary. If the crank were 
turned far enough, the handle encountered two 
handle limit stops fixed to the top of the apparatus 
which prevented its further turning. This fixed the 
top of the specimen, upper specimen grip and mirror 
in the ‘‘zero position’’. Further turning of the crank 
twisted the specimen. When the specimen was 
twisted the required amount and held for the pre- 
scribed time, the crank was reversed until the 
handle was free of the limit stops; zero time was 
marked; and the specimen was allowed to relax. 
Since a rubber friction disk held the crank, holder 
and bottom grip stationary, untwisting of the wire 
was transmitted to the mirror via the upper grip. A 
galvanometer lamp and scale together with an 
electric timer, were used to record the movement 
of the mirror. 

Commercially pure cadmium, obtained from the 
New Jersey Zinc Company, was used. Specimens 
were prepared by casting into bars, rolling and then 
drawing to the same final diameter (1.11 mm). 
Unless otherwise indicated, specimens having a 
grain size about 1/100 of the wire diameter were 
used in the cold-worked condition, produced by 
approximately 60 per cent reduction in area. Ex- 
periments with wires at various times after drawing 
demonstrated that the effect of annealing at room 
temperature was negligible. 

Surface films were produced in a cell consisting 
of the specimen as anode, a platinum cathode, and a 
IN sodium hydroxide electrolyte. It was found 
that 2.5 volts (0.02 amp/cm?) gave a very satis- 
factory anodic film in 20 minutes. The film formed 
was cadmium hydroxide [5], which is insoluble in 
water but dissolves readily in 2 per cent sulfuric 
acid. 

The standard procedure was to prepare wires of 
the final diameter about 6 feet long and then wash 
with organic solvent, acid, water and alcohol to 
remove traces of lubricant and foreign matter. 
The wires were then cut to the standard length 
(5.6 cm), anodized, cemented in grips and then 
tested in the apparatus. During the tests the liquid 


media, always at room temperature, were allowed 
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to circulate slowly through the flow tube to main- 
tain constant conditions and dissipate heat. All 
(23°C. to 


degrees in 


runs were made at room 


25°C). All 


approximately 4 seconds. The etchant used in every 


temperature 


wires were twisted 180 


case was 2 per cent H.SO,. The ends of the grips 
with galvanic 
the 


were coated prevent 


the 


paraffin to 


action between acid and brass grips. 
Unless specifically stated otherwise the following 
parameters were kept constant. The time from 
commencement of twist to release of load was 30 
seconds. The wire was twisted, held, and allowed to 
by distilled The 
etchant was applied at 400 seconds after release of 


load. 


relax while surrounded water. 


Experimental Results 
Effect of Anodic Film 
An 


effect of an anodic film on the relaxation behaviour 


investigation was made to determine the 


of cold-worked polycrystalline cadmium. The tests 
were conducted in quadruplicate in order to deter- 
mine the degree of reproducibility. Four specimens 
were anodized in the standard manner, and four 
were etched in 2 per cent H2SQ, for five minutes 
prior to the run. The resulting data are civen in 
Figure 2 where strain (in degrees) is plotted as a 
function of log time. The figures in parenthesis 
strain rate, ex- 


represent the normal after-effect 


irves of anodized 
are quadruplicate: 
through —H—- were not 
indicates acid added. 
rate (in tenths of a 


Comparison o! atter-effect c 
and nonanodized specimens. ‘ 
\— through —D- were anodized; —E 
anodized. W indicates water added 1 
Figures in parenthesis indicate strain 
degree recovered between 200 and 400 seconds). 


FIGURE 2. 
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pressed in tenths of a degree strain recovered 
between 200 and 400 seconds. 

The abnormal after-effect is very clearly demon- 
strated and associated with the removal of the film. 
Prior to the removal of the film, the slope of 
oxidized specimens is linear and the deviation of 
the slope is less than 10 per cent from the mean. 
The magnitudes of reversal in tenths of a degree 
are 6.4, 5.5, 5.4 and 4.9, respectively. The behaviour 
of the etched wires is markedly different; the strain 
rate is only about one quarter of that obtained with 
anodized wires and is not linear. Although acid 
replaced the control media, water, at points marked 
A on curves -E- and -G-, no effect was observed. 
Water replaced acid at point marked W on curve 
-B-. Again no effect was noticed. At no time, in this 
or succeeding experiments, was acid attack of the 
metal indicated, either by formation of bubbles or 
by change in diameter of the specimen after the 
run. 


Effect of Cold Working 
Polycrystalline cadmium wires (all 1.11 mm in 
diameter) were identically prepared except for the 


amount ofjcold work following a full anneal of one 


hour at 250°C. After standard anodizing treatment 
these wires were tested to determine the effect of 
cold-working on the normal and abnormal after- 
effects and the results are shown in Figure 3. The 
specimen representing zero per cent reduction in 


FiGuRE 3. Effect of cold work on after-effect curves 
Percentages indicate amount of reduction in area after 
last anneal. 0 per cent cold work indicates 250°C anneal 
after drawing. 
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area was annealed for 1 hour at 250°C after the 
final drawing operation. 

As might be anticipated, increasing amounts of 
cold work increase the normal strain rate when the 
anodic coating is the same. Likewise, increasing the 
amount of cold work has a tendency to increase the 
magnitude of reversal, in fact it is 3.3, 4.5, 6.9and 
6.4 tenths of a degree from zero to 95 per cent 
reduction, respectively. 


Effect of Annealing Temperature 


Using the specimens in the highly cold-worked 
condition (95 per cent reduction in area) a series of 
runs were made to determine the effect of subse- 
quent annealing. Accordingly, specimens of this 
wire were annealed in air at various temperatures 
for one hour, then anodized in the standard manner. 
The plots of strain versus log time are given in 
Figure 4. Here the initial strain rate became less 


EFFECT OF ANNEALING 
PRIOR TO ANODIZING 


(OEGREES) 


STRAIN 


FicurE 4. Effect of annealing for one hour at various 
temperatures on alter-efiect curves. 


with increasing annealing temperature. The amount 
of reversal (in tenths of a degree) also decreased 
with increasing annealing temperature. These two 
quantities are plotted in Figure 5. 

The effect of annealing, as well as that of cold- 
working, demonstrates the influence of the metal- 
lurgical history of the wire on its relaxation be- 
havior. These results might have been predicted on 
the basis of mechanical properties, by noting that 
increasing annealing and decreasing cold work both 
facilitate plastic deformation, leaving a smaller 
portion of the original twist recoverable and there- 
fore decreasing the amount and rate of relaxation. 
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FicurE 5. Effect of annealing at various temperatures 
for one hour prior to anodization on initial strain rate and 
amount of reversal. 


Effect of Thickness of Oxide Film 

A series of runs was made to determine the effect 
of thickness of the anodic film. Successive speci- 
mens of cold-worked anodized for 
various lengths of time, all at 2.5 volts. The results 
are shown in Figure 6. Differences in anodizing 
time could be noted visually: the one-minute film 
was a blackish-brown (probably mostly oxide); 
films produced by longer anodizing times were 
successively lighter (hydroxide) ; and the 40-minute 
film was a very light gray, appearing slightly 
spongy. The nonanodized specimens again showed 
no reversal upon application of acid (applied at A 


in Figure 6). The one-minute specimen showed 


wire were 


MO AMODIC 


STRAIN (DEGREES) 


400 «6 1000 
TIME (SECONDS) 


Ficure 6. Effect of anodizing time at 2.5 volts on after- 
effect curves of cold worked cadmium. 


only a very slight reversal. All others displayed an 
appreciable reversal of the same order of magnitude, 
although the longer the anodizing time the longer 
was the time during which the reversal took place. 
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The two nonanodized runs were identical, except 
that as an additional control the first run (No. 115) 
was twisted and released in air and distilled water 
first added at 300 seconds. This treatment had no 
evident effect on the results. The data for these 
Table I. 


runs are tabulated in 


TABLE 
EFFECT OF FILM THICKNESS 
Anodizing 


Run no. time 


115 0 
115A 0 
132 
128 
129 
116D 
130 


1 min 0.6 very 
5 min 5.4 
5.8 


12.5 


10 min 


20 min 


10 min 9.8 6.8 


*S,, Initial strain rate expressed in tenths of 
recovered between 200 and 400 seconds. 
TR, Magnitude of reversal in tenths of a degree. 


tt, Time, in seconds, for 2/3 of R to occur. 


These results show that a thin film increases the 
initial strain rate considerably, but an additional 
the film thickness further 


increase the initial slope, but does significantly 


increase of does not 


increase the time for reversal to occur. 


Effect of Holding Time on Normal After-Effect 


Since the ‘‘clean’’ wire did not behave like the 
anodized wire, it was found necessary to establish 
the character of the normal after-effect occurring 
in a wire without the applied film. A suitable 
variable for examining the relaxation of a wire, 
independent of the surface condition, was found to 
be the time of holding in the twisted condition 
prior to release. 

A group of nonanodized specimens were twisted 
in distilled water, held for various lengths of time 
and released. The holding time was computed from 
commencement of twist to release of load. The plot 
of strain versus logarithm of elapsed time after 
release of load, Figure 7, indicated that the initial 
strain rate varied with the time held. In all cases 
the resultant plot is not exactly a straight line, but 
rather an S-shaped curve which would extrapolate 
to zero slope at zero time and at infinite time. The 
central portion may appear linear for a relatively 
long period of time. However, to be strictly com- 
parable, the slopes must be computed during the 
same time interval, in this case between 200 and 
100 seconds. Examination of the slopes for various 


holding times in Figure 7 shows that, in the seg- 
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FiGurE 7. Effect of | g time on after-effect curves of 
non-anodized wires. Holding time was computed from com- 
> of load. 


ments plotted, the first three slopes are decreasing 
in value with increasing holding time, the 12- 
minute curve is almost linear, and the 20-minute 
curve increases in value. It appears, then, that these 
curves have typical anelastic characteristics: in- 
creasing the holding time has the effect of moving 
the inflection point to later time. The slopes during 
first then 
decrease with increasing holding time as shown in 


identical time intervals increase and 


Figure 8. 


3 5 10 
Log HOLDING TIME (minutes) 


FIGURE 8. effect of holdir 
anodized wires. 


ig time on strain rate of non- 


Effect of Delayed Etching Time 


Barrett [3; 4] 
indicate that the reversal should die out if removal 


The experiments performed by 


of the film is delayed. Investigation along this line 
failed to verify this finding. Tests were made using 
the 
except that the time of replacing water with acid 


cold-worked cadmium in standard manner 
was varied from 200 to 3200 seconds. The resultant 
data are shown in Figure 9. The amount of reversal 
and the time during which reversal continued 
increase with increasing time at which the film is 
removed. It is especially noteworthy that when the 
acid was added at 3200 seconds the run was con- 
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FiGuRE 9. Effect of time of replacing water with acid on 
aiter-eliect curves. 


tinued for another six hours at the end of which 
time the reversal still had not died out. The results 
of this series are tabulated in Table II. Since the 


TABLE II 


EFFECT OF DELAYED ETCHING TIME 


Time of 
adding 
acid 


(seconds) 


200 11 

400 12 

400 

400 

400 

800 9. 60 
286 


1600 


550 


3200 


initial slope (.S,) varied slightly throughout these 
runs it was felt that the ratio of the amount of 
reversal (R) to the initial slope was more significant 
than R alone. The amount of reversal, the ratio of 
reversal to initial slope and the time during which 
reversal occurred all increase with increasing time 
of adding acid. 


The Inverse Abnormal After-Effect 


It has been amply demonstrated that the re- 
moval of a film, applied prior to twisting, caused a 


reversal of the normal after-effect. As a final 
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critical test of the effect of a film, the order of 
oxidizing and twisting was inverted by applying 
the anodic film to the twisted wire while maintain- 
ing all other variables constant. 

A cylindrical platinum mesh cathode was inserted 
in the flow tube, and a specimen was mounted in 
the apparatus in the nonanodized condition. The 
specimen was then twisted 180 degrees in the usual 
manner and held for 12 minutes. During this time 
the flow tube was filled with sodium hydroxide and 
the specimen anodized at 2.5v for 10 minutes. 
Upon completion of anodizing the flow tube was 
drained, flushed, and filled with distilled water. At 
the end of the 12 minutes the load was released and 
the recovery noted. At 400 seconds the water was 
replaced with acid. The effect was opposite to that 
previously experienced upon etching. Upon attack 
with acid, the rate of untwisting increased, rapidly 
at first, and then settled down to a rate which was 
greater than the original rate. Two of these runs are 
plotted in Figure 10 as curves -A- and -B-. 


(DEGREES) 


STRAIN 


FicureE 10. Effect of inverting order of twisting 
anodizing on after-effect curves. Curves -A- and -B 
sent wires which were first twisted, then anodized, then 
released: curve —C-, twisted and released without anodizing; 
curve —D-, anodized first, then twisted and released. 


and 


repre- 


As control runs, tests were made on wires treated 
in the following manner. The specimens were 
mounted in the apparatus as above. They were then 
anodized for 10 minutes in the apparatus. Following 
anodization the sodium hydroxide was replaced 
were twisted 180 


with water. The specimens 


degrees, held for 12 minutes and released. One of 
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these runs is plotted as curve -D- in Figure 16. Its 


nitial slope was greater than in the runs described 


above, and when the acid was admitted the “‘nor- 


mal ‘abnormal after-effect’ ’’ occurred, involving a 
reversal and settling down to a lesser slope. As a 
final c 

) 


visted position for 12 


mtrol, a nonanodized wire was held in the 
minutes and then released. 

Curve -C-) shows an intermediate slope 
corresponding to that finally assumed by -A-, -B- 
ind -D-, after removal of the film. The reproducibil- 
ity here was quite good and the trend of relaxation 


immediately after adding the acid very pronounced, 


as summarized below: 

1. Anodizing after twist: Low initial strain rate, 
increasing upon acid 
attack. 


No anodizing: Intermediate strain 


rate, no effect upon 
acid attack. 

Anodizing before twist: High initial strain 
rate, decreasing upon 


acid attack. 
Discussion 

The preceding experiments appear to demonstrate 
conclusively that the abnormal after-effect is a 
reproducible phenomenon, directly dependent on 
the presence and the elastic properties of a film on 
the surface of a plastically deformed wire. Where the 
present work duplicates that of Barrett, general 
agreement is found except with respect to the effect 
of the time at which the film is removed from the 
surface. The data obtained show that the latter 

effect is contrary to that indicated by Barrett. 
The phenomena may be accounted for in detail 
on the basis of a simple mechanical system com- 
posed of the plastically deformed wire surrounded 
by a coherent, elastic film. In the absence of the 
film, the wire untwists at its characteristic anelastic 
rate which is determined by the temperature and 
the 
the 


that 


metallurgical history. If, however, wire is 


coated with a coherent, elastic film, stress 


resulting from the initial twist is such the 


untwisting of the wire is accelerated as shown by 
after-effect rates for 


the comparison of normal 


unoxidized and oxidized wires (Figure 2 
the 


wire and the hand of a clock which proceeds at its 


A graphic 
analogy may be drawn between untwisting 
own regulated speed. If the hand were made of 
rubber, an externally applied torque would displace 
the hand to an advanced position; when the exter- 
nal force is removed the hand returns to the position 


it would have attained without the external force. 
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In the present case the normal recovery of the 
wire is forced by the elastic stress imposed by the 
film to proceed at a rate greater than normal. When 
the film is removed the wire reverts to a strain and 
strain rate it would have had in the absence of the 
film, assuming equal initial conditions. This re- 


quires a reversal of the untwisting motion which is 


the observed abnormal after-effect. In order to 
cause an elastic reversal of .5 degree, an hydroxide 
film one micron thick must withstand a stress of 
10°-10'° dynes/cm?. This stress is less than that 
computed by Orowan [6] (10!! dynes cm?) as the 
theoretical limit, and is similar to that found by 
Roscoe [7], Phillips and Thompson [8], and Coffin 
and Weiman [9] in bending and creep experiments. 

The wire does not adopt the new strain instan- 
taneously because a finite time is required to 
remove the film; in fact, about 60 seconds for the 
films used in these experiments. Furthermore, the 
wire may have so far exceeded its normal recovery 
due to the maintenance of stress in the elastic 
film that it is plastically deformed and approaches 
the equilibrium a time-dependent 
manner from the opposite direction. This is demon- 
strated in the case of delayed removal of the film 
where reversal continues for a prolonged period 
after the film is removed, and the period of reversal 
increases with extended delay in removing the 
film (Figure 9). 

The final test involving an inversion of the order 


position in 


of twisting an anodizing (Figure 10) is a clear 
demonstration of the effect of the properties of the 
film and fully conforms with the preceding mechani- 
cal description of the observed phenomena. The 
normal recovery is, in this case, retarded by the 
initially unstressed film which is stressed elastically 
during untwisting and so behaves as a brake 
on the normal rate. Removal of the film permits 
the wire to accelerate to its normal rate which, in 
this particular experiment, is that of the unoxidized 
wire. 

Clearly, the observed facts may be accounted for 
by the simple mechanical concept of a two-com- 
ponent mechanical comprised of the 
anelastically recovering metal and its elastically 
stressed film. The equivalency of this explanation 
with the dislocation model proposed by Barrett lies 
in the relation of a surface barrier to plastic defor- 


system 


mation. 

The torsional plastic deformation generates dis- 
locations which are able to move through the 
structure of the metal, even in a cold-worked con- 
dition, but which accumulate beneath a surface 


ACTA METALLURGICA, 


VOL. 2, 1954 


film which is elastically harder than the adjacent 
metal. These dislocations, if released, would con- 
tribute to the permanent or plastic, torsional, 
deformation of the wire. The normal after-effect is 
not caused by the migration of these surface- 
accumulated dislocations, but is a function of the 
cold-worked condition of the wire and is an internal 
relaxation occurring within the multitude of inter- 
ior grains in an anelastic fashion. The dislocations, 
then, remain adjacent to the surface barrier in a 
field of high strain energy. This stress concentration 
caused by the accumulation of dislocations may be 
thought of as the atomistic analogue of the elas- 
ticity of the film. When the film is dissolved, the 
dislocations are released, and the wire undergoes 
further plastic deformation in the direction of 
original twist. The release of dislocations, then, in 
the mechanical picture, appears as the abnormal 
after-effect. The fact that the abnormal after-effect 
does not diminish in magnitude as a result of 
delay in the removal of the film (Figure 9) is a 
demonstration that the dislocations remain con- 
centrated at the surface. 

Since no attempt has been made here to explain 
the normal after-effect itself in terms of dislocations, 
a dislocation analogue to account for the influence 
of a surface film on the initial strain rate cannot be 
given. 
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THE ELASTIC CONSTANTS OF COPPER ALLOYS* 
J. R. NEIGHBOURS}{ and CHARLES S. SMITHt 


The elastic constants of single crystals of dilute solutions of Al, Si, Zn, Ga and Ge in Cu have been 
determined by the ultrasonic pulse method. Alloying causes a decrease in all the fundamen 
stants, Cy, (Cu-Cw)/2 and (Ci,+2C)/3, the relative decrease in (C,,;—Cy)/2 being the greatest. 
The changes in shear constants Cy and (Cj,—C\2)/2 have been interpreted in terms of the known 
electrostatic and ionic contributions to these constants for copper. The large decrease in (Cy, — Cy) /2 
is attributed to the change in ion-ion interactions, upon alloying. The electrostatic shear stiffness 
of an alloy is found to be nearly equal to the electrostatic term for copper times the square of the 
electron atom ratio. 


tal con- 


LES CONSTANTES D’ELASTICITE DES ALLIAGES DE CUIVRE 


On a déterminé les constantes d’élasticité de solutions diluées de Al, Si, Zn, Ga et Ge dans le cuivre, 
par la méthode de pulsation ultra-sonique. L’addition de ces éléments produit une diminution de 
toutes les constantes fondamentales, Cy, (Ci; — Ci2)/2 et (Cay — Cy2)/3; la diminution relative de 
(Ci. — Cy2)/2 étant la plus importante. 

Les changements des constantes de cisailliement Cy et (Ci, — Cie) /2 furent interprétés en termes 
des contributions électrostatiques et ioniques, connues, a ces constantes pour le cuivre. La diminution 
importante de (Cj; — Cy2)/2 est attributée a la modification des interactions entre les ions, lors de 
l’addition des éléments d’alliage. Il fut constaté que la rigidité électrostatique en cisaillement d’un 
alliage était approximativement égale au terme électrostatique pour le cuivre multiplié par le carré 
du rapport du nombre d’électrons au nombre d’atomes. 


DIE ELASTIZITATSKONSTANTEN VON KUPFERLEGIERUNGEN 

Die Elastizitatskonstanten von verdiinnten Lésungen von Al, Si, Zn, Ga und Ge in Cu wurden 
mit Hilfe einer Ultraschallimpulsmethode bestimmt. Legieren rief eine Verringerung in allen funda- 
mentalen Konstanten, Cy, (Ci, — Cie) /2 und (Cy, — 2Ci2)/3 hervor. Die relative Verringerung war 
in (Cy, — Ci2)/2 am gréssten. Die Veranderungen in den Scherungskonstanten Cy und (Cy, — C2) /2 
wurden auf Grund der im Kupfer bekannten Beitrage der elektrostatischen und Ionenkraften zu 
diesen Konstanten gedeutet. Die starke Abnahme von (Cy, — Ci2)/2 wird den beim Legieren erfol- 
genden Anderungen in den Ion-Ion Wechselwirkungen zugeschrieben. Es wurde gefunden, dass die 
elektrostatische Scherungssteifheit einer Legierung nahezu gleich dem elektrostatischem Glied fiir 


Kupfer mal dem Quadrat des Elektron: Atom Verhdltnisses ist. 


Introduction 
The elastic constants of a single crystal are of 
interest because of the 
about the nature of the binding forces in solids. 


information they give 
The elastic constants of some simple crystals have 
been investigated both theoretically and experi- 
mentally. 

Of interest here is the calculation [1] of the 
fundamental 


principles and the recent dynamic [2] measure- 


elastic constants of copper from 
ment of these same constants. More recently, one 
of the authors [3] has investigated the elastic 
constants of a Cu-4 per cent Si single crystal and 
has interpreted the change in shear constants 
starting from Fuchs’ theory of the elastic constants 
of copper. The present work is an extension of 
this type of analysis to other copper-alloy single 


crystals. 


Experimental Procedure 


a 


Copper alloy single crystals were prepared in % 
[4] 


manner similar to that previously described 
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Briefly, the method, which is a modification of the 
Bridgman technique, is to slowly cool a hydrogen 
atmosphere furnace through the solidus point of 
the alloy, the alloy charge, contained in a graphite 
crucible, being placed in a region of high tempera- 
ture gradient. 

The alloys were prepared by melting the solvent 
in a large graphite crucible and then rapidly 
adding the solute. Except when adding the solute, 
the carbon crucible was covered, thus ensuring a 
reducing atmosphere. After holding the charge at 
an elevated temperature for some time, a portion 
of it was cast into one of the small crucibles used 
for crystal growth. The cast ingot was cleaned in 
nitric acid and the inside of the graphite crucible 
was polished smooth before the ingot in its crucible 
was placed in the crystal growing furnace. 

After removal from the crystal growing furnace, 
the ingots were etched in nitric acid to develop 


any grain boundaries. A back reflection Laue 
photograph taken with the X-ray beam parallel 
to the cylinder axis of the ingot determined the 
orientation of the ingot. A small cylinder to be used 
for the acoustic measurement was then sawed from 
the ingot using a thin water-cooled abrasive wheel. 


The end faces of this cylinder were surface ground 


@ 
cA 
4 
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until flat and parallel and then given a metallo- 
graphic polish. Two small disks were also sawed 
from the ingot adjacent to each face of the cylinder. 
Chemical analyses of these disks by the James H. 
Herron Company gave an accurate determination 
of the composition of the cylinder. 

The longitudinal and transverse acoustic wave 
velocities were measured by the pulsed ultrasonic 
method [5]. The crystal cylinders were cut from 
selected ingots with their axes as close as con- 
venient to the [110] direction. Near this direction 
the fundamental measured 
nearly directly and the numerical reduction of the 


shear constants are 
data converges rapidly. 

After the velocity 
completed on a crystal cylinder, one of its polished 
the cold 
Laue 


measurements had _ been 
faces was electropolished to remove 
worked surface layer. A_ back 
photograph was then taken from this polished 
face and orientation of the crystal cylinder then 
determined using. the least squares method [4]. 

The elastic constants of the crystal were then 


reflection 


calculated using the approximation method [6]. 
The results of these calculations for various copper 
alloys are shown in Table I, where Zener’s notation 
fundamental shear C= Cu 
(Ci: — Ciz2)/2 has been Also 


Table I are the elastic constants for 


for the constants 


and = 


included in 


used. 


copper [2]. 

In order to calculate the elastic constants for a 
given crystal, one must also know its density. 
The densities used to obtain the elastic constants 
in Table I were computed from the composition 
as determined by chemical analysis and the lattice 
parameter-composition data in the literature [7]. 

Several things are evident upon examination of 
Table I. In general, all three fundamental elastic 
constants, C, C’, K7 alloying. 
This is in qualitative agreement with the work of 
Smith [8], and Koster and Rauscher [9] in which 
Young’s modulus was found to decrease when a 
solute was introduced into copper. The constant 
most affected is C’, where the percentage change 
upon alloying is about five times as great as for the 

The anisotropy, C/C’, 
composition alloying, in- 


decrease upon 


other constants. elastic 


increases with upon 
creasing relatively faster for the higher valence 
solutes. 

Measurement of the acoustic wave velocities is 
felt to be good to 0.5 per cent. The elastic con- 
stants appearing in Table I are then thought to be 
good to 1.0 per cent, since the square of the velocity 
enters into the calculation of the elastic constants. 
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TABLE I 


ELASTIC CONSTANTS OF COPPER ALLOYS IN UNITS oF 10 


DYNE 


(The elastic constants of pure copper as measured by Lazarus 
(2) are included for comparison.) 


Atom Aniso- 
composi- tropy 


C/C’ 


Alloy Cu 


tion 
(per cent) 


Cu 0 
CuZn 339 


363 
316 


CuAl 


.345 
357 


CuGa 


387 
.328 


CuSi 


2 362 
an 7 2 332 


CuGe 


*The elastic constants of this alloy crystal have 
reported previously [3]. However a new chemical analysis 
shows that the composition is actually different than pre- 
viously stated. The composition is used to calculate the 
density and hence the elastic constants so these quantities 
have been changed correspondingly in the current listing. 


In the course of growing these alloy crystals 
some crystals resulted in which segregation was 
evident. These segregated crystals were all char- 
acterized by the following: 

1. A wood-grain like appearance on the sides 
of the ingot and appearance of a fine rectangular 
grid on the polished faces of the crystal cylinders. 
This grid etched in nitric acid to a corresponding 
system of etch pits on such crystals. 

2. Attenuation so high that accurate velocity 
measurement was impossible. 

3. Uniformly poor back reflection Laue photo- 
graphs. 

These segregated crystals were useless for the 
elastic constant work. 

Many specimens were produced, however, without 
these three obvious characteristics although there 
was no major change in growing technique; 
such good specimens were used for the present work. 
It may be commented in this connection that the 
acoustic test for segregation may be expected to be 
from a 


results 
composition variation the 
small, the visible periodicity of the composition 


sensitive. A stiffness variation 


and while former is 


|_| 
(Ci1— 
Ci2) 2 2Ci2) 3 
3.36 
| 4.81 0.749 0.221 ] | 3.39 
9.98 0.766 0.209 1 3.66 
1.58 0.743 0.229 3.25 
4.15 0.741 0.221 1 3.36 
| 4.17 0.748 0.218 l 3.43 
*5.16 0.749 0.210 1 3.56 
7.69 0.741 0.197 ] 3.67 
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bad 


millimeter which is just the acoustic wave length. 


variation in crystals was around one-half 
High acoustic scattering leading to high attenua- 
tion, as observed in bad crystals, is just what one 
expects. On the other hand the good crystals 
exhibited attenuation which was indistinguishable 
from that of pure 
that the results of this paper are descriptive of 
alloy crystals of at least small segregation. 

It is proper to enquire, however, what would be 


metals. It is ‘felt, therefore, 


the effect of segregation on the measured elastic 
constants and therefore on the conclusions of this 
paper. For this purpose one may compare an ideal 
alloy crystal of uniform composition x with a 
model of a segregated crystal. The latter may be 
taken for simplicity as consisting half of material 
of composition 2x and half with composition zero. 
The velocities which would be “‘observed’’ may be 
calculated by assuming the conclusions made in 
this paper, and the two “crystals” will be found 
to be indeed different. The observed velocity in 
these experiments is a time average whereas what 
one would like to have is the space average, or 
better, the square of the velocity averaged over 
space. Since averages are involved, however, one 
does not expect more than a second order effect 
and this turns out to be the case. The detailed 
arithmetic for the comparison described above 
shows that the error arising in segregation is 
less than the ordinary experimental uncertainty of 
velocity measurement which has been stated. 

The large scale homogeneity of the alloy crystals 
is best measured by the chemical analyses. The 
first crystals measured were the low and high 
composition Si alloys. From the three inch cropped 
ingots four thin disks were taken for analysis at 
roughly even intervals along the length. For the low 
Si crystal the chemical results were 1.84, 1.93, 
1.88, 1.76 and for the high Si crystal, 3.44, 3.45, 
3.64, .3.74, expressed in weight per cent Si. This 
homogeneity was felt to be good enough and 
subsequently the analyses were confined to disks 
cut adjacent to each end of the acoustic specimen, 
which, it should be noted was only one centimeter 
long. As it turned out most of the other crystals 
appeared to be better than the figures just given 
for Si. Thus the analyses quoted in pairs for the 
various specimens were as follows: Al, 2.09-2.10, 
4.48-4.49: Ga, 1.69-1.77, 4.51-4.54; Ge, 1.16-1.18, 
1.90-1.78: Si, 1.84-1.93, 3.45-3.64. For the reason 
named later the germanium analysis was questioned 
and so the whole acoustic specimen of the higher 


compositon was analyzed, yielding the value 1.95, 
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which was used. The middle Cu-Si specimen was a 
gift to this laboratory and was in the form of a 
large diameter disk. Our own analysis of a single 
piece taken from the specimen next to the acoustic 
path yielded the value quoted. The Cu-Zn speci- 
men was a gift from Horizons Incorporated of 
Cleveland, Ohio, and our single analysis agreed 
The 


tainty in composition indicated by these analyses 


with theirs at 4.72 weight per cent. uncer- 
is insignificant in its effect on the elastic constants 


of the specimens. 


Interpretation 
Fuchs’ theoretical calculation [1] of the elastic 
shear constants starts by writing the energy per 
atom of the crystal as: 


(1) U = Ug + + U (volume only) 


the electrostatic potent ial 


structure of 


energy of an 


Here represents 


positive point 
charges imbedded in a uniform negative charge 
distribution. The term U; is the repulsive exchange 
interaction energy between closed shell ion cores. 

The shear constants C= C4y,and C’ = (Ci,;— /2 
appropriately 
the 
with 


imagining an 
the 


differentiating 


are calculated by 


strained crystal, calculating energy in 


strained state, and twice 
respect to the shear strain. Only the energy terms 
U, and U; contribute to the elastic shear constants 
since the other terms are assumed to be functions 
of volume only. The resulting four terms have been 
called the electrostatic stiffnesses Cr, C’z and the 
Ce C's the stiff- 
C’, are the contributions the 
electrostatic energy to the elastic shear constants 
C and C’. In the actual calculation of the electro- 
static the [10] is 
from the lattice of positive point charges, the 


ionic stiffnesses electrostatic 


nesses Cz, from 


stiffnesses, only contribution 
uniform negative charge distribution not contri- 
buting to the shear constants. The ionic stiffnesses 
and C’ the ion 
exchange energy. The numerical results of Fuchs 
are Cg = 0.257, C’r = 0.0286, C; = 0.63, C’; = 
0.225, all in units of 10'? dyne cm~?. 

The analytical results of Fuchs for the electro- 


are the contributions to C from 


static stiffnesses are 


(2) Cr = 0.9478 (2e? ‘a*) C's = 0.1058 (2e? a‘) 


where a is the lattice parameter. 
The ionic stiffnesses may be written as 
(3) C, C, =a *y(y —7)W 


where W is the repulsive energy of a single pair of 


+ 
A 
S54 
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ions which has been assumed by us to have the 
exponential form (W = Ae~’’?). 

Some simple assumptions [3], about the effects of 
alloying have been made previously in considering 
the elastic constants of a copper-silicon alloy. The 
electrostatic stiffnesses contain the charge squared, 
and it is reasonable to assume that these terms for 
the alloy will be given by equation (2), multiplied 
by a factor Z*. This statement may be regarded 
as a definition of Z which for the moment may be 
regarded as an empirical parameter. 

Equation (3) shows that the ionic stiffnesses are 
proportional to the bond energy W. Simply then, 
in the dilute range, the effect on these terms of 
adding solute atoms would be proportional to the 
f that is to the 


number of added, 
proportionality 


concentration, x. The 
will then be an empirical 


solute atoms 
atomic 
constant, 


parameter which measures the ionic effect. Since 


denoted a, 


the exponential W will control both these terms a 
single parameter a has been assumed to be ade- 
quate. 

According to the above then, the shear constants 
for the alloy will be given as 


(4) CrZ* + ax), 
oy = C' C’ ax). 


The changes in elastic constants due to alloying 


will be, of course, 


(5) AC = C,(Z? — 1) + C’;ax, 
AC’ = C’z(Z? — 1) + C’ 


However, all of the solutes considered expand 
the copper lattice upon alloying, some more than 
others. From equation (2) it may be shown that 
the changes in the electrostatic stiffnesses due to a 
change in lattice constant are 


(6) Cz = — 46a/a 5C’ C's = — 46a/a 


Similarly [3], the changes in the ionic stiffnesses 


are 


(7) 6C;/C; = — 17.86a/a 6C’;/C’; = — 17.36a/a 

The change in the shear constant due to a change 
in lattice constant would then be the sum of the 
changes in electrostatic and ionic stiffnesses. 


The 


owing to lattice parameter change and the observed 


difference between this calculated change 
change in elastic shear constant is ascribed to the 
effect of alloying per se, i.e., the insertion of foreign 
atoms into the These latter 
are the quantities AC and AC’ which have been 


Similarly, the ionic and 


lattice. differences 


used in equation (5). 
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electrostatic stiffnesses introduced into equation 
(5) are those for an expanded lattice, calculated 
according to equation (6) and equation (7). 

Thus, in recapitulation, the values for AC, 
AC’, Cz, C’z, Cz, C’; are all adjusted for the change 
in lattice parameter upon alloying. When these 
values are introduced into equation (5) Z and a 
may be determined. Then the values of Z and a 
which appear in Table II are expected to be char- 
acteristic of introducing solute atoms into an 
expanded copper lattice. Thus they describe the 
effect of alloying alone. 

From inspection of Table II, it is clearly evident 
that the empirical parameter Z very nearly equals 
the electron atom ratio g, and one is justified in 
concluding on an experimental basis that these 
quantities are equal. One would expect the para- 
meter a to be nearly independent of composition 
for the specimens in a given alloy system. We feel 
that Table II shows that a is indeed independent 


TABLE II 


THE PARAMETERS Z AND @ FOR COPPER ALLOYS 


Atom g, electron- 
composition atom 


(per cent) 


ratio 


59 ] 


of composition within the experimental error. 
Thus the reasonable behaviour of both parameters 
is held to be justification for the present empirical 
analysis. 

The experimental values of Z and a@ are a 
synthesis of a large number of physical quantities 
coming from both experimental and _ theoretical 
sources. It hardly seems profitable to discuss in 
detail the accuracy of the final parameters other 
than to say that it is felt that (Z? — 1) and a 
are good to about five per cent as implied in 
Table II. The chemical composition is probably 
the most important single measurement entering 


= te 
CuAl 4.81 —0.9 1.11 1.10 
9.98 —0.8 1.25 1.20 
CuGa 1.58 —1.4 1.03 1.03 
4.15 —1.0 1.09 1.08 
‘ CuSi 4.17 —2.5 1.13 1.13 
5.16 —3.0 1.18 1.16 
7.69 —3.0 1.25 1.23 
CuGe 1.03 —3.6 1.06 1.03 
1.71 -3.3 1.09 1.05 


NEIGHBOURS anp SMITH: 
into these results appearing as it does in the 
density, as a coefficient of a, and in g the quantity 
with which Z is compared. In this connection it 
will be noted that in the Cu-Ge alloys Z departs 
most markedly from g, and that a is exceptionally 
high. A higher Ge composition would put both 
parameters more nearly in line with those for the 
other alloys. The chemical analysis of these speci- 
mens was however repeated with essential agree- 
ment with the first analysis and the results are 
reported as found. 

This analysis has been carried out with Fuchs’ 
theoretical stiffnesses as the starting point. The 
terms are reasonably sure both 
physically and in 
experiment, notably in the case of sodium. The 
theoretical ionic terms seem to us to be quite 
questionable, however, both from the point of 


electrostatic 


respect to agreement with 


view of the original theory, and because they do 
not in fact give the actual elastic constants of 
copper at room temperatures. (The agreement at 
absolute zero is probably better.) However, 
there seems to be little doubt that physically the 
two effects, electrostatic and ionic, are present and 
that the ionic effect enters in about the relative 
magnitudes of the Fuchs values, and that it varies 
rapidly with r as supposed here. These properties 
are all that are actually required by the present 
analysis. It actually makes little difference, for 
example, whether one makes the lattice parameter 
correction or not, or whether one uses the Fuchs 
ionic stiffnesses or empirical ones obtained by 
subtracting the from the 
experimental constants of copper. 


electrostatic terms 


Discussion 


It was first pointed out by Jones [11] and 
Hume-Rothery [12] that the electron-atom ratio g 
is the important quantity determining the limit 
of solid solubility in these alloys and in others. 
The electron-atom ratio here again appears to 
have an important role, this time determining the 
electrostatic stiffnesses of these alloys. 

The electrostatic shear stiffnesses of pure copper 
were calculated by Fuchs on the basis of an 
assumed model of positive point charges imbedded 
in a uniform valence electron charge distribution. 
Our result, that Z = q, can be shown to be reason- 
able, as a first approximation, by extending the 
Fuchs model to the substitutional alloy. The alloy 
picture then is that of an array of positive point 
negative charge 


charges imbedded in again a 


distribution which is uniform at a density now of q 


ELASTIC 


CONSTANTS, Cu ALLOYS 

electrons per atomic volume. The positive charges 
Statistically have the value V4 = 1, the solvent 
valence, and V, the solute valence. As previously 
stated the only contribution to the shear stiff- 
nesses is from the point charges when the negative 
The 
energy of the positive charges will be a 


VV 


twice to give the stiffnesses. If we 


charge is uniformly distributed. Coulomb 


sum of 


terms which must be differentiated 


consider all 
pairs of ions at a given spacing R,, and in a given 
that V;,V; = 


orientation, it is easy to show : 


This conclusion holds for all sets of pairs and hence 


the electrostatic stiffnesses of the model are given 
The 


important restriction of this argument is that the 


directly by C = Cog’, and therefore Z = gq. 


valence charge must be uniform. 

With the experimental result that Z=q in 
mind it is tempting to reverse the above reasoning 
and conclude that the valence electron charge is 
indeed uniformly distributed in these copper alloys. 
The validity of the reverse reasoning is question- 
able, and the resulting conclusion is obviously 
false on physical grounds. It has been long recog- 
nized that in a substitutional alloy the valence 
charge must pile up in the vicinity of the more 
highly charged solute ions, effectively screening 
their excess charge in part [13]. With the solute 
ion charge partially screened one would be led to 
expect as a second crude approximation of the 
model for the alloy that Z should be less than g. 
However such considerations take no account of 
redistribution of the screening charge and the 
resulting possible stiffness contribution when the 
crystal is sheared. In any case the present results 
indicate that if anything Z is slightly greater than 
gq. The problem of interpreting the observed Z’s 
in any but a crude manner would appear to be 
difficult. We 


conclusion, merely commenting that 


are inclined to avoid a definite 


the present 


suggests to us a more uniform valence 


result 
charge distribution than we had supposed before- 
hand. 

The values of a appearing in Table II are all 
negative. This behaviour is reasonable since it is 
the zon core interaction which must be considered 
in the stiffness equations, and the solute ion cores 
Znt?, Gat’, and 
For this 


configuration is 


* must surely be smaller than 


series of ion cores the electron 


identical only the nuclear 


[he ion cores Alt 


electron configuration 


charge changing in the series. 


Sit4 have a different 


but 


and 


from Cut! the net ion charge makes for a 


smaller core with these solutes also. Hartree cal- 


Oc A 
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culations have been carried out [14] for the ions 
Cut}, Gat’, Alt’, Sit4 and confirm these statements. 
The charge distributions for all three solute ions 
are smaller than Cut*!; Sit‘ is smaller than Al*?; 
and furthermore Al* is smaller than Ga*?. 

The parameter a is increasingly negative in the 
sequence Zn, Ga, Ge and in the sequence Al, Si 
as previously predicted [3] on the basis of just the 
reasoning quoted above. However, a also decreases 
in the order Al, Ga and in the order Si, Ge, con- 
tary to the previous prediction and contrary to 
what one would expect simply from the sizes of 
the Hartree charge distributions for Al** and Ga*?. 

One model used by Smith and Burns for esti- 
mating the empirical parameter a is to assume that 
the solute-solute and solute-copper interactions are 
all zero and that there are no local distortions. 
Then a simply measures the number of broken 
bonds and should equal —2 for this model. The 
value —2 is then a lower limit on a; considering the 
solute-solute and solute-copper ion interactions 
to be only weakened, rather than broken, would 
have the effect of raising @ above this lower 
limit. 

In fact, the values of a for the solutes Si and Ge 


surpass this lower limit. In itself, this is not too 


surprising, in view of the simple picture presented. 


In this picture, moreover, the low values of a 
can be easily understood as being due to movement 
[3]. 


The ideas presented here represent a somewhat 


of the nearest neighbors of the solute ion 


approach to understanding alloys. In 
the 
thinks instead of ion core diameter. That this is 


different 
contrast to idea of atomic diameter, one 
actually different can be seen when one considers 
substituting a solute atom such as Zn into the 
copper lattice. In the usual atomic picture, the 
Zn atom which is supposed to be larger than 
Cu would produce local compressions, whereas 
the ion core is expected to be smaller than the Cu 
ion and would then produce a local tension. Thus 
the nearest neighbor movements would be opposite 


in the two cases. 


1954 


Summary 

The elastic constants of several copper alloy 
single crystals have been measured by the pulsed 
ultrasonic method. The changes upon alloying 
have been interpreted with regard to two para- 
meters, Z and a. The electron atom ratio and Z 
have been shown to be nearly equal experimentally. 
The 


(larger absolute magnitude) as the solutes progress 


ionic parameter a is found to be smaller 


to the right in the periodic table. 
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X-RAY MEASUREMENT OF ORDER IN CuAu* 
B. W. ROBERTSt 


The long-range order in CuAu has been measured with a Geiger counter spectrometer using filings 
quenched from various annealing temperatures. The long range order is essentially perfect at low 
temperature, and decreases to about 0.97 at 380°C, where the material changes to CuAull. Short- 
range order coefficients were determined from measurements of the diffuse intensity from a single crystal 
of CuAu. The coefficients indicate a preference for unlike nearest neighbors, and they are qualitatively 
similar to those for CusAu. An outward shift of the 100 and 300 diffuse peaks suggests but does not 
prove the existence of a microlayering, similar to CuAulI, even above the critical temperature. 


DES MESURES AUX RAYONS X DE L’ORDRE DANS CuAu 


On a mesuré l’ordre a grande distance CuAu au moyen d’un spectrométre 4 compteur Geiger, en 
employant des limailles trempées a partir de différentes températures de recuit. L’ordre a grande 
distance est essentiellement parfait aux basses températures et diminue jusqu’environ 0,97 a 380°C, 
ou le matériau change en CuAull. Les coefficients d’ordre a petite distance furent déterminés par 
des mesures de l’intensité diffusée, donnée par un monocristal de CuAu. Ces coefficients indiquent 
une préférence pour des voisins directs, dissemblables, et sont qualitativement similaires aux coeff- 
cients correspondants dans Cu3Au. 

Un déplacement vers |’extérieur des maxima diffusés, donné par 100, 300, suggére, mais ne prouve 
pas, qu'il y existe une micro-stratification ressemblant 4 CuAul, méme au-dessus de la température 
critique. 


RONTGENOGRAPHISCHE MESSUNGEN DES ORDNUNGSGRADES IN CuAu 


Die Fernordnung von CuAu wurde mit einem Zahlrohrspektrometer an Feilspanen, die von 
verschiedenen Gliihtemperaturen abgeschreckt worden waren, gemessen. Bei tiefen Temperaturen 
war die Fernordnung praktisch vollkommen; sie nahm auf etwa 0,97 bei 380°C ab, bei dieser Tempera- 
tur wandelt sich das Material in CuAu II um. Die Naheordnungskoeffizienten wurden aus Messungen 
der diffusen Intensitat an einem CuAu-Einkristall ermittelt. Sie zeigen eine Bevorzugung fiir un- 
gleiche nachste Nachbarn, und 4hneln qualitativ den Cu;Au-Koeffizienten. Eine Verschiebung der 
diffusen 100 und 300 Maxima nach aussen deutet darauf hin, dass selbst oberhalb der kritischen 
Temperatur, wie im CuAu I, eine Mikroschichtung vorhanden ist. Diese Erscheinung wird jedoch 
durch die Verschiebung der Maxima nicht bewiesen. 


; sities of the superstructure and the fundamental 
I. Introduction reflections. At temperatures above T., the short- 


Near the composition CuAu the critical tempera- range order parameter a measures how far the 
composition of the neighboring atoms about any 


ture for long-range ordering is 7, = 408°C. 
Above 7. the material is disordered face-centered origin atom differs from 
cubic.t Below 380°C it forms an ordered tetragonal composition. Short-range order produces modula- 
tions in the diffuse scattering, and quantitative 


the average sample 


structure with the 002 planes alternately copper and 
gold. Between 380°C and 408°C there is a complex values of a are obtained from an analysis of the 
orthorhombic structure which Johansson and modulations. 

Linde [1] have called CuAull to distinguish it 
from the ordered tetragonal form known as CuAul. 
The CuAull structure is derived from that of For tetragonal CuAul we will represent Cu 
CuAu I by following the tetragonal structure for atoms by A, and Au atoms by B. The correct Cu 
atom positions will be called a, and the correct Au 


II. Long-Range Order in CuAul 


5 unit cells along the b-axis and then interchanging 
the Cu and Au layers for the next 5 unit cells. atom positions will be called 8. The long range 


For CuAul the long-range order parameter Sisa order parameter S is then defined by S = ra — Ws, 
measure of how completely the gold layers are where 7, is the fraction of a-positions rightly 
occupied by gold atoms and the copper layers by occupied, and wg is the fraction of 8 positions 
copper atoms. Quantitative values of S are ob- wrongly occupied. For perfect order S equals unity, 
tained from a comparison of the integrated inten- and for complete randomness it equals zero. 
For partial long-range order the structure factor 


*Received February 4, 1954. takes the two forms: 

+General Electric Research Laboratory, Schenectady, 

N.Y.; formerly at Massachusetts Institute of Technology, 4. = even, unmixed F? = + f, 

Cambridge, Massachusetts. Ji 
tCell dimensions: FCC: a = 3.867 A (quenched from fF 

600°C): Orthorhombic: a = 3.954, 6 = 39.66, c = 3.652 A; h+k even, Akl mixed F? = 4 S?(fez —f 

a = 3.967 A, a/c = 1.078 (quenched from : . ‘ 


undamental reflection, 


Tetragonal: 
300°C). 
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Superstructure reflection. 


Cc A 
954 
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It is evident that the long-range order parameter S 
can be determined from the ratio of the integrated 
intensities of a superstructure reflection and a 
fundamental reflection. 

For diffraction from a powder sample the inte- 
grated intensity per unit length of diffraction line 


is given by 
P = km (LP) F? A(@) T(6), 
is. a constant for all reflections, m is the 


multiplicity, (LP) is the 
factor, A(@) is the absorption correction and T(@) 


where k 
Lorentz polarization 
is the Debye temperature factor. Using the Norelco 
Geiger and a flat 
briquet sample, P is proportional to the peak area 
and the A(@) is nearly 
independent of angle. Calling Ags and Ar the 
areas under a superstructure and a fundamental 


counter spectrometer faced 


absorption correction 


peak, the long range order parameter is given 


by 


9 


2 As; 
(1) S = A 


ss 


The CuAu sample was prepared by melting 
C.P. copper shot and 99.99 per cent gold wire in 
an evacuated Vycor tube and homogenizing for 
15 hours at 750°C. Analysis of the final sample 
showed 49.7 atomic percent Au. Filings from the 
ingot were used for the powder samples. The 
samples were annealed at various temperatures 
below T,, by heating in evacuated Pyrex tubes and 
quenching in water. The annealing times were 
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set using the half-ordering times found by Kall- 


[9 


back, Nystrom and Borelius [2]. Temperatures 


were measured with a chromel-alumel thermo- 
couple with the junction placed in contact with the 
evacuated tube. No attempt was made to deter- 
mine accurately the transition temperatures. The 
loose filings were placed in a sample holder to 
give a flat faced sample. The patterns were run 
at room temperature with a Norelco spectrometer 
using filtered CuKa radiation. 

Values of S were computed from equation (1) 
by comparing the area of a superstructure peak 
with that of a nearby fundamental peak. Since 
only neighboring peaks were compared it was 
assumed as a first approximation that A(6) T(6) 
was the same for both peaks. Table I lists the values 
of S obtained by comparing six superstructure 
peaks with two sets of fundamentals for various 
annealing temperatures. 

The values of S in Table I are too large if the 
superstructure peak is on the high-angle side of the 
fundamental and too small for the reverse case. 
This effect cannot be due to either extinction or the 
lack of a temperature factor correction. It appears 
to be due to a surface roughness absorption factor 
which gives a bigger absorption effect the smaller 
the angle between the beam and the sample surface. 
The effect is to be expected for a sample of filings 
whenever the linear absorption coefficient is very 
high. The same effect has been observed in intensity 
measurements from [3]. An 
approximate correction for the surface roughness 
effect is obtained by averaging the seven sets of 
values in Table I. A plot of the average S-values 


tungsten filings 


TABLE I 


LONG-RANGE ORDER VALUES FOR CuAuU ANNEALED AT VARIOUS TEMPERATURES 


Time (hrs.) 


304 


283 
37 22 


341 


29 


Compared with 200-002 Fundamental 


0.868 
0.922 
1.013 
1.029 


853 
912 
1.056 
.033 


0.860 
0.921 
1.040 
1.030 


835 
900 
.025 
022 


0.842 
0.897 
1.000 
1.020 


0.849 
0.908 
1.022 
1.039 


Compared with 220-202 Fundamental 


0.931 
1.016 
1.043 


933 
037 
054 


0.917 
1.063 
1.081 


.932 
040 
089 


0.929 
1.047 
1.077 


0.948 
1.047 
1.029 


Average S 


0.988 0.975 


0.977 


[m(LP) (fs — 
P| 207 254 P| 320 || 352 367 380 
100 38 15 = 18 9 15 
001 0.862 ( 0 0.841 0.860 
110 0.945 ( 0 0.901 0.871 : e 
201 1.031 ] 1.020 1.042 
112 1.042 1 1.055 1.004 
112 0.935 0 0.921 0 0.853 
221 1.016 ] 1.064 1 1.003 
310 1.054 ] 1.067 1 1.027 
0.973 0.976 0.982 0.951 
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normalized to unity at T/T, = 0.5 is shown on 
Figure 1. We conclude that long-range order in 
CuAul is practically perfect at low temperature 
and decreases by about 3 per cent on raising the 
temperature to 380°C. 

lo prove that the small change in long-range 
order is real, precision measurements have been 
made of the axial ratio a/c. Powder patterns were 


FIGURE 1. (a) Experimental values of long range order S 
for CuAu. (b) Values of S from the Li theory. (c) Values of 
S from the measured a/c curve. (d) Measured a/c ratio. 


made in a 114 mm camera using filtered CuKa 
radiation. The samples were made up from the 
same annealed filings recorded in Table I. The a/c 
ratios were computed from the combinations 
200-002, 220-202, 420-402, and 420-204. The 
averaged values are shown on Figure 1 plotted 
against T/T, where 7, is taken as 408°C. There is 
a definite decrease in the a/c ratio with rising 
temperature as observed previously by Gorsky 
[4]. 

For a high degree of order a relation between S 
and c/a can be obtained by a formal averaging of 
characteristic distances. Let /44, and be 
distances characteristic of nearest neighbor pairs 
AA, BB and AB. If 1; isan average nearest neighbor 
distance for two atoms in a 002-plane and I, is an 
average nearest neighbor distance between atoms 
in adjacent 002 planes 


- 


= (ta + ws) Lat + Wa) lap 
+ 2(raWa + lap 


l, = + Walaa) + Wa(rslep + Walap). 

(1 + c?/a*) 
order 
(1 — S)/2, 


is close to 


For the CuAul structure 1/2 1/1; = 
and using the relations for long 
Tx = = (14+ S)/2 
together with the condition that c/a 
unity, we obtain the approximate relation 


range 


and Wa = Ws 


ORDER IN Cu: 


(2) 


where 
laa + lep + 2lap 
laa + lap 


The value of B in equation (2 


B 


is assumed to be 
determined from the 
1.0. A plot of S 


means ol 


independent of S and is 
experimental value of c/a at S = 
determined from the c/a values by 
equation (2) is shown on Figure 1. The agreement 
the 


measurements is surprisingly good in view of the 


with S-values determined from intensity 


assumptions involved in equation (2). Based on a 
reasoning, Li [5] has derived a 


different line of 
relation between S and c/a 
equation (2). 

In Cu;Au [6] the long-range order drops con- 
0.8 at T 


discontinuously to zero. In CuAul the long-range 


which is similar to 


tinuously to about S = - and then goes 
order drops by only about 3 per cent up to 380°C 
where the structure changes to that of CuAulI. 
In the CuAull (380°C — 408°C) the data 
at 390°C indicated a lower degree of long-range 
order although the structural relations are not 
strictly comparable to those in CuAul. At 408°C 
the 
zero as indicated by powder patterns and Geiger 


range 


long-range order drops discontinuously to 


counter observations on a single crystal. 


III. Measurement of Short-range Order 
in CuAu 
Above 408°C, CuAu is statistically face-centered 
cubic and only a short-range order exists. The 
experimental the 
order and the evaluation of the data were carried 


measurements of short-range 
out following the method used by Cowley [7] on 
Cu;Au. In lattice, the 
position of one lattice point relative to another can 


the face-centered cubic 


be represented by 
= la’; + + na’; 


where /mn are certain integers and a’; a’, a’; are 
each half of the usual cubic axes @; ad» a3. In terms 
3, the corresponding reciprocal 


, 


of the a’; Qo a 
vectors are 5’; b’, b’3 and the diffraction vector can 


be represented by 


= fyb’; + + hsb’ 


where h,hoh3 are continuous variables. The short- 


range order parameter @jm, is defined by 


Qimn = 1 — 
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where @ jm» is the order parameter for neighbors at a 
distance /mn, and P im, is the probability of finding 
an A atom as an (/mn) neighbor of a B-atom. 
In a sample containing N atoms, with A and B 
present in proportions m4 and mz, in addition to 
the sharp crystalline reflections, there will be a 
diffuse intensity characteristic of the short range 
order given by 


(3) (Ieu)sro = me(fa — fs)? I'sro 


where 


(4) I’ sro 


m n 


exp [2 + mhz + nh;)]. 


As seen from (4), the corrected short-range order 
intensity J’sro is periodic in reciprocal space, 
with periods b’» which are double the recipro- 
cal vector lengths },b2b; corresponding to the usual 
cubic axes. The short-range order parameters @ jm» 
are the coefficients of the Fourier series for I’sro 
and can be evaluated in the usual way by 


1 
(5) am = f 
e 0 


exp [—272(/hy + mhz + nh3z)] dhe dh3. 


Single crystals of CuAu (49.7 atomic per cent 
Au) were grown from the melt by lowering the 
temperature at about 13°C per hour to a tempera- 
ture of 600°C where they were quenched. Flat 
plates about 1 cm in diameter and 0.2 cm thick 
were cut with surfaces parallel to the (100) planes. 
The spectrometer mount allowed a sufficient range 
of orientation of the crystal to permit measuring 
the throughout the 
volume in reciprocal space. 

For the 
crystal was enclosed by a cylindrical foil cover and 


diffuse intensity necessary 


measurements at high temperature 


maintained in flowing dried nitrogen. CukKa 
radiation was monochromated by a bent quartz 
crystal which focussed on the sample. The \/2 
component from the monochromator was corrected 
by using a balanced Ni-Al filter, balanced at \/2. 
The slit system limited the divergence of the pri- 
mary and the scattered beam to less than three 
degrees. By tolerating this amount of divergence 
sufficient 
with a Geiger counter. 
The correction for temperature diffuse scattering 


there was intensity for measurement 


was determined by measuring the total diffuse 
scattering at a number of positions in reciprocal 


space with the crystal quenched in the disordered 
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form and held at temperatures of 150°C, 27°C 
and —145°C. Assuming the temperature diffuse 
scattering to be linearly proportional to the 
absolute temperature, the difference between the 
extrapolated values for O°K and T°K is taken as 
the correction for a sample held at T°K. The 
Compton modified scattering is independent of 
temperature and can be computed from tabulated 
values. Each intensity reading was the difference 
between the readings with the Ni filter and the 
Al filter. This difference automatically eliminates 
the general counter background, and also both 
scattering and fluorescence radiation from the 
\/2 and A/3 wavelengths. The working equation 
for I’ sro was then 


(6) I’ sro k(Ip Ir Ic) 


1 
(1 + cos” 26 cos’ 26’) (fau — fou)” 


where Jp is the difference of the Ni and Al filter 
readings, Jy is the temperature diffuse scattering, 
I¢ is the Compton modified intensity, and @’ is 
the Bragg angle for the quartz monochromator. 
Determining the constant k amounts to getting 
the intensities in electrons units per atom, and this 
can be done by comparing with the high-angle 
scattering from paraffin or by using the fact that 
aooo = 1.0 and hence from (5) 


1 
I' sro dh, dhz dh3 = 1.0. 


The latter method was used. 

Preliminary measurements of intensity along the 
h,00-axis of reciprocal space for a crystal quenched 
from 500°C are shown in Figure 2a. Positions 
along the axis are represented by the usual (h2/) 
reflections (200) 
l and hk, = 2. To 


and 


indices, thus the fundamental 
and (400) are at positions /; = 
avoid both fundamental 
peaks will be designated by the usual (hk/) indices 
throughout this paper. There are two unexpected 


confusion diffuse 


features in the curve of Figure 2a for the crystal 
quenched from 500°C. The (100) and (300) diffuse 
peaks are displaced appreciably toward larger 
angle, and there is an asymmetry about the funda- 
mental reflections (200) and (400) with the inten- 
sity higher on the small-angle side. To investigate 
further these two unexpected features, the diffuse 
intensity was measured throughout the (h,h.0) 
plane in reciprocal space for the crystal quenched 
from 500°C. The results are represented by the 
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FIGURE 2. Measured intensity along the 4,00 line, correc- 
ted for f? and polarization variation only. (2) CuAu,——___— 
quenched from 500°C, —measured at 480°C. 
(6) CusAu, quenched from 500°C. 


contours of Figure 3. The diffuse peaks at (100) 
and (300) are shifted outward while those at 
(110), (210) and (310) are not displaced. In CuAu 
the diffuse peaks due to short-range order are 
roughly spherical than the 
nounced disk shape which Cowley [7] found for 


rather having pro- 


\ 


FicuRE 3. Measured intensity, corrected for f? and 
polarization dependence, in the 420 plane for a crystal of 
CuAu quenched from 500°C. 


Since quenching is always uncertain, the diffuse 
intensity was next the 
held at 480°C. The intensity distribution along the 
h,00-line is shown in Figure 2a. A contour plot for 
the 4k0-plane of reciprocal space, with the crystal 
held at 450°C, is shown by Figure 4. The diffuse 


measured with crystal 


peaks in both plots are lower than those of the 
quenched sample (100) and (300) are still dis- 
pronounced 


placed toward large angle, and a 
temperature diffuse scattering appears around the 
fundamental (200) and (400). The 
two curves of Figure 2a are not strictly comparable 


since the 480°C trace was attenuated 26 per cent 


reflections 
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by the foil surrounding the crystal. However, even 
after this attenuation correction is made, the 100 
and 300 peaks for the sample held at 480°C are 
half 
quenched from 500°C. This is an indication that 


about one those observed for the sample 
although the quench was adequate to prevent the 
formation of visible superstructure lines, it was not 
adequate to maintain the short-range order in a 


state characteristic of 500°C. 


Measured intensity, corrected for f? and polari- 
h20 plane for a crystal of CuAu 


FIGURE 4. 
zation dependence, in the hy 


held at 450°C. 


It seems to be experimentally established that 
there is an outward displacement of the 100 and 
300 diffuse peaks in disordered CuAu, but the 
significance of the effect is not certain. It has been 
shown that for a disordered binary alloy in which 
both the atomic sizes and the scattering factors are 

the diffuse 
For plots of 


different, there is a modulation in 
scattering due to the size effect 8]. 
those of 


intensity along the /,00-line, such as 


Figure 2, the size effect adds a term—167°8, h; 
sin 2rh,, and for the Cu-Au system the size effect 
coefficient 6; is positive. [This term raises the 
intensity in the regions 100-200 and 300-400, and 
the 200-300. In 
explaining the observed difference in background 
level in the effect term will 
automatically produce an outward shift of the 100 
and 300 diffuse peaks. Figure 2b shows the intensity 


variation along the h,00-line for CusAu quenched 


lowers it in region addition to 


these regions, size 


from 500°C. The size-effect variation in the back- 


eround level is clearly seen, together with an 
outward shift of the 100 and 300 peaks which is 
smaller than the shift observed for CuAu. 
Another explanation of the outward shift can be 
CuAu. In the 


alternately 


related to the ordered structure of 
ordered structure, the 002-planes are 
gold and copper and there is a marked contraction 
of the ¢ axis, resulting in an outward displacement 
of the 001 003 superstructure 

Suppose that this same tendency 
above 7,, and that 


normal to the layers. The layered regions would be 


and reflections. 


for layering exists 
contraction 


there is a small 


a | | 
4 
ad : 
| 
| 
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| \, 
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extremely small and the layering direction would 


be distributed at random in the three orthogonal 
directions to give statistical cubic symmetry. 
A fundamental reflection such as 200 would receive 
contributions from all three orientations, 200, 
020, and 002, so that its position would correspond 
to an average dimension. The diffuse reflections 
which we have called 100 and 300 would be con- 
tributed mainly by the regions whose orientations 
correspond to 001 and 003, and hence these diffuse 
peaks should exhibit an outward displacement. 
From Figure 3 it is seen that there is an outward 
shift for the diffuse peaks at 100 and 300 but no 
definite shift for 100, 210 and 310. These facts 
are inconsistent with an explanation by either 
layering or size effect alone. In general the size 
effect will tend to displace all diffuse peaks outward, 
while layering displaces 00/ outward and hkO 
inward. A consistent explanation of the peak shifts 
seems possible if we assume the existence of both 
layering and the size effect. The diffuse peaks 
which have 100 and 300 show an 
outward displacement because both effects work 
in the same direction, and for the other diffuse 
peaks the two effects tend to cancel one another. 
A measurement of the short-range order para- 
meters for the 
independent of whether or not a layering exists in 
the material, because from the measurements 
and method of evaluation it is an average over all 
neighbors of a given shell which is obtained. In 
terms of the A&/ indices of Figure 3, measurements 
of the diffuse intensity were made in the prism- 


been called 


various shells of neighbors is 


shaped volume bounded by 2, 0, 0; 2, 1, 0; 2, 1, 1; 
2, 0, 1; 2 1/2, 1/2, 0; and 2 1/2, 1/2, 1. This choice 
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avoided regions where the peak shift was large. 
Diffuse intensities were at about 350 
points in the selected region, and the measurements 


measured 


were made on a crystal quenched from 500°C and 
on two other samples held at temperatures of 
425°C and 525°C. The the data 
followed the procedure used by Cowley [7] on 
Cu;Au. The results are given in Table II. 

Some of the shells 7 contain several /mn groups 
with different values of aim, for perfect long-range 
order. The values of a; for perfect order which 


evaluation of 


are given in column 5 are the appropriate averages. 
Complete disorder is represented by the value 
zero, a preference for like atoms by a positive value, 
and a preference for unlike atoms by a negative 
value of the parameter a;. 

The order parameters for the quenched sample 
are considerably higher than those for the samples 
held at temperature, indicating that the quenching 
of a large single crystal is inadequate to preserve 
the state of short-range order. For the samples 
held at 425°C and 525°C the order parameters are 
smaller but comparable to those found for Cu3Au 
[7]. There is a high degree of short-range order in 
CuAu, as evidenced by the first neighbor parameters 
which are about 40 per cent of the way from com- 
plete disorder to perfect order. The second neighbor 
parameters seem to be too small relative to the 
values for higher neighbors. In view of the difficulty 
in correcting for temperature diffuse scattering, it 
could well be that these values are somewhat in 
error. For the two samples held at temperature, the 
third neighbor parameters come out approximately 
zero rather than negative as would be expected 
from the long-range order. A reversal in sign for 


TABLE II 


EXPERIMENTAL VALUES OF AVERAGE SHORT-RANGE ORDER PARAMETERS FOR CuAu 


Number 


of sites Alimn 


Perfect order 


a; Measured 
Held at 
425°C 


Held at 
525°C 


Quenched from 
500°C 


a; aver. 


1 
a 
1 
it 
1 
il 


—0.123 
0.048 


—0.118 
—0.002 


—0.158 

0.210 
0.00 
0.07 


0.00 
0.05 


—0.048 
0.153 
—0.03 
0.03 
—0.02 
0.00 


—0.03 
0.03 


—0.050 
0.093 
—0.02 
0.02 


—0.035 
0.070 


_ 
$110 4 
2 200 6 1 
j112 8 
) 121, 211 16 —1/s 
4 220 12 1 
$310 8 
) 301, 031 16 
6 222 8 1 
132, 312 16 
321, 213 32 
400 6 l 
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third neighbors was found in Cu;Au, but in this 
case the effect is not as certain due to the apparent 
uncertainty in the second neighbor values. 


IV. Discussion 


Long-range order in CuAu is practically perfect 
at low temperature, and it only 
about 3 per cent on raising the temperature to 
380°C. This very small decrease in long-range 
order is quite different from the behavior observed 
in other binary alloys such as Cu;Au [6], CuZn [9], 
and CuPt [10]. At 380°C the material changes to 
the orthorhombic CuAullI structure in which the 
and at 


decreases by 


long-range order is somewhat smaller, 
408°C the long-range order goes abruptly to zero. 
Since the variation of order in CuAul is terminated 
at 380°C by the appearance of CuAul], it is not 
obvious whether the critical temperature for the 
variation in CuAul is 380°C or 408°C or even a 
higher temperature. The measured change in the 
a/c ratio makes it definite that there is a small 
decrease in the long range order for CuAul. Using 
the modified quasi-chemical theory, Li [4] has 
computed the long-range order curve for CuAu 
which is shown in Figure 1. The agreement with 
the measured values of S is remarkably good. 
Zernicke’s [11] treatment of long-range order in a 
face centered lattice with AB composition is also 
in qualitative agreement. 

The measured short range order coefficients for 
CuAu are qualitatively similar to those found for 
Cu;Au and they indicate the same tendency for 
each atom to surround itself by unlike atoms. 
An observed outward shift of the 100 and 300 diffuse 
short-range order peaks suggests the existence of 


micro-regions of layered material similar to the 


long-range ordered structure. If this indication 


could be trusted it would be the most interesting 
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result of these measurements, but unfortunately 
the effect is too small relative to the experimental 
error and the ambiguity in interpretation, to allow 
any really definite conclusions to be drawn. 

The samples used in this study were so close to 
the ideal CuAu composition that no attention has 
been paid to the existence of possible two phase 
regions containing ordered and disordered material 
in equilibrium. Below 380°C there was no evidence 
the 


ordered tet ragonal 


the 


highly 
108°C 


for other than 


structure and above material was 


statistically face centered cubic. 
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INTERNAL FRICTION IN OXYGEN-VANADIUM AND 
NITROGEN-VANADIUM SOLID SOLUTIONS* 


R. W. POWERS}{ 


Two internal friction peaks have been identified in vanadium. One occurring at 186°C for frequen- 
cies of 1 cps is associated with the stress-induced diffusion of oxygen, and the other occurring at 
272°C is associated with the diffusion of nitrogen. The corresponding activation energies for these 
peaks were found to be 28.6 and 34.1 kcal, respectively. The skewness of the oxygen peak has been 
shown to be a concentration effect. 


LE FROTTEMENT INTERNE DANS LES SOLUTIONS SOLIDES OXYGENE-VANADIUM 
ET AZOTE-VANADIUM 


Deux maxima de frottement interne furent trouvés dans le vanadium. Un de ces maxima a lieua 
186°C pour des fréquences d'un cycle par seconde; il est df a la diffusion de l’oxygéne, induite par 
des tensions. L’autre a lieu 4 272°C et est dfi a la diffusion de l’azote. Les énergies d’activation 
correspondantes a ces maxima furent évaluées a 28,6 et 34,1 Kcal respectivement. On a montré que 
l’‘asymétrie du maximum associé a l’oxygéne est un effet de concentration. 

DEN FESTEN LOSUNGEN VANADIUM-SAUERSTOFF UND 
VANADIUM-STICKSTOFF 


Zwei Maxima der inneren Reibung wurden in Vanadium identifiziert. Das eine Maximum tritt 
bei 186°C und Frequenzen von einem Hz auf und hangt mit der spannungsinduzierten Diffusion des 
Sauerstoffs zusammen. Das zweite Maximum, das bei 272°C auftritt, steht mit der Diffusion des 
Stickstoffs in Zusammenhang. Die zu diesen Maxima gehérenden Aktivierungsenergien betrugen 
28,6 Kceal und 34,1 Kcal. Es wurde gezeigt, dass die schiefe Form des Sauerstoffmaximas auf einem 


INNERE REIBUNG IN 


Konzentrationeffekt beruht. 


Introduction 


This investigation was undertaken to complete 
a gap in our understanding of interstitial diffusion 
in the V B group of the periodic table. The ele- 
ments of this group, vanadium, niobium (colum- 
bium) and tantalum are all body-centered cubic 
metals with relatively high solubilities for oxygen 
and nitrogen, which occupy interstitial positions 
when in solution. Consequently, diffusion studies 
in these alloys can be conveniently undertaken by 
means of internal friction measurements. 

Our understanding of internal friction arising 
from the stress-induced diffusion of interstitials in 
b.c.c. metals has been brought to a high level of 
development chiefly through the efforts of Snoek 
[1], Dijkstra [2] and Wert and Zener [3]. Ké [4], 
Ang [5], and Marx, Baker and Sivertsen [6] have 
carried out studies on tantalum, while niobium has 
been investigated by Wert [7], Ang [5], Ang and 
Wert [8], and Marx, Baker and Sivertsen [6]. When 
ductile vanadium became available in wire form, it 
was decided to investigate this element as well. 


Materials and Apparatus 


The first lot of vanadium used was obtained from 
A. U. Seybolt in the form of 0.040 in. 
metal was prepared from the calcium reduction of 


wire. This 


V0; by the method described by McKechnie and 
*Received February 18, 1954. 
tGeneral Electric Research Laboratory, 


Schenectady, N.Y. 
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Seybolt [9]. The small pellets of vanadium so ob- 
tained had billet by hot 
swaging the pellets encased in a steel can. The 


been collected into a 
billet was reduced to wire by cold swaging. A 
second lot of wire differed from the first only in that 
the nitrogen content was lower. Internal friction 


measurements on these vanadium wires were made 


in a torsional pendulum similar to the one described 


by Ké [10]. 


Experimental Results 


Two internal friction peaks were readily found 
in a specimen vibrating in torsion at 0.7 cps. One 
was at 181°C and the other at 265°C as shown in 


Figure 1 (186°C and 272°C respectively, corrected 


—~ 
TEMPERATURE -*C 
internal friction 


FicurE 1. Two 


Q vs 


peaks in vanadium, 


- 
0.020 
| 
| 
0.010 
| 
. end 
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to 1 cps). The only treatment accorded this 
vanadium wire was an anneal in high vacuum at 
850°C for eight hours. The peaks are highly repro- 
ducible. As described below, it was found that the 
one at 186°C is associated with oxygen and the 
other at 272°C with nitrogen. Moreover, the inter- 


nal friction is independent of the strain amplitude 
as is required by the theory of stress induced 
diffusion. These facts indicate that damping is not 


associated with the motion of dislocations. 

The lower temperature peak can be greatly 
reduced in height (from 0.0160 to about 0.0040- 
0.0010) by heating in a vacuum near 1550°C for 
four hours. Such a treatment affects the higher 
temperature peak to only a slight extent. Because 
of the high vapor pressure of vanadium, higher 
degassing temperatures are not practical. Degassing 
was carried out in an apparatus in which the vana- 
dium wire was heated by means of its own electrical 
resistance. 

The identification of the 186°C peak was carried 
out as follows. A specimen was reinserted in the 
degassing system. The vacuum system was flushed 
several times with oxygen from the laboratory 
main, finally filled with oxygen to 0.01 mm pressure, 
and isolated. The wire then was heated to 1100°C 
for several minutes. The pressure rapidly fell to 


10-5 mm. Curve (d) of Figure 2 was subsequently 


DEGASSED SPECIMEN 


PREVIOUSLY DEGASSE 
SPECIMEN HEATED IW 
OXYGEN AT 1100°C AT 
INITIAL PRESSURE 
OF ABOUT GO! mm 
SPECIMEN AS IN 
HEATEO 
MORE OXYGEN AT 
INITIAL PRESSURE 
OF ABOUT O.i mm 


TEMPERATURE °C 


FicureE 2. Plot illustrating identification of 186°C peak. 


obtained. On repeating this procedure with this 
wire, but with an initial oxygen pressure of 0.1 mm, 
curve (c) was obtained. A part of the increase in 
the height of the high temperature peak arises from 
a contribution from the tail of the 186°C peak. The 
remainder may be due to incidental contamination 
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as a result of the relative crudeness of ihe technique. 
However, these results as well as other cited below 
establish the association of the peak at 186°C with 
oxygen diffusion. 


The identity of the 272°C peak was established 
with greater difficulty. The height of this peak in 
the first lot of 


reduced below 0.0110 after the severe degassing 


vanadium wire could never be 


conditions described above, and for several wires 
values of 0.0140 were recorded for this peak. More- 
over, the highest value ever recorded after loading 
was only about 0.0180. This small operating range 
made unequivocal identification almost impossible. 
Consequently, a second lot of vanadium of lower 
initial nitrogen content was reduced to wire form. 
In addition, the following more elaborate technique 
was developed to reduce incidental contamination. 
Several wires were degassed as previously described. 
Then, small amounts of high-purity research grade 
gas were introduced into the degassed vacuum 
system from flasks isolated from this system by 
means of vacuum grade stopcocks. The wires were 
heated to 1100°C for about one-half hour. Curve 


(a) Figure 3 was obtained on a degassed specimen. 


\ 


EVACUATED AT 
FoR 4 HF 
SAME AS (oe) EXCEPT 
WEATEO aT 

aT wiTlaL 
PRESSURE OF ABOUT x 
0.1 mm 
SAME AS (a) EXCEPT 
HEATEO WON 
1300 °c WITIAL 
PRESSURE OF C/7mm 
SAME AS (co) EXCEPT 
HEATED IN OXYGEN 


TEMPERATURE °C 


FiGurE 3. Plot illustrating identification of 272°C peak. 
Curves (6) and (c) were obtained on two wires after 
soaking at initial pressures of nitrogen of 0.1 and 
0.17 mm respectively after degassing. A fourth wire 
(curve d) was loaded with oxygen after degassing. 
The heights of the low-temperature peak fluctuate 
in arandom fashion (except, of course, for curve (d)) 
presumably because it was not found possible to 
evacuate each time to the same oxygen level. On 
this basis, the high temperature peak was identified 
with the diffusion of nitrogen atoms. 
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No peak was found that could be associated with 
the diffusion of carbon. A vanadium wire heated at 
1100°C for several hours, after a coating of Oildag 
was applied, displayed a bright surface. Although 
this indicates that the carbon had diffused into the 


noted in the internal 


specimen,the only effect 
friction was a slight enhancement of the oxygen 
peak, which likely resulted from the absorption 


into the specimen, during heat treatment, of 
oxygen adsorbed on the surface. 

Activation energies for the two relaxations were 
determined from the shifts in the peak tempera- 
tures with changes in the frequency of vibration. 
The peak temperature was determined as follows: 
Log Q-! values were plotted against 1/7. From 
this plot, using linear interpolation between ad- 
jacent experimental points, values of 1/7 corre- 
sponding to various values of Q-! were determined. 
(1/T) mean Of the two values 
to a value of Q-! was com- 
a function of Q-!/Q-'nax as 
the internal friction can be 


The arithmetic mean 
of 1/T corresponding 
puted and plotted as 
shown in Figure 4. If 


NITROGEN-VANADIUM 
Q'max *0.0110 
v*0.35 cos 


pea, 21-897 -107> 


OXYGEN- VANADIUM 
70.0245 
v20.38 cps 

(1/T) 


(PT 


0.4 0.6 0.8 

FiGURE 4. Plot illustrating peak symmetry. 
described by a single relaxation time, the damping 
1/Theax and 
1 


peak should be symmetric about 
(1/T)mean Should remain invariant with Q— 

For the nitrogen peak, the internal friction was 
measured at frequencies of 0.350, 0.636, and 1.58 cps 
with peaks occurring at 254.2, 263.8, and 279.2°C, 
respectively. These results correspond to an activa- 
tion energy of 34.1 kcal/mole (see Figure 5). The 
internal friction for this level of nitrogen in vana- 
dium (Q-'nax = 0.011) can be described fairly well 


by a single relaxation time, as may be seen in 
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1/T (°K) +10 


—0.9 
—0.8 
OXYGEN 0.7 


E*28.6 Kcal / MOLE 


NITROGEN 
Kcol/MOLE 


v (CYCLES/ SECOND) 


(QNO03S/ $3 19A9) 


1.64 1.68 
i/T 
Ficure 5. Plot of log vs 1/T, determination of activation 
energy. 


Figure 6. The experimental curve at one-half the 
peak height is only about ten per cent wider in 
terms of 1/7 than the theoretical curve calculated 
for an activation energy of 34.1 kcal/mole. More- 
over, as shown in Figure 4, the fact that values of 
(1/T)mean are constant for the entire range of Q7! 
indicates a symmetric peak. 


0.012 


o v0.35! cps 
v*0.633 cps 
cps 


oo 
1/T (*K)- 107 

FicuRE 6. Nitrogen peak, Q-! vs 1/7, calc. + exp. 

data. Solid line calculated for Q-4,,, = 0.0110, E = 34.1 

kcal. Points at v = 1.582 cps and 0.351 cps shifted along 


abscissae a distance corresponding to E = 34.1 kcal. 


The activation energy for oxygen in vanadium 
was determined from made at 
frequencies of 0.378, 0.682, and 1.72 cps. Corre- 


measurements 
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180.5, and 
193.4°C. These results lead to an activation energy 


sponding peaks were found at 172.4, 


of 28.6 kcal/mole (see Figure 5). In order to mini- 
mize the relative effect of the slightly overlapping 
nitrogen peak on the measurements, these data 
were taken for a peak Q-! value of 0.0245. (All data 
reported have been corrected for the contribution 
from the nitrogen peak as well as for background 
damping.) At this level of damping, the experimen- 
tally determined values of Q-! are higher on the 
high temperature side of the peak than those cal- 
culated assuming a single relaxation time (Figure 
7). The skewness of this peak is made even more 


SOLIO LINE CALCULATED FOR E*266 Kcol 
© DATA TAKEN FOR Q7!,,* 0.0060 


© DATA TAKEN FOR Qyigg* 0.0245 


v*.73 cps 


1 
22 


i/T 


FIGURE 7. 
data. 


Oxygen peak, log Q- vs 1 


evident in Figure 4 wherein it may be seen that 

( l 7 )mean ° 
However, when the internal friction was investi- 


values change markedly with 


gated in another specimen in which the maximum 


internal friction was only 0.0060, the experimental 
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points were found to lie on the calculated curve in 
Figure 7. These results suggest that the skewness 
of the oxygen peak depends on the oxygen con- 
centration. 

These findings can be interpreted as follows. At 
small oxygen concentrations (i.e., low internal 
friction peak height), there is but one relaxation 
and at a only 


civen one 


E 


process temperature, 


relaxation time, 7 = 7)“/”7), At the peak tempera- 
ture, 7yeax, the resonance condition requires that 


tT = 


!. where v is the frequency of torsional 


oscillation. As the oxygen concentration is aug- 


mented, another relaxation process(es) with a 
relaxation time, 7,, longer than 7, becomes increas- 
ingly important. This extra relaxation is resonant 
at a temperature higher than Tye. for a fixed fre- 
quency v. As a result, the damping curve (log Q- 
vs 1/T) is skewed with the internal friction greater 
on the high-temperature side of the peak than that 
calculated for a single relaxation time. 

found with oxygen-tantalum 


Similar results 


solutions will be the subject of another report. 
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THERMODYNAMICS OF ORDERING ALLOYS, II. 
THE GOLD-COPPER SYSTEM* 


R. A. ORIANI{ 


The solid solutions of the gold-copper system have been investigated by the galvanic e.m.f. tech- 
lhe resuits at temperatures higher than the critical temperatures of ordering agree with those 
of previous n showing negative deviations from Raoult’s law, and a negative heat of solution. 
A minimum in the curve for the entropy of mixing of the disordered phase is found and is indicative 
of short-range order. The degrees of short-range order computed from the thermodynamic data and 
the quasi-chemical theory of ordering agree well with those found by X-ray diffraction. At lower 
temperature two-phase regions are found separating one superlattice phase from another, or from the 
disordered solid solution. The orthorhombic CuAullI is characterized by a relatively unsharp cusp 
in the curve of entropy of solution, which shows the presence of many imperfections in the super- 
lattice. 


nique. 
wi orkers 


LA THERMODYNAMIQUE DES ALLIAGES SUBISSANT LA TRANSFORMATION ORDRE- 
DESORDRE. II. LE SYSTEME OR - CUIVRE 


Les solutions solides du systéme or-cuivre ont été examinées par la méthode de la f.é.m. d’une pile. 
Les résultats obtenus a des températures supérieures a la température critique de la mise en ordre, 
sont en accord avec les résultats obtenus antérieurement par d'autres chercheurs, du fait qu’ils mon- 
trent une déviation négative par rapport a la loi de Raoult et des chi — négatives de dissolution. 
Un minimum est trouvé dans la courbe de |’ entropie de mélange de la phase désordonnée, indiquant 
un ordre a petite distance. Les degrés d’ordre a petite distance calculés a “partir de données thermo- 
dynamiques et en se basant sur la théorie quasi chimique, sont en accord avec les résultats obtenus 
au moyen de la diffraction de rayons X. Aux températures peu élevées on trouve des régions a deux 
phases qui, elles-mémes, séparent deux phases différentes, ayant des surstructures, ou une phase a 
surstructure, de la solution solide désordonné. Le composé orthorombique CuAullI est caractérisé 
par une pointe peu accentuée dans la courbe de I’entropie de dissolution, ce qui indique la présence 
d’un grand nombre d’imperfections de la surstructure. 


THERMODYNAMIK ORDNUNGSFAHIGER LEGIERUNGEN II. DAS SYSTEM GOLD- 
<UPFER 

Die festen Lésungen des Gold-Kupfer Systems werden mit Hilfe einer galvanischen Element 
Technik untersucht. Die Ergebnisse bei Temperaturen oberhalb der kritischen Ordnungstempera- 
turen stimmen mit den Resultaten friiherer Arbeiten anderer Autoren tiberein, die negative Ab- 
weichungen vom Raoult’ schen Gesetz und negative Lésungswarmen fanden. Es wurde ein * Minimum 
in der Kurve der Mischungsentropie der ungeordneten Phase gefunden, und als ein Zeichen einer 
Naheordnung gedeutet. Das Ausmass der Naheordnung, das aus den thermodynamischen Daten 
und aus der quasi-chemischen Theorie des Ordnens berechnet wurde, stimmt gut mit den réntgeno- 
graphisch ermittelten Werten iiberein. Es zeigte sich, dass sich bei tieferen Te: mperaturen im Zwei- 
phasengebiete die eine Ubers —. ise von der anderen oder von der ungeordneten festen Lésung 
trennt. Fiir das orthorhombische CuAu II ist ein relativ unscharfes Maximum in der Kurve der 
Lésungsentropie charakteristisch, das das Vorhandensein von vielen Kristallbaufehlern in der 
Uberstruktur zeigt. 


to temperatures higher than those for formation 
Heat capacity measurements 
are 


Introduction of the superlattices. 
order-disorder transformations 
the alloy 
not be 


one 


The gold-copper system has furnished the earliest through the 
necessarily done as the temperature of 
so that the alloy may 


equilibrium at 


recognized example of an ordered solid solution, 


and has been the subject of many investigations by is constantly raised, 


many techniques. Nevertheless, the thermodyna- in thorough internal any 


mics of the superlattices in this binary system has 
The course of 
obtained 


not been satisfactorily elucidated. 
the activity-composition curve at 390°C 
by Wagner and Engelhardt [1] gives no indication 
of the presence of superlattices. The results of 
Weibke and von Quadt [2] in the temperature 
region of the superlattices exhibit great differences 
temperature 


between ascending and descending 


measurements. The work of Chiche [3] is restricted 
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Schenectady, 


instant, and of course they furnish no information 
on the free energy of the alloy. 

Because of the great interest attaching to the 
gold-copper system, and because the superlattices 
in these alloys have served as prototypes in the 
theoretical analysis of the ordering 
it has been considered advisable to attempt to 


phenomenon, 


measure the equilibrium thermodynamic properties 
in the temperature region about the superlattices 
AuCu and AuCu;. This paper describes the results 
of an investigation by means of the galvanic cell 
technique. 


= 


ORIANI: 


Experimental 


The galvanic cell method for the measurement 
of thermodynamic activities has the great advan- 
tage over the usual vapor pressure method that in 
principle no composition change occurs during the 
measurement, so that long times of waiting for 
equilibrium become possible. However, long holding 
times are feasible only if excellent electrochemical 
stability is achieved. The experimental arrangement 
in the present investigation was very similar to 
that described in a previous paper [4]. The electro- 
motive force developed by the cell 


Cu,,) | Cut (in electrolyte) | Cu(Au) 


was measured as a function of temperature, alloy 
composition, and time. Figure 1 shows schemati- 
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FicuRE 1. Schematic diagram of the galvanic cell and 
filling apparatus. 


cally the construction of the cell and of the device 
used for pretreatment of the electrolyte and for 
filling the cell. The eutectic mixture of KCI and 
LiCl, plus a very small amount of CuCl was 
melted in the auxiliary container and held at 400°C 
in contact with Cu under constant 
evacuation, for four days. During this time, the 
assembled cell was also maintained at 400°C under 


pure wire, 


the same vacuum. After this desiccation treatment, 
the seal-off was fused shut, and the molten electro- 
lvte was forced into the cell by admitting pure 
argon over the liquid in the auxiliary container. 
When all the electrolyte had been transferred, 
enough pure argon was allowed to enter the cell 
to produce a pressure of almost 1 atm. The cell was 
then detached from the filling system by fusing 


closed the second seal-off. 
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The electrodes* were cast under vacuum from 
A.S. and R. copper of 99.99 per cent purity and 
99.98 purity in silica tubes. 


The rods were homogenized by holding for 14 days 


gold of per cent 
at temperatures just under the solidus points. 
The electrodes were fabricated by drawing and were 
to the platinum suspension wires. 
Separate for the e.m.f. 


developed by the various connections within the 


spot-welded 


measurements thermal 


cell were not made, reliance being placed on the 
tests carried out by Weibke and von Quadt [2] 
which showed the thermal e.m.f. corrections to be 
negligible. Temperatures were measured by means 
of a platinum, platinum-rhodium thermocouple 
calibrated by Mr. W. K. Murphy at the melting 
points of National Bureau of Standards samples 
of copper, aluminum, zinc, and tin. 

Before the measurements reported here were 
made, some exploratory experiments in other 
cells were carried out in which the temperature 
was maintained constant for some hours and then 
changed to another holding temperature, the dir- 
ection and magnitude of the change being chosen 
haphazardly. In another exploratory experiment, 
the entire temperature range of 100 degrees was 
covered in about one day. The results of those 
experiments were very similar to those of Weibke 
and von Quadt in their irreproducibility and 
variability of points of inflection. 

The values reported here were obtained from 
the use of two cells, the second of which had some 
RbCI added to the electrolyte to permit attain- 
ment of a lower temperature without the freezing 
of the electrolyte. In each case, measurements 
were begun at a high temperature, holding the 
temperature fixed for a rather large length of time, 
then decreasing the temperature to another fixed 
value, and so on to the lowest attainable tempera- 
ture. Then the temperature was raised intermittent- 
ly in a similar fashion, save that the waiting period 


at each temperature continued until all the vol- 


with time within a few 


The 


positive increments of temperature are 


became constant 


tages 
hundredths of a millivolt. values taken at 
taken as 
more nearly equilibrium voltages because of the 
longer waiting times, and because of the smaller 
magnitude of the increments of temperature. The 
waiting times at constant temperature ranged from 
3 to 100 being 24 


hours. 


hours, the average period 


*Thanks are due to Drs. R. W. Schmitt and J. B. Newkirk 


for the gifts of two alloy compositions. 
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Experimental Results 
The experimental voltages between the pure 
the copper-gold 


function of 


copper electrode and various 


temperature and 
composition are plotted in Figure 2. In Figure 2A 
the results for the alloys that lie about the composi- 


tion CuAu are shown; however, to avoid complicat- 


electrodes as a 


ing the diagram only the values taken with positive 
increments of temperature are presented and data 
obtained at temperature above 430°C have been 
left out of the figure, though such data were con- 


sidered in calculating the slopes of the curves in 
the high-temperature region. In order to include 


this range of compositions in Figure 2A a scale for 
the ordinates had to be adopted which is too 
small for the accuracy of the measurements. The 
results for compositions about Cu;Au are shown 
in larger scale in Figure 2B, where values for both 


400 
TEMPERATURE 


FiGuRE 2A. E.m.f.-temperature curves for Au-Cu alloys 
near CuAu composition. 


400 420 440 
TEMPERATURE, “C 


FIGURE 2B. E.m.f.-temperature curves for Au-Cu alloys 


near Cu;Au composition. 


negative and positive increments of temperature 
are given. The disparity between the two curves 


for Xcy = 0.77 is about the largest observed. 


Such separations between the ascending and 
descending branches of the curves are believed 
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to be due to a very slow change in composition at 
the surface of the alloy electrodes caused by the 
transfer of copper and gold from one electrode to 


another by the agency of the reaction 


Aus) + CutCh cig.) = + 


The electrolyte cannot be in equilibrium with 
respect to all the electrodes at any one time, 
since the compositions are different. The resulting 
transfer is considerably reduced by surrounding 
each electrode by a tube (see Figure 1) which 
dips into the electrolyte farther than does the 
electrode, thereby avoiding convective currents. 
Nevertheless, such a transfer becomes the limiting 
factor in an investigation with a galvanic cell 
when the waiting times at temperature are very 
long despite the fact that the concentration of Au™ 
must be extremely small. Hence, in the present 
work the alloy compositions contain the most 
uncertainty of any of the experimental quantities, 
probably +0.5 atom per cent. However, this does 
not sensibly vitiate the conclusions to be drawn. 

In order to demonstrate the agreement of the 
present work at the higher temperatures with that 
of former investigators, present data were extra- 
polated to 500°C, and the activity of copper, 
dcy, pure copper as reference state, was calculated 
E = — (RT/F) the 


observed potential, at temperature 7°K, R is the 


from Qcy, Where E is 


gas constant and F is the Faraday. Present values 
are plotted in Figure 3, together with those from 


Thermodynamic activities of copper and gold 
) Ref. 2 Ref. 3 (463°C. 


NCI. 4. A 
Present work, extrapolated. 


FIGURE 3. 
in their solid alloys at 500°C. 
O Ref. 1, interpolated. X 


the literature, and it is seen that the agreement is 
acceptable. The curve for a@,4, was calculated by 
Gibbs-Duhem 
excess partial molar quantities [5] based on the 
data of Weibke and von Quadt [2]. 


integrating the equation using 
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ORIANIT: 


THERMODYNAMICS 


OF AvuCu ALLOYS 


TABLE I 


CALCULATED VALUES FROM 427°C DaTA 


— 1337 

— 1783 

—1991 

— 2071 
—1130 — 2091 
—1160 —2119 
—1197 — 2152 
— 1206 — 2156 
—1210 —2145 
—1186 — 2091 
— 2687 — 1069 — 1873 
— 2940 — 1048 — 1834 
— 2987 — 1031 —1811 
— 3278 — 1732 
— 3282 — 1675 
—4145 — 1292 


— 1616 
— 1522 
— 1464 
— 1346 
—1210 
— 1009 
— 488 
— 400 
— 385 
295 
293 
89.0 


—1513 


.849* 


*From data of Weibke and von Quadt [2]. 


437°C. a 


critical 


data at 


Table I 


temperature slightly above the highest 


contains derived 
temperature for a superlattice. These excess partial 
and excess integral quantities were computed by 
equations analogous to those of (2) to (8) in 
reference 3; Weibke and von Quadt’s data for 
Xcu = 0.148, 0.240, 0.352, 0.782, 0.849, 


interpolated for 427°C, have been incorporated in 


and 


the calculations. The integral quantities of solution, 
AG, AS, and AH are shown in Figures 4, 5, and 6 
respectively. The AH of solution at xcy = 0.6 is 
—1.25 kcal/g atom of alloy, and is in excellent 
agreement with the value of —1.24 obtained by 
Weibke and von Quadt at 500°C. 

The nonlinear portions of the potential-tempera- 
ture curves of Figure 2 that connect two linear seg- 
ments are interpretable as representing the two- 
phase regions that must lie between any two single- 


FiGurE 4. Gibbs free energy of solution. 


038 
.072 
064 
013 
047 
052 
070 
070 
064 
056 
075 
063 
060 
055 
042 
033 
020 


867 
168 
357 
346 
323 
323 
300 
294 
295 
281 
218 
085 
065 


— 1050 
—1145 
— 1167 
— 1209 
— 1246 
— 1251 
— 1249 
— 1238 
—1113 
— 1090 
058 — 1070 
032 —1010 
009 — 968 
865 — 687 


Xow 


FiGURE 5. Entropy of solution; central porti 


curve refers to Phase II. 


Ficure 6. Enthalpy 
curve refers to Phase II. 


yhase regions. The yh ise diagrams of Figure S 7 in 18 
I 


have been constructed from the temperatures of de- 


parture from linearity of the E-7 curves; only the as- 


cending-temperature curves have been used for this 


purpose because of the much greater care given 
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xXCu AGey™ AGay™ AG AG AScu™ ASay% AS% AS AH 
.148* —3251 214 — 299 — 879 227 005 - 272 
. 240* — 2506 — .045 109 — 520 
352* — 2440 301 — .065 - $33 
425 — 2164 — .683 183 - 
. 466 — 1884 — .304 178 
48 — .156 .043 
.54 — .178 058 
555 027 — .190 _ 
.575 172 — 382 
.60 — .247 230 
649 — .052 —.117 — 
736 212 — 
745 213 — 856 _ 
.752 077 — .456 — 
77 043 — 326 
.782* 023 — .235 — 
108 — .478 a 
p 
As 
954 d 
\ 
of 380° 
4H 
| 
AG 
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to that portion of the work. The points thus ob- 
tained from the E-T curves are represented in 
Figures 7 and 8 by solid ellipses and rectangles the 
size of which is a measure of the uncertainty of 
the position of the phase boundary. The open 
points in Figures 7 and 8 have been calculated 


from the thermodynamic requirement that an 


isothermal across a two-phase region is an iso- 


Figure 7. Phase relations about composition CuAu. 
Filled points are derived from Fig. 2A, open points from 
condition of isoactivity across two-phase fields. 


3 ? 
3,74, 74, 


FiGurE 8. Phase relations about composition Cus3Au. 
Filled points are derived from Fig. 2B, open points from 
condition of isoactivity across two-phase fields. 


activity line; for this purpose the activity of 
copper was interpolated and extrapolated graphi- 
cally using the measured values within the single 
phases. The consistency of these points with those 
obtained from the inflections of the E-T curves 
gives strong support for the existence of two-phase 
regions. However, a more direct demonstration of 
the presence of two-phase regions is furnished 
by the fact that upon going from the higher to the 
lower temperature phases, the E-T curves of Fig- 
ure 2 for alloys poorer in copper than the stoichio- 
metric composition rise in potential, whereas 
those richer in copper than the stoichiometric 
decrease in potential. This behavior is true for the 
transitions CuAu (disordered)—CuAu II (ortho- 
rhombic), CuAu II (orthorhombic)—CudAu I (tetra- 
gonal), as well as for CusAu (disordered)—Cu;Au 
(ordered), and cannot be explained except by, and 
is thoroughly consistent with, the composition 
segregation characteristics of a two-phase region. 

In constructing diagrams, the 


these phase 
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maximum critical temperature for the CuAu D = 
CuAu II transformation taken as about 
421°C, in agreement with the results of Haughton 
and Payne [6] (about 420°), of Newkirk [7] 
(about 421°), of Rhines, Bond, and Rummel [8] 
(410°), and of Hirabayashi, Nagasaki, and Maniwa 
[9] (430°). The last temperature cited is apt to be 
high because of the dynamic nature of the heat- 
capacity measurement. The maximum critical 
temperature for the CuAu [—CudAu II transition 
was taken as about 400°C in accordance with the 
work of Newkirk [10] (about 395°), of Hirabayashi, 
Nagasaki, and Maniwa [9] (about 410°), Hira- 
bayashi [11] (400° as estimated from c,-curve) 
and Johansson and Linde [12], who found phase II 
in the range 410-420°.* The critical temperature 
at the Cu;Au composition was set at 394°C, 
following the results of Haughton and Payne [6] 
(393°), of Nix and McNair [15] (394°), and of 
Keating and Warren [16] (394° + 3°). 

The activity data at the 380°C isothermal 
and the experimental (dH/dT), at that tempera- 
ture were used to calculate the AG, AS, and AH 
of solution. In these calculations the phase boun- 
daries as established above were employed except 
that since the properties of CuAu,,; were desired, 
the boundaries of CuAu I were ignored and the 
activities and (dE/dT), of phase II were extra- 
polated to the 380 degrees isothermal. The results 
are tabulated in Table II and presented in Figures 
4, 5, and 6. The entropy and enthalpy of solution 


was 


necessarily change very rapidly (see below) with 
composition in the region of homogeneity of a 
superlattice, so that many very closely spaced 
compositions would have to be investigated in 
order to establish by the present techniques the 
properties of a superlattice of narrow range. Such 
extensive information has not been obtained in the 
present work for CuAu I, so that Gibbs-Duhem 
integrations through phase I to obtain AS; and 
AH, have not been considered worthwhile. How- 
ever, the large range of existence of CuAu II is 
notable, and permits the unambiguous demon- 
stration of the marked decrease in AS of solution 
in the neighborhood of the stoichiometric composi- 
tion that has been discussed theoretically by 
Olander [17]. The depth of the AS minimum 
for CuAu II without 
more measurements very near and at the stoichio- 
metric composition. The corresponding minimum 


cannot be _ established 


*To complete this account, it should be mentioned that 
Borelius, Larsson, and Selberg [13] find 408°C for II—D, and 
Nystrom [14] reports 380°C for I= II. 
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TABLE II 


CALCULATED VALUES FROM 380°C DaTA 


— 4500 
— 3520 
— 3310 
—3104 
— 3104 
— 2780 


—1317 
—1712 
— 1902 
— 1945 
—1991 
— 2015 
(—2023) 
(—2175) 
— 2084 
— 2075 
— 2075 
— 2070 
— 2060 
— 2019 
—1814 
—1779 
—1775 
— 1743 
— 1669 
— 1630 
—1615 
— 1230 


— 2232 
— 2095 
— 1879 
— 1879 
— 1879 
— 1580 


—1910 
— 2057 
— 2338 
— 2337 
— 2337 
— 2835 
— 4338 
— 4338 
—4477 
— 4756 
— 5325 
— 5325 
— 5560 

— 6720 


— 1269 
—1109 
— 1099 
—1120 
— 1088 


— 1047 
— 739 


*From data of Weibke and von Quadt [2]. 


in the AH curve at 380°C leads to a AH of transi- 
tion (CuAu II—CuAu D) of at least 300 cal/g 
atom of alloy. The analogous minima for the Cu;Au 
composition have only been indicated in Figures 5 
and 6; the narrowness of the homogeneity range of 
this superlattice makes the compositions studied 
insufficient for their detailed demonstration. 


Discussion 


Cowley [18] has shown that above the critical 
temperature of ordering for Cu;Au there is short- 
range order at that composition, and Roberts [19] 
has similarly found short-range order at the com- 
position CuAu above the critical temperature. 


Quasi-chemical theory [20] of ordering based on the 
assumption of noninterference of pairs permits the 
calculation of short-range order from experimental 
activity coefficients, and good agreement has been 
found [21] at 500°C between the degree of short- 
range order thus computed and that found by 
X-ray diffraction. Table III presents a comparison 
of the preponderance over a random distribution of 
copper atoms in the first coordination shell about 
any one gold atom as observed by X-ray diffraction 
at 425°C, and as calculated by quasi-chemical 
theory [20] from the experimental AG of solution 
at 427°C. AH of 
solution calculated by quasi-chemical theory [20] 


Included also are values of 


TABLE III 


COMPARISON OF ATOMIC DISTRIBUTION IN First COORDINATION SHELL BY X-RAY DIFFRACTION DATA AND BY CALCULATION 
FROM QUASI-CHEMICAL THEORY AND EXPERIMENTAL AG 


P<, caled. 


from ay 


Composition 


Cu;Au 


—0.123° 


— 1825 


AG(427°)4 


cal/g atom 
— 2120 


experimental 


P, calcd. from AH, calcd. from 
AG and theory AG and theory 


10.8% 


— 1094 — 1070 


— 1226 


— 1200 


“Reference [18]. Reference [19]. 


¢P is the per cent excess of Au-Cu bonds in the alloy over the number that would be 


#This work. 


present for a random distribution. 


613 
XCu AGey AGay AG ASoe ASau AS AH 
.148* — 5330 — 105 — 879 4.012 118 696 — 424 
. 240* — 312 2.790 430 997 — 666 
.352* — 730 2.375 615 1.234 — 907 
.425 — 859 1.017 
445 —1017 1.116 1.429 1.290 —1103 
. 468 —1018 —3.690 5.466 1.187 -1216 
.482 — 1302 
.485 = _ — .920 2.826 1.008 — 1364 
.54 — — 2.239 — .385 1.031 — 1401 
.543 — 
555 2.606 — .829 1.080 — 1370 
575 2.836 —1.128 1.150 — 1324 
576 — 
.605 773 1.831 1.191 — 1281 
.649 807 1.774 1.148 
.733 — 899 826 1.779 1.080 
.744 — 899 — .535 5.613 1.040 
.745 — 851 
.753 — 757 — .752 6.151 954 
ae — 579 424 2.455 890 
.778 — 579 — 
.782* — 515 512 2.151 870 || 
849* — 252 434 2.548 753 
Le 
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using the experimental figures for AG, and these 
are compared with the experimental values of AH 
at 427°C. The agreements are better than perhaps 
one should expect, since Li [22] has shown that the 
quasi-chemical theory has to be generalized to 
consider the tetrahedron as the local group in 
order to obtain a phase diagram for a f.c.c. binary 
system which resembles the experimental phase 
diagram for Au-Cu in form and in exhibiting co- 
existence of ordered and disordered phases about 
each of the superlattices. 

Li’s development retains all the hypotheses of 
the quasi-chemical theory, in particular the specifi- 
cation of a pairwise interaction energy that is taken 
as independent of composition and of the degree 
of order. Sato [23] and Cowley [24] have shown 
that an asymmetry, such as evinced by the present 
results for the superlattice CuAu II and by the 
results of Newkirk [7], can be effected by postulat- 
ing a functional dependence of interaction energy 
on composition and on degree of order. 

Hume-Rothery and Raynor [25] have pointed 
out that difference in the size of the components 
of a binary solid solution may lead to a tendency 
to order since a more efficient packing, and hence a 
lower strain energy for the system, can be achieved 


by surrounding any one atom by atoms of dis- 
similar size. It may be possible to express this strain 
energy factor in terms of a pairwise interaction 
term in the region of low solute concentration, 
despite the probability that the disturbance due 
to an atom of different size extends beyond the 


nearest neighbors, and thereby to bring the strain 
energy factor formally into the quasi-chemical 
theory. In any case, Zener [26] has shown that the 
strain energy produced by mixing atoms of dis- 
parate sizes leads to a lowering of the elastic 
modulus in the region about the incongruous 
atom, and hence to a larger vibration amplitude 
in that vicinity, and so to a contribution to the 
entropy of solution from the larger vibration 
randomness. Figure 5 shows that at 427°C the 
entropy of solution is larger than that for an ideal 
solution for < 0.4 > 3S 
despite the short-range order that presumably 
exists at these compositions and temperature [27]. 
Thus it appears that to the configurational contri- 
bution to the entropy of solution is added another 


term, AS,»,., due to the excess vibration random- 


and 


ness caused by the 10 per cent disparity in atomic 
radii in the Au-Cu system. Sarolea [28] has shown 
that the effect of lattice vibrations is to lower the 
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critical temperature of ordering; it is significant 
that the superlattice AuCu; exhibits the low 
critical temperature of 250°C [29] in the region of 
concentration which has a sizable AS,.. In the 
concentration range between 0.4 and 0.85 the 
AS configuration becomes small enough, i.e., the degree 
of short-range order becomes large enough, so that 
the total AS is less than that for an ideal solution. 
It is interesting to note that the AS curve for 
Mg-Cd solid solutions at a temperature somewhat 
higher than that for the existence of a superlattice 
is very similar [30] to that shown in Figure 5 for 
Au-Cu at 427°C. 

However, whether or the 
factor contributes to the tendency to order, it 
cannot be the sole factor, since if only the strain 
energy were important, the AH of solution would 
necessarily be positive, whereas the experimental 
value is —1.25 kcal/g atom. There must then be a 
negative ‘‘chemical’’ factor of larger 
absolute magnitude than the strain 
energy term. Hume-Rothery and [25] 
have suggested that the probable reason that the 
Au-Cu system shows complete miscibility in the 
solid state whereas the Ag-Cu system does not, 
despite the very similar size disparity between the 


not strain energy 


specific 
positive 
Raynor 


components, is that gold is a very polarizable ion 
and copper ion has high polarizing ability, whereas 
silver ion is relatively weaker on both counts. 
Smith [31] has also adduced that Au is much more 
polarizable than Cu from the facts that although 
the bulk modulus of gold is larger than that of 
copper, the Young’s modulus of gold is smaller 
than that of copper; that is, the resistance of gold to 
a unidirectional force is less than that of copper. 
However, it is very difficult to understand how one 
ion can polarize another ion when both are im- 
mersed in a highly polarizable cloud of electrons. 

Olander [17] has pointed out that the curve of 
entropy of solution vs. composition for a super- 
lattice would exhibit an infinitely sharp cusp at the 
stoichiometric composition with AS = 0 if the 
superlattice were perfectly ordered and if only 
configurational factors were important. The very 
gradual decrease in AS shown in Figure 5 for 
CuAull as the 1:1 composition is approached 
indicates that this superlattice is characterized 
by many that 
probably makes possible the large extent of CuAull 
in the phase diagram. According to Johansson and 
Linde [12] these imperfections consist of change- 
step boundaries at every fifth atom along the 


imperfections, a circumstance 
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[010] direction in this orthorhombic structure. 
The ordered phases CuAul and Cu;3Au are narrower 
in extent and have 
does CuAull; however, the degree of substitutional 
disorder calculated by Weibke and von Quadt [2] 
for CuAu, Cu;Au, and Cu;Au, from their e.m.f. 
data and the equations of Olander [17] cannot be 
given weight because of lack of equilibrium in 
their measurements. In agreement with Newkirk 
[7], the present work finds no support for the 
CusAuz as a ordered 


fewer imperfections than 


existence of separate 


phase. 


Conclusions 


1. In the disordered phase of the Au-Cu system, 
both components exhibit marked negative devia- 
tions from Raoult’s Law, in with 
former work. The maximum AH of solution is at 
Xcy = 0.6 and is —1.25 kcal/g atom of alloy, in 


agreement 


excellent agreement with the result of Weibke and 
von Quadt. 

2. The AS curve of the disordered phase shows 
the existence of short-range order, and also gives 
evidence of non-configurational contributions to 
the entropy of mixing. 

3. The degrees of short-range order calculated 
by quasi-chemical theory from the measured 
values of AG agree well with those measured by 
X-ray diffraction. It is probable that both strain 
energy and electrostatic interaction contribute to 
the AH of solution. 

4. CuAul, CuAull, and Cu;Au 
Gibbsian phases, separated from adjoining phases 
by two-phase regions. 

5. The AH of transition for CuAulI—CuAu D 
is at least 300 cal/g atom of alloy. The relatively 
gradual cusp in the AS curve of CuAull shows the 


ordered are 


relatively large amount of disorder in that phase. 
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THE TIN-RICH INTERMEDIATE PHASES IN THE ALLOYS OF TIN 
WITH CADMIUM, INDIUM AND MERCURY* 


G. V. RAYNOR and J. A. LEE{ 


New experiments on the crystal structures of the tin-rich intermediate phases ygn-1n, Ysn-Heg: 
Bsn-ng and Bgn-ca are briefly reported. All four phases crystallize in the simple hexagonal structure. 
The latter may be regarded as formed from the white tin structure by the simple displacement, 
along the c-axis, of one of the two body-centred tetragonal sub-lattices into which the structure can 
be divided, followed by a slight modification of the interatomic distances. The form of the first 
Brillouin zone for the ygn-1n type of structure is considered, and it is shown that the most probable 
zone is bounded by planes of the type {11.0} and {10.1}; overlapping of electrons across the {11.0} 
planes accounts for the dependence of the axial ratio on electron: atom ratio. The factors affecting the 
formation of the hexagonal phases are discussed from the point of view of a suggestion by Schubert 
that the appropriate Brillouin zone for white tin is bounded by {220} and {121} planes. 


LA PHASE INTERMEDIAIRE, RICHE EN ETAIN, DES ALLIGES D’ETAIN AVEC LE 
CADMIUM, L’INDIUM ET LE MERCURE 


On rapporte bri¢vement de nouvelles expériences sur la structure cristalline des phases inter- 
médiaires, riches en étain, ygn—1n, Ysn-Hg, Bsn-ca- Loutes les quatre phases ont la structure 
hexagonale simple. Cette dernitre peut étre considérée comme résultant de la structure de |’étain 
blanc par un simple déplacement, suivant l’axe c, d’un des deux réseaux tétragonaux centrés, en 
lesquels la structure peut étre divisée, suivi d’un léger changement des distances interatomique. 
La premiére zone de Brillouin de la structure du type ygn-1n est examinée et il est montré que la 
zone la plus probable est limitée par des plans du type {11.0} et {10.1}; L’enchevauchement des 
électrons sur les plans {11.0} justifie la dépendance du rapport axial sur le rapport électrons: atomes. 
Les facteurs qui influencent la formation de la phase hexagonale sont discutés du point de vue 
de la suggéstion de Schubert, a savoir, que la zone de Brillouin appropriée de |’étain blanc est limitée 
par des plans {220} et {121}. 


DIE ZINNREICHE ZWISCHENPHASE IN DEN LEGIERUNGEN DES ZINNS MIT 
KADMIUM, INDIUM UND QUECKSILBER 


Es wird kurz iiber neue Versuche iiber die Kristallstrukturen der zinnreichen Zwischenphasen 
Y8n-In) Y8n-Hg, Ssn-Hg UNd Bgn-ca berichtet. Alle vier Phasen kristallisieren in einfach hexagonaler 
Struktur. Diese kann als aus der weissen Zinnstruktur durch eine einfache Verschiebung von einem 
der beiden kubisch-raumzentrierten Teilgitter des Zinngitters entlang der c-Achse und einer anschlies- 
senden leichten Modifizierung der Atomabstande entstanden betrachtet werden. Es wird die Form 
der ersten Brillouinzone fiir den ygn-yp Strukturtyp betrachtet, und es wird gezeigt, dass die wahr- 
scheinlichste Zone durch Ebenen vom Typ {11.0} und {10.1} begrenzt wird. Die iiber die {11.0} 
Ebenen iiberlappenden Elektronen erklaren die Abhangigkeit des Achsenverhaltnisses vom Verhaltnis 
Elektron: Atom. Die die Bildung der hexagonalen Phasen beeinflussenden Faktoren werden unter 
dem Gesichtspunkt des Vorschlages von Schubert, dass die Brillouinzone des weissen Zinns von 
{220} und {121} Ebenen begrenzt ist, diskutiert. 


such high tin content, and since there appeared to 
be a possibility that the three known representa- 
tives of this class of phase were closely related, a 
structural investigation has been carried out, and 
is reported in this communication. 


I. Introductory 


Although, in the system tin-cadmium, the ter- 
minal solid solutions of tin in cadmium and of 
cadmium in tin enter into equilibrium below a 
temperature of 133°C, an intermediate phase exists 


above this temperature [1]. The II. Previous Work 


outstanding 


characteristic of this phase is its high tin content 
(approximately 95 atomic per cent). In the tin- 
mercury system, a high-temperature phase of 
similar tin content exists above 195°C, while in the 
tin-indium system, a low-temperature phase with a 
tin-rich limit of homogeneity approaching 88 atomic 
per cent of tin has been observed. Crystal structure 
determinations have been carried out only for the 
tin-indium phase. Since other binary alloys of tin 


do not appear to contain intermediate phases of 


The relevant portions of the tin-rich equilibrium 
diagrams for the systems under consideration are 
reproduced in Figures 1, 2 and 3. The points of 
interest for our present purpose are as follows: 

(i) Alloys consisting of the 8 g,ca phase* cannot 
be quenched unchanged, but decompose rapidly 
into the a- and y-phases, which are the terminal 
solid solutions. No determination of the crystal 
structure of Bsn—cqa has been made. 

(ii) The Bgp-n, phase is also not retained on 


*Received November 4, 1953. 
tDepartment of Metallurgy, University of Birmingham, 


England. 
ACTA METALLURGICA, VOL. 2, JULY 1954 


*The phases under consideration are denoted by the symbol 
in current use in the literature, followed by the subscript 
chemical symbols of the components. 
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quenching, and its crystal structure is unknown. At 
approximately 215°C, reacts peritectically 
with the liquid to form y sp,—”¢g, which is stable from 
this temperature to room temperature, at which its 
homogeneity range extends from 5 to 11 atomic per 
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FiGurE 1. Equilibrium diagram of the tin-rich tin-cad- 


mium alloys [1]. 
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FicureE 2. Equilibrium diagram of the tin-rich tin-mercury 


alloys [2]. 
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FIGURE 3. 
alloys [3]. 


Equilibrium diagram of the tin-rich tin-indium 


cent of mercury. According to von Simson [4], who 
separated the phase from mercury-tin amalgams, 
Ysn-Hg is to be regarded as HgSny, with a simple 
hexagonal crystal structure (a = 3.18 A;c/a=0.94). 
The crystal structure and approximate lattice 
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spacings were confirmed by Stenbeck [5] and by 
L¢évold-Olsen [6]; the lattice spacings obtained by 
the from a = 3.2015 kX, 
c = 2.9836 RX at 9.23 atomic per cent of mercury 
3.1967 RX, c = 2.9770 kX at 13.25 atomic 
per cent of mercury, but these values should be 


latter author varied 


toa = 


accepted with caution since the lattice spacing 
5.8150 RX,c = 3.1759 RX) 
agreed poorly with the generally accepted values of 
5.8195 RX, c = 3.1750 RX. 

(iii) The yga-m intermediate phase has been 


quoted for pure tin (a = 
a= 


denoted InSn;; by Valentiner [7; 8], according to 
whom the crystal structure of the phase is basically 
similar to that of white tin (body-centred tetra- 
gonal, a = 5.61 RX, c = 3.54 kX). This conclusion 
is supported by Orlamiinder [9], but in their more 
comprehensive examination of the system Fink, 
Jette, Katz and Schnettler [10] found it impossible 
to index the diffraction pattern of yga—m on the 
basis of the structure proposed by Valentiner, and 
suggested that the structure was simple hexagonal, 
with the following lattice spacings: 
at 22.34 atomic per cent of indium a 
c = 2.992 kX; 
at 10.35 atomic per cent of indium a 
c = 2.994 RX. 
It may also be noted that there is some disagree- 
ment between the American authors [3; 10] with 


3.209 RX, 


regard to the upper temperature of stability for 
Ysn—m; While Rhines, Urquhart and Hoge find that 
the phase is unstable above approximately 70°C, 
Fink suggest that ygsn-m is 
formed peritectically at 124°C, but they were 
unable to observe the expected thermal arrests on 


and his associates 


the indium-rich side of the ysg,-m composition 
range. 


III. Present Experiments 


Alloys were prepared from Chempur tin, spectro- 
scopically pure cadmium, and pure mercury and 
indium supplied by Messrs. Johnson, Matthey and 
Co., Ltd. Carefully weighed quantities of the pure 
metals were melted in evacuated silica tubes, which 
were rotated in a furnace controlled at approxi- 
mately 20°C above the liquidus temperature. The 
specimens were then either quenched or slowly 
cooled, and annealed, for the purpose of homo- 
genization, in the same evacuated tubes. Analyses 
carried out on typical specimens showed that under 
these conditions the intended compositions were 
accurately attained. Filings were prepared by 
normal methods; those intended for exposure at 
room temperature received a stress-relief anneal at 
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an appropriate temperature, while those for 
exposure at a high temperature were immediately 
sealed in silica capillaries. Specimens were exposed 
to copper K, radiation, and the high-temperature 
X-ray technique 


with that described by Berry, Henry and Raynor 


followed corresponded closely 
[11]. The following reflections occurring between 
60° and 82°, were clearly resolved in to aja2 dou- 
blets: 


(21.2), (11.3), (20.3), (30.2), (22.1) 


and all films could be indexed on the basis of a 
simple hexagonal unit cell containing one atom. 

Experiments were made with several specimens 
in each system, and the spacing measurements re- 
ported below were calculated from the 
quality films; the Nelson-Riley extrapolation func- 
tion was applied. 


highest 


(i) The ysp-m phase. An alloy containing 18.64 
atomic per cent of indium was filed after annealing 
for 2 weeks at 49°C. Four closely agreeing lattice 
spacing measurements made at room temperature 
gave the following mean values: 


a = 3.2112 + 0.0001 kX, 
c = 2.9928 + 0.0001 kX, 
c/a = 0.93196; 23°C. 
(ii) The ysgn-ng phase. An alloy with 7.193 


atomic per cent of mercury was annealed for 2 
weeks at 150°C. Mean values obtained from four 


closely agreeing measurements at room temperature 


were: 
C= 
c/a 


3.2062 + 0.0001 2X, 
2.9856 + 0.0001 kX, 
= 0.9312; 21°C. 


(iii) The Bsn—ca phase. An alloy containing 4.89 
atomic per cent of cadmium was annealed in the 
homogeneous 6-range and quenched. Filings were 
after 
annealing to equilibrium in the high-temperature 
diffraction camera, at 176°C: 


sealed in silica capillaries and exposed, 


a = 3.2263 + 0.0001 RX, 
c = 2.9963 + 0.0001 2X, 
c/a = 0.92870; 176°C. 


(iv) The Bgp-ng phase. The alloy selected was 
heat-treated as for the Bsn,-ca specimen, and filings 
were exposed at 188°C. Results obtained were: 


a = 3.2350 + 0.0001 RX, 


c = 3.0005 + 0.0001 RX, 
c/a = 0.92751; 188°C. 
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These results confirm that the crystal structures of 
the Ysn—-m and ygn—ng phases, both of which are 
stable at room temperature, are simple hexagonal, 
and show clearly that the high temperature phases 
Bsn—ca and Bgp-yg adopt the same structure. No 
difference could be detected between the diffrac- 
tion patterns of y gp—ng and B sp_ng except for a very 
slight increase of the relative intensities of the 
(00.1) and (00.2) reflections for the 6-phase. 


IV. Discussion 


The fact that the four tin-rich intermediate 
phases under discussion are isomorphous (except for 
axial ratio variations) is of considerable interest, 
since the simple hexagonal structure adopted may 
be closely related to that of white tin. For this 
purpose we express the hexagonal structure in 
terms of an orthorhombic unit cell, as indicated in 
Figure 4. If we now consider the structure formed 


FiGuRE 4. Orthorhombic unit cell derived from simple 
hexagonal structure. 


by stacking three such unit cells as shown in 
Figure 5a, the atoms are seen to lie upon two inter- 
penetrating body-centred orthorhombic sub-lat- 
tices, which are distinguished by full and open 
circles respectively. If now the sublattice of open 
circles is moved relatively to the other, in the 
direction of the a axis, by an amount equal to a/4, 
a lattice is produced in which the atomic positions 
are very similar to those in the white tin structure 


FiGuRE 5. Structural relationships between the yg,_1, type 
of phase and white tin. a. orthorhombic structure corres- 
ponding to simple hexagonal arrangement; b. structure 
produced by displacement of one sub-lattice; c. white tin 
structure. 
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(Figure 5b). A relative contraction along the c-axis, 
allowed by the displacement of atoms denoted by 
open circles from positions intermediate between 
those denoted by full circles, completes the change 
to the body-centred tetragonal structure of white 
tin (Figure 5c). The ysn—m type of structure is thus 
closely related to that of white tin, from which it 
may be derived by the reverse of the sequence of 
changes illustrated in Figure 5. It is probably for 
this reason that the simple hexagonal structure is 
formed only in alloys of tin with solute metals of 
very similar atomic diameter. 

The axial ratios for the four phases examined 
differ, and it is of interest to plot the observed 
values as a function of electron : atom ratio, assum- 
ing a valency of 4 for tin (Figure 6). There is a 


FicureE 6. Axial ratio plotted against electron: atom ratio 
for phases of yg type. 


s—I, 


definite increase in axial ratio as the electron : atom 
ratio decreases, which suggests strongly that the 
appropriate Brillouin zone is overlapped in direc- 
tions at right angles to the hexagonal axis, so that a 
reduction in this overlap as the number of electrons 
per atom decreases allows the a spacings in the cry- 
stal to contract relative to the c spacings, according 
to the theory proposed by Jones [12]. In the diffrac- 
tion pattern of ysn—m, the two strongest low angle 
lines are derived from the (10.0) and (10.1) reflex- 
ions. A first Brillouin zone, containing two electrons 
per atom, may be formed by the planes of the type 
{10.0} and {00.1}, and the most probable second 
zone is that formed by the {10.1} and {11.0} 
planes, as shown in Figure 7. The volume of the 
polyhedron bounded by {10.1} planes only would 
correspond almost exactly with five electrons per 
atom; the volume of the Brillouin zone shown in 
Figure 7 corresponds with approximately 4.6 
electrons per atom. The Fermi sphere which just 
touches the {10.1} planes has a volume correspond- 
ing with 3.31 electrons per atom, so that these 
planes are certain to be overlapped at 4 electrons 
per atom; the evidence of the axial ratio variations 
with decreasing electron concentration suggests 
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that the {11.0} planes are also overlapped, giving 
rise to anisotropic effects when the extent of the 
overlap is varied. It is thus improbable that the 
Ysn—m Structure is to be regarded as stabilized by 
the 
manner as the well-known electron compounds. 


Brillouin zone formed by planes {10.1} and 


considerations of electronic energy in same 


FIGURE 7. 
{11.0}. 


According to Schubert [13] the appropriate 
Brillouin zone for the white-tin structure is not that 
formed by {101} planes,* as suggested by Mott and 
Jones [14], but by the {220} and {121} planes. This 


zone is illustrated in Figure 8, and the existence of 


FIGURE 8. Suggested Brillouin zone for white-tin. 


the ysn-m structure gives some support for this 


Since it is known that antimony 


decreases and indium increases the axial ratio of 


suggestion. 


white tin, it is probable that the {220} planes are 
overlapped; a reduction in the electron:atom ratio 
then leads to a contraction of the a spacing relative 
a tendency to 
{220} and 


{121} planes. Equality, however, could be achieved 


to the ¢ spacing. There is thus 


equalize the interplanar spacings for the 


*Following the usual convention, the symbol {,7en3}, 
a tetragonal lattice, denotes only 


in the symbol is either 


used for a set of planes in 
those planes for which the third place 
Ns or 
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only by an increase of the axial ratio from 0.545 to 
0.575, which the cohesive forces along the c-axis 
may be unable to tolerate, or alternatively by a 
structural change. It is now important to note that, 
on performing the transformation from white tin 
tO Ysn—-m (Figure 5), the (220) and (121) planes of 
the tetragonal structure correspond with the (01.1) 


(220) 


y 


FIGURE 9. 
tin to (01.1 


Relationship of (220) and (121) planes of white- 
and (10.1) planes of yg_-1, structure. 


and (10.1) planes of the hexagonal structure, which 


are equivalent in interplanar spacing. This is illus- 
trated in 


Figure 9. If Schubert’s suggestion is 
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accepted, therefore, the formation of the ygn—m 
structure may be regarded as due to the tendency 
of the {200} and {121} planes of white tin to 
equalize their interplanar spacings with decrease in 
electron :atom ratio, and the restriction of this 
structure to alloys of tin with solutes of lower 
valency may be understood. 
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THERMODYNAMIC PROPERTIES OF SOLID ALUMINUM-ZINC 
ALLOYS* 


J. E. HILLIARD, B. L. AVERBACH, and MORRIS COHEN? 


The relative thermodynamic properties of solid aluminum-zinc alloys have been determined over 
the complete composition range by means of a galvanic cell using a molten salt electrolyte. The 
results evaluated at 300°C and 380°C indicate that there is a substantial positive deviation from 
ideal behavior. The molar heat of mixing has a maximum value of 850 cal/gm atom (heat absorbed) 
at about 60 atomic per cent zinc, and the entropies of mixing are slightly greater than the ideal 
configurational values. For the aluminum-rich solutions, the partial quantities relative to aluminum 
are apparently consistent with the quasi-chemical theory, but there are large deviations from the theory 
in the solutions containing more than 40 atomic per cent zinc. Extrapolation of the data for solid 
alloys indicates that the maximum heat of mixing for the liquid alloys is 440 cal/gm atom. 


LES PROPRIETES THERMODYNAMIQUES DES ALLIAGES SOLIDES ALUMINIUM- 
ZINC 


On a déterminé les propriétés thermodynamiques, relatives, des alliages solides aluminium-zinc 
dans toute |’étendue des compositions, au moyen d’une pile galvanique, en employant un sel fondu 
comme électrolyte. Les résultats obtenus a 300° et 4 380°C indiquent une déviation positive, consid- 
érable, par rapport a l’idéalité. La chaleur molaire de mélange a la valeur maximum de 850 cal par 
atome-gramme (chaleur absorbée) vers 60 pour cent en atomes de zinc; les entropies de mélange 
sont légérement supérieures aux valeurs idéales de l’e ntropie de configurs ation. Dans le cas de solutions 
riches en aluminium, les quantités partielles par rapport a l’aluminium sont apparemment en accord 
avec la théorie quasi-chimique; il y a, toutefois, de fortes déviations par rapport aux valeurs théori- 
ques dans le cas de solutions contenant plus de 40 pour cent en atomes de zinc. Une extrapolation 
des données concernant les alliages solides indique que la chaleur maximum de mélange pour les 
alliages liquides est de 440 cal par atome-gramme. 


THERMODYNAMISCHE EIGENSCHAFTEN FESTER ALUMINIUM-ZINK 
LEGIERUNGEN 


Die relativen thermodynamischen Ejigenschaften fester Aluminium-Zink Legierungen wurden 
m gesamten Konzentrationsbereich mit Hilfe eines mit geschmolzenem Salzele ktrolyten arbeitenden 
galvanischen Elements gemessen. Die bei 300° und 380°C ausgewerteten Ergebnisse deuten auf eine 
betrachtliche, positive Abweichung vom idealen Verhalten hin. Die molare Mischungswarme hat 
ihren Maximalwert von 850 cal pro Grammatom (absorbierte Warme) bei etwa 60 Atomprozent 
Zink, und die Mischungsentropien sind etwas grésser als die Werte fiir die Idealkonfiguration. In den 
aluminiumreichen Lésungen sind die auf das Aluminium bezogenen Partialwerte anscheinend mit 
der quasi-chemischen Theorie im Einklang; es bestehen jedoch in Lésungen, die mehr als 40 Atom- 
prozent Zink enthalten, grosse Abweichungen von der Theorie. Aus der Extrapolierung der Werte 
der festen Legierungen kann man das Maximum der Mischungswarme der fliissigen Legierungen 
zu 440 cal pro Grammatom abschatzen. 


: that the relative bonding energies between atoms 
Introduction are inconsequential in determining the thermo- 
Recent thermodynamic [1] and X-ray [2; 3] dynamic properties of the system. The aluminum- 
studies have demonstrated that the positive heat zinc system (Figure 1)f hasa miscibility gap similar 
of mixing in solid gold-nickel alloys is attributable to that in the gold-nickel system, but recent diffuse 
to the strain energy arising from the formation of X-ray studies [4] have indicated that the aluminum 
solid solutions of atoms with different sizes, and and zinc atoms have about the same size in solution. 
The strain energy is thus negligble, and barring 


any unforseen contribution arising from electronic 
changes, it was hoped that a quantitative appraisal 
could be made of the ability of the quasi-¢ hemical 


tlhe aluminum-zinc phase diagram, Figure 1, was drawn 
from the following experimental data: L F 
From 0 to 50 per cent zinc the curve AB follows the 
Gebhardt [5] and between 50 and 90 per cent se e863 is 
made between Gebhardt’s results and those of Garvie and 
Sutherland [6], the latter ear area liquidus temperatures 
about 5°C higher. Solidus (AD). The mean was taken of 
three investig atior is [5; 6; 7] showing a maximum deviation 
of less than 5°C. X-ray data obtained by Ellwood [8] confirm 
FicureE 1. Aluminum-zinc phase diagram. the general shape of the curve but show a slightly greater 
deviation. Solubility of Aluminum in Zinc (J KL). The data of 
*Received January 13, 1954. several investigators [9-13] are evaluated in the appendix. 
tDepartment of Metallurgy, Massachusetts Institute of Che remaining phase boundaries are drawn from the experi- 
Technology, Cambridge, Massachusetts. mental data selected by Raynor [14] to be the most reliable 
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theory to correlate the relative thermodynamic 
properties with the arrangements 
determined by diffuse X-ray scattering experiments. 
This paper describes the measurement of the ther- 


local atomic 


modynamic properties of solid aluminum-zinc 
alloys; the results of the diffuse X-ray measurements 
and their correlation with the thermodynamic data 


are given elsewhere [4]. 
Experimental Procedure 


Aluminum and zinc are sufficiently separated in 
the emf series to permit the use of the galvanic 
cell: 

| Ionic conductor 


: | Al-Zn alloy 
Pure Al (anode) | 
| containing Al ions| (cathode) 


for the determination of the relative thermo- 
dynamic properties. A molten equimolar solution of 
AICI; and NaCl (m.p. 152°C) proved suitable as an 
electrolyte. The successful use of a mixture con- 
taining such a high proportion of AICI; is pre- 
sumably due to the low activity of AICI; in the 
solution, as indicated by its greatly reduced 
volatility [15]. 

The molten electrolyte was first purified by 
electrolysis at 350°C for 24-36 hours with an 
impressed potential of 2 volts between graphite 
electrodes under an atmosphere of dried argon. 
Since the deposition potential for hydrogen is 
—0.87 volts in comparison with —2.02 volts for 
aluminum [16], this treatment ensured virtually 
complete elimination of hydrogen chloride. The 
electrolysis also served to coagulate a finely divided 
black substance which always appeared when the 
salts were first melted. After the electrolysis, a 
pure aluminum spiral was kept in contact with the 
electrolyte for several days to assist the precipita- 
tion of the more electropositive elements, and the 
molten salt was then filtered through glass wool 
into the Vycor cups used for the emf determina- 
treatment with aluminum 


tions. A final 


preceded the introduction of the electrode assembly. 


pure 


Sixteen alloy electrodes were prepared by melting 
99.995 the Aluminum 
99.99+ zinc in an 


aluminum (supplied by 


Company of America) and 


alundum crucible under an atmosphere of purified 
argon and casting } inch diameter rods in a graphite 
mold. Wire, 0.075 in. in diameter, was obtained by 
swaging; the wires were etched, and material with 
surface defects rejected. Individual lengths were 
sealed in Vycor tubes under a partial pressure of 


1 


purified argon and annealed in a salt bath for 5 


days at 370°C. Twelve of the alloys had composi- 
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tions spaced at approximately 5 atomic per cent 
intervals in the a solid solution range, and the 
remaining four were in the a’- + 8-region. Chemical 
compositions were determined to an accuracy of 
0.5 weight per cent on samples of the annealed 
wire. In a few cases check analyses were made on 
the electrodes after the runs. 

The electrolytic 
substantially the same as that used for the gold- 


apparatus (Figure 2) was 


TAPE ——}— + 
4-BORE INSULATOR — VYCOR THERMOCOUPLE 


SHEATH 


WIRE BINDING QUARTZ 
VYCOR SUPPORTING — 
TUBE 


4 


_ Al LEAD WIRES 
PROTECTED BY 


QUARTZ TUBES 


Figure 2. Electrolytic cell for e.m.f. measurements. 

nickel studies [1]. Two cells were run simultan- 
eously in individal furnaces with four or five alloy 
electrodes and one pure aluminum anode in each. 
the electrodes were 


thermal emf’s 


kept as short as possible (1.4 in.) and were connec- 


To minimize 


ted to the potentiometer by aluminum lead wires. 
The measured thermal emf’s arising from metal- 
mV. The 


temperature of each cell was controlled to within 


metal junctions were less than 0.01 


+1.5°C over the zone occupied by the electrodes 


and was measured with a calibrated chromel- 


alumel thermocouple. A small flow of purified and 
the cells. 
The temperature was cycled in steps of 20°C 


dried argon was maintained through 


every two hours from 280°C to about 20° below the 
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melting point of the lowest melting alloy in 
a particular cell. Readings of the thermocouple 
and galvanic potentials were taken to a precision 
of 0.01 mV with a null deflection potentiometer. 
Each run comprised at least two complete heating 
and cooling cycles. The emf’s of the cells were 
reasonably stable, though 
downward drift of about 0.05 mV per 24 hours. 
Data obtained below 290°C tended to be erratic 
and were therefore discarded. 

There is no single criterion which establishes the 
reversibility of an electrolytic cell, but its achieve- 
ment in the present case is suggested by the 


there was a slight 


following observations: 

1. The emf values obtained on heating and 
cooling coincided within the limits of experimental 
error. (See Figure 3, for example.) 


FiGuRE 3. Variation of e.m.f. with temperature for three 
alloy electrodes against a pure aluminum anode. 


2. There was no attack, apart from a slight 
etch, on the electrodes and there was no detectable 
change in their surface compositions. There was also 
no indication of zinc pick-up by the anode or the 
electrolyte, the latter analyzing less than 0.001 
per cent zinc before and after each run. 

3. The results derived for the solid alloys and 
extended to the liquid alloys were consistent with 
data of other investigators. 

Experimental Results 
Computation of Data 
The various partial molar quantities relative toa 
can be 
the 


state of solid aluminum 


the 


standard pure 
obtained from emf data by means of 


relationships: 


THERMODYNAMIC 


PROPERTIES 
(1) 


(2) 
OT / 
where the symbols are defined in Table I using 
notation adopted by Wagner [17]. Typical emf vs 


TABLE | 


List oF SYMBOLS 


Activity of component 14. 

Activity coefficient of component 7. 
, Ezz, Exp Potential energies of the atom pairs (inher- 
ently negative quantities). 
Relative integral molar free energy (Molar free energy 
of mixing). 

Excess intergral molar free energy 

Relative partial molar free energy of component i 
(=RT In 

partial molar free energy of 


— RT X; = RT In fy). 


Any extensive molar thermodynamic property. 


Excess 
(= FM, 


component 1 


Relative integral molar enthalpy (Molar heat of mixing). 
Relative partial molar enthalpy of component 7. 
Avogadro’s number. 

Universal gas constant (=1.99 cal mole). 


Relative integral molar entropy (Molar entropy of 
mixing). 

Excess integral molar entropy 
Relative partial molar entropy of component 
Excess partial molar entropy of component 
R X; 
Absolute 
Mol fraction of componen 


\ alan 


Coordination 


temperature. 


of conducting ion. 


number, neighbors 


Electromotive f 


Farad i\ 


S constan 


temperature data for three alloys 


Figure 3. Although there is noticea 


small since the en 
10 m\ 


random 


absolute deviations are 
low (the maximum being less than 


the scatter was predominantly 


it was 


considered justifiable to analyze the data statisti- 


cally. Using the least-squares method, it was found 


that t 
fitted adequately to equations of the form: 


I readings could be 


1e emf-temperature 


(3) I hT 
where a and 0 are constants for a particular alloy. 
All the data from the two or more runs made with 


each alloy were 
fitting 


all the 


included in the least-squares 
the data 


two-phase regions, 
lloys involved were considered 


whole and a single € quation derived for each reg 


from 


The standard deviations were also compute 
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are designated by vertical lines on the plotted 
points in Figures 4-9. 


ACTIVITY, 


0.4 0.5 
Ficure 4. Activities of aluminum and zinc in the solid 
alloys at 300°C. 


< 


0.3 0.5 
FicureE 5. Activities of aluminum and zinc in the solid 
alloys at 380°C. 


FicureE 6. Relative partial molar free energies of aluminum 
and zinc in the solid alloys at 300°C. 
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FiGuRE 7. Relative partial molar free energies of aluminum 


and zinc in the solid alloys at 380°C 


CAL / GM ATOM/*K 


FicureE 8. Relative partial molar entropies of the solid 


alloy s at 380°C. 


The linear relationship between the emf and 
temperature signifies that, within the limits of 
experimental error, H™ 4, and S™” 4; are independent 
of temperature over the range investigated. 

Values were read from the smoothed curves for 
F* .,, H%4,, and S* 4; at intervals of 5 atomic per 
cent and the corresponding quantities for zinc 
were computed from the Gibbs-Duhem relation in 
the form [17]: 


\ (1 — Xz) (1 me 


The integration was performed graphically in the 
single-phase regions and analytically in the two- 
phase regions. Experimental measurements in the 
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FicureE 9. Relative partial molar enthalpies of 
and zinc in the solid alloys at 380°C. 


iluminum 


the 
were 


feasible; hence 
thermodynamic this 
obtained by a method described in the appendix. 
The accuracy of the integration was probably about 


one per cent except in the range of 90-100 per cent 


narrow #-region were not 


properties in case 


aluminum where the error may have peen larger 
because of the extrapolation required. The relative 
integral molar properties were obtained from the 
relationship: = X4G"%4 + 


Activities and Relative Partial Molar Quantities 


It is evident from the data in Figures 4-7 that 
aluminum-zinc solutions exhibit a large positive 
deviation from Raoult’s law, and that this devia- 
tion increases with decreasing temperature. The 
pronounced flattening in the activity curves for 
380°C between 25 and 50 atomic per cent zinc 
foreshadows the miscibility gap at lower tempera- 
tures. The phase boundaries obtained from the 
thermodynamic data at 300°C and 380°C are 
listed in atomic per cent zinc as follows (the 
accepted values taken from Figure 1 are given in 
parentheses): point f, a/a’ +a at 300°C = 18.0 
(20.0); point e, a’/a’ + a at 300°C = 52.0 (56.2); 
point d, a’/a’ + B at 300°C = 57.5 (60.8); point 
d’, a'/a’ + B at 380°C = 62.0 (66.5). The shift 
in positions towards the aluminum end may reflect 
a systematic inaccuracy in the data, although this 
type of measurement has poor sensitivity for 
locating phase boundaries. 

The points marked by “X” in 
are values for the metastable solid solution calcu- 
lated by extrapolating the emf-temperature equa- 
tions into the two phase region. The dotted por- 


Figure 6 


THERMODYNAMIC¢ 


PROPERTIES 
tions of the curves are the best { 
obtained for these values while at 


satisfying the necessary condition 


1M 
Zn,a(a’ Zn.a’ (a 


a dF™ 


where X and are the atomic fractions 


of aluminum at the points f and e respectively 
The experimental determinations for the relative 
partial molar entropies are shown in Figure 8 
The values for aluminum are slightly greater than 
the random configurational entropy with the maxi- 
mum deviation occurring at about 35 per cent zin« 
The excess entropies are considered significant 
though, admittedly, they are only slightly greater 
than the The relative 


partial molar enthalpies are positive, as anticipated 


experimental accuracy. 
from the phase diagram, and are shown in Figure 9. 
(The relationships between the relative partial 
molar quantities at phase boundaries are considered 
in the appendix 

The relative integral molar quantities F”, H™, 
TS” at 300°C and 380°C as functions of 


composition are given in Figures 10 and lI 


and 


FicurRE 10. Relative integral molar properties of 
alloys at 300°C. (Note that different scales hav 
ployed for the negative and positive ordinates 
It should be noted that different scales have been 
employed for the negative and positive ordinates 
and that values of S” can be obtained from the 
TS™ curve by using the right hand scale. The free 
energy of the metastable a solution at 300°C is 
indicated in Figure 10 by the dotted portion of 
the curve. The integral molar enthalpy has a 
about 850 cal/gm 


maximum positive value of 


ET AL.: Gor 
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atom (heat absorbed) at 58 atomic per cent 
zinc. 

\ check on the molar enthalpies is obtained from 
the work of Lyashenko [20] who used an adapta- 
tion of the method suggested by Smith [21] to 
heat of transformation a’—a-+8. 
Lyashenko’s results plotted in Figure 12 
together with those derived from an extrapolation 


of the H™” curve at 300°C (Figure 10 


measure the 


are 


and there 


FiGuRE 11. Relative integral molar properties of the solid 
alloys at 380°C. (Note that different scales have been em- 
ployed for the negative and positive ordinates. 


appears to be reasonable agreement. The heats of 
decomposition of the a’-phase as measured by 
Schréter [22] under nonequilibrium conditions are 
also in approximate agreement with the curves in 
Figure 12. 


FiGuRE 12. Heat of transformation: a—a+8 at 275°C. 
Lyashenko’s results compared with data derived from H™ 
curve, Fig. 10. 


Properties of the Liquid Alloys 


From an extrapolation of the emf-temperature 
data to the solidus, the partial molar free energy 
of aluminum in the liquid alloys in equilibrium 
with the solid was calculated relative to a standard 
state of pure liquid aluminum. In converting from 
a solid to a liquid standard state, the following 
approximate relationship was used for the free 
energy of fusion: 
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(6) AF,,(fusion) = (933-T) AS,,(fusion) 


where AS,;(fusion) for pure aluminum was taken 


as 2.76 [23]. 


Figure 13 shows that the liquid solutions obey 
the equation: 
(7) F®,, (liquid) = RT Inf,,(liquid) = 1750 

(1 — X,))?. 
the integral excess free 


Consequently, energy 


follows the relationship: 
(8) F¥ (liquid) = 1750X4,(1 — Xq)). 


If S“(liquid) is ideal, then H™” = F*, and the 
maximum relative integral enthalpy at X ,,;=0.5 is 
440 cal/gm atom (heat absorbed), i.e., approxi- 
mately half the value in the solid a solutions. 

Figure 13 also includes the results obtained by 
Schneider and Stoll [24] from dew point measure- 


X- SCHNEIDER AND STOLL 
+- LEITGEBEL 


O- FROME MF. DATA 


SLOPE*!750 CAL / Gm ATOM 


ae 


FIGURE 13. Plots of the excess partial molar free energy 
of aluminum in the liquid alloys versus (1 — X,q))?. 


ments of zinc vapor over the liquid alloys. Their 
data lead to a value of 540 cal/gm atom for H™” 
at X,4, = 0.5. The third set of points were calcula- 
ted from the boiling point measurements of 
Leitgebel [25] using the following equation [26] 
for the vapor pressure of liquid zinc: 


(9) log Pox = — 6591/T + 5,657 — 0.967 log 
T/1000 


The resulting values of F¥,; are very sensitive to 
small errors in boiling point determinations and the 
agreement in Figure 13 is thus as good as can be 
expected. These data do not agree with Kawakami's 
[27] value of 1200 cal/gm atom for the maximum 
heat of mixing, but some of Kawakami's results 
for other alloy systems have been questioned. 
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Discussion of Results 
with the Quasi-Chemical Theory 

The quasi-chemical theory [28-31] is a statistical 
treatment of the binary substitutional solutions in 
terms of the relative bonding energies between 
neighboring pairs of atoms. Lattice strains arising 
from mixing atoms of different sizes are neglected 
and the Kopp-Neumann rule is assumed to be 
valid. Since both of these conditions are met quite 
well in aluminum-zinc alloys it is instructive to 
test the application of this theory. 
for the 


+...¢ 


Correlation 


Typical expansions thermodynamic 


properties are: 


(10) F® = ZNwX 


2Nov 
H™ = ZNwX, - 


\ 
_ ZNwX Xp), 


ov r 

X3(X, —Xs) + | 


and the partial properties (which are symmetrical 


for the two components) 
(13) F's = 3 RT X,(1 


are given by: 


0X ,")+...¢ 


(14) H“,= 


Tov 3, { 
+1} (1— 11X,+2 8X 20X + 


4 T 


(15) RI 


DAT 2 


If only the first power of v is retained, the equations 


reduce to 

(16) = 
S?, = 
= 


H™ = ZNwXsXp 
S? = 0 
= ZNw (1 — Xa). 


(16a) 
(16b) 


Equations (16) are the empirical relations suggested 
by Hildebrand [32] and are equivalent to the 
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The 


follow 


that the solution is random. 


aluminum-zinc 


assumption 


liquid alloys appear to 
equations (16). 

In the equations (10-16) the interaction energy 
v is assumed to be independent of composition. 
Hardy [33] has introduced the assumption that 
v varies with composition according to the relation- 


ship: 
(17) ZNw = 


in which the parameters A, and A, are independent 
of composition but not necessarily of temperature. 
For a random solution Hardy obtains: 


(17a) F® = + 


(17b) F*, X 4 ») X p*(2A2 


The standard states for the integral molar 
properties defined by the preceding equations are 
the pure components with the same crystal struc- 
the thermo- 


proper- 


as the solid solution. However, 


calculations for the 


ture 


dynamic integral 


ties are referred to a standard state of solid 


zinc having a hexagonal structure, whereas the @ 


and the pure aluminum are both face- 
centered cubic. In the absence of reliable data for 
the Zn (HCP)—Zn(FCC), it is 


possible to compare directly only the partial molar 


solutions 
transformation 
quantities for aluminum, which are independent of 
chosen for the zinc. 

first two terms in the equa- 


the standard state 
Retaining only the 


tions for the excess partial free energies one 


obtains: 


= ZNw (Hildebrand) 


(N, vy) _ ( 1— 3X zn) 


(Quasi-chemical) 


) + 2X4,(A2 — Al) 
(Hardy) 


— X,))’ are plotted 
for the a solid solutions at 380°C vs. X4;(1 — 3X ap 
in Figure 14 and vs Xz, in Figure 15. Equation 
(18) is invalid fer these data, 
and (20) fit equally well for zinc contents up to 
about 40 atomic a value 
of 280 cal 
slope of the straight portion of the curve, 
is in good agreement with the value of 260 cal/gm 


Experimental values of F* 4,/(1 


but equations (19) 


From Figure 14 
ined for NV 


per cent. 


gm atom is obt v from the 


and this 


- 
6 RT 
(11) 
( 
(12) = 
+3( 
(is) 
\ / 1 — X,)) 
(19) 
— 
(20) ~ (2A, — Ao 
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3.X Zn) == (). 
= 1690 and 


the corresponding dependence of Nov on composi- 


atom given by the intercept at X ,;(1 
From Figure 15, A; = 2755 and A» 
tion is shown to vary from 230 to 190 cal/gm atom. 
Since the quasi-chemical theory accounts for the 
partial excess free energy of aluminum up to 40 


PER GM. ATOM 
e 
> ON 


Ficure 14. Plot of F¥,)/(1 — - 


1)? against X4);(1—3Xzp) 
for aluminum-zinc solutions at 38 


FicureE 15. Plot and the derived 


values of pv again 
380°C. 


atomic per cent zinc using only one independent 
parameter, the use of two independent parameters, 
as suggested by lardy, appears 


unnecessary in 


this case. 


Anomaly in Zinc-rich Solutions 


It is apparent from Figures 14 and 15 that the 
the 


thermodynamic properties do not follow 
quasi-chemical equations in solutions containing 
nore than 40 atomic per cent zinc. At least two 
alternative explanations should be considered. It is 


possible that the nature of the solution may change 


at the high zinc compositions. Raynor and Wake- 
man [34] 
similarity in the aluminum-rich, ends of thealu- 
the 
In each case there is a change in the direction of the 


have shown that there is a striking 


minum-silver and aluminum-zinc 


systems. 


solubility curve at an electron-to-atom ratio of 


2.6, corresponding to 40 atomic per cent zinc in 


the aluminum-zince system. The significance of 
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the change is not understood, but it may be related 
to the failure of the quasi-chemical theory at 
approximately the same composition. It is also 
possible that the equations are invalid, and there 
may be little justification to suppose that the 
potential energy of a solution can be written as 
the sum of potentials between neighbors. Recently 
Friedel* has accounted for an apparent nearest 
neighbor interaction in terms of localized charge 
distributions in the vicinity of solute atoms but 
the resulting formulation is quite different from 
that of the quasi-chemical approach. 


General Conclusions 


A major factor governing the behavior of the 
aluminum-zinc solid solutions appears to be the 
preference of atoms to be surrounded by like 
neighbors. This clustering within the solid solutions 
has been measured by X-ray methods [4] and seems 
capable of accounting for the observed positive 
heat of mixing. Since the liquid solutions also 
exhibit a positive heat of mixing (about one-half 
as large as for the solid solutions) there may be a 
significant nearest neighbor interaction energy 
in the liquid. The quasi-chemical theories appear to 
fit the liquid solutions, but fail to account for the 
observed thermodynamic properties of the solid 
alloys over the entire composition range. 

Although the 
aluminum-zine and the gold-nickel systems show 


phase diagrams of both the 


similar miscibility gaps, their origins are quite 


different. The positive heat of mixing in the gold- 
nickel system arises mainly from the strain energy 


required to form the solution from atoms of 


different size and is not the result of a tendency 


toward clustering. In this respect it is significant 
to note that the heat of mixing in’ the liquid gold- 
aluminum-zinc 


the 


nickel alloys is nil. In alloys, 
however, the positive heat of mixing in solid 
solution is associated with clustering and it is 
likely that the clustering may persist even in the 


liquid solutions. 


Appendix 


Partial Molar Two-Phas« 


Relative 


Regions 


Prope rties in 


The thermodynamic properties of the 8 terminal 


solid solutions were derived from the measured 


activities in the two-phase regions and from 


the data on the primary solubility of aluminum 


in zinc. Since the maximum solubility of aluminum 


*Private communication. 
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in zinc is only about 2.6 atomic percent, the 
8-phase was considered to be a dilute solution 
with the solvent (zinc) and the solute (aluminum) 
obeying Raoult’s and Henry’s laws respectively. 
Consequently, the excess partial molar quantities 
for aluminum are zero and those for zinc indepen- 
dent of temperature and composition within the 
8-phase region. 

Let a®,, and a*%,, be the activities of aluminum 
in the coexisting phases 8 and a having the com- 
positions and X*%,;, and let a@+®,, be the 
activity of aluminum in the (a + 8) region. For 
equilibrium: 


‘ 8 (a+8) 
(21) Gai=a Al 
Since 

dlna 


aX 


a 
dina = dX + 3G T) lr), 


then at the phase boundary: 


In day 


In 
a(1/T) dx 


0 Ina“ 


d(1/T) 


In da 
Ir 
Since 
R 
(1/T) 
and 
(d In = 1 


for these solutions, this reduces to: 


(23) = r( 


Similarly, for the entropy 


TABLI 


SMOOTHED VALUES OF SELECTED 


0.9828 — 202 — 


*These values were calculated as described in the 
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_R 


the 


(8) oM +8 
(24) S Al =) Al 


The for zinc 


component, are obtained by applying the Gibbs- 
the 


corresponding quantities 


Duhem equation to change in the partial 


molar enthalpy of zinc on passing through the 


a/a + 8 boundary 


+8 
“an =H Zn 


and for the entropy 


an YM (a+8 
(26) S S Zn 


(8) 


1 — X°,, changes markedly 
(e+6 gn and 


though 


Since the ratio X%*,, 
the 
similarly 


with temperature, values of 
(a+8 

S Zn 
the 


been assumed independent of temperature. 


will be affected even 


corresponding quantities for aluminum have 


Numerical Evaluation of Properties 


Data for the primary solubility of aluminum in 
270°C 382°C are 
the form of log 


Lohberg 


and plotted in 
X*,, versus 1/T. 
[12] and the magnetic 

f Auer Mann 


9] both indicate an approximately linear relation- 


zinc between 


Figure 16 in 
The 


susceptibility 


results of 
and 


ship between the variables and ‘ lines of about 


] ] 


but displa ich other by 


the same slope, 
ibout 


an amount to a difference 


corresponding 
0.3 atomic per cent aluminum. A single | 
to Peirce [13] is in it] 


investigations, but the 
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FM 


3230 
2730 
2320 
2080 
1460 
1010 
993 
993 
65* 
0 


629 
(3) 
Al 
Al H ail 
X Al 
d 
es 
field 
cal/gm atom tom/°K 
a 0.05 — 50 —717 Ss — §3 169 0.436 
a 0.10 — 85 — 261 17 —102 315 0.723 
a 0.15 —103 128 105 107 137 0.9438 
a 0.18 —110 - 94 150 —107 197 1.056 
ata’ . —110 — 94 285 
‘ 0.52 —110 — 94 775 —102 SUS 1.742 
a ~ 
a’ 0.55 —150 — 60 800 100 ong | 755 
a’ 575 — 202 — 20 Qi) - 97 O10 1.758 
a’+ — 202 9045 
8 20* 5755" 23 a0 0.213 
| pendix 
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TABLE 


III 


SMOOTHED VALUES OF SELECTED THERMODYNAMIC PROPERTIES AT 380°C 


X zn FM 7, 


4) 


H™ FM 


cal/gm atom 


cal/gm 
atom/°K 


R R 


87 
34 
34 
34* 


+ 
DB 


0.9744 —514 


8 
47 
105 
182 
275 
387 
497 
587 
676 
759 
800 
800 
800 
2045 


5755* 


—119 
—162 
—186 
— 200 
—210 


3380 
2870 
2460 
2100 
1780 
1480 
1250 
1100 
983 
890 
852 
852 
852 


0. 
0. 


451 
752 
987 
.172 
.317 
.427 
.505 
.561 

600 

622 
. 628 

616 
. 603 


0.296 


*These values were calculated as described in the Appendix. 


(10; 11] give improbably low values for the solu- 
bility of aluminum. From the slope of the line 
drawn through the mean of Léhberg’s and Auer 
and Mann’s data, a value of —3710 is derived for 


FiGurE 16. Data for the primary solubility of aluminum 
in zinc plotted in the form of logio[ X44; X 1074] versus 1/7 X 103. 
value in 


R{(d In X*4,)/0(1/T)]. This 


conjunction with equations 23-26 to calculate the 


was 
results marked by an asterisk in Tables II and III. 
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EFFECT OF ORIENTATION DIFFERENCE ON THE PLASTIC 
DEFORMATION OF ALUMINUM BICRYSTALS* 


K. T. AUST} and N. K. 


Single crystal and bicrystal specimens of high-purity aluminum having controlled orientations 
were grown from the melt using ‘‘seeding’’ techniques. The crystals were similarly oriented with 
respect to the specimen axis which was located near (110) in the stereographic projection. The 
effect of varying the orientation difference, by rot: ations about the specimen axis, on the tensile 
stress-strain curves and slip characteristics was — up to 2 per cent deformation. An increase in 
orientation difference was found to have a marked effect on inhibiting the initial plastic deformation 
ind on modifying the subsequent stages of deformation. The yield stress ma the rate of strain 
hardening increased, and the ‘‘easy”’ glide region was shortened, as the orientation difference between 
neighboring The shortening of the ‘‘easy”’ glide region was related to the increased 
amount of double glide observed in the vicinity of the grain boundary. The operative slip planes 
in the bicrystal s pecimens were determined to be the same as those which occur for a single crystal 
stressed inas ills manner. The results were discussed in terms of a slip activation process and the 
obstruction of dislocations at the grain boundary. 


L'EFFET DE LA DIFFERENCE D’ORIENTATION SUR LA DEFORMATION PLASTIQUE 
DE BICRISTAUX D’ALUMINIUM 


On a produit des monocristaux et des bicristaux d’aiuminium de haute pureté, ayant des orienta- 
tions contrélées, par la solidification du métal liquide, en employant la technique de germination 
contrélée. Les cristaux étaient orientés d’une facon similaire par rapport a l’axe de I’échantillon, 
qui se trouvait au voisinage de (110) dans la projection stéréographique. L’effet de variation de la 
différence d’orientation, produite par des rotations autour de l’axe de 1’échantillon, sur les courbes 
tension-déformation en extension et sur les caractéristiques de glissement, fut étudiée jusqu’a une 
déformation de 2 pour cent. On a constaté qu’une augmentation de la différence d’orientation avait 
une influence marquée sur le freinage de la déformation plastique, initiale, et sur la modification des 
étapes ultérieures de la déformation. La tension d’écoulement et la vitesse de durcissement par 
déformation augmentent, et la région de & lissement facile diminue, quand la différence d’orientation 
entre deux cristaux adjacents augmente. La diminution de la région de glissement facile était liée a 
l’accroissement du glissement double dans le voisinage du joint intercristallin. On a constaté que le 
glissement dans les bicristaux s’opérait sur les mémes plans que le glissement dans des monocristaux 
déformés par une application similaire de tension. Les résultats ont été discutés en termes d’un 
processus d’activation de glissement et de l’obstruction des dislocations au joint intercristallin. 


DER EFFEKT DES ORIENTIERUNGSUNTERSCHIEDES AUF DIE PLASTISCHE 
VERFORMUNG VON ALUMINIUMBIKRISTALLEN 

Einkristall- und Bikristallproben aus Reinstaluminium mit vorgegebenen Orientierungen wurden 
aus der Schmelze mit Hilfe von ‘‘Keimkristallen”’ es. Die Kristalle hatten in Bezug auf die 
Probenachse eine ahnliche Orientierung. Die Probenachse befand sich in der Nahe von 110 in der 
stereographischen Projektion. Bei Deformationen bis zu 2% wurde der Effekt einer Anderung der 
eC A (durch Drehungen um die Probenachse) auf die iy ig rs- Verzerrungskurven 
und auf die Gleitungserscheinungen untersucht. Es zeigte sich, dass eine Vergrésserung des Orien- 
tierungsuntersc hiedes einen erheblichen Einfluss auf das U ssasdaieleie *n des Anfangsstadiums der 
plastischen Verformung und die Modifizierung der darauffolgenden Stadien hatte. Die phew» 2-5 M0. 
und die Geschwindigkeit der Spannungshartung stieg an, und der Bereich der “‘leichten’’ Gleitung 
verringerte sich, wenn der Orientierungst inte rschied zwisc he »n den benachbarten Kristallen ver- 
grossert wurde. Die V — rung des Bereichs der “‘leichten’’ Gleitur 1g Wl urde mit der Zunahme der 
Doppelgleitung, die in der Nahe der Korngrenzen beobachtet wurde, in Beziehung gesetzt. Die in 
den Bikristallen ma tl Gleitebenen wurden bestimmt, und es zeigte sich, dass sie den in einem 
gleichartig verformten Einkristall auftretenden Gleitebenen entsprechen. Die Ergebnisse werden 
im Rahmen des Aktivierungsvorgangs der Gleitung und der an Korngrenzen erfolgenden Bewe- 
gungshinderung der Versetzungen diskutiert. 


’ to cause an arbitrary amount of plastic deformation 

Introduction were measured as a function of the difference of 

In order to explain in detail the differences orientation of the two crystals, both of which were 
between the mechanical properties of single crystals so oriented that the axis of stress was always simi- 


and polycrystalline aggregates, several investi- larly oriented in relation to the crystal axes. 
gators [1-5] have studied the plastic deformation Chalmers found that the presence of the boundary 


of specimens consisting of a few crystals of con- had a large influence on the stress required for 
trolled orientations. In the first experiment of plastic deformation, which increased with the 
this type, Chalmers [1] subjected bicrystal speci- orientation difference. Kawada [2] has studied the 
mens of tin to tensile stresses. The stresses required plastic deformation of zinc bicrystals. He con- 
cluded that the experimental results could be 
explained fairly satisfactorily by considering the 
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mutual interaction of neighboring crystals and 
the the 


grain boundary. Gilman [3] found that the stress- 


disregarding mechanical properties of 
strain curve of a symmetric zinc bicrystal was 
almost identical to that of a single crystal specimen 
similarly oriented, in agreement with the work of 
[2]. Chalmers [6] that the 
proximity of a grain boundary may cause slip 
that 
the single crystal. This was later 


Kawada believed 


systems to become operative are never 
detected in 
confirmed in a study of the deformation of zinc 
tricrystal specimens [4]. 


Clark and Chalmers [5] examined the mechanical 
properties of bicrystals of aluminum having a 
{111} slip plane common to both crystals and 
inclined at 45 degrees to the specimen axis, the 
position of maximum resolved shear stress. The 
orientation difference was obtained by varying 
the angle @ between the (110) slip directions of 
each crystal in the common slip plane. They 
found that the rate of strain hardening increased, 
and the length of the linear stress-strain region 
(i.e., plastic region of ‘‘easy’’ glide) became shorter, 
as the orientation difference 6 of the crystals 
increased from 0 to 60 degrees. However, the yield 
stress reached a maximum at 6 = 30°, the maximum 
slip direction orientation difference, and remained 
constant up to @ = 60 degrees. 

It was that 
should be conducted to give additional quantita- 


apparent further experiments 
tive information concerning the effects of grain 
boundaries before a complete understanding of the 
role of the grain boundary in the deformation 
process can be reached. In the present investiga- 
tion, the stress-strain and slip characteristics were 
studied for a series of specimens of aluminum, 
each consisting of two crystals of controlled 
orientations separated by a longitudinal boundary. 
The specimens were all similarly oriented with 
respect to the axis of the specimen, not only for the 
two crystals comprising one specimen, but from 
specimen to specimen. The specimen axis was 
located within 2 degrees of the (110) direction, and 
differences were obtained by a 


the orientation 


rotation about the specimen axis. 


Experimental Procedure 


Aluminum of 99.997 per cent purity, obtained 
from the Aluminum Company of America, was 
used as the starting material. Graphite boats with 
graphite covers were machined for preparing speci- 
mens, having dimensions 1/2 in X 1/5in. X 4-5 in. 
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Specimen bars of suitable cross-sectional dimen- 
sions were first prepared by melting aluminum in 
graphite crucibles and pouring the metal into the 


boat. A 


satisfactory specimen bar and the seed crystals, 


graphite graphite boat, containing a 
was enclosed horizontally in a vycor tube closed at 
both ends. Single-cry stal and bicrystal specimens 
having the desired orientations were then grown 
melt, in an atmosphere using 


from the argon 


‘“‘seeding’’ techniques previously described [7]. 
The specimens were etched in aqua regia in order 
to reveal the presence of stray crystals or striations 
having different orientations. The orientations of 
the 
back- 


the single crystals and of each crystal in 


bicrystal specimen were determined from 


reflection Laue photographs and stereographic 
was 
the 
the 


crystals. The specimens were wrapped in aluminum 


projections. The orientation determination 


accurate to only 2 degrees as a result of 


substructures or striations observed within 


5°C for 24 hours. 


foil and annealed in air at 610 
had 


during the annealing was removed by etching. 


Oxide layer which formed on the surface 


Typical bicrystal specimens of aluminum are 
shown in Figure l. 

The specimens were electrolytically polished in a 
2: 1 solution of methyl alcohol and concentrated 
nitric acid. Intermittent polishing periods for a 
total time of 30 to 40 minutes at a current density 
of 10 amp/sq dm resulted in a high polish and a 
smooth metallographic surface. The width and 
thickness of each specimen were measured with a 
the 


the 


micré scope to determine cross- 


area. A 


specimens was .075 sq in. 


traveling 


sectional typical area tor various 


The specimens were deformed in a Tinius Olsen 


“Plastiversal’’ type of tensile testing machine. 


The load values could be measured to an accuracy 
t Ib corresponding to a stress of 3 psi. Strain 


by 


over a ] | 4 in. gauge - ry was obtained 
ttached to the speci- 


Pond 


. value of 


using a clip gauge which was a 


men in the manner described by Chen and 


8]. The per cent strain was me 
0.01 using the clip gauge and a SR—4 model type-K 


isured to 


strain indicator. 

After about 2 per cent deformation, micrographic 
examination was carried out on each specimen to 
determine the characteristics of the deformation 
markings appearing in adjoining crystals and in the 
immediate vicinity of the grain boundary. X-ray 
back-reflection Laue photograms were taken to 
determine the lattice rotations and the characteris- 


tics of the Laue reflections. 


i @ 
OcA 
4 
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Experimental Observations and Results 


The crystals obtained usually showed a macro- 
mosaic or striation structure which resulted in an 
orientation distribution of about 4 degrees. The 
specimen axis orientations for all of the crystals 
are shown in the standard cubic stereographic 
projection in Figure 2. A rotation about the axis 


Nz 001 


FiGuRE 2. Standard cubic stereographic projection of 
specimen axis orientation (+2 degrees) for all crystals of 
specimens 1-6 inclusive. 


of a bicrystal specimen would bring one crystal 
into coincidence the other. This ensures 
that the resolved shear stresses on equivalent glide 
planes for every crystal are the same for a given 
load. Everything is therefore constant except the 
angular rotation @ about the specimen axis, which 
varies from specimen to specimen. 

Typical stress-strain curves for specimens having 
= 
Since a definite yield point was not obtained with 
these crystals in the present study, the linear 


with 


5 degrees and 85 degrees, are shown in Figure 3. 


plastic region AB shown in Figure 3 was extra- 


1800 


STRESS - PS! 


1.00 


STRAIN- % 


FIGURE 3. Stress-strain curves for specimens 3 and 6 
having orientation differences 6 of 5 and 85 degrees respect- 
ively. 


polated to zero strain. The yield stress was arbit- 
rarily defined as that value of stress obtained by 
extrapolating the line AB to zero strain. The slope 
of the “‘easy’’ glide region, AB, is a measure of the 
rate of strain hardening in the early stages of 
plastic deformation. At approximately point B, 
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the linear region of “‘easy’’ glide ended, and the 
stress-strain curve rose more steeply. 

The relation between the yield stress and the 
difference in orientation @ of the crystals in the 
specimen is shown in Figure 4. Table I summarizes 


YIELO STRESS 


30 60 90 
ORIENTATION DIFFERENCE 
8 DEGREES 


FicureE 4. Plot of vield stress versus orientation difference 
6 for specimens 1-6 inclusive. 


TABLE I 


Orientation Yield 
stress 
(psi) 


Slope of % Strain 
AB (psi per at point 
0.1%strain) B 


Specimen 
number difference 


@ (degrees) 


392 0.90-0.95 
390 .95 


4 
5 


on 
=P) 


*It should be noted that bicrystal specimen 7 is not in the 
same series as specimens 1-6 inclusive, since two angular 
rotations of 35° and 50° were required to bring the two 
crystals into coincidence. The specimen axis position of the 
one crystal of specimen 7 is identical with that of specimens 
1 and 2, i.e., within 2 degrees of (110); however, the other 
crystal has its specimen axis within 2 degrees of (111). 


the data for the various specimens showing the 
difference 6 versus: (i) yield stress, 
“easy” glide region AB, and 


orientation 
(ii) the slope of the 
(iii) the approximate strain at which the “easy’ 
glide regions ended (point B in Figure 3). It is 
evident that the yield stress and the rate of strain 
hardening (slope AB) increased, and the “easy” 
glide region was shortened, as the orientation 
difference between the crystals was increased. 
X-ray back-reflection Laue patterns were ob- 
tained from each crystal in the various specimens 
after approximately 2 per cent deformation. The 
amount of lattice rotation as a result of this 
deformation was too small (less than 4 degrees) for 
accurate determination of the direction of lattice 


’ 


rotation. Typical Laue reflections (enlarged) before 
and after deformation are shown in Figure 5. 
A large orientation distribution due to the macro- 


500 
i | 
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mosaic or striation structure is indicated in Figure 
da. It was found after 2 per cent deformation that 
the Laue reflections from each of the macro-mosaic 
crystals are broken up into high intensity regions 
connected by diffuse areas, e.g., Figure 5b. This 
observation may be interpreted in terms of crys- 
tallite fragmentation of each of the macro-mosaic 
crystals. 

Metallographic examination after deformation 
revealed two sets of slip lines in each crystal of the 
specimens and in the single-crystal 
specimens. Stereographic analysis of the 
markings indicated that these lines were traces of 
the (111) and (111) planes. However, for speci- 
mens with 6 = 0° and 5°, the slip markings were 
predominantly due to (111) slip, while (111) slip 
was observed only in relatively few regions of the 
crystal. As the orientation difference increased, 
the amount of (111) slip increased and was pre- 
dominant in the immediate vicinity of the grain 
boundary. This is illustrated in Figure 6a which 
shows the (111) slip traces on either side of the 
grain boundary and the (111) traces in the regions 
remote from the grain boundary for specimen 6. 

Continuity of slip lines was observed across the 
grain boundary of specimen 3 (6 = 5°), eg., 
Figure 6b, and to a lesser extent across the boun- 
dary of specimen 4 (@ = 24°). Striation or lineage 
boundaries appeared to have little effect on the 
continuity of slip lines across them. A distinct 
clustering of the slip lines was noted in the one 
crystal of the bicrystal specimen 7, as shown in 
Figure 6c, where the specimen axis orientation was 
located near (111) in the standard projection. 
Chen and Mathewson [9] have also observed after 
plastic deformation the formation of slip clusters 
in single crystal specimens of aluminum whose 
axes are oriented near (111). 


bicrystal 
slip 


Discussion 


Chalmers [6] has pointed out that there are two 
factors that must be taken into account when the 
effects of crystal boundaries on the plastic behavior 
of the surrounding crystals are considered. These 
are the purely geometrical condition, that the 
material and also the strain must remain contin- 
uous; and the physical condition that the proximity 
of a boundary may influence the plastic deforma- 
tion of the crystals. The continuity condition is 
not a criterion in the present experiments (omitting 


specimen 7) since the specimens consisted of two 
crystals identical with respect to the specimen axis 
or stress axis but rotated about this axis with 
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respect to each other. The results, shown in Table | 
and in Figures 3 and 4, indicate that the proximity 
marked effect 
and in 


of a single-grain boundary has a 


both in inhibiting plastic deformation 
modifying the subsequent progress of deformation 
of the neighboring crystals. It is evident, therefore, 
that the continuity condition cannot by itself 
explain the differences between the plastic deforma- 
tion of the single crystal and the polycrystalline 
aggregate. 

The results presented in Figure 4 are in qualita- 
tive agreement with those previously obtained for 
tin [1]. the the 
orientation difference is an important consideration. 


However, crystallography of 
For instance, in the present work and for that 
on tin, the orientation difference was achieved by 
a simple angular rotation about the specimen 
axis. In both these cases, the yield stress progres- 
increased as_ the 
from 0 degrees to approximately 90 


sively orientation difference 
increased 
degrees. Clark and Chalmers [5], however, ob- 
tained orientation differences @ between neighbor- 
ing crystals of aluminum by varying the angle 
between the slip direction of each crystal in the 
common slip plane. They found that the yield 
stress increased slightly as 6 was increased from 0 
constant up to 60 


to 30 degrees and remained 


degrees. It is evident that the crystallographic 
nature of the orientation difference has a significant 
effect on the stress at which plastic deformation 
begins. A rotation about the stress axis in preparing 
bicrystals, such as employed in the present work, 
has the effect of rotating slip planes in the two 
adjacent crystals with respect to the boundary. 
In fact, the greater the rotation of the seed crystal 
(up to 90 degrees), the greater is the primary slip 
plane orientation difference. Under such circum- 
stances, it was suggested [10] that slip activation* 
would become increasingly difficult with increasing 
orientation differences; and, therefore, the yield 
stress would also increase with orientation differ- 
ence. However, the aluminum bicrystals used by 
Clark and Chalmers [5] may have been all favorably 
for slip activation by virtue of their 
co-planar {111} Thus _ the 
inhibition due to such a boundary may besmallat 


oriented 
arrangement. slip 
the initial stages of deformation. 

The data given in Table I indicate that an in- 
crease in the orientation difference resulted in an 
increase in the rate of strain hardening in the early 


*Slip activation is designated as the process where slip 
bands from one crystal can initiate or activate slip bands in 
an adjacent crystal [10]. 


ie 

ar 
A 
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stages of deformation, and progressively shortened 


the region of “easy” glide. Similar effects were 
noted by Clark and Chalmers [5] for aluminum 
bicrystals. Double glide was metallographically 
observed in all specimens examined during the 
present study. It was also that double 


glide occurred in greater amounts in the grain- 


found 


boundary vicinity as the orientation difference was 
increased. The termination of ‘‘easy”’ glide has been 
related to the start of double glide in a-brass single 
crystals [11]. It that the 
decrease of the ‘“‘easy”’ glide region with an increase 
related to the 


is believed, therefore, 


of orientation difference may be 


yresence of double glide observed near the grain 


boundary. Since slip is increasingly inhibited as 
the orientation difference of the crystals is in- 
creased, a redistribution of resolved shear stresses 
may result, particularly near the grain boundary, 
so that new planes are stressed above their critical 
shear stresses. 

The effect of orientation difference on the initiation 
of the deformation process and on the subsequent 
stages of deformation may be interpreted in terms 
of the obstruction of dislocations at the grain 
boundary [6; 12; 13; 14]. Two short-range forces 
exist the 
dislocations from penetrating the grain boundary 
barrier. The first is due to the stress field of the 
dislocations in a boundary, or simply due to the 


which may prevent leading mobile 


system of stresses at the regions of poor fit in the 
boundary if the boundary structure is not regarded 
as consisting of separate and distinct dislocations. 
The second short force is due to a non- 
Hookean interaction where the law of 


tween atoms in the slip plane changes at the 


range 
force be- 


boundary as a result of the lack of continuation of 
the slip system across a boundary. Both these 
short-range forces might be expected to increase 
difference of the neighboring 
This 


increase of short-range forces should result in an 


as the orientation 


crystals across a boundary is increased. 


stress first, to drive 


increase in the 
dislocations through the grain-boundary 


necessary, 
barrier 
and, second, to activate dislocations on the other 
side of the boundary. 

The results obtained from bicrystal specimen 7, 
in which the specimen axis of the one crystal is 
(110 
near (111 


near while the axis of the other crystal is 


, are noteworthy. The yield stress of the 
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specimen approached that for specimen 6 with the 
largest orientation difference (@ = 85°); the rate 
of strain hardening of specimen 7 is greater and 
the region of ‘“‘easy”’ glide is still further shortened. 
The more complex orientation relationship existing 
across the grain boundary of specimen 7 might be 
expected to have a more marked effect on the 
deformation characteristics. 

From the yield-stress values for the single- 
crystal specimens, the critical resolved shear stress 
required to cause plastic deformation was found 
to be 160 psi (112 g/mm?). This value is in fair 
} 


the critical resolved shear stress 


Rosi and Mathewson [15] of 


agreement with 
value obtained by 
148 psi (104.5 g 


of similar purity. 


mm?) for aluminum single crystals 
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LETTERS TO THE EDITOR 


Transformation in Indium-Thallium Alloys* 


In a communication which was entitled ‘‘Notes 
on Geisler’s Theory of Phase Transformations 
with Special Reference to Indium-Thallium Al- 
loys” [1], the authors have discussed the experi- 
relation to a double shear 


mental evidence in 


mechanism of transformation from the cubic to 
the tetragonal form which was proposed by Bowles 
and coworkers [2] and to a modified nucleation and 
twinning mechanism proposed by Geisler and 


Martin [3]. The authors state in a footnote to the 
communication that the terms “‘first’’ and “‘sec- 
ond” shear are used purely for convenience in 
describing the crystallographic change and are 
not meant to imply any physical resolution of the 
atom movements into two components. They subse- 
quently assume the position of defending the two- 
shear mechanism of transformation. There is no 


disagreement in the general observation that the 


(itl) 


Ps Ts 


FicurE A. Bands parallel to (101) eight crystal orienta- 
tions. 4 parent orientations (P). 4 twins (7). 


relation between the initial and final positions of 
atoms can be described by a movement which can 
be frequently resolved into simple crystallographic 
components. The when a 
mechanism based on the consecutive movements of 


disagreement arises 
planes of atoms along these specific components is 
proposed as operative during the transformation. 
There seems to be no justification in assuming that 
the description of these movements constitutes the 
mechanism. 

The mechanism 
movements of planes of atoms has been generally 


based on the consecutive 


*Received March 31, 1954. 


regarded as a process whereby the new structure 
the 


features, such as habit plane, macroscopic surface 


is generated by shear, and microstructural 
tilts and sub-markings, have been assigned direct 
roles in the generation of the new crystallographic 


An 


atom-by-atom generation of the new phase and 


structure. alternative mechanism permits 
attributes such microstructural features to shear 
accompanying the transformation in a broader and 
more general fashion [4]. 

In regard to the cubic to tetragonal transforma- 
tion in indium-thallium alloys, I am gratified that 
the authors of the aforementioned communication 
confirm our proposal that the transformation 
structure can be described as 12 parent orientations 
with the relationship (111)¢//(111)7, [110]¢// 
[110] and 24 first-order twin orientations. Our 
proposal of nucleation of the tetragonal phase by 
the 111} 


phases also appears to be adequate. I am also 


formation of coherent platelets on 
grateful to the authors for pointing out the modifi- 
cations needed in Figure 4 of my paper [4] to make 
the nucleation and twinning mechanism practically 
indistinguishable from the two shear mechanism. 
This result was the one originally desired in con- 
trast to the 
mechanism which Bowles and coworkers chose for 
comparison data. The 
discrepancy in Figure 4 of my paper concerned the 


obviously incompatible twinning 


with the experimental 
number of orientations which may occur in a single 
set of main bands. Instead of twelve orientations as 
originally proposed, a total of eight orientations 
better fits the experimental data. The crystallo- 
graphic details for all orientations are summarized 
in Table I. 


bands are apparent from the data listed under the 


Orientations in a given set of main 
third column of the table. For example, main bands 
on the (101) plane contain the parent orientations 
P,, Po, P3 and P, and their twins 7}, 72, 7; and 7; 
(011), (011), (110) (110) planes, 


respectively, according to the experimental obser- 


on the and 


vations of Bowles and coworkers. The second twin 
of each of the orientations, T's 
and 7”’,, form on the (101 


parent 
plane parallel to the set 
of main bands under consideration, they are at an 
angle of 60 degrees to the first twin, and thus can 
not explain the occurrence of two orientations of 
sub-bands at 90 degrees to each other in a single 
main band as I originally proposed. On the other 
and 7, 


hand, the twins 7, (also 7; and 7;) are on 
planes at 90 degrees to each other and thus the 
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TABLE I 


CRYSTALLOGRAPHIC FEATURES OF PRopucT oF In-Tl 
TRANSFORMATION 


Conjugate 


matrix 
elements 
for (111) [110] 
orientation of tetragonal 


Planes of 
twins* 


: 


Parent Planes of 
main band 


product 


(111) 
(111) 
(111) 
(111) 
(111) 
(111) 
(111) 
(111) 
(111) [011] 
(111) [011] 
(111) [110] 
(111) [110] 


[110] 
[110] 
[011] 
[011] 
[101] 
[101] 
[101] 
[101] 


(101) 
(101) 
(101) 
(101) 
(011) 
(011) 
(011) 
(011) 
(101) 
(101) 
(101) 
(101) 


(011) 
(011) 
(110) 
(110) 
(110) 
(110) 
(110) 
(110) 
(110) 
(110) 
(011) 
(011) 


(011) 
(011) 
(110) 
(110) 
(110) 
(110) 
(110) 
(110) 
(110) 
(110) 
(011) 
(011) 


(101) 
(101) 
(101) 
(101) 
(011) 
(011) 
(011) 
(011) 
(101) 
(101) 
(101) 
(101) 


*Relative to cubic lattice to which twinning planes of 
tetragonal product are approximately parallel. The first col- 
umn for 71, 72, T3, etc. are the twins which occur in the main 
band on the first named plane and the second column for 
Ty’, Tx’, Ts’, etc. are for the second named main band. 


coexistance of the orientations P;, P:, T; and T> 
could account for the structure of a main band 
containing two sets of sub-bands. Such an arrange- 
ment is illustrated in Figure A which should be 
regarded as a more appropriate representation of 
the data to replace the bottom-right diagram in 
Figure 4 of my paper [4]. 

The origin of the bands with two sets of sub- 
bands can be explained on a more plausible basis 
than the chance amalgamation of the two different 
parent nuclei and their twins to form the single 
main band as proposed in the aforementioned 
communication. For example, during the course of 
growth the orientation P,; may change to P, 
(or P; to P,) as the result of growth imperfections. 
The two orientations in a single main band arise 
from coherency on two different {111} planes but 
they both make an angle of about 35 degrees to the 
plane of the main band. Thus, conditions may arise 
during the course of growth which energetically 
favor a change from coherency on one side of the 
tapered growing tip to coherency on the opposite 
side. For example, when excessive elastic distortion 
is encountered at the growing tip possibly due to a 
group of imperfections in the cubic matrix struc- 
ture, a growth imperfection may arise from a change 
in site of coherency. Such a change produces a 
low angle grain boundary with the tetragonal axis 


rotated only 1°20’ and growth proceeds in the new 
parent orientation P2 which subsequently produces 
its own twin 7, behind the advancing edge. The 
diagrams in Figure 1A are intended to represent 
the before and after states of evolution of the new 
parent orientations during the course of growth. 

The properly identified parent and twin orienta- 
tions also permit an alternate interpretation of the 
phenomenon of “interpenetration’’ discussed 
Bowles and coworkers. One manifestation of this 
phenomenon is a growing out of a new set of main 
bands at 60 degrees to the plane of an existing set 
as shown in Figure 1B. Bowles and coworkers 
have pointed out that of sixteen orientations pres- 


by 


ent in two sets of main bands at 60 degrees to each 
other, only two are common. Reference to Table I 
shows that each parent orientation can appear in 
two main bands at 60 degrees to each other. For 
each of the two planes of main bands for a single 
parent orientation there is a different twin of that 
parent orientation. The second plane for the parent 
orientation P; alternate to that shown in Figure 1A 
is the (011) plane which will accommodate the 
seven additional orientations 7;’, P:, 77, Ps, Ts, 
Py and Ty’. An outgrowth of a new orientation of 
main bands could occur when some 
growth irregularity the improper twin, 7)’, was 
formed in P; on the (101) plane from which point 
proper growth for minimum strain energy would 
have to proceed along the (011) plane as illustrated 
in Figure B. The growth irregularity might origi- 
nate in imperfections in the cubic matrix or a local 
strain condition which causes the extension of 
the orientation the 
average position of the interface or which causes 
the formation of the twin proper for a new plane 
of the main band. The phenomena of the formation 
of areas with a second set of sub-bands and areas 
of interpenetration have been attributed to the 
inversion of sense or order of the two shears in the 
double-shear mechanism. Any conditions which 
might be used to explain these inversions probably 
explain the growth anomalies illustrated in Figure 
1 which are dependent on energetics of growth. 

One of the characteristics of 
general is the stimulation effect whereby the acti- 
vation of a nucleus is strongly dependent upon its 
surroundings. The ‘‘burst’’ phenomenon of the 


through 


area with parent beyond 


martensite in 


martensite reaction in steels represents an example 
of such an effect. In order to explain the formation 
of large colonies of parallel main bands in In-T] 
alloys, the nucleation process must be regarded as 
autocatalytic in such a manner that embryos 
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which are avilable in the disorganized grain 
boundary regions of the parent cubic crystals are 
activated by the state of stress of the existing main 
bands so that the new bands form parallel to the 
existing ones. The phenomenon of the formation 
of areas with a second set of sub-bands in a single 
main band (Figure A) might also be an embryo 
stimulation effect with the original parent orienta- 
tion giving way to the second when the growing 
phase encounters an embryo of the second orienta- 
tion and growth in the first orientation is impeded 
for some reason. According to the microstructure, 
the site of change from one set of sub-bands to the 
second appears to be haphazard except possibly 
in the regions where the outgrowths of the type 
illustrated in Figure B occur when continuity of 


B. 


Ww 
IKK 


FiGurE B. 
and (011). 


“Interpenetration” of main bands on 


parent orientation into the two orientations of 


main bands must be preserved. This phenomenon 
of outgrowth is probably the counterpart of the 
cooperative phenomenon observed with iron-base 
alloys whereby martensite plates in one orientation 
stimulate nucleation and growth in certain other 
orientations. In that case the related orientations 
were such that sharing of certain of the elements 
for spontaneous deformation by duplex slip could 
account for the cooperative nature [4]. Here it is 
from Figure B and Table I that 
P; and are 
available for the main bands which interleave the 
main bands with the 
Stimulated nucleation also plays a role in the 
reversibility of the reaction. The 
return to a the same 
initial orientation on heating and cooling through 


noteworthy 
common twinning planes in P;- 
common orientation, /,. 


martensite 


ability to product of 
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the transformation temperature has been observed 
for that 
the same embryo or one of like 


numerous materials and suggests the 
ability to stimulate 
orientation possibly through residual stresses can 
be retained. This can be 


type of reversibility 
reconciled with the proposal that martensite is a 
transformation product which is accompanied by 
shear; the objection in the aforementioned com- 
munication on the basis of the common conception 
that plastic deformation is generally irreversible is 
no longer valid. The reversibility of twinning in 
zinc has been demonstrated [5]. Detwinning can be 
produced by reversing the stress used in causing the 
Any other process 
involving the flow of dislocations would likewise be 
The 
propagation of the 
transformation demonstrates that not only do they 


initial twinning. deformation 
expected to exhibit a degree of reversibility. 
effect of applied stresses on 


stimulate nucleation but they also support the 


spontaneous deformation processes during growth. 
If the shear is a consequence of the generation of 
the new crystallographic structure, then applied 
stress that would promote the shear would be an 
aid in the growth of the new phase. 

An important feature for distinguishing between 
the two-shear mechanism and an atom by atom 
mechanism accompanied by shear resides in the 
the the 
whether it remains plane and of crystallographic 


the 


nature of interface of main bands:— 


significance as required for the plane of first 
whether 


Published 


micrographs for In-T1 alloys reveal that the 


shear in the double-shear mechanism or 


it may become curved and irregular. 
main 
bands are not always smooth but reflect a slight 
the the 


). A twinned microstructure for a partially 


uneveness in 
[2] Fig. 1 
transformed Co-Pt alloy has been published 
[4] Fig 


for In-TI alloys. 


termination of twins (see 
(see 
to that 


coarse they 


ure 5a) which is undeniably similar 


When the 


irreg 


twins are 


terminate on a very ular main band which 


tends to follow a {110} plane. When the twins are 


submicroscopic the interface between the main 


band and untransformed matrix is microscopically 
smooth but not always plane since unimpeded 
particles show a gradual taper to a sharp edge or 
The 


martensite in 


point in cross section. well-known lenticular 


shape of iron-base alloys is also 
indicative of a curved rather than plane interface. 


Finally 


structure have been observed with irregular outline 


transformed regions with a striated sub- 


and no resemblance to crystallographic planes. 


To reconcile these observations one must adopt a 
mechanism which does not impose discrete crystallo- 


642 


graphic significance upon the interface as does the 


two-strain mechanism. 

There are two other possible modes of distin- 
guishing between the two mechanisms in indium- 
thallium alloys. First, a precise determination of 
the orientation of the plane of the sub-bands 
should permit one to distinguish between the 
{111} twinning planes of the tetragonal product 
assumed by the growth and twinning mechanism 
and the {110} planes of second shear in the matrix 
distorted by the first shear. Such a determination 
has not yet been made. Second, a consideration of 
the stability of the twinned array should aid one in 
deciding whether it was necessary for the genera- 
tion of the new structure or merely for accommo- 
dating the strain between the tetragonal product 
and the cubic parent phase. Observations on the 
single interface transformation in which a single 
crystal of one form is converted to a single crystal 
of the second that the twin arrangement 
delineating the plane of the second shear is localized 
at the interface. Thus, the twins serve to accom- 
modate the two lattices and can be annealed out 
without reverting back to the first strained matrix. 

The ability to resolve the atom movements into 


show 


two strains or shears cannot be regarded as indica- 
tive of a double shear mechanism of generation 
involving movement of whole planes of atoms in 
the discrete In addition the alternate 
interpretations of the data for In-T1 alloys show 
that the martensite 


such as the habit plane, sub-band markings, and 


steps. 


microstructural features of 
macroscopic surface tilts are not indicative of the 
mode of transformation to the extent that growth 
by shear can be distinguished from growth by 
atom jumps. On the other hand, to build shear 
mechanisms of generation on these microstructural 
features imposes unnecessary restrictions to the 
rationalizing of transformation structures. For 
example, macroscopic surface tilts cannot be a 
characteristic of the growth mechanism of marten- 
site for they are also observed with other trans- 
formation products such as bainite, the precipi- 
tates in Cu-Be and Al-Cu 
phases such as CoPt, FePt and CuAu, as I have 
pointed out in my paper. The movement of whole 


alloys and ordered 


planes of atoms without segregation or ordering of 
the solute atoms as required by the diffusionless 
nature of martensite could not possibly describe 
the generation of the new structures observed in 
these cases. A second example of the unnecessary 
restrictions imposed by the double strain mechan- 
ism is the requirement of a crystallographically 
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plane and significant interface for the operation of 
the first strain as described above. 

With the alternative interpretations possible for 
the observations on indium-thallium alloys, one 
must be led to the conclusion that the description 
of the atom movements does not constitute the 
mechanism. Although the two mechanisms might 
seem practically indistinguishable in this case, 
there is a basic difference. The distinction is that 
the heterogeneous shear which causes macroscopic 
surface tilts is regarded as part of the process in the 
generation of the new crystallographic structure by 
the double strain mechanism whereas the shear is 
regarded as occurring after the generation of the new 
crystallographic structure at any particular point 
in or around the growing particle in the mechanism 
based on growth with spontaneous deformation. 
I support the latter viewpoint which has more 
far-reaching implications in rationalizing the struc- 
tural aspects of transformation products. On this 
basis the characteristic of martensite is that it may 
be a sheared product and not necessarily a product 
of shear. The 
distinguishes the martensite reaction from other 


absence of long range diffusion 


transformations which may also be accompanied 
by shear. 


A. H. GEISLER 


General Electric Research Laboratory 
Schenectady, New York 
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Discussion to [2], 


Bending Creep of ‘‘Duplex’’ Zinc Single 
Crystals* 

Zinc single crystals were grown from the melt 
such that two separate crystals branched from a 
common seed and grew side by side. The crystals 
of each such ‘“‘duplex”’ pair had not only the same 
orientation, but also practically identical growth 
conditions. 

Creep was measured as crystals were bent under 
a series of progressively higher constant uniform 


*Received April 15, 1954. 
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bending moments reaching about 3 times the elastic 
limit after 4 or 5 increments. The maximum strain 
(A/// at the surface under tension) did not exceed 
10-*. Over 100 runs were made on 31 crystals which 
included 14 duplex pairs and 3 crystals grown 
singly. In more than 80 per cent of the tests, 
run — 15 to 20 minutes at each load, the creep 
could be described within experimental error by 
n = bt”, where 7 is the plastic shear strain (at the 
surface under tension, also at that under com- 
pression) and ¢ is the time in minutes from com- 
pletion of a load increment. Plotting log n against 
log t for the successive loads gives a series of nearly 
parallel straight lines (creep curves) with slope (m) 
ranging mostly between .20 and .32. 0 is a function 
of the previous history of the specimen and of the 
applied bending moment, or corresponding resolved 
shear stress o (at the surface under tension). For a 
series of successively higher loads on a crystal, the 
values of log 6 versus o fall roughly on a straight 
B(10)4°". The log vs. plots 
for one crystal cover a relatively small range of co. 


line; formally, b = 
For ‘‘soft’’ crystals, creep was measured with 
2Z<o < 24 while the 
crystals, 30 < o < 55 gm per mm”. The slopes of 


Or 


these plots (Aj) fall mostly in the range .10-.25, 


gm/mm?, for hardest 


usually having higher values for hard crystals. 
This leads to a tremendous range in the formal 
constant B: 10-** < B < 10-*. 

Though there was considerable spread in m, Ao, 
and stress range from one duplex pair to the next 
over the entire group of crystals, the two of each 
duplex pair were very similar in overall behaviour, 
Even where the 


identical in some details. 


similarity of a duplex to its partner was not out- 


often 


standing (in —15 per cent of the runs), it resembled 
its partner more than almost all the other crystals 
of the group. 

Further experiments were undertaken on duplex 
pairs to find the effect of the treatments listed 
below. One of the crystals was treated and its 
partner used as a “‘control’’, so that any difference 
in behavior found was attributable to the treat- 
ment. 

(a) Stress reversal. After being bent to a strain of 
about 7 = 0.6 X 107%, crystals were turned 
and bent in the reverse direction. Substantial creep 


over 


was noted at a load of about 2/3 the previous 


values. The m’s were often a bit lower and the A)’s 


considerably lower. This behavior [1] was observed 


in “90 per cent of the crystals subject to reverse 
bending. 
(b) Etching. Three crystals were etched in 25 per 
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cent HCl to remove the oxide coating and were 
The 


behavior at low stress was apparently unaffected. 


tested immediately after rinsing and drying. 


However, Ay was somewhat higher than before 
and fairly rapid creep occurred before the high 
loads used previously were reached. This culmin- 
ated in the most striking feature of ‘‘clean-surface”’ 
crystals: Under moderate stress, 7 = 3 X 10-4 was 
After 
another minute or so the creep rate would accelerate 


reached after a minute of normal creep. 
so that the crystal had to be unloaded to prevent 
excessive strain. 

(c) Electropolishing. Crystals which were electro- 
polished behaved substantially like those that had 
been etched. This behavior was sometimes obtained 
with only two sides polished, for crystals mounted 
with the c-axis in the plane of bending. Usually, 
however, four polished sides were necessary. 

That crystals of a duplex pair had a common melt 
and very nearly the same growth conditions seemed 
to be the determining factor in their great similar- 
ity, rather than their growth from a common seed. 
Thus, several duplex pairs grown from the same 
seed did not show the close likeness found between 
members of a pair. This seems to indicate a delicate 
nonmonotonic dependence on impurities, and on 
growth conditions influencing their distribution t« 
dislocations or other lattice defects. The crystals of 
alike 


were two crystals cut from one long crystal [2]. The 


a duplex pair are substantially more than 


latter would be expected to differ in purity due to 


refining action at the liquid-solid interface during 
growth, whereas duplex partners should have not 


only similar purity, but also more nearly alike 


impurity distributions. 
The 


loads 


( served 


involve 


accelerating creep 


7 rel 
on clean crystals may reflectio1 


dislocation loops from the surface, with a char 


in sign, as proposed by Frank [3]. 
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The Order-Disorder Transformation in Cu-Au 
Alloys Near the Composition Cu;Au* 


Jaumot and Sutcliffe [1] have recently published 
the results of an X-ray diffraction study which led 
them to propose an unusual construction in the 
Cu-Au about the composition 
CusAu. They conclude that the order-disorder 
transformation occurs heterogeneously with a 2- 
phase field on the Au-rich side of CusAu and 
homogeneously without a 2-phase field on the Cu- 
The main for this conclusion 
originated in the that during the 
transformation there was a resolvable separation 
of the and reflections from samples 
containing more than 25 per cent Au, and only a 
slight broadening and gradual shift of position 
from samples containing less. This observation 
confirms experimental Debye-Scherrer work repor- 
ted in 1953 at which time it was pointed out [2] 
that through the transformation range the line 
shift due to the difference in a» of the ordered and 


phase diagram 


rich side. support 


observation 


disordered phases could be lessened or increased by 
the difference in composition of the conjugate 
phases across a 2-phase region. 

An alternate the 
Jaumot and Sutcliffe leads to a diagram which is 


interpretation of data of 
not only normal in qualitative construction but 
also permits a reasonable quantitative estimate of 
the the 
regions on each side of Cu;3Au. 

Continuous change of do due to continuous change of 


breadth of 2-phase (order+disorder) 


the degree of long-range order 

According to Figures 3b-f,t the variation of ao 
with temperature deviates from a straight line as 
the temperature of the sample approaches the 
transformation region. This deviation, also obser- 
ved by Owen and Liu [3] could be ascribed to a 
lowering of the degree of long range order as in the 
case of alloys whose composition is close to 50 
at.% Au [4]. Thus, 
this curvature, the alloy is composed of a single 
ordered phase and the 400,;q4 reflection is sharp. 
At temperatures above the transformation range 


in the temperature range of 


the reflections are also sharp since the alloy is 
there composed of a single disordered phase. 
Aa,(D—O), the discontinuous change of ay due to the 
order-disorder transformation 

For the present problem we wish to know the 
variation with composition of the lattice para- 


*Received April 20, 1954. 
{Figures used in the present note are in Roman numerals; 
others refer to Ref. 1. 


ACTA METALLURGICA, 


VOL. 2, 1954 

meters of the disordered and of the ordered phases 
at temperatures which are respectively just above 
and just below the transformation range. The varia- 
tion of do (dis) with composition is given by 
Johansson and Linde [5]; corresponding values for 
the ordered phase can be approximated in the 
following manner. 

Owen and Liu showed that the lattice parameter 
of Cu;Au undergoes a discontinuous increase of 
0.0044 A as the alloy is heated through the critical 
temperature of ordering. This change, Aa o(D—0O), 
is due only to the transformation from the ordered 
to the disordered phase. From the data of Jaumot 
and Sutcliffe (Figs. 3d-f) one can calculate corres- 
ponding values for Ady (D—0O) of 0.002;, 0.001; and 
0.001, A for the samples containing 28, 30 and 34 
at.% Au respectively. These values, plotted in 
Figure I, represent the differences in do of the 
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FiGURE I. Variation with composition of the discontinuous 
change in do due to transformation only, Aao(D — 0). 


respective samples when they are in equilibrium 
at temperatures just above and just below the 
2-phase region. Data needed to calculate values of 
Aa,(D—0O) for samples containing less than 25 per 
cent Au are not available because the magnitudes 
of the discontinuities in @ across the 2-phase 
region, being small and indistinguishable from the 
effect of changing degree of order, cannot be read 
from the data (Figs. 3b and 3c). However, since 
long range order is not possible below about 17 
percent Au [6], one can arrive at approximate 
values of Aao(D—0O) between 17 and 25 per cent 
Au as shown by the dashed line in Figure I. 
Ado (Seg), the change in ao due to chemical segregation 

The conjugate phases of any alloy at equilibrium 
within a 2-phase region have different compositions, 
an effect commonly known as “‘tie-line’’ segrega- 
tion. The compositions of the phases may be 
conveniently determined if the variation of crystal 
structure with composition is known. In the case 
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LETTERS TO 
of alloys near CusAu this change of crystal struc- 


ture includes a change of lattice 
Aay(Seg). 
Change in ao due to combined effects of Aay(D—O) 
and Aao(Seg) 

An alloy containing 28 per cent Au (see Figure 
2), when in equilibrium at 378°C, will consist of 
two phases, one disordered having composition 


parameter, 


c, and the other ordered having composition ¢. 
Both phases are face-centered cubic but have 
different lattice (dis) 
a’,(ord), respectively. This much difference (0.007 


parameters, viz., and 
A) can easily be observed experimentally. For an 
alloy on the other side of CusAu, however, say at 
23 per cent Au and 388°C, the difference between 
a’’, (dis) and a’’y (ord) could be so slight that the 
coexistence of the two phases would appear only 
as a slight broadening and gradual shifting of the 
diffraction lines during the transformation as 
observed. 
Estimation 
It is assumed in the present analysis that the 


of the width of the 2-phase regions 


change in dp» due to the order-disorder transforma- 
tion, Aa (D—0O), is equal to Aao(Seg), the difference 
in ad due to the chemical segregation of the conju- 


gate phases through the 2-phase transformation 


range. Justification for this assumption is found in 
the fact that, for alloys containing less than 25 per 
cent Au, the breadth of high-angle main lattice 
reflections increases only very slightly through 
the transformation (Figures 4a and 4b) 
whereas for alloys containing more than 25 per 
cent Au the same reflections are nearly resolved 
into doublets (Figures 4c and 4d). The fact that 
there is any broadening of the 400 reflection in the 
case of Cu-rich alloys indicates that the assumption 
is not strictly valid. However, for purposes of 
calculation we can assume that Aap(D—0) = +Aapy 
(Seg). For Au-rich alloys the sign is (+); for 
Cu-rich alloys it is (—). 

Using this assumption, Aa (D—0O) can be expres- 
sed as an equivalent composition change related 


range 


by 

Aa,(D—0) = Aao(Seg) = .005 (Aat. per cent Au), 
an empirical equation derived from data of Johans- 
son and Linde [5]. The widths of the 2-phase 
regions, at the compositions studied by Jaumot 
and Sutcliffe, were estimated by this method and 
are listed in Table I. The corresponding transforma- 
from Figures 


tion were estimated 


3b-f. 


temperatures 


THE EDITOR 


TABLE | 


Middle of 
Aay(D —0) transformation 


observed 


A per 
t Au 


At. per 
cent Au range 
emp. 


Disordered at all temperatures 
0.001, 0.32 364 
0.003 0.66 388 
0.0032 0.64 378 
0.002, 0.48 364 
0.000, 0.18 308 


ATOMIC PERCENT 
FIGURI Il. l figure: Variation of dis) and ao(ord) 


with composition. Lower figure: Portion of the Cu-Au phase 
diagram calculated from the data of Jaumot and Sutcliffe. 


bpber 


The portion of the phase diagram near Cu;Au 
which results from this analysis is given in Figure 
II. The greatest width of the 2-phase region is 
about 0.75 atomic per cent and presumably occur 


near the stoichiometric composition. 
J. B. NEWKIRK 


General Electric Research Laboratory 
S« henectady, New York 
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INCLUSIONS IN IRON CRYSTALS OBTAINED BY 
RECRYSTALLIZATION* 


T. SMITH 


A description is given of the small iron crystals included in different parts of coarse grained speci- 
mens prepared by different methods. Most of the inclusions are exact twins of the larger crystals 
but some of the four twin orientations are absent. This can be explained by assuming that the twins 
originate by faulting on {112} planes as the crystals grow during recrystallization. The distortio 
in the small number of distorted inclusions which are not twins shows some systematic regularities 


INCLUSIONS DANS DES CRISTAUX DE FER OBTENUS PAR RECRISTALLISATION 


On donne une description de petits cristaux de fer inclus dans diverses parties d’échantillons a 
gros grains, préparés par différentes méthodes. La plupart de ces cristaux sont des macles exactes 
des grands cristaux, mais certaines de parmi les quatre orientations de maclage sont absentes. Ceci 
peut étre expliqué en admettant que des défauts sur les plans {112} font naitre les macles durant la 
croissance du cristal, lors de la recristallisation. Les distorsions dans un petit nombre d’inclusions, 
qui ne sont pas des macles, manifestent une certaine régularité systématique. 


EINSCHLUSSE IN DURCH REKRISTALLISATION HERGESTELLTEN 
EISENKRISTALLEN 


Es werden die kleinen Eisenkristalle beschrieben, die in verschiedenen Teilen von grosskérnigen, 
auf verschiedene Weise hergestellten Proben eingelagert sind. Die meisten dieser Einchliisse waren 
Zwillingskristalle der grésseren K6rner, jedoch fehlten einige der vier Zwillingsorientierungen. 
Diese Erscheinung lasst sich erklaren, wenn man annimmt, dass die Zwillinge durch Stapelfehler det 
{112} Ebenen entstehen, wenn die Kristallite wahrend der Rekristallisation wachsen. Die Verzer 
rungen in den wenigen verzerrten Einschliissen, die keine Zwillingskristalle waren, zeigten einige 
systematische Gesetzmiassigkeiten. 


the origin of the inclusions that this work w 
Introduction 
carried out. 
Large crystals of many metals can be produced p aa 
by annealing fine-grained material which has been pars POCemnes: 
appropriately deformed. It is often found that such Different types of iron and different methods of 
crystals contain small regions where the lattice preparation have been investigated, | 


has a different orientation from the rest of the specimens selected for detailed crystallogr 


crystal. Thus, in face-centred metals like copper examination were prepared as follows. Swedish iron 


the inclusions are often twins of the parent crystal. supplied by the British Iron and Steel Research 
In aluminium the inclusions are smaller and less Association (AA) was machined into the 


numerous, and not always twins. They have been bars 1/4 in. thick 


described, and explanations of their origin sug- 3/4 in. wide at the ends, and tapered to ¢ 
gested in recent papers [1; 2]. Some information on the centre section. They were then anneale 
the inclusions in body-centred silicon ferrite is also moist hydrogen for 20 hours at 920°C to reduce the 
available [3; 4]. carbon content. As the original analysis of the iron 
Inclusions in iron bear some resemblance to those showed 0.07 per cent carbon and all other impurities 


in both aluminium and silicon ferrite. Four were _ to be less than 0.02 per cent, it is probable that thi 
described as early as 1928 by O’Neill [5] who found treatment reduced the carbon content to less than 


Ss 


them to be twins to the parent within the limits of 0.003 per cent [6]. The -s were then stretched ina 
his experimental method. Lacombe and Berghezan _ tensile test machine. 3: 


[1] have also reported on them. They found that large crystals were ined after a reduction 
inclusions in accurate twin orientations were much 23 per cent in the central area, and a final hydroger 
more perfect than the heavily polygonized inclu- anneal for three days at 

sions found in approximate twin orientations. It \ number of specimens having special charac 
was to supplement this information and toelucidate istics were produced by giving different 


the bars and varying the te -rature of the final 


*Received October 1, 1953; in revised form February 3 anneal. In one such set each specimen cont uined a 
1954. ‘ large number of crystals showing ze gradient 


tDepartment of Natural Philosophy, Marischal College, 
Aberdeen, Scotland. 
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along the length of the bar instea f a few large 
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crystals. Specimens were also prepared in which a 


single crystal was grown from material which 


showed a considerable variation in deformation. 


The Distribution of Inclusions 


The number of inclusions was counted with a 
travelling microscope (X25) after the specimen 
surface had etched in dilute nitric acid 
(1:4). In all the crystals examined the most clearly 
defined the 
surface and the interior of the crystals; the inclu- 
sions being much less numerous in the interior. 
Figure 1 shows the results obtained when the num- 


been 


difference in numbers was between 


INCLUSIONS / CM? 
@ 


= 


re) O5 Fe) 5 
DEPTH BELOW SURFACE OF 
CRYSTAL(MM) 


FiGURE 1. Variation of 
below surface of crystal. 


number of inclusions with depth 


ber of exposed inclusions/cm? was counted after 
one surface of a crystal was ground away. A surface 
layer containing many inclusions was never found 
to be more than 0.3 mm thick, which is the order 
of magnitude of an inclusion diameter, and the 
figure shows that there is little change in the 
number of inclusions below this depth. Most of the 
data in this paper relate to inclusions in the surface 
the 
indicate that they show special crystal features 


layers. Observations on interior inclusions 
which will be briefly described in the final section. 

It seemed probable that the most important 
factors determining the number of inclusions in a 
surface would be the degree of deformation pro- 
duced prior to the final anneal, and the purity of 
the iron. The first point was investigated by 
examining crystals which had been prepared from 
non-uniformly deformed metal. Two crystals grown 
from material covering the range 1-3 per cent 
extension, and one from material covering the 
range 3—5 per cent were examined. In none of these 
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was there found to be any significant correlation 
the the 
surface layer and the deformation in the original 
material, and it must be concluded that the surface 
density of inclusions is independent of the deforma- 


between number of inclusions/cm? in 


tion in the range from 1-5 per cent. 

The influence of the purity of the iron was not so 
easily investigated, as different types of iron 
require different treatments to lead to the forma- 
tion of large crystals, and it is not usually clear 
whether a change in the number of inclusions is 
due to the differing raw materials or to the different 
treatments. The results we obtained do not yield 
any general conclusion, but it is perhaps worth 
recording some observations on an armco iron 
containing 0.026 per cent carbon and 0.04 per cent 
nickel and sulphur. It was found that a treatment, 
similar to the standard method described, some- 
times yielded large crystals. These were always 
found to be much freer from inclusions than those 
prepared from Swedish iron, and it is possible that 
this was due to the different purity of the raw 
material. 

A final rather unexpected feature of the inclusion 
It was found that the 
density in the surface layer of a coarse-grained 


density was observed. 


specimen varied with the average crystal size in 
that region. The range of crystal sizes was obtained 
after recrystallisation as a result of the varying 
deformation along a strongly tapered bar. Data 
obtained from two bars are shown on Figure 2. It 
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CRYSTAL DIAMETER (CM) 


FIGURE 2. Variation of number of inclusions/cm? with 
crystal size for two specimens. 


will be seen that there is an increase in the density 
of inclusions with the diameter of the including 
crystal. 

If the inclusions were scattered randomly over 
the surface area, there is a danger that the inclusion 
densities as measured might be underestimates, as 
those inclusions within a distance of D/2 from a 
crystal boundary, where D is the average diameter 
of an inclusion, might not have been recognized as 
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inclusions. The maximum error which could occur 
in this way can be obtained if the size distribution 
of the inclusions is known. Figure 3 gives this for 
the inclusions in a number of large crystals. When 
this information is used, the error obtained for a 
small crystal is represented by the vertical line on 
Figure 2. For larger crystals the maximum error 
becomes negligible. 


NUMBER OF INCLUSIONS 


rr) 34 50 66 82 
INCLUSION DIAMETER in 10 CM 


FiGuRE 3. Size distribution of inclusions. The ‘diameter’ 
is the mean of the average of the greatest and least length of 
the inclusion in the surface layer. 


The Crystallography of the Surface Inclusions 


Observations with a simple goniometer showed 
that in each of the four crystals selected for detailed 
the 
assigned to one or two groups, the inclusions within 


examination, most of inclusions could be 
each group having the same orientation, whilst a 
smaller number appeared to have random orienta- 
tions. Thus on one surface of crystal A, 38 inclu- 
sions fell into one group, 27 
appeared to have a random orientation. On the 
other side of the crystal only one uniform group 


containing 37 inclusions, together with 9 random 


into another and 5 


inclusions, were found. The corresponding figures 
for the other three crystals are shown in Table I. 


TABLE I 


No. of inclusions in 


random 
inclusions 


Crystal each uniform group 


Top surface 2 


Lower surface 9 


INCLUSIONS IN F 


Twi In lu 
tion was carried out by the bac k-re fle tion Laue 
angle of the X-ray beam 


1 


+ radians so that with 


method. The cone 
5 X 10 


distance of 3 


was 


a collimator-crystal 


cm a circular patch on the crystal 


t il 


0.08 cm in diameter was irradiated. When 


1] 
ne smaiier 


i crystal 


was adjusted so that one of t inclusions 


fell within this area, two sets of diffraction spots 
one set due to 


were recorded on the film, the 


inclusion and the other to the parent crystal. The 


latter spots ¢ ontained small clear areas ¢ orrespond- 


ing in outline to the shape of the inclusions (Figure 


4). 


FIGURE 4. Retouched back-reflection I 


liffraction spots from the inclusi 


ing clear areas produced by parent crystal 


It was readily seen from the disposition of the 


spots given by inclusions originally 


diffraction 
classified in one of the uniform groups, that these 
inclusion lattices were related to the parent lattice 
TT)? 


in the way characteristic of twinning ina {112} plane, 


each group corresponding to one of the four twin 
possibilities. The direction of the {112} 
crystal A 

The observation that 


han two of the four equivalent 


planes for 
are shown in Figure 5. 


in eacl vstal no inclusions 


are found with more t 


1 


twin orientations will be discussed in the section 
on the origin of the inclusions. 

The exactness of the twinning relationship could 
most readily be obtained from an examination of 
certain of the diffraction spots which are produced 
partly by diffraction from the inclusion, and partly 
from the parent lattice. A feature of a twinned pair 
is that some planes in one crystal are parallel to 


planes of a similar or differing index in the other 
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component. Thus some {110} planes of the twin 
will be parallel to some {110} planes of the parent, 
and some {100} planes of the twin to some {122} 
planes in the crystal. Diffraction from {100} planes 
in the twin can thus fill in the clear area which 
would otherwise be left in the spot produced by 


99) 


reflection from {122} planes in the parent. Any 


FIGURE 5. Stereogram showing orientation, relative to 
crystal surface, of crystal A and the twin inclusions in one 
of the surface layers. Shaded region corresponds to the 
growing crystal profile near the specimen surface. 1] cube 
poles of crystal. O {112} crystal poles corresponding to 
twinning planes cf first twin group. + {112} crystal poles 
corresponding to twinning planes of second twin group. 
x other (112) poles. 


departure from an exact twin relationship will show 
itself as a displacement of the two components in 
these composite spots. 

It was found in this way that the twin relation- 
ship held very exactly. In no case was there found 
to be a departure of more than 6’ from a strict 
twin relationship, and of the 42 twins examined 
31 had a departure of less than 2’. 

The Laue spots from neither parent nor twin 
showed any evidence of distortion, but consider- 
able deformation may be present with little asterism 
appearing in the diffraction spots. Under favour- 
able the 
relative perfection of two metal crystals can be 


conditions additional information on 
derived from observations on boundary changes 
taking place on prolonged annealing; so four of the 
twin inclusions were photographed and the crystal 
containing them was annealed at 880°C for three 
days. When the new shape of the inclusion was 
recorded it was found that the exposed surface of 
each of the inclusions had increased in area. The 
maximum boundary movement was 0.05 mm. As 
the boundary movements were regular they do not 


seem to be the result of adjustments to the changes 


produced on the specimen surface by the etching 


which followed the final anneal. This suggests that 
the driving force due to difference in perfection 
between the parent and inclusion is small. The 
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deformed inclusions discussed below were rapidly 
absorbed under the same conditions. 

Figure 6 gives a tracing of micrographs of one of 
the twin inclusions before and after annealing. The 
straight side AB is parallel to the line in which one 
of the {112} 
so along these sections the mean boundary would 


twin planes intersects the surface, and 


O O-| MM 
FiGureE 6. The outline of a twin inclusion: before anneal- 
ing; after annealing. 


appear to be nearly coherent. No change was 
observed in these boundaries after heating. This is 
similar to the immobility of coherent boundaries 
which has been observed in other metals, though 
movement of a coherent boundary is possible in 
iron under some conditions [7]. Along the rest of the 
boundary the movement was found to increase with 
the angle between the lines in which the boundary 
and the nearest {112} plane cut the surface. 


Distorted Inclusions 


The photographs obtained from the inclusions, 
which had been classified as random, were all con- 
siderably distorted. Back-reflection photographs 
provide a suitable method of studying such material, 
as in the transmission method the shape of the 
diffraction spots is not so completely determined 
by the distortion of the material. Thus a uniform 
distribution of the normal to a plane within a cone 
will lead to an approximately circular diffraction 
spot in the back-reflection method, but may give a 
radially elongated streak on a transmission photo- 
graph. 

As the spots were smeared out over a consider- 
able area, long exposures of the order of 36 hours 
at 20 ma and 40-kV tube voltage were required to 
give an adequate density. This restricted to ten the 
number of inclusions whose orientation was found, 
but shorter exposures showed that other random 
inclusions were similarly distorted. The positions 
of the cube poles of the inclusions referred to their 
respective parents is shown in Figure 7. It will be 
seen that the inclusions lie within 15 degrees of the 
parents, the average rotation being 8 degrees. 

In view of the deformed nature of these inclu- 
sions, it is tempting to regard them simply as 
remnants of the original metal which have not been 
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history 


separates regions differing in perfection [9]. 
ver, if this is the whole explanation of the 
of these inclusions, certain features of the 


photographs are unexpected. Although the nor- 


tation ol 


Stereogram showing the mean orie 
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FIGURE 7. 
distorted inclusions. [J Cube poles of crystals. 
of inclusions. 


mals to a given set of planes fall within a cone of 


semivertical angle 2 degrees, the distribution 
within the cone is far from uniform. In about half 
the photographs the spots took the form of a small 
area of considerable density with a long ‘tail’ 
(Figure 8). This effect would be obtained if some 
of the diffracting fragments were arranged on a 
the 


cylindrical surface. A stereographic plot of 


normal distribution corresponding to the ‘tails,’ 


photograph 
Diffraction 


back 


showing 


FicureE 8. Retouched reflectio1 
from distorted inclusion tailed’ spot 
spots from the parent crystal are also visible. 


INCLUSIONS IN Fr 


CRYSTALS 


together with the poles of the parent crystals, 
showed that the axes of the cylinders corresponded 
to the axes about which the inclusions would have 
to be rotated to bring them into register with the 
parents. 

From one of the inclusions showing a tail, a 
photograph was obtained when only one edge of the 
inclusion was irradiated. The tails were no longer 
recorded, although the rest of the spots appeared 
unchanged. So it seems that the material giving 
rise to the tail is concentrated in some small region 
within the inclusions rather than dispersed through 
the whole volume. 

It is not possible to offer any explanation of the 
origin of this feature, as there seems to be no 
reason why this particular type of region should 


not be absorbed by the growing crystal. 


Comparison with Inclusions in Aluminium 
and Silicon Ferrite 

Twins giving rise to sharp spots occur in alu- 
minium as in iron [10; 1]. It is not clear whether 
all four twin possibilities are observed, nor how 
numerous the twins are. Most of the other inclu- 
sions give rise to asterism and occur over a large 
range of orientations relative to the parent crystals. 
Examples within a few degrees of all four twin 
orientations are recorded [11], also many having 
apparently random orientations. It may be that a 
few of these random inclusions, having a greater 
than average size, do not give rise to asterism [2]. 

From the above results it will be seen that in 
the the 
described more simply than in aluminium. About 


iron orientation of inclusions can be 


90 per cent of the inclusions correspond to a few of 
the 
perfection to the parent crystal. The remainder 


twin possibilities, and are of comparable 


show asterism and are grouped rather tightly at an 
rotation of 8 the 
lattice. No examples of polygonized inclusions in 


average degrees from parent 
approximate twin orientations, or of undeformed 
On the hand the 


more varied 


non-twins, were found. other 


inclusions are than those in silicon 


ferrite where only twin inclusions occur. 


The Origin of the Twin Inclusions 


The possible origin of the twins will be discussed 


with special reference to the absence of certain twin 
the 


orientatioh before treatment when examined by the 


possibilities. As iron showed no preferred 


usual X-ray transmission method, an explanation 
the different 


in terms of rates of growth of the 


twins is not applicable, although this may be an 
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important factor when strongly textured material 
is recrystallized [4; 12]. However, an explanation 
of the 
consideration of the orientation of the advancing 


twin occurrence can be obtained from a 


crystal boundary. 


In a body-centred cubic crystal the {112} planes 


form a congruence of modulus 6 [13]. If, as the 


crystal grows into the matrix, the atoms go down 


] 


in positions which do not satisfy close-packing 


. faulted laver results. If the normal 
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of the arrows may recrystallize as A’, the twin of 
A, so that the boundaries will be as shown in Figure 
9b at a later time. This type of twin formation in 
the corner of growing crystals has been observed in 
face centred metals [15; 16]. The conditions under 
which a twin may form is given by 


< Sars Cap + Sa'c Fac TaD 


where S and o represent the areas and energies/ 
unit area of the boundaries. Near the outside of the 
specimen the growing crystal will meet at a point 
with two grains and the corresponding condition 
for the formation of twins will be 


A 


T 


where S’ is the exterior surface area of the twin, 
and o’, and o’, the exterior surface free energies 


of A’ 


dence of the su 


and A. In both these equations the depen- 
rface energy of the boundary on the 
orientation of ’ is ignored. 


Once again a connection will exist between the 


abundance of the crowing 


surface of the crystal, for those twins having a 
the 

This 
‘arly at 


twin plane with least area in the corner of 


favoured. 


growing 


erms played a predominant role 


) 


in equation (2). The consideration of this special 


case of faulting corner is valuable in 
showing that under some conditions the occurrence 


of a large coherent twin boundary does not neces- 


sarily imply that faulting took place simultaneously 


over the whole of that area. 


In metals having very low coherent boundary 


energies, the conditions for faulting in a grain 


corner may be often fulfilled. The requirements for 
in iron will be 


] 
ana 


the higher-energy twin boundaries 


satisfied much less frequently, faulting will 


take 


conditions, as when one of 


only place under particularly favourable 


the deformed matrix 


grains with which the crystal comes into contact 
is nearly a twin of the growing crystal. As this will 


be a comparatively rare occurrence, it is possible 
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that an equally important occasion of faulting will 
be the presence of a much smaller distorted frag- 
ment within a matrix grain. It is significant, 
however, that there is no increase in the number of 
twins with deformation. 

Although the frequency with which different 
types of arrangement in the matrix lead to faulting 
is not known, it was possible to test the connection 
between the occurrence of the twin groups and the 
orientation of the exterior and interior surface of 
the crystal. It was easily seen that the exterior 
surface free energy was not the deciding factor, for 
in two surface layers it was found that of two twin 
orientations which would have had about the same 
surface energy, one often occurred while the other 
was not observed at all. 

The surface of the growing crystal was more 
difficult to describe, for it will be subject to con- 
siderable local variation; but with the bar shape 
used, the mean boundary position can be roughly 
specified. All the crystals examined were of the 
same form in relation to the bar, extending from 
near the middle to within a few cm. from the end. 
By removing two of the bars from the furnace 
during annealing, it was clear that these crystals 
nucleated in the central region of greatest defor- 
after 


initial period the surface 


did 


mation, and 


advancing along the bar not v: 


plane of cross section by more than 20 degr 


It was noticed that those inclusions found well 
from the outside of the cry 
,112} 


» the cross section. Thus when 


away 


the twin groups which had a 


sectioned, four of the five interior i 


were exposed belonged to the twin g 


would be 


2) 


R (Figure 5) a possib 


But when the stereograms of the 


were examined, it was found that some 


planes which were approximately parallel 

cross section had no corresponding twin | 

R in Figure 5), and twins occurred when none of 

their possible {112} planes were of this type. It was 
9) 


observed, however, that whenever a {112} pole was 


found in the shaded area indicated in Figure 5—that 
is between 25 and 50 degrees from the centre of the 
that half of the 
the corresponding 


stereogram, and in stereogram 
away from the centre of the bar 
twin always occurred in the surface layer, and not 
otherwise. The probability against this correspon- 
dence being due to chance is not high, but it was 
thought that the results might indicate that the 
mean lengthwise profile of the crystal surface 
during growth might be as shown in Figure 10. 
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faces falling within this region on 


the 


Then the {112} 
the 


parallel to the growing crystal surface. 


stereogram would be ones most nearly 


The profile also accounts satisfactorily for the 
occurrence of different groups of twins on different 
other side of crystal 


free surfaces. Thus on the 


A only one group of twins was found (Table I 


FiGureE 10. 


This is to be expected, as S (Figure 5 
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tween the occurrence of the twins and the 
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crystal encounters a dislocated fragment in a twin 
position, many of the dislocations will escape from 
the fragment which may then itself begin to grow 
into the matrix. This has been called stimulation 
[17] and has been suggested as the origin of the 
twins in aluminium [1; 10]. The dislocations can 
escape because both {112} and {110} slip planes in 
the fragment will lie parallel to corresponding slip 
planes in the growing crystal and so dislocations 
which were originally trapped by both the stress 
field of the boundary wall and by the force due to 
the termination of the slip planes at the fragment 
boundary are now acted upon only by a much 
reduced force due to the boundary. As the size of 
the stimulated fragment decreases, the mechanism 
becomes very similar to the mechanism which has 
been proposed. With a large fragment the two pro- 
cesses are distinct, as in stimulation there will be 
no necessary connection between the surface of the 
growing crystal and the particular twins which will 
occur, and the orientation of the inclusions will be 
determined by the orientation of the fragment 
rather than by the exact twin relationship. The 
dislocation will be able to escape most easily when 
the boundary is a {112} plane and may only take 


place under these conditions. If this is the case, 


faulting will be the predominating mechanism as the 
chances of meeting a fragment many atoms thick 
will be much less than finding a smaller disposition 
of atoms favourable to faulting. 
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THE PLASTIC DEFORMATION OF A CRYSTAL IN A 
POLYCRYSTALLINE AGGREGATE* 


W. BOAS and G. J. OGILVIEf 


Microscopic evidence is given that during plastic deformation of a polycrystalline aggregate the 
crystals both at the surface and in the interior are deformed inhomogeneously. In addition, it is 
found that slip is not always confined to {111} planes but may also occur on {100} or {110} planes 
The relation between these results and the current theories of the distortion of polycrystalline 


aggregates is discussed. 


LA DEFORMATION PLASTIQUE D’UN CRISTAL DANS UN AGREGAT 
POLYCRISTALLIN 


On présente des résultats de recherches microscopiques, montrant que lors de la déformation 
plastique d’un agrégat polycristallin, les cristaux sont déformés d’une fagon non-homogéne, aussi 
bien a la surface qu’a I’intérieur. On a constaté, en plus, que le glissement n'est pas toujours limité 
aux plans {111}, mais peut aussi avoir lieu sur les plans {100} ou {110}. La relation entre ces résultats 
et les théories courantes de la distorsion des agrégats polycristallins est discutée. 


DIE PLASTISCHE VERFORMUNG EINES KRISTALLS IN EINEM POLYKRISTALLINEN 
AGGREGAT 

Es wird auf Grund von mikroskopischen Beobachtungen gezeigt, dass im Laufe der plastischen 

Verformung eines polykristallinen Aggregates sowohl die Kristalle an der Oberflache als auch die 

Kristalle im Innern inhomogen verformt werden. Ausserdem zeigte es sich, dass der Gleitvorgang 

nicht immer auf {111} Ebenen beschrankt ist, sondern auch auf {100} und {110} Ebenen erfolgen 

kann. Die Beziehung zwischen diesen Resultaten und den gegenwartigen Theorien der Verformung 


polykristalliner Aggregate wird diskutiert. 


I. Introduction 


In a complete calculation of the plastic properties 
of polycrystalline aggregates from the behaviour 
of the crystals composing the aggregate the inter- 
action between the crystals must be taken into 
account. The effect of this interaction is observed 
as inhomogeneous deformation of the individual 
crystals, even though the macroscopic deformation 
is homogeneous. This inhomogeneity in single- 
phase cubic metals and alloys is due to the aniso- 
tropic mode of deformation of the crystals and the 
varying constraints at their boundaries. In addi- 
tion, the presence of a second phase and the type of 
deformation imposed on the aggregate may be 
equally important influences on the final behaviour. 

The various sources of inhomogeneity have been 
studied extensively in recent years [1-6], and their 
importance in the behaviour of polycrystalline 


aggregates has been discussed [7-10]. The experi- 


mental work on pure metals has been confined 
exclusively to observations on crystals exposed at 
the surface of test specimens, and only in two-phase 
alloys have crystals in the interior of the specimen 
been investigated. The behaviour of 
crystals is not necessarily representative of the 
behaviour of crystals entirely surrounded by others, 


surface 
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and the conclusions drawn from the observations 
on them are therefore not necessarily valid in the 
general case. For this reason evidence is presented 
in this that the deformation of 


crystals entirely surrounded by others is inhomo- 


paper to show 
geneous in single-phase alloys. In addition, evidence 
is presented to show that non-octahedral slip can 
occur in a-brass and pure aluminium. 


II. Method 


The materials used were annealed high purity 
aluminium and a-brass strip. The average linear 
grain sizes were approximately 2 mm and 0.5 mm 
respectively. The aluminium specimens were pol- 
ished electrolytically in a perchloric acid-acetic 
anhydride bath [11], strained 10 per cent in a tensile 
test 
scopically. The a-brass specimens were electro- 


and the deformed surfaces examined micro- 
lytically polished in orthophosphoric acid [12] and 
strained 10 per cent in a tensile test. After a pre- 
liminary examination they were repolished until 
the new surface lay at approximately the centre of 
the test thick). 
Traces of the slip planes were developed in the 


strained piece (approx. 4 mm 


surface by the use of McLean’s [13] or Jacquet’s 


solutions [14] 


III. Observations 


The observations are of two types: 


(a) structures observed at the surface of a 


deformed specimen, 


e 
OcA 
a4 
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(6) structures observed after removal of the 
surface. 

(a) In pure aluminium specimens extended 10 
per cent, the prevailing slip system in a given 
crystal changes with position on its surface. This 
common effect (see Figure 1) is probably due to the 
differing constraints imposed on a crystal by its 
neighbours. In addition, inhomogeneous deforma- 
tion in one crystal can be the direct cause of in- 
homogeneity in an adjacent crystal. An example of 


this behaviour is given in Figure 2. 


In one crystal, a 
zone of heavy shear, shown by the high concentra- 
tion of slip lines, has been propagated across a 
grain boundary into an adjacent crystal where a 
different slip 
has been forced to operate. This type of interaction 


system to that generally prevailing 


between adjacent crystals may be observed even to 


the limiting case where a single slip line is pro- 


ed across a boundary initiating another slip 


cent crystal. An example of this effect, 


1. made the subject of a separ 


ite study 
is provided by 


IS USUdl Ol 


line 
slip lines 


‘ved in 


at non- 
{100! or 


ian a ( ite aS Dp nes. 


which had 


i 
Examination of the 


specimens 


been electropolished to half their thickness prior to 


etching showed similar phenomena to those de- 


scribed above. For example, the crystal depicted in 


Figure 5 has different 


different pa 


slip systems operating in 
parts of it and is directly comparable to 
the crystal shown in Figure 1. 

A most convincing demonstration of the marked 
inhomogeneity of deformation that can occur is 
provided by the appearance of the boundaries of 
annealing twins in the polished surface. Examples 
are shown in Figures 6 and 7. The once-straight 
parallel boundaries are severely distorted due to 
the markedly different that 


deformations have 
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occurred in the different parts of the crystal en- 
closing the twin. 


IV. Discussion 


Two important observations have been made in 
the course of this study; strong evidence has been 
found in support of the idea that crystals entirely 
surrounded by others in a metal specimen are 
deformed inhomogeneously, and examples have 
that 
centred cubic metals is not necessarily confined to 


been found to demonstrate slip in face- 


the {111} planes. These facts are of importance in 
relation to a theory developed by G. I. Taylor [16], 
of the plastic deformation of a face-centred cubic 
metal in which a deformation texture is predicted. 
Barrett and Levenson [17] tested Taylor’s predic- 
tions experimentally and showed that at least one 
third of the grains do not rotate as predicted. The 


cause, they consider, is due to the neglect of the 


inhomogeneity of deformation in the calculation. 
addition to confirming this 


the 


[he present study, in 


shows another possible cause for un- 
rotations. The theory assumes slip to 
nd therefore slip on 
the 


ieviations trom 


with the 


the 
» crystals in an 
ress required to 
main 
ind Hill [18] in their 


ustifies the 


of a polycrystalline 
re distributed in 
»in such a way that there is no correla- 


ny component of the microscopic 
‘component of the displacement over 


» section of unit area.”’ 
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ON SELF-DIFFUSION IN CUBIC METALS* 
F. S. BUFFINGTON{ and MORRIS COHEN} 


Based on the vacancy mechanism of diffusion, a method is given for correlating the frequency 
factors and activation energies of self-diffusion in cubic metals. The activation energy is shown to be 
proportional to an appropriate elastic constant and the cube of the lattice parameter, both referred 
to 0°K. Reasonable agreement is found among the more recent self-diffusion determinations, with the 
proportionality constant being 0.0514 for face-centered cubic metals and 0.0695 for body-centered 
cubic metals. The theory also yields values for the fraction (A) of the activation energy that goes into 
lattice straining during the elementary diffusion act. For face-centered cubic metals, \ is 0.64. For 
body-center cubic metals, \ cannot be calculated with any assurance because of inadequate data, 
but a tentative value is 0.84. These quantities, together with the above proportionality constants, 
permit the calculation of the self-diffusion coefficients as a function of temperature in cubic metals. 


SUR L’'AUTODIFFUSION DANS LES METAUX CUBIQUES 


On présente une méthode basée sur le mécanisme de diffusion par les lacunes réticulaires, permet- 
tant de relier les facteurs de fréquence et les énergies d’activation pour l’autodiffusion dans les métaux 
cubiques. On montre que |’énergie d’activation est proportionnelle a une constante élastique, approp- 
riée, et au cube du paramétre du réseau, les deux étant rapportés 4 0°K. Un accord raisonnable est 
trouvé parmi les déterminations récentes concernant |’autodiffusion, avec des constantes de pro- 
portionnalité suivantes: 0,0514 pour les métaux cubiques a faces centrées et 0,0695 pour les métaux 
cubiques centrés. Cette théorie donne aussi des valeurs de la fonction (A) de |’énergie d’activation, 
qui est utilisée pour la déformation du réseau lors du processus élémentaire de diffusion. \ est égal a 
0,64 pour les métaux cubiques a faces centrées, \ ne peut pas étre calculé avec exactitude pour les 
métaux cubiques centrés 4 cause du manque de données précises, mais la valeur de 0,84 est proposée. 
Connaissant ces quantités et les constantes de proportionnalité, données ci-dessus, il est possible de 
calculer les coefficients d’autodiffusion dans les métaux cubiques, en fonction de la température. 


DIE SELBSTDIFFUSION VON KUBISCHEN METALLEN 


Es wird iiber ein auf dem Leerstellenmechanismus beruhendes Verfahren, mit dessen Hilfe die 
Frequenzfaktoren und die Aktivierungsenergien der Selbstdiffusion in kubischen Metallen in Bezie- 
hung gesetzt werden kann, berichtet. Es wird gezeigt, dass die Aktivierungsenergie einer entspre- 
chenden Elastizitatskonstanten und der dritten Potenz der Gitterkonstanten (beides auf 0°K bezogen) 
proportional ist. Es wird zufriedenstellende Ubereinstimmung innerhalb der neueren Bestimmungen 
der Selbstdiffusion gefunden, wobei der Proportionalitatsfaktor fiir kubisch-flachenzentrierte Metalle 
0,0514 und fiir kubisch-raumzentrierte Metalle 0,0695 ist. Aus der Theorie lassen sich auch Werte 
fiir den Anteil (A) der Aktivierungsenergie, der zur Verzerrung des Gitters wahrend des elementaren 
Diffusionsvorgangs verwandt wird, angeben. \ betragt fiir kubisch-flachenzentrierte Metalle 0,64. 
Wegen der unzureichenden experimentellen Daten kann X fiir kubisch-raumzentrierte Metalle 
nicht mit Sicherheit berechnet werden; ein vorlaufiger Wert betragt 0,84. Diese Werte erméglichen, 
zusammen mit den oben erwadhnten Proportionalitatskonstanten, die Selbstdiffusionskoeffizienten 
in kubischen Metallen als Funktion der Temperatur zu berechnen. 


dynamic principles without depending upon the 


Introduction details of the process. In the present paper, the 


A somewhat different version of this paper had 
been submitted to Acta Metallurgica and was being 
reviewed when LeClaire’s article on the theory of 
D> was published [1]. The two papers had several 


points of similarity but differed appreciably in 


emphasis on individual topics. Revision of the 
authors’ paper was considered desirable so that 
LeClaire’s contribution could be recognized and 
compared with the present treatment. 

Both LeClaire’s paper and the present one stem 


relationship 


from 
between the frequency factor, Do, and the activa- 
tion energy, Qy, for self-diffusion in cubic systems. 


The 


Zener’s [2] derivation of a 


Zener analysis was based upon general thermo- 
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details of the self-diffusion process are considered. 
This approach has the important advantage of 
yielding an expression for the activation energy, 
Qy, itself. Also, an equation between Qy and Dy 
is obtained, similar to that given by Zener but 
containing a term omitted in derivation. 
The combination of the two relationships results 
in an equation for the self-diffusion coefficient in 


his 


systems where the vacancy mechanism is operative. 
The relationships obtained differ in certain aspects 
from those given by LeClaire. 


Derivation of Basic Equations 
Consider an atom on a f.c.c. lattice, say at 
(4 0 3), with a lattice vacancy existing at a nearest 
neighbor site, say (001). The elastic work necessary 
to move this atom to the saddle point in the direc- 
tion of the vacant lattice site is required. The 
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AND 
atoms at (3 3 1), (0 3 3), (O—4 4) and (4—3 1) 
constitute the barrier to diffusion; that is, the 
saddle point of energy exists in the plane through 
the centers of these atoms, 
“‘move”’ further apart in this plane for diffusion to 
occur. The resultant elastic strains are in (211) 
directions. 

In b.c.c. systems, atoms at (1 0 0), (0 1 0) and 
(1 1 1) constitute the barrier to an atom diffusing 
from (3 3 3) to (1 1 0), for example. The barrier 
atoms are displaced in (1 1 1) directions. 

Let Fy, denote the force in direction d necessary 
to displace a barrier atom a distance Ax,z. With F;,, 
associate an area A such that the “ involved 
is og = F,/A. The resultant strain, eg = Axz/x4 
is in the direction d and there are N barrier atoms 
involved. Accordingly, the elastic work done per 


four which must 


stress”’ 


diffusing atom is: 


€max 
AG. = N f Ax, de, 
0 
€max 


(1) (const. ) f (€q) deg 


3 
= Baya 


where a is the lattice parameter. By is assumed to 
be a constant dependent only upon the crystal 
structure: Bs; for f.c.c. metals and By); for b.c.c. 
metals. uz is an elastic modulus characteristic of 
the type and geometric arrangement of the diffusing 
and barrier atoms. The basic assumption made here 
is that €max 1s the same in the direction d for the 
self-diffusion of different species of atoms in a given 
lattice structure. One further assumption is now 
introduced; namely that yu, is directly proportional 
to the macroscopically measured Young’s modulus 
in the direction d. Thus, 


(2 AG, = C, E,a' 
where 


Ca Ba ta Ea. 


The last assumption may well be questioned, 
since the interactions with neighboring atoms in 
diffusion are 


the straining involved in 


different from those involved in measuring a modu- 


process 


lus of elasticity. Also, atoms which are nearest 
neighbors to a vacancy are not quite at centers of 
symmetry. However, all that is required is that 
uz be directly proportional to Ey, an assumption 
that is verified by the constancy of K which is 
introduced later. 

LeClaire assumes that C4, + 3 
the appropriate modulus to use for f.c.c. metals. 


(C11 — is 
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Values given in his Table III indicate he uses this 
modulus for b.c.c. metals also. 

The subscript d will be omitted henceforth, but 
that C and E 


later K) refer to a particular crystallographic 


it should be remembered (and 


direction. 
The change in entropy, AS,, corresponding to 
AG,, is 


d(CEa ) 


dT 
= — 3a) 


the subscript 0 designating values resulting from 


~ _  @(AG,) _ 
(3) AS, = T= 


where 


extrapolation to T = 0°K. Thus, 
(4) AG, = AH, — TAS, = AH, — CE pay(¢—3a) T 


Assuming that the change in enthalpy due to 
the straining process is insensitive to temperature, 
then 


AH, = (AHo). = (AGo). = CE va 


and equation (4) becomes 


(6 AG, = CE ay? — CE pay? — 3a) T. 


This expression gives the change in free ener; 


accompanying the movement of an atom to the 


saddle point in diffusing to a vacant nearest 


neighbor site. 
Let — AH, 


there vacant 


kT be that 
lattice site at a 


AH is the 
his expression for 


exp the probability 


will be a nearest 


neighbor position, where enthalpy 


change in forming a vacancy. 
the probability of a vacancy existing at a nearest 
neighbor position takes into account the change in 
configurational entropy due to forming vacancies 
in the lattice, but neglects the increase in vibrational 
entropy due to the greater freedom of movement 
acquired by the neighboring atoms. LeClaire also 
neglects the latter contribution to the entropy. 
Let Qy be the self-diffusion activation energy per 
mole, and Ny, Avogadro’s number. Then the frac- 


tion of Qy that goes into elastic straining of the 
lattice 


where 


during self-diffusion is denoted by \, 


(AH). 


Ni ( AH) )e 
On 


(7) (AH). + AH, 


(The quantity A is the same that appears in Zener’s 


expression for the entropy of diffusion.) Thus, 


(5) 
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permits the 
metals 


where K = 
determination of the constant K for f.c.c. 
and for b.c.c. metals from existing values of Qy 


Equation (8) 


for self-diffusion. 

Following the 
LeClaire, the entropy change per mole of diffusing 
atoms, AS, may be written as 


_ AK Evan’ (¢ — 3a) 


treatment used by Zener and 


(9) 


R 


whose value depends upon the 


va" 
yy = an integer, 
lattice structure and upon the mechanism of self- 
diffusion. (y = 1 for the mechanism 
assumed here in f.c.c. and b.c.c. metals); » = vibra- 
tional frequency of the diffusing atom in the 
direction of diffusion; Rk = Boltzmann constant. 
By combining equations (8) and (9) the follow- 
ing expression is obtained for the self-diffusion 


vacancy 


coefficient: 


3a ) 


(10) 


D = va” exp| 


The vacancy mechanism is assumed in equation 
(10) with 2X different for f.c.c. and for b.c.c. lat- 
tices. The quantity (KE) is taken to be in the 
(211) direction for f.c.c. metals and in the (111) 
direction for b.c.c. metals. 


Determination of K and 2 for F.C.C. Metals 


Equation (8) was used to determine K2:; from 
experimental values of Qy for silver, lead, copper 
and gold. E2;; at room temperature was calculated 
from the elastic constants of these metals [3], and 
values of ¢ were then employed to obtain Eo 
it O°K. It was assumed that ¢21; is equal to 
—{dE,/(E,)odT| where E, is the Young’s modulus 
for the polycrystalline state. Koster’s [4] data for 
dE,/dT were adopted, values at the lower tempera- 
tures being selected to eliminate the effect of stress 
relaxation by viscous slip across grain boundaries 
[5]. The lattice parameters at room temperature 
were corrected to 0°K by means of the coefficient 
of thermal expansion. 

Table I shows that all the determinations of Ox, 
for silver, the single determination for lead, and 
the more recent data for copper and gold are in 
excellent agreement on Ko;. However, the values 
of Ke1; calculated from the first two determinations 
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for copper and from the first two sets of data for 
gold are not in line with the other Ko; values 
designated by Table I. As shown 
below, these earlier self-diffusion data also give A 
quantities which are greater than unity. 

The average of the Ko values indicated by 
asterisks is 0.0514, in agreement with the value of 
0.0515 calculated from the accurate Qy data for 


asterisks in 


silver alone. 

Equation (9) was used to determine the X for 
f.c.c. metals. Sutton’s [6] data on the elastic 
moduli of aluminum as a function of temperature 
indicate that @ decreases with decreasing tempera- 
ture, apparently to zero at O°K. Since similar 
values are not available for other f.c.c. metals, @ 
was calculated as discussed previously. 

The coefficient of thermal expansion, a, de- 
creases with decreasing temperature to zero at 
0°K. Hence, the curves of a versus T of Nix and 
McNair [7] were employed to ascertain an average 
value of a for the range from O°K to the mean 
diffusion temperature. The temperature depen- 
dence of @ and a@ suggests that the frequency 
factor Dp is also a function of temperature. How- 
ever, the temperature dependence of Do cannot be 
found experimentally since ¢ and a are sufficiently 
constant at the elevated temperatures where 
self-diffusion rates are measured. Both @ and a@ 
evidently approach zero at O°K, and therefore 
AS — 0 as T — 0°K in accordance with the third 
law of thermodynamics. 

It is difficult to say what value should be adopted 
for the vibrational frequency, v, of the diffusing 
atom in the direction of a nearest neighbor lattice 
vacancy. Use of the Debye frequency would imply 
that the potential around a lattice site is indepen- 
dent of whether the site is vacant or occupied. 
The assumption of half the Debye frequency 
would imply that the barrier atoms and other 
neighboring atoms have no influence on »v, and 
that the lattice vacancy effectively doubles the 
interatomic spacing in the direction of the vacancy. 
The correct value of »v is probably between the 
Debye frequency and half the Debye frequency, 
but closer to the former. In Table I values are 
reported as Ap (calculated from the Debye fre- 
quency) and as Ap,2 (calculated from half the 
Debye frequency). Fortunately, ’ is not very 
sensitive to changes in v; the two limiting values 
differ by only about 15 per cent. 

Values of Ap and Ap, are given for silver, lead, 
copper and gold in Table I. The more recent self- 
diffusion data for copper and gold and the data 
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for silver and lead (designated by asterisks 
indicate fair consistency. Poorer agreement in A 
than in Ko); is not surprising, however. Errors in 
determining Do are much greater than in Qy. 
A 50 per cent error in Dy (not an unusual magni- 
tude) would result in about 15 per cent error in X. 
Also, the errors in ¢ are approximately 5 per cent, 
resulting in a similar uncertainty in the value of X. 
the self- 
diffusion data for silver, probable values for f.c.c. 
metals are Ap = 0.64 and Ap,;2 = 0.74. 

The numerical factor 0.67 appearing in LeClaire’s 


Because of the excellent agreement on 


equation (32) corresponds to Ap and matches the 


rABLE I 


DIFFUSION DATA FOR FACE-CENTERED CuBIC METALS 


Metal 


Diffusion reference Ap 


Ag Johnson 15.900 0.895 0.0519* 
Hoffman and Turnbull 
Slifkin, Lazarus, Tomizuka 45,500 ).724 0.0515* 

(Includes data of Johnson, 

Hoffman and Turnbull 

V. Hevesy, Seitz, Keil 27,900 0525* 
57,200 
61,400 
49,000 

use 46,800 


0598 
0642 
0512* 
0490* 


Steigman, Shockley, Nix 
Rollin 
Maier and 


51,000 0.0587 
V. Sagrubski 62,900 ¢ 0.0724 
Kurtz and Gat 45,600 0.625 0.0525* 


Based on most recent diffusion results. 
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value of 0.64 obtained here. However, LeClaire 


does not state the significance of the term. In the 
present treatment, this numerical factor is the 
fraction of the self-diffusion activation energy that 
goes into lattice straining, as indicated by Zener 


[2]. 
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Determination of K,,, and of 2X for 
B.C.C. Metals 


Available self-diffusion measurements 


metals are presented in Table II. For sodium, the 


Also, 
available 
from the work of Seigel and Quimby [8; 9]. The 
corresponding values of = 0.0695, =0.843, 
\p2 = 1.00 for sodium are probably fairly 
reliable. 


self-diffusion data seem to be very good. 


accurate values of (£o)111, ¢111, and @ are 


and 


The differences between the Birchenall and Mehl 
self-diffusion data for alpha iron and those of the 
(10; 11]. 
The values of Ky; = 0.0585 and 0.0716 stem from 


Goens and Weerts’ [12] elastic constants for iron, 


authors have been discussed elsewhere 


the values of K,,,; = 0.0625 and 0.0765 from Kim- 


ura’s [13] elastic constants. Perhaps the differences 
between the K,,; values for sodium and iron arise 


from experimental errors in determining the 


elastic constants. Another possible discrepancy may 
lie in the fact that elastic constants are measured 
in ferromagnetic iron and diffusion coefficients are 


measured in paramagnetic iron. 


TABLE II 


DIFFUSION DATA FOR Bopy-CENTERED CuBic METALS 


Metal 


2 0.0695 0.843 


1 
120,000 


140,000 11 


REFERENCES 

Sodium: Nachtrieb, E. 

J. 

Iron: 

188 (1950 

F. S. Buffington, I. 

Che Physics of Powder ‘ 

editor (New York, McGraw-Hill, 1951). 
Tungsten: I. Langmuir J. Franklin Inst. 
J. A. vanLiempt. c. trav. Chim. 64 


I Bak i 


Table II 


to errors in @. 


The fact that the values of \ for iron in 
are greater than unity may be due 
Quimby and Seigel’s data for sodium show that 
[(dE,/(Ea)odT| is strongly dependent upon d as 
Similar 


might be expected in the b.c.c. system. 


results are not available for iron, and probably 
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| | | 
cal m 
mole sec) 
0 660 0.756 
0.658 0.721 
1.14 1.25 
2 1.28 1.39 
0.788 0.913 
O54 
0.701 0. 
Diffu reference D K \p/2 
Au 1.24 1.39 m? 
1.27 1.40 mol 
0.895 1.06 - 
— Na N trieb, Catalano, Wei 10,409 ) 
* 
Buffingt Bakalar and 18 2 0.058 1.13 1.25 
( 0.0625 
Ww Langmuir 0.0658 
in Liempt 17 67 8 1.39 
11 
Well. 
uns. A.I.M.E. 
en. Cl ip. 6, 
E. Kingston, 
02 
/ 1934) 543. 
145) 239 
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¢gi11 is not equal to —[dE,/(E,)odT] as assumed 
here. 

The data for tungsten given in Table II probably 
do not represent actual self-diffusion values. These 
results are for the diffusion of thorium (Langmuir) 
and iron (Van Liempt) at low concentrations in 
tungsten. Accordingly, equation (10) was used to 
calculate D for self-diffusion in tungsten, assuming 
Ki = 0.0695 and \p = 0.843 as found for sodium. 
The D value calculated is 


(11) D = 0.56 exp (. 


Comparison of these results for b.c.c. metals 
with those of LeClaire is made in the following 


section. 
Discussion 


Some available self-diffusion data have not been 
included in Tables I or II because the correspond- 
ing moduli of elasticity are not on hand. 

According to the present findings, the fraction 
the creation of lattice 


somewhat 


of Qy which goes into 
(1—d), is 

These calculations give a 
maximum value for f.c.c. metals of (1 — A) =0.36, 
which is on the low side of the range 0.4 to 0.8 


vacancies smaller than 


previous estimates. 


calculated for copper by Huntington and Seitz 
[14]. Possibly the assumption that ¢21; is equal to 


to question.* The oreater ease of creating vacancies 


for different f.c.c. metals is open 
in the b.c.c. system is indicated by the maximum 
adopted for 


value of (1 = 0.16 for sodium. 
The 


quency, ?, 


the vibrational fre- 
the calculation of X. 
However, in using equation (10 


diffusion coefficients, the fraction of the Debye 


value 
is important in 
to compute self- 


frequency assumed is immaterial. The substitution 
of Xp and vp gives the same results as Ap,;2 and 
’p/2. The same is true when equations (8) and (9) 
are used to evaluate Qy and Ds. Incidentally, 
Ow = 38,600 cal 
minum, and is in good agreement with the value of 
37,500 friction 
measurements [5]. 
Oxy = 42,600 cal/mole is somewhat higher princi- 


pally because of his use of cs, + 3 (C11 — Ci2) as 


mole was calculated for alu- 


obtained by Ké from internal 


LeClaire’s calculated value of 


the appropriate elastic modulus. Dy) = 0.6 cm?*/sec 


was computed for aluminum by equation (9). 


*Sutton’s data [6] for aluminium show that ¢q varies with 
d as follows: do = 4.66, 100 = 5.22 and di, = 4.41 X 
10-* per °K. Thus, final evaluation of \ should be based on 
accurate @q values which are now available only for alu- 


minium and sodium. 
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The results presented here suggest that the 
vacancy mechanism is probably operative in self- 
diffusion of f.c.c. metals. LeClaire also reaches this 
conclusion, although he uses the following expres- 
for Qy when self-diffusion occurs by the 
vacancy mechanism: 


sion 


Ou = ki + 


where &; and k» are constants evaluated from 
existing self-diffusion data (the constants K and A 
used in the present paper are also evaluated from 
existing self-diffusion data, but different 


physical significance); L, = latent heat of subli- 


have 


mation; M = atomic weight; wo = C44 + 3 (11 — C12) 
extrapolated to 0°K; po) = density extrapolated to 
0°K. The principal difference between this expression 
and the one derived here is that LeClaire assumes 
that the change in internal energy on forming a 
Self-diffusion data 
and all are 


vacancy is proportional to L,. 
for f.c.c. metals show that 
fairly constant, so a choice between equation (8) 
and equation (12) is not permitted by the available 
experimental evidence. This situation exists be- 
cause (Eo11)9 do? & (constant) (L,) for f.c.c. metals, 
as shown in Table III. The quantity (Myo/po) is 


approximately proportional to L, also. 


TABLE III 


CORRELATION BETWEEN Eoa,? AND L , 


kcal/mole 


69.46 


1400 


Metal 


W 

Na 150 
a-Fe 1040 
K 141 
Mo 1340 


No is Avogadro’s 


is in kcal/cm’, and a, is in cm. 
number. 

**Values of ZL, are extrapolated to 0°K from values of 
AH and AC, at 25°C, using data from U.S. Bureau of Stand- 
ards Circular 500, ‘‘Selected Values of Chemical Thermody- 
namic Properties” (1952). 


Using the data denoted by asterisks in Table I, 
the standard deviation of Ko is 2.0 per cent 


RT 
(E age N 
Metal (Eo11) No* 
Cu 995 81.78 12.2 
Pb 531 16.77 11.4 
Al 760 75.2 10.1 
Ni | 101.8 13.8 
kcal/mole Ly, 
201.9 9.04 
} 26 .32 5.68 
96.65 10.7 
22.1] 6.38 
155.7 8.61 
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compared to 4.5 per cent for k; and 11.5 per cent 
for k2 obtained by LeClaire. However, LeClaire’s 
values do not include the Kurtz and Gatos data for 
gold. In any event, both treatments favor the 
vacancy mechanism for self-diffusion in f.c.c. 
metals; on the other hand, different conclusions are 
reached with regard to b.c.c. metals. 

The results given here for sodium lend some 
support to the vacancy mechamism of 
diffusion in b.c.c. metals. Sodium is the only metal 
for which good data are available for both self- 
diffusion and the variation of elastic constants with 


self- 


temperature. LeClaire did not include the sodium 
data, but found that iron and tungsten gave nega- 
tive values for k;. Consequently, he considered a 
ring-rotation mechanism as the most likely mode of 
self-diffusion in b.c.c. metals. However, as pointed 
out previously, the tungsten values are actually 
not self-diffusion data. Calculations assuming the 
vacancy equation (10 
gives reasonable values of Qy and Dp for tungsten. 
The negative value of &; for alpha-iron found by 
the fact that 


mechanism and_ using 


LeClaire may result from self- 
diffusion data are obtained for paramagnetic iron, 
while elastic constants are determined for ferro- 
magnetic iron Self-diffusion data for ferromagnetic 
iron at present is incomplete but will be presented 
in a later paper. Because of these uncertainties in 
both the alpha-iron and the tungsten data, it 
appears that the sodium 
results should be considered more reliable. 

The sodium data give positive values for Le- 
Claire’s constants k; and ky, and do not rule out 
the vacancy mechanism, even on the basis of his 


calculations based on 


treatment. In considering the ring-rotation mech- 
anism, LeClaire calculates values of N,, where 
N, is one for a two-ring process and six for a 
four-ring process. Presumably no values of WN, 
between one and six exist. LeClaire found values 
for N, of 2.25 for alpha-iron and 4.5 for tungsten, 
and claimed support for the ring-rotation mech- 
anism,* but WN, for only 0.3 or 0.5 
(depending on the modulus used). This low value 
interstitial mech- 


sodium is 


indicate an 
than a 


for sodium would 
anism (N, = 0.5) 
mechanism,? if the vacancy mechanism were not 


rather ring-rotation 


operative. However, it is believed there is insuffic- 
mechanism 


ient evidence to exclude the vacancy 
for self-diffusion in b.c.c. metals. 


*\ Kirkendall effect has been found in beta brass signify 
that the ring-rotation mechanism is certainly invalid 
this b.c.c. phase. R. W. Baluffi and L. L. Seigle 
communication). 

footnote, p. 656. 
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SELF-DIFFUSION 


the 


applicability of the derived equations to chemical 


A question naturally arises concerning 
or interdiffusion data. This point is being studied. 
A tentative answer is negative, since an essential 
assumption made in equation (1) is that ém; is 
the same in direction d for the diffusion of different 
species of atoms in a given lattice structure. This 
assumption seems valid for self-diffusion, but it is 
probably not valid for the diffusion of A atoms in a 
lattice mostly of B \lso, this 


assumption may not even be correct for the dif- 


made up atoms. 


fusion of B atoms in a lattice of mostly B atoms 
because of a non-uniform distribution of vacancies. 

Dienes [15] has mentioned the possibility of 
negative entropies for self-diffusion. Equation (9 
that 


(d — 3a is negative. However, it is found experi- 


indicates negative entropies may exist if 
mentally that (¢@ — 3a) is positive for cubic metals. 
The data that for cubic 


¢/3a ranges from 5.5 to 10. Hence the existence of 


available show metals 
negative entropies of activation for self-diffusion 
in cubic systems seems unlikely, on the basis of 
the derivation given here. Dienes also states that 
negative entropies are possible for small energies 
of activation. Sodium has the relatively low 
of Qy = 10,450 cal/mole but AS + 3.68 cal 
compared to Ux 59,800 and AS 


15,800 and AS } 72 


value 


mole 
+ 6.65 for iron, and Qy, 
for silver. 

The 


cases where the vacancy mechanism is operative. 


discussion here is necessarily limited to 


Conclusions 


It is believed that equation LO expresses the 


self-diffusion coefficient for f.« and b.c.c. met ils, 


based on the vacancy mechanism. The values of 
K and X given in this paper should be subjected to 
Tentative 


ralues 


further experimental verification 
for f.c.c. metals are: 


K 1 = 0.0514 


Tentative values for b.c.c. 


= 0.0695 
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THE INFLUENCE OF ANODIC OXIDE FILMS ON THE 
THERMAL OXIDATION OF ZIRCONIUM* 


J. J. POLLING and A. CHARLESBY} 


Changes in the thermal oxidation of zirconium due to the presence of an initial electrolytically- 
formed oxide layer are studied. The increase in thickness of the oxide on heating is measured optically 
and gravimetrically. The effect of the initial layer is the same as if it had been produced thermally, 
i.e., there is no difference in the oxidation behaviour of two specimens covered with initial oxide 
films of the same thickness, one of which has been grown electrolytically and the other thermally. 

The growth of the oxide layer is approximately logarithmic up to temperatures of about 260°C, 
cubic at 300°C, and at higher temperatures it tends towards a quadratic function of time. For thick 
films there is a linear law probably due to cracking of the oxide. These rates of growth are in agreement 
with theoretical calculations based on the oxidation theory of Mott. 


L’INFLUENCE DE FILMS D’OXYDE ANODIQUE SUR L’OXYDATION THERMIQUE DI 
ZIRCONIUM 

On a étudié les modifications dans l’oxydation thermique du zirconium, dues a la présence d’une 
couche initiale d’oxyde formée électrolytiquement. L’accroissement de |’épaisseur de l’oxyde lors du 
chauffage est mesuré optiquement et gravimétriquement. L’effet de la couche initiale est identique a 
celui qui serait produit par une couche formée thermiquement, c’est-a-dire il n’y a pas de différence 
entre l’oxydation de deux échantillons, dont un est couvert initialement d’une couche formée thermi- 
quement et l’autre électrolytiquement, les deux couches ayant la méme épaisseur. La croissance d'une 
couche d’oxyde est logarithmique jusqu’a une température d’environ 260°C, elle devient cubique 
a 300°C, et aux températures plus élevées elle tend vers une fonction du second degré du temps. 
Dans le cas de couches épaisses la loi de croissance devient linéaire, probablement a cause de la 
fissuration de l’oxyde. Ces vitesses de croissance sont en accord avec les calculs théoriques, basés 
sur la théorie d’oxydation de Mott. 


DER EINFLUSS ANODISCHER OXYDFILME AUF DIE THERMISCHE OXYDATION 
VON ZIRKON 

. Die durch die Anwesenheit eines ersten, elektrolytisch erzeugten Oxydfilmes hervorgerufenen 

Anderungen in der thermischen Oxydation von Zirkon w 

warmung auftretende Dickenzunahme der Oxyde wurde optisch u sravimetrisch 


h 


Wirkung dieses ersten Filmes gleicht der eines thermisch erzeugten, d.h. zwei Proben, die mit An- 


erden un icht. Die wahrend der Er- 
gemessen. Die 
fangsoxydfilmen gleicher Dicke iiberzogen sind, zeigen in ihrem Oxydationsverhalten keine Un- 
terschiede, wenn einer der Anfangsfilme elektrolytsich und der anders 
war. 

Das Wachstum der Oxydschicht ist bei Temperaturen bis zu etwa 260°C eine logarithmische, bei 
300°C eine kubische und bei héheren Temperaturen eine annahernd quadratische Funktion der 
Zeit. Bei dicken Filmen findet man eine lineare Abhangigkiet, was wahrscheinlich auf Aufbrechen 
der Oxydschicht zuriickzufiihren ist. Diese Wachstumsgeschwindigkeiten stimmen mit den theo- 
retischen, auf Mott’s Theorie der Oxydation beruhenden, Berechnungen iiberein. 


» thermisch erzeugt worden 


electrolytes. These films are insulators to 
Introduction electric current and hence to further growth by 


At room temperature zirconium is stable to most ionic flow and it was thought that they might also 


forms of attack by gases. The surface is rapidly provide barriers to the absorption of atmospheric 
oxidised to a depth of about 50 A, but the film does gases at higher temperatures. 

not grow appreciably beyond that thickness and The experiments described in this paper were 
protects the metal from further reaction. At a few made to determine the effect of anodic oxide films 
hundred degrees centigrade, however, zirconium on the absorption of atmospheric gases by zir- 
becomes extremely reactive. Indeed, the only gases conium at various temperatures. At the same time 
to which zirconium is stable at these temperatures 
are the inert gases, most of the atmospheric gases themselves in air at various temperatures were 
studied by means of changes in interference colour, 


the structural stability and growth of the films 


and their reaction products being soluble in the 
metal. Reaction with these gases greatly alters the and in weight. 
physical properties of the metal, causing it to The zirconium used by the authors was sheet 


become brittle. metal of thickness 0.127 mm manufactured by the 


Oxide films of up to 104 A thickness can be pro- Kroll process (reduction of zirconium tetrachloride 
duced by anodisation of the metal in suitable with magnesium) and supplied by Murex Ltd. A 
typical analysis of the metal is hafnium 0.5-3.0 


per cent, carbon 0.15 per cent, oxygen 0.08 per cent, 


*Received January 12, 1954. 
tAtomic Energy Research Establishment, Harwell, England. nitrogen 0.04 per cent. 
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Gas Phase Reactions of Zirconium 

In the next paragraphs the reactions of zir- 
conium with some of the more common gases are 
briefly considered. The data given are only approxi- 
mate as the results of different workers are often 
conflicting. This is because the physical properties 
of zirconium are extremely sensitive to impurities, 
and the concentration of these impurities varies 
according to the source of supply. 

(a) Hydrogen. Zirconium occludes hydrogen in 
the same way as does palladium. The reaction 
commences at 300°C, becomes rapid at 400°C, but 
at 900°C all the hydrogen is expelled, showing that 
although the rate of reaction increases with tem- 


perature rise, the solubility decreases. Huddle [11] 


suggests that the gas dissolves in the metal in the 
form of positive ions to form an alloy of indefinite 
composition. Gulbransen and Andrew [6] showed 
that the reaction is dependent on pressure and 
deduced that no surface film is formed. 

(b) Oxygen. Zirconium has a high affinity for 
oxygen, the product being the dioxide, ZrO.. The 
reaction probably starts at about 200°C but does 
not till 300°C. The 
dissolves oxygen gas up to 50 at.% as a 


become considerable metal 
solid 
solution, and this remains fixed at temperatures 
above 1500°C. Zirconium also dissolves the oxide. 
Gulbransen and Andrew [6] showed that the oxida- 
tion is independent of pressure. After oxidation, 
specimens are blue-black in colour, but metallo- 
graphic observations [8] indicated that no oxygen 
diffuses into the 800°C. Electron 
diffraction studies by Hickman and Gulbransen 
[9] of the oxide film formed between 300 and 600°C 


metal below 


showed the monoclinic form of ZrQOs. 

c) Nitrogen. Nitrogen gas is reported [5; 10] to 
dissolve in zirconium to form a solid solution up to 
20 at.%. It also reacts with the metal forming the 
very stable nitride ZrN, which is also soluble in the 
metal. The nitride starts to form at about 400°C, is 
appreciable at 700°C and remains stable even in 
high vacua at 900°C. The reaction is independent 
of pressure, but the existence of nitride films is 
controversial. Gulbransen and Andrew [6] observed 
no coloured films up to 825°C and state that electron 
diffraction evidence was also negative. Hayes and 
Roberson [8], however, and independently Drav- 
nieks [4], observed a faint yellow colour below 800°C 
which became golden at higher temperatures. 

(d) Air and other gases. The above paragraphs 
show that zirconium reacts with the major con- 
stituents of the atmosphere at a temperature of a 
few hundred degrees centigrade. If the metal is 


ACTA METALLURGICA, VOL. 2, 


1954 


allowed to absorb these gases its properties are 
completely altered. Hayes and Roberson [8] report 
that the films produced on their specimens when 
heated in air were bluish-black and _ strongly 
adherent up to 600°C. White spots of oxide then 
appeared till at 700°C the specimens became com- 
pletely white. At 900°C the specimens acquired a 
yellow tint but this was not due to the presence of 
nitride. A specimen heated for one hour at 900°C 
increased its dimensions by about 15 per cent. 
Carbon monoxide and carbon dioxide react at 
400°C to form the oxide and the carbide. The 
oxide is distributed throughout the metal while the 
carbide is present only on the surface [7]. Steam 
attacks zirconium at 200°C, forming a loose white 
oxide on the surface. The halogens react at 200°C 


forming volatile tetrahalides. 


Optical Method 


The oxide films formed by anodising zirconium 
are transparent and show bright colours due to the 
interference of light reflected from the air and metal 
interfaces. These interference colours vary with the 
optical thickness of the film. A series of standard 
specimens can be made by anodising strips of 
zirconium at successively increasing voltages in 
steps of a few volts. Since it has been shown [1] 
that film thickness is proportional to voltage it is 
possible to estimate the thickness of any film by 
comparing it with the standard specimens. The 
colours shown by the standard specimens repeat 
themselves periodically so that the order of the 
colour must be known to judge the thickness. 

If the result of heating zirconium were to increase 
the thickness of the oxide film without changing its 
structure, a change in colour of the film would be 
seen and the amount of the increment could be 
estimated by comparison with the standard speci- 
mens. If an anodised specimen were heated it would 
be easy to see whether the anodic film had increased 
in thickness or whether it resisted change. By this 
method the relationship between thickness and 
temperature could be determined. 


Experimental Details 

A standard specimen was made by immersing 
one end of a zirconium strip in dilute ammonium 
borate and anodising it at a high voltage, then 
immersing it further and anodising it again at a 
slightly lower voltage. The thickness of the film on 
the first portion is not appreciably increased by 
this second anodisation. The process was continued 
until the whole strip was anodised in portions at 


O58 4 
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successively decreasing voltages, in steps of about 
4 volts. Other standard specimens were made in 
the same way so that a range of voltages from 0 to 
200 was covered, each voltage being covered twice 
on different specimens. 

A specimen of zirconium was anodised in 
portions, like the standard specimens, and heated 
in an oven at constant temperature while a dupli- 
cate specimen was kept at room temperature. After 
a given time the specimen was removed from the 
oven and compared with both the duplicate and the 
standard specimens, and the new film thicknesses 
on each portion estimated from its colour. This 
procedure was repeated at different temperatures 
and for different times. It was found in general 
that the lower-voltage portions increased in thick- 
ness while the colours of the higher-voltage portions 
remained the same. The film 
thickness which showed no 
heating in air at a given temperature for a given 
time is called the limiting thickness at that tem- 
perature; it is also the thickness to which all films 
below the limiting thickness will tend when sub- 


minimum anodic 


further increase on 


jected to the temperature under consideration. 
Often it could be only roughly estimated from the 
data. The process was seldom found to be completed 
possibly owing to inadequate time of heating. The 
results are given in Table I. The thicknesses are 
obtained from the voltages of anodisation assuming 
a conversion factor of 20 A/volt [1]. A plot of limit- 
temperature is shown in 


ing thickness against 


Figure 1. 


iIncreas¢ 


l. Curve showl 


specimens heated for 2 hour 


with temperature; 


From these results it can be concluded that 
temperature has the effect of increasing film thick- 
ness if the initial film is sufficiently thin. If it is 
thick enough, however, the anodic film appears to 
be stable, the limiting thickness depending on the 
temperature and possibly to a lesser extent on the 
heating time. These data cannot be used to show 
that no gas dissolves in the metal, as a gas may 


permeate through the surface oxide and dissolve in 
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metal without thickness (and 


the 


the 
hence 


altering the 
film. It 
necessary to determine the weight changes on 


colour) of the was therefore 


heating. 


Gravimetric Measurements 


For these tests the specimens used were squares 
of zirconium sheet of 5 cm edge, buffed, number- 
punched, degreased in trichloroethylene and acetone 
and washed in distilled water. They were weighed, 
anodised in normal ammonium borate solution to 
their various potentials, maintained at that poten- 
tial until the leakage currents had fallen to a 
desired value, and weighed again. During anodisa- 
tion the specimens were each suspended by one 
corner. These bare corners were then cut off so that 
the whole surface of each specimen was anodised, 
and the specimens were re-weighed. They were then 
placed in a furnace at the required temperature and 
removed and weighed at intervals. These measure- 
ments gave the weight increment due to thermal 
oxidation. It was necessary also to know the weight 
of the initial anodic film. This could not be deter- 


mined directly by a single weighing since an ano- 
dised specimen is subjected to a number of weight 
changes, such as (i) a weight gain due to the anodic 
oxide film, (11) a weight loss due to dissolution of the 
metal or its oxide in the electrolyte during anodisa- 
a weight gain due to the trapping of 


the 


tion, and (iii 


volatile compounds, such as water, in film 


during formation. 


It has been reported previously [13] that the 


apparent weight gain due to anodic oxidation is 
1 


0.46 


solution is .02 ug/cm? per volt i.e., al 


cm? per volt, the weight k due to dis- 
compared with the weight of the fi 
to the trapping of volatile compounds is 
.073 ug/cm? per volt. The true weight gain is thus 
0.4lug/cm? per volt 
Four sets of specimens were prepared, the first 
set being used in a preliminary investigation and 
the remaining sets being subjected to temperatures 


of 300°, 435° and 595°C. 


Preliminary Investigation 


Four 


0, 25, 250 and 390 volts. They were weighed, placed 


specimens were prepared and anodised at 
in an oven at 100°C and reweighed at suitable 


intervals. There was a detectable weight gain of 
the non-anodised specimen even at this low tem- 
perature, but the time required for these weight 
been 


gains to become appreciable would have 


excessive. The specimens were subjected to suc- 


| 
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TABLE I 
INCREMENTS IN FILM THICKNESS DUE TO HEATING, AND LIMITING THICKNESS AT ANY GIVEN TEMPERATURE 


(Thickness estimated from interference colours) 


_ Conditions Initial Final 


Temp. of Time of thickness thickness Increment Remarks and limiting thickness 
heating heating (A) ( (A) 


245°C 3 hrs 0 § 8 Process is complete. Everything below 80A has tended 
40 ‘ to 80A within 3 hrs. 
8O 
160 160 
240 240 Limiting thickness SoA. 


0 SO 
80 80 
120 120 
160 160 Limiting thickness 80A. 


0 300 In 4 hours the process of oxidation is incomplete. 
120 360 
240 100 
400 160 
600 600 0 
800 800 0 
1000 1000 0 Limiting thickness 550 A. 


300°C 2 hrs 780 780 
—6§00 —400 
—460 — SU 
500 600 100 
800 800 0 
1000 1000 0 Limiting thickness 800A. 


1360 Process is incomplete even with low initial film 
1280 thickness. 
1200 
1020 
1400 . 180 Limiting thickness can be only guessed. 
1480 1640 160 
1580 1740 160 
1660 1740 80 Limiting thickness™ 1800A. 


0 800 800 Limiting thickness lies between 1600 and 
200 800 600 nearer the former value, say 2000A. 
1180 1360 180 
1260 1440 
1420 1600 
2800 2800 
3000 3000 Limiting thickness— 2000A. 


0 1240 

400 1440 1040 
600 1440 840 
1000 1440 440 
1600 1800 200 
1800 2000 200 
2000 2060 60 
2600 2600 0 
2800 2800 0 
3000 3000 0 Limiting thickness— 2200A. 


2800 3100 300 The process is complete. This is to be expected since 
2900 3100 200 the maximum difference in thickness is only 300A. 
3000 3100 100 

3100 3100 0 Limiting thickness 3100A. 


670 
255°C 2 hrs 
275°C 4 hrs 
350°C 4 hrs — 
455°C 2 hrs a SS}. 
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cessively higher temperatures until at 300°C the 
thermal oxidation proceeded at a reasonable rate. 
The very considerable decrement in weight shown 
by A4 is probably due to the oxide being brushed 
from the surface. The results of these preliminary 
experiments are shown in Table II. 


TABLE II 
WEIGHT GAIN OF ZIRCONIUM SPECIMENS TIME AT 
VARIOUS TEMPERATURES 


WITH 


Mass increment (ug/cm? 


Total time - - 
of heating A3 
(OV) (25V) (250V) 


(hrs) 


nN bv 


69 
119 


The 


observed. Initially Al 


changes in colour of the specimens were 
was metallic silver, A2 was 
blue, corresponding to 23 volts on standard speci- 
mens, A3 was dark grey, and A4 light grey with 
traces of loose white powder which could be brushed 
off. The colour changes were rather indeterminate. 
The non-anodised specimen went through a gradual 
succession of colours, the order of which was diffi- 
cult to identify, ending with a bluish grey colour 
quite unlike any colour on the standard specimens. 
The 25-volt specimen also passed through a suc- 
cession of colours which were difficult to match 
with the standard specimens. 


Weight Changes at Constant Temperature 


For the work at 300°C eight specimens were 
prepared, of which two were not anodised, three 
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volts with various leakage 


one at 200 and the last 


were anodised at 26 
currents, one at 130 volts, 
at 470 The 
could be checked against each other. The 26-volt 


volts. two non-anodised specimens 
specimens were used to discover the effect, if any, 
of temperature on specimens of different leakage 
currents, other than that due to the slight differ- 
ences of thickness which must exist between them. 
When compared with the standard specimens the 
26-volt formed with leakage 


three specimens, 


currents 2000, 43 and 30 wa/cm? at a standard for- 
mation time of 2 minutes, corresponded to poten- 
tials 23, 24 and 25 volts respectively. 

After heating for 40 hours it was found that only 
the had 


gained in weight, while the 130-volt film afforded 


non-anodised and 26-volt specimens 
protection from atmospheric attack. Differences in 
leakage current had no great effect; the specimens 
behaved as though higher leakage currents were 
equivalent to slight decrements in voltage of forma- 
tion. The weight gains are plotted in Figures 2 and 
3. The 


similarly, as was expected, 


two non-anodised specimens behaved 


and the experimental 


scatter can be clearly seen in the graph. 


specimens heated at 300°C in 


Time (HR 


FIGURE 3. Weight increase at : 
only. 


Temp. 
390V 
100 20.8 2 0 0 —18 
200 5.5 2 0 —2 — 24 
23.5 4 0 —4 —36 
100 6 0 —6 —45 
116 8 —6 —49 
163 10 —6 —5] 
250 12 —6 55 
321 14 | —6 —57 
654 14 —6 —65 
220 45.8 18 6 i 
159 24 8 —6 —77 
Le 255 24 12 —6 —83 
2 330 24 10 —§ —85 
954 396 26 12 ~8 89 
250 16.3 28 14 —§ —89 Pe 
43.3 28 16 —91 
300 1.6 30 18 -6 -91 | Le ga 
3.7 30 18 —93 gst 
7.8 32 20 —6 —95 6 
27.4 10) 24 —6 —9] | 
7 52 38 —93 
70 50 —93 
fz 
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TABLE III 


CoLour CHANGES OBSERVED AFTER HEATING AT 435°C IN AIR 


Total time 


Colour changes and equivalent formation voltages 


of heating = 
(hrs) Cl C3 
(OV (50 V) (100 V) 


C4 
(150 V) 


C5 
(200 V) 


C7 
(470 V) 


Green 
(108) 


Silver Golden 
(Q) (59 


Yellow Green 
(115) 


Blue Green Orange 
(31) (68) 


Red Gold 
(120) 


Royal Blue 
(84) 


Dark Mauve 
(80) 


Greyish Red 
(130) 


Blue Green 
(100) 


Green 


5 97 


Pinkish Grey 
(170) 


Purplish Grey 
(180) 


Purplish Grey 
(180) 


Purplish Grey 


Greenish Grey 


(?) 


Dark Green 
(?) 


Dark Green 


(?) 


Dark Green 


Deep Grey 


(?) 


Deep Grey 
(?) 


Deep Grey 


Deep Grey 


Deep Grey 
(?) 


Deep Grey 


(?) 


Deep Grey 
(?) 


Deep Grey 
(?) 


(180) (?) (?) 


The anodisation voltages equivalent to these colours (obtained from standard specimens) are given in brackets. 


Two more sets of specimens, Cl-7 and D1-7, 
each anodised in steps of 50 volts up to 250 volts, 
and including a 470-volt specimen, were heated at 
435° and 595°C respectively. The results are shown 
in Figures 5 and 7. One unexpected phenomenon 
which was observed in these two runs was a very 
great increase in the rate of absorption of atmo- 
spheric gases after the runs had progressed for 
many hours. This may have been due to cracking 
of the film and dissolution of atmospheric gases in 
the metal. At 435°C interference colours were seen 
up to 15 hours of heating, as shown in Table ITI, 
after which the specimens assumed a medium grey 
colour which remained permanent. At 595°C no 
interference colours were seen as the specimens 
became grey within ten minutes. After 20 hours 


they were light brown, very crinkled and brittle. 


300°C inodic plus 


, growth i approxi- 


Analysis of Results 
The curves in Figures 3, 5 and 7 show the weight 
increases due to thermal oxidation alone. At any 
one temperature the effect of 
deposited electrolytically is to reduce the initial 


the oxide layer 


uptake of gas by the metal. For long periods of 
heating the relative difference between the variously 


Weight increase at 435°C due to thermal oxide 


anodised samples becomes negligible. If we assume 
that the oxide formed electrolytically is identical 
with that 
difference between the curves at a given tempera- 
ture should be in the time factor; the non-anodised 
specimens take a certain time, fo, to reach the same 


obtained by heating, then the only 


state of oxidation as has already been obtained 
total 
increase (anodic plus thermal) is plotted against 


electrolytically. If, therefore, the weight 
t + t, the curves should coincide. The time ¢) can be 
determined from the known weight of the anodic 
film (0.41 ug/cm? per volt) and the thermal oxida- 
tion curve for a non-anodised specimen. Thus for a 
specimen anodised at 200 volts the weight of the 


anodic layer is 200 X 0.41 = 82 yug/cm?, and at 


672 
C6 
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435°C the time ¢) needed for non-anodised metal to 
reach this film thickness is six hours. A small cor- 
rection factor of .073 ug/cm? per volt must also be 
added to the total weight gain to allow for evapora- 
tion of water, etc., from the film. The initial weight 
gains taken in the first few minutes while the eva- 
poration was taking place will be erroneous. 
Figures 4, 6 and 8 show that the curves corrected 
in this manner are linear and close together. In the 


FicurRE 6. Total weight increase at 435°C (anodic plus 
thermal film) corrected for initial time factor loss of 
volatile compounds. The slope is 0.445, i.e., growth is approxi- 
mately quadratic. After about 100 hrs. the growth rate is 
linear. 


and 


case of oxidation at 300°C the curves do not 


coincide exactly. This is probably due to the 


assumption that the weight of volatile compounds 
included in the film is proportional to voltage. 
It is concluded that at these temperatures there 


is no essential difference between the oxide layer 
formed electrolytically in ammonium 


borate, and that produced by heating. 


aqueous 


FIGURE 7. 
oxidation only. 
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In the theory of oxidation given by Mott [12] a 
barrier exists between the metal and the oxide. 
Under the influence of an electric field across the 
oxide, metal ions are able to surmount the barrier, 
and flow into the oxide layer, resulting in a thicker 
film. The electric field may be produced either by 
the passage of electrons to the outer surface of the 
oxide, as in thermal oxidation, or by the imposition 


of an external voltage, as in electrolytic oxidation. 


FIGURE 8 Total weight increa 595°C 
thermal film). The slope is 0.40, i.e., the growth is ay 
mately quadratic. After about 12 hrs. the 
linear. 


growth 


this and which 


metallic 


A calculation based on theory, 
the 


electric field, as well as with it, has been given by 


allows for flow of ions against the 


one of the authors [2]. This shows that the relation 
between oxide thickness and time depends on the 
value of a 
electric field F, 


divided by kT. 


parameter z, equal to the product of 


ion charge g and barrier width a, 


For low temperatures, when 2 is 


much greater than unity, the growth should be an 


approximately logarithmic function of time, and 
the film grows to an approximately constant thick- 
ness, which depends on the temperature. At higher 
temperatures, when z is about equal to one, the 
growth should be approximately cubic, while for 
lower values of z, (at still higher temperatures) the 
growth is parabolic. These theoretical predictions 
appear to apply in the oxidation of zirconium. At 
200°C, the film 
thickness, above 300°C 


it is approximately parabolic (Figure 2 


low temperatures, up to about 


crows to a limiting 

According to theoretical calculations, the logar- 
ithmic law of growth, and the concept of a limiting 
film thickness should fail for values of z of about 3. 
The value of ga/kT zirconium is 
3.4 X 107-* cm at 20°C and 2 X 10~* at about 
250°C. The field F equals the potential across the 


oxide, which for thermal oxidation is about 2 volts, 


for about 


volt 
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divided by the film thickness 6. Thus the maximum 
thickness 6 for logarithmic growth should equal 
2 X 10-* X 2 divided by a factor of about 3, or 
about 130A. As Table I 
thickness at 255°C is about 80 A, whereas at 275°C 


film growth is incomplete when the thickness is 


seen in the limiting 


550 A. No great accuracy can be claimed for these 
results, but the agreement is as satisfactory as can 
be expected. 

Cubic growth occurs for values of z close to one. 
At 300°C ga/kT is about 1.7 X 10~*, and if the 
potential across the film for thermal oxidation is 


2 volts, and if z = l, 


the film thickness 6 ~ 3.4 
X 10-* cm i.e., there is a weight increase of about 
10 weg/cm?. The weight gain of non-anodised zir- 
conium due to heating at 300°C is 10 ug/cm? after 
15 minutes (corresponding to z = 1) and 90 ug/cm? 
after 100 hours (z ~ 0.1). The observed slope of the 
this 


(Figure 4) is 0.35, which is close to that given in a 


weight increase/time curve at temperature 
cubic law (0.33). 

At higher temperatures the observed rate of 
growth approximates to a parabolic law (6 @ f°) as 
required by the theoretical calculations. At 435° 
the slope of the weight increase/time curve, on a 
double logarithmic plot is 0.445, and at 595° it is 
0.4. These that 

(0.5) possibly because the transition 
from the cubic to the quadratic law of growth is not 


close to values are lower than 


predicted 


complete. 

After very long heating the rate of oxidation 
increases more rapidly than is given by a parabolic 
law, being approximately linear. This may be due 
to cracking of the very thick oxide layer, which 
tends to powder off the specimen. Oxidation would 
then depend on the rate of penetration of oxygen 
into the fissures. This is analogous to the electro- 
lytic oxidation of aluminium in electrolytes such as 
dilute sulphuric acid, when the oxide is porous, and 
the law of growth is linear with time. 

From the difference in weight gain after 10 hours 
at 435°C and 595°C the activation energy for the 
oxidation process can be estimated; this amounts to 
about 0.75 eV. or 17000 cal/mole. 


Conclusions 
Over the range of temperature and film thickness 
considered, there is no essential difference between 
the oxide layer formed on zirconium by thermal or 
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the thermal 


oxidation of specimens with an initial anode layer 


electrolytic oxidation. In general 


proceeds as if these specimens had previously 


acquired the same oxide thickness by heating alone. 
Where the anodic film is already thicker than the 
oxide which would be formed by heating only, the 
former grows but slightly when heated; where the 
anodic film is thinner than the ultimate thermal 
growth of the oxide, the anodic film merely delays 
the thickening of the film on heating. 

The rate of oxidation between 300° and 600°C is 
approximately parabolic. After prolonged heating 
the rate increases markedly, and becomes almost 
linear. This change has previously been observed 
by Cubicciotti, Dravnieks and Blevitzky [3] and 
has been ascribed by them to increased temperature 
of oxidation. Our experiments, which extend over a 
wider time range than theirs, indicate that this 
explanation does not hold, since the effect is ob- 
served at 435°C for a thickness of about 104 A, and 
at 595°C at 5 & 104A. 
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THE NITRIDES AND OXIDE-NITRIDES OF TUNGSTEN* 
R. KIESSLING and L. PETERSON} 


A tungsten oxide-nitride with a composition close to the formula W.2N.620 
by analytical and X-ray methods. It was obtained by reducing ammonium f 
trioxide with ammonia, probably has metallic properties, and belongs t 
It has a defective MeX-lattice with the sodium chloride structure. Only 
positions, however, are statistically occupied by tungsten atoms, whereas probably) 
are occupied, 62 per cent by nitrogen atoms and 38 per cent by oxygen. 

The y-nitride in the tungsten-nitrogen system has also been shown to be an oxide 
phase has also a defective tungsten lattice, but the vacancies are ordered. Its ideal f 
(N, O):.00, where the ratio N:O is unknown but certainly greater than for W.N.0 

In conclusion there is a short discussion regarding the electronic structure of the 


LES NITRURES ET LES OXYDES-NITRURES DE TUNGSTENI 

On a investigué par des méthodes analytiques et aux rayons X, un oxyde-nitrure de tungsténe, 
dont la composition se rapproche de la formule Wo,62N 0,620, 3s. Ce composé fut obtenu par la réductior 
d’un paratungstate d’ammoniaque ou un trioxyde de tungsténe avec l’ammoniaque. Il a probablemen 
des propriétés métalliques et appartient a la classe des composés interstitiels. Ce composé a un réseat 
défectueux du type—MeX avec la structure du chlorure de sodium. Toutefois, seulement 62 pou 
cent des positions Me sont statistiquement occupées par des atomes de tungsténe, alors que le 
positions X sont probablement toutes occupées; les atomes d’azote en occupant 62 pour cent et les 
atomes d’oxygéne 38 pour cent. On a montré que les nitrures y du syst¢me tungsténe-azote sont aussi 
des oxydes-nitrues. Cette phase a aussi un réseau défectueux du tungsténe, mais les lacunes y sont 
ordonnées. Sa formule idéale est Wo,75(N, O):,00, o le rapport N: O est inconnu, mais certainement 
plus grand que dans le cas de Wo,62No,62Oo,3s. Pour conclure, la structure électronique des oxydes 
nitrures est bri¢vement discutée. 


DIE NITRIDE UND OXYDNITRIDE DES WOLFRAMS 


Ein Wolframoxydnitrid mit einer etwa der Formel Wo,¢2No,62Oo,33 entsprechenden Zusammenset 
zung wurde analytisch und réntgenographisch untersucht. Es wurde durch Reduktion von Ammoni 
parawolframat oder Wolframtrioxyd mit Ammoniak erhalten; es hat wahrscheinlich metallische 
Eigenschaften und gehért zu den Einlagerungsverbindungen. Es hat ein fehlerhaftes MeX- Gitter 
mit einer Natriumchlorid-Struktur, in dem jedoch nur 62% der Me-Gitterplatze statistisch von 
Wolframatomen besetzt sind. Dagegen sind wahrscheinlich alle X-Gitterplatze besetzt, 62% mit 
Stickstoffatomen und 38% mit Sauerstoff. 

Es wurde ausserdem gezeigt, dass das y-Nitrid des Wolfram-Stickstoffsystems ein Oxydnitrid ist 
Diese Phase ist ebenfalls ein fehlerhaftes Wolframgitter, in dem die Leerstellen jedoch geordnet 
sind. Die theoretische Formel dieser Verbindung ist Wo,7; (N,O)1,00; das Verhaltnis N: O ist nicht 
bekannt, jedoch bestimmt grésser als fiir Wo,¢62N 0, 62Oo,38 

Abschliessend wird die Elektronenstruktur der Oxydnitride kurz diskutiert 


Two nitrides of tungsten are known from earlier it was also impossible to obtain this phase in a 
work. Hagg [1] reported that a nitride with a_ pure state. It will be shown below that the y-phase 
face-centred cubic metal lattice was formed if has an ordered defective lattice containing both 
tungsten was nitrided with dry ammonia at _ nitrogen and oxygen. 
700-800°C. The formation of this nitride was _ 
very slow, however, and it was not possible to The Existence of a Tungsten Oxide-Nitride 
obtain it in a pure form; it always appeared mixed During experiments with the red 
with tungsten. The phase was called the 8-phase in ammonium paratungstate to tungsten with am- 
the tungsten-nitrogen system, and assumed to monia, the present authors observed that a phase 
have a composition of W2N, but the formula’ with a face-centred cubic metal lattice could be 
could not be verified. Later, Kiessling and Liu [2] obtained in a re state as the final reduction 
observed a new nitride, the y-phase, formed at product if the reduction was carried out at a 
about 800-900° if tungsten was nitrided with temperature of about 700°C. The phase had a 
ammonia. The y-phase was assumed to be closely grey, metallic lustre and was usually difficult to 
related to the B-phase. Its lattice was of the simple distinguish from tungsten powder. The lattice 
cubic type. The structure could not be determined constant, about 4.138 A was slightly greater than 
but was probably closely related to that of the that of the B- and y-phases in the tungsten- 
8-phase. The nitrogen content was assumed to be nitrogen system (4.126 and 4.122 — 4.130 A 
about 33 atomic per cent, as for the 8-phase, but resp.). The phase could also be obtained by 


reducing tungsten trioxide, a process which has 
*Received January 15, 1954. 
tSéderfors Bruk, Séderfors, Sweden. been described in a patent journal [3]. However, 


ACTA METALLURGICA, VOL. 2, SEPT. 1954 


¢ tig te j 
te ort Té 
che 
‘ 
-nitride. TI 
la \\ 
A 


676 


a tungsten content 
much too low and a nitrogen content too high to 
correspond to the formula W.N. Large amounts 
of oxygen were also found to be present in the 


the chemical analysis showed 


lattice. On structural grounds the formula may be 
written W,N,O;_,, where the values of x and y 
both are about 0.62. Before discussing the results, 
which are given in Table I, the methods of analysis 
will be described. 

The chemical analyses were carried out in the 
following Tungsten determined by 
oxidizing the specimens in dry oxygen to tungsten 
amount of trioxide 


way. was 


trioxide and weighing the 
formed. Some control analyses were carried out by 
dissolving the samples in a mixture of nitric and 
hydrofluoric acids, precipitating the tungsten as 
tungstic oxide, and igniting the precipitate. 

Nitrogen was usually determined by heating the 
compound to about 1100°C and pumping the gases 
formed. It had been found that the phase was 
completely converted to a mixture of tungsten 
and tungsten dioxide if heated in vacuum at this 
temperature for 2-3 hours. During this process the 
nitrogen was given off, which could be checked by 
comparing the results with some analyses by the 
Kjeldahl method. The method was usually avoided, 
however, because of the vigorous reaction which 
often occurred. 

The oxygen content was directly determined by 
reduction of the oxide-nitride with hydrogen at 


about 1000°C and weighing the amount of water 
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phosphorous pentoxide when the 


absorbed by 
gas had passed the reaction zone. The residue after 


reduction was pure tungsten, and the completeness 
of the reduction could be tested by comparing the 
tungsten content after reduction and oxidation of 
the specimens. Because of the presence of oxygen in 
the lattice the specimens always formed a mixture 
of tungsten and tungsten dioxide if they were 
heated in vacuum at 1000-1100°C. (No trace of 
tungsten dioxide was observed if tungsten powder 
was heated in the same apparatus under the same 
conditions.) A probable process for this formation of 
tungsten dioxide is illustrated by the following 


reaction formula 
Wo.62 No.62 Oo. 38 — 0.31 No + 0.19 WO, _ 0.43W. 


The tungsten dioxide is thus formed by the oxygen 
which is present interstitially in the oxide-nitride 
and which will form the dioxide when the lattice 
of the oxide-nitride is broken down by the evolu- 
tion of nitrogen in vacuum. A mixture of 63 w.t. 
per cent tungsten and 37 w.t. per cent tungsten 
dioxide will thus be formed if the oxide-nitride is 
heated in vacuo. Such a mixture was prepared and 
the X-ray photograph compared with the residue 
after vacuum extraction. The photographs were 
very similar. 

As is shown by the results in Table I, 
composition of the oxide-nitride is independent of 
the period of nitriding, within the limits of error, 
is also 


the 


if this period has been long enough. It 


TABLE 


Formula* 
(according to 
the analyses 


Method of 
preparation 


Density (a 

calc. 4 
metal 
atoms 


observed 
defective 
lattice 


WisNss0«: 


19.0 14.0 paratungstate 


3" NHs, 700° 
(trace of 


paratungstate 
5", NH, 700° 


paratungstate 
12", 700° 


paratungstate. 
48", NHs, 700° 


3", 700° 
WOs, 7", 700° 
WO,, 11", 


700° 


*The formulas have been written with the sum of the N and O atoms in each case = 


100. They thus illustrate a MeX lattice 


with NaCl structure where all the X-positions are occupied by the N and O atoms together and only part of the Me-positions 


by W atoms (73, 60, 63, 62, 53, 63 and 64 per cent resp.). 


| 
W N O 4,14A) 
veights weights weichts 
89.5 5.1 4.3 12.2 
ro 88.0 6.8 5.0 11.3 19.4 11.7 P| 
89.1] 6.5 1.8 19.3 12.2 
86.8 ame 5.8 11.4 20.3 10.5 
i 88.6 6.9 4.3 12.0 19.4 12.2 
88.4 6.4 4.7 11.5 19.4 12.4 
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independent of whatever compound, tungsten 
trioxide or paratungstate, has been used for the 
preparation. The formula obtained if the mean 
value of all the analyses are used is W.¢62 N 4 
O.33 (the values after 3" nitriding of WO; or 
paratungstate have been excluded because of 
incomplete reaction time). On structural grounds, 
which will be discussed below, the sum of the oxy- 
gen and nitrogen atoms has been put equal to 
1.00. The homogeneity range seems to be very 
narrow. The X-ray reflexions are those of a face- 
centred metal lattice with a cube-edge of 4.138 + 
0.002 A. The intensities, but not the densities, 
are compatible with the assumption that 4 tungsten 
atoms are present in the unit cell, occupying the 
positions 000, $40, 303, 034. 

The densities, experimentally obtained by the 
pycnometric method with about 5g of the sample 
each time, have also been given in Table I. These 
densities are far too low, however, compared with 
the densities calculated from X-ray data with 
the assumption that 4 metal atoms are present in 
the unit cell, i.e., occupy the corners of the cube 
and the centres of the faces of the cubic unit cell. 
These calculated densities are also given, and it is 
evident that, even with a large experimental error 
in the density determination, the densities ob- 
tained are much too low to agree with the assump- 
tion of 4 metal atoms in the unit cell. The densities 
obtained indicate that between 2 and 3 metal 
atoms in the unit cell is much more probable. 

Furthermore, space considerations strongly sup- 
port the assumption of a face-centred tungsten 
lattice with tungsten atoms missing. The number 
of nonmetal atoms nitrogen and oxygen together 
is about 1, 5 to 2 times that of the number of the 
tungsten atoms. In a fully occupied face-centred 
metal lattice with a parameter of 4.14 A there will 
be two types of interstices, ‘‘octahedral’’ and 
“tetrahedral’’ interstices. In the ‘‘octahedral”’ 
interstices a nonmetal atom will be octahedrally 
surrounded by six metal neighbours and the 
greatest radius possible for the atom will be 0.63 
0.69 A (depending on whether the radius of the 


tungsten atom is assumed to be 1.46 A as ob- 
tained from this structure or 1.40 A as obtained 
from other similar compounds). In the ‘“‘tetra- 


hedral” interstices a nonmetal atom will be 
tetrahedrally surrounded by four tungsten atoms 
and the greatest possible radius for an inter- 
stitial atom will be 0.33-0.39 A. The radius of the 
nitrogen atom has been found for several structures 
to be about 0.71 A. The radius of the oxygen atom 


seems to be about 0.60 A, and if some ionisation 
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to a negative oxygen ion occurs the value will be 
greater. 

It is that 


interstices will have space for the nonmetal atoms, 


thus evident only the octahedral 
and the total number of such interstices is equal 
to four for the face-centred cubic cell. Thus there 
cannot be an oxide-nitride with a face-centred 
lattice with a greater number of nonmetal atoms 
than metal atoms unless some of the metal atoms 
in the face-centred lattice are missing. 

There are several possibilities for the structure 
of such a defective lattice (see below). The most 
probable, in the authors’ opinion, is that the non- 
metal atoms oxygen and nitrogen together occupy 


all 


cell 


‘‘octahedral’’ positions of the cubic unit 
1 il 
700 and +34), 
of the 


metal 
positions in the face-centred lattice (0334, 


the 
(with coordinates 004, 030, 
whereas statistically about 2/3 
203, 
033 and 000) are occupied by tungsten atoms and 
about 1/3 empty. In Table I the densities for the 
different specimens have been calculated on this 
the obtained from 
chemical The 
served and calculated densities is very good. 

It has that the vacant 
sites of the metal lattice are empty. The possibility 
may be filled with nitrogen or 


assumption, using formulas 


analysis. agreement between ob- 


been assumed above 


that these ‘‘holes”’ 
oxygen atoms must also be considered, but may 
be rejected because the resulting densities would 
not be in accordance with the observed ones. If, 
for instance, all the the lattice 
are assumed to be occupied by 
oxygen and nitrogen atoms, the formula could be 
written about W.75 N 15 O10 (N60 49). The density 
calculated for this compound would be 14,6, far 
density 


of ol 


too great compared with the observed 
of 11.3—12.0. 

There is also the possibility of vacancies both 
in the metal and in the nonmetal lattices. This has 
been by for the NbO-lattice 
[4]. The experimental evidence makes such an 
A lattice with 10 per 


suggested Brauer 
assumption rather unfeasible. 
cent of the sites of the nonmetal atoms in W.¢ 
N62 unoccupied calculated 
density of 10.5 compared 
density of 11.3-12.0.) 
Finally, several attempts were made to produce 


would give a 


with the observed 


an ordered defective lattice of this phase. They 
were not successful (see below 
The Tungsten-—Nitrogen System 


Because of the high nitrogen content of this 
oxide-nitride, the and the 
existence of a defective lattice, a reinvestigation 


presence of oxy ven, 
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of the tungsten-nitrogen system was undertaken. 


Starting materials were tungsten powder and 
ammonia, and the nitriding was carried out in a 


various temperatures and for 


tube furnace at 
various periods. In some experiments the ammonia 
was carefully dried, and all oxygen was finally 
removed from it by passing over zirconium hydride 
at about 800 degrees; in other experiments the 
ammonia contained small amounts of oxygen and 
The are the essential 


water following 


vapor. 
results: 

The 8-phase [1], assumed by Hagg to have the 
composition between 600°C 


and 850°C, and was always mixed with a much 


was formed 
greater amount of tungsten. It had a face-centred 
cubic metal lattice and was formed by both pure 
and impure ammonia. 

The y-phase [2] was only formed if the ammonia 
contained small amounts of oxygen or water. 
It had a simple cubic metal lattice closely related 
to the B-phase. All the reflexions with unmixed 
indexes present in the 6-phase were also present 
and strong in the y-phase, but in addition there 
were weak reflexions with mixed indexes (Table 
Il). The y-phase too was always mixed with a 
much greater amount of tungsten. 

It was possible to determine the crystal structure 
of the y-phase, previously unknown. The reflexions 
are those of a simple cubic lattice (Table II), 


TABLE II 
ubic, O!,-— Pm3m. Calculated for 3 W-atoms 
+0 4,03 4. The observed intensities have been 
film taken with monochromatic Cu radiation 


(obs) 


Qo 


78 


except that the reflexions with unmixed indexes 
are much stronger than the others. The earlier 
investigation by Kiessling and Liu was based on 
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metal positions were 


the assumption that all 
occupied by tungsten atoms, and it was never 
possible to obtain acceptable agreement between 
observed and calculated intensities with this as- 
sumption. A reinvestigation by the present authors 
showed, however, that close agreement between 
observed and calculated intensities was obtained 
if the face-centred metal lattice of the y-phase 
was assumed to be an ordered defective lattice, 
with the metal atoms in the positions with co- 
ordinates 330, 304, and 033, but with the atom at 
the corner of the cube, 000, missing (Table II). 

The formula for the y-phase should thus be 
W.75 N, O:_., where 2 
with W 62 N 62 O.3s for the oxide-nitride described 
above. Attempts to determine z by nitrogen and 
results 


is unknown, as compared 


oxygen analyses reproducible 
because of the small amounts present. The oxygen 
content of W.72 N, O;_, is certainly much smaller 
than for W 62 N.¢2 O.3s, since the former is formed 


from pure tungsten and impure ammonia whereas 


gave no 


the latter is formed from oxygen-rich tungsten 
compounds. 

The 
different oxide-nitrides exist. One, W.62 N.¢2 O.3, 
tungsten 


results seem to show that at least two 


has a defective disordered face-centred 
lattice, and the length of the axis of the cubic cell 
is 4.188 A. The other, W.7; N- O; formerly 
called the y-phase in the tungsten-nitrogen system, 
has an ordered, defective, simple cubic tungsten 
lattice with the cube-edge 4.122-4.130 A. 

Because of the structural relationship between 
the two defective lattices of the W 15. 
N, Oy, and the disordered W.¢62 N.¢2 O38, the 
effect of various heat treatment was tried. 

All attempts to order the defective 
lattice of the W.62 N.62 O.3s-phase were unsuccess- 
ful. 

The ordered W.75 N, O;_,-phase (the y-phase) 
changed to a face-centred cubic lattice on anneal- 
ing at 890 degrees for some hours and quenching. 
This new face-centred lattice could again be 
transformed to the y-phase if annealed for some 
hours in ammonia or a vacuum at temperatures 
below about 850°C. These reactions indicate an 
order-disorder the -+-phase, 
but no definite conclusions can be obtained, as the 
phases always appeared mixed with a much 
greater amount of tungsten. 

The 8-phase formed by pure, dry ammonia could 
not be transformed to the y-phase, whereas the 
8-phase containing oxygen could be transformed. 


ordered 


tungsten 


transformation for 


= 
n 
in a Guinier camera. 
hkl (calc) 

0 27 29 

0 47 50 

1 255 255 

0 176 169 

0 72 63 

] 67 75 

0 268 264 

1 58 

0 14 54 

0 53 33 

456 370 

2 147 124 

0 47 39 

] 91 
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AND 


This also indicates that the y-phase is an oxide- 


nitride and not a nitride of tungsten. 
Discussion 
The 


because they have oxygen atoms interstitially in 


oxide-nitrides described are of interest 
the metal lattice. They thus belong to the same 
group of compounds as the carbides, borides, and 
nitrides of the transition metals, and are related 
to the oxide-nitrides of titanium [5], as well as to 
the oxides with the structure of the high-speed- 
steel carbide [6]. It is of special interest to compare 


the compounds 
WN, Nz and W.e2 O.38 


the of in the lattice in- 


creases. The metal lattice is the same face-centred 


where amount oxygen 
cubic lattice for all the phases. With increasing 
amount of oxygen, however, an increasing number 
of vacancies in the tungsten lattice appear. 

This seems to support the theory advanced by 
one of the present authors (R. K.) for the borides 
of the transition metals [7], that the interstitial 
boron atoms (and similarly for carbon and nitro- 
gen [8; 9]) give part of their electrons to the metal 
lattice. When oxygen is introduced into the tung- 
sten nitride, kind of N-O bonds are 


some pro- 
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bably formed. Part of the electrons of the nitrogen 
atoms are thus engaged in bond formation with the 
strongly positive oxygen atoms, which tend to 
form negative oxygen ions. The number of elec- 
the 
stitial nitrogen atoms to the tungsten lattice thus 


trons which can be transferred from inter- 


increasing content. The 
of lattice 
decreases, though defects appearing in the tungsten 


decreases with oxygen 


electron concentration the metal thus 


lattice tend to maintain it. 
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FORMATION ENERGIES OF VACANCIES IN COPPER AND GOLD* 
C. J. MEECHAN and R. R. EGGLESTON} 


he electrical resistance of pure copper and gold has been measured as a function of temperature 
from room temperature to 950°C. The experimental data taken below 500°C for each metal were 
fitted by an expression of the form R = A + BT + CT?®. This equation fitted the data, within the 
experimental error, up to 600°C for copper and 500°C for gold. At higher temperatures the measured 
resistance values exceeded the extrapolated quadratic function. This additional resistance, AR, has 
been attributed to the presence of vacancies existing in thermodynamic equilibrium at the high 
temperatures. It was found by plotting log AR vs 1/T that the dependence of AR on temperature 
can be represented by the following expression: 

AR = A exp (—E/kT). 

Here E is presumed to be the formation energy of vacancies. The values of E determined in this 
manner for copper and gold are 0.90 + .05 ev and 0.67 + .07 ev, respectively. The activation energy 
for self-diffusion in face-centered cubic metals should be the sum of the formation energy and the 
activation energy for migration of vacancies for the particular metal. From the known energies for 
self-diffusion and the formation energies of vacancies given above, the activation energies of 1.17 
ev and 1.54 ev are obtained for the migration of vacancies in copper and gold, respectively. Using 
theoretical values for the resistivity per atomic per cent vacancies, and the AR values determined in 
this paper, the vacancy density near the melting point of copper is estimated to be of the order of 
1 per cent. 


LES ENERGIES DE FORMATION DE LACUNES RETICULAIRES DANS LE CUIVRE E1 
DANS L’OR 


On a mesuré la résistance électrique du cuivre et de l’or purs en fonction de la température, dans 
l’intervalle allant de la température ambiante jusqu’a 950°C. Les données expérimentales, obtenues 
pour chacun de ces métaux, en dessous de 500°C, peuvent étre représentées analytiquement par 
R= A+ BT + Cette equation satisfait aux données, a l’erreur expérimentale prés, jusqu’a 
600°C pour le cuivre et jusqu’a 500°C pour l’or. Aux températures plus élevées, les valeurs mesurées 
de la résistance étaient supérieures aux valeurs extrapolées de cette fonction du second degré. Cette 
résistance supplémentaire AR fut attribuée a la présence de lacunes réticulaires qui existent en equili- 
bre thermodynamique aux températures élevées. En portant dans un diagramme log AR en fonction 
de 1/T ona constaté que AR peut étre exprimé en fonction de la température par l’equation suivante: 
AR =A exp (—E/kT) ou E représenterait l|’énergie de formation des lacunes. Les valeurs de E 

le cuivre et l’or sont de 0,90 + 0,05 ev et 0,67 + 0,07 ev respective- 
levrait 


déterminées de cette facgon pour le « 
ment. L’énergie d’activation pour l’autodiffusion dans les métaux cubiques a faces centrées ¢ 
étre égale 4 la somme de |’énergie de formation et de l’énergie d’activation pour la migration des 
lacunes dans le métal en question. En se basant sur les valeurs des énergies d’activation pour I’auto- 
diffusion, connues, et les énergies de formation des lacunes indiquées plus haut, on obtient des énergies 
d’activation pour la migration des lacunes de 1,17 ev et 1,54 ev pour le cuivre et l’or respectivement. 
En employant les valeurs théoriques de la résistivité par pour cent de lacunes en atomes et les valeurs 
de AR présentées dans cet article, on a estimé la densité des lacunes au voisinage du point de fusion 


du cuivre a environ 1 pour cent. 


BILDUNGSENERGIEN VON LEERSTELLEN IN KUPFER UND GOLD 


Der elektrische Widerstand von reinem Kupfer und Gold wurde als Funktion der Temperatur 
zwischen Zimmertemperatur und 950°C gemessen. Die experimentellen Resultate beider Metalle 
unterhalb von 500°C konnten durch die folgende Gleichung beschrieben werden: R = A + BT+CT?*. 
Innerhalb der experimentellen Fehlergenzen geniigte Kupfer dieser Gleichung bis zu 600°C und Gold 
bis zu 500°C. Bei héheren Temperaturen waren die gemessenen Widerstandswerte grésser als die aus 
der quadratischen Funktion extrapolierten Daten. Dieser zusatzliche Widerstand, AR, wird den im 
thermodynamischen Gleichgewicht bei héheren Temperaturen vorhandenen Leerstellen zugeschrie- 
ben. Wenn man log AR gegen 1/T auftragt, zeigt es sich, dass man die Temperaturabhangigkeit von 
AR durch die folgende Gleichung ausdriicken kann: 

AR = A exp (—E/kT 
wobei E als die Bildungsenergie der Leerstellen gedeutet wird. Die auf diese Weise ermittelten 
E-Werte fiir Kupfer und Gold sind 0,90 + 0,05 eV bezw. 0,67 + 0,07 eV. Die Aktivierungsenergie 
der Selbstdiffusion in kubisch-flachenzentrierten Metallen sollte gleich der Summe der Bildungs- 
energie der Leerstellen und der Aktivierungsenergie ihrer Wanderung in dem betreffenden Metall 
sein. Aus den bekannten Energien der Selbstdiffusion und den oben angegebenen Bildungsenergien 
der Leerstellen werden fiir die Wanderung von Leerstellen in Kupfer und Gold Aktivierungsenergien 
von 1,17 eV und 1,54 eV erhalten. Aus theoretischen Werten des Widerstands pro Atomprozent 
Leerstellen und aus den in der vorliegenden Arbeit ermittelten AR-Werten wurde die Leerstellen- 
dichte in der Umgebung des Schmelzpunktes von Kupfer gréssenordnungsmassig zu 1% geschatzt. 


; Schottky defects. The activation energy for motion 

Introduction of these vacant lattice sites as well as their formation 

It is generally accepted that a metal damaged energy has received considerable attention in an 
either by deformation [1] or high-energy particle effort to understand the physical behavior of metals. 
irradiation [2] has present within it large numbersof MacDonald [3; 4] has measured the temperature 
— —— dependence of resistivity of the alkali metals. He 


Received February 6, 1994. ; found an ‘‘anomalous’”’ increase in the electrical 

fAtomic Energy Research Department, North American 
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resistivity of these metals near the melting point 
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and attributed this additional resistivity to the 
formation of excess vacancies generated at the higher 
temperatures. This extra resistivity was found 
to be proportional to a Boltzmann factor, e~#/*7, 
where E is the energy of formation for vacancies. 
This work suggested to the authors that the for- 
mation energies for vacancies in copper and gold 
might be obtained in a similar manner. 

It is the purpose of this paper to report the results 
of measurements of electrical resistance made on 
pure copper and gold as a function of temperature, 
and to determine the values of the formation 
energies of vacancies in these metals from the 
resistance-temperature data. 


Experimental Procedure and Results 


The copper and gold specimens used for these 
measurements were furnished by the Johnson and 
Matthey Company and were stated to be of 99.999 
per cent purity before drawing into wire (0.009- 
inch diameter for copper and 0.012-inch diameter 
for gold). The wire was wound on a lavite frame 
which was in turn supported by the electrical lead 
wires inside a massive molybdenum cylinder which 
stability. This 


was 


furnished thermal cylinder 


placed within a vacuum furnace in which the 


pressure was maintained below 10-* mm of mer- 
cury. The electrical connections, made of commer- 
cial purity wires of the same material as the sample, 
were spot welded to the sample and brought outside 
the vacuum furnace through Kovar seals. 

The resistance measurements were made by 
standard potentiometric methods using Rubicon 
Type “B” Potentiometers. A measuring current of 
0.1 ampere was the 
copper and 0.03 ampere for the gold. The usual 
precautions were taken so that the readings could 
be corrected for thermal voltages that might appear. 
temperature were 


used for measurements on 


Simultaneous measurements of 


made by using a chromel-alumel thermocouple, 


which was mounted close to the sample within the 


SPECIMEN RESISTANCE (OWMS) 


| 


#00 


MEASUREMENT TEMPERATURE MC) 


FiGurRE 1. Resistance vs temperature curves for pure 


copper and gold. 
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molybdenum block. The precision of measurement 
was within 0.5°C although the absolute accuracy 
may be somewhat less. 


The 


Tables I and II. Figure 1 shows the temperature 


results of the measurements are given in 
dependence of the electrical resistance for both 
metals throughout the measurement range. 


TABLE I 


COPPER 


Rmeas 


ea 
al 


(ohms A 
00015 
00017 
00016 


15275 15260 


] 5852 58: 
16802 16818 
00020 
19254 
21774 
23198 
24920 
26413 


28351 


18064 
19249 
21770 
23210 
24933 
26402 


28350 


00004 
00012 
OOO1LS 
00001 
30555 30553 00002 
32716 32711 
34998 34948 


37159 


00005 
00050 
37061 


38979 38847 00132 
$0420 10232 1 QO188 
$2307 12034 
13798 13431 
16111 


$8555 


00273 
00367 
16690 00579 
19350 00795 


20° 


| 


AR 
n oa 


07993 OSO009 00016 
11302 
12992 
14106 
18490 
19125 
19677 
20993 
22305 $83.5 22288 

. 23516 518 23476 
24706 551 24644 
25916 25832 
27206 620 27094 

676 29140 

31459 730 31157 
32470 795 32109 

805 34046 

848: 35711 

37737 

39445 


11272 00030 


12970 00022 
14130 
18499 
19140 


00024 
00009 
OOO1L5 
00007 
20990 O0003 
00017 
00040 
00062 
585. 00084 
00112 
29325 OO185 
00302 
00361 
34563 00517 
36391 
38655 


40637 941.2 


00680 
00918 


01192 


20°C = 2.35 micro-ohm-cm‘ 


PA 


a, 1.67 micro-oht 
BLI 
( 
R 
1s 
hms ( 
+ 
4 
~ 
bs 
| 
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Discussion and Conclusion 


The theory for electrical resistance at high tem- 


peratures, given by Mott and Jones [7], predicts 


a quadratic dependence of resistance on tempera- 
ture for copper, silver, and gold. In addition to this 
temperature dependence of resistance, one might 
expect an ‘‘excess’’ resistance, AR, if the density of 
vacancies generated at the higher temperatures is 
sufficiently large. This extra resistance should have 
a Boltzmann temperature dependence. With these 
ideas in mind, the copper and gold data, taken 
below 500°C, were fitted by an expression of the 


form 
R=A+BT+ CT? 


using a least-squares criterion. In this equation R 
is the resistance in ohms and T is the temperature 
in degrees Kelvin. The coefficients A, B, and C for 
copper are 0.004134 ohms, 3.0955 & 10-4 ohms/°K, 
and 0.689 X 107-7 
gold these coefficients are 0.007440 ohms, 
X 10 0.742 1077 


respectively. This expression fitted the data within 


°K)?, respectively. For 
2.2856 


ohms 


+ ohms/°K, and ohms/(°K)?, 


the experimental error up to 600°C for copper and 
slightly over 500°C for gold. A calculated resistance 
for each point at the higher temperatures was 
determined by extrapolating the quadratic func- 
tion to 950°C. These calculated resistance values 


were then subtracted from the measured values 


and a set of AR’s determined. The results of this 

tabulated in Tables I and II. The 

logarithm of AR was then plotted as a function of 

1/T, the formation 


energy of vacancies for the metal (see Figure 2). In 


calculation are 


the slope of which defines 
this manner the formation energy of vacancies was 


determined to be 0.90 .05 ev in and 
0.67 


Dexter [8] and Jongenburger [9] 


copper 
.O7 ev in gold. 

have calculated 
vacancies for 
1.3 


vacancies, 


the resistivity per atomic per cent 
copper. Their calculations yielded 0.4 and 
micro-ohm-cm per atomic per cent 
respectively. Using these values and the values of 
AR from the present work, it is estimated that the 
density of vacancies in copper near the melting 
point is of the order of one atomic per cent. 

The energy of formation of vacancies in gold, 
presented in this paper, is outside the limits of the 
value given by Kauffman and Koehler [10]. They 
concluded from quenching experiments that the 
formation energy should be between 1 and 2 ev. 


This discrepancy is unresolved at the present time. 


3 


FIGURE 2. Determination of vacancy formation energies 
for copper and gold. 


The result of this work for copper is in very good 
agreement with that given previously by Brinkman, 
Dixon, and Meechan [11]. They gave arguments 
for the assignment of 1.19 ev as theactivation 
energy for migration of vacancies in copper. Sub- 
tracting this value from the activation energy for 
self-diffusion, they determined the formation energy 
for vacancies in copper to be 0.88 ev. This pro- 
cedure can be used to determine the activation 
energy for motion of vacancies in gold. Subtracting 
the formation energy determined in this paper from 
the activation energy for self-diffusion, 2.21 ev [12], 
the activation energy for motion of vacancies in 
gold is calculated to be 1.54 ev. 

LeClaire [13] has recently predicted the formation 
energies of vacancies in several metals including 
copper and gold and his results are in satisfactory 
agreement with those of this paper. His values for 
the energies of formation of vacancies in copper and 
gold are 0.74 ev and 0.83 ev, respectively. 
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Note Added in Proof 
F. Abeles (Comptes Rendus 237, No. 15 (1953 


796 has recently calculated the resistivity per 


His 


value for copper is 1.28 micro-ohm-cm per atomic 


atomic per cent vacancies for several metals. 


per cent vacancies, which is in close agreement 


with the value given by Jongenburger. Abeles also 


has calculated this quantity for gold which is 


1.45 micro-ohm-cm per atomic per cent vacancies. 
With the aid of these calculations, the density of 
vacancies in copper near the melting point is 
estimated to be 0.2 atomic per cent and in gold 


0.4 atomic per cent. 
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ELECTRON CONFIGURATIONS IN SOME TRANSITION METAL 
ALLOYS* 


W. H. TAYLOR} 


Structural data for a number of 
being devoted to the discussi of 
licitly—in the course of the structure-an 
t appears that a more ful 


ntary interpret 


im 
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il] VS 


ructu 
idence for 
for the Fea 
lines for future development « 


\l-rich alloys of transition metals art 
assumptions 
alysis. 
damental treatment is required for Brillouin zone measurements which, 
n, are in harmony with Raynor’s suggestions of electron absorp- 
of this kind 


I sition 


reviewed, special attention 


1 troduced explicitly or 


and approximations 11 


il atom and the surrounding Al 


if certain assumptions made in the course 
absorption cf about 2 electrons by Co, Mn, 


some of 


tom. 


ire indicated. 


S CONFIGURATIONS ELECTRONIQUES DANS CERTAINS ALLIAGES DES 


METAUX DE 


int la structure de plusieurs alliages des métaux de transition, riches 
ement a la discussion des hypothéses et approximations intro- 

iu cours de l’analyse structurale. Il est constaté que les 
étre traitées d’une fagon plus fondamentale; suivant |’inter- 


On revise les données concer 
en aluminium. On s’arréte plus long 
duites—expliciteme: 
mesures d 
prétation 
des allia 
anormalement cour 
qui l’entourent, par 
cours de l’analyse soit 


t 
Mn et Cr. 


implicitement 
Brillouin doivent 


atome d’ 
faites au 


absorbés par des atomes de ( 
les directions les plus import il 


ELEKTRONENKONFIGURATIONEN 
UB 


ire, ces mesures s’accordent avec les suggéstions de Raynor, 

mes des métaux de transition 
1 métal de transition et certains de parmi les atomes d’Al 
ractéristiques pour ces structures et, a condition que les hypothéses 
justifiées, il parait y avoir des preuves qu’environ 2 électrons sont 
Il n’y a pas de données disponibles pour le Fe.) O1 


IN EINIGEN 


TRANSITION 


a savoir, que dans 
absorbent des électrons. Des contacts 


indique 


tes pour les travaux futurs. 
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riicklich oder stillschweigend eingefiihrten Voraussetzungen und Anndherungen gewidmet. 


t sich, dass fiir Brillouir 
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gen iiber die Elektronen 


Zel 


diese Strukturen scheinen die anormal 
inigen der umgebenden Al- 
fiihrte Voraussetzungen 


ind Cr-Atome etwa zwei Elektronen 


} 


inige der wesentlichsten Ric 


I. Introduction 


Anomalies in the behaviour of the transition 
metals Cr, Mn, Fe, Co, Ni and their alloys have 
long been attributed to the influence of peculiarities 
in the electron configurations of these metals. 
Fully documented discussions of some aspects of 
this problem have been given, for example, by 
Mott and Jones [1] and by Raynor [2]. The latter 
has shown, in particular, that many features of a 
number of phase diagrams can be correlated in a 
self-consistent scheme if it is assumed that electrons 
are absorbed by transition metal atoms in electron- 
rich alloys, so that in these circumstances the 
transition metals possess effectively negative valen- 
cies. In other alloys the transition metals may 
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Cavendish Laboratory, 


zonenmessungen eine grundlegendere 
taren Deutung sind diese Messungen im Einklang mit Raynor’s 
ibsorption durch die Atome der Ubergangsmetalle in dieser Art 


kurzen 
\tome charakteristisch zu sein. Wenn gewisse, im Lauf der Diskus- 
De rechtigt sind, dann zeigt das vorhandene 
absorbieren. 
htungen kiinftiger Forschungen werden angezeigt. 


\uswertung notwendig zu 


Bindungen zwischen dem Ubergangsatom 


Material, dass die 
Es sind keine Werte fiir Fe vorhanden.) 


behave as though zero-valent, and in some cases 
they may have effectively positive valency. Theories 
of the metallic bond developed by Pauling [3] in 
recent years are also based, in part, on attempts to 
systematise the variations in physical properties, 
and in alloying behaviour, observed in the transi- 
tion metals. They have led to suggestions about 
electron distribution in the transition metal atoms, 
and to calculations of their effective sizes in speci- 
fied environments, which—though partly empirical 
in character—have proved of great interest. 
Unfortunately the electronic systems under con- 
sideration are so complex that they have not, up to 
the present, been the subject of a fundamental 
quantum-mechanical treatment even for the atoms 
in the free state. Moreover, it is not easy to find 
experimental measurements, susceptible of direct 
and unequivocal interpretation, which can give 
information about the electron configurations in 


tion by transition metal aton 

\bnormally short contacts between a 
atoms appear to be characteristic 4 
of the analysis are justified—ther 
and Cr atoms No data are avail 

Some of the most important lit PF 

sein sche 
V 0rsch |i 
Legierunger 
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TAYLOR: 


these complex alloys. One obvious line of attack is 
the accurate analysis of the crystal structures of the 
alloy phases, and in the last three years a number 
of papers have been published, on various alu- 
minium-rich alloys of transition metals, in which 
Brillouin zone data, interatomic distances, and 
counts of electrons have been discussed in relation 
to the general concepts introduced by Mott and 
Jones, Raynor, and Pauling. 

The present paper is a review of the results so far 
obtained for these alloys by the methods of crystal 
structure analysis; attention is confined to tlfose 
aspects of the work which bear directly on the 
problem of electron configuration. The principal 
aim, throughout the paper, is to stress the assump- 
tions made, and the uncertainties encountered, in 
the interpretation of the X-ray observations. For it 
is most important that the results obtained in the 
analysis of such complex materials shall be sub- 
jected to a cautious and critical scrutiny before 
they are accepted as fully established. Particularly 
is this the case when workers in other fields—in 
this case both practical and theoretical metallurgy 
—may use structural data as a basis for the devlop- 
ment of their own researches. 

The features which appear to be characteristic 
of the alloy structures under discussion will be 
summarised in Section II, the individual structures 
being examined in Sections III and IV. In Section 
V the general conclusions reached serve to indicate 


possible directions for further work. 


Features Characteristic of Aluminium- 
rich Transition Metal Alloys 


Il. 


A considerable number of aluminium-rich alloys 
of transition metals have now been examined, and 
for a few of these the atomic structures have been 
determined with reasonable accuracy. The following 
broad generalisations will serve as at least a 
provisional basis for the discussion of these alloys 
with reference to the electronic configurations of the 
constituent atoms; in presenting them we ignore for 
the time being the factors which may limit the 
accuracy and certainty of the conclusions reached 
in the individual structural investigations. 

(i) Brillouin zones are prominent, indicating that 
electron energies are important in determining the 
stability of the phase structures. Moreover, the 
‘“‘observed”’ electron to atom ratios—derived from 
the experimentally-measured Brillouin zones—are 
in harmony with the assumption that electron 
“absorption” by the transition metal atoms takes 


place to about the extent proposed by Raynor. 
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(ii) Counts of the electron contents of the dif- 
ferent atoms, from Fourier electron-density syn- 
theses, indicate that the transition metals contain 
up to about 2 electrons additional to those in the 
neutral atom. Thus the amount of ‘‘absorption”’ 
in Mn and Cr is apparently considerably less than 
would be suggested by Raynor, and differs from 
the 
observations on the same crystals. 

The atoms 
mally short contacts with some, but ni 
(Al) at 
also show anomalous (short 
to other Al [here is 
regarded as conclusive, that the abnormally short 
| metal and Al are 


petween 
associated with localised electron transfer between 


‘“‘absorption”’ indicated by the Brillouin zone 


transition metal 


surrounding yms, which themselves m 
interatomic distances 
some evidence, not 


atoms. 


contacts transition 
the itoms concerned. 

iv) There is a tenden 
lavers 
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11x hi; 
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associated with promine! 
Brillouin zones; its physical significance is not clear. 


Review of the Brillouin Zone 
Measurements 
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for a phase structure is that 


in practice, it is usual 
corresponds to the 
sphere when the actual zone | ap] 
mates closely to spherical form. For the much more 
complex structures under consideration, the as- 


is made that a similar criterion can be 


sumption 


applied in order,to obtain an ‘‘observed”’ value of 


e/A corresponding to stability. In cases where the 
actual zone departs considerably from the spherical 
assumption must be made 


form, an additional 


to the appropriate criterion to adopt, and 


additional uncertainty is introduced in 
interpretation of the measurements which are 
themselves straightforward. 

Published 


summarised in Table I. For details of the alloys and 


Brillouin zone measurements are 


of the X-ray measurements, and for drawings of the 


zones, the original should be consulted 


[4—14]. Values of 


papers 


e/A ‘‘observed’’, deduced on 


ior the Al toms to 
the structures. Geo- 
lie 
~ When the existence f minent nt 
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| 17° } f . 
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BRILLOUIN ZONES 


Nature of zone 


Reference 
Inscribed Inscribed 


sphere spheroid 


0.236 to 


0.251 to 0.258 


0.238 to 0.259 


.229 to 
.231 to 0.244 


.220 to 0.247 


.231 to 0.266 


.240 to 0.265 


similar 


0.238 to 0.259 


\ small range of values of # 


a sphere. 
Che inscribed spheroid is 
The tr 


Mott and Co —] 


Jones 


Ni 


—0.61 —1.7]1 


Raynor 


e/A for zone observed 


Ss 


ansition metal valencies assumed in calculating the second and third values of e 


Fe 


e/A calculated 


\lloy 


composi- 


lransition metal valency assumed 


Filled 


zone 


Mean 


phere 


Raynor tion 


Mott-Jones 


0 
assumed 


exact 
CorAls 
23.4 Fe, 
76.6 Al 


( 


Mn 
22.05 Mn, 
6.50 Si 


( 


at. 
exact 
NigMny 
Als 
1.87 to 2.12 1.76 to 2.03 observed 
range of 
composi- 
tion 
1.96 to 2.00 


1.85 to 1.88 observed 


range of 


composi- 


tion 
18.7 Cr, 
20.3 Si 


( 


(at. 


for the planes comprising the zone indicates that it is a close approximation 


ylate in both the cases quoted. 


A for an alloy are 


—2 Mn —3 Cr —4 


—2. 66 3.66 +. 66 


For information on observed ranges of composition of alloys, see references. 


various assumptions about the filling of the zone, 
are compared with values of e/A calculated for 
various assumed sets of transition metal valencies 
together with the normal valencies Al+*, Sit, 
Cu*', Zn+*. The figures of Table I fully justify the 
generalisation of Section II (i) on the importance 
of the Brillouin zones and on the support they 


provide for the effective negative valencies pro- 
posed by Raynor. In view of the difficulty of de- 
ducing, without any ambiguity, a value of e/A 
(observed), for structures such as these, the meas- 
ured zones cannot be taken to exclude effective 
negative valencies differing appreciably from those 
proposed by Raynor, though—if the zone treat- 
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| 
\lloy 
= 
values 
Co.Al 0.261 1.68 1.72 2.18 1.91 1.72 27.2 at.% 
Co 
Co.Al, 5:7) |) 2.12 2.45 2.27 2.14 
FeAl 8] 2.04 2 30 1.83 1.67 
(at.%) 
a-FeSiAl 9g 0 1.74 1.93 2.53 2.15 2.03 32.5 Fe, 
8.7 Si 
wt.Y 
c-FeSiAl 9g 0 1.66 1.83 2.51 2.14 2.02 31.9 Fe, 
5.6 Si 
(wt.% 
MnAl 10; 11 Oi 1.69 2.57 2.14 2.05 exact 
1952 
CueMn 12] similar - 
Ale 
ZnM1 12 0.231 to 0.250 1.65 
a-CrSiAl 13:14 175 2.64 1.89 1.77 
Notes: 1/22) 
iil 


TAYLOR: 


ment is valid at all—they do appear to be quite 
inconsistent with the novel set of valencies sug- 
gested by Pauling in 1949 [15] (for discussion, see 
[12]). 

The alloys NiAl; and Ni,Al; also have prominent 
Brillouin zones, but comparison of e/A observed, 
with e/A calculated for valencies 0 (Mott and 
Jones) and —0.61 (Raynor), does not lead to such 
decisive information about the effective valency 
of Ni, in which the electron absorption is in any 


case not large, as in the alloys of Co, Fe, Mn and 
Cr for which the suggested electron absorption 
becomes progressively larger. It appears, in fact, 


[4] on the basis of a treatment similar to that 
applied to the data of Table I, that Ni probably 
has a small negative valency in NiAl; but is zero- 
valent in Ni,Al;—as might be expected in view of 
the smaller proportion of ‘‘free’’ electrons provided 
by Al in the latter. 

To summarise, it would seem that Brillouin zone 
observations fully establish the importance of the 
electronic configurations in controlling these alloy 
structures, and are in general agreement with the 

that 
electrons. It is equally clear that the 


transition metal atoms may 


suggestion 
“‘absorb”’ 
interpretation of the observed zones is not yet 
sufficiently detailed nor certain to permit quantita- 
tive deductions about the electronic systems of the 
constituent The 
complex alloys has in fact emphasised the impor- 


atoms. examination of these 
tance of an attempt to replace the naive application 
of the simple zone treatments by a more funda- 
mental discussion of the energy systems which they 
represent; in particular the meanings of the terms 


‘ 


“free electrons’ ‘‘absorption of electrons’’ ‘‘zone 


volume’”’ need consideration. 

In Section V we shall see not only that there are 
internal difficulties in handling the Brillouin zone 
data, but also that these data are apparently 
inconsistent with electron counts for the separate 


atoms. 


IV. Detailed Structure Analyses 

The generalisations of Section II (ii), (iii), (iv) 
are based on the analyses of the four structures 
MnAlg and CrsSigAl;3. We now 
examine the results obtained in these analyses, in 
an attempt to see whether they are accurate and 
reliable or whether in the course of the analysis 
assumptions are made, and approximations per- 
mitted, which limit their value. 

It is convenient to deal first with measurements 
of interatomic distances, for the special features 


ELECTRON 


CONFIGURATIONS 687 


which are encountered are subject to much less 


uncertainty than are the counts of electrons. 


For all the 
the analysis was based on two-dimensional pro- 


phase structures under discussion, 


jections, supplemented by special measurements 
which will be described below. 
(i) Interatomic distances 

The measured interatomic distances are collected 
in Tables II, III, 1V and V. The probable errors are 
estimated as not exceeding 0.03-0.04 A. for 
CoosAly [4; 5], 0.03 A. for Mn,;SiAl, [6; 13], 0.045 A. 
for MnAl, [10; 11], 0.03 A. for CraSigAlys 


[13; 14]. There seems no reason to regard these 


and 


estimates as unduly optimistic, for they are based 
on well-established practice; special circumstances, 
which might modify the conclusions reached, are 
considered for each structure in turn. 

Abnormally short contacts are observed in every 
case between the transition metal atom and some 
of the Al atoms of the surrounding polyhedron. In 
CosAly there are nine Al atoms in contact with 
each Co atom, and the Co-Al 
2.47 A. is identical with that found in CosAl; and 
CoAl; but one of the of length 2.37; A., 
is significantly short when compared either with 
bonds 


average distance 


‘“‘bonds,”’ 
this mean value or with the next longer 
2.43 A and 2.44 A. In Mn,SiAl, the distinction be- 
tween the four short contacts and the six long ones 
between Mn and Si, Al atoms is even more striking, 
MnAl, the contacts between Mn and Al 
atoms again include four short and six long ones. 
The polyhedron around Cr in CrsSuAh 


rather short contacts and 


and in 


includes 


three Si atoms making 
three Al atoms making very short bonds, as well as 
three other Al atoms at a normal distance, and 
possibly three other Cr atoms. 


between Al 


as those 


Variations in contact-distances 


atoms, though not so easily classified 


between transition metal and Al, seem in some 


cases to be associated fairly directly with them. 
Thus in CogAly the over-all average AI—Al distance 
is 2.81 to 2.85A., (the precise value depending upon 
the maximum interatomic separation considered 
to constitute true ‘‘contact’’) which may be com- 
pared with 2.86A. 


crystallographically 


in pure aluminium. There are, 
however, five distinct Al 
atoms in the structure, which are coordinated with 
two Co atoms and either 7, 8 or 10 other Al atoms*; 
from Table II it is clear that the atom Alo (which 
makes the short of length 2.37;A. 


two Co atoms) also makes relatively short bonds 


‘““‘bonds”’ with 


*“Contacts’’ exceeding 3.0A 
included, the general nature of the argument 


are excluded; if these are 


is unaffected. 


+ 
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TABLE II 


ATOMIC ENVIRONMENTS IN CooAls 


Co-Al or 
\I-Al 


istance 


minimum 
Co-Al or Al-Al 


{ 


to 


=I 


bo 


the surrounding Al atoms. On the « 
hand, in Mn,SiAl, the atom AI, 
exceedingly short bond 2.42A. with two Mn atoms 


with all 


making an 


shows no anomalies in its contacts with ten other 


Al atoms at an average distance of 2.86A.; the other 


type atom Al, (normal bonds with three Mn atoms 
2.88A. 


also makes normal contacts (average with 


but a rather short contact 


nine other Al atoms 


which makes these 


itoms at 2.67A.., 


1tom. The Si atom, 


ix Al 


with s! 


with one Si 


rather short cont 


Mn atoms at the short 
the atom Al». with an 


is also in contact with six 
distance 2.49A. In MnAl, 
exceedingly short bond (2.43;A.) to one Mn, also 
short contacts with other Al, 


makes two 


atoms, as well as normal contacts with eight other 


very 


Al atoms: all three short contacts lie in one plane. 
Variations in contacts between Al,, and Al;, and 
other atoms, in this structure may be less signifi- 
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cant: they are shown in Table IV. In CrsSizAl)3 
the Si atom, making a short contact with each of 
three Cr atoms, also makes an extremely short 
contact with Alo 
itself in 4-coordination—a most unusual feature in 


one atom, which, however, is 


a metallic structure. On the other hand, the atom 
Al, making very short bonds with two Cr atoms 
shows no other anomalously short contact distances, 


nor does the atom Alb». 


TABLE I\ 


\TOMIC ENVIRONMENTS IN MnAl, 


bo 


bo bo 


9 
9 


62 


82 


bo 


54 
64 
84 
olumn “Dis- 
vee 
Before accepting these anomalous transition 
metal to aluminium, and aluminium to aluminium 
contacts as physically significant, it is necessary 
to scrutinise the procedures followed in the struc- 
ture analyses. 

Except for Cr,Si,Al,;; the interatomic distances 
were determined from two-dimensional electron- 
density syntheses: for this alloy three-dimensional 
syntheses, projected on lines passing through 
atomic centres, led to atomic coordinates in very 
close agreement with those obtained from a pro- 
jection. For all the alloys, however, estimates of 
the experimental and computational errors (see 
above) indicate that the anomalies in the inter- 
atomic distances are quite outside the probable 
range of error, and there is no reason to suppose 
the 


more refined experimental measurements, would 


that three-dimensional syntheses, or use of 


result in the disappearance of these special features. 
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Number of Maximum and \verage 
\ 
Co 
g 
Al; 7 
i7istances \ 
r \tom Number of 
djacent iaximum Minimum Average 
\ 2 60 
2 Al 2.43 
8 Al ? 8&3 
\ 1 43 
PTT TTT 
\TOMIC ENVIRONMENTS IN Mn; SiAl 1 Al = ‘ 
8 Al,. Al 2.89 2.76 | 195¢ 
i/istané 4 
M1 2 Si 2.49 
» Al 9 
6 Al 2 68 2 67 2 67 
| 9 40 
é 
9 2 42 
A 2.9% 2.704 2.86 
2 68 2 67 2.67; 
1 Si 2 67 
9 Al \] 2.99 2.32 2.88 
Note: Where only one figure appears in the column “Dis- 
tance it isthe value for all contacts of that type. 
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For CosAly no detailed discussion seems to be 
needed; for the space group, uniquely determined 
by the systematic absences in the X-ray reflexions, 
is centro-symmetrical, the the 
phase is fixed, and the } and ¢ projections used are 
reasonably free from overlapping of the atomic 


composition of 


peaks. 

In Mn,SiAl,, however, the situation is less simple. 
First, the systematic absences are compatible with 
— C6/mmc, 

although 
the 
the 


any of three 
C4, — C6mc, 
is nothing to 
symmetry that of 
detailed testing of such possibilities is necessarily 


space Ups 
D‘;, — Cé2c, 


reduction of 


and and 


suggest a 


— C6/mmce, 


there 
below 


less rigorous than the unequivocal determination of 
P2, ‘a for CooAls. Secondly, the phase is observed 
over an appreciable range of composition, and there 
is slight uncertainty about the precise occupation 
the 


sites in the structure according to 
rABLI 


MIC ENVIRONMENT 


Note: 


” 
tances, 


it is the value 

space group symmetry, ought to contain 6 

2 Si, and 18 Al per unit cell. Thus from the an: 

and density of the alloy specimen actually used for 
the X-ray measurements it appears that the Mn 
sites are not fully occupied, and that the same is 
true of the Si sites if the Al sites are just completely 
filled. Although partial occupation of the Mn sites 
slightly) the values observed for all 


Al and Si 


may modify 


contacts with are 


atoms—for these 
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throughout the 


that it 


averages of the actual values 


seems most unlikely can 


the 
and 


structure—it 


seriously affect very considerable difference 


between _ short long contacts to the atoms 


forming the surrounding 
of a shortage of Si 
since Si and Al atoms may be to some ext 


changeable. Finally, the structure contains 


polyhedron. The effect 


atoms is less easily predic ted 


nt inter- 
i ‘“hole”’ 
of about the size which could be occupied by 


atom. The presence of such a well-defined unoccu- 


pied site* may have an appreciable influence on the 


distances, and its nature nnot be 


interatomic 


predicted; if the anomalies were observed only in 
this structure, they would obviousl » suspect, 


but in fact they are similar in character in all four 


ider discussion. 


matic absen 


iS a Dasis 


the pure me 
9.6A., Cr~2.6A 


parisons, the varfrl 


course, be i] 
rather unreliabl 
observed values and ‘‘normal”’ 
dic ted are suc h as to provide strong ‘viden 


bonding of an unusual kind. The suggested 


[4; 5] of the short ave 


alloys 
The syst ces in the X-ray reflexions 
of MnA ire gain col tible with three space 
groups D!¥4—Ccmm, Cem and C!%,—Cc2m 
Dut statistical tests, Whi clearly indicated centro- 
svmmetryv, 1ustined the ice oI the first or these. 
™ to MnAl,. A special discussion [11] shows that the 
Number ot I non \In-A \ \ listances are 
\tom idjacent 1 ‘ { ‘ 
7 + T , 
Cr 2.4 Cr.SiAlie. of t three possibk S e 
o54 2 A] { 1 
2 84 
c: 1 Aq 9 ; ; ni 7 f ed but for the llow 
> 47 1 4 | 
3 Cr 2 | ‘ mined is riv close oO e eal 
6 Al \] > RI » 79 » RY) 1 
- ses. theretore, ere seems tie reason 
‘ 
doubt that th tar stances art eccen- 
\] ts 2 38 
9Cr > > Outside the pr le rang’ error. 
2 Si 2.81 [n discussi the possible interpretation of the 
1 02 9 aI 
Al, Al, - ~ i observe interator list es it 1s natur | ise 
mu) parison the atomic diameters of 
\ 2 Cr 2.44 
9 Sj 9 79 \ Z.o0A., ~ 
Al 9 O4 9 20 9 Si~?2.65A It h come- 
Al 2. 2.91 al l 
ation with coordinat must, of 
Mum Where only one figure appears in the colum 
is 
nre- 
e tor 
inter- 
pretation race Co-Al distance 
emp! sed | t] f ti t f 
the far er 1 me te ] 
Int? j \ 1 to 
(Co,). 
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in CosAly was criticised and amended by Pauling 
[16]; it is probably best, for the present, to refrain 
from any such detailed treatments until the factors 
determining the forms of these structures are 
established with greater certainty. 

(ii) Electron counts 

Under this heading we include information about 
the electron-contents of the atoms in a phase, 
whether obtained by direct counting on a Fourier 
electron-density synthesis, or by other more special 
devices which will be described. It should not be 
forgotten, in considering the results obtained, that 
any incoherent ‘“‘background’’ X-ray scattering is 
left completely out of account in the measurement 
of the intensities of reflexions: it is only possible 
to hope to demonstrate its unimportance by 
showing that the total energy of the coherent X- 
ray scattering is quantitatively in agreement with 
the known total number of electrons in the struc- 
ture. 

Electron counts are much more subject to in- 
accuracy and uncertainty than is the case with the 
interatomic distances discussed above. Among the 
most important adverse factors, additional to those 
already considered in the preceding Section (i), are 
the following—all of which arise for one or more of 
the structures treated in detail below. 

(a) Imperfect resolution of atoms in_ two- 
dimensional projections is much more likely to 
result in errors in electron counts than in fixing 
For electron counts may be 


atomic positions. 


inaccurate on account of overlaps of the outer 


regions of atoms, which have no appreciable 
influence on the atomic peak positions. 

(6) Absolute measurements of intensity of re- 
flexion have not been made, and therefore at some 
stage in the course of the analysis the measured 


sub- 


kind, 


(or eye-estimated) relative intensities are 


jected to a “scaling’’ operation of some 


explicit or implicit. 

(c) Any important modification of the scattering 
power of the transition metal atoms, arising from 
the 
confined to relatively small angles of diffraction. 


suggested electron absorption, is probably 
It is an inherent difficulty that there are relatively 
few reflexions at low angles, and moreover it is 
precisely in this region, where the most intense 
reflexions may occur, that the accuracy of measure- 
ment of intensities is liable to be affected by 
extinction. 

In view of the complexity of the attempt to assess 
the significance of published data, it is convenient 
to take each structure in turn. 
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(a) CozAlys. The total number of electrons in 
each peak, counted in arbitrary units in b- and c- 
projections, is probably reliable, for in both pro- 
jections the peaks are fairly well resolved and the 
flat.* To convert the 
units, the electron 
density between atoms was assumed to be zero. 


background reasonably 


electron counts to absolute 
Three independent estimates of the accuracy of the 
counts gave a standard deviation 0.5 electron for 
each peak. The figures in Table VI show that the 


TABLE VI 


ELECTRON COUNTS IN CooAlg 


a Atom Co Al 


29.2 12.4 
28.9 11.6 
29.0; 12.0 


b-projection 
c-projection 
Average 


Co peak count (29) differs significantly from the 


electron content of the neutral atom (27); it is 


probably not justifiable to suggest that the low 
12.0 for Alp is connected the fact 
that this is the Al atom making an abnormally 


count of with 


short bond with Co. The following points need 


consideration in any attempt to decide whether 


the electron counts are reliable. 

(1) In finding the correct structure, and refining 
it, intensities originally estimated by visual com- 
parison with a standard scale are compared with 
values of F? calculated from the proposed structure. 
To bring J,,), into the best agreement with F*?,.). 
the 
effects of a number of different quantities which 
This 


necessary because, in the eye-estimation method, 


a conversion-factor is used which combines 


vary with glancing-angle 6. procedure is 
not only are there no absolute measurements of 
measurements of the actual 
This 


process is, in principle, in the nature of argument 


intensity, but no 


energy of a reflexion are made. “‘scaling’’ 


in a circle; for the result obtained depends upon the 


assumed atomic scattering powers and_ their 


variation with glancing-angle, whereas these depend 
the the 
atoms concerned—which is what we seek to dis- 


upon actual electron configurations of 
cover; in particular, it cannot be taken for granted 
that the atomic f-values for (neutral) Al (13) and 
(neutral) Co (27) are necessarily appropriate in the 
alloy. Different scaling-curves result in different 


Fourier syntheses, and it is therefore of funda- 


*Relative freedom from overlap may be taken to indicate 
that anisotropic thermal vibration is unlikely to vitiate the 
results. A flat background may be regarded as a test of the 
absence of serious diffraction effects due to the use of incom- 
plete Fourier series in the synthesis. 


| 

12:5 1.6 21.8 

23.3 3:9 88:7 

12.5 12.6, 12.2, 12.2 
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mental importance that, so long as atomic peaks 
do not overlap (in projection), neither the peak 


positions nor the total electron contents of the 


various peaks are changed as a consequence of 
changes in the scaling curve [4]. 

(2) The electron-density synthesis constructed 
from the observed intensities will be correct— 
apart from the scaling effect considered above— 
provided that the correspondence between (scaled) 
Ions and F*,... is sufficiently good to enable the 
sign (+) of each term to be chosen correctly; for 
the structure is centro-symmetrical. This feature 
of the electron-density synthesis is most important, 
for it follows that uncertainty about the precise 
value of Fyaic, arising from uncertainty about the 
atomic scattering powers, has no influence on the 
electron-density synthesis finally obtained (except 
for that considered in the preceding paragraph). 

(3) The electron counts would be affected by 
any departure from the ideal unit cell content 
assumed, Co,Alis. In fact, the composition of the 
phase is almost fixed, chemical analysis indicating 
only a small (relative) excess of Co, corresponding 
cell Co4.075 Alig or Cog 


according as the difference from Co, Alig is supposed 


to unit contents 
to be due entirely to excess Co or entirely to deficit 
of Al. Such small departures from the ideal would 
not invalidate the conclusions drawn. 

We may therefore conclude that not only the 
positions of the atomic peaks, but also their total 
electron contents in arbitrary units reckoned above 
the ground level of zero electron density between 
atoms, are independent of any assumption about 
the precise form of the atomic f-curves. The con- 
version to absolute units as well as the fixing of the 
ground level, are, however, wholly dependent upon 
the assumption that the electron-density between 
the atoms is zero. Further progress in correlating 
interatomic distances and the apparently abnormal 
electron counts for Co (and possibly Al») in this 
alloy is unlikely without absolute measurements of 
intensities of reflexion. With these, the labour of 
carrying out a complete three-dimensional syn- 
thesis would be justified, for it would yield more 
accurate interatomic distances and direct counts of 
electrons in atoms without any assumption about 
electron density between atoms—and, of course, 
without the application of any “‘scaling’’ procedure. 

(6) Mn;SiAl,. Three different treatments of the 
experimental measurements agree in suggesting 
some absorption of electrons by the Mn atom, 
though it is impossible to decide with any accuracy 
the amount of absorption. 
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In projection along the c-axis, the atomic peaks 
Table 


VII, the background areas between peaks contain 


contain the numbers of electrons shown in 


TABLE VII 


ELECTRON COUNTS IN M1 
Mn 


24.2 


altogether 24 104 


cell instead of 412 for two units Mn;SiAl,. Compari- 
Mn Al, sug 
excess of electrons in Mn if Al is assumed neutral, 
but the 2Si peak is then difficult to explain (for 


electrons; the total is per unit 


son of with either 2Al. or gests an 


neutral atoms the numbers of electrons are Mn25, 
Sil4, All3). 

In computing the electron-density synthesis th 
coefficients used are F,., scaled by comparison 
with F..;- for the proposed stt ire. The under- 
lying basis of the method is similar to that used for 
CooAls so long as electron counts are in arbitrary 
units—in particular there is the essential internal 
[-curves [for 


inconsistency in using atom 
above but the st 


fet. q a l 
] « 9) 


again centro-symmetrical (cf., (a 2 


atoms 


It is in the conversion to absolute units t 


treatment is fundamentally different: for 
it is assumed 


bso 


yield values F,,, in a 
counts in the resulting Fourier synthesis yie 
totals of electrons. The fact that 24 electrons are 
then found between atoms emphasises the contrast 
with CosoAly where the assumption of zero electron 
basis of the conver- 


itoms is 


density between 


sion to absolute units, and the total number o 


electrons counted in the atomic peaks then corre- 


sponds very closely with the total for the unit cell. 

The alloy phase shows a fairly wide composition 
range: for the actual sample used, chemical analysis 
determination unit cell 
5.75 Mn, 1.65 18.5 Al 


atoms (according to the pret ise mode of calculation) 


instead of 6 Mn, 2 Si, 18 Al. Assuming mean values, 


indicate 
1.70 Si, 18.0 


and density 


contents 5.55 


and that the vacant Si sites are occupied by the 
excess Al atoms, the counts of ‘‘2 Si’’ (=27) and 
“1 Mn” (=24.2) are explained if each Mn atom on 
the average contains about one extra electron. 
The peaks in the projection are not free from 
diffraction effects, nor from overlap: the accuracy 
of the counts for Mn and Al, are particularly 


suspect for these reasons. 


\] 
Peak 2 Al \! 
Electrons 27.0 7 23.7 10.9 

icture 1S 
954 ibove). 
ictor does 
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For all these reasons, as well as on account of the 
difficulty of the 24 
seems that the electron-density synthesis, in c- 


‘“‘background”’ electrons, it 


projection, is not very favourable for accurate 


electron counting. 

An alternative treatment, the use of the (F,-F,) 
synthesis, has the advantage of removing diffrac- 
Ising only low-angle reflexions, corre- 


tion ripples. [ 


sponding to the range of influence anticipated for 


al electrons supposed absorbed into 

, the synthesis obtained indicates 

some absorption, but owing to the very limited 
number of reflexions the projection is thought to be 
unreliahie 
unretilavie. 


In addition, the method is of course very 
dependent upon the correct choice of scaling-factor 

obtaining F, in absolute units, and upon the 
atomic f-curve used to calculate F,. 

The third line of attack is different, and depends 
upon the examination of a few selected low-angle 
reflexions, either measured directly by photometry 
adjacent 
the 
major uncer- 
ling factor are 


f powder patterns or estimated as 


crystal patterns—with 


that the 


dons in. single 


consequence, in both cases, 
tainties arising from the use of the sca 
removed. Two kinds of comparison are made: in 


Mn 


-d witha 


i 


atoms contribute 
to which Mn 


in the other, reflexions 


reflexions to which 


one, 


strongly are compart reflexion 
itoms contribute nothing; 
for which Mn atoms contribute in phase with the 
resultant are compared with reflexions for which 
Mn atoms contribute out of phase with the resul- 
tant. Thus the comparisons are sensitive to the 
precise form of the atomic f-curve for Mn, at low 
scattering angles, and so to the electron-distribu- 
tion in the Mn atoms. These measurements can be 
explained only if the scattering-power is enhanced 
above that corresponding to Mn (25) according to 
Viervoll and Ogrim [17]. In addition, there issome 
evidence—not conclusive—favouring the view that 
is Al, are principal contributors of electrons 
to the Mn atom. 


In assessing the significance of this approach to 


aton 


» problem of electron-content, it seems that the 
only remaining weakness on the experimental side 
is the use of ratios of intensities instead of absolute 
integrated intensities; while in interpretation it is 
still necessary to assume that the shape of the 
atomic f-curve, its scale being adjusted to corre- 
spond with any assumed total number of electrons 
in Mn, is at least nearly correct for low values of 
sin 6/X. 

Thus, all methods of analysing the measurements 
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favour the absorption of electrons by Mn; the 
amount is difficult to estimate, but may be put at 
about 2 electrons. There is some evidence that the 
absorbed electrons are contributed largely though 
not exclusively by atoms Al; if this is the case, 
the exceedingly short Mn-Al, contact 
associated with the localised transfer. It must be 


noted, in considering these findings, that for various 


must be 


reasons discussed above the structure is not par- 


ticularly favourable for providing unique and 
unassailable evidence on electron configurations, 
so that the labour of obtaining absolute intensity 
measurements for a three-dimensional synthesis 
would probably not be justified. Moreover, the 
occurrence in the structure of an unoccupied cavity 
may confer upon it special characteristics which 
straightforward electron- 


render it unsuited to 


counting, though they may prove to be of vital 
importance for a full understanding of the structure. 


MnAlg. 


with 


“his alloy is favourable in that it is 


nearly fixed composition, and the 


statistical tests (cf., Section (i), above) support 


strongly the choice of the centro-symmetrical 
D'7.—Ccemm of the three space groups compatible 


with the systematic absences. In addition, both 


Mn and Al atoms appear as both single and double 
peaks in the two projections used (along b- and 
par- 


Mn can be 


compared with peaks 2 Al which are nearly the 


c-axes) with reasonably good resolution; in 


1 


ticular, in the b-projection a peak 1 


same height so that the comparison becomes less 
dependent upon scaling operations. Three treat- 
ments of the structural data agree in suggesting 
absorption of electrons by Mn atoms. 

Direct Fourier syntheses of electron density, with 
coefficients F, scaled to absolute values by com- 
parison with F,, give total numbers of electrons 407 
for c- and 413.5 for b-projections, compared with 
112 for 4 units MnAlg: 


29 and 11.3 electrons, respectively. 


these totals include ‘‘back- 
srounds” of 
Electron counts for equal peak areas are collected 
in Table VIII. The procedure is entirely dependent 
on the accuracy of the scaling operation. 
Syntheses (F, — F,) 
culated for 


for both projections, cal- 
the 


low-angle reflexions and using 


atomic f-curves of Viervoll and Ogrim [17] for 
Mn and Al atoms, again 
Mn and deficits in Al atoms (Table 


neutral indicate excess 
electrons in 
VIII). Moreover, these difference-syntheses give 
no indication of inaccuracies in choice of atomic 
parameters, or of temperature factors, sufficiently 
on either measured inter- 


serious to cast doubt 


= 
binary 
— 
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VIII 


ELECTRON COUNTS IN 


\tom 


c-projection 

b-projection 

Average (single atoms) , 

¢-projection, assuming zero 
background density 

Excess electrons, ¢-projection 

(F, — F 
Excess electrons, b-projection 

(F, — F,) 
atomic distances or electron counts. The method is, 
of course, entirely dependent on correct scaling, as 
with the F,-syntheses. 

Before the final refinement, electron counts were 
made [10] on one c-projection by assuming zero 
electron-density between atoms as in the case of 
CozAl, [5]. In this way, dependence upon a direct 
scaling-factor relating F, and F,, and upon the 
precise form assumed for the atomic f-curve, is 
avoided. Table VIII an 


electrons in the Mn peak, and the total of 


excess of 
106 
electrons in the cell is close to the correct number 
412. One weakness of these figures is that they were 
obtained from a projection known not to be fully 


again shows 


refined; another is that the assumption of zero 
electron-density in the background is contradicted 
in all cases where direct scaling is used to obtain an 
F, synthesis. 

Summarising, it is again found that Mn appears 
to have about 2 excess electrons, and there is some 
evidence (Table VIII) that the biggest deficit is 
shown by atoms Al, which make extremely close 
contacts with Mn and with other atoms Al». No 
such deficit is seen for atoms Al; which also make 
rather close contacts with Mn, but these show no 
abnormally close contacts with other Al atoms. 

(d) CrsSigsAlh3. For this cubic crystal both two- 
dimensional projection and three dimensional line- 
synthesis were used to give the electron counts 
collected in Table IX. In projection, the peaks 
Al,;, Ale and 2Al, are free from overlap and the 
counts should be reliable; but the Cr and Si peaks 
are too close for accurate counting. In line-syn- 
Cr, Si, and Alo (necessarily) fully 
resolved, and if the assumption of spherically 
symmetrical electron-distributions is justified, the 


thesis, are 


corresponding electron counts should be reliable. 
All these counts are placed on an absolute scale by 


TABLE IX 


ELECTRON CouNTs IN Cr,SigA 


Electrons 


assuming that the Si atom contains 14 electrons 
—a procedure which differs from any of those used 
in the other structures under discussion. 

Detailed consideration [14] of the actual composi- 
tion of the alloy sample used leads to the conclusion 
that there is evidence for some absorption of elec- 
trons by Cr (probably 1 or 2 per atom), with corre- 


sponding deficit in atoms Al; which make a very 
close contact with them. Any attempt to specify 
the electron counts accurately is rendered more 
difficult by the absence of a centre of symmetry in 
the structure; for this results in enhancing the 
influence, when calculating the phases of the terms 
in the syntheses, of the difference between the real 
atomic f-curves for the Cr and Al atoms and those 
assumed, which correspond to neutral Cr and Al 
atoms. 

This alloy thus falls into line 


detail, 


with the others 
technical 


the 


but—partly for 


the 


discussed in 


reasons connected with symmetry of 


structure—provides little new information. 
V. Discussion 


Any attempt at generalisation, based on the 


structures reviewed in the preceding sections, must 
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2 Mn Mi 2Al 2Al \ 2A Back- 
ground 
2 2 21.4 11.8 29 
3.2 11.6 24.5 11.3 
11.4 11.1] 12.0 
25.0 24.5 11.9 (0) 
0.9 1.3 0.2 
0.7 0.9 — 0.3 
Peak 
From From 
projecti line-synthe 
Cr 27.6 25.4 
14.0 14.0 
) 
io ) 
19 9 
\ 
\ 13.1 
2 Als 25.9 
OcA 
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necessarily be provisional and tentative, but a 
number of features emerge which may be of some 
significance. 

First, the observed prominent Brillouin zones, 
with 


straightforwardly as is usual 


effective 


interpreted 
simpler phases, consistently indicate 
negative valencies (electron absorptions) for the 
transition metal atoms in close agreement with the 
numerical values proposed by Raynor. It is, 
however, very difficult to accept a model of the 
alloy in which these atoms are supposed to have 
acquired negative charges as high as those proposed 
(e.¢.) for Mn and Cr. It can also be objected that 


the direct counts of electrons, assuming their com- 


plete validity in each structure so far examined, do 


not confirm the proposed steady increase in effec- 
tive negative valency along the series Co (Fe) Mn 
Cr, but rather suggest an absorption of the same 
order (about 2 electrons) for Co, Mn and Cr, or 
possibly a decrease for Cr to about 1 electron. It 
must be pointed out, in this connection, that the 
atoms Al and Si which are supposed to contribute 
3 and 4 the ‘‘free’’ 


electrons counted in the Brillouin zones, similarly 


electrons, respectively, to 
do not give electron counts corresponding to these 
degrees of ionisation. Whether the electron counts 
are accepted as valid, or not, the Brillouin zone 
observations emphasise the need for making a 
more fundamental approach to the problem of their 
interpretation in these alloys than has, so far, been 
attempted. In a recent paper Jones [18] has ex- 
amined certain aspects of the problem of ‘‘absorp- 
tion’’ (see also, below), but a re-examination of the 
relation between structural stability and the filled 
zone, in the most general terms, is urgently needed. 

A feature of these structures which appears to be 
firmly established and common to all is the occur- 
rence of very short contacts between the transition 
metal atom and some of the surrounding Al atoms, 


‘ 


the remaining such contacts being ‘‘normal”’ i.e., 


of lengths corresponding fairly closely with pre- 
dictions from the known effective radii of the atoms 
in the structures of the pure elements, adjusted 
(semi-empirically) in accordance with the observed 
coordination numbers. Less firmly established, 
because they are revealed by interatomic distances 
differing from the normal by amounts which do 
not greatly exceed the possible error in their deter- 
mination, are anomalies in the environments of 
those Al atoms which themselves make very short 
contacts with transition metal atoms. Moreover, 
these anomalies are found only in some of the 


structures, not in all. 
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It is rather striking that (again assuming the 
validity of the electron counts) there is in some cases 
evidence for localised transfer of electrons between 
Al atom and transition metal atom making a very 
short contact; in these cases, it is this Al atom which 
shows the biggest deficit in electron content (com- 
pared with Al 13) of all those in the structure. 

A study of the four structures under review does 
not lead to an understanding of the factors which 
are physically important in determining their 
features. Some kind of localised bonding would 
appear to be involved, and it may be that these 
phase-structures should be described in relation to 
from which they are 


the coordination-groups 


constructed. It also seems likely that ‘“‘holes’’ 
(i.e., unoccupied coordination-groups) must play a 
special role. 

The meaning of the electron counts is very diffi- 
cult to establish. At present, in spite of the general 
similarity of the results obtained from quite differ- 
ent structures, it would certainly not be justifiable 
to assert that electron absorption (in its most naive 
sense) by the transition metal atoms has been 
firmly established. For all the structure-analyses 
suffer from the fact that no absolute measurements 
of intensity have been made, and from the uncer- 
tainty regarding the precise form of the atomic 
f-curve which should be used in the computations. 
In various ways, difficulties due to overlap, arising 
from thermal vibrations which may be anisotropic, 
and to diffraction ripples in the Fourier synthesis, 
arising from the use of incomplete series, have been 
overcome at least in part. 

If the two major difficulties can be overcome— 
by making absolute measurements of intensity, 
and by the determination of accurate atomic 
f-curves—it will be of the greatest interest to see 
whether any electron-transfer can really be ‘‘local- 
ised’’ to certain Al atoms, and also to know whether 
there is any appreciable electron-density between 
atoms, either as a general background or associated 
with special regions. In ternaries with Si it will be 
particularly interesting to see whether this behaves 
as a normal atom or whether it should, in an alloy 
of this kind, be considered as truly (partially) 
ionised. Supposing absorption by the transition 
metal atom to be demonstrated conclusively, it will 
be necessary to know how the absorption depends 
upon the relative amount of Al in the alloy, whether 
it varies according to the nature of the coordination 
when this varies from one (transition metal) atom 
to another (of the same transition metal) in the 
same structure, and how the absorption varies 
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along the series Ni, Co, Fe, Mn, Cr. The recent 
work of Jones [18] to which reference has already 
been made, is of particular interest in connection 
with the last point; but a fuller discussion of its 
bearing on the electron counts is probably best 
postponed until their validity is more firmly 
established. In the results already obtained, though 
none of these aspects of the problem has been 
clarified, enough has been seen, in the review of 
Section IV, to show that the method of accurate 
structure-analysis can almost certainly be made to 
yield much information on all of them. Until the 
two major difficulties mentioned above have been 
overcome—and in particular until absolute inten- 
sity measurements are available—there is no point 
in a more detailed treatment of the electron counts. 


VI. Conclusion 


The structures discussed in this paper all belong 
to one class of transition-metal alloys, viz., those 
rich in Al. A number of simpler structures of this 
class are also under re-examination in the hope 
that they may help to build up a general picture of 
these alloys. In addition, the application of high- 
accuracy methods of measurement to the structures 
of both a-Mn [19] and 6-Mn [20] may yield valu- 
able information about the electron configuration 
of the Mn atom. The recent analyses of some sigma- 
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phase alloys, and of 8-uranium, are also of great 


importance for a wider discussion of the problem 


than is attempted here. 
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THE ANODIC OXIDATION OF URANIUM* 
O. FLINT, J. J. POLLING, and A. CHARLESBY} 


ge of 2-100 volts the anodic oxidation cf uranium inammoniacal ethylene glycol produces 
lms which are predominantly uranium dioxide in composition. The oxide formed in this 
ows considerable stability to atmospheric corrosion. During film formation at constant 
e voltage rises steeply to a plateau, and subsequently increases more slowly to a second 
films formed during the period of voltage rise are crystalline in character, whereas on a 

become amorphous. 
[he rate of oxidation_during initial voltage rise, deduced from charge assuming maximum current 
iency, is about 16 A/volt and 16-20 A/volt from optical thickness measurements, assuming a 
index of 2.0 for a film of UQs. 


‘ities between thermal and anodic oxidation of ura 


n is drawn to similarit lium. 


L’OXYDATION ANODIQUE DE L’URANIUM 


ition anodique de I’uranium dans |’éthyléne glycol ammoniacal, pour un intervalle allant 
de 2 4 100 volts, produit des couches d’oxyde, constituées principalement par du bioxyde d’uranium. 
formé de cette facon manifeste une résistance considérable a la corrosion atmosphérique. 
Pendant la formation de la couche a courant constant, le voltage s’accroit abruptement jusqu’a 
un plateau, et ensuite plus lentement vers un deuxiéme plateau. Les couches formées lors de la 
période d’accroissement du voltage sont cristallines, alors que le long d’un plateau il y a formation 
de couches amorphes. La vitesse d’oxydation pendant I’accroissement inital du voltage, déduite de 
la charge, en supposant un rendement maximum du courant, est d’environ 16A/volt, et 16 20A/volt 
d’aprés des mesures optiques d’épaisseur, en supposant un indice de réfraction de 2,0 pour un film de 
On attire l’attention sur les analogies entre les oxydations thermique et anodique de l’uranium. 


L’oxyd 


UO, 


DIE ANODISCHE OXYDATION DES URAN 
Im Bereich von 2-100 Volt erzeugt die anodische Oxydation von Uran in ammoniakalischem 
\thyvlenglycol Oxydfilme, die vorwiegend aus Urandioxyd bestehen. Das so gebildete Oxyd ist gegen 


steigt die 

zweiten Schwelle aufzuwachsen. Die 

wahrend sie auf einer Spannungsschwelle amorph werden. 
Die Oxydationsgeschwindigkeit wahrend des ersten Spannungsanstieges kann abgeschatzt werden, 

man maximale Stromleistung annimmt; sie betragt 16 A/V und 16-20 A/V aus optischen 

wenn man fiir einen UO, Film den Brechungsindex 2,0 annimmt. 

d bei der anodischen Oxy- 


wahrend des Spannungsanstieges gebildeten Filme sind kristallin, 


wenn 
Dickenmessungen, 

Es wird auf die Ahnlichkeit der Erscheinungen bei der thermischen ur 
dation des Urans hingewiesen. 


‘ thickness until equilibrium is reached between the 
Introduction rate of film formation and chemical solution of the 
oxide. During film formation the current remains 


The mechanism of formation of thin oxide films 
fairly constant. Non-porous films on both alu- 


on metals, such as aluminium and zirconium, in air, 


chemically and by electrolytic methods has been’ minium and zirconium are formed by similar treat- 


studied in some detail by a number of research 
workers [1; 5; 10]. As a result, a theoretical frame- 
work embracing the mechanism of controlled oxi- 
dation of these metals has been evolved. 

In the case of aluminium or zirconium, oxidation 
in air or oxygen at room temperature leads to the 
formation of thin stable films of some 20-30 A 
thickness [2]. Further oxidation at elevated tem- 
peratures increases the film thickness parabolically. 

Anodic oxidation of the two metals may produce 
two types of oxide film, both of an amorphous 
character but differing in porosity, depending on 
whether the oxide formed is soluble in the electro- 
lyte. Porous films on aluminium are produced by 
anodic oxidation in dilute sulphuric, chromic and 


oxalic acid electrolytes and these films increase in 


*Received February 24, 1954. 
yAtomic Energy Research Establishment, Harwell, England. 
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ment in aqueous boric acid, ammonium borate and 
ammoniacal ethylene glycol. Here the films are 


practically insoluble in the electrolyte and the 
current density falls with time to a very low value 
of the order of 1 nhamp/cm? [2]. This fact indicates 


that film growth has virtually ceased since pro- 


longed current flow results in an _ insignificant 
change in film thickness. Previous work [5] has 
shown that the thickness of the oxide film produced 
is directly proportional to the formation voltage, 
and in the case of zirconium, reproducible interfer- 
ence colours can be observed at any potential up to 
300 volts [3]. The colour of these films is a useful 
means of estimating film thickness. 

The oxidation of uranium in air produces a film 
which is non-protective and elevation of the 
temperature up to about 220°C leads to the forma- 


tion of UO:; this is converted to U;O, at higher 


( If 

eft 
atmosphiarische Korrosion recht bestandig. Wird der Film bei konstanter Stromstarke gebildet, so 
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temperatures. Anodic oxidation of the metal in 
dilute sulphuric, chromic or oxalic acids results in 
the dissolution of the uranium, with no visible film 
formation. Because of the high chemical activity 
of uranium and its position in the electromotive 
series, any surface impurity (for example an 
inclusion) or even slight traces of the order of 
0.01 per cent of halide in the electrolyte, leads to 
excessive pit corrosion during anodic treatment. 

It was felt that a useful comparison might be 
made between the oxidation of uranium under con- 
trolled electrolytic conditions and the anodic oxi- 


dation of alumium and zirconium. 


Preliminary Work 


Initially, uranium discs 1 in. in diameter were 
ground on emery paper to 4 O’s grade (600 mesh) 
and anodised in concentrated aqueous ammonium 
borate at various voltages using a platinum cathode. 
Interference colours were formed at a potential of 
1-2 volts but at higher potentials a milky pitted 
film developed. In N/100 ammonium borate solu- 
tion this colour range was visible up to a potential 
of 5 volts, but electrolytic treatment for longer than 
2 minutes again resulted in pitting of the base 
metal. Previous work has shown that uranium 
is readily pitted by very small concentrations of 
halogen ions as is the case, to a lesser degree, for 
aluminium. Although particular care was taken to 
ensure purity of the ammonium borate and triply- 
distilled water was employed as solvent, pitting still 
took place during electrolysis. 

In view of the pit corrosion produced by aqueous 
electrolysis and the very limited range over which 
interference colours could be observed, anodic 
oxidation in a non-aqueous electrolyte was investi- 
gated. Preliminary work with ethyl alcohol gave 
only loose yellow oxides or hydroxides and therefore 
derivatives of the higher alcohols were investigated. 
As a first attempt uranium was anodised in water- 
free ethylene glycol. In this case no visible film was 
formed and as the conductivity of the electrolyte 
was of the order of 0.1 KX 1074 mhos, ammonium 
borate was added to increase this value. In this way 
thin films, showing interference colours up to 50 
volts, were obtained but the reproducibility was 
poor. 

Finally, ammoniacal ethylene glycol was used as 
an electrolyte. This solution is employed in the 
fabrication of electrolytic condensers having a long 
service life, and it was thought that with such an 
electrolvte chemical effects during oxidation would 
be very small. Electrolysis at room temperature 
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produced films showing interference colours which 


were characteristic of formation voltage over a 


range of from 2-100 volts, with no pit corrosion 
after 2 minutes of treatment. Treatment for longer 
than 30 minutes, at the higher formation voltages 
resulted in some changes in the film, at 60 volts a 
yellow oxide formed loosely on top of the original 
film and at 80 volts, nodules of black oxide grew in 
pits over the surface. 

A preliminary comparison of the colours pro- 
duced on uranium by anodic oxidation in ammoni- 


acal ethylene glycol and those produced on 


zir- 
conium by similar electrolytic treatment in aqueous 
ammonium the 


of this comparison a strip of uranium 10 X 2 X 0.4 


borate was made For purposes 


cm was cleaned and ground on emery paper, to 


t O’s grade, and immersed in the electrolyte to 


within } cm from the upper end, and anodised at 


5 volts for 2 minutes. 


It was then withdrawn 1 cm 
and reanodised at 10 volts for 2 minutes. This process 


was repeated until the applied potential reached 


75 volts. In this way a coloured strip was produced, 


band 
formation voltage (Table [). 


each coloured representing its respective 


Sharp demarcation lines between each coloured 


band were not obtained, as with zirconium. This 


may have been a result of the more porous uranium 
oxide film which promoted creep of the electrolyte 
at the solution level during anodic tre 

consequent staining. 

constant voltage 


Some preliminary runs at 


room temperature gave log 7/log fcurves which w 


5 
rARIEF ] 
ART O () J ) } Wc 
URANIUM RCONIUM 
Film colour For e | 
Straw 2 0 5 
25 10.0 
Red-brow 15.25 15.0 
Puornle IX | {) 
Deep blue 90.0 950 
\led n blue 26.2 
Light blue 
Pale blue 550 10.0 
Whit 5 5 0 
Pale vellow 51.0 70.0 
Pale gold 55 0 
Deep gold 59.5 
Red gold 64.0 75.0 
Red 72.0 
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not reproducible and of variable slope. When this 
work was repeated at 0°C, the curves were straight 
lines of decreasing negative slope with increase in 
voltage and in all cases more uniform interference 
colours were obtained. 

Uranium normally oxidises progressively when 
exposed to air; in water corrosion is much more 
rapid, with barnacle and pit formation taking place 
after a few hours. Prolonged exposure of anodic 
films to the laboratory atmosphere, however, 
produced little change in colour or texture, indi- 
cating that some degree of passivity was imparted 
to uranium by anodic treatment. This passivity 
appeared to be unchanged after 24 hours’ immersion 
in water at room temperature, a further indication 
that these films were similar in character to those 
produced on aluminium or zirconium, by anodic 
treatment in aqueous ammonium borate. 

Figure 1 is a typical example of a voltage/time 
the 
constant current of 0.33 ma/cm?. By anodic treat- 


curve of anodic oxidation of uranium at a 


ment at constant current, any voltage change is 
due to film formation, since at constant tempera- 
voltage loss across 


ure the the electrolyte is 


constant. In Figure 1 inset, there is a small plateau 


nt current, 

itial st ige, 

at 5 volts | to a thin air-formed tarnish 
film. After two minutes the voltage rises steadily to 


15 volts (or 11.5 volts when 


a second plateau at 


corrected for resistance of the electroly te). There- 
the 
original rise until a third plateau appears at 65 volts. 
In the case ; 
oxidation in ammonium borate at constant current, 


rises at a lower rate than 


after the voltage 
of aluminium and zirconium, anodic 


gives linear voltage/time curves with no break in 
the continuity, (such as a plateau or sharp change 
in slope), until very high potentials of the order of 
100 volts are reached. 

results described 


Because of the preliminary 
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above on the anodic oxidation of uranium in 
ammoniacal ethylene glycol further work in greater 


detail was justified. 


Experimental Technique 

Electrolytic cell 

Throughout the work to be described, plates of 
uranium 5.0 X 1.9 X 0.2 cm formed by hot rolling, 
pickling and two final cold passes were used. The 
specimens were abraded on emery paper of grades 
down to 4 O’s using petroleum ether as lubricant. 
They were then painted with cellulose paint to 
limit the anodised area to 7.6 sq cm of the side 
facing the cathode. A cylinder of polythene 3.75 cm 
in diameter, with two deep grooves 1 cm apart 
supported the electrodes, these being held in a 
parallel position by a 1 cm wide polythene spacer 


cut from 3 mm sheet. The assembly was lowered 
into the electrolyte by two leads from the ends of 
which were attached crocodile clips painted to 
prevent condensation and spray corrosion in the 
cell during electrolysis. During the experimental 
runs the solution level was maintained 0.5 cm lower 
than the top of the electrodes so that no galvanic 
couple could arise between the supporting clips and 
the electrodes. 

To maintain steady temperature conditions the 
cell was supported in a Dewar flask containing 
melting ice for experiments at 0°C and solid COs, in 
alcohol for temperature ranges down to —40°C. At 
the the 
electrolysis maintained the cell temperature about 


lower temperatures heat generated by 


5°C above that of the cooling bath. 

To avoid absorption of water vapour from the air 
by the electrolyte a tube of P.O; was suspended in 
the cell. Fully rectified smoothed d.c. current was 
fed to the cell through a variable series resistance 
of up to 50,000 ohms, to give fine control. For 
certain critical runs a bank of dry cells was used as 
a source of external current. 

Specimens, after anodic treatment, were washed 
in running water and dried between filter papers. 
The effect of different 
studied in detail, as described below. 


formation conditions was 


Electrolyte resistance 


One important difference between uranium and 
the metals previously examined is that the electrical 
resistance of uranium oxide is low compared with 
aluminium and zirconium oxides, while the resis- 
tance of the ammoniacal ethylene glycol is high 
compared with aqueous electrolytes. It was neces- 
sary, therefore, to carry out a preliminary investiga- 
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tion of the properties of the organic electrolyte— 
its polarisation characteristics, its resistance, and 
the variation of these properties with temperature. 
This was done using two parallel platinum elec- 
trodes 7.6 sq cm in area and 1 cm apart. The 
polarisation effects are constant over a range of 
potentials and The 
current density with applied potential was deter- 
mined. The results in Figure 2 show that the electro- 
lyte obeys Ohm’s Law, and the voltage V required 


temperatures. variation of 


to pass a current 7 is given by: 
V = Vo +1R 
where V, is an initial potential of about 1.8 volts 


due to polarisation, and R is the resistance of the 
electrolyte. It is also clear from Figure 2 that the 


T 
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FiGURE 2. Typical voltage/current curves for ammoniacal 
ethylene glycol. Platinum electrodes were used spaced 1 cm 
apart. 


resistance increases as the temperature falls. Cor- 
rection factors for potential drop across the elec- 
trolyte for use in future work can be read directly 
from this curve. The plot of log R against 1/7 in 
Figure 3 shows that the relation between resistance 
R and absolute temperature 7 may be represented 
by the equation: 


R = 


(where Rp is the resistance to which the electrolyte 
tends at high temperatures, U and & being con- 
stants). Calculations based on data from the curve 
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that with R, = 0.0269 ohm, 0.056 


electron volt. 
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The effect of variation of the concentration of 
ammonia in the 


affected by 


electrolyte was studied, dilution 
the B.D.H 


Concentrations saturated 


being addition of pure 


ethvlene glycol. from 
70 ¢ 


solution were prepared and examined at 0°C. Both 


| ammoniacal ethylene glycol down to 14 ¢g/] 


dilution and the combination of dry ammonia gas 


with glycol were exothermic. Table II shows the 


TABLE II 


VARIATION OF RESISTANCE WITH CONCENTRATION OF 


AMMONIACAL ETHYLENE GLYCOI 
tent Ammonia 


itions b 


12,100 
16,600 
18,500 
18,800 


variation of specific resistance with dilution made 
by the addition of glycol to 70 g/l solution together 
with the corresponding chemical analysis, carried 


out as a straight titration of the solution against 
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standardized HCl using screened methyl orange, 
as an indicator. 

From these figures it would appear that some 
addition compound had been formed leaving a 
limited quantity of ‘‘free’’ ammonia for titration. 
As was to be expected the resistance of the electro- 


lyte increased with decrease in ammonia content. 


Effect of air-formed tarnish films 


tarnishes so rapidly in air and 


As uranium 
preliminary work at room temperature and 0°C 


had shown that any tarnish film appeared to delay 
the normal voltage rise during electrolysis at con- 
stant current, this effect was investigated by taking 
voltage/time measurements at O0°C, using speci- 
mens which had been exposed to the air from 5 
minutes to 22 hours after abrading. Specimens with 
tarnish films were immersed for various periods in 
the electrolyte before anodic treatment to deter- 
mine whether the delay in normal voltage rise could 
be removed by a simple immersion. The results are 
time curve, in Figure 4. The 


drawn as a voltage 
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FIGURE 4. Effect of 


delay in voltage rise at the start may be due to the 
film, or to the chemical effect of 
electrolyte. When the voltage 


initial tarnish 
immersion in the 
finally rises the slope of each curve is nearly parallel, 
and may indicate that the voltage rise is similar for 
all specimens once the delay introduced by the 
tarnish film has been overcome. Variations in the 
curves may be due to variations in superficial 
surface area of the specimens and local temperature 
changes. Suspension of tarnished specimens in the 
electrolyte, prior to anodic treatment appears to 
eliminate the delay in voltage rise provided that 
the immersion time is greater than the tarnishing 
period. No visible change in the colour of the 
specimen was observed after this immersion treat- 
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ment; clearly therefore, change in film thickness as 
a result of immersion does not appear to account for 
this phenomenon, nor chemical attack increase the 
delay. 


Results 


Film formation at constant current 

An advantage gained from anodic oxidation at 
constant current is that the voltage drop across the 
electrolyte remains constant at constant tempera- 
ture, and therefore the initial voltage V due to the 
electrolyte could be corrected for immediately 
during analysis of the results. 

The cell, in this case, was connected in series with 
a bank of variable resistances which were decreased 


aT 
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(rons) 

FiGuRE 5. Variation of potential with time at various 
temperatures and current densities, in ammoniacal ethylene 
glycol (23 g/l). 
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continuously during anodic treatment in order to 


maintain a constant current. Current densities 
ranging from 0.1 to 2.5 ma/cm? were investigated, 
voltage/time measurements being taken at constant 
time intervals for various periods. This work was 
carried out at temperatures from 0°C to —40°C. 
Figure 5 shows a series of typical voltage/time 
plots, using an electrolyte containing 23 g/ 
ammonia. This concentration was achieved through 
evaporation of the ammonia and not dilution with 
ethylene glycol, which, as has been shown, might 
introduce a variation in results due to the presence 
of complexes formed by combination of free 
ammonia with the diluent. All these curves show a 
characteristic plateau or, at the higher current 
densities, a sharp change of slope. In each case the 
voltage rises more rapidly with increase in current, 
as was to be expected. For each temperature studied 


Figures 6 to 8 show potential corrected for initial 
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- coucomes/cm? 
FIGURE 6. Variation of potential with charge passed at 


various current densities. Temperature 0°C. 
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FicurE 7. Variation of potential with charge passed at 
various current densities. Temperature —22°C. 
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time lag due to tarnish and for resistance of electro- 
lyte, plotted against total charge passed. At a given 
temperature, the increase in voltage depends mainly 
on the total charge passed, and only to a small 
density. Moreover, the 


extent on the current 


plateaux occur at very nearly the same voltage. The 
main features derived from these curves are sum- 


marized in Table III. 


rABLE III 


TEMPERATURE AND (CURRENT DENSITY 


DURING 


EFFECT OF 


VARIATIONS OXIDATION OF URANIUM 


\NopI¢ 
erage 
plateau 


pote! 
pot 


15 
25 


10 


These figures show that the plateau height gradu- 
but 
that this change does not appear to alter markedly 


ally increases with decrease in temperature, 


over the temperature range. The charge passed to 
reach a plateau, however, at any given current 
density and temperature is nearly constant, but 
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there is little correlation between this figure and 
the plateau length also expressed as charge. 


Effect of dilution of the electrolyte 


The primary effect of dilution on the anodic 
oxidation of uranium, at constant current, as seen 


in Figures 9a, b, c, and d, appears to be the dis- 


electrolyte on 
constant current 


FiGurRE 9. Effect of concentration of 
potential/time curve. All observations at 
density 0.33 ma/cm?, temperature 0°C. 


appearance of the low voltage plateau which is 
replaced by two changes in slope. At 50-60 volts a 
plateau is also obtained after the passage of 600 
milli-coulombs. At 60 volts and over, all specimens 
show a loose yellow powdery layer on top of the 
normal interference colour film. Table IV gives an 


analysis of these results. 


TABLE I\ 


EFFECT OF VARIATION OF CONCENTRATION OF AMMONIA IN 


Plateau 
Current at changes 


passed to length 


density in slope lst and 2nd expressed 
ma/cm? ind 
plateau (P) 


volts 


change as 


Dilutior in slope charge 


milli- (milli- 
coulombs) coul- 


ombs 


2nd 
P ) 600 


Ist 11 
2nd 26 


P 56 


35.0 20 Ist 17 
2nd 27 


P 44 
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From the table, the first change in slope occurred 
at an average of 12.3 volts, the second at 26 volts 
after the passage of 100 millicoulombs. (These 
figures are corrected for resistance of the electro- 
lyte.) Similar high-voltage plateau lengths of 600 
milli-coulombs were recorded in all but the most 
dilute solution. Thus from these results it appears 
that little significant change in the reaction occurs 
as a result of dilution, apart from an acceleration of 
high voltage plateau formation. The 50-60 volt 
plateaux formed when using solutions ‘‘diluted”’ 
only by evaporation, occurred after the passage of 
3-4 coulombs rather than about 0.6 coulombs as 
recorded in the second case. It will be noted that 
the potential to reach the first change in slope is of 
the same order as that required to reach the plateau 
in solutions diluted by evaporation (of Tables III 
and IV). 

Anodic oxidation at 1.31 ma/cm?, a fairly high 
current density in this work, in 70 g/l concentrated 
electrolyte gave a film exhibiting periodic passivity, 
the voltage increasing by 2 volts in 14 minutes and 
then fluctuating with increasing amplitude (see 
Figure 10). Aeration of the electrolyte for short 
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FiGurRE 10. Potential periodicity during low-temperature 


anodisation in concentrated electrolyte, showing effect of air 
agitation. Concentration 70 g/l. Constant current density 
1.31 ma/cm?. Temperature —20°C. 


periods decreases the amplitude, but does not 
remove the effect. 

One interesting result observed at the lowest 
concentration examined, (14 g/l of ammonia), was 
the gradual fall in potential after a 48-volt plateau 
had been reached. This fall continued, until after 


i 
| 4 
he 
| 
\ 
ELECTROLYTE ON ANODIC OXIDATION AT O0°C 
< 
g/l NH | 
2S MINS AIR AGITATION 
| 
‘| | | 
14.0 6.2 0.33 Ist 12 19 
2nd 26 118 
23.0 7.6 0.33 || 5 25 
100 
600 
100 
600 


FLINT ET 


100 minutes, equilibrium was reached at 26 volts, 
this being nearly the original potential of the second 


change in slope, the curve being almost symmetrical 


(see Figure 9d). This effect could not have been due 
to chemical solution of uranium oxide in the elec- 
trolyte as an analysis did not reveal the presence of 
uranium in any detectable quantity. A similar fall 
in potential was also observed in the results of oxi- 
dation at 17.5 g/I dilution, though to a lesser extent. 

The results described indicate either a change in 
chemical composition of the oxide formed or a 
change in physical state, at a plateau or point of 
sharp change in slope. A tentative suggestion at 
this stage was that the two plateaux formed at 
approximately 10-15 volts and 50—60 volts poten- 
tial difference across the film corresponded to the 
formation of UO, and UO; (or UQO,) respectively. 
Similarly, the changes in slope and the plateau 
observed in results during oxidation in diluted 
solutions might also indicate these differences in 
oxide composition. This view is supported by the 
formation of loose yellow oxide above 60 volts 
together with black nodule formation at higher 
voltages. A detailed electron diffraction study of 
the films, taken at critical points on these curves, 
was undertaken to provide an answer to this aspect 
of the work, and is described in a separate section. 


Film formation at constant voltage 


A selected voltage was applied directly to the 
electrodes and maintained constant during elec- 
trolysis by variation of external resistances. Poten- 
tials ranging from 5 to 100 volts were employed and 
the variation of current with time recorded. This 
work was carried out at 0°C. Logarithmic current 
time curves drawn for the various specimens show 
clearly that the current falls quite rapidly with time 
at low formation voltages, whereas at higher vol- 
tages the fall in current is less marked (Figure 11). 

In the case of aluminium, anodic oxidation at 
constant voltage gives extremely low values of the 
order of 1 wamp/cm? for current flow after film 
formation [2]. The high 
uranium, about 5 ma/cm?’, may be due to greater 


values recorded with 
porosity of the oxide film and the resultant increase 
in conductivity due to absorbed electrolyte. 
Since with uranium positive the system does not 
obey Ohm’s law during film formation, the resis- 
tance of the film is not constant, but when the 
applied potential is lower than the formation 
voltage the current passed is small, and agreement 


with Ohm’s Law becomes closer. 
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FIGURE ll. 
voltage. Temperature 


Figure 12 is a logarithmic plot of current against 


potential drawn from results obtained with a 


specimen, formed a constant voltage having a 
2-minute 25-volt film anodised at —22°C. It shows 
a plot AB of the same variation of current with 
potential corrected for the resistance of the electro- 
lyte (23 g/l). This curve is a straight line of slope 
approximately 1. For a film produced under the 
above conditions a value for its resistance of the 
order of 10° ohms/cm* (+20 per cent) during a 
tenfold increase of current, is obtained. 


It can be shown that even when film formation is 


703 

| 

| 
| 

| 

BOV 

70V | 

60V 

| “x 5 OV 

| 

. 40V 

~*~ 30V | 

| 

| 

\ \ 25V 

| 
| 
\ | 

\ | 

SV 

ool" io 
TIME (ins) 


704 ACTA METALLURGICA, 


nearly complete at constant voltage, ionic current 
does continue to flow. A specimen was anodized at 
50 volts for 15 minutes, removed, dried, and par- 
tially reimmersed in the electrolyte. Oxidation of 
the immersed portion was continued at the same 
voltage for 17 hours. The first half of the specimen 
was a very faint blue (equivalent to a 35-40 volt 


zirconium oxide film) while the second half had 


CURRENT DENSITY (mo/ 


-4 


FIGURE 12. Rectifi 


changed toa yellow green (103-volt zirconium film 


Thus a considerable portion of the high ‘“‘leakage”’ 
current is ionic, whereas in the case of aluminium 
and zirconium [4] the leakage current is almost 
entirely electronic, and little further film growth 


takes place after the first few minutes. 


Electron Diffraction Study of Various Films 


From the results obtained by film formation at 
constant current, in various diluted electrolytes, 
positions of interest such as those of greatest 
gradient, change of slope and plateau were chosen 
on the respective voltage/time curves. These were 
chosen to determine whether the type of oxide film 
produced varied physically or chemically at each 
stage of film Under the 
required to reproduce these characteristic films, 


formation. conditions 
specimens were prepared at the Physical Labora- 


tories of Imperial College, London. The electro- 
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lyte was removed after anodic treatment by 
rinsing in water, alcohol or ammonia-free ethylene 
glycol and drying between filter paper. To deter- 
mine whether variations in the drying technique 


made any significant difference to the final films, 


the specimens were immediately transferred after 


drying to a 120 KV electron diffraction camera, 
examined and photographed. Further specimens 
were exposed to the laboratory atmosphere for 24 
hours and re-examined to note any changes in 
characteristics. The loose yellow film formed on 
uranium at a potential of about 60 volts was 
removed and examined in an attempt to produce 
transmission patterns, and films several months 
old were also studied for comparison and deter- 
mination of any change with age. 

The results provided no support for the theory 
that films taken at points corresponding to sharp 
potential increase and plateaux, represented changes 
in chemical oxide. All films 


clearly showed the presence of UO». In every case, 


constitution of the 
however, films taken on samples which had been 
anodised at points of potential rise proved to be 
crystalline in nature and those taken from any point 
on a plateau were amorphous. The changes in slope 
of the potential/time curves at constant current, 
therefore reflect changes in the physical charac- 
teristics of the oxide film.* Films taken on samples 
10-60 volts, 


showed several extra rings in the diffraction pat- 


at points of high voltage, nearer 


tern. These may be due to the presence of higher 
oxides of uranium but insufficient information was 
available for their identification. Confirmation of 
the presence of higher oxides was not obtained from 
examination of the loose yellow powder produced 
above 60 volts, as the detached scales employed in 
this study were too thick for transmission photo- 
graphs. The extra rings cannot be due to the 
presence of water since washing the specimen in 
water, alcohol or ammonia-free glycol showed no 
significant difference. Also specimens allowed to 
stand overnight in air gave even clearer pictures of 
the UO, that the film had 
become more crystalline on ageing, but since no 


film indicating 
extra rings in the pattern developed, significant 
absorption of water from the air had not occurred. 

The specimens prepared several months before 
(and examined at this stage) gave an exceptionally 
clear shadow edge and sharp rings with spacing 


*In this study the term amorphous structure denotes films 
in which the crystallites are so small that they are below the 
resolution of the camera. 
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corresponding to UO». A detailed table of results 
together with examples of photographs taken at 
the various stages is given in Appendices I and II. 


Film Thickness 

Maximum film thickness from Faraday’s laws 

If a film is formed at constant current and this 
current is assumed to be wholly ionic, an estimate 
of the true thickness of the oxide film can be ob- 
tained. This assumption is justified for aluminium 
where the formation current is almost entirely 
ionic; for zirconium the efficiency is usually at least 
70 per cent. At constant current the total charge 
passed is readily obtained and hence from Faraday’s 
Laws the maximum weight of oxygen released at 
the anode is known. This can be converted into the 
mass of uranium oxide formed, since 8 gm of O: 
m UQ,. The density of the bulk 
‘cm’ and if this is assumed to hold 


will form 67.5 

oxide is 10.8 gm 
for the film, the volume of oxide produced is known 
[7]. Finally, if the true surface area of the specimen 
is taken to be equal to the apparent area, the 
thickness of the film can be found. During the first 
linear portion of the voltage/charge curve (Figure 


5 


6) the rate of growth corresponds to about 16.5 A 

volt assuming maximum current efficiency. Since 
the current during formation is not entirely ionic 
and the true surface area is greater than the appar- 
ent area, the rate of growth will actually be less than 


the value quoted. 


Film thickness from interference colour 


The colour shown by a thin oxide film is due to 
destructive interference of a narrow band of fre- 
quencies constituting the light 
incident upon the film. The colours of thin films are 
reproducible, and if 


part of white 


therefore distinctive and 
calibrated against the colours exhibited by air 
films of known thickness would form a reliable 
method of determining the optical thickness of any 
given film. The interference colours of thin air films 
have been studied by Rollett [11] and in Table 
V a comparison is made of the formation vol- 
tage required to produce a film of given colour 
on uranium, and the thickness of the air film 
required to show the same colour by reflection. 
Owing to the difficulty of identifying the colours 
from their descriptions, accurate matching is not 
easy. 

If the assumption that thickness is proportional 
to the voltage of formation is correct and the 
refractive index u is constant, the plot of voltage 
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TABLE V 
FORMATION VOLTAGE AND THICKNESS OF 


AIR FILMS 


COMPARISON 


Chickness of air Formation voltage 
film required to required to 


produce colour 


\ 


coioul 


prod Ice 


1000 
1045 
1350 
1400 
1640 
2350 
2450 


3000 


Straw 
Pale 
Purple 


brown 


Deep blue 
Pale blue 
Faint blue 
Whit 


Pale yellow 


against equivalent air film thickness should be a 
straight line. Figure 13 suggests that this is the case 
and gives an optical growth rate of 32 A/volt 
which is equivalent to an oxide growth rate of 
32/n A/volt. From Faraday’s Laws a maximum 
value of the oxide growth rate is 16.5 A/volt so it 


seems that yu is at least 2 and probably greater. 
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FIGURE 13. 
voltage required to produ 


This value is of the correct order since the indices 
of the oxides of (ZrOz), 
(Al,O;), titanium (TiO.), and plutonium (PuQ:) 
are 2.2, 1.77, Z.ae The 


current flowing during formation is therefore very 


zirconium aluminium 


and 2.47 


respectiv ely. 


largely ionic in character. 
The curve of Figure 13 does not pass through the 
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origin, but indicates that even at zero voltage a film 
of 650 A optical thickness, or 650 uA = 325A 
oxide thickness, exists. This ‘‘zero thickness’”’ can 
be ascribed to the average phase change on reflec- 
tion which is the equivalent of a change in film 


Waber and 


co-workers [12] found an average phase change 


thickness. In the case of tantalum, 
equivalent to an oxide thickness of about 150 A or 
an optical thickness of 345 A. Since an air film 
thickness of only 1000 A (i.e., total path retarda- 
tion of 2000 A 


quencies at the violet end of the spectrum, and if 


is needed for interference of fre- 
the phase change contributes 650 A, the oxide film 
need be only 325/u A = 162 A thick to produce a 
visible colour. 


Oxidation of uranium in air and water 


Previous work has shown that the rate of 
oxidation of uranium in air at temperatures of the 
order of 100—250°C follows a parabolic law. In view 
of the characteristic thickness/time relationship 
observed during electrolysis the thermal oxidation 
of the metal in air was examined over a range of 
50-200°C_ to 
occurred under these conditions of oxide formation 
initial 5 X 2.5 cm 


x< 0.1 cm were heated in covered glass beakers in a 


determine whether plateaux also 


during the Specimen 


low temperature oven, controlled to +2°C by a 
Sunvic type temperature control. Films formed in 
air at temperatures up to 100°C were found to have 
reproducible interference colours and their thick- 
nesses were estimated by comparison with air 
films shown in Table V. Above this temperature the 
colour 


heat tints traversed the whole interference 


range too rapidly for accurate comparison and 
thickness of film was measured by change in weight 


The 14), 
typical plateaux at temperatures of 74°, 90° and 


determinations. results (Figure show 
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Figure 14. Comparison of thickness of films produced 
by thermal oxidation in air, anodic oxidation and immersion 
in water at various temperatures. 
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100°C respectively at thicknesses equivalent to 12, 
20 and 60 volts, assuming a growth rate of 16.5 A/ 
volt. 

In Figure 14 is also shown the rate of oxidation 
at 190°C; here in agreement with previous work [8] 
no plateau is recorded. A thickness time curve 
drawn from colour comparisons for a specimen 
heated in distilled water, at 50°C, is reproduced in 
Figure 14. In this case a plateau is recorded but the 
rate of attack is much greater than one would 
expect at 50°C by thermal oxidation of the metal 
in air, a fact which may be due to the formation of 
complex hydroxides or the difference in boundary 
layer between metal or oxide film and medium. 

One result noted after about 40 hours’ oxidation 
in air at 190°C, was the typical partition of the 
lavers. 
the 


maximum resolution for microscopic examination; 


uranium specimen into multiple oxide 


This layer effect has been observed up to 
i.e., for layers up to a thickness of 104 A, in 


both cast and rolled material. 


Discussion 


In the anodic oxidation of uranium the existence 
of plateaux in the formation voltage/time curves, 
(and sharp changes in slope at the higher current 


densities or in dilute solutions), which occur at 


10 and 15 


somewhat surprising. 


between volts and 50 to 60 volts is 
Electrolysis of aluminium or 
zirconium in aqueous or glycol electrolytes shows no 
The first 


recorded change in slope during the anodic oxida- 


such effect in the same voltage 


range. 


tion of aluminium occurs at about 400 volts; at this 
potential a disruptive spark occurs in the solution 


at the aluminium oxide face. That this plateau 


formation is a fundamental characteristic of 
uranium is shown by the fact that variation in 
temperature, concentration or current density have 
little effect on plateau height, this being largely 
dependent on charge passed. Similar plateaux have 
been observed by other workers during the anodic 
oxidation of zirconium in nitric acid [9]. In this 


j 


case plateaux of varying duration occurred _ be- 
tween 8 and 10 volts in the potential/time curves. 

During voltage increase to the first plateau the 
thickness of the films formed is directly propor- 
the thereafter, 


unless film growth virtually ceases during plateau 


tional to voltage of formation; 
periods, thickness estimations at higher potentials 
would be erroneous if based on formation voltage. 
Further work on the changes in film thickness over 
these plateaux will be carried out and reported 
separately. At this stage evaluation of film thick- 
ness depends largely on the correct estimation of a 
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given series of colours in comparison with those 
given by Rollett in his work on the colours of thin 
air films. This comparison introduces a subjective 
error which can only be eradicated by direct 
physical measurements which have not, as yet, 
been made. The 
16.5 A/volt for rate of growth of films on uranium 
up to the first plateau, obtained optically is of the 
same order as values given for other metals viz., 
10 A/volt for aluminium, 20 A/volt for zirconium 
and 16 A/volt for tantalum [13]. The rate of film 
growth on uranium of 16.5 A/volt agrees favour- 
ably with a calculated maximum value of 16 A/volt 
Faraday’s 


preliminary value of about 


estimated from Laws and assuming 
maximum current efficiency. The agreement cer- 
tainly suggests that the current efficiency is high 
and that the methods of analysis employed in these 
estimations were fundamentally sound. 

The electron diffraction study of films formed on 
uranium under various conditions has shown that 
in every case, at a period of potential increase, the 
oxide formed is crystalline in character. This is not 
the case for oxide films on aluminium and zir- 
conium where the structure is amorphous, and varies 
only in porosity. The electron diffraction results 
quoted in this report indicate that changes in the 
physical structure of the film take place at a change 
from voltage rise to voltage plateau. For a plateau 
formed at 20 volts, at a current density of 0.7 ma 
cm’, the total energy applied to the system is 
equivalent to about 0.5 X 10° calories per cubic 
centimeter of oxide. The energy required to change 
the physical state of such a uranium oxide film 
from a crystalline to an amorphous structure is 
probably of the order of 10-100 calories/cm*, by 
comparison with the corresponding transformation 
energy of the copper oxide system. Therefore, on an 
energy basis, such a transformation is possible, 
considering that the energy supplied is greater by 
a factor of 104 than that required to produce such a 
change. However, because of the high excess energy 
supplied, changes in state of the oxide layer might 
be due to a local heating effect, even although the 
thermal conductivity of the oxide is high. 

The resistance of the final film which has recti- 
fication properties cannot be given in simple terms 
since the current in the forward direction (uranium 


positive) is not proportional to the applied voltage. 
In the reverse direction the current is approxi- 
mately proportional to the applied voltage, after 
correction for voltage drop across the cell, and a 
resistance of about 10° ohms/cm! is obtained. 

This preliminary survey of the anodic oxidation 
of uranium has also proved to be of interest since 
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it has been shown that the controlled growth of 
thin films of UO, on the base metal imparts an 
appreciable degree of passivity to the surface. 
Uranium so treated remains protected for some 
hours when subsequently boiled in water, whereas 
untreated uranium usually undergoes general 
corrosion. Anodised uranium when heated in air at 
about 120°C shows very little change in colour 


(and hence in film thickness) after an eight-hour 


treatment, whereas freshly ground uranium sur- 


faces become a full black in colour over a similar 


time, indicating that growth of a thick film has 
taken place. Further work on the protective nature 
of these films is being carried out. The similarity 
of air and electrolytic oxidation rate curves, more- 
over, suggests that the mechanism of oxidation of 
to 2000 A in 


oxidation, 


films up thickness, is 
the 


method having fundamental features in common. 


uranium for 


independent of method of each 


During the anodic oxidation of uranium the 


change in structure of the film from a crystalline 
to an amorphous nature is marked by the forma- 
tion of a plateau on the thickness/time plot. It is 
postulated that at this stage a discontinuity in the 
film occurs. The alternate film growth and plateaux 
recorded may provide an explanation of the layer 
effect noted during thermal oxidation in air of the 
150°C. Here at 


plateaux or discontinuities, observed in this method 


metal at temperatures over 


of oxidation the adhesion of the oxide layers be- 
tween plateaux may be less, leading to rupture of 
discrete layers as the 


rate of oxidation increases. 
The weakness in this explanation is the fact that no 
plateaux were recorded during thermal oxidation 
in air at 190°C although this effect may have been 


masked by the accelerated rate of attack. 


Conclusions 


The anodic oxidation of uranium in ammoniacal 
ethylene glycol under varying conditions of tem- 
perature, current density and concentration of 


ammonia, in all cases results in the formation of 
UOQOs,. Variations in the rate of voltage increase are 
explained by the change in physical state of the 
oxide, from crystalline during voltage increase to 
amorphous during plateau periods. The oxide film 
is similar in many respects to that formed on 
aluminium or zirconium, being passive and of the 
same order of thickness. Estimations of film thick- 
ness have been made by comparison with the inter- 
ference colours of thin air films. Further work on 
the direct measurement of the refractive index of 
the film is in progress. A comparison between ther- 


mal oxidation in air, anodic oxidation in electrolytes 
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rABLE I OF APPENDIX II 


PREPARATION DETAILS PRIOR TO ELECTRON DIFFRACTION 


Anodic treatment 


Specimen Preparation - —— - - — Rinse Remarks 


No. Electrolyte r/t Temp. Potential Current 


NH; content time volts 


40/s emery (600 — - - Straight into 


mesh) Pet. ether camera 
rinse Acetone rinse 
30/s emery (400 — - - Straight into 
mesh) Pet. ether camera 
rinse Acetone rinse 
410 /s emery Pet. 23.1 21. 1 Water dried in Pale yellow film 
ether rinse Acetone filter paper 
rise Masking 40/s 


As (3) 2 22.! 21.! I Water dried in Pale vellow films 
filter paper with more 
lustre than (3). 


Water dried in Partly covered 
filter paper with thin 

powder on top 

of yellow film 


Ethyl Alcohol Purple-blue 
wash interference 


colour 


Water dried in More loose 
filter paper yellow film 
than (4 


NH; glycol Specimen 
dried in removed at 
filter paper peak of sharpest 
voltage rise 
Glycol free Removed at 
from NH change of 


dried as (8) slope 
90 M < 5 3 m/: As (9) Removed at 
peak of slope 
ned at Imperial 
r/1 247 M 2 2.é i Water dried in Removed at 
filter paper end of slope 
Yellow with red 
streak and 
black barnacles 


Specimen 
covered with 
loose yellow 
film 6 days old 
kept in 
dessicator 


As (3) 33 + 5 As (12) 


lachined surface 36 ] Purple interfer- 
Acetone degrease ence colour 
Specimen kept 
on lab. bench 
for 3 months 
(Thick dise 


of uranium.) 


710 
range 
1 
emery dry rub 
| 
19052 
8 As (3) 23.1 g/l 3M —21 18.8 2m/A 
9 As (3) 14. g/l 5M — 5 23.4 3m/A 
10 As (3) 14. 
Specimens prepared at Harwell and exan 
1] As (3 14 
12 As (3) 23.3 g/l 130 M + 1.5 63.8 2.5m/A As (11 
13 
| 
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TABLE II OF APPENDIX II 


RESULTS OF ELECTRON DIFFRACTION EXAMINATION OF ANODIZED URANIUM 
(AT A CAMERA LENGTH OF 48 CMs.) 


Temp. Final 


(°C) 


t time 
(min) 


NH; content 
(gm/I) 


voltage 


1 Original uranium surface 


23.1 17 


and oxidation in water of uranium has shown that 
these processes have much in common for films up 
to 2000 A in thickness. 


APPENDIX I 


Discussion of Electron Diffraction Results 


Without exception the electron-diffraction pat- 
face-centred structure, 


with 


terns revealed a cubic 
showing good the 
spacings of UO, (for which a = 5.458 kx). The 
diffraction patterns ranged in clarity from haloes 
to sharp rings. Specimen 1 of the original surface 


agreement interplanar 


and those of the anodized specimens 3, 8 and 9 gave 


patterns of sharp rings, whilst patterns from 


specimens 4, 5, 7 and 10 were diffuse. 
Owing to the difficulty in measuring the position 


Current Plate Remarks 


(ma) 


no. 


HV1066 


2 ring pattern 


HV 1067 2 ring pattern Voltage rising 


1068 halo pattern ‘lateau amorphous 


1069 JO2 halo pattern 1 amorphous 


1090 1O, ring pattern 


1080 


of the diffraction rings exactly 
have corresponded to UO a = 
composition J 


dimensions of 


lattice 
centred-cubic but 


with however, 


1 


sufficiently different from that 1=5.458 kx 


to show that ne specimens do 
UO. 
Specimens 6, 8 and 9 gave 


electron-dif 


fraction 
patterns showing additional rings which could not 
be indexed as arising from UQs,. The in 
spacings of these patterns agree amon; 

selves; those for plate HV. 1085 (Specimen 

Table IIT. 

The rings corresponding to spacings of 4.50 and 


2.185 A. could possibly be due to the presence of 


given in 


»> AN 


the U;Os phase. This is not so for the 2.42 


A rings, but it is noted that these are the same two 


— 
crystalline 
4 23.1 18 -22.5 21.5 1 
5 23.1 6.75 —21 74.6 
ditto exposed to air 24 hours H) Just coming up 
» iteau 
6 23.1 20 —21 18.2 5 HV1072 UO.d se rings Amorpl 
l extra ring crystalline 
7 23.1 25 —19.5 64.0 7 HV halo pattern Plateau amorphous 
8 23.1 3 —21 18.8 2 HV mg «6202 ring patter Volt rising 
9 14 5 — 5 23.4 3 HV1085 UOsz ring pattern Voltas ing 
extra cry Llline 
2 10 14 90 — § 54 3 HV1088 UO, pattern Plateau amorphous 
954 
11 14 247 + |] 27.1 2.5 h1359 UQOg! pat Min-voltage 
12 23.3 130 1.5 63.8 2.5 no patter 
13 35.0 180 1.5 49.0 2.5 _ no patter 
14 36 2 _— 75 h1355 UO: 1 patter 3-1 th specimen 
le patter is could 
= 5.430 kx) or to 
nd U;0 Che 
are 
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extra rings previously observed [6] in UO, patterns 
from mechanically polished uranium. 

Recent data [7] for uranium hydroxides suggest 
that these four extra rings may possibly all be due 
to UO;H.O (for and 
= 4.21 kx, in the orthorhombic lattice), but until 


which a = 6.86, 6 = 4.72 
further information is obtained as to the intensities 
of the diffractions nothing more definite can be said. 
Although specimen 10 was washed in ammonia- 
free glycol as was specimen 9, no extra rings were 
recorded. 

Some of the anodized uranium specimens were 
left in air at room temperature for 24 hours and 
then re-examined. The patterns showed that the 
uranium had distinctly more 
crystalline, the type of oxide remaining unchanged. 


surface become 

Of, the other uranium specimens which were 
anodised at A.E.R.E., 
Imperial College several days later, specimens 11, 


Harwell, and examined at 


12 and 13 gave a less definite shadow edge, indicat- 
ing a rough surface. Electron diffraction patterns 
showed the surface to be mainly amorphous but 
with regions of crystalline UO,.. An attempt was 
made to obtain transmission patterns from the 
powder scraped from the surface (on to a collodion 
film) by a razor blade, but this was not successful. 

Specimen 14 of machine-surfaced uranium with a 
75-volt film aged in air for three months gave an 
exceptionally clear shadow edge and sharp rings 


corresponding to the spacings of UO». 
APPENDIX II 
Notes on Specimens Prepared and Examined 


at Imperial College 


Material 


Hot-rolled uranium with two final cold passes to 


smooth finish. 


VOL. 2, 1954 
Electrolyte 

Ammoniacal ethylene glycol of varying ammonia 
content. 
Specimens 

Samples of uranium, as above, painted with 
cellulose varnish (acetate) to leave area of 3.8 sq cm 
exposed, immediately prior to anodic treatment. 
All samples taken down on emery, using petroleum 


ether as a lubricant. 
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THE DEPENDENCE OF THE THERMAL VIBRATION OF THE Cl- ION IN 
NaCl, KCl, AND RbCl CRYSTALS ON THE CRYSTALLOGRAPHIC 
DIRECTIONS* 


KORHONEN} 


he writer has previously developed a method for 
of an ion in a crystal lattice when the structuré 
present paper to the NaCl, KCl, and Rb¢ 
atomic scattering factor values of the C 
When drawing, for each crystal, a curve ilor 
factor values obtained for the reflecticns hOO, 
show similar deviations from this curve 

is difficult to explain this phenomeno: 
or from the experimental errors. Consequ 
themselves. Since the above-mentioned 
means, in the first place, that the anharmoni 
co sider: ible al d Cal i be mea 


LA DEPENDANCE DEL \TION THER) E DE L’ION Cl, DANS DES CRIS1 
DE NaCl, ET RbCl, CTIONS CRISTALLOGRAPHIQUI 


L’auteur a dé ve 1 ppé antérieuremen 
atomique d’t 1 dans un réseau cris 
— arti cle, n ipplique ce procédé ud 
pour détermi: »s valeurs du facteur de 
hoc ) et hhh : ns ces cristaux. Ou ind on 
qui corre sponder t aux valeurs du facte 
on constate que les valeurs pour les réfle 
cette courbe, dans tous ces cas. Il ay 
ce phén méne a la méthode de calcu ) 
il ne peut @tre causé que par les cristaux « 


de l’amplitude des vibrations thermiques ¢ 


I 
une symétrie cubique, le phénoméne obser 


ABHANGIGKEIT DER WARMESCHWINGUNGEN CI-IONEN IN 
UND RbCl] KRISTALLEN VON DEN KRISTALLGITTERRICHTUNGI 
friiher ein Verfahre 
itte n bekannten Str 
Verfahren at lie 1 Wasastjerna 
St reufakt rel 
ermittelt. Wenn man fiir j ‘ 
r hOO entspreche 
allen illen i 
zeigt, dass diese 
Fehler erklart werde 
werden. Da di e obe1 
Erscheinung vor 
heblich ist und réntg 


the positi 
tors of this cryst 
The writer has previously Me a method 
[1] for the determination of the atomic scattering 
factor of an ion in a crystal vias aa the struc- 
ture factors of this crystal are known. Supposing 


that the structure factors Fy) of a crystal are 


known and we intend to determine the atom The electron distributi 


scattering factors f,,~.2 of an ion 1, belonging to 
this crystal, with the position coordinates (x1, 1, 2 

and the ionic radius R we can proceed as follows. 
Let d, b, € be the translation group of the crystal 
under consideration. We imagine a crystal with the 
identical translation group 4d, b, € and containing 


*Received March 1, 1954. } 
fInstitute of Physics, University of Helsinki, Finland the factor e dr and integrated over the 


ne [f both sides of equation (2) are multiplied with 
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the determinat of the atomic scattering factor 
ctor ire KNOW \ppl g tl procedure in thi 
iS mea ired DY Wa 1 eI , he determ 
the reflections hOO and hhh these rystals. 
DO t hich corr pond to the t mic cattering 
ll be found that the values for the reflecti: 
e cast \s see from the critical err ‘ 
g either from the calculat d em] 
phe ymenon can be caused the cr t 
uve cubic svn the phi yme ) eT 
og 
( 1 le t de structure t DD 
cristaux de NaCl, KCl et RbCl, mesurés par Wasastjerna 
trace, pour ¢ es cristal ( vuurbe le | des 1 t 
lisper it hte es D lec réfic 
yns ih este de ; I ) rapp i 
x-mém«e td e les crist t t 
nremier | ] } rr 
t ¢ idér le et ne t lree ae 
+ 
) 
Jal K¢ 
| 
vird dieses 
Ol 1, V1, 21). The struc- 
] ] + ] 
ire obptained I! ie IOl- 
1 
of this imagined crystal 
Ca now be represented by 1 fourier series: 
p » Vy 
a 
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period parallelepiped 7, we find, when dr denotes 
the volume element, 


1 
(3) pi(x, ¥, 3) e dr = | dr 
J; J 


h’k’ 


Because of periodicity, all the other terms on the 
right-hand side of equation (3) vanish. The inte- 
grand of the integral on the left-hand side of equa- 
tion (3) differs from the value zero only where the 
electron density pi(x, y, 2 We 
call here the sphere with the centre at (x1, y1, 21) 


differs from zero. 
and the radius R the tonic sphere. Since the entire 
matter of the ion contributing to the scattering of 
radiation is situated inside that sphere (cf. Havig- 
hurst [3]), it is sufficient to extend the integral on 
the left-hand side of equation (3) over this ionic 


sphere. Thus 


lonic sphere 


Let us now revert to our original crystal. This 
crystal had an identical translation group and con- 


tained the same ion 1 in the identical position 


Vly #1 


Within the ionic sphere the electron 
distribution p(x, y, 2) representing this crystal has 
values as pi(x, y, 2). Consequently, the 


the right-hand side of 


the same 


value of the integral on 


equation (4) will not be changed when the distri- 
bution p;(x, y, z) is substituted by the electron dis- 


tribution p(x, y, z) representing the actual crystal, 


and we have then 


factors Fy 


are now known, it is possible to present the electron 


Since the structure of the crystal 


distribution p(x, y, z) as a Fourier series: 


When this expression of p(x, y, z) is substituted 


in equation (5), 


The integration on the right-hand side of equa- 


tion (7) is feasible [1] . Thus 
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(8) Fi 


in (8) denotes the distance of repeti- 


tion of the lattice planes (h’ — h, k’ — k,l’! — 1). 


Atomic Scattering 
and Discussion 


Determination of the 
Factors of Cl” Ion 


In the present work the series (8) has been applied 
to the calculation of the atomic factors of the CI7 
ion in NaCl, KCl, and RbCI crystals on the basis 
of the intensity measurements carried out by 
Wasastjerna [2]. The 


these intensity measurements in each crystal was 


continuous initial part of 
carried out by using a powder plate and the photo- 
graphic method developed by Wasastjerna. Finally 
the intensities of certain additional reflexions were 
determined by using the ionisation spectrometer 
NaCl, the con- 
144, in the 
the 


and single crystals. In the case of 
tinuous initial part ends in the reflexion 
case KCl as 303, O11, 
reflexions continue up to 800, and it is only in the 
RbCl that the 
extends up to the reflexion 800. Since only the con- 


early as while even 


case of continuous initial part 
tinuous initial part can be used when the series (8) 
is applied, this involves, in the calculation of the 
atomic scattering factors of Cl ion, the breaking- 
off of the series after only a few terms. 

The convergence of series (8) is subject to two 
influences. In the first place, the values of the 
factors Fy, 


sec¢ yndly, 


structure diminish with increasing 


sin factor 


the value of the 
— cosa becomes the smaller the 
of the 
atomic scattering factor which is being determined. 
Consequently the 
enhanced by the diminution of this latter factor 


and 
(1/a*) sin a/a 


l 


more indexes // differ from the indexes h’k 


convergence is considerably 
when the values of the indexes h’k’l’ are consider- 
ably smaller than those of the highest indexes hk] 


used in the series, or, to put it more exactly, when 


h’? + k’? + 1’? is considerably smaller than A? + k? 
+ /*. Accordingly, for the purposes of this study, 
the atomic scattering factor values for the reflexions 
h00 have been determined only up to 500 and for 
the hhh reflexions up to 333. There is another 
reason which precludes the calculation of the atomic 
scattering factor for reflexion 600. This is the fact 


that thh reflexions 600 and 442 coincide, so the 


| | 2, 1954 
] sin a { 
F h’k’l +), F Akl 5} — Cos { 
3 a a 
27R 
(4) Piya = pPilX, Z) ar. 
e 
— 
(5 = P\X, V, 2) € : dr. 
; ip (hkl 
6 p(t, Fane 
1. (h’k' = 
VLG J 
ionic sphere 
dr. 
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measured intensity has to be attributed chiefly to the atomic scattering factor for the reflexion 600, 
the 442 reflexion only, since the multiplicity factor _ the trigonometric part connected with the structure 
of the (442) plane is 24 and that of the (600) plane factor Fyeo0) has its maximum value (since h’ = h. 
only 6. When series (8) is employed to determine k’ = k, l’ =/) and is, as a rule, more than ten 


TABLE I 


Frvci 
Wasastj. Wasastj. 


000 36.00 54.00 
111 32 — 1.50 8.21 
200 27.44 5.86 
220 35 21 35.11 
311 2.4! — 1.5 5.21 
222 3.8 18.4: 32.91 
400 16 28.43 
331 2! — 0 79 
420 4: 13. 7¢ 24.69 
422 3.3 
333,511 — 0.4 
440 
531 
600,442 
620 
533 
622 
444 
551,711 
640 
642 
553,731 
800 
733 
644,820 
822,660 
555,751 
662 
840 
911,753 
842 
664 
931 
844 
771,755,933 
1000,860 
1020,862 
773,951 
666, 1022 
953 
864,1040 
1042 
775,1111 
880 
955,971,1131 
882,1044 
866 
973,1133 
1062 
884,1200 
777,1151 


woe 


t 


hkl Wasast}. theo theor theor 
1 2 3 4 5 6 7 
28.00 OO 54 00 

1.68 —17.72 

19.83 26.38 12. 46 
16.11 21.39 35.92 

2.38 1.49 —14.43 

13.66 18.32 31.61 
11.87 16.19 28.42 
2.31 0.93 -12.00 

10.55 14.46 25.87 

9.44 13.08 23.74 

2.34 — 0.52 —10.14 
7.71 11.02 20.29 

2.30 - 0.38 —- 8.67 

7.04 10.20 18.88 

6.43 9.48 17.58 

2.09 — 0.34 — 7.45 

5.88 8.83 16.48 

38 8.23 15.31 

- 0.32 6.46 

96 7.68 14.33 
2 57 7.19 13.40 
954 69 - 0.31 — 5.6] 
89 6.30 11.74 

1.49 — (9.30 

3.61 5». 92 10.98 

3.34 5.56 10.29 

31 — 0.30 — 4.27 

OY 5.2) 9 65 

Q7 1 87 9 05 

14 — 0.30 — 3.75 

67 1 56 8.49 

18 4.29 7.97 

0.99 — 0.30 — 3.30 

2.15 3.78 7.04 

0.86 — 0.30 — 2.90 

1.99 3.54 6.61 

1.86 3.31 6.22 

0.75 0.26 — 2.57 

1.74 3.12 5.86 

0.66 0.25 — 2.28 

1.52 2.75 5.19 

1.42 2.60 +. 38 

0.58 - 0.23 — 203 

1.2 2.30 +. 35 

0.49 — 0.2] - 1.8] 

1.15 2.16 t. 09 

1.08 2.04 86 

0.43 - 0.20 ~ 1.60 

1.02 1.95 3.65 

0.94 1.8] 3.43 

0.38 — 0.18 ~- 1.43 
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that connected with the structure factor 


The circumstances described above intro- 


times 
F (442 
duce a certain amount of error also in the atomic 
scattering factor for 500. 

Even with this limitation to the atomic scatter- 
ing factors for the mentioned reflexions, there will 
be an undetermined error due to the early breaking- 
off of the series. Though, of course, not very great 
as compared with the total value of the atomic 
scattering factor under determination, this error 
still has such a considerable magnitude due to the 
small number of terms included that the obtained 


atomic scattering factor value will be somewhat 


dependent on chance, i.e., it will depend on which 


term is taken into account as the last of the series. 
To avoid this, the following procedure was em- 
ployed in the present work. 

the 
crystals, the structure factor values for the re- 


Using intensities measured with single 
flexions up to 777 have been graphically interpol- 
ated. In the case of RbCl there remains, even after 
this operation, a noticeable effect from the breaking- 
off, which is due to the presence of the ‘‘big’’ Rb* 
ion. This effect was eliminated by determining, on 
the basis of the theoretical atomic scattering factor 
values, the structure factors of RbCl up to the 
refiexion 777. Upon this the calculation was carried 
out backward to give the atomic scattering factors 
of Cl- ion, by means of the series (8), from which 
the error due to the breaking-off was obtained as 
the difference between the values found and the 
initial values. The atomic scattering factors of 
Cl- ion calculated from the experimental values 
were then corrected by this amount. 

The following considerations will show that the 
procedures described have no appreciable effect on 
the calculated atomic scattering factor values. 

The atomic scattering factors of CI” ion, as well 
as those of the other ions, are functions of sin 3/\. 
From the certain 
values of sin 3/X, the values of this function which, 
of course, are implicitly present in the correspond- 
We 


“interpolation” of 


measurements we know, for 


ing structure factors. are now, in a sense, 


carrying out an the atomic 
scattering factor of Cl” ion by means of the series 
(8) for a certain value of sin 3/X on the basis of the 
factors. It the 


the atomic scattering under 


known structure is obvious that 


influence on factor 
determination is the more insignificant the more 
the sin ¥/A value of the structure factor employed 
differs that the 
atomic scattering factor of CI” ion is being deter- 
mined with the aid of the series (8). Consequently, 
“far off’’ in the series have no 


from sin’d/\ value for which 


the structure factors 
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essential influence on the result, even though, in 
aggregate, they may cause a considerable breaking- 
off error. It may be mentioned, as an evidence of 
this, that values coinciding with those in Table II 
are obtained when the series are broken off even 
after the 800-term and the error due to breaking- 
off is eliminated according to the procedure used 
in the case of RbCl. This is the more remarkable 
since the series includes only 22 terms up to the 
800-term, as against 50 terms up to 777, and since, 
moreover, interpolated values show even systematic 
the theoretical 
values, as seen from Table I. 

Table I the 
obtained from the measurements with NaCl, KCl, 


deviations from corresponding 


presents structure factor values 
and RbCI crystals. The interpolated values are 
printed in italics. In addition, columns 5 to 7 of this 
table contain the theoretical structure factor values 
of the corresponding crystal lattices. These figures 
have been obtained by employing the atomic 
scattering factor values determined by James and 
Brindley [4] on the basis of Hartree’s self-consistent 
field and using the mean-square displacements for 
the ions present in the crystals in question, as 


determined by Wasastjerna. 


13.05 —0.1; 


Table II gives the values of the atomic scattering 


factors of CI” ion as calculated from series (8) 


Wasastjerna’s 
according to the theoretical values. The atomic 


according to measurements and 
scattering factor of Cl ion for the reflexion 100, as 
calculated from RbCl, has not been given since the 
calculation of this atomic scattering factor amounts, 
in a sense, to an extrapolation, as the first structure 
factor obtained in measurement corresponds to the 
reflexion 111, and since, consequently, in the case 
of RbCl, an error in this value may easily result 
from the presence of the “‘big’”” Rb* ion. 

Figure 1 gives a graphical representation of the 
results obtained. The h00 atomic scattering factor 


rABLE II 2 
= = — = 5 a & 
Corre 
tion 
fry for lue t f, 
hkl fron from from the from fror from 
NaCl KCl RbCl breaking- NaCl KCl RbCl 
ff theor. theor. theor 
1 2 3 $ 5 6 7 8 
100 15.88 16.10 15.38 15.61 
200 12.50 12.91 | 11.83 12.45 12.71 
300 9.47 9.70 : 3 8.92 9.39 9.71 
400 7.37 7.45 7.24 +0.18 7.11 7.45 7.61 
500 5.78 5.91 6.22 0.07 5.75 6.18 6.41 
111 13.32 13.64 14.22 —0.19 12.81 13.27 13 . 6¢ 
222 8.04 8.22 8.79 —0.03 8.00 8.42 8.79 
333 5.38 5.47 5.94 +0.27 5.53 5.72 5.83 
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values calculated from NaCl are denoted with 
circles and the hhh atomic scattering factors with 
circles topped with a cross. Similarly, solid circles 
and solid circles topped with a cross denote the 
values calculated from KCl, and squares and squares 
topped with a cross those calculated from RbCl. 


Atomic factor 


~ 
=) 


sin JA 


FIGURE 1. The atomic scattering factor values of Cl~ ion 
from NaCl, KCl, and RbCl crystals. Circles from NaCl 
for the hOO reflexions and circles topped with a cross for hhh 
reflexions. Similarly, solid circles and solid circles topped 
with a cross from KCl, and squares and squares topped with a 
cross from RbCl. 


It is seen that the atomic scattering factors 
which are influenced only by the thermal vibration 
in the direction of the space diagonal, i.e., the 
atomic scattering factors for the hhh reflexions, 
depart distinctly from the curves representing the 
atomic scattering factors of the h00 reflexions in 
the case of each crystal. It seems, accordingly, that 
the CI- ion vibrates more strongly in the direction 
of the space diagonal in NaCl and KCI than in 
that of the edge, whereas conditions are inverted 
in the case of RbCl. 


This phenomenon cannot be due to a systematic 


error in computing or to a possible tendency of the 
series (8) to favour a certain particular direction, as 
shown by the atomic scattering factor values of 
CI- ion calculated from the 
(Table II, columns 6 to 8), which do not show any 


theoretical values 
similar behaviour. 

It might also be thought that these deviations 
could be due to some systematic error inherent in 
the structure factor values as measured by Wasast- 
jerna. First of all, the question might be of a pos- 
sible orientation of the crystallites in the powder 
plate as a consequence of which in RbCl, for 
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example, the planes (hhh) would reach the glancing 
position more frequently, on an average, than the 
(h00) planes. A defect of this type would, however, 
always produce the same percentile error in all 
factors the 
value of ”. The result of such an error in the struc- 


structure independent of 
ture factors would be that the atomic scattering 
cr the different 
reflexions would differ even at small sin 3/\ values 


factors of ion calculated for 


by the same amount as at larger sin ’/) values, 
and the absolute values even more. It is, however, 
that, 

111 
atomic scattering factor differs only slightly from 
the values of the h00 


atomic scattering factors, whereas the value of the 


evident from the values obtained (Figure 1) 


in each crystal examined, the value of the 
the curve drawn between 


222 atomic scattering factor shows a much more 


pronounced deviation. This observation also ex- 
cludes the possibility that the said phenomenon 
might be due, for example, to secondary extinction 
or to a systematic error in the measurement of 
even against odd reflexions, i.e., ‘‘strong’’ reflexions 
against ‘‘weak”’ reflexions. 

The only remaining possibility is, then, that this 
phenomenon is due to the actual crystals. With 
crystals examined having cubic symmetry, it 
should, first of all, be due to the anharmonic part 
of the thermal vibration. If we examine the curves 
the different crystals for the h00 


atomic scattering factors, Figure 1, it is seen that 


obtained from 


their deviations from each other initially increase 
with sin #/X in accordance with the exponential 
characteristic of the Debye factor. Later, however, 
this increase is no longer noticeable, and the curves 
even seem to approach each other. It is true that 
the last points on the curves are less accurate than 
those of the initial part, but it is not possible to 
explain this behaviour of the curves as resulting 
only from errors in the last points. The behaviour 
that 
thermal factor is of exponential character only at 


of the curves thus seems to indicate the 


small values of sin #/\ and differs from the exponen- 
tial at larger sin 3/X values. This again suggests an 
effect of the anharmonic part on the thermal vibra- 


tion (cf., e.g., H. Ott [5]). 
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RELAXATION EFFECTS IN SOLID SOLUTIONS ARISING FROM 
CHANGES IN LOCAL ORDER. I. EXPERIMENTAL* 


B. G. CHILDS and A. D. LE CLAIRE 


Measurements are reported for various metallic substitutional solid solutions of the internal 


1] tig 5, 

theoretical significance of the two characteristic quantities of the peaks, the relaxation strength and 
the relaxation time, is discussed in terms of the degree of order, the atomic jump frequences and 
other relevant physical properties of the solutions. 


LES EFFETS DE RELAXATION DANS DES SOLUTIONS SOLIDES, DUS AUX CHANGE- 
MENTS LOCAUX DE L’ORDRE. I. PARTIE EXPERIMENTALE 


On rapporte des mesures des maxima dans les courbes de frottement interne pour diverses solutions 
solides, métalliques, de substitution, qui seraient dus aux changements d’ordre a petite distance 
sous l’influence d’une tension. On a investigué les solutions suivantes: 5, 10, 15, 20, 25 et 30 pour 
cent en atomes Cu-Zn, 15 pour cent en atomes Cu-Au et 20 pour cent en atomes Pt-Ni. La significa- 
tion théorique des deux quantités caractéristiques, relatives aux maxima du frottement interne, a 
savoir, la force et le temps de relaxation, est discutée en termes du degré d’ordre, des fréquences des 
sauts atomiques et d’autres propriétés physiques se rapportant a la solution solide. 


RELAXIONSEFFEKTE IN FESTEN LOSUNGEN, DIE AUF ANDERUNGEN DER 
NAHEORDNUNG BERUHEN. I. EXPERIMENTELLES 


Es wird iiber Messungen der Maxima der inneren Reibung in verschiedenen metallischen Sub- 
stitutionslegierungen berichtet. Es wird angenommen, dass diese Maxima auf durch Spannung 
hervorgerufenen Anderungen der Naheordnung beruhen. Die untersuchten festen Lésungen ent- 
hielten 5, 10, und 30 Atomprozent CuZn, 15 Atomprozent CuAu und 20 Atomprozent PtNi. 
Die theoretische Bedeutung der beiden charakteristischen Eigenschaften der Maxima, die Relaxions- 
starke und die Relaxionszeit, wird in Bezug auf den Ordnungsgrad, die atomaren Platzwechsel- 
geschwindigkeiten und andere diese Erscheinungen beeinflussenden physikalischen Eigenschaften 


der Lésungen diskutiert. 


1. Introduction 


The internal friction of metallic substitutional 
solid solutions measured at constant frequency as 
a function of temperature has, in a number of cases, 
been found to rise to a sharp peak. The characteris- 
tics of this particular peak, which distinguish it 
from other internal friction peaks, were first deter- 
mined by Zener [1] and by Ké [2], for a 30 at.% 
solution of zinc in copper, and have been further 
studied by other workers [3; 4]. 

They are as follows: 

(1) The peak occurs only for the solution and is 
absent for the pure components. Its height is a 
function of the solute concentration. 

(2) The temperature at which the peak occurs 
and also its height are not sensitive to the mechani- 
cal condition or grain size of the particular speci- 
mens used. 

(3) In the absence of other contributions to the 
internal friction, specimens of the solutions behave 
at least approximately as ‘“‘standard linear solids’’ 
in the sense defined by Zener. For such solids strain 
is not simply proportional to the stress but the 
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Establishment, Harwell, 


two quantities are connected also with their first 
time derivatives in a linear relation which, for a 
vibrating solid, leads to an expression for the 
internal friction,* Q™', in terms of the angular 
frequency of oscillation w and a mean relaxation 
time, 


(1) 


The mean relaxation time 7, a characteristic of 
the process responsible for the internal friction, 
governs the exponential rate at which the strain or 
stress approaches its equilibrium value when the 
other quantity is altered by a fixed amount. Ay, 
the ‘‘relaxation strength,”’ is a measure of the mag- 
nitude of the effect: at the top of the peak Ona 
= Ay /2. 

(4) The relaxation time 
Arrhenius type equation: 


(2) = tr, exp H/RT 


closely follows an 


in its dependence on 
activation energy, H, which is roughly the same as 


temperature having an 


*Q-1 is the relative width of a resonance curve at half 
maximum amplitude. For present purposes logi9 decrement is a 
more convenient measure. The two are related by 

logio dec 


= 0.434" 


friction peaks which are believed to arise from changes in short-range order with stress. The solutions 
= Om 
1+ (wr) 
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that for bulk diffusion. On this evidence Zener [5] 
interpreted the relaxation effect as being due to a 
preferential orientation, under the applied stress, 
of the axes of pairs of adjacent solute atoms into a 
particular crystallographic direction such that the 
paraxial strain set up by each pair in the lattice, as 
a result of the different sizes of solute and solvent 
atoms, would be partially relieved. The reorienta- 
tion would take a finite time to reach equilibrium 
and so the accompanying strain would lag behind 
the stress and thus give rise to a dissipation of 
energy. 

This theory has several objectionable features 
1.1) but the 
essence of the theory, which lies in attributing the 


and is now replaced (see Section 
effect to a redistribution of atoms on lattice sites 
throughout the material, remains. Following the 
work of Zener and Ké, a systematic investigation 
was made by Nowick [3] with a series of AgZn 
solutions of Zn content from 15-30 at.%. He found 
that the relaxation strength for this system was 
five times greater than for CuZn. This difference he 
attributed to the relatively greater difference in the 
atomic sizes of Ag and Zn although this is apparent 
only if one takes, for the radius of the Zn atom, half 


hexagonal Zn. It is not true for other measures of 
atomic the Goldschmidt 
Nowick developed a semi-empirical relation con- 
necting the observed relaxation time with the mean 


size such as radius. 


rates of movement of the two species of atoms as 
measured, using radioactive tracers, in diffusion 
experiments. Although not entirely satisfactory it 
is a distinct improvement on the earlier relation of 
Le Claire [6] which, based on the simple Zener 
model, took the rate of movement of solute atoms 
alone as governing the relaxation time. 

Both Nowick and Le Claire have pointed out the 
advantages which may be gained from using the 
effect to study small-scale atomic movements in 
cases where conventional diffusion techniques are 
inapplicable on account of the long times and high 
temperatures that these require. However, before 
the greatest benefit can be gained from using the 
effect in such studies a more detailed knowledge of 
the atomic movements involved will be necessary. 
This paper and the following one are intended as 
contributions to this understanding. 

The following paper is concerned with the deve- 
lopment of a new theory for the relaxation strength 
which is free from the objectionable features of 
Zener’s theory. In particular it accounts satisfac- 
torily for the differences in the relaxation strengths 
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of the CuZn, CuAl and AgZn systems and moreover 
shows that the difference in the atomic size is not 
the only nor even the most important factor govern- 
ing the relaxation strength. 

In the present paper an account is given of an 
investigation which has provided further data for 
CuZn, CuAl and PtNi. Of 


one studied in most detail was 


three solid solutions, 
these systems the 
CuZn. This was chosen since diffusion and thermo- 
extensive and 
effect. 


dynamic data for it are relatively 


reliable and since it was known to show the 
The compositions used were nominally 5, 
20, 25 and 30 at.%. 

PtNi 
15 and 20 


The CuAl system was selected, 


the CuAl and 


concentrations of 


Measurements on systems 


were made at single 
at.‘ respec tivels 
before the theory was developed, since both com- 
but 


ponents have the same crystal structure f.c.c. 


have widely different lattice spacings, and since the 
solubility limit of CuAl are comparable to that of 
CuZn. The PtNi system 


the low mobility of vacancies in Pt at 


was chosen on acct unt of 


tem- 


room 
perature. It was hoped with this alloy to study the 


increase in the vacancies above equili- 


number of 
about by neutron bombard 


the lattice, bi serving the 


brium, brought ment of 


consequent d 
» relaxation time. 


Spectrographically pure materials only wer 


illovs. 


in the 


2. Experimental Details 


The internal friction measurements were made 


with the specimens in torsional oscillation at low 


frequ ncies. 
Two wires of the spec imen 
long and 1 mm diameter were mounted side by 


centre section of a tubular furnace 


ls of the wires were clamped in \ 


of a stainless steel wedge 


turn was bolted to a pyrophilite plug attached 
the The 
clamped and silver soldered in to the ends of 2.5 mm 


diameter nichrome rods which projected out of the 


furnace. lower ends of the wires were 


bottom of the furnace. 


Various inertia members were attached to the 


bottom of one of these rods and this rod, with the 
corresponding wire, formed the torsion pendulum. 


The for 


perature 


second wire was used as a dummy tem- 


ind alumel 


the 


measurement, fine chromel 


thermocouple wires being soldered to mid- 
point and ends. Its temperature and temperature 
distribution were assumed, in view of the similarity 


in mounting, to be also those of the wire under test. 


z in the 
o54 
were used 
sid 
in the 
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The wire could be made uniform in 
temperature to within 1°C by separately adjusting 
the through the the 
furnace winding. The temperature which 
could be covered with the furnace was from 20°C 
to 650°C. 


Because of the contribution to the total internal 


dummy 


currents three sections of 
range 


~ 


friction which is believed to arise, above about 
300°C from relative movements of the grains in the 
specimens and which normally obscures the effect 
under consideration, it was necessary before 
assembling the wire under test, to coarsen its grain 
to about 1 the total 


boundary area of the grains. For the 5 and 10 per 


size mm and thus reduce 


cent wires, still further coarsening was necessary 
and these wires were made to consist of only one 
or two grains. 

After assembly in the apparatus the wires were 
annealed for several hours at 600°C to remove 
strains introduced by handling. 

The frequency range covered extended from 0.3 
to 50 c/s. Up to about 3 c/s the decrements of the 


and 


oscillations were measured using a lamp scale 
device. Above that, photographic recording on a 
moving film was employed. The maximum ampli- 
tudes of oscillation in both cases were not allowed 
a torsional strain of 6 X 107°. At this 


strain there was no dependence of decrement on 


. ] 
to exceed 


amplitude. 

The possibility of an influence on the decrement, 
near the peaks, of the tensile load on the wire 
(which differed for each frequency) was examined 
by increasing the load tenfold without changing 
the natural frequency. No such effect was found. 

In the experiments on each wire of a particular 
composition, three runs were made over the tem- 
perature range up to 600°C for each of the frequen- 
cies used, the observations being most numerous in 
the region of the peak. 

At the end of the tests each wire was divided into 
sections of about one inch in length and these were 
analysed separately to give the average composi- 
tion of the wire and the variation in composition 
along its length. For the CuZn wires the composi- 
tion was never exactly uniform on account of dis- 
tillation of Zn from hotter to colder parts of the 
wire during the preliminary annealing. The varia- 
tion from the mean, however, never exceeded 1 per 
cent Zn. No such distillation occurred for the CuAl 
and PtNi wires and these were uniform in composi- 
tion, at least within the limits of error of the analy- 
sis (0.2 per cent). 
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3. Experimental Results 


3.1 CuZn measurements 


Typical curves of internal friction measured at 


0.7 c/s as a function of the reciprocal of the 
absolute temperature are shown in Figure 1 for the 
various concentrations of Zn in Cu. The figure 
illustrates well the two principal ways in which the 


FIGURE 1. Inter temperature for 


a-brass at 0.7 cps. 
effect is influenced by concentration: first through 
the relaxation strength—the height of the peaks 
above the background increases progressively— 
and, secondly, through the relaxation time—the 
peaks occur at progressively decreasing tempera- 
tures as the concentration increases. 

The strength the 
corrected heights of the peaks (Figure 2) varies 
the the 


relaxation calculated from 


roughly as square of the concentration 
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limiting Zn composition below which the effect was 
too small to be detected with the present apparatus 
being about 10 per cent. It would no doubt be 
possible to reduce this somewhat by evacuating the 
apparatus so as to reduce the constant background 
(due to air damping) and thus increase the sen- 
sitivity. However, by reason of the rise at high 
temperatures which occurred even for well-annealed 
“single crystals’ (curve for 5 per cent, Figure 1) 
and on which the peaks are superimposed, detection 
of a peak in CuZn below 5 per cent is not likely. 
The relaxation strength also appears to decrease 
slightly with increase in temperature as shown in 
Figure 3. 


The values plotted in Figure 2 have 


TEMPERATURE “C 
400 380 


> 
T 


4 

a 
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FIGURE 3. 
a-brass. 


Relaxation strength, inverse temperature for 


accordingly been corrected to the same temperature. 

The variation in the position of the peak with 
frequency and concentration may be seen from 
Figure 4, in which the logarithm of the relaxation 
time at the peak (= —log w) is plotted against the 
inverse For a given concentration 
log 7 varies linearly with 1/7 as expected, the curves 


temperature. 


for higher concentration being displaced towards 
lower temperatures. 

At a fixed the 
(=1/r) decreases monotonically with increasing 


temperature relaxation rate 
concentration. This is closely paralleled by the 
behaviour of the atomic jump rate in diffusion and 
provides evidence in support of the interpretation 
of the effect in terms of atomic rearrangements. 
Further evidence is provided by comparing the 
activation energies for the two processes (table, 
Figure 4). In both cases H decreases from about 
42.5 kcal/mol at 10 per cent to 37.3 kcal/mol at 
30 per cent. No such dependence of H on 7, as 
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expected theoretically and as Nowick claims for 
AgZn, could be detected here, possibly because of 
the more limited range of r. Direct measurements 
of the rate of relaxation of strain on removing an 
applied stress, which might have extended the 
range, were tried but did not give results accurate 
to better than 
effect for CuZn with its relatively smaller relaxa- 


a factor two. This was because the 


ncentratioi 


percent Zn 


10 
15 
20 


) 
30 


9 


strength masked by other relaxation 


effects of an unknown nature with the result that 


tion was 
the apparent relaxation time was a function of the 
duration of stress. 

If we assume equation (1) to be valid for the 
shape of the peaks so that the relaxation process is 
characterised by a single time then H can be cal- 
culated also from the width of the peaks by means 
of equations (1) and (2). The values thus obtained 
of H for the CuZn alloys are smaller than those 
found from the shifts in the peaks by amounts of 
up to 10 kcal/mol, the peaks being broader than the 
theoretical curves for the corresponding relaxation 
strengths. This is attributed to there being a narrow 


| 
30% Za 
| 
4 
7 
| 
20 3 
4 t 
154 
COME) <COoncentrat mo iffusion 
percent Zn kcal /mol 
10.9 1.3 12.343 12.5 
14.5 2.45 | i+1.5 41.4 
20 2 5+1.0 38 2 
24.8 5.0 37 .6+0.6 
99 0 6.2 37.382+1.0 38.3 [6] 
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range of relaxation times on account of the vari- 
ations in concentration along these wires. It was in 
fact observed that the more nearly uniform the 
wires were in composition the more nearly the peak 
width approached that given by equation (1) with 
the observed value of Ay. 

The 
systematically 
ing concentration. This contrasts with AgZn where 


constant factor 7» also appears to vary 


(Figure 4), increasing with increas- 
according to Nowick 7» is independent of concen- 
tration. No great significance can be attached to 
this, both because of the extreme sensitiveness of 
tT) to errors in the experimental value of 7 and also 
because the Arrhenius equation with constant 
may only be valid over limited ranges of tempera- 
ture. (See Section 4.2. 


and PtNi measurements 


3.2 CuAl 

The curves for the 15 per cent CuAl alloy were 
similar to those for CuZn and are not reproduced. 
The corrected relaxation strength was 1.76 X 107? 
0.58 X 107-? for the equivalent 


compared with 


composition of CuZn—a factor of three greater. 


The activation energy for the relaxation process, 
calculated from the displacement of the curves, was 
12.8 1.7 kcal/mol, about the same as CuZn. 

For this alloy in which the composition, as men- 
tioned, was uniform along the wire the standard 
linear solid equation (1 


of H (42.0 ‘kcal 


of the peaks, agrees well with the above value. 


is closely obeyed; the value 
mol) calculated from the widths 
For the 20 per cent NiPt alloy measurements 
20-650°C. 


Within this range no peak could be detected. Above 


were made at 0.25 and 1.2 c/s from 
150°C and continuing above 650°C the internal 
friction increased rapidly. This was not part of the 
peak being sought, however, since the curves for the 
two frequencies were not displaced. The relaxation 
strength of NiPt is thus either very small compared 
with that for the equivalent CuZn alloy (less than 
one-seventh) or the peak, if comparable in magni- 
tude, must be above 650°C. 

An estimate of the temperature of the peak may 
be made since, whether Le Claire’s or Nowick’s 
expression is used, 7 is of the order a?/12D, where a 
is the lattice parameter and D the diffusion co- 
efficient (see Section 4.2). Then from the experi- 
mental relation of Kubaschewski and Ebert [7] for 
the diffusion of Niin Pt at 15 per cent concentration. 


—43.1 X 10° 
RT 


D = 7.75 X 10~* exp 


the peak for 0.5 c/s, if it exists, should occur at 
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480°C. The difference in the diffusion rates of a 
15 and 20 per cent alloy is not likely, by analogy 
with other systems, to be more than a factor of two, 
but even if the values used or the equation itself 
are in error by a factor of 100 the peak should still 
be within the range of temperature studied. 

It thus seems probable that the relaxation effect 
for PtNi is indeed much smaller than for CuZn. 


3.3 High-temperature internal friction 

The remaining feature of interest in the internal 
friction curves is the monotonic increase with tem- 
perature which was always observed at high tem- 
peratures (see Figure 1). This effect was not studied 
systematically but certain of its characteristics 
have appeared in the course of this work. It seems 
to be composite in nature: a large part is associated 
with the granular structure of the specimen since, 
on coarsening the grain size, the internal friction at 
a particular temperature decreased from a relatively 
large value for fine grained specimens down to a 
much smaller but still finite value for well annealed 
single crystal wires. The high-temperature internal 
friction is also very sensitive to the state of strain 
in the wire: a slight degree of cold work produced 
by bending the wire, straightening it and then 
reannealing it at 600°C, changes the shape of this 
position of the curve appreciably. 

The relaxation time for the process responsible 
for this contribution is usually temperature depen- 
dent since (except for PtNi) the curves were dis- 
placed towards higher temperature with increasing 
frequency. It presumably corresponds to the 
“‘orain-boundary viscosity” effect studied, e.g., by 
Ké [2] and by Pearson [8] in which energy losses are 
thought to occur through relative movement of the 
grains. 

No hypothesis can as yet be put forward for the 
single crystal contribution (curve for 5 per cent 
‘single crystal,’’ Figure 1). It is, however, in all 
probability a real internal friction effect since the 
only other likely source of energy losses of this type 
would be in the hard-soldered connection. This has 
been investigated and found not to occur. 


4. Discussion 


The experimental results appear to support the 
adequacy of the standard linear solid representa- 
tion for the amplitudes of vibration used since the 
internal friction is independent of amplitude show- 
ing a linear relation between stress, strain and their 
various time derivatives and since the peaks fit 
closely the curve of equation (1). 


@ 
/ 
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4.1 Theory of the relaxation strength 

As mentioned in the introduction, a new theory 
of the relaxation strength has been developed to 
replace Zener’s elementary-pair reorientation con- 
cept and is dealt with in detail in the succeeding 
paper. 

The theory assumes that the internal friction 
effects arise from a stress induced change in the 
degree of local order, ¢, as usually understood. In 
developing the theory the assumptions of the quasi- 
chemical theory of solid solutions are employed, 
viz., that the total configurational energy of the 


solution can be adequately expressed as the sum 


interaction nearest 


of the energies of pairs of 
neighbour atoms and that each type of pair AA, 
BB and AB has its energy 


Wis, Wer, Wag. The degree of order will then be a 


own characteristic 


function of the energy of mixing A where: 


Was + Wes — 2Wap. 


A= 


Since A will in general vary with the lattice para- 
meter, ad, straining a crystal will lead to a change in 
the equilibrium value of c. It is the further small 
change in strain which accompanies this change in 
o that is observed as the anelastic strain. 

The relaxation strength for torsional oscillations 


dA 
g 
*daj/ 


where g is a geometrical factor of order unity depen- 


of a wire on this model is 


ak«kv (l+oa) 


Au = Viki (1—0o) 


dent on the orientation of the supposedly single 
crystal wire, My is the appropriate unrelaxed shear 
elastic modulus, V is the atomic volume, and x 
and v the fractions of nearest neighbour pairs which 
are respectively AA or BB. 

The present theory compares favourably in all 
respects with Zener’s theory. 

In the first place it is symmetrical in that it 
makes no distinction between solute and solvent 
atoms. Thus we no longer consider the movement 
of one type of atom alone as being responsible for 
the relaxation. 

Secondly, allowance is made for changes in the 
total number of pairs of either type (that is, in o) 
when the crystal is stressed. 

Thirdly, no empirical parameters occur and all 
the terms can be calculated from experimentally 
measurable quantities. 

Fourthly, it does not give unwarranted promin- 
ence, as does Zener’s theory, to the influence of 
size of the two 

the 


the relative difference in atomic 


species as a factor determining relaxation 
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strength. The difference in atomic size enters into 
the expressions derived for (dA/da) as the variation 


of lattice parameter with composition (f,); thus, 


(2) dA de ) ( l 
aid da a df 4 K df 4 ; 


But 


compressibility 


this expression contains also the variation of 


(K) with composition which is 


therefore equally as important in determining the 
relaxation strength as is the difference in atomic 
in fact the 


size. That the difference in size is not 


important factor is made evident by study of 


Table I where data are compared not only for the 
mentioned but three 


AgIn and 


tor 


AgCd. 


ilso 


solutions already 


additional solutions, CuGa, 


TABLE I 


COMPARISON OF INTERNAL FRICTION DATA FOR SEVERAL 


SOLID SOLUTIONS 


Pear 
Cdi 
grain-boundary 


‘u and Ag 


additional data were ol ained by son 


[8] in an investigation of the 

internal friction of a number of ( base 

alloys. Because of the small grain size necessarily 
T 


used in the experiments, the position and magni- 


tude of the ordering peaks cannot be estimated 
very precisely from his published curves. However, 
this uncertainty is not sufficient to affect the order 
table 


in which the solutions are arranged in the 


which (see column 6) is that of increasing relaxa- 


tion strength relative to that of a CuZn alloy of the 
same composition. Reference to column 7 of the 
table shows that this order is clearly different from 
that in which the relative differences in Goldschmidt 
atomic radii increase and neither can any correla- 


tion be made if some other measure of atomic 
size, the 
approach of atoms in the pure components is used. 

Unfortunately, lack of reliable thermodynamic 


data makes an absolute comparison of theory and 


ionic radii or distance of closest 


experiment impossible for all the alloys. For CuZn, 


Syster oe Ter 4yv t 
ite Z 4 { 
70 
954 

gZn ] 0 

= 
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however, the agreement is well within the limits of 
error imposed by uncertainties in the physical 
quantities involved. The greater relaxation strengths 
of the AgZn and CuAl systems are also satisfactor- 


ily accounted for. 


4.2 Comparison between relaxation times and diffu- 
sion rates 

If we are correct in considering the relaxation 
effect as due to local atomic rearrangements under 
the 
time and the diffusional 


stress then, whatever precise relationship 


between the relaxation 


mobilities of the atoms, 7 should be of the order of 


the atomic jump rate a?/12D. (D is the diffusion 
coefficient in the absence of a concentration gra- 
dient.) That this is so experimentally is shown in 
Figure 5 at least for 30 per cent CuZn, 15 per cent 


CuZn 307 


AgZnvn 24% 


\ 


é 26 2 24 ze 
000/T 


Ficu 
values. 


Comparison of diffusion coefficient and a?/12r 


CuAl and 16 and 24 per cent AgZn, where both 
diffusion and relaxation data are available. It may 
be significant that, in this figure, the extrapolated 
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values of log a?/127 are lower than the log D values 
by roughly the same amount in each case with 
12D. 

This finding, if substantiated, would be consis- 
tent with Nowick’s conclusion that 7, unlike D, is 


T => 0a 


governed mainly by the diffusion rate of the more 
slowly diffusing component. No great reliance can 
be placed in it, however, since the D values for 
CuAl and AgZn are not corrected for concentration 
gradient and since (see below) log a?/127 may not 
be a linear function of 1/T. 

The most satisfactory relation to date giving 7 in 
terms of D, and Dz, the alloy self-diffusion coeff- 
cients* has been postulated by Nowick. He made 
the plausible assumption that since the essential 
atomic process involved in a change in order is the 
replacement, on a number of lattice sites, of one 
type of atom by another, then the relaxation rate 
1/r should be simply proportional to I, the mean 


rate at which a replacement on a given site occurs. 


(4) at, . 


An approximate relation for I. can be calculated 


from D, and Dz, and is 


Af ) 
24 \f,D, 


Failing a detailed knowledge of the 


(5) 


atomic move- 
ments involved, it is not possible to calculate a 
exactly. It seems unlikely, however, that equation 
(4) should hold at extreme limits of concentration 
(say below 10 or above 90 per cent) where the 
atoms of one type are, for the most part, distri- 
buted singly in a matrix of the other. Movements 
of such tsolated atoms, if sufficiently far apart, 
would not affect the order or give rise to a relaxa- 
and the effects observed 


tion of stress or strain 


would correspond to rearrangements involving 
groups of two or more solute atoms. One would not 
expect the replacement rate appropriate to this 
situation to be the mean replacement rate since the 
local atomic distribution for the particular atoms 
involved is different from the mean distribution. 
Presumably the I’, appropriate to the extreme con- 
centrations will be more nearly the mean I, of an 
intermediate concentration. 

Nowick made an estimate of a by assuming for 
T) an expression similar to that derived by Zener 
for the case of Dy in se/f diffusion, namely 


*D = 44 Dep + sp Da. 
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— = 12av exp — = 
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v being the atomic vibrational frequency, and po 
the shear modulus at 0°K, and with, in effect, the 
same constant K (0.55) as is appropriate for self- 
diffusion. It is difficult to see the justification for 
this since it is not obvious that such an expression 
would apply for high concentrations, or if so, 
whether K would be for all compositions the same. 
For CuZn the term 


H du 


Mo at’ 

which is negative, decreases with composition from 
—11.3 at 10 per cent to —18.6 at 30 per cent. 
Unless K decreases with composition in roughly 
the same proportion, the decrease in the exponen- 
tial term would easily swamp any likely change in 
l2ar to give a nett decrease in r» instead of an 
increase, as observed. No great reliance can thus 
be put in the value of a obtained (0.3). 

Lack of data on D, and Dz for AgZn prevented 
Nowick from making an empirical estimate of a 
assuming equations (4) and (5) to be valid. For 
30 per cent CuZn, however, a comparison is 
possible between the measured (7) and calculated 
(a7) values and the logarithms of these quantities 
are plotted against 1/7 in Figure 6. To obtain the 


LOGY) OBSERVED 


LOG 


LOG T}CALCULATED 
FROM OIFFUSION 
VALUES. 


LE CLAIRE (COPPECTED)O 
JOHNSON AND SHUTTLE WORTH 


(TRACER MEASUREMENT 


of 


FicurE 6. Comparison of log (ar) calculated and log (7? 
observed values for 30 per cent CuZn. 


log (ar) points in this figure, Nowick’s expression 
was recalculated in terms of Dz, and Dz,/D. For 
D chemical diffusion values, corrected by Le Claire 


[6] for thermodynamic and other effects, were 
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supplemented by a value measured in a tracer 
experiment by Johnson and Shuttleworth (private 
For D,z,/D the value (1.26) ob- 


was used. Since 


communication). 
tained by these observers at 825°C 
(ar) is relatively insensitive to D,,/D, any change 
in this quantity with temperature due to a possible 
he activation energies H, 1 ind Han 
and Zn 


invalidate the calculation. 


difference in t 


for movement of Cu atoms should not 


Reference to the figure shows that both the ar 
and 7 values fall on the same straight line. Thus it 
seems likely that for 30 per cent CuZn, Nowick’s 
relation is in fact valid with a@ closely equal to 
unity and He, at least approximately equal to 

Before the relation can be completely accepted, 
however, additional data for 7 in the case of this 


composition are required at temperatures more 
nearly those of the diffusion measurements so as to 
the extra- 


avoid the uncertainties introduced by 


polation. Also, a similar comparison of ar and + 
at present impossible for lack of suitable diffusion 
‘ntrations. 


data—is needed for the lower conc« 


5. Conclusions 


The internal friction effect under c 
is thus well established as arising from changes in 
short range order with stress, the relaxation time 


measuring the rate of approach of the order to 
equilibrium at a given temperature. 


The most promising 


field for further develop- 


a study of the kinetics of ordering at 


ment lies in 
temperatures such that the relaxation time can be 


compared directly with the measured diffusion 
coefficients. 

Further experimental confirmation of the theory 
this is 
reliable 


best 


for the relaxation strength is desirable but 


hampered at present by the scarcity o 


thermodynamic data for other systems. The 
one from this point of view is CuAu 

tures well away from the Curie temperature where 
the order changes discontinuously. It is hoped to 
this system in 


make measurements on 


future. 
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LETTERS TO THE EDITOR 


Elastic Properties of Iron Whiskers* 


It has been reported that whiskers of tin [1] and 
zinc sulfide [2] have elastic properties closely 
approaching those which have been predicted for 
perfect crystals [3; 4]. In this note the unusual 
elastic properties of iron whiskers, which have been 
grown in this Laboratory [5], are reported. These 
whiskers are believed to grow by the same mechan- 
ism which has been proposed for mercury whiskers 
[6]. Accordingly, they are presumed to be perfect 
crystals except for an axial screw dislocation. Their 
unusual strength, however, only demonstrates that 
they are perfect or near-perfect crystals. 

Single whiskers were mounted on a 100-200. 
quartz rod with S-diphenylcarbazide. A mounted 
whisker was attached to a micromanipulator stage 
so that it lay in a horizontal plane. A small quartz 
rod mounted on a second micromanipulator was 
used to strain the iron whisker while the process 
was observed microscopically. 

The maximum strain in bending is equal to the 
ratio of whisker radius to bending radius. The 
whisker radius was determined microscopically at 
much higher magnifications than were used to 
observe the bending. The radius of bending was 
determined as follows. Tangents were drawn at two 
points on the photomicrograph of a fiber and the 
angle of turning, 0, was measured. The length, L, of 
fiber between the tangential contact points was 
measured. The radius of bending, R, was simply 
calculated by 
(1) R= Le" 


The magnification of the photomicrographs was 
determined from a photograph of a stage micro- 
meter under the same magnification. 

Figures la and 15 show a 15y iron whisker 
unstressed and under 0.8 per cent elastic strain. 
Figure 1c shows the same fiber after the elastic 
limit has been exceeded. As in the case of tin 
whiskers, the crystal has considerable strength at 
the bend. The bending angles range around 35 to 
45 degrees. 

The largest observed elastic strain in a smoothly 
bent section is 1.4 + 0.1 per cent. It was estab- 
lished by X-ray diffraction [7] that an iron whisker 
is a-iron bounded by four (100) planes parallel to 
the axis. Young’s modulus for a-iron normal to the 
(100) plane is 1.9 X 10’ p.s.i. [8]. The maximum 
elastic stress is calculated to be 270,000 p.s.i. in a 


FIGURE la. Iron whisker—unstressed 


FIGURE lb. Iron whisker O.S per cent elastic strain. 


*Received April 18, 1954. FIGURE lc. Iron whisker—elastic limit exceeded. 
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smoothly bent section. The stress is to be compared 


to an elastic limit of 4,000 p.s.i. for a pure iron single 


crystal. Although no chemical analysis is available 


to attest the purity of the iron whiskers, impurities 
would not raise the elastic limit beyond 20,000 p.s.i. 

Some whisker specimens show sharp bends as 
grown. At one such bend an “elastic’’ strain of 
12 + 2 per cent has been measured. This figure 
is well in the theoretically expected 
elastic limit for a perfect crystal. It may be reason- 


ably postulated that the bend is the grain boundary 


excess ol 


of two whisker segments, whose axes make a small 
angle with one another. The large “elastic”’ strain 
at the bend might be produced by the reversible 
motion of dislocations associated with the grain 
boundary. The effective Young’s modulus for the 
boundary region would be much smaller than for 
the body of a crystal. 

It has been observed that iron whiskers lose their 
unusual strength after exposure to air for a few 
days. The loss of strength occurs before visible 


signs of oxidation appear. This fact indicates that 
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edge dislocations can be introduced into a-iron by 
oxidation. 
We express our appreciation to Dr. W. L. Roth 
for the X-ray orientation data. 
G. W. SEARS 
A. GATTI 


R. L. FULLMAN 


General Electric Research Laboratory 
Schenectady, New York 
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BOOK REVIEW 


Chemistry of the Defect Solid State. By 
A. L. G. Rees. London: Methuen and Co. Ltd. 
New York: John Wiley, 1954. The book under 
review is one of the excellent and little Methuen 
Monographs on Chemical subjects. Their being 
little has certain advantages, particularly that the 
authors must stick to principles; however, that 
confers on them an introductory character which 
allows them to escape too often from difficulties. 
The present book successfully follows this rule and 
within these limits should be strongly recom- 
mended. It is mainly concerned with the funda- 
mental role played by vacancies and interstitials 
the 


these 


in crystals on their chemical properties. As 
author points out, the understanding of 
properties is mainly due to C. Wagner; in fact, 
anybody interested in this field should be strongly 
advised to look into the papers published by Wag- 
ner in the thirties to avoid rediscovering something 
already done. As in any other sound theory, the 
interpretation of the chemistry of the solid state, 
in terms of vacancies and interstitials, had a 
tremendous success initially, and there is no doubt 
about its being fundamentally correct. However, 
when more detailed experimental knowledge has 
become available and an attempt has been made 
to develop the theory to a higher degree of approxi- 
mation, the result has not been very satisfactory. 
The present book covers only the first stage of 
this theory, and this should have been so stated. 
However, this is hardly a criticism; if this book is 
able to encourage further work in the second stage 
of the theory, it should be most welcome. 

In the first chapter a courageous attempt is made 
to classify and to propose symbols for the different 
types of ‘‘defects’’. Dislocations are not included 
here. That is as it should be, as very little is known 
concerning their influence on the chemical reactiv- 
itv; and it is likely that their role will only be a 
minor and indirect one. The classification covers 
both and Concerning the 


pure impure solids. 


proposed symbols, one cannot help wondering 


whether they are altogether necessary. It is the 
experience of the present reviewer that, when one 
used and 
but 
the ordinary chemical symbols. Anyhow, one cannot 


to thinking in terms of vacancies 


gets 


interstitials, it is not necessary to use anything 


help but be discouraged by such a form 


A+ (Zn? 


— (e2| Zn? A) 


‘ans the dissociation of ZnO. 


Chapter I] gives an excellent introduction to the 


which apparently m« 


statistical mechanics and the wave mechanics of 


the solid state containing ‘‘defects.”’ 

The best known reaction in solids is the oxidation 
of metals. The theory is developed in Chapter V 
but only to the first approximation mentioned 
above. This is not enough to explain the experi- 
mental data actually known, for instance, among 
many others, the effect of crystallographic orienta- 
work of Gwathmey 
A second 


badly needed, and attention to this point might 


tion well established by the 


and his co-workers. ipproximation is 
have been profitable. 

Chapter VI gives a short review of the role of 
‘“‘defects’’ on the catalytic properties of solids. This 
is a very promising field of research, and a complete 
review of it should be very welcome. According to 
one of the references in the present book, Dr. Rees 
seems to have one in preparation. 

The book as a whole is very pleasantly written. 
It is that the 
rather queer title. The word 


author has chosen a 


“‘defect”’ 


unfortunate 
seems en- 
tirely unnecessary; in fact, if solids did not contain 
any Chemistry 


the 


there would be hardl 
Besides the 


“‘defects,”’ 
of the 
“‘defect’’ to 
though 


factory to this reviewer, as they are 


solid state. use of word 


describe vacancies and interstitials, 


widely used, seems altogether unsatis- 


not defects of 
the crystal lattice. 


N. CABRERA 
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RELAXATION EFFECTS IN SOLID SOLUTIONS ARISING FROM 
CHANGES IN LOCAL ORDER. II. THEORY OF THE 
RELAXATION STRENGTH* 


A. D. LeCLAIRE and W. M. LOMER{ 


The lattice dimensions of an alloy depend upon the degree of short-range order ¢. Thus the equil- 
brium value of ¢ in a strained crystal will in general differ from that in the unstrained crystal and in 
addition to the elastic strain following an applied stress, there will be an anelastic strain arising from 
the change to the new stress induced equilibrium value of o. An internal friction peak frequently 
found in substitutional sclid solutions is attributed to this type of anelastic effect and on the basis 
of the regular solution model a calculation is made of the associated relaxation strength 6. Very 
satisfactory agreement is found between the theoretical values cof 6 and the measured values for 
a-CuZn, a-AgZn and CuAl alloys. 

The theory is critically compared with an earlier interpretation of the experimentally observed 
effect by Zener, who employed a concept of stress induced reorientation of solute atom pairs. 


LES EFFETS DE RELAXATION DANS DES SOLUTIONS SOLIDES, DUS AUX 
CHANGEMENTS LOCAUX DE L’ORDRE. II. LA THEORIE DE LA RELAXATION 


Les dimensions du réseau dépendent du degré d’ordre a petite distance ¢. Ainsi, la valeur d’équilibre 
de o dans un cristal déformé sera, en général, différente de cette valeur dans un cristal non-déformé. 
En plus de la déformation élastique, due a la tension appliquée, il y aura une déformation anélastique, 
provoquée par le passage a la nouvelle valeur d’équilibre de o, induite par la tension. Un maximum 
de la courbe de frottement interne, souvent constaté dans le cas de solutions solides de substitution, 
est attribué a ce genre d’effet anélastique; en se basant sur le mod?le de solution réguliére, on a calculé 
la relaxation 6 associée a cet effet. I] est constaté que les valeurs théoriques de 6 et les valeurs mesurées 
pour les alliages Cu-Zn a, Ag-Zn a, et Cu-Al sont en bon accord. La théorie est comparée d'une facon 
critique a une interprétation antérieure des effets observés expérimentalement, due a Zener, et 
basée sur le concept de réorientation de paires d’atomes de soluté, induite par des tensions. 


RELAXIONSEFFEKTE IN FESTEN LOSUNGEN, DIE AUF ANDERUNGEN DER 
NAHEORDNUNG BERUHEN. II. THEORIE DER RELAXIONSSTARKE 


Die Gitterabmessungen einer Legierung hangen von dem Grad der Naheordnung a ab. Folglich wird 
der Gleichgewichtswert von o in einem verzerrten Kristall im allgemeinen von dem in einem unver- 
zerrten Kristall verschieden sein; zusatzlich zu der einer 4usseren Spannung folgenden elastischen 
Verzerrung wird eine unelastische Verzerrung vorhanden sein, die bei der Umlagerung zu dem neuen, 
spannungsinduzierten Gleichgewichtswert o entsteht. Ein haufig in Substitutionslésungen gefundenes 
Dampfungsmaximum wird einem derartigen anelastischen Effekt zugeschrieben, und mit Hilfe 
eines Modells einer regularen Lésung wird die dazugehérige Relaxionsstarke 6 berechnet. Die Uber- 
einstimmung zwischen den theoretischen Werten von 6 und den an a-CuZn, a-AgZn und CuAl- 
Legierungen gemessenen Werten ist sehr zufriedenstellend. 

Die Theorie wird kritisch mit einer friiheren Deutung des experimentell beobachteten Effektes 
bei Zener verglichen, der die Idee einer spannungsinduzierten Reorientierung geléster Atompaare zu 
Grunde liegt. 


of the time required for the process to be effectively 


1. Introduction completed. The modulus of elasticity measured in a 


The deformation of a solid under stress may take 
place in two stages. There is always an “elastic’’ 
strain which is effectively instantaneous, propor- 
tional to the stress, and reversible in that it dis- 
appears on removing the stress. But in addition 
internal processes may occur in the solid as a result 
of the stress which produce an additional strain, 
but which require some finite time for their com- 
pletion. These relatively slow processes, and the 
additional strain they produce provided it also is 
reversible and proportional to the stress, are 
referred to as “‘anelastic’”’ [1]. 

The usual dynamic characteristic of an anelastic 
process is its “relaxation time,’ which is a measure 
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time short compared with the relaxation time, e.g., 
by a dynamic method employing a suitably high 
frequency, (the unrelaxed modulus M,) is greater 
than (M,) 
conditions such that the total strain, elastic + an- 


the relaxed modulus measured under 
elastic is observed. The usual static characteristic 
of a relaxation process is the Relaxation Strength 


5x, defined as 


A previous paper [2] discusses the evidence for 
the occurrence in metal substitutional solid solu- 
tions of an anelastic effect arising from the diffusion- 
like movement of individual atoms, and in par- 
ticular describes an extensive set of measurements 
on several solid solutions. It is the purpose of this 


. M, — M, 
= M, 
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paper to discuss the theoretical interpretation of the 
relaxation strength observed in such experiments. 
An understanding of the relaxation time is a prob- 
lem in diffusion theory which still awaits a com- 
pletely satisfactory solution. 


2. Zener’s Theory 


The first attempt at a theoretical interpretation 
of the relaxation strength is due to Zener [3]. 
Zener points out that solute atoms generally have 
a size different from that of the solvent atoms and 
so produce an elastic distortion in the lattice. In 
cubic substitutional solid solutions, isolated solute 
atoms produce a field of distortion with cubic 
symmetry, but adjacent pairs of solute atoms pro- 
duce a distortion with uniaxial symmetry. Thus 
when the solute atoms are larger than the solvent 
atoms, as in a-brass, the lattice around a pair is 
extended more along the axis of the pair than in any 
other direction. When the stress is zero pair axes 
are distributed at random over the several crystallo- 
graphically permissible directions, but when, say, 
a tensile stress is applied to the crystal, the solute 
pairs will tend to become oriented so that their 
axes are along those crystallographically allowed 
directions which make the least angle with the 
tensile axis. 

The preferential redistribution of pair axes will be 
effected by the movement of one or both of the 
atoms of a pair over a distance of the order of an 
atomic spacing (a) so that the relaxation time will 
be of order a?/D as is, in fact, observed, D being the 
diffusion coefficient. 

There are two major points in connection with 
Zener’s model, which in the authors’ opinion are in 
need of clarification. 

The first is concerned with the mechanism itself 
for it is by no means immediately clear why such a 
rotation of pairs of solute atoms should lead to a 
relaxation of the strain, and hence why it should 
occur at all. Consider Figure 1, which shows a pair 


OoOxoo 


FiGu The rotation of the axis 


atoms. 


of a pair of solute 
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of solute atoms (X) before and after a rotation 
induced by a tensile stress in the direction indicated 
by the arrows. In the direction of the stress the 
numbers of X—X bonds and of O-O bonds are each 
increased by one and the number of X-—O bonds is 
decreased by two. Zener attributes the relaxation 
effects to the difference in size of solute and solvent 
atoms, so it is natural for us first to assign a definite 
bond length to each type of atom pair. Then if the 
X-—O bond length is the mean of the X-X and 
O-O bond lengths, the average lattice dimensions 
of the crystal will be a linear function of the com- 
position. Under such conditions, however, the aver- 
age dimensions of the crystal in the direction of the 
stress would not be altered as a result of the rotation 
shown in Figure 1. With such assumptions the 
model does not then account for the relaxation 
effects observed in cases where the lattice para- 
meter varies linearly with composition, as, for 
example, in a-brass. These considerations apply 
whatever the degree of short-range order, so that 
the difficulty cannot be resolved by introducing 
this factor. 

An essential defect of the argument lies in the 
assumption that the bond lengths are invariant, 
i.e., that both species of atom are incompressible. 
When this restriction is removed it is not difficult 
to see that a rotation of solute pairs could produce a 
change in average dimensions and hence a relaxa- 
tion effect. Roughly speaking, one would expect 
the effect to be greater, the larger the difference in 
compressibilities of the two species. 

The second difficulty is in connection with Zener’s 
calculation from the model of a rough value for the 
strength, a value which he finds to be of the same 
order of magnitude as that found experimentally. 
Zener’s expression for the relaxation strength dx is: 


(1) = n Ey (0e/dn,)*/4kRT 


where m is the number of solute pairs per unit 
volume, Ey the unrelaxed Young’s Modulus and 
k and T have their usual meaning. (de/dn,) is the 
rate of change of strain e with change in the number 
of pairs ”, aligned along the preferred crystallo- 
graphic direction. Zener equates de/dn, to r (1/b) 
(db/dp) where (1/b) (db/dp) is the relative change 
with composition # of the lattice parameter } and r 
is a numerical coefficient which he supposes to be 


less than one but of the order of magnitude of unity. 


Since 5g depends on r?, some justification of this 
assumption of the order of magnitude of r would 
appear to be necessary. When r is put equal to one 
we have the relation (de/dn,) = (1/b)(db dp) 


0000 
ox xo 
0000 
0000 
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which is tantamount to saying that a change in the 
number of pairs lying along one direction produces 
a change in the average concentration along that 
direction—viz., an increase of one solute atom for 
each pair rotated—and that the anelastic strain 
results from this increase in concentration. But no 
change at all in the average concentration through- 
out the sample can be produced by rotations of 
pairs or by any other kind of redistribution of 
solute atoms and least of all along one particular 
direction. Therefore, although it may be reasonable 
to suppose that (de/dn,) is 
(1/b)(db/dp) it is by no means immediately obvious 


proportional to 


why r should be even of the order of magnitude of 
unity. 

Zener’s model may also be criticised on other but 
less serious points. 

At concentrations much above 5-10 per cent it is 
quite inadequate to refer only to pairs of solute 
atoms, for solute atoms will occur predominantly 
in much more complicated groupings. In any case, 
the nearer we approach the 50 at.% composition 
the more arbitrary becomes any distinction be- 
tween solute and solvent. A satisfactory theory 
should treat both species of atoms in a symmetrical 
manner and should not need to distinguish a solute 
from a solvent. 

The number of pairs is assumed constant in 
Zener’s treatment, no allowance being made for the 
possibility of pairs breaking up or new pairs being 
formed when the stress is applied. 

The final point is that no proper account is taken 
of tendencies towards short range order or segrega- 
tion. 

The present work aims at constructing a more 
complete and satisfactory theory which will remove 
the objections we have discussed above and in 
particular justify the order of magnitude of r 
assumed by Zener, and bring out the importance of 
the compressibilities in determining the relaxation 
strength. We shall find that the latter two points 
are closely connected. 


3. Relaxation Effects arising from Changes 
in Short-Range Order 


It is well known that the lattice dimensions of an 
alloy depend upon the degree both of long and of 
short range order present in the alloy. Thus the 


equilibrium value of order in a strained crystal will 
in general differ from that in the unstrained crystal 
and in addition to the elastic strain following an 
applied stress there will be an anelastic strain 
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arising from the change to the new stress induced 
equilibrium value of order. 

Anelastic effects arising from changes with stress 
of long range order have previously been observed 
and discussed [4]. The present paper deals with a 
relaxation effect which is assumed to arise from 
changes in short-range order, i.e., from changes in 
the numbers of the different types of pairs of atoms. 
The discussion is based on the assumptions of the 
theory, as developed by Bethe [4], Guggenheim [5], 
Takagi [6] and others, of what Guggenheim has 
called ‘‘strictly regular solutions.”’ 

The essential assumption is that the total con- 
figurational energy can be adequately expressed as 
the sum of the energies of interaction of pairs of 
nearest neighbour atoms. The contributions to the 
energy of an AA pair, BB pair and an AB pair ina 
solid solution of A and B we designate respectively 
as Was, Wap and Wag. When the mixing energy 
Wasa + Was — 2Waz = 


distributed at random on the lattice sites and the 


A is zero, the atoms are 


solution is said to be ‘‘ideal.’’ Solutions for which A 


and the 
value of A determines the departure of the numbers 


is finite are known as “strictly regular”’ 


of different types of pairs from those found in 
‘tideal’”’ solutions, i.e., the degree of short range 
order o. Since A will in general vary with the 
lattice dimensions, straining a crystal will lead to a 
change in the equilibrium value of ¢, and it is the 
further small change in strain which accompanies 
this change in ¢, that is observed as the anelastic 
strain. 
Such a 


that it should lead to a relaxation time of the order 


model satisfies the essential condition 
a’®/D as observed experimentally, for a change in 
local order is effected by the movement of atoms 
over distances of the order of the atomic spacing. 

It is to be noted that the model provides for a 
relaxation of a purely hydrostatic pressure whereas 
that of Zener does not. Such a relaxation has not 
yet been looked for experimentally. 

We proceed now to a calculation of the relaxation 


strength based on this model. 


(a) The unstressed crystal 


We suppose the crystal to be composed of Np 
atoms of type A and Ng = N(1 — p) atoms of 
type B distributed on the N sites of a lattice, each 
of which are surrounded by z equivalent nearest 
neighbour sites. We shall assume that the normal 
modes of the lattice are independent of the con- 
the that 
primarily interested only in changes of configura- 


figuration of atoms, so since we are 


OcA 
4a 
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tion we need only consider the configurational 
contribution to the free energy. 

The total number of pairs of atoms is N-2/2. An 
AB pair may be oriented in any of the z-directions, 
but it is convénient to consider only z/2 positive 
directions in the lattice and then to distinguish 
between AB and BA pairs. Let x, \, uw and v be the 
fractions of pairs which are AA, AB, BA and BB 
respectively. In a completely random solid solution 
i= 
non-random solution will be defined by the equa- 
tion = pg (1 + oc). It can be shown that x = p—A 
and »y = gq — Asothat«, A, w and v are not indepen- 
dent quantities but are related through the com- 


u = pg. The degree of short-range order in a 


mon parameter o by the equations 


p — Qo) | 
pq(l+o) | 
gp (1 + @) | 
= — po). 


We require first to obtain a relation between the 
W's and the corresponding equilibrium value of c. 

The free energy of the solid solutions may be 
written, with the above assumptions as 


(3) F = Nz 2 (kW 44 (A + Wap + 
—kT log g (N, p, 2, x) 


where g(N,p,2,«) is the number of ways of 
arranging Np atoms of A and N(1 — p) atoms of 
B on a lattice with co-ordination number z such 
that the total number of AA pairs is kN -2/2. 

An exact expression for g is not available. We 
shall make use of the approximate expression de- 
rived by Chang [8], Takagi [7] and others: 


@\2-1 

For a given lattice spacing and therefore given 
values of the W’s, the equilibrium value of ¢ is 
given by the condition (dF/dc), = 0. From equa- 
tion (3), with the expression for g inserted, this 
noting that = 


condition leads, 


— du/do = dv/da, to 
(4) exp (—A/kT). 
Au 


This equation expresses the well-known ‘“‘quasi- 
chemical” condition of equilibrium [6]. It may be 
written in terms only of o or of « through the 
relations 

nw _ (pb po) _ 


 (p—x) 
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It will be convenient to summarise at this stage 
some of the other properties of the model which we 
shall use later. 

The free-energy change on forming the solution 
from its components, assumed of the same struc- 
ture, is given by: 


(6) AF = F(eq. 3) — pN-2/2-Wa4 —QN-2/2-Wap 
The Heat of Solution is therefore 


oT 
2 (p — x) 


OA 
(a oa) 


The chemical activity coefficient y, of the A 
component, referred to pure A as standard state, 


AH = 


(7) 


is given by the equation 9, 
kT log y4 p = (1/N) {AF + (1 — pf) (0A F/dp) 7} 
from which we find 


(8) 


log v4 = }2 (log) « — 2 log p). 


Equation (6) assumes that W4,4 and Wg, are 
the same in the alloy as in the pure components, 
i.e., that the interatomic distances are the same. 
The equations (7) and (8) derived from (6) will 
then in general be more approximate than (4). 

(b) The strained crystal 

When the crystal is strained homogeneously the 
average nearest neighbour interatomic spacing, 
which is the same in all directions in the unstrained 
crystal, will now in general be different for each of 
the z/2 directions in the crystal. We denote the 
several interatomic spacings by a; and the corre- 
sponding values of the W’s by Waa,, Was, and 
Wan, (¢ = 


the W’s there will be changes in the equilibrium 


2). As a result of the changes in 


degree of short range order, and we can define a 
degree of order co; for each direction 7 which ex- 
presses, through equations of the type (2), the 
fraction of those pairs lying in the direction 7 which 
are of the several types; o; will in general be differ- 
ent for each direction. We shall assume that an 
equilibrium condition of the type (4) holds for 
each of the 2/2 directions in the crystal so that 


Ki V; 


q— p+ ki) 
Ni (p Ki)” 


= exp (—A,/kT) 


where A; = Waai + — and «x; is the 
fraction of the pairs lying in the 7th direction which 


AF — 7 — Nes 
: 
= — 
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are of type AA, with similar definitions for \j;,; 
and »,. 
We now write for the free energy of the strained 
crystal 
2/2 


F= ND + (At + ui) Waza, + viWop,) 
— kT log g(N, p, 2, ki... Ke) 


2 


where g is the number of ways of arranging Np 
atoms of A and N (1 — p) atoms of B on the NV 
sites of a crystal so that the numbers of pairs of 
each type counted along any one direction corre- 
sponds to the required value of o; in that direction. 
The nature of g will not concern us but consistency 
would demand that it be of a form to lead to the 
equilibrium relations (9). 

Let e be some measure of the strain and s the 
corresponding stress producing it. If the crystal is 
in complete equilibrium under this stress so that 
(0F/dc) = 0 for each 7, then s is given by 


1 
V \ de Jo 


where ¢ denotes the equilibrium values of o; and 
V is the total volume of the crystal; thus 


+ (X, + W' az, 
das 


+ 
de 


where the bar denotes the equilibrium value, and 
where 

The 
given by (ds/de);, where in forming the differential 
coefficient the degree of order is allowed to change 
with the strain so as to maintain values of ¢; corre- 


W'44. is written for /0a;. 
relaxed modulus of elasticity M, is then 


sponding to equilibrium, as signified by the com- 
plete differentials. Thus 


+ 5 ) 
de 
+> t+ Ort 
+ ( ) 
de; 


. OR 
+ @ Oe de 


The unrelaxed modulus My is given by (ds/de)é 7 
where the partial differentials signify that the 
degree of order ¢ is to be kept constant in forming 
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the differential coefficient. My is thus given by 
equation (10) without the third summation term. 
It follows immediately that the relaxation strength 


dy is given by: 


(11) 


Ox, da, 
(N/V)(1/M,) A’; 

dx;/de may be expressed in terms of A’ by 
differentiation of the equilibrium condition (9). 
We find that 


0e A’; — ga:)(q — pa;) 


Thus 


bu = (N/V) (1/RT)(1/M,) 


For the small strains usually employed in relaxa- 
tion experiments very little error will be introduced 
if we replace the o; by the uniform value of o for the 
unstrained crystal and assume that A; is the same 


( da, 
de 


dy is therefore determined by the atomic volume, 


for each 2. Thus 


= (N/V) 


pq(p — qa)(q po)(! ts) 


i 


(12) 


the composition, the degree of local order and the 
variation of the ordering energy A with interatomic 
spacing. The summation term at the end of equa- 
tion (12) is a geometrical factor determined by the 
nature of the strain imposed on the crystal. 

It is to be noted that pqg(p — go)(q — po) = x», 
i.e., the product of the fractions of AA and of BB 
pairs. Equation (12) is therefore symmetrical in its 


reference to the two atomic species. 


4. The Evaluation of the Relaxation 
Strength 


We now consider the evaluation of the various 
terms occurring in equation (12). 
(a) The geometrical factor 

(i) Hydrostatic the bulk 
modulus K and de is the relative change in volume 


stress. M becomes 
dV iv when s is the pressure, da de is the same for 


each direction and 3da;/a, v/v = de. Thus 


das )* 
( de 


— 
M, 
( da ) 
l — o;/ de ; 
= 
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We note also for future reference that 


da; 


= (). 
dé 


(14) 

(ii) Pure shear. For the two important cases of 
b.c.c. and f.c.c. lattices and for shears for which 
Cag and — Cy)/2 are the appropriate moduli, it 
is not difficult to show that 


a’ 2 (M = Cas) 


9 


j = 4q*/9 (M = Cas) 


| 
(b.c.c. 
| 

0 (M = (Cir 


| 
/ 


Equation (15b) shows that there would be no 
relaxation for a (110) [110] shear in a b.c.c. crystal, 
as was pointed out by Zener [3]. Experiments on 
the type of relaxation effect we are considering are 
usually performed with the specimen in the form of 
a wire which is made the support of a torsional 
pendulum. The rigidity modulus G for a single 
crystal wire whose axis makes with the principal 
axes of the crystal angles whose direction cosines 
are ¥1, Y2, Y3 is given by 


= + 2[2/(eu — C12) — 1/cu] 
where 
= 11? + 11? + 72? 


If 6 and 6’ represent respectively the relaxation 
strengths for a cg and a (cy, — ¢»2)/2 shear, then 
the relaxation strength observed with a torsional 
pendulum using a single crystal wire of orientation 
71, ¥2 and ¥; is found from the above equation to be 


[3]* 


c'6 + 2(cd’ — 
hy 


c +2(c—c')¢ 
where for convenience 


(cy — C12) ‘2 =C. 


(16) 


write and 
All the experimental measure- 


we C4 = C 


*Equation (16) is given by Zener as equation (14) in refer- 
ence [3]. Zener also gives [equation (13)] an expression for 
Ag, the relaxation strength for a wire strained in tension. 
This is not appropriate for the present treatment because it is 
derived on the assumption, not valid here, that there is no 
relaxation of a hydrostatic stress. 
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ments have been carried out by the torsional pen- 
dulum method on wires of f.c.c. substances and so 
provide values of 6g. For f.c.c. material 6 and 6’ are 
given by equation (12) with (15a) and the expres- 
sion for 5, for a wire of orientation ¢ becomes, from 
equation (16) 


(17) — 9a) (q — po) 


(2 mye 2¢ + (c/2c’— c'/c) o\ 
(b) The degree of local order 

Two methods are available for its estimation: 

(i) By measurement of the intensity distribution 
of X-rays or neutrons scattered at low angles from 
the crystal. Such measurements have been made 
for a few alloys; the results are usually expressed 
in terms of x, A, etc., from which ¢ can immediately 
be obtained. 

(ii) From thermodynamic measurements such 
as of the equilibrium vapour pressure over the 
alloy of one of the components, when this is much 
greater than the vapour pressure of the other com- 
ponent, or of the e.m.f. of a cell whose two elec- 
trodes are composed respectively of the alloy and 
of one of the pure components. Such measurements 
lead directly to the activity coefficient y of one or 
other of the alloy constituents. x, and therefore o, 
may then be calculated from equation (8). 

(c) The variation of A with interatomic distance 
(dA/da = A’) 

We shall describe three methods, two of which 
involve relating dA/da to other directly measurable 
properties of the alloy and a third which makes use 
again of the thermodynamic measurements referred 
to under (0) (ii). 

(i) It is not difficult to relate dA/da to the vari- 
ation of lattice parameter with short range order. 

For a given degree of order, which may or may 
not be that corresponding to 
equilibrium, the interatomic spacing is derived 
from the condition (dF /da), = 0, ie., 


+ (A + 2) + = 0. 


thermodynamic 


Taking the total differential of this expression 
with respect to a leads to 
A’N(z/2) 


~ + (A+ u)W an + 
The denominator on the R.HLS. is closely related 
to the Unrelaxed Bulk Modulus K,, as can be seen 
from equations (10), (13) and (14). Thus 


2 ) 
da; 
| 
p> ( de ) 
(15a) 
/2) 
de J 
> ( de 
(15b) 
> (#) 
| 
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(18) Ky = —(N/V)(2/2) 44 + (A+ 
+ pp} 
and hence 


(19) A’ 


_ 9KV_ {1 dal 
~ N(z/2)a ta dx) 

This provides a useful expression for estimating 
A’ in the few cases for which da/dx has been meas- 
ured. The equation will be employed also in con- 
nection with a later discussion of Zener’s theory. 

(ii) The variation of lattice parameter with 
composition is known for most metal solutions; a 
simple expression may be obtained for it involving 
A’. 

When both a and « assume their equilibrium 
the (0F/da), = 0 
(0F/dx, = 0 are simultaneously satisfied, i.e., 


+ (\ + Wan + = 
A + kT log (xv/dp) 


values two conditions and 


(20) 


When the composition » changes, both x and a 
change. If equilibrium values of « and a are main- 
tained for all compositions, the total differentials 
of (20) with respect to p must be zero. From this 
condition we find after some reduction 


da 


+ (W'sa.— = ip 


a(q — p) 


pq(q — po) (p — go) 
= kT 


(1 — 


(p — ga) (q — pa)(1 + ¢) dp 
Eliminating do/dp, and with further reduction, 
we obtain 


(1 — oa) 


— — 


In order to eliminate (W’44 — W’'zzs), we note 
that at the composition p = 34 


/2 
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Now in many cases, K varies much more rapidly 
with composition than either a or da/dp, so that we 
can write A’ approximately as 
N(z/2)a~ 
_ 
(1+0)(1 — 2p) 


N(2/2)a \a dp/ \K dp l+o 


dK/dp is known for a few alloys, so that this is 


99 ) 


quite a useful expression. 

(iii) The Thermodynamic method. A may be 
determined, from activity coefficient measure- 
ments, for various temperatures at each composition 


and A then calculated from the equation 


(23) A’ = dA/da = (1/aa) dA/dT 


where a is the coefficient of linear expansion. 

A convenient expression for dA/dT which re- 
quires a knowledge of A at only one temperature, 
may be readily derived from equations (4), (5) and 
(8) 

dA A 


(24) = 


dA _ _p(l — 2p) +x 


(pb — — 2p + x) 
2k d log 
‘Tz d(1/T) 
When independent measurements of the heats of 
solution are also available, these may be combined 
with the values of A derived from the activity 
measurements to give another estimate of dA/dT 
for from equation (7), 
dA _ 1) 
= F 


(27) 


5. Comparison with Experiment 


(a) CuZn alloys 

Early measurements on this system were made 
by Ké [10] and by Zener [11] for roughly 30 at.% 
alloys. The previous paper [2] reports measure- 
ments on alloys of various compositions between 
10 and 30 per cent. All the measurements, except 
those of Zener, were made by the torsional pen- 
dulum method so that the relaxation strengths 
derived from them are to be represented by equa- 
tion (17). The values of 6g are shown by crosses in 
Figure 2. 

In the 
order in a-brass, ¢ must be estimated from thermo- 


absence of X-ray studies of short range 


dynamic measurements. The vapour pressure of 


and, 
A’ 4 RT 
da 
da_ 
dp 
dp 
Thus 
9 SVK da ts 
(1 + c)(1 — 2p) 
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zinc over a-brass of various composition has been 
measured] by Herbenar, Siebert and Duffendack 
[12] and Lumsden [13] has shown that the activity 
coefficients y calculated from their measurements, 
and referred to pure liquid zinc as standard state, 
may be represented by the equation RT log, y 
= 4.27 + d, where d is a constant depending only 
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FicurE 2. The relaxation strength dg of CuZn alloys 
strained in torsion, as a function of composition. p = atomic 
fraction of Zn, g = atomic fraction of Cu—Theoretical 
values for @ = 3 and 0. >< Experimental values. 


on the composition. Values of d were derived from 
Lumsden’s published graphs and the equation used 
to determine y at 400°C. 

This temperature was chosen at which to esti- 
mate y as being sufficiently close to the tempera- 
tures at which 6g was measured for the value at 
400°C to be obtained by extrapolation without 
serious error, while not requiring too extensive an 
extrapolation of the vapour pressure measurements. 

The values of y were corrected so as to refer to 
pure solid zinc as the standard state and o and A 
derived from them through equations (8) and (5). 
A’ was then obtained from equation (23) and (24). 

Lumsden the same vapour 
pressure measurements an equation for the heat of 
solution of solid zinc in solid copper as a function of 
concentration, AH = —7770p + 3150p?/q 
mole. This represents excellently the values of AH 
measured directly by Weibke [14] and by Kérber 
and Oelson [15], and so may be regarded as an 
estimate of AH independent of the vapour pressure 
measurements. It was used with the values of A 
derived from the vapour pressure measurements 
to give from equation (25) a second estimate of A’. 

The compressibilities of CuZn alloys of 18 per 
cent zinc and 35.6 per cent zinc composition have 
been Mehl and Maier [16]. An 
admittedly rough extrapolation of these results to 
50 per cent zinc enabled a third estimate of A’ to be 
obtained, using equation (21). 


has derived from 


cal / 


measured by 
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These results are summarised in Table I. 


TABLE I 


A’ (ergs/cm) 


eq. (21) 


(at. fraction at 400°C eqs (24) 
of Zn) and (23) 


eq. (25) 


.38.1074 .10~4 .28.10~* 


5.1074 .10~4 .28.107~4 


.10~4 .28.10~4 
5.1074 


.10~4 


of a-brass were derived 
at room temperature of 


The elastic constants 
from the measurements 
Fenn, Hibbard and Lepper [17], and roughly cor- 
rected to give values at 400°C. 

The relaxation strengths of a wire strained in 
torsion were then calculated from equation (17) for 
the range of compositions shown in Table I and for 
the two values of ¢ = 0 and 3, these being the 
values corresponding to the minimum and maxi- 


mum values respectively of 5g :¢ = 0 for a single 
crystal wire whose axis is parallel to the [001] 


direction in the crystal and ¢ = 3 for a wire with 
the [111] direction parallel to the wire. Polycrystal- 
line wires are usually employed in the experiments; 
their values of 5, will be between the values corre- 
sponding to ¢ = O and ¢ = }. 

The results are shown in Figure 2. There is a 
surprisingly good agreement between theory and 
experiment. the wide 
spread in the values of the independent estimates 
of A’ for each composition indicates that this good 
agreement is in part a matter of good fortune, 
although the use of the extreme values of A’ in 
computing 6g would by no means alter the order of 
magnitude of the theoretical result: the constancy 
over the composition range of the average value of 
A’ shown in the last column of Table I might war- 
rant our having some confidence in it. 

(b) a-AgZn alloys 

Nowick [18] has carried out extensive observa- 
tions on this system for compositions of 15-30 
at.% zinc, using pendulum 
method; when his results are extrapolated to 400°C 
they show relaxation strengths which are roughly 
four to five times larger than those observed for 
copper zinc alloys. 

The physical data on the silver zinc system avail- 
able for the computation of theoretical relaxation 


However, comparatively 


again the torsion 


Ay. A’ 
0575 
15 0855 — 
20 113 —.3 
x | 25 141 
aor 
| .30 168 —.17.10°* —.26.10°* —.27.10% 
| 
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strengths are much less complete than for the 
copper zinc system, but are adequate at least to 
account for the differences observed between the 
relaxation strengths of the two systems. 

Thus the elastic constants of a-AgZn crystals are 
not known but estimates of them can be made by 
assuming that they are in the same ratio to the 
corresponding constants of CuZn crystals as those 
of silver are to copper. Thus for AgZn, Cy is 0.58 
times and (Cy—Cy)/2 is 0.66 times the correspond- 
ing values for CuZn. These being roughly equal we 
take an average value of 0.62 and so find that the 
last factor in equation (17) is 1/0.62 = 1.6 times 
greater for AgZn than for CuZn. The average inter- 
atomic distance in AgZn alloys is about 2.85 
xX 10-* cm compared to 2.5 XK 10-* cm for CuZn 
alloys. This, together with the change in the elastic 
constants, will, according to equation (17), account 
for an increase of 6, for AgZn alloys over that for 
CuZn alloys by a factor of 1.45. Thus the larger 
part of the difference in 6g for these two alloys must 
be attributed to differences in A’ or in a, or in both. 

The only data available for the estimation of 
these quantities are the vapour pressure measure- 
ments of Zn over AgZn alloys of composition 5-30 
at.% Zn, carried out by Birchenall and Cheng [19]. 
The logs of the activity coefficients y at each 
composition studied, as computed from these 
measurements, vary linearly with 1/7, the reci- 
procal of the temperature, over the range of tem- 
peratures at which the pressures P were measured. 
Such linear plots were used to obtain by extrapola- 
tion the values of y at 400°C and from these, values 
of a and A’ were calculated. The results are shown 
in Table II. The values of A’ are seen to vary very 


TABLE II 


THE VALUES FOR AGZN ALLOYS OF o AND A’ AT 400°C AND 
oF A’ aT 600°C 


A’ (ergs/cm) 


at 400°C 


at 400°C 


(at. fraction at 600°C 


of Zn) 


.105 


0315 + .43 42 
.173 .0633 _ : 32 
. 235 .0919 — 36 
. 297 20 


considerably with composition, and those for 17 
and 23 per cent Zn would lead to values of 6¢ 
several orders of magnitude smaller than the 
observed values. Believing the rapid variations with 
composition to be due to errors arising from the 
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linear extrapolation of log y — 1/T plots down to 
400°C, A’ was re-evaluated at 600°C, with the 
results shown in the last column of Table II. An 
even more rapid variation of A’ with composition is 
apparent at this temperature. We must then con- 
clude that such a variability cannot be due to 
that the 
pressure measurements are not sufficiently accurate 


errors of extrapolation and vapour 
to produce a value of A’ in which we can have any 
10.5 cent Zn 


where the values of A’ for 400° and 600° agree quite 


confidence, except perhaps at per 
closely; we should not expect A’ to vary much with 
temperature. Furthermore, A’ is positive only for 
the 10.5 at.% figures and such is the sign of A’ we 
are to expect for AgZn. This follows from equation 
(22). da/dp for AgZn is opposite in sign to da/dp 
for CuZn, but we should expect the sign of dK /dp 
to be the same for both alloys, since the bulk 
moduli of Ag and Cu are both greater than that of 
Zn. Therefore, since A’ is —ve for CuZn, it should 
be +ve for AgZn. 

It is interesting that when linear plots of log 
(vapour pressure) against 1/7 are extrapolated 
down to 400°C, the resulting values of the pressure 
no longer monotonically increase with composition, 
that for 17.3 per cent Zn being less than that for 
10.5 per cent. This suggests that a separation into 
two phases should occur at some temperature above 
400°C, a behaviour for which there is no other 
evidence and which is inconsistent with the positive 
values of A derived at each composition from the 
pressures at this temperature. Errors, except for 
10.5 per cent, in the experimentally determined 
values of log P as a function of 1/T would account 
both for this behaviour and the inconstancy of A’, 
for this is very sensitive to the rate of variation of 
log P with 1/T. 

We shall assume then that A’ = 0.42 10-4 ergs 
cm. Comparing this with the average value of A’ 
for CuZn, derived from the vapour pressure mea- 
surements, viz., 0.36 10-4 ergs/cm, the change in 
6, arising from the increase of A’ is by a factor 
(0.42/0.36)? = 1.35. 

Only the value of ¢ at 10.7 at.% Zn can be taken 
as reliable. This is 0.0315 compared with .0603 for 
a CuZn alloy of the same composition. The term in 
equation (17) containing a is therefore 0.0069 com- 
pared with .0047 for the CuZn alloy so that a 
further increase in 6, by a factor .0069/.0047 = 1.5 
is to be expected from the decrease in o@. 

Considering all the contributions to the change 
in dg, we expect 6g for AgZn alloys to be about 


three times greater than that for CuZn alloys, 


it @ 
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which is nearly the difference observed experimen- 
tally. If we were to compare our single estimate of 
A’ for AgZn with the average of the three estimates 
of A’ for CuZn viz., .28 10-* ergs/cm, then we 
should find a value of 6g for AgZn nearly five times 
larger than that for CuZn as is observed experimen- 
tally. 

Nowick that the 
strengths of different specimens of the same com- 


also observed relaxation 
position covered a range of values and this he was 
able to relate to differences between the specimens 
of their degree of preferred orientation. The larger 
relaxation strengths were found for those specimens 
which had the smaller torsion modulus, a behaviour 
which is to be expected from the present theory as 
can be seen by considering equation (12). Taking 
the above estimates of the shear constants the 
ratio of the maximum to the minimum values of 
5g, calculated from the last term of equation (17), 
is about 1.7 for a specimen of 30 at.% Zn. Nowick 
reports for a series of alloys of this composition 
values of 6, (at 220°C) varying from 7.3 to 4. 10-’, 
the ratio of which is 1.8. This variability between 
specimens can then be interpreted as an orientation 
effect. 

Nowick attributes the higher relaxation strengths 
observed in AgZn alloys to the difference in size 
between Ag and Zn atoms being twice that be- 
tween Cu and Zn atoms, presumably taking as the 
atomic diameter of zinc the closest distance of 
approach of atoms in the basal plane of the pure 
zinc structure. The atomic size difference enters 
into the determination of 6g, through equation 
(22), as (1/a) (da/dp). This is a little smaller for 
AgZn than for CuZn alloys so that the higher 
relaxation strengths of AgZn alloys are not due to 
atomic size differences, for their effect alone would 
be to produce a lower value of 6g for AgZn. A com- 
parison of the Goldschmidt radii for Cu, Zn and 
Ag atoms would have led to the same conclusion. 
(c) Copper-aluminium alloys 

The measurements reported in the previous paper 


show that the relaxation strength for a 15 per cent 
Al alloy at 400°C is about three times greater than 
that for a CuZn alloy of the same composition. 


The interatomic distance a and the variation of 
a with composition do not differ appreciably from 
those for CuZn alloys. 

No data are available on the elastic constants of 
CuAl alloys, but the values for pure Al do not differ 
so very appreciably from those for pure Zn for us to 
expect any appreciable difference between the 
elastic constants of CuZn and CuAl alloys at such 
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fairly low concentrations as 15 at.% of Zn or Al 
respectively. 

The increased relaxation strength of the CuAl 
over that of the CuZn alloy must then be due to 
differences for the two systems of o or A’ or both. 

There exist no thermodynamic data for CuAl 
from which o or A’ could be calculated. However, 
it has recently been shown [20] by X-ray methods 
that in AgAl alloys the number of Ag-Ag bonds is 
greater than corresponds to a random solid solu- 
tion of the two elements, i.e., ¢ is —ve. We may 
perhaps assume that the same is true for CuAl 
alloys although we have no means of estimating the 
magnitude of o. Let us assume that ¢ = 0. Then 
the term in equation (17) containing o becomes 
0.0162 for a 15 per cent alloy compared with .0098 
for a CuZn alloy of the same composition. 

Consider now equation (21) for A’: this quantity 
increases with decrease in o and for a change from 
o = .085 for CuZn to o = O for CuAl, the increase 
is by a factor 1.085/.915 = 1.19. Thus the change 
is 6g arising from this change alone in A’ is by a 
factor (1.19)? = 1.4. 

Thus the total increase in the relaxation strength 
of a 15 per cent CuAl alloy over that for a 15 per 
cent CuZn alloy is by a factor (.0162/.0098) 1.4 =2.3. 
The experimentally observed increase is by a 
factor — 3. Since ¢ is most probably less than zero, 
so that the increase in 6g is really by a factor > 2.3, 
we may say that the increased value of 6, in CuAl 
alloys could be wholly accounted for as due to the 
different degrees of local order existing in CuAl and 
in CuZn alloys. 

Mehl and Maier [16] measured the compressibil- 
ity of a 16 at.% Al alloy. This result, with the 
known compressibilities of pure Al and pure Cu, 
was used to give an admittedly very tentative 
estimate of (K p=} — Kp=o.15) for use in equation (21). 
This was found not to differ appreciably from the 
corresponding value for CuZn. Thus the change in 
A’, as expressed by (22) most probably derives prin- 
cipally from changes in o, as assumed above. 

(d) Nickel-platinum alloys 

The absence of any peak in the experiments 
described in the previous paper on a 15 at.% Pt 
alloy shows that 6g is certainly less than about 10-% 
and so well below that of the other alloys investi- 
gated. The data required for an estimation of the 
theoretical value of 6g are not available. This 
result, however, illustrates well the fact that an 
appreciable atomic size difference (10 per cent) is 
not a sufficient condition for the occurrence of an 
appreciable relaxation effect. 
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6. Discussion 


Equation (17) represents an expression for the 
strength of the relaxation arising from the stress 
induced redistribution of atoms in substitutional 
alloys which appears capable of providing theoreti- 
cal values of the relaxation strength in good agree- 
ment with experimental measurements and which is 
free from the more obvious shortcomings of Zener’s 
earlier theory, referred to at end of section 2. 

It will be clear that the change from the un- 
stressed distribution in which @ is the same for 
the distribution under 
where o varies with direction, can be imagined as 
taking place, at least in part, by rotation of the 
axes of pairs of atoms from one direction to another, 


each direction to stress 


so that Zener’s essential concept is retained but 
appears only as a simplified way of describing the 
relaxation process, applicable only for concentra- 
tions so low that there are no groupings of solute 
atoms more complicated than pairs. It is interesting 


to note that the average degree of order (Soa;)/(z/2) 


is unchanged by application of a pure shear stress, 
as may readily be shown when it is realised that 
> /i (da;/de) snear = 0. Thus for this type of deforma- 


i 
tion Zener’s tacit assumption that the total number 
of solute pairs remains constant, is substantiated, 
although there may well of course be pairs which 
break up with an equal number of new pairs formed. 

The importance, discussed in Section 2, of the 
compressibilities of the two constituent species in 
determining 6, is best made apparent by considera- 
tion of equation (22). If both species of atom were 
incompressible K would not change with composi- 
tion and A’ and hence 6, would be zero. Further- 
more, the larger the difference in the bulk moduli 
of the two species the larger in general might we 
expect dK /dp to be and so the greater the relaxation 
strength. 

Let us now compare equations (19) and (22) for 
A’. If we ignore in equation (19) the order term, 
which is always roughly unity, we find that 
(1/a) (da/dx) = (1/K) (dK/dp) - (1/a) (da/dp). 
When allowance is made for differences in notation, 
it is readily seen that Zener’s coefficient 7, discussed 
in Section 2, is of the same order as (1/K) (dK /dp). 
Whether or not this is unity, as Zener assumed 
was always so, can only be determined by appeal to 
experiment in each For CuZn 
(1/K) (dK /dp) being roughly 0.4 at 20-30 per cent 
Zn, r is in fact of order unity so that Zener’s 


case. alloys, 


assumption led him to the correct order of magni- 
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tude of 5g in this case. For alloys the constituents 
of which have nearly equal compressibilities, r 
would most probably be very much less than one. 

Zener’s theory leads one to expect the relaxation 
strength to be larger the greater the difference in 
size of the alloy constituents. This is true in so far 
as A’, as given by (22) is proportional to (1/a) 
(da/dp) but a larger size difference might well be 
compensated by a smaller value of (1/K) (dK /dp), 
so that differences in atomic size are not a sufficient 
criterion for determining the relative relaxation 
strengths of a series of alloys, as has sometimes been 
supposed. 

For the two systems which have been studied 
over a range of composition, viz., CuZn and AgZn, 


0g 


is found to be roughly proportional to the 
square of the concentration of Zn i.e., to p?. This is 
as might be expected from equation (1) based on 
Zener’s theory, for n, the number of solute pairs is 
proportional to p? if we assume o = 0. But no such 
simple dependence on composition is apparent 
from equation (17) and for ¢ = 0, dg « p’q?. bg is 
plotted against p*g* in Figure 1 and clearly departs 
pq’. 
This is in part due to variation of a and the elastic 


noticeably from a proportionability with 
constants with composition but principally to ¢ not 
being zero, and it so happens that the departure is 
such as to make 6g appear more nearly proportional 
to p? than to p’q’. It follows that if corrections can 
be made for the variation of the elastic constants 
and of a with composition, a departure from the 
law 5g « p*q*? indicates a non-random solid solu- 
that the 


relaxation strength with composition may be useful 


tion, so measurements of variation of 
in the study of short-range order. For a +ve o the 
curve of 5g — p’g’ is convex towards the abscissa 
as in Figure 1; for « —ve it is convex towards the 
ordinate. 

Basic to the whole development of the theory 
presented in this paper has been the assumption 
that the total free energy of a solid solution is ade- 
quately represented by the configurational contri- 
that 


sufficiently well as the sum of the interaction ener- 


bution alone and this can be expressed 
gies of nearest neighbour pairs of atoms, quantities 
we have represented by W,4,4, etc. Thus the elec- 


tronic and vibrational contributions are 

regarded as having been ignored or, at best, as 
included in the W terms so that changes in elec- 
tronic and vibrational energy are always propor- 
tional to changes in configurational energy. It is, 
however, interesting to note that it is unnecessary 


to take explicit account of the electronic contribu- 
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tion to the total free energy when calculating 6, 
for a pure shear deformation, for the electronic 


energy is, in the usual approximation, a function 
only of the total volume, which is unchanged by 
shear. Equation (17) does not then suffer from our 
having ignored the electronic energy. 

We have also tacitly assumed in the development 
of the theory that each atom resides on a point of 
an ideal lattice so that the distance between any 
neighbouring pair of atoms is the same, whatever 
the species constituting the pair. This will not of 
course be exactly true for atoms of unequal size. 

Attempts have frequently been made to refine 
theories of solid solutions based on these assump- 
tions. Thus one may separate the total configura- 
tional energy into two parts, the one being the sum 
of the energies of interaction when the atoms 
reside on the points of a perfect lattice, whose 
dimensions are the average lattice parameters as 
measured by X-ray methods, and the other a strain 
energy arising from the displacements from those 
lattice points which the atoms necessarily suffer 
because of their unequal sizes. We have in effect 
assumed that the interaction energy and the strain 
energy may be added and the sum denoted by one 
of the three quantities W,4,4, etc., according to the 
bond type. 

It is interesting to compare from this point of 
view the present theory of relaxation effects with 
that of Zener. Whereas we attribute the relaxation 
effects to the fact that the total interaction energy 
in a strained crystal can be lowered by a redistribu- 
tion of atoms, i.e., a change in directional order, 
Zener attributes them to a lowering only of the 
strain energy contribution to the total interaction 
energy. To what extent the relaxation effects are in 
fact due to changes with interatomic distance of the 
strain energy contribution and to what extent due 
to changes in the interaction energy as defined in 
the last paragraph could no doubt be deduced by a 
development of the theory treating separately the 
two contributions to the configurational energy. 
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DIE KINEMATISCHE AUFNAHME VON FEINSTRUKTURAN- 
DERUNGEN* 


A. BOETTCHER, R. THUN und H. TREUPEL}t 


Eine neue Methode zur Untersuchung rasch ablaufender Gitterumwandlungen mittels Elektro- 
nenstrahlen sowie der Aufbau einer entsprechenden Apparatur wird beschrieben, bei der man durch 
eine Schlitzblende schmale Segmente des Debye-Scherrer-Diagramms ausblendet, welche auf einer 
bewegten Photoplatte kontinuierlich aneinandergereiht aufgenommen werden 

Bei stehendem Objekt, das wahrend der Aufnahme getempert werden kann, man ein 
Zeitdiagramm der Feinstrukturanderung, wahrend eine Aufnahme des durch den Elektronenstrahl 
bewegten Objekts unter konstanten Versuchsbedingungen die raumliche Strukturverteilung im 
Praparat wiedergibt. An einigen Beispielen wird die Anwendungsméglichkeit des Verfahrens gezeict. 

Es erscheint besonders fiir die Untersuchung von Phasenumwandlungen sowie Diffusions- und 
Korrosionsvorgangen geeignet. Die Aufstellung der Zustandsdiagramme von Zwei- und Dreistoff- 
systemen wird durch das angegebene Verfahren wesentlich erleichtert. 


erhalt 


DIFFRACTION CAMERA FOR STUDIES 
PRANSITIONS 


A CONTINUOUSLY RECORDING ELECTRON 
OF CRYSTAL STRUCTURE 
A new electron diffraction camera for investigating rapidly proceeding 
described. The outstanding new features of the apparatus are a screen with a slit diaphragm and a 
photoplate which moves behind the slit. The moving photoplate is exposed by the direct electron 
beam and by two small portions of each diffraction ring. The resulting pattern consists of parallel 
lines instead of rings. The new method permits the continuous recording of both structure trans- 
formations and the distribution of different crystalline components over an extended flat sample. 
Various applications for which the method is particularly valuable are presented. 


lattice transitions is 


OBSERVATIONS CINEMATOGRAPHIQUES DE CHANGEMENTS DE LA STRUCTURE 


CRISTALLINE 


On décrit une nouvelle méthode d’investigation de transformations rapides du réseau au moyen 
d’un faisceau d’électrons, ainsi que la construction de |’équipement qui s’y rapporte. L’emploi d’un 
systéme de fentes permet d’enregistrer, d’une facon continue, de petits segments des raies de Debye- 
Scherrer sur une plaque photographique mobile. En opérant avec un échantillon stationnaire, qui 
peut étre chauffé pendant l’exposition, on obtient un diagramme de la structure cristalline en fonction 
du temps, alors qu’avec un échantillon mobile, qui se déplace sous le faisceau d’électrons dans des 
conditions constantes, on obtient un diagramme donnant la structure spatiale de |’échantillon 
On donne plusieurs exemples montrant les possibilités d’application de cette méthode, qui parait 
convenir tout particulitrement aux investigations des changements des phases, des problémes de 
diffusion et de corrosion. Cette méthode facilitera la détermination des diagrammes des phases pour 
des alliages binaires et ternaires. 


Seit Jahren gewinnen Untersuchungen von Fest- intermediadrer Gitterzustande, so dass_ schnelle 


k6rperreaktionen, Ausscheidungsvorgingen und Strukturwechsel nicht erfasst werden kénnen. Man 


Phasenumwandlungen im festen Zustand zuneh- kann diese Einschrankung der Réntgenmethoden 


mend an Bedeutung, da die Aufklarung der diesen 
Erscheinungen zugrundeliegenden Mechanismen 
eine wesentliche Férderung der Werkstoffphysik 
verspricht. Es besteht daher Interesse an Verfahren, 
welche die derartige Vorginge begleitenden Ver- 
anderungen der Kristallgitterstruktur kontinuier- 
lich zu verfolgen gestatten. 

- Die klassische Methode der Feinstrukturanalyse, 
das Réntgeninterferenzverfahren, ist fiir derartige 
Untersuchungen Gitterkinetik nicht ohne 
weiteres geeignet, da wegen des geringen Streuver- 
mégens von Materie fiir y-Quanten die fiir die 
Aufnahme eines Strukturdiagramms erforderliche 
Zeitdauer gross ist im Verhaltnis zur Lebensdauer 


der 
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zwar dadurch zum Teil ausgleichen, dass man nach 
Résler und Ruff [1] die Veranderung der Intensitat 
Boett- 


cher und Thun [2] das Diagramm durch kontinu- 


nur eines Bragg-Reflexes registriert, nach 
j 


ierliche getrennte Abtastung mehrerer Streuwin- 
kelbereiche gewinnt oder die Strahlungsintensitat 
nach Schall [3] durch Verwendung einer Réntgen- 
blitzréhre steigert und dadurch die Belichtungszeit 
entsprechend verkiirzt. Diese R6ntgenverfahren 
bedingen jedoch entweder eine Beschrankung auf 
die Registrierung ausgewdhlter Einzelteile des 
Beugungsdiagramms oder im Falle der R6éntgen- 


\uf- 


wand, sofern die fiir solche Zwecke notwendige 


blitzmethode einen grossen experimentellen 


Aufnahmefrequenz erzielt werden soll. 
Diese Schwierigkeiten werden vermieden, wenn 


ar 
A 
»4 
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die kinematische Aufzeichnung von Feinstruktur- 
anderungen durch Elektroneninterferenzen erfolgt, 
da Elektronen an Materie stark gestreut werden 
Strahlen Intensitat mit einfachen 


und hoher 


elektronenoptischen Anordnungen zu erzielen sind. 


Kossel und Médllenstedt [4; 5; 6], die als erste 
Elektroneninterferenzen zur Registrierung struktur- 
kinetischer Vorgange benutzten, haben vollstandige 
Debye-Scherrer Diagramme mit einer normalen 
schneller Einzelbildfolge aufge- 
nommen. Dieses Aufnahmeverfahren bringt jedoch 
bei langsamen Diffusions- und Ausgleichsvorgangen 
einen grossen Verbrauch an Filmmaterial mit sich, 
da wegen der Méglichkeit rascher Zwischenum- 


Kinokamera in 


wandlungen nicht auf eine hohe Bildwechselzahl 
verzichtet werden kann. Nachteilig ist ferner, dass 
jedes Einzeldiagramm gesondert indiziert werden 
muss und die Zuordnung entsprechender Reflexe 
auf verschiedenen Einzelbildern nicht sicher még- 
lich ist. 

Zur Lésung dieses Problems wurde von Boett- 
Mitarbeitern [7] [8; 9; 10] ein neuartiges 
Abbildungsprinzip angegeben, das neben der ein- 


cher u. 
fachen Registrierung strukturkinematischer Vor- 
ginge auch die Aufzeichnung der Strukturvertei- 
lung in einem flachenhaft ausgedehnten Objekt 
erméglicht (Abb. 1). Der Elektronenstrahl enger 


Ass. 1. Kinematische Elektronenbeugung (schematisch). 
Links Prinzipskizze: (a) Objekt, (6) Spaltblende, (c) Photo- 
platte. Rechts: Diagrammschema. 


Apertur durchstrahlt wie iiblich das Objekt und 
entwirft das Debye-Scherrer-Diagramm auf eine 
mit Leuchtsubstanz belegte Spaltblende, welche in 
einem linearen, tiber den Primarfleck verlaufenden 
Teilsegment des Beugungsbildes den Interferenz- 
kegel hindurchtreten lasst. Dieses Teilsegment 
enthalt mit dem Zentralfleck und je zwei sym- 
Punkten der auf- 
alle Aus- 


wertung eines solchen Diagramms erforderlichen 


metrisch zu diesem liegenden 


tretenden Debye-Scherrer-Ringe zur 
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Elemente, sofern in der Probe keine starken Tex- 
turen oder zu grossen Kristallite auftreten. 

Der so ausgeblendete Strahl schwarzt die unter 
der Blende und senkrecht zum _ Blendenspalt 
kontinuierlich bewegte Photoplatte, auf der die 
Teilsegmente der Beugungskegel in steter Folge 
aneinandergereiht werden. Das Plattenbild ent- 
halt statt eines Primarflecks eine Primar- 
gerade und statt der Ringe je zwei symmetrisch 
zur Primargeraden verlaufende Reflexlinien. (Diese 
sind dann ein Bild der Streuwinkelzeitfunktion, 
wenn die zeitliche Konstanz der Strahlungswellen- 


also 


lange gewahrleistet ist.) 

Durchstrahlt man die Probe an einer gleich- 
bleibenden Stelle wahrend der 
Aufnahme, so erhalt man ein Strukturdiagramm 
als Funktion der Temperatur. Bewegt man aber 
die Probe synchron zum Plattenvorschub durch 
den Strahl, so gibt das Diagramm die geometrische 
Verteilung der im Praparat auftretenden Struk- 
turen wieder. Wegen der geringen Durchdringungs- 
fahigkeit von Elektronen und der dadurch beding- 
ten geringen Praparatdicken handelt sich 
praktisch immer um eine Registrierung der flachen- 
haften Verteilung von Strukturen. 


und tempert sie 


Aufbau der Apparatur 


Abb. 2 zeigt die Kamera schematisch im Schnitt, 
Abb. 3 gibt ihren Aufbau wieder. Der Kathoden- 
kopf fiir 40 bis 90 kV Strahlspannung kann zur 
Strahljustierung in allen Richtungen gegen die 
Objektkammer gekippt und verschoben werden. 

Die mit der Riickwand dieser Kamera abnehm- 
bare Objekthalterung (Abb. 4) wurde mit hoher 
Prazision gefertigt. Das Praparat kann auf ihr in 
zwei zueinander senkrechten Koordinaten ver- 
schoben werden, wobei der Antrieb iiber Spindeln 
von Hand oder durch einen regelbaren Gleich- 
strommotor iiber ein Wechselgetriebe erfolgt. 

Das Objekt wird durch einen elektrisch geheizten 
Strahlofen erwarmt, in dem sich gegen Stérfelder 
abgeschirmte Schlitze zum Durchtritt des Elek- 
tronenstrahls befinden. Die Temperaturmessung 
erfolgt durch Thermoelemente, die durch Beob- 
achtung bekannter Phasenumwandlungen und des 
Metalle Er- 
reichung des Schmelzpunktes geeicht wurden. Die 
Genauigkeit der Temperaturmessung ist durch Sté- 


Gitterzusammenbruchs _reiner bei 


rungen des Strahlungsgleichgewichts und den Ein- 
fluss der Elektronenstrahlenenergie begrenzt und 
15°C. Der 
erfolgt durch das abnehmbare Einblickfenster der 
Objektkammer. 


betragt ungefahr Praparatwechsel 


| — 
f\ 
4 | b 
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Mit dieser ist das Kameragehiduse durch einen 
Tubus iiber ein Vakuumventil verbunden, durch 
das eine Flutung der Objektkammer wahrend des 
Wechselns der Photoplatte vermieden werden kann. 
Der Wagen fiir den Transport der Photoplatte vom 
Format 6 X 18 cm? lauft in diesem Gehaduse auf 
Schienen und kann durch den Antriebsmotor in 


ABB. 2. Kinematische Kamera fiir Elektroneninterferenzen 
(Schnittzeichnung). (1) Strahlkopf, (2) Objektschlitten, 
(3) Ofen fiir Objektheizung, 
(6) Einblicktubus mit Lichtmarkengeber. 


verschiedenen, festen Ubersetzungsverhaltnissen 
synchron zum Objektvorschub bewegt werden. 


Direkt iiber der Platte befindet sich der Blenden- 


trager mit der Schlitzblende. Seine Einstellung, die 


durch einen besonderen Einblicktubus kontrolliert 
wird, erfolgt so, dass der Primarfleck des Leucht- 
schirmbildes genau auf den Blendenspalt fallt. Der 
Blendentriger besitzt ferner zur wahlweisen Be- 
nutzung eine grosse Blendenéffnung fiir die Auf- 
nahme iiblicher Debye-Scherrer-Diagramme. In 
dem Einblicktubus befindet sich ein manuell 
betatigter Lichtmarkengeber, durch den charak- 
Objekttemperaturen Platte 
markiert werden. 

Charakteristisch fiir die Leistungsfahigkeit der 
Anlage ist ihr zeitliches und geometrisches Auf- 
Das Auflésungsver- 


teristische auf der 


losungsvermégen. zeitliche 


(4) Kamera, (5) Plattenwagen, 
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médgen liegt in der Gréssenordnung der fiir ein 


Bildsegment erforderlichen Belichtungszeit, die 
bei dieser Anlage etwa 1 sec betragt, d.h. Struktur- 
anderungen, die rascher ablaufen, kénnen_ nicht 
mehr getrennt registriert werden. Eine Erhéhung 
der Zeitauflésung ist ohne Schwierigkeit durch 
Verwendung elektronenoptischer Hilfsmittel még- 
lich. 
Das 


gedehnter, zeitlich konstanter Objekte wesentliche 


fiir die feinstrukturelle Aufnahme aus- 


geometrische Auflésungsvermégen wird bei der 
beschriebenen Anordnung durch den Durchmesser 
des Primarstrahls in der Objektebene begrenzt und 
liegt bei 50u. Durch Verwendung einer Feinstrahl- 


sonde kann auch dieses wesentlich erhéht werden. 
Ergebnisse 
1. Zeitdiagramme 
[11] 
AgAl- 


Aufdampfschichten untersucht. Diese wurden durch 


In Fortfiihrung 4lterer Untersuchungen 


wurde der Diffusionsvorgang in diinnen 
quantitative Verdampfung entsprechender Legier- 


ungen hergestellt. Infolge der unterschiedlichen 
Dampfdrucke beider Legierungskomponenten ent- 
steht im Kondensat eine Disproportionierung, die 
bei dessen Erwarmung durch Diffusionsausgleich 
verschwindet. 

In Abb. 5 ist das kinematische Diagramm einer 
Schicht AgAl 88/12 


wiedergegeben; wahrend der Aufnahme wurde bis 


aus der Ausgangslegierung 


zu 350°C erwarmt und dann auf 200°C abgekiihlt. 
Bei ungefahr 300°C vollzieht sich die Umwandlung 
der a-in die 6’ (Ag;Al)-Phase. Aus der Umwand- 
lungsgeschwindigkeit lassen sich Riickschliisse auf 
die Grésse der Diffusionskonstanten innerhalb des 
Systems ziehen, ausserdem scheint die ausschliess- 
liche Ausbildung der 8’-Phase die Existenz eines 
Homogenitatsbereiches dieser Phase 
Da Ag;Al Al- 


Konzentration von ungefaéhr 8 Gewichtsprozent 


endlichen 
wahrscheinlich zu machen. einer 
entspricht und die Ausbildung der 8’-Phase bei 
einer Ausgangslegierung von 88/12 erfolgte, kann 
auf unterschiedliche Kondensationsbedingungen 
der beiden Komponenten geschlossen werden. 

Als weiteres Beispiel sei in Abb. 6 die Aufnahme 
eines CuSb 65/35-Praparates bei Temperung bis 
zu 670°C gezeigt. Oberhalb des Diagramms sind 


markiert, in denen die einzelnen 


Die 


hier langsamer als in Abb. 5. 


die Bereiche 


Phasen auftreten. Phasenausbildung erfolegt 


Interessant ist die 
unmittelbar zu erkennende Anderung der Gitter- 
der 


6’-Phase mit 


Abkiihlung 


konstanten der 


Wahrend 


Temperatur. 


der wird das Gefiige so 
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dass nur noch wenige Kristallite 
Debye-Scherrer- 


grobkristallin, 
durchstrahlt und dadurch die 
Ringe in Punkte aufgelést werden, wie das Teil- 
stiick eines normalen Diagramms ganz rechts in 
Abb. 6 zeigt. Dies fiihrt zu unsymmetrischem Ver- 
schwinden der Reflexlinien im  kinematischen 
Diagramm, wie es in dessen nicht identifiziertem 
Teil zu erkennen ist. Ausgepragte Texturen rufen 
ahnliche Erscheinungen hervor. 

Neuerdings wurde diese Methode auch von Trillat 
[12] tibernommen, der eine Aufnahme aus dem 
System CuAl wiedergibt. 

In besonders iibersichtlicher Weise lasst das 
Verfahren den Ablauf von Phasenumwandlungen 
in Abhangigkeit von der Temperatur erkennen. Als 
Beispiel sei hier die Phasenumwandlung der Ver- 
bindung Ag»S bei Erwarmung gegeben. Die Unter- 
suchungen wurden an synthetischem Ag.S durch- 
gefiihrt. 

Nach 4lteren Untersuchungen von Emmons, 
Stockwell und Jones [13], Palacios und Salvia [14] 


ABB. 8. 


RGICA, 
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u.a. hat AgsSS bei Zimmertemperatur rhombisch 
fl.z.Struktur und wandelt sich bei 180°C in die 


kubisch r.z. Hochtemperaturform um. Bei Ab- 
kiihlung erfolgt wieder Riickumwandlung beil80°C 
in die rhombische Tieftemperaturphase. 

Abb. 7 zeigt die Aufnahme der Phasenumwand- 
lung des AgeS bei der Erwarmung. Bei Zimmer- 
temperatur lassen sich die Reflexe in Ubereinstim- 


mung mit den von Glocker [15] angegebenen Gitter- 
konstanten (a = 4,77 A, b = 6,92 A, c = 6,99 A) 
rhombisch indizieren. Bei 180°C verschwinden die 
meisten Reflexe, es bleiben nur diejenigen des 
kubisch r.z. Gitters erhalten (a = 4,88 A). Dariiber 
Aufnahme genauer Aus- 
wertung, dass die urspriinglich rhombische Tief- 
Erwarmung zur 


hinaus zeigt die bei 


temperaturphase bei der bis 
Umwandlungstemperatur langsam tetragonal wird. 
Dies tritt unmittelbar in Erscheinung bei den 
Reflexen des Typs (hk/)(h/k), die sich wahrend der 
Erwarmung einander nahern und kurz vor der 


Umwandlungstemperatur von 180°C zu einem 


Schema einer Keilaufdampfung zur Untersuchung von Zustandsdiagrammen. Links fiir Zweistoffsysteme: oben: 


Zustandsdiagramm, mitte: Schnitt des undiffundierten Praparates, unten: Schema einer Aufnahme. Rechts fiir Dreistoff- 


systeme. Lage der aufgedampften Komponenten im Praparat. 
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PLATE II. Ass, 6—Kinematisches Diagramm von CuSb 65/35. Strahlspannung 71 kV. Temperatur 20-670—300°¢ 
\BB. 7 Kinematisches Diagramm von Ag>S. Strahlspannung 74 kV. Temperatur 100-220°C 


6 2 
a 1 2 3 4 5 6 7 8 min eh 
ao) 
(120). \\\ 
(022) 
\ 
(200) 
(131) 
{212) // | 
Patt i 
kub.raumz. 
| 


PLATE III \BB 


\u-Sn-Keilpriparates 


a 


fa 


* 


9b 


\goS_ Phaseniibergange leilvergrésserung \BB 
undiffundiert; diffundiert 


QQ 
(734) 
(242) ‘ 
21 
110-125°C 160-180°C 
- 
ear 
9a 
Le 
Q—Krne tisches Diagramm eines 
749 


BOETTCHER AL.: 


einzigen Reflex vereinigen. Wegen des geringen 
Unterschiedes der b- und c-Achsen liegen diese 
Reflexe dicht benachbart, so dass diese Einzelheit 
in Abb. 7 schwer zu erkennen ist. 

Abb. 
dieser Aufnahme aus den Temperaturbereichen 
20 bis 70°C, 110 bis 125°C und 160 bis 180°C, auf 
der die Anndherung der Reflexe (103)(130), 
(113)(131) und (212)(221) erkennbar ist. Der 
gleichmassige Verlauf dieser Anderung der Gitter- 
konstanten mit der Temperatur legt es nahe, hier 
nicht von einer Phasenumwandlung zu sprechen, 
sondern von einer Erhéhung der Gittersymmetrie 
durch anisotrope Warmeausdehnung. Der bei etwa 
180°C erfolgende Ubergang der tetragonalen zur 
kubisch r.z. Hochtemperaturphase, verlauft un- 
gleich schneller. 

Die vorliegenden Aufnahmen lassen jedoch ein- 
deutig erkennen, dass auch hier die Umwandlung 
im einzelnen Gitterbereich keine spontane ist, son- 
dern in schnellem Ablauf tiber intermediare Gitter- 
zustinde erfolgt. Einzelheiten hieriiber werden an 
anderer Stelle ver6ffentlicht werden. 

2. Fléchendiagramm 

Alle bisher gezeigten Aufnahmen waren Tem- 

peraturdiagramme, die von einem Objektpunkt 


7a zeigt eine Ausschnittsvergrésserung 


bei feststehendem Praparat gemacht wurden. 
Interessante Méglichkeiten bietet indessen auch 
das bei bewegtem Objekt aufgenommene “‘Flachen- 
diagramm”’, welches die geometrische Verteilung 
der Strukturen im Objekt wiedergibt. Ein Beispiel 
hierfiir ist ein besonders einfaches Verfahren zur 
schnellen Aufklarung von Zwei- und Dreistoff- 
systemen. Zur Herstellung geeigneter Praparate 
werden die Komponenten des zu untersuchenden 
Systems entsprechend Abb. 8 als gegenlaufige oder 
um je 120° gedrehte Keile iibereinander gedampft. 
Tempert man ein derartiges Praparat, so wird der 
Diffusionsausgleich zur Objektflache 
schnell erfolgen, da hier nur Diffusionswege von 
héchstens einigen hundert AE zur Einstellung des 
sind. In der dafiir 


senkrecht 


Gleichgewichts notwendig 
bendtigten Zeit ist der Ausgleich innerhalb der 
einige mm ausgedehnten Flache zu vernachlassigen. 

Man hat nun an jedem Flachenpunkt des Pra- 


parates ein Konzentrationsverhaltnis der Kom- 
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ponenten, welches allein aus der Geometrie der 
aufgedampften Keile folgt. Fiir eine quantitative 
Indentifizierung ist eine Bestimmung der Keil- 
dicken erforderlich, die am einfachsten nach der 
Methode der Mehrfachinterferenzen von Tolansky 
[16; 17] erfolgt. Das vollstandige Zustandsdiagramm 
gewinnt man durch mehrere Aufnahmen bei ver- 
Temperaturen, nachdem 


schiedenen konstanten 


jedesmal das Erreichen des Gleichgewichtszu- 
standes abgewartet wurde. Die Aufnahme eines 
solchen Keilpraparates von Au und Sn vor und 
nach dem Diffusionsausgleich ist in Abb. 9 wieder- 
gegeben. Da dieses Verfahren gegeniiber den bisher 
bekannten Methoden die 


vollstandige Strukturanalyse eines Systems mit 


réntgenographischen 


sehr viel geringerem Arbeits- und Zeitaufwand 
erméglicht, wird seine Weiterentwicklung in einer 
zurzeit noch nicht abgeschlossenen Untersuchung 


besonders geférdert. 
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RECHERCHES EXPERIMENTALES SUR LA MICROSTRUCTURE DE 
LA SOLUTION SOLIDE CUIVRE-ZINC 65/35 POLYCRISTALLINE 
TRES FAIBLEMENT DEFORMEE PAR TRACTION ET SUR 
SON EVOLUTION AU RECUIT ENTRE 200 ET 600°C.* 


P. A. JACQUETT 


I. En vue de l'interprétation des mécanismes des processus de déformation plastique, de res- 
tauration, de polygonisation et de recristallisation, il est d’un grand intérét de pouvoir suivre avec 
la micrographie, et parallélement aux diagrammes de rayons X, |’évolution de la microstructure 
d’un métal en fonction de I’intensité de la déformation, puis au cours de traitements thermiques 
variés. 

Si l'on admet, conformément 4 I'opinion actuelle, que les rassemblements de certaines dislocations 
dans le réseau d’un métal pur ou d’une solution solide homogéne constituent des domaines d’attaque 
priviligiée, il devient possible d’envisager de localiser ces défauts, et, par suite, de suivre leur évolution 
sous l'effet des traitements mécaniques et thermiques. 

En fait, les méthodes jusqu’ici utilisées n’ont donné que des renseignements partiels dont les plus 
évidents concernent les sous-joints de polygonisation typique. Pour tenter d’améliorer ces résultats 
il est indispensable de disposer d’une technique d’attaque extrémement sélective, sensible et fidéle. 

Le présent travail expose les détails d’une telle méthode adaptée au cas particulier de la solution 
solide a cuivre-zinc 4 35% de zinc, et donne les premiers résultats obtenus avec des éprouvettes 
soumises 4 une trés minime déformation plastique, puis chauffées entre 200 et 600°. Cette technique, 
d'une grande simplicité, convient pour la micrographie optique et pour les empreintes de micrographie 
électronique. Elle a permis déja de mettre en évidence les glissements dans les grains a l’intérieur de 
l’éprouvette, et l'évolution ultérieure de la microstructure au cours du recuit, jusqu’au stade final de 
la polygonisation typique. On est donc en droit d’invoquer son emploi dans les études sur le fluage et 
la fatigue du laiton a, phénoménes jusqu’a présent peu accessibles par la micrographie, et dont les 
mécanismes font intervenir la dynamique des dislocations. 


EXPERIMENTAL RESEARCH ON THE MICROSTRUCTURE OF THE POLYCRYSTAL- 
LINE SOLID SOLUTION COPPER-ZINC 65/35 VERY SLIGHTLY DEFORMED IN TEN- 
SION, AND ITS EVOLUTION DURING ANNEALING BETWEEN 200° AND 600°C. 


In order to interpret the mechanisms of the processes of plastic deformation, recovery, poly- 
gonization and recrystallization, it is of great interest to be able to follow the evolution of the micro- 
structure of a metal, as a function of the degree of deformation and subsequently during various 
heat treatments, using simultaneously micrographic and X-ray techniques. 

Assuming that, as presently believed, accumulations of certain dislocations in the lattice of a pure 
metal or of a homogeneous solid solution constitute preferred regions of easy etching, one can consider 
the possibility of localizing such imperfections and subsequently of following their evolution under 
the effect of mechanical and heat treatments. In fact, the previously used methods gave only partial 
information, of which the most evident are concerned with typical polygonization sub-boun- 
daries. In order to improve those results it is necessary to use a highly selective, sensitive and accurate 
etching technique. In the present work, the details of such a method are given. The method has 
been adapted to the particular case of the a copper-zinc solid solution containing 35 per cent Zn. 
The first results obtained on specimens, which were very slightly plastically deformed and then 
heated between 200° and 600°, are given. The technique is very simple and is suitable for both optical 
micrography and electron microscope replicas. It has already shown glide in the grains 
inside the specimen, and the subsequent evolution of the microstructure during annealing, up to the 
end of the typical polygonization. It is, therefore, expected that this method will enable one to study 
creep and fatigue in @ brass, both of which involve the dynamics of dislocations and were, so far, 
hardly accessible to investigations by micrographic methods. 


=R IME pal. ERSUCHUNGEN ZUR FEINSTRUKTUR EINER POLYKRIS- 

,<UPFER-ZINK LOSUNG (65/35), DIE EINER SEHR GERINGEN 

"ERI ‘NG x U TERWORFEN WAR, UND ZUR AUSBILDUNG DIESER STRUK- 
TUR BEIM GLUHEN ZWISCHEN 200 UND 600°C. 


Wenn man die Elementarprozesse der plastischen Verformung, der Erholung, der Polygonisation 
und der Rekristallisation deuten will, so ist es von grossem Interesse, die Ausbildung der Feinstruktur 
eines Metalles als Funktion des Deform: itionsgrades und wahrend verschiedenartiger nachfolgender 
Warmebehandlungen gleichzeitig metallographisch und réntgenographisch verfolgen zu k6énnen, 

Wenn man, wie z.Z. allgemein iiblich, annimmt, dass die Aggregationen gewisser V ersetzungen im 
Gitter reiner Metalle oder homogener fester Lésungen die beim Atzen bevorzugt angegriffenen 
Stellen darstellen, dann sollte es méglich sein, solche Fehlstellen zu lokalisieren und dann ihre Ent- 
wicklung unter der Wirkung von mechanischen Einfliissen und Warmebehandlung zu verfolgen. 

In der Tat haben die bisher benutzten Verfahren nur unvollstandige Informationen gegeben— 
die klarsten Angaben betrafen die typischen Polygonisations-subkorngrenzen. Um diese Resultate 
zu verbessern ist es notwendig, ein sehr selektives, empfindliches und genaues Atzverfahren zu 
verwenden. 

Die vorliegende Arbeit berichtet die E inzelheiten eines solchen Verfahrens, das speziell auf den 
Fall einer festen Lésung von Kupfer-Zink mit 35% Zink angewandt wurde. Die ersten Ergebnisse 
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an geringfiigig verformten und zwischen 200 und 600°C gegliihten Proben werden angegeben. Dieses 
sehr einfache Verfahren kann sowohl auf Proben fiir Lichtmikroskopie als auch auf Abdriicke fiir 
Elektronenmikroskopie angewandt werden. Mit Hilfe dieses Verfahrens war es bereits méglich, 
Gleitung in Kristalliten im Zentrum der Proben und die darauf folgende Ausbildung einer Fein- 
struktur beim Gliihen bis zum Ende des typischen Polygonisationsstadiums zu zeigen. 

Auf Grund dieser Ergebnisse kann man annehmen, dass man mit Hilfe dieses Verfahrens Kriech- 
und Ermiidungserscheinungen im Messing, die man bisher optisch kaum untersuchen konnte, und 
mit denen dynamische Versetzungsvorgange verbunden sind, untersuchen kann. 


Introduction 


Le polissage électrolytique que nous avions 
préconisé dés 1935 pour la préparation des spéci- 
mens métallographiques [1] a contribué aux sub- 
stantiels progrés de la physique des métaux durant 
ces derniéres années [2], par exemple dans les 
domaines de la déformation plastique et de la 
recristallisation. En particulier il 
reconnaitre avec le microscope le phénoméne de la 
polygonisation dans les gros cristaux métalliques 


a permis de 


révélent d’autre part les diagrammes de 


[3], et d’étudier ses relations avec 


que 
rayons X 
d'autres processus [4]. 

Parfois le polissage électrolytique n’intervient 
que comme une méthode de finition permettant 
d’obtenir une surface de haut degré de poli, privée 
de toute trace des perturbations structurales que 
produisent immanquablement les procédés mécani- 
ques habituels. Dans d’autres cas le polissage 
seul n’est pas suffisant, et il doit étre suivi d’une 
attaque destinée a révéler les détails de la micro- 
structure, dont on est ainsi certain qu’elle est bien 
spécifique du spécimen. Les conditions d’une telle 
attaque sont elles-mémes trés importantes et 
doivent, par conséquent, étre adaptées a chaque 
cas particulier, ce qui n’est pas sans laisser trop 
souvent une large part a l’empirisme. 

La présente étude montrera que précisément dans 
le domaine de la déformation plastique et de la 
polygonisation une technique micrographique spé- 
ciale est susceptible de faire apparaitre des phéno- 
ménes qui échappent complétement a l’observation 
avec les méthodes classiques. 

Notre but initial était d’essayer d’apporter une 
réponse précise a la question suivante encore 
controversée [5]. Existe-t-il dans la masse d’une 
éprouvette soumise 4 une trés faible traction des 
modifications de la microstructure qui traduisent 
ie déformation révélée par les lignes de glissement 
sur la surface préalablement polie? 

Une étude antérieure sur le cuivre [6], et les 
travaux plus récents de McLean [7] et de Ogilvie 
[8] sur les laitons, ont prouvé qu’avec une méthode 


d’attaque assez sensible les traces des glissements 
loin 


se retrouvent sous forme de stries encore 


sous la surface. Certaines de ces expériences ont 
provoqué des critiques [9], qui, d’ailleurs, ne nous 
paraissent pas fondées. Cependant on peut objecter 
que les résultats se rapportent a des spécimens 
assez fortement déformés. Or il est bien évident 
que dés le moment ow |’écrouissage devient assez 
considérable pour modifier les propriétés physiques 
et physicochimiques du métal, l’effet se traduira 
sur sa structure. De plus, les conditions de l’examen 
doivent éliminer toute possibilité de déformations 
parasites, ce qui exige de grandes précautions qui 
ne paraissent par avoir été toujours respectées. 
Nous avons eu également l'occasion d’étudier le 
cas particulier des déformations produites par 
l’abrasion et le polissage mécanique des alliages 
10; 11). 


perturbations du réseau cristallographique s’éten- 


cuivreux, du fer et des aciers [2; Les 
dent alors parfois 4 une grande distance sous la 
surface, mais les nombreux facteurs qui intervien- 
nent ne permettent pas encore de déduire du seul 
aspect micrographique le détail des processus en 
cause. 

Ces derniéres recherches ont eu cependant 
l’avantage de faire apparaitre l’extréme sensibilité 
de la méthode d’attaque employée pour les laitons 
a, puisqu’elle s’est révélée capable de déceler des 
traces infimes de déformation plastique qui ne 
sont pas visibles sur les diagrammes de rayons X. 

Aussi avons nous songé a utiliser cette méthode 
dans le cas beaucoup plus simple d’une déformation 
par traction sous faibles charges. La netteté des 
résultats obtenus nous a ensuite incité 4 examiner 
de la méme facon les effets des traitements thermi- 
ques sur la microstructure des éprouvettes pré- 
alablement avec 


déformées, lespoir d’apporter 


une contribution expérimentale a |’importante 
question du mécanisme de la polygonisation et de 
ses relations éventuelles avec la restauration et la 
recristallisation. 

Comme on le verra, les observations effectuées 
et les conclusions qui en ont été tirées sont loin 
d’avoir épuisé les possibilités de la méthode micro- 
graphique restreinte au cas particulier d’une 
solution solide cuivre-zinc polycristalline homo- 
géne. Aussi en exposant nos résultats avons nous 


surtout le désir qu’ils suscitent d’autres expériences 
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plus complétes et plus systématiques, par exemple 
dans le domaine de la fatigue et du fluage ot I’on 
peut logiquement s’attendre a rencontrer une 
évolution structurale justiciable de la technique 


proposée. 


I. Etude de la Déformation Plastique 


1. Méthode Expérimentale 


Nature des spécimens 

Quelques essais préliminaires ayant montré que 
la sensibilité de la méthode micrographique est 
d’autant meilleure que la teneur en zinc, dans les 
limites correspondant a la phase a, est plus élevée, 
on a choisi un alliage titrant 64,5% de cuivre et 
35,4% de zinc, avec comme seules impuretés 
0,07% de fer, moins de 0,027% de plomb et des 
traces indosables de silicium, nickel et aluminium. 

Les microéprouvettes de traction de 30 mm de 
longueur entre tétes et 3 mm de largeur sont 
découpées dans de la planche laminée a froid de 
6,9 40,9 mm, soit une réduction de 87%. L’examen 
micrographique ne révéle aucune trace de phase 
étrangére ni d’inclusions insolubles. Les diagram- 
mes de rayons X confirment l’absence de phase 8 
et donnent une valeur de la maille en accord avec 
la composition établie par l’analyse chimique. 


Traitement avant déformation 


Aprés que ses deux faces ont été rendues bien 
planes chaque éprouvette est placée entre deux 
plaquettes du méme alliage et recuite 4 600 + 10°C 
dans un four a air. Le refroidissement s’effectue 
dans le four lui-méme. La mince pellicule d’oxyde 
est éliminée dans l’acide phosphorique a 10%. 
On procéde ensuite au polissage électrolytique avec 
la méthode habituelle [6], c’est-a-dire dans une 
solution aqueuse concentrée d’acide phosphorique 
de densité 1, 4, pendant une durée de 60 minutes. La 
micrographie montre que la surface est privée de 
toute couche d’oxydation interne, et que les 
grains ont une taille moyenne comprise entre 0,05 
et 0,1 mm. 

Bien entendu toutes les précautions sont prises 
pour que pendant les manipulations |’éprouvette 


ne puisse subir aucune déformation. 


Conditions de la déformation 


Pour les charges inférieures 43 kg/mm? la traction 
est faite sur un appareil trés simple construit au 
laboratoire. Une micromachine Amsler avec 
enregistrement de la courbe effort-allongement 
est utilisée pour les charges plus élevées. 
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Les lignes de glissement sont détectées par 
l’examen sous le microscope de la surface aussit6t 
aprés la traction. La méthode du contraste inter- 
férentiel en lumiére polarisée de Nomarski [12] 
rend aisée l’exploration rapide de toute la super- 
ficie. 


Méthode d’attaque [13] 


L’attaque est effectuée d’abord sur l’éprouvette 
qui vient de subir la traction, puis aprés des polis- 
sages électrolytiques successifs de facon 4a dis- 
soudre des épaisseurs croissantes de lI ’alliage. 

L’éprouvette placée verticalement joue le réle 
d’anode dans une solution a 18—20°C d’hyposulfite 
de sodium a 0,2%, sous une densité de courant de 
1,5 A/dm? pendant 60 secondes. La cathode est 
une plaquette d’acier inoxydable 18/8 disposée a 
20 mm de I’anode. 

Chaque attaque s’effectue rigoureusement dans 
les mémes conditions et exige un électrolyte 
fraichement préparé. Ici encore on prend les plus 
grandes précautions pour éviter la moindre défor- 
mation des spécimens. Ce mode d’attaque produit 
toujours une pellicule solide de composés sulfurés, 
de composition exacte inconnue, dont la couleur 
apparemment uniforme présente en réalité sous 
le microscope les teintes d’interférence des lames 
minces, en relation, ainsi que nous le verrons, avec 
la structure du support. 

Si cette pellicule solide est dissoute par immersion 
de une seconde dans I’acide chlorhydrique concentré 
l’aspect observé au microscope dépend de I’état de 
l’éprouvette. En l’absence de toute déformation 
plastique seuls sont visibles les joints de grains et 
de macles, l’examen sous les plus forts grossisse- 
ments optiques jusqu’a 2000 diamétres, ne révélant 
qu’une attaque homogéne non résolue de la matrice. 
En revanche, des domaines de dissolution sélective 
apparaissent a l’intérieur des grains pour lesquels 
l’effort de traction a atteint la limite d’élasticité. 
C’est sur ces effets spécifiques que repose précisé- 
ment l’intérét de la technique d’attaque anodique. 


Micrographie électronique 


Grace a l’obligeance de MM. M. Mathieu et R. 
Castaing* certains de nos spécimens ont pu étre 
examinés au microscope électronique par M. 
Baillie. La méthode utilisée est celle de la double 
empreinte [14] consistant 4 déposer sur la surface 
attaquée une mince pellicule d’aluminium qui est 
ensuite oxydée anodiquement. 


*Département des Matériaux de l’Office National d’Etudes 
et Recherches Aéronautiques (O.N.E.R.A.) 
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Examens aux rayons X 


Nos éprouvettes ont été examinées aux rayons 
X par Madame A. R. Weill. Les diagrammes sont 
pris chaque fois sur un méme point, au centre de la 
partie utile, d’abord avant toute déformation, 
puis aprés traction sous des charges croissantes. 

La méthode utilisée est celle des diagrammes en 
retour avec une anticathode de cobalt, une tension 
de 30 kV et un débit de 3 m A. 
mesure, 0,6 mm et la distance film-échantillon est 
de 55 mm. 


Le collimateur 


2. Résultats 
Observations micrographiques 


Aprés la traction sous différentes charges com- 
prises entre 1 et 4 kg/mm? l’examen de la surface 
indique qu’au-dessous de 2,5-2,9 kg/mm? les 
lignes de glissement sont limitées 4 quelques uns 
seulement des grains dans la partie utile de |’éprou- 
vette, et ces lignes sont d’autant moins fréquentes 
que la charge est plus faible. A partir de 3-3,5 
kg/mm? les glissements intéressent tous les grains 
et comportent en général deux, et méme trois, 
systémes d’orientation. En continuant 4 augmenter 
la charge le début de I|’allongement mesurable se 
situe autour de 3,6-3,8 kg/mm*. 

Dans l'étude de la microstructure on a choisi 
trois éprouvettes chargées respectivement 
1 kg/mm? (éprouvette N° 1)—3 kg/mm? (éprouvette 
N° 2) et 3,8 kg/mm? (éprouvette N° 3). Leurs 
états de déformation globale appréciés par la densité 


sous 


des lignes de glissement, étaient respectivement, 
pratiquement nul, net et assez considérable. I] est a 
remarquer que pour |’éprouvette N° 3, ot l’allonge- 
ment était a peine mesurable la surface polie est 
restée trés plane, sans le moindre indice de la 
‘‘peau de crapaud”’ qui se manifeste si aisément a 
l’essai de traction au dela de la limite d’élasticité. 

Nous décrirons d’abord les résultats relatifs a 
l’éprouvette N° 2 qui a donné lieu a |’étude la plus 
systématique. L’exploration de toute la partie 
utile, traction, 
anodique, et enfin aprés dissolution du film coloré, 


aprés la puis aprés l’attaque 


conduit aux observations suivantes: 
1°. La pellicule solide présente sur chaque grain 
c’est-a-dire que son 


une coloration spécifique, 


épaisseur dépend de l’orientation cristallographi- 


que, exactement comme dans les autres cas bien 


connus en métallographie (sulfure et oxyde sur le 
cuivre, oxyde sur |’aluminium, sur le fer et sur la 
solution solide nickel-chrome, etc.) 

D’une facon générale la couleur est trés uniforme 
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sur chaque grain, sauf quelques indices de varia- 
tions locales dont un exemple est visible, sous 
forme de domaines triangulaires plus contrastés, 
dans le grain 1 vers ses voisins 2 et 6 (figure 1). 
Nous verrons que ce phénoméne d’hétérogénéité 
de coloration prend une importance beaucoup 
plus grande dans les grains situés a |’intérieur de 
l’éprouvette. 

2°. Les lignes de glissement qui sont trés con- 
tinues a travers tous les grains se couvrent de 
trés petits points plus ou moins espacés, qui sont 
visibles 4 la fois par un effet de gravage, et par 
leur couleur généralement bleu foncé quelle que 
soit la teinte du grain correspondant. 

3°. Aprés élimination de la pellicule solide les 
points de dissolution sélective deviennent plus 
apparents (figures 3 et 4). 

4°. On note de 


des points d’attaque d’un grain a un autre et aussi 


notables variations de la densité 


a l’intérieur de chacun d’eux. Bien souvent, cette 
densité est maximum prés des frontiéres inter- 
granulaires. 

5°. Les alignements de points d’attaque existent 
parfois lA of n’apparaissent pas de lignes de glisse- 
ment. C’est le cas dans le grain 6 ot de tels aligne- 
ments se forment parallélement a la limite rectiligne 
de son voisin le grain 5, d’ailleurs en position de 
macle (cf. figures 1 et 3). 
6°. Les joints de grains et de macles sont aussi le 
d’une toujours trés continue et 


siége attaque 


relativement profonde (évaluée 4 200 A au moins 
Nomarski). 


L’examen au microscope électronique de |’em- 


par la méthode interférentielle de 
preinte prise sur la méme éprouvette aprés dis- 
l’état 


ot sont faites les micrographies ordinaires des 


solution du film coloré, c’est-a-dire dans 
figures 3 et 4, confirme la nature discontinue des 


microdomaines de dissolution sélective (figures 
5 4 8). On peut voir qu’il s’agit de microfigures de 
corrosion qui possédent bien, malgré leur forme 
plus ou moins irréguliére, la symétrie du cube. 
D’autre part la matrice présente une sous-structure 
spécifique du grain considérée, et consistant soit 
de fibres paralléles trés serrées, soit d’une sorte de 
réseau cellulaire, d’ailleurs moins apparent. Ces 
deux aspects traduisent trés vraisemblablement 
l’attaque générale de la solution solide donnant 
naissance a la mince pellicule de composés sulfurés. 
Il est 


structure soit, comme les microfigures de corrosion, 


normal, par conséquent que cette sous- 


en relation avec l’orientation cristallographique. 
Par d’attaque 


profonde se 


exemple lorsque les domaines 


présentent en carrés assez bien 
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formés, deux arrétes opposées sont paralléles a la 
direction générale des fibres, tandis que la diagonale 
correspond a la ligne de glissement, c’est-a-dire 
que la surface coupe le grain en question suivant 
un plan voisin de (100). 

Le fait que l’on n’observe pas sur les micro- 
graphies électroniques les traces des lignes de 
glissement comprises entre les microfigures de 
corrosion peut étre dfi a cette attaque générale 
réguliére de la matrice. Cependant, de telles 
traces se distinguent sur les micrographies ordi- 
naires, de sorte la véritable explication serait 
plut6t que les variations de microprofil produites 
sur la surface par les glissements sont trop faibles 
pour pouvoir étre décelées avec la méthode d’em- 
preinte utilisée.* 

D’ailleurs, contrairement a ce qu’on pourrait 
penser la visibilité des lignes de glissement sous le 
microscope optique n’implique pas qu’elles s’ac- 
compagnent de dénivellations On 
sait, par exemple, que les spirales de croissance sur 
les faces des cristaux sont faciles 4 observer, méme 


considérables. 


a des grossissements peu élevés, alors que les 
mesures indiquent des niveaux distants de moins 
de 50 A [12]. 

Les expériences qui viennent d’étre décrites 
prouvent que les stries produites par l’attaque 
anodique bien a la 
préférentielle de certains domaines trés petits et 
trés localisés sur les lignes de glissement. Indépen- 
damment de son intérét propre qui sera discuté 
plus loin, ce résultat nous met en 
d’un moyen trés sfir pour trancher, au moins dans 
le cas particulier de l’alliage examiné, la question 
de la propagation en profondeur des glissements, 
ou plutét des perturbations cristallographiques 
qui y sont liées. Pour cela il suffira de retirer par 
polissage électrolytique des épaisseurs croissantes 
a partir de |’état brut de traction, et de soumettre 
chaque fois la nouvelle surface 4 une attaque 


correspondent dissolution 


possession 


anodique. 

Les aspects ainsi obtenus sont tout a fait com- 
parables 4 ceux qui ont été trouvés sur la surface 
initiale. L’exploration en profondeur a été pousée 
jusqu’a 0,30 mm seulement, car au dela |’éprou- 
vette devient trop mince, l’effet de dissolution 
s’exercant aussi sur l’autre face, pour pouvoir étre 
manipulée sans risquer de nouvelles déformations. 

La figure 9 a montré qu’aprés dissolution de 


*Dans cette méthode l’épaisseur de la couche d’alumine 
est constante et les contrastes sur la photographie corres- 
pondent a des inclinaisons variables par rapport au faisceau 
d’électrons, et non pas a des différences d’épaisseur comme 
c'est le cas avec les empreintes plastiques. 
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0,15 mm les différences entre les caractéristiques 
d’attaque sur la téte non déformée et sur la partie 
utile de l’éprouvette sont encore suffisament nettes 
étre l’échelle macrographique. 


pour visibles a 


FiGuRE 9. Macrographies en éclairage oblique aprés 
attaque anodique et dissolution du film coloré. (a2) Eprouvette 
No 2 (traction sous 3 kg/mm?)—Dissolution de 0,15 mm 
avant l’attaque (X4,5). (6) Eprouvette Ne 3 (traction sous 
3,8 kg/mm?)—Dissolution de 0,23 mm avant l’attaque 
(X4,5). 


Les figures 10 4 13 correspondent aux quatre types 
de microstructure que l’on peut reconnaitre avant 
l’enlévement du film coloré. Sur la téte (région 1 
de la figure 9a), od Il’alliage est resté a l'état 
recristallisé initial, les joints sont seuls attaqués, 
chaque grain présentant une coloration spécifique 
parfaitement uniforme (figure 10). Sur toute la 
longueur de la partie utile, a partir d’une petite 
distance du congé, l’abondance des systémes de 
stries traduit l’importance de la déformation 
plastique; tous les grains présentent sensiblement 
la méme coloration bleue avec des renforcements 
d’intensité dessinent 
(figure 11). En se rapprochant du congé les stries 
deviennent de moins en moins nombreuses, les 


qui des bandes orientées 


grains tendent a se différencier par la couleur du 
film mais les teintes sont trés hétérogénes car les 
bandes transgranulaires sont encore bien marquées 
(figures 12 et 13). 

Aprés dissolution de la pellicule solide l'explora- 
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PLANCHE III. Microstructure des différentes régions repérées sur la macrographie. Figur 
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tion sous les forts grossissements montre que la 
région intermédiaire comprise entre celles ot les 
déformations sont respectivement nulles et nettes, 
contiennent quelques grains avec des points 
d’attaque formant des segments de stries plus ou 
moins localisées prés des frontiéres (figure 14). 
Dés que I’on atteint sur la méme surface les zones 
de déformation appréciable, on observe, entre les 
alignements de micro-figures de corrosion, une 
attaque homogéne un peu plus forte de la matrice 
sur les domaines ow se trouvaient les bandes de 
colorations différentielles (figures 15). 

La caractéristique la plus évidente de la micro- 
structure observée a tous les niveaux sous la sur- 
face est l’extréme hétérogénéité de la répartition 
des microfigures de corrosion. Leur densité 
minimum est presque toujours localisée au centre 
des grains et leur densité maximum vers la péri- 
phérie. Ainsi sur le grain de la figure 16 les stries 
d’attaque sont abondantes et orientées selon trois 
systémes, prés du joint inférieur; elles sont moins 
nombreuses et orientées dans une seule direction 
prés du joint supérieur; elles sont trés rares dans 
la région intermédiaire. Les localisations d’attaque 
sont également visibles sur la figure 17 od I’on 
remarque en particulier vers la gauche les deux 
stries paralléles a et 6, qui traversent plusieurs 
macles en conservant leur écartement. On note 
aussi d’autres particularités fréquentes, tels que 
des ‘‘cross-slip’’, et des alignements prolongeant 
des décrochements le long des frontiéres de macles 
(indiqués en d et ¢ sur la figure 17). 

L’éprouvette N° 3 chargée sous 3,8 kg/mm? 
jusqu’au début de I’allongement mesurable donne 
lieu aux mémes observations et montre encore en 
particulier l’extréme hétérogénéité de la déforma- 
tion plastique matérialisée par les stries. Dans 
l'ensemble, ces stries sont plus nombreuses et plus 
continues et on voit apparaitre ici une attaque 
générale de la matrice plus intense dans un domaine 
de 2 A 5 microns autour de beaucoup des joints de 
grains (figure 18 que l’on comparera 4a la figure 16). 
Ces particularités traduisent la plus grande 
intensité de la déformation plastique par rapport a 
l’éprouvette chargée sous 3 kg/mm’, la différence 
étant assez considérable pour étre visible sur une 
macrographie (figure 9). 

Considérons maintenant l’éprouvette N° 1 soum- 
ise a la traction sous la charge de 1 kg/mm’. 
Les lignes de glissements, trés difficiles a détecter si 
on n’utilise pas le contraste de phase interférentiel 
de Nomarski, n’existent que dans un trés petit 
nombre de grains répartis en trois ou quatre 
régions prés des bords de la partie utile. Chacune 
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de ces lignes donne lieu 4 une attaque ponctuelle 
trés discontinue. La figure 19 montre une succession 
de microfigures de corrosion (un peu plus volumi- 
neuses ici parce que |’échantillon brut de traction 
a subi deux électrolyses dans le réactif) de plus en 
plus écartées 4 mesure qu’elles s’éloignent du joint 
de grains. Un autre aspect également trés fréquent, 
assimilable au ‘‘cross slip,’’ est visible sur la 
figure 21. 

Cette éprouvette a été utilisée pour examiner 
comment s’effectue une deuxiéme déformation 
sous une charge un peu plus élevée de 2,5 kg/mm? 
encore inférieure 4 celle correspondant au début 
d’allongement mesurable. Ainsi qu’on pouvait s’y 
attendre les nouvelles lignes de glissement se 
forment en dehors des précédentes matérialisées 
par les points d’attaque. Dans le grain de la figure 
21 les premiéres n’intéressaient qu’un seul systéme 
et les secondes apparaissent simultanément selon 
ce systéme et dans deux autres directions. Une 
série d’expériences de ce genre serait utile pour 
suivre d’une facon systématique Il’influence de 
divers facteurs, par exemple |’orientation cristallo- 
graphique, la direction et la valeur de |’effort sur 
les proportions et localisations relatives des 
lignes de glissements aux divers stades de la 


déformation. 


Observations aux rayons X 


Les diagrammes de rayons X en retour pris au 
centre de la partie utile de l’éprouvette N° 2, a 
l'état recuit initial, puis aprés deux tractions sous 
1,5 et 3 kg/mm? sont donnés figure 22. La com- 


paraison des trois clichés montre une différence 


nette seulement dans le cas de la deuxiéme trac- 
tion; les taches sont un peu plus nombreuses et 
Toutefois, en 
initial 


étalement. 
l'absence du diagramme l'état 
déformé il serait difficile de tirer une conclusion 


présentent un léger 


de non 


définitive. 

Lorsque les lignes de glissement sont peu nom- 
breuses et limitées seulement a quelques uns des 
grains il est impossible de déceler aux rayons X 
ces traces de déformation. 

Ceci permet de conclure que la _ technique 
d’attaque micrographique est beaucoup plus sen- 
sible que les rayons X puisqu’elle peut montrer 
la présence de glissements dans un grain isolé au 


milieu d’un grand nombre d’autres non déformés. 


3. Discussion des résultats 


Le phénoméne classique d’apparition des lignes 
de glissement sur la surface polie du métal était 
considéré jusqu’a présent comme la seule manifes- 
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tation visible d’une faible déformation. Or en 


étudiant la dissolution préférentielle qui ne se 
produit qu’avec les éprouvettes ayant subi une 


déformation plastique—aussi minime soit-elle—nous 
avons pu révéler des perturbations de la micro- 
structure non seulement sur la surface, mais dans 
les régions sous-jacentes. Ces perturbations cor- 


FIGURE 22. Diagrammes en retour pris au méme endroit 
(milieu de la partie utile) de l’éprouvette N° 2. Radiation du 
cobalt, collimateur de 0,6 mm. 1, Avant la traction. 2, Aprés 
traction sous 1,5 kg/mm. 3, Aprés traction sous 3 kg/mm?. 


respondent a un accroissement de _ réactivité 
chimique de trés petits domaines plus ou moins 
espacés le long des glissements. 

Avant de poursuivre la discussion il est néces- 
saire de rappeler les faits expérimentaux suivants: 

1°. La durée de l’attaque anodique n’a aucune 
influence sur le nombre et la position des points de 
dissolution sélective. Ainsi, une deuxiéme électro- 
lyse a seulement pour effet d’augmenter trés 
légérement leur taille sans en faire apparaitre de 
nouveaux. 

2°. Les points de dissolution 
figures de corrosion de symétrie cubique mesurant 
0,07 a 0,5 micron, séparées par des distances trés 
alignements com- 


sélective sont des 


variables qui dans le cas des 
pacts sont de l’ordre de grandeur de leur di- 
mension propre et peuvent descendre 4 moins de 
0,1 micron. I] existe d’ailleurs une certaine périodi- 
cité dans la distribution de ces microdomaines le 
long d’un glissement ainsi qu’on le voit sur les 
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figures 16, 19 et 21: trés rapprochés prés des joints 
intergranulaires ils s’écartent* progressivement en 
s’en éloignant. 

Dans l'état actuel 
mécanisme de la déformation des cristaux métal- 
liques nos résultats ne paraissent pouvoir s’inter- 
préter qu’en admettant une relation entre les micro- 
domaines d’attaque sélective et certaines disloca- 
tions du réseau accumulées sur les glissements. 

Plusieurs auteurs ont montré que sur les faces 
des cristaux de carbure de silicium les points 
d’émergence des dislocations en hélice constituent 


des connaissances sur le 


des points d’attaque privilégiée vis a vis des réactifs 
chimiques [15]. 

Dans un remarquable travail Vogel et ses 
collaborateurs [16] ont réussi a4 observer sous le 
microscope optique les dislocations en aréte 
individuelles alignées sur la limite séparant deux 
domaines trés faiblement désorientés dans des 
spécimens de germanium. Avec une attaque acide 
spéciale chaque dislocation est matérialisée par 
une micropiqfre conique distante de sa voisine 
d'une longueur égale a celle calculée 4 partir de la 
désorientation. 

Plus récemment des figures d’attaque distantes 
de quelques microns ont été produites suivant 
une technique non précisée, sur les faces (111) de 
cristaux de germanium déformés plastiquement 
[17]. Elles sont alignées sur les lignes de glissement, 
et l’auteur rapproche ce résultat de celui du travail 
mentionné ci-dessus. 

D’autre part, les expériences de Castaing et 
Guinier [17] apporteraient une preuve indirecte 
de la présence des dislocations dans le réseau 
déformé de la solution solide aluminium-cuivre, 
en montrant qu’au cours de la décomposition 
thermique a basse température les plaquettes de 
la phase @’ se localisent de préférence sur les lignes 
de glissement. 

De son cété Amelinckx [19] a examiné la réparti- 
tion des figures de corrosion sur la surface d’une 
éprouvette d’aluminium constituée de gros cristaux, 
faiblement déformée de fagon a faire apparaitre 
quelques lignes de glissement. I] constate qu’aprés 
l’attaque acide certaines figures de corrosion se 
localisent sur ces lignes, tandis que d’autres sont 
placées d’une facgon quelconque dans les cristaux 
et aussi sur leurs frontiéres. Cette expérience est 
critiquable, car dans les conditions de polissage 
électrolytique utilisé avant la déformation (bain 
acide perchlorique-alcool, forte densité de courant) 
il doit se former une pellicule d’alumine relative- 


\ 
‘ 
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ment épaisse (20) susceptible de se rompre ensuite, 
en particulier le long des lignes de glissement, ce 
qui favorise bien entendu une dissolution préféren- 
tielle du métal. En outre l’auteur ne dit pas si le 
méme effet est observé dans les couches sous- 
jacentes a la surface. 

Notre technique expérimentale est a |’abr®d’une 
telle critique et les raisons qui nous font estimer 
qu'elle apporte une la 
présence des dislocations, et a la plus grande 
réactivité chimique du réseau 1a ov elles sont 
localisées,* reposent sur les caractéristiques suivan- 


preuve plus directe a 


tes des microfigures de corrosion: 

1°. Elles possédent une taille extrémement faible, 
comprise entre 0,07 et 0,5 micron. Or, d’aprés la 
micrographie publiée par Vogel et ses collabora- 
teurs, chaque microfigure matérialisant une disloca- 
tion a un diamétre évalué a 0,2—0,5 micron. 

2°. Elles sont strictement réparties sur les lignes 
de glissement a la surface et sur des stries qui 
correspondent a ces mémes glissements a |’intérieur 
de l’éprouvette. 

3°. Elles sont plus abondantes dans les régions 
voisines des joints de grains, alors qu’on ne peut 
faire aucune distinction entre l’aspect des différen- 
tes portions d’une méme ligne de glissement qui 
traverse un grain. 

4°. Lorsqu’elles sont rassemblées elles dessinent 
des aspects typiques, tels qu’on peut en attendre 
d’aprés des considérations théoriques développées 
sur les dislocations. Par exemple l’alignement des 
points d’attaque sur la figure 19, et ceux indiqués 
par les fléches sur la figure 21, présentent une 
remarquable analogie avec le schéma d’une sé- 
quence de dislocations venant buter contre un 
obstacle dans une ligne de glissement (21). 

La preuve la plus formelle que des dislocations 
sont bien responsables des effets observés est 
apportée par l’étude de |’évolution de la micro- 
structure lorsque les éprouvettes trés ‘faiblement 
déformées sont traitées entre 200 et 600°C. Ainsi 
que nous le montrerons dans la seconde partie les 
microdomaines d’attaque sélective abandonnent 
stries 


sur les 


contours 


leurs positions 


progressivement 
discontinues pour 


sous-structure de type cellulaire de plus en plus 


former les d’une 


grossiére jusqu’a l’aspect typique de la polygonisa- 
L’évolution paralléle des diagrammes de 


tion. 


*Si une éprouvette polie, puis soumise a la traction, est 
abandonnée A l'air sec il apparait parfois, outre un film 
d’oxyde mince, des micropiqfires de taille encore inférieure 
aux points d’attaque anodique, et alignées, comme ceux-ci 
sur des lignes de glissement. 


assiste bien aux 


4 


transformations prévues par la théorie des disloca- 


rayons confirme que l’on 
tions pour expliquer la genése de l'état dit poly- 
gonisé a partir de l'état déformé. 

Examinons maintenant les renseignements qui 
peuvent étre tirés des effets relatifs a la pellicule 
solide colorée. Nous avons vu qu’aprés dissolution 
des couches superficielles de l’éprouvette, seuls les 
grains libres de toute trace de déformation pren- 
nent a l’attaque anodique une couleur trés homo- 
géne spécifique de leur orientation. En admettant 
que la coloration du film soit seulement fonction 
de son épaisseur la couleur traduit le degré de 
réactivité du plan cristallographique paralléle a la 
surface. Cet effet spécifique de l’orientation tend a 
s’effacer pour les grains ne contenant qu’un petit 
nombre de glissements et alors apparait le curieux 
phénoméne des domaines de coloration différen- 
tielle; leur disposition géométrique est en relation 
avec les divers systémes de stries, ce que nous 
discuterons plus loin. Lorsqu’on atteint les régions 
de forte déformation, c’est-a-dire sur la partie utile 
au déla des congés, tous les grains sont uniformé- 
ment recouverts d’un film bleu avec des renforce- 
ments d’intensité qui dessinent des bandes paral- 
léles A certaines stries. 

Etant donné que dans la succession des teintes 
d’interférence de ler et de 2éme ordre des films 
minces d’oxydes ou de sulfures, le bleu vient aprés 
les autres couleurs, c’est-a-dire correspond ici a 
tout 
réseau, 


un maximum de réactivité du support, se 


passe comme si les perturbations du 


révélées par les microfigures de corrosion, s’accom- 
pagnaient la 
entiére de la matrice plus réactive, au point de 


d’un phénoméne_ rendant masse 


masquer l’effet propre de l’orientation. D’autre part, 
la présence des bandes d’un bleu plus foncé prouve 
que cet accroissement de réactivité est maximum sur 
certaines régions cristallographiquement définies. 

différences de réactivité 


Pour les 


correspondant a l’effet dit des bandes de coloration 


expliquer 


différentielle on pourrait penser a des désorienta- 
tions locales suivant un processus assimilable au 
‘“‘Kinking’’ mais cette hypothése ne parait pas 
compatible avec un certain nombre de particulari- 
tés observées. Tout d’abord la plupart des bandes 
sont elles-mémes morcelées en domaines de 
teintes légérement différentes qui peuvent prendre 
la forme triangulaire (figure 23). D’autre part, les 
c’est-a- 
dire les régions de réactivité maximum, se local- 


renforcements d’intensité de coloration, 


isent prés des joints de grains (figure 15). Enfin, 
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ces bandes sont le plus facilement observées 


lorsque la déformation n’est ni trop faible, ni trop 
forte, et nous avons vu qu’elles n’apparaissent pour 
ainsi dire pas sur la surface brute de traction, 


mais seulement dans les régions sous-jacentes. 

Il est intéressant de mentionner que les bandes 
transgranulaires ont été trouvées dans le laiton a 
déformé par abrasion [10] (figure 24) et nous les 
avions alors attribuées 4 un phénoméne en relation 
avec les tensions internes créées par |’hétérogénéité 
de la déformation plastique. A l’époque, le seul 
argument présenté était une remarquable analogie 
entre les aspects micrographiques et ceux observés 
par Nye [22] en examinant par la méthode photo- 
élastique des feuilles transparentes de chlorure 
d’argent polycristallines soumises a la traction. 

Dans un récent travail relatif a la croissance des 
films de sulfures sur divers métaux Hoar et Tucker 
[23] observent qu’aprés une légére déformation 
polie 

au contact 


par flexion d'une éprouvette de 
électrolytiquement, le film 
d’une solution de poly-sulfures alcalins présente 
en certaines régions (au voisinage des joints de 
grains et sur des lignes de glissement) une forte 
biréfringence sous |’éclairage en lumiére polarisée. 
Les auteurs se référant également aux résultats 
de Nye estiment que ce phénoméne indique la 
présence de contraintes dans le film aux endroits 
distortions, du 


produit 


ou existent des tensions, ou 
réseau métallique sous-jacent. Cette explication 
rejoint la nétre, avec la seule particularité que la 
sensibilité de l’attaque anodique est telle que 
l’effet des contraintes se traduit par un accroisse- 
ment de la vitesse de sulfuration, d’ol des différen- 
ces de couleur directement observables. Cependant, 
si le film anodique est trop épais le grain apparait 
uniformément coloré, mais les domaines redevien- 
nent visibles sous la lumiére polarisée. On peut 
d’ailleurs parfois les distinguer encore aprés 
dissolution du film grace au gravage un peu plus 
intense de la matrice (figure 15). 

Une autre preuve que les tensions internes sont 
la cause probable des variations de coloration a 
l'intérieur des grains est donnée par l'étude des 
effets du recuit. Nous verrons dans la deuxiéme 
partie que les bandes s’estompent progressivement 
et finissent par disparaitre au moment ov la 
microstructure révélée par les points d’attaque 
est nettement modifiée. Or Nye constate que le 
recuit ne change pas la répartition des contraintes 
dans les cristaux de chlorure d’argent déformés, 
mais réduit leur intensité puis les élimine si la 
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température est suffisament élevée, sans provoquer 
d’ailleurs la recristallisation. 


Conclusions 


1°. La méthode d’attaque anodique dans la 
solution d’hyposulfite de sodium dilué s'est 
révél@ étre d’une extréme sensibilité pour la mise 
en évidence des trés faibles déformations par 
traction de la solution solide polycristalline cuivre- 
zinc a 35% de zinc. 

2°. Cette méthode fait apparaitre sur les lignes 
de glissement des microfigures de corrosion de 
taille comprise entre 0,07 et 0,5 micron, et séparées 
les unes des autres par des distances trés variables 
pouvant devenir du méme ordre de grandeur que 
leur dimension propre. 

3°. Les mémes microdomaines d’attaque sélective 
se produisent encore aprés dissolution par polissage 
électrolytique d’épaisseurs notables de matiére. 
Ils forment alors des systémes de stries plus ou 
moins discontinues, ce qui prouve que l’apparition 
des lignes de glissement sur la surface, seul signe 
extérieur visible de la déformation, est accompagnée 
de perturbations de réseau qui intéressent les 
régions profondes de |’éprouvette. 

4°. La densité des stries et le nombre de points 
d'attaque qu’elles comportent sont trés variables 
d’un grain a un autre et a |’intérieur d’'un méme 
grain, traduisant ainsi l’extréme hétérogénéité 
de la déformation plastique d’un agrégat polycris- 
tallin a la traction sans allongement 
appréciable. D’une facgon générale les portions 
centrales des grains sont les plus pauvres en micro- 
domaines d’attaque priviligiée. 

5°. Conformément a des faits expérimentaux 
déja connus nous admettons que les microdo- 
maines de dissolution préférentielle sont en rela- 
tion avec la présence des dislocations dans le 
réseau. La deuxiéme partie de notre étude montrera 
que cette interprétation est entiérement confirmée 
par les nouveaux aspects micrographiques observés 
au cours du recuit de ces éprouvettes entre 200 et 
600°. 


soumis 


Outre les attaques localisées la méthode 
anodique produit un film trés mince de composés 
sulfurés de composition exacte encore inconnue. 
En l’absence de toute trace de déformation plas- 
tique la couleur, donc l’épaisseur, du film ne 
dépend que de I’orientation du grain (phénoméne 
d’épitaxie). Ce facteur d’orientation diminue d’im- 
portance avec le degré de déformation, et il ne se 
manifeste plus lorsque le réseau est suffisament 
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perturbé. On montre que ceci est dfi a un accroisse- 
ment de la réactivité globale de la solution solide, 
mais les variations locales d’intensité des colora- 
tions observées sur la superficie de chaque grain 
considéré, prouvent l’existence de degrés de 
réactivité. Ce phénoméne proviendrait d’une hété- 
rogénéité de la répartition des tensions internes 
induites par la déformation plastique, elle méme 
trés hétérogéne. 
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RECHERCHES EXPERIMENTALES SUR LA MICROSTRUCTURE DE LA 
SOLUTION SOLIDE CUIVRE-ZINC 65/35 POLYCRYSTALLINE TRES 
FAIBLEMENT DEFORMEE PAR TRACTION ET SUR SON 
EVOLUTION AU RECUIT ENTRE 200 ET 600°C 
II. ETUDE DE LA MICROSTRUCTURE DE RECUIT* 


P. A. JACQUET Tt 


L’étude de l’évolution au cours de recuits étagés de la microstructure de déformation décrite dans 
la premiére partie, a mis en évidence deux faits importants : la polygonisation des grains, stade 
ultime du traitement, et l’existence d’étapes intermédiaires permettant d’envisager le processus 
de la polygonisation. 

L’observation des mémes endroits en cours d’évolution montre l’influence e prépondérante de 
Vhétérogénéité et de l’intensité de la déformation plas stiqie par traction. On est conduit a admettre 
que les rassemblements de dislocations formant les sous-joints présentent des différences de stabilité 
thermique. Jusqu’a l’apparition de la polygonisation typique la croissance des domaines et leur 
degré de perfection sont étroitement associés. 

Outre les dissolutions sélectives permettant de définir la sous-structure, la méthode d’attaque 
utilisée produit sur la surface une mince pellicule solide dont les caractéristiques de coloration se 
sont révélées d'une trés grande sensibilité a l’évolution thermique de la solution solide déformée. 


EXPERIMENTAL RESEARCH ON THE MICROSTRUCTURE OF THE POLYCRYSTAL- 
LINE SOLID SOLUTION COPPER-ZINC 65/35 VERY SLIGHTLY DEFORMED IN 
PENSION, AND ITS EVOLUTION DURING ANNEALING BETWEEN 200° AND 600°C. 
II. A STUDY OF THE ANNEALING MICROSTRUCTURE 


The study of the evolution of the deformation microstructure during annealing in steps, described 
in the first part, has revealed two important facts: the polygonization of the grains, a Be is the 
ultimate stage of the treatment, and the existence of intermediate stages, which enable one to con- 
sider the process of polygonization. The observation of the same areas during the evolution shows the 
preponderant influence of heterogeneity and of the amount of plastic deformation in tension. One 
is led toadmit that the arrays of dislocations forming the sub-boundaries exhibit differences in thermal 
stability. Up to the appearance of the typical polygonization, the growth of domains and their 
perfection are closely associated. Beside the selective dissolution, which enables one to define the 
structure, the etching method used in the present work produces on the surface a thin, solid film, 
having colouring features which are very sensitive to the thermal evolution of the deformed solid 
solution. 


EXPERIMENTELLE UNTERSUCHUNGEN ZUR FEINSTRUKTUR EINER POLYKRI- 
ree 2a FESTEN KUPFER-ZINK LOSUNG (65/35), DIE EINER SEHR GERINGEN 
UGVERFORMUNG UNTERWORFEN WAR, UND ZUR AUSBILDUNG DIESER STRUK- 
nM TR BEIM GLUHEN ZWISCHEN 200 UND 600°C. II. UNTERSUCHUNG 
DER FEINSTRUKTUR NACH DER WARMEBEHANDLUNG 

Die Untersuchung der Ausbildung der Deformationsfeinstruktur wahrend schrittweiser Gliihungen 
wurde in Teil I beschrieben. Diese Untersuchung hat zwei wichtige Tatsachen gezeigt: Die Poly- 
gonisation der Kristallite, die das Endstadium der Behandlung darstellt, und das Vorhandensein 
von Zwischenstadien, die eine Diskussion des Polygonisationsprozesses méglich machen. 

Beobachtungen an ein und derselben Stelle der Probe wahrend der Ausbildung der Feinstruktur 
zeigen den dominierenden Einfluss der Heterogenitat und des Ausmasses der plastischen Zugver- 
formung. Es scheint, als hatten die Versetzungsreihen, die die Subgrenzen bilden, unterschiedliche 
thermische Stabilitaten. Bis zum Auftreten der typischen Polygonisation ist das Wachstum der 
Bereiche und ihre Fehlerfreiheit eng miteinander verkniipft. 

Wegen der selektiven Auflésung, die eine Beschreibung der Struktur gestattet, zeigt das in der 
vorliegenden Arbeit verwandte menvartaens *n einen feinen festen Film auf der Metalloberflache. 
Dieser Film zeigt charakteristische Verfarbungen, die der thermischen Strukturveranderung der 
verformten festen Lésung sehr empfindlich folgen. 


P iia subi une traction sous 3,8 kg/mm? jusqu’au début 
I. Methodes experimentales de l’allongement mesurable. 

Les essais préliminaires ont porté sur une éprou- La technique expérimentale employée consiste 
vette qui avait subi une légére déformation dans_ en une suite de traitements de durée variable aux 
des conditions assez mal définies de traction et de températures de 200, 400, 500 et 600° (+5°). 
flexion (éprouvette N° 4). L’éprouvette N° 3, Aprés chaque recuit la surface est repolie électro- 
déja décrite dans la premié¢re partie, nous a servi lytiquement, puis attaquée en anode dans la 
pour |’étude shanianonaie Rappelons qu’elle avait solution d’hyposulfite de sodium. Les conditions 
-— _ de cette attaque sont exactement les mémes que 
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tion a 0,2% dans l'eau distillée, température 20°, 
courant de 55 mA, durée Imn. 

Le refroidissement aprés traitement a lieu dans 
le four, et on prend toujours les plus grandes 
précautions pour éviter les déformations acciden- 
telles. Bien que le chauffage s’effectue a lair, 
l’éprouvette étant placée entre deux plaques du 
méme alliage, l’oxydation est faible jusqu’a 500°. 
Elle devient plus notable 4 600°, mais reste néan- 
moins assez superficielle si la durée du séjour ne 
dépasse pas 1 heure. 

La crofite d’oxyde doit é¢tre éliminée avant le 
polissage, ce qui est facilement obtenu en laissant 
séjourner l’éprouvette dans l’acide orthophos- 
phorique 4 10% pendant une quinzaine de minutes. 
Aprés ce nettoyage il ne subsiste que la couche 
d’oxydation interne, extrémement mince jusuq’a 
500°, et qui est dissoute au cours du polissage 
électrolytique. Toutefois, dans les expériences ot 
l’on examine l’évolution de la structure a des 
endroits repérés sur la surface, la durée du polissage 
la dissolution reste 
Dans 


conditions, pour les températures de 500 et 600° 


doit étre limitée, afin que 


inférieure & une dizaine de microns. ces 
il subsiste encore des traces d’oxydation, visibles 
sous forme de points de corrosion de taille notable, 
d’ailleurs impossibles 4 confondre avec les micro- 
domaines de dissolution sélective définissant la 
microstructure. 

Les observations micrographiques ont été limi- 
tées ici au microscope optique sous le grossissement 
maximum de 2000 diamétres (objectif 4 immersion 
1,30). Elles sont 


complétées par la prise de diagrammes de rayons 


d’huile d’ouverture numérique = 


X dont les conditions et les résultats seront donnés 
dans un appendice rédigé par Madame A. R. 


Weill. 


II. Resultats 
Eprouvette N° 4 
Cette éprouvette, qui avait 
traction flexion, 
microstructure striée typique d’une déformation 


subi une légére 


accompagnés de présentait la 


globale relativement minime, et d’ailleurs absente 


dans certains grains. Aprés un recuit de 2 heures a 
690 + 5° suivi d’un polissage électrolytique pour 
retirer environ 40 microns, l’attaque ne révéle 
plus les stries, ni les bandes de colorations diffé- 
rentielles de l'état déformé, mais une sorte de 
réseau cellulaire constitué de lignes trés fines 
uniformément colorées en bleu, quelle que soit la 
teinte du film sur les grains correspondants. Ce 
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réseau se détache particuliérement bien a l’observa- 
tion en lumiére polarisée (figure 1). 

Lorsque le film solide est éliminé dans l’acide 
chlorhydrique, la sous-structure apparait avec une 
grande netteté (figure 2), ce qui indique un effet 
de dissolution sélective exactement comme dans le 
cas de la microstructure de déformation. Cepen- 
dant, alors que les stries étaient, en général, des 
alignements de points plus ou moins espacés, les 


lignes du réseau sont davantage continues, bien que 


’ 


des pone tuations existent encore (par exemple, C 
droite sur la figure 2). 

L’exploration de toute la superficie de |'éprou- 
vette montre que sur la partie utile certains grains 
ne possédent aucune sous-structure, et il en est 
ainsi évidemment pour tous les grains prés des 
tétes ol n’existait aucune trace de déformation. 
D’autre 


n’ont pas une taille homogéne, 


part, les cellules de cette sous-structure 
par exemple elles 
sont trés petites en face de la macle a la partie 
supérieure du grain figure 2. 

La figure 1 montre le cas, d’ailleurs unique, d’un 
trés petit grain qui s’est formé en face d’une macle 
(a gauche) dans une région ow la sous-structure 
est particuliérement fine. 

La microstructure interne des grains ainsi mise 
en évidence présente une ressemblance trés étroite 
avec celle qui correspond a l'état dit polygonisé 
du métal. Les diagrammes de rayons X pris sur 
cet échantillon (voir Appendice) comportent le 
morcellement des taches caractéristiques de la 
polygonisation, c’est-a-dire que les cellules obser- 
vées au microscope sont bien les domaines, ou 
sous-grains, plus ou moins désorientés les uns par 
rapport aux autres. 

Si l’éprouvette est alors soumise a une nouvelle 
traction de 3,5 kg/mm? jusqu’a apparition des 
lignes de glissement sur la surface, puis repolie et 
fait 
sous-joints et les stries de déformation (figure 3). 


attaquée, on apparaitre simultanément les 
Aprés dissolution du film coloré les forts grossisse- 
ments montrent que les discontinuités d’attaque 
des glissements sont souvent en relation avec la 
sous-structure et que, d’autre part, les sous-joints 
peuvent étre soit des lignes continues, soit des 
alignements de points; ces divers aspects sont 
montrés sur la figure 4 of l’on voit également que 
les sous-grains, nettement marqués par leurs 
contours, peuvent étre divisés eux-mémes en do- 
maines plus petits, beaucoup moins bien définis. 
Le fait que les glissements ne présentent que 
trés exceptionnellement un changement de direc- 


tion appréciable en traversant les frontiéres des 
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TABLEAU I 


SUITE DES TRAITEMENTS SUR L’EPROUVETTE No 3 


Epaisseur (en microns) 


Expérience 
no Traitement de l’éprouvette 


Traction sous 3, 8 kg/mm? 

Comme 1 + 1 h.a 200° 

Comme 2 + 13 h.a 200° 
Comme 


Comme 4 + 3 h. a 400° 


Whe 


+ 1 h.a 500° 
+ 2 h.a 500° 
+ 45 mn. a 600° 


Comme 
Comme 


3 
4 
Comme 5 


Comme 


retirée aprés le 


traitement Figures correspondantes 


6 (et 9 b de la 1 ére partie) 


8 
| 9, 10 
5a, 11, 12, 16, 17 
| 5b, 13, 19, 20, 23, 26 
18, 21, 22, 24 


15, 25, 27, 28 


sous-grains prouve le trés faible degré de dés- 


orientation des domaines de polygonisation. 


2. Eprouvette N° 3 

Le tableau I donne les conditions des traitements 
successifs subis par l’éprouvette a partir de |’état 
recristallisé normal, et l’épaisseur enlevée électro- 
lytiquement avant l’attaque. 

On voit que, dans les expériences 7, 8 et 9 la 
quantité de matiére enlevée au polissage est trés 
faible, d’ot la possibilité de suivre |’évolution de la 


structure sur les mémes endroits repérés. II est 
regrettable que ce mode opératoire n’ait pas été 
utilisé dés le début, c’est-a-dire pour les premiers 
stades du recuit qui sont précisément les plus 
intéressants. Cette lacune devra sans aucun doute 
étre comblée dans un travail ultérieur, plus systé- 
matique, avec l’aide du microscope électronique. 

Avant de décrire dans le détail les aspects 
observés aprés chaque traitement, nous remar- 
querons que |’évolution est déja décelable a l’échelle 
macroscopique. Les nombreuses stries d’attaque 
sur les grains déformés (figure 6) se traduisent sous 
l’éclairage oblique par un fort contraste par rapport 
aux tétes bien polies (figure 95 de la Premiére 
Partie). Ce contraste n’évolue pas aprés le recuit de 
14 heures 4 200°, mais il diminue notablement a 
la suite du traitement supplémentaire de 3 heures a 
400° (figure 5a) pour devenir a peine perceptible 
aprés le troisiéme recuit de 1 heure a 500° (figure 
5b). D’ot l’on conclue que les caractéristiques de 
l’attaque se modifient au cours du recuit a partir 
d’une température suffisante, dans le sens d’une 
restriction des microdomaines de dissolution pré- 
férentielle. 

Recuit ad 200°. Aprés 14 heures 4 200° les bandes de 
colorations différentielles sont au moins aussi mar- 
quées qu’a l'état brut de déformation (figure 7). 
Aprés enlévement du film on voit que la dissolution 
sélective perd son caractére trés ponctué et tend a 
envahir des domaines initialement non réactifs, 
microstructure confuse visible sur la 


d’ou la 


figure 8. 

Recuit a 400°. Un traitement de 1 heure a 400° 
n’entraine pas de modifications appréciables; au 
bout de 3 heures a la méme température, |’évolu- 
tion est trés nette. D’une facon générale les bandes 
colorées s’estompent et leurs limites deviennent 
trés floues (figures 9 et 10). Les attaques sélectives 
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se présentent sous trois aspects bien distincts 


dont les proportions respectives varient non 
seulement d’un grain 4 un autre, mais dans les 
différentes régions d’un méme grain. La figure 11 
en donne un exemple typique, car l’on y voit 
simultanément (a) des traces d’alignements rec- 
tilignes ponctuels qui sont des restes de stries ; 
(6) des rassemblements de points dessinant des 
contours polygonaux plus ou moins réguliers ; 
(c) des segments de lignes continues assez épaisses 
formant un réseau a mailles serrées. Sur le grain 
de la figure 10 existent seulement les contours 
polygonaux discontinus. I] est 4 remarquer que 
toutes les localisations d’attaques apparaissent 
colorées en bleu intense un fond teinte 
homogéne, généralement bleu, quel que soit le 


sur de 
grain considéré. 

Les micrographies des figures 12, 16 et 17 prises 
a ce stade du recuit possédent un intérét particulier 
du fait qu’on a pu suivre leur évolution ultérieure a 
500 et 600°. L’hétérogénéité de l’attaque est bien 
visible sur le grain a la partie supérieure de la 
figure 12, vu a plus forts grossissements figures 16 
et 17. On remarque 
paralléles au joint de macle a et la zone centrale 
peu attaquée séparant deux domaines A et B a 


surtout les traces de stries 


microstructure complexe comportant de trés petits 
segments fortement inclinés sur les alignements de 
points matérialisant les restes des glissements. 
Recuit & 500°. I1 suffit de 1 heure a 500° pour 
faire disparaitre les derniers restes des bandes de 
colorations différentielles, et accentuer beaucoup 
les hétérogénéités de la microstructure amorcées a 
400° (figure 13). Les petits segments qui étaient 
localisée dans les régions A et B du grain | font 
place a des lignes épaisses assez continues, sen- 
siblement paralléles entre elles et a la direction des 
segments initiaux, et en premiére approximation 
perpendiculaires aux anciens glissements qui main- 
tenant ne sont plus visibles. Quant a la zone 
centrale elle est morcelée en d’assez nombreux 
petits domaines définis par des contours ow I'at- 
taque ponctuée est extrémement faible. Cette 
méme sous-structure cellulaire se retrouve d’ail- 
leurs dans la partie supérieure gauche du grain, 
au-dela de la petite bande des lignes en faisceaux. 


La comparaison de la figure 13 avec la figure 12 de 


état antérieur montre que la nouvelle sous- 


structure bien 
(Sur ces deux figures la fléche repére le méme 


est en relation avec l’ancienne. 


endroit.) 
D’autres régions de l'éprouvette présentent des 


aspects trés analogues. La figure 26 montre par 
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exemple des faisceaux serrés de lignes épaisses 
occupant de larges portions a la périphérie des 
grains, alors que les régions centrales ont une 
sous-structure cellulaire 4 peine visible qui existe 
seule sur toute |’étendue d’autres grains. 

Les figures 19 et 20 montrent un autre cas trés 
intéressant d’hétérogénéité. Le grain contient A sa 
partie supérieure droite des restes trés nets de 
stries de glissement et de trés petits segments 
rigoureusement normaux 4 ces stries, prolongeant 
les lignes en faisceaux développées sur la moitié 
inférieure. Plus a gauche on distingue le réseau 
cellulaire, puis au bord du joint un nouveau fais- 
ceau. 

Une augmentation de la durée du recuit a 500° 
tend a faire disparaitre les différences de sous- 
structure de grain a grain, tout en conservant les 
variations locales caractéristiques de chacun d’eux. 
Les rassemblements de lignes peu nombreuses, 
donc assez espacées, n’évoluent pratiquement pas, 
(figure 14 que l’on comparera a la figure 13), alors 
les faisceaux de serrées deviennent 


que lignes 


moins fournis. Ces deux aspects sont visibles 


également sur la figure 24 ot I’on remarquera en 
particulier la stabilité des lignes repérées par les 
fléches (cf. figure 23). La comparaison des figures 21 
99 


et 22 avec les figures 19 et 20 montre également 
comment apparaissent 


par ‘‘soudure’’ de segments épais déja bien orientés. 


les sous-joints continus: 


Dans les régions ov les lignes continues sont 


absentes, c’est-a-dire presque toujours vers le 


centre des grains, le réseau cellulaire est main- 
tenant un peu mieux visible, parce que l|’attaque 
la 


contours ponctués se détachent avec davantage de 


générale de matrice étant moins intense, les 
netteté (figures 14, 18 et 24). 

En ce qui concerne les caractéristiques du film 
solide coloré produit par l’attaque, on observe dés 
la premiére heure de recuit a 500° la disparition 
compléte des bandes de colorations différentielles 
encore faiblement observables aprés le recuit a 
400°. La couleur de la pellicule est uniforme sur 
l'ensemble des grains, quelle que soit leur orienta- 
tion, toutefois plus foncée le long de leurs frontiéres 
éléments de la sous-structure (lignes 


et les 


continues et points séparés). ( 


sur 
‘et aspect n’évolue 
pas en prolongeant le traitement a 500°. 

Recuit ad 600°. La tendance vers un état d’équil- 
ibre structural commun 4a tous les grains se précise 
15 600° 
Chaque grain est alors 
morcelé le 
type initial fibreux ou cellulaire. Les frontiéres du 


traitement de minutes a 


27 28) 


du 


25, 


au cours 


Zé et 


(figures 15, 


en domaines fermés ayant conservé 


~ A 


type fibreux correspondent en général a une 
attaque plus continue que celle des cellules, dont 
le nombre a d’ailleurs diminué par rapport aux 
états antérieurs. 

Il est remarquable qu’aprés ce recuit a 600° 
réapparaissent les teintes du film solide spécifiques 
de chacun des grains (effet d’épitaxie) qui carac- 
térisaient l'état 
trés différentes les sous-grains se distinguent par 


non déformé. Sur ces colorations 


une teinte bleu-foncé. 


III. Discussion des Résultats 


L’essai avec l’éprouvette N° 4 
apporte deux résultats nouveaux et a une impor- 


(1°) que la 


préliminaire 


tante conséquence. I] prouve en effet 
solution solide cuivre-zinc a 35% de zinc soumise a 
une trés faible déformation, subit par un recuit 
ultérieur 4 600° les transformations qui conduisent 
au phénoméne de polygonisation classique ; (2°) 
que ce phénoméne peut exister dans un spécimen 
polycristallin, alors que jusqu’a présent il avait 
été seulement observé et étudié avec les mono- 
cristaux ou les assemblages d’un petit nombre de 
trés gros grains.* D’autre part, puisque la méme 
technique d’attaque révéle d’abord les perturba- 
tions du réseau associés a la déformation plastique 
par glissements, puis, aprés le recuit, les frontiéres 
des sous-grains de polygonisation, nous sommes 
en droit de conclure que les microdomaines de 
dissolution sélective sont bien, comme nous l’avons 
admis dans la premiére partie de |’étude, en relation 
avec les dislocations. De ce fait on pouvait donc 
espérer pouvoir observer sous le microscope les 
stades intermédiaires prévus par la théorie de la 
polygonisation, mais que les techniques actuelles 
de la micrographie et des rayons X n’ont pas 
encore réussi 4 montrer. Dans les cas les plus 
ces décéleraient que 


favorables techniques ne 


taille minimum est com- 


les sous-grains dont la 
prise entre 10 et 100 microns [1]. 

Les recuits étagés effectués sur l’éprouvette N° 3 
avaient donc d’essayer de suivre 


pour objet 


l’évolution progressive de la sous-structure des 
grains depuis l’état déformé jusqu’a l'état typique- 
ment polygonisé. A notre connaissance, la seule 
étude tentée dans ce sens est celle de Dunn et 
Daniels avec les cristaux de ferrosilicium, 
mais dans ces expériences les étapes de |’évolution 
sont peu nombreuses [2]. 


tout d’abord 


gros 


Remarquons que résultat 


*GUINIER et TENNEVIN ont cependant montré, a l’aide des 
rayons X, la polygonisation dans une éprouvette d’aluminium 
contenant des grains de 0, 2 mm []]. 
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général le plus frappant est la grand hétérogénéité 
de la microstructure a l’intérieure de chaque grain 
a tous les stades du recuit. Nous avons vu que cette 
remarque état initial 
déformé, mais ici les différences sont beaucoup 


vaut également pour 
plus remarquables. Dans le premier cas il s’agissait, 
en effet, de simples variations de la répartition et 
de la densité des points d’attaque de forme et de 
taille trés comparables. Ici s’observent des types 
d’aspects radicalement différents dont la localisa- 
tion varie a l’intérieur des divers grains, tout en 
présentant une certaine constance de répartition. 
Il est & noter aussi que, surtout aux premiers 
stades, tous les grains n’atteignent pas au méme 
moment le méme état structural. 

Ce sont précisément les hétérogénéités de la 
déformation initiale, telles qu’elles se traduisent 
par la densité des microdomaines de dissolution 
(figure 6 et plusieurs figures de la premiére partie) 
qui conditionnent toute l’évolution ultérieure 
au cours du chauffage (voir par exemple figure 26), 
résultat en parfait accord avec un mécanisme basé 
sur les dislocations. 

L’attention doit donc se porter principalement 
sous-structure au 
étude 


sur les transformations de la 


début du recuit. Malheureusement notre 
n’est pas sans présenter a ce point de vue de 
notables lacunes. D’une part, il aurait été néces- 
saire d’observer les effets des traitements a 200 et 
400° sur des endroits repérés du spécimen brut de 
déformation. Or l’examen systématique d’un méme 
champ n'a été fait qu’a partir de 1l’éprouvette 
déja traitée 4 ces températures. D’autre part, les 
phénoménes initiaux se déroulent a une échelle 
qui est a l’extréme limite du pouvoir de résolution 
du microscope optique, c’est-a-dire que la micro- 
graphie électronique permettrait sans aucun doute 
une bien meilleure définition. 

Sens général de l’évolution entre 200 et 500°. 
Le recuit a4 200° entraine une modification assez 
sensible de la microstructure dans certains grains. 
L’attaque présente en effet les deux caractéristiques 
suivantes: (1°) elle donne non plus des alignements 
de points distincts, mais des domaines continus 
trés étroits (0,25 a 0,5 micron) dont les bords ne 
sont pas parfaitement rectilignes, et qui s’allongent 
sur des distances parfois considérables, surtout au 
voisinage des frontiéres intergranulaires ; (2°) elle 
envahit des régions situées entre les stries, sous 
forme d’un gravage généralisé non résolu sous les 
plus forts grossissements optiques (figure 8). 

Ces aspects nouveaux pourraient traduire les 
mouvements des dislocations sur les plans de 


782 


JACQUET: 


glissements actifs et les débuts de leur nouvelle 
répartition dans le réseau, interprétation qui 
demanderait 4 étre confirmée par des expériences 
sous les conditions d’observation indiquées plus 
haut. La discussion des diagrammes de rayons X 
apporte d’ailleurs d’autres renseignements qui ne 
sont pas en désaccord avec la micrographie (voir 
Appendice). 

Il est intéressant de noter que dans leur travail 
sur le ferrosilicium Dunn et Daniels ont mis 
aussi en évidence par la micrographie un stade 
précoce du recuit qui est, a l’échelle prés (le grossis- 
sement étant de 200 seulement), trés comparable a 
celui décrit ici (voir la figure 10 du mémoire réf. 
2). 

C’est a partir du traitement de 3 heures a 400° 
que |’évolution de la microstructure devient assez 
nette dans la quasi-totalité des grains pour pouvoir 
étre différentiée sans aucune ambiguité de celle 
de l'état initial. Les figures 10, 11, 12, 16 et 17 
indiquent une réorganisation compléte des micro- 
domaines d’attaque, a l’intérieur de chaque grain. 


En gros, cette réorganisation conduit a deux types 


extrémes faciles 4 distinguer. Le premier comporte 


des points bien séparés dessinant de petites cellules 
plus ou moins nettement définies (figure 11), et le 
second des segments continus dont la taille, la 
forme et le nombre sont trés variables, pouvant, 
par exemple, s’enchevétrer pour constituer un 
réseau serré (région en haut a gauche figure 11), 
localisés, tout en prenant une 


ou rester assez 


orientation générale commune d’aspect fibreux 
(région de la figure 17 limitée a sa partie supérieure 
par la ligne sensiblement continue repérée par la 
fléche 1). 

A ces types de sous-structure de recuit précoce 
peuvent se superposer des restes de microattaques 
correspondant aux stries caractéristiques de la 
déformation. C’est le cas des segments discontinus 
qui sont toujours associés a des lignes de points 
bien paralléles. Ainsi, sur la figure 17 les segments 
font avec ces restes de stries trés discontinues un 
angle de 75°. Il en est de méme pour le grain 
figure 11 dans la petite portion encadrée ou 
l’angle est ici de 90°. Enfin nous en verrons un 
exemple encore plus net aprés le recuit suppleé- 
mentaire de 1 heure a 500° (figure 20). 

Déja a ce stade apparait une relation évidente 
entre l’intensité de la déformation et le type de 
sous-structure, relation qui se précisera encore 
par la suite. Les cellules définies par les segments 
formés de points bien séparés naissent manifeste- 
ment dans les grains ou portions de grains plus 
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pauvres en glissements, tandis que le réseau de 
lignes épaisses et continues correspondent A des 
régions initialement trés riches en stries; une 
situation intermédiaire est celle des petits segments 
associés 4 des restes d’attaque sur les glissements. 

Une telle relation est en accord avec la théorie 
basée sur les dislocations. Celle-ci prévoit, en effet, 
le rdle important de la courbure du réseau, car les 
dislocations étant concentrées dans les plans de 
glissements actifs, le nombre de systémes de 
glissement mis en jeu au cours de la déformation 
conditionne les proportions respectives des disloca- 
tions de signes contraires et la distribution ultéri- 
eure de celles en excés. I] est donc normal que 1a 
ou l’attaque mettait en évidence une accumulation 
de dislocations sous forme de plusieurs systémes 
d’alignements de points, impliquant une forte 
courbure du réseau, apparaisse la nouvelle organisa- 
tion en lignes continues enchevétrées. Par contre, 
dans les régions ot le petit nombre de points 
d’attaque traduisait la pauvreté relative en 
dislocations, et la plus faible courbure du réseau, 
on doit s’attendre a rencontrer le type de sous- 
structure cellulaire 4 contours ponctués discontinus. 
Le premier cas s’observe en général vers la péri- 
phérie des grains et le second dans les portions 
centrales (figure 16 de la premiére partie, et 
figure 23). 

I1 semble donc qu’a ce stade initial du recuit 
nous assistions surtout au processus de concentra- 
tion des dislocations conduisant a la formation de 
murs ou parois. La théorie voudrait 


que cette 


étape de la polygonisation soit précédée d’un 


processus de neutralisation des dislocations de 


signes contraires. Les seuls aspects microgra- 


phiques ne permettent pas de mettre en évidence 
un tel phénoméne, 4 moins d’en voir une preuve 
dans la microstructure relativement plus claire 
aprés recuit a 400°, par rapport a l'état de recuit a 
200° (cf par exemple la figure 8 avec les figures 
10, 11 et 


confrontation des expériences avec la théorie il 


17). D’ailleurs dans ce domaine de la 


faut garder une grande prudence, car nous avons a 
faire ici a2 un réseau plus compliqué que celui 
traité par les théoriciens, d’autre part il existe 
plusieurs types de dislocations, et en ne considérant 
méme que le type en aréte nous n’avons aucun 
dislocations d’un 


renseignement sur l’excés de 


signe donné, sachant seulement qu'il doit étre 


maximum dans les régions ot la courbure du 
réseau est la plus grande. 
Toujours d’aprés la théorie, les murs de disloca- 


tions se placent normalement a la direction des 
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glissements. Or dans notre éprouvette déformée la 
plupart des grains contiennent deux, et parfois 
méme trois, systémes de stries (figure 6), de sorte 
qu'il n’est pas facile de vérifier la localisation 


prévue, puisque les endroits examinés aprés recuit 


a 200 et 400° n’avaient pas été repérés a l'état 
initial. Selon Dunn et Daniels [2] quand il existe 
deux systémes de glissement sur un monocristal 
de ferrosilicium déformé, les sous-joints qui se 
forment au recuit sont orientés normalement a 
celui qui serait le plus ‘‘actif.’’ La figure 21 de la 
Premiére Partie prouve qu’a la traction du laiton 
polycristallin les premiéres lignes de glissement 
apparaissent selon un seul systéme, les autres 
intervenant ensuite. Donc pour résoudre la question 
de la position exacte des amorces de sous-joints il 
faudrait déterminer, par des expériences prélimi- 
naires, l’ordte d’apparition et la position des 
systémes de stries dans les grains dont on étudierait 
ensuite la sous-structure de recuit. 

Sur certaines des micrographies il est visible que 
les premiers indices des sous-joints dans les régions 
notablement déformées se localisent normalement 
aux traces du seul systéme de glissement rendues 
visibles par des points d’attaque (figure 20). Il 
existe des preuves, et nous les discuterons plus 
loin, que cette localisation peut se faire paralléle- 
ment a un autre systéme de glissement, lorsque 
celui-ci est lui-méme encore visible et est orienté 
dans une direction presque normale par rapport 
au premier. 

Aucun effet net d’orientation des sous-joints ne 
peut-€tre reconnu aux stades précoces du recuit 
dans les deux cas extrémes des régions trés forte- 
ment déformées, oi les segments sont enchevétrés 
(figure 11), et des régions contenant le minimum 
de déformation, ot se forment les cellules a con- 
tours ponctués a peine décelables. 

Nous avons vu que les résultats des traitements 
de 1 heure, puis de 2 heures a4 500° sont carac- 
térisées par l’apparition de sous-grains maintenant 
bien nets et a contours fermés, présentant le type 
fibreux ou le type cellulaire selon qu’ils naissent 
respectivement dans les régions de forte ou de 
faible déformation. On pourait dire que ces sous- 
grains résultent de la croissance des trés petits 
domaines esquissés par les segments plus ou moins 
100°. 


En réalité il parait difficule de parler de croissance 


continus déja présents aprés le recuit a 
en donnant a ce terme son sens habituel en métal- 
lographie, ot le grossissement d'un grain se produit 
par simple déplacement de tout ou partie de son 
contour fermé préexistant. 
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Sous-structure ‘‘fibreuse.’’ Pour essayer de com- 
prendre la genése des sous-joints du type fibreux, 
les figures 19 4 22, planche VI, présentent un 
intérét tout particulier. Sur la figure 19 ces sous- 
joints se distinguent a la partie inférieure du grain 
et deviennent de moins en moins nets a mesure 
qu’ils se rapprochent de la partie supérieure ot 
ils finissent par se perdre dans une sous-structure 
confuse qui se résout au grossissement 2000 en 
petits segments paralléles entre eux et perpendicu- 
laires a des restes trés apparents de stries de 
glissements (figure 20). Aprés le traitement com- 
plémentaire de 2 heures 4 la méme température de 
500° les figures 21 et 22 prouvent que: (1°) sur la 
les sous-joints sont 


moitié inférieure du grain 


devenus beaucoup plus nets, en méme_ temps 
qu’ont disparu la plupart des points d’attaque 
dispersés ; (2°) les mémes sous-joints se prolongent 
maintenant sans discontinuité sur la partie supér- 
ieure ot les restes de stries de glissement ne sont 
plus visibles. 

D’autres cas analogues sont donnés par les 
figures 17 et 18 d’une part, 23 et 24 d’autre part. 
Aprés 3 heures a 500° la portion du grain qui 
possédait la sous-structure figure 17 (correspondant 
a une étape d’évolution apparemment un peu 
moins avancée que celle de la figure 21) donne 
les mémes sous-joints continus et fibreux (figure 18, 
cf. figure 21). Sur la figure 23 les rassemblements 
diffus de points d’attaque repérés par les fléches 1, 
au bord du large faisceau développé sur la partie 
gauche du grain, se concentrent en lignes bien 
définies aprés le traitement supplémentaire de 2 
heures 4 500° (figure 24). Les régions supérieure et 
inférieure du méme faisceau évoluent respective- 
ment comme les portions inférieure et supérieure 
du grain des figures 19 et 21. 

L’ensemble de ces résultats montre que l’évolu- 
tion qui conduit a la formation des sous-grains du 
type fibreux, a partir du moment ot la sous- 
structure est nettement différentiée par rapport a 
l’état 
migration et de concentration des dislocations vers 


déformé, impliquerait un processus de 
et dans des plans dont les positions paraissent 
déja a peu prés fixées, et qui se précisent au cours 
du recuit. En effet, les écartements des régions 
indiquées par les fléches latérales sur la figure 17, 
et sur lesquelles l’attaque est un peu plus intense 
correspondent sensiblement, compte tenu du gros- 
sissement, aux distances qui séparent les sous- 
joints apparaissant dans la méme région (figure 18). 
On remarquera d’ailleurs que ces zones peuvent 
étre distinguées aussi sous un plus faible grossisse- 
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ment (figure 16) et que la premiére d’entre elles 
(fléche 1) correspond exactement a la limite qui 
sépare les deux régions A et B od se forment, d’une 
part, la sous-structure fibreuse, et d’autre part, la 
sous-structure dite ‘‘cellulaire.’’ Nous examinerons 
plus loin si ces plans, ot se concentrent les disloca- 
tions, sont en relation avec la microstructure de 
déformation. 

La preuve que les sous-joints sont bien la consé- 
quence des processus de migration et de concentra- 
tion des dislocations est apportée par le fait que 
leur accroissement de netteté coincide avec la 
disparition progressive des microdomaines d’at- 
taque encore localisés sur les restes de glissements ou 
déja dispersés. Le microscope optique parait 
indiquer que les attaques dispersées ne sont pas 
réparties d’une fagon quelconque dans la matrice, 
mais dessinent des contours plus ou moins dis- 
continus de trés petits domaines de l’ordre de 2 
a 4 microns (figures 11 et 17). On pourrait donc dire 
que la disparition de ces contours correspond a 
un grossissement des domaines qu’ils délimitent, 
a condition d’ajouter que cette croissance se bloque 
contre des parois déja matérialisées, et qui, de ce 
fait, se trouve parfois renforcées par un nouvel 
apport de dislocations. 

Il n’est 
processus de migration et de concentration 


pas douteux que la cinétique des 


des 
dislocations pendant le recuit 4 500°, déduite des 


aspects micrographiques, est conditionnée par 
leur distribution initiale telle qu’elle résulte des 
recuits antérieurs, et qui est elle-méme fonction de 
de En effet, 


limitant toujours, pour l’instant, a la seule sous- 


déformation primitif. nous 


structure fibreuse localisée dans les régions de 


déformation maximum, nous observons a un 
stade donné, et a l’intérieur d’un méme grain, de 
grandes hétérogénéités dont il est facile de voir des 
exemples sur les figures 22 et 23. Ainsi, pour le 
grain de la figure 22 le recuit supplémentaire de 
2 heures a 500° n’a aucun effet sur la sous-structure 
de la zone qui borde jusqu’a une distance de 
5-10 


structure trés confuse, encore mieux visible sur la 


microns le joint a droite, et cette sous- 
figure 20 correspond, comme celle de la figure 11 a 
un rassemblement de petits segments trés enchevé- 
trés et-sans orientation définie. De méme sur la 
figure 23 la base du faisceau en haut a gauche, ov 
les fibres sont trés serrées et assez bien orientées, 
conserve encore une structure fine aprés le recuit 
supplémentaire de 2 500° 

Revenons maintenant a l’importante question 


heures a (figure 24) 


de la position des sous-joints fibreux par rapport 
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aux glissements. Considérons pour cela le grain 
de la figure 16. Il comporte deux portions A et B 
qui se différentient a ce stade du recuit (14 heures a 
200° + 3 heures a 400°) par le nombre de systémes 
de glissement encore présents sous forme de traces 
de stries d’attaque. Dans la partie A on voit 
surtout les systémes 1 et 2 et des indices du 
systéme 3 (pour plus de clarté ces directions sont 
portées sur la figure 18), alors que dans la région B 
le systéme 1 est seul présent. Or, a ce méme stade 
les premiers indices de sous-joints sont : dans la 
région B des petits segments (trés comparables a 
ceux sur la figure 20, mais toutefois moins nets) se 
placant a 90° par rapport au systéme 1, et dans la 
région A des domaines d’attaque assez diffus con- 
centrés autour de la direction du systéme 2, 
lequel fait un angle de 75° environ avec la direction 
du systéme 1. 

Au cours des traitements a 500° les sous-grains 
deviennent bien définis et dans les deux régions A 
et B leur plus grande dimension a conservé |’orien- 
tation générale fixée a l’étape antérieure. Leurs 
frontiéres présentent d’ailleurs de franches sinuo- 
sités, ayant tendance dans la région A 4 se placer 
a 90° 


de méme que les lignes continues qui ferment le 


par rapport au systéme de glissement 3, 
contour de ces sous-grains fibreux. 

Par conséquent dans les grains, ou portions de 
grains, déformés contenant plusieurs systémes de 
lignes de glissement, les dislocations qui, pendant 
le recuit se déplacent sur les plans correspondants, 
peuvent se concentrer sur l’un d’entre eux pour 
amorcer les parois des domaines de polygonisation, 
lorsque l’orientation de celui-ci est assez voisine 
de 90° 


probable d’ailleurs que cette condition d’orienta- 


par rapport a un autre systéme. II est 
tion ne suffise pas, et qu'il doive exister en outre 
certaines relations entre les proportions respec tives 
des dislocations sur les divers systémes, proportions 
qui varient beaucoup d’un endroit a un autre et 
peuvent expliquer le caractére sinueux des sous- 
joints. Dunn et Daniels [2] ont mis en évidence des 
aspects analogues aux n6étres dans les cristaux de 
12% 


dans les mémes cristaux déformés par flexion les 


ferrosilicium laminés a et recuits, tandis que 


sous-joints sont remarquablement rectilignes et 
paralléles. 
Dans 


Sous-structure ‘‘cellulatre.”’ port ions 


cénéralement localisées vers le grains* 


l’évolution a 500° est difficile a saisir, 
*Et qui s’étendent 
l’éprouvette voisines 


les glissements étaie 
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contours des sous-grains, ici grossiérement équi- 
axes, sont indiqués par des alignements ou des 
rassemblements de points trés discrets qui se 
détachent sur un fond présentant une attaque de 
grande finesse. Les effets les plus apparents de 
‘augmentation de la durée du recuit 4a 500° sont 
de réduire l’importance de cette attaque généralisée, 
d’augmenter quelque peu la netteté de certains 
sous-joints et de diminuer au contraire, jusqu’a 
la faire disparaitre, l’attaque de certains autres 
(cf. figures 13-14 et effets 
peuvent, ici encore, s’interpréter comme traduisant 


figure 23-24). Ces 
la migration et la concentration des dislocations. 
Les attaques beaucoup plus discrétes dans les 
régions de faible déformation par rapport a celles 
qui mettent en évidence les sous-joints fibreux 
continus, sont bien en accord avec le fait que les 
dislocations y sont relativement peu nombreuses. 
Cette faible proportion est non seulement une 
conséquence de la distribution initiale (figure 6), 
mais provient aussi de ce que les courbures du 
réseau étant limitées, l’excés de dislocations d’un 
signe donné doit étre certainement inférieur a ce 
qu’il est dans les portions trés riches en glissements. 
Il est fort possible que le processus de neutralisa- 
tion se poursuive encore, au moins au début, 
pendant le recuit a 500°, car des traces d’attaques 
en stries sont encore décelables a ce stade. 
Perfection des domaines de polygonisation. Aprés 
les recuits a 200, 400 et 500° les dislocations se 
sont rassemblées pour former dans beaucoup de 
grains, mais non dans tous, les contours de do- 
maines dont le nombre, la taille et la forme varient 
en relation avec l’hétérogénéité de la déformation 
plastique initiale. Pouvons-nous dire que chaque 
domaine a acquis a ce stade le degré de perfection 
qui caractérise les sous-grains de polygonisation 
typique? La discussion des aspects micrographiques 
donnée ci-dessus justifie, sans aucun doute, une 
réponse négative reposant surtout sur le fait que 
les points d’attaque ne sont pas strictement local- 
isés sur les sous-joints. On verra d’ailleurs plus loin 
(dans l'Appendice), que les diagrammes de rayons 
X confirment le caractére encore trés imparfait de 
la grande majorité des domaines de polygonisation. 
Le recuit complémentaire de 45 minutes a 600° 
accentue |'évolution amorcée a la fin du séjour a 
500° et la provoque dans les grains ou portions de 
grains restés jusqu-la plus ou moins en retard (par 
exemple le grain A, figures 26 et 27). Les attaques 
continues ou ponctuelles se détachent avec une 
remarquable netteté sur un fond trés bien poli 
(figure 15, 25 et 28), suggérant que le stade de 
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polygonisation typique a été atteint, c’est-a-dire 
que chacun des domaines morcelant le grain possé- 
maintenant un bien meilleur degré de 
perfection. Effectivement, les 
rayons X pris sur l’éprouvette comportent la 


caractéristiques de 


derait 
diagrammes_ de 
division taches 
polygonisé (voir Appendice). 

Croissance des sous-grains. La grande mobilité 
des sous-joints de polygonisation serait une 
caractéristique importante qui les différentieraient 
des joints intergranulaires normaux. Elle expli- 
querait la croissance des domaines, observée a 
la fois avec le microscope et avec les rayons X, 
quand un échantillon polygonisé est soumis a un 
nouveau recuit. On admet cependant qu’un état 
d’équilibre peut étre atteint a partir duquel la 
croissance s’arréte. On a dit également que le 
processus de croissance pourrait correspondre au 
développement des domaines les plus parfaits aux 
dépens de ceux qui le sont le moins [1]. 

Comme on a pu s’en rendre compte au cours de 
la discussion qui précéde, nos résultats conduisent a 
préciser le mécanisme possible de la croissance des 
sous-grains, phénomeéne sur lequel les connaissances 
d’ordre expérimental sont d’ailleurs assez vagues. 

La premiére preuve micrographique de la mobi- 
lité des contours des domains de polygonisation a 
été apportée par Lacombe et Beaujard [3]. Leur 
micrographie montre simultanément sur un spéci- 
men d’aluminium pur 4a trés gros cristaux poly- 
gonisés, la trace des anciens sous-joints et celle des 
nouveaux apparus a la suite d’un deuxiéme 
traitement a 600°. II est clair que ce traitement a 
produit un réarrangement complet, mais contraire- 
ment a ce qu’on attendrait, les nouvelles positions 
sur le cristal principal correspondent 4 un nombre 
de sous-grains presque double de celui a 1|’état 
petite portion 


revanche, sur la 


adjacent il y a 


antérieur. En 
d’un 
notable du nombre des domaines sans modification 


visible cristal réduction 
de l’aspect général. Une explication possible du 
comportement aberrant du grain principal serait 
une déformation accidentelle au cours des manipula- 
tions entre les deux recuits.* 

Le mémoire de Dunn et Daniels [2] contient 


*Des systtmes de stries ayant l’apparence de lignes de 
glissement sont visibles sur la micrographie. Elles ne peuvent 


que matérialiser une déformation plastique postérieure 
au deuxiéme traitement thermique, donc sans influence sur 
les nouveaux sous-grains également visibles. I] n’en serait 
pas de méme, évidemment, si des glissements s’étaient pro- 
duits aussi aprés le premier recuit. Nous avons pu nous 
rendre compte a nos dépens de |’extréme facilité avec laquelle 
un spécimen relativement mince tend a se déformer, et les 
chances d’un tel accident augmentent, bien entendu, avec 
la taille des grains. 


wR 
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plusieurs exemples micrographiques de croissance 
des sous-grains pendant le recuit de gros cristaux 
de ferrosilicium polygonisés. Elle se traduit par 
l’augmentation de la distance, jusqu’a 10 fois, qui 
sépare leurs frontiéres bien rectilignes et paralléles. 
Les auteurs l’expliquent par une migration de ces 
frontiéres, mais admettent aussi, sans trop y 
insister, l’intervention partielle d’un phénoméne de 
‘“‘disparition’’ de certains sous-joints. Nous verrons 
plus loin que sur quelques figures du mémoire de 
Dunn et Daniels, ce phénoméne ressort d’une 
En tout contrairement a 


facon frappante. cas, 


l’observation de Lacombe sur l’aluminium, les 


stades successifs de croissance des domaines de 
polygonisation du ferrosilicium conduisent a des 
aspects micrographiques cohérents, c’est-a-dire 
que ces domaines deviennent moins nombreux tout 
en conservant leur disposition générale. 

L’examen d’endroits repérés sur |’éprouvette 
soumise aux recuits étagés nous indique que con- 
trairement au phénoméne banal de grossissement 
d’un métal polycristallin, la croissance des do- 
maines de polygonisation ne correspond pas aux 
déplacements de leurs limites. De plus, nous avons 
donné de nombreux exemples de _ sous-joints 
conservant, a partir du moment ou ils sont bien 
formés, leurs positions exactes pendant les recuits 
ultérieurs. 

Pour interpréter |’évolution de la sous-structure 
micrographique au chauffage entre 400 et 600°, 
nous n’emploierons donc pas |’expression ‘‘mobil- 
ité’’ des sous-joints qui laisse sous-entendre une 
analogie avec certains phénoménes de croissance 
des grains, observés par exemple par Beck et ses 
collaborateurs [4]. Nous préférons baser I’explica- 
tion possible des faits sur une notion de stabilité 
thermique des sous-joints, ou plut6ét des disloca- 
tions qu’ils contiennent. 

A une étape assez précoce du recuit, des disloca- 
tions se rassemblent a certains endroits du réseau 
perturbé pour former des parois de grande stabilité 


Ils 


délimitent des domaines, ou ‘‘sous-grains primaires,”’ 


que nous appelerons ‘‘sous-joints primaires.”’ 


eux-mémes morcelés en ‘‘sous-grains secondaires’’ 


par d’autres rassemblements de dislocations for- 


mant des ‘‘sous-joints secondaires’’ moins stables 


que les précédents. A ce moment le grain peut 
étre considéré comme contenant déja les larges 
domaines de polygonisation, relativement assez 
désorientés les uns par rapport aux autres, qui 
seront décelés au stade final. Chacun d’eux est 
encore trés imparfait du fait de son morcellement 
secondaires avec de 


en nombreux sous-grains 
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faibles degrés de désorientation. Les micrographies 
traduisent bien cet état d’imperfection qui explique 
que la polygonisation ne soit pas encore visible sur 
les diagrammes de rayons X (voir Appendice). 

En augmentant la durée du chauffage, ou mieux 
en élevant la température, les sous-joints second- 
aires disparaissent, probablement par migration 
des dislocations individuelles qui iraient se fixer 
suggére 
Dans le 


cas des régions a faibles courbures du réseau, il 


sur les sous-joints primaires, comme le 


l’accroissement de netteté de ceux-ci. 
n’est pas exclu que la disparition des sous-joints 
secondaires soit dfie, en partie ou en totalité, au 
nouvelle confi- 


processus de neutralisation. La 


guration résultante se traduira par un grossisse- 
ment apparent des vrais domaines de polygonisa- 
tion, Ou sOus-grains primaires, et par un accroisse- 
ment de leur degré de perfection. Finalement 
apparaitra l'état structural typique de la poly- 
gonisation, c’est-a-dire la division de chaque 
grain en un petit nombre de domaines plus ou 
moins désorientés les uns par rapport aux autres, 
mais individuellement assez parfaits, pour qu’ils 
se manifestent sur les diagrammes de rayons X. 

D’aprés ce schéma il n’y aurait donc pas de 
discontinuité entre les deux étapes extrémes corres- 
pondant, la premiére a la visibilité au microscope 
du réseau serré d’alignements des dislocations 
(recuit 3 heures 4 400°), et la seconde 4 la poly- 
gonisation classique (dernier recuit de 45 minutes 


a 600°). 


recuit existerait une certaine hiérarchie des parois 


En d’autres termes, a chaque stade du 


de dislocations, ou sous-joints, définie probable- 
ment par des facteurs en relation avec les disloca- 
tions, et avec le degré de perfection du réseau dans 
On 
hiérarchie soit d’autant plus facile 4 mettre en 


les domaines contigiis. concoit que cette 
évidence que l'état considéré est plus éloigné de 
la configuration supposée stable (voir plus loin). 
L’interprétation proposée explique pourquoi les 
l’état taille et 


yerfection des domaines, évoluent en méme temps, 


deux caractéres de polygonisé, 
et soient respectivement d’autant plus grande et 
meilleure que le recuit est plus avancé. On doit 
tenir compte aussi de |’intensité de la déformation 
plastique initiale qui conditionne la distribution 
des dislocations et leur nombre. Ainsi |’évolution 
est plus rapide dans les régions de trés faible 
déformation (prés des tétes de |’éprouvette) ou 
l’on observe les domaines les plus grands et les 
plus parfaits. 

L’examen attentif des micrographies publiées 


par Dunn et Daniels [2] révéle des aspects trés 
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comparables 4 ceux trouvés dans le laiton, tendant 
a prouver que le grossissement des domaines de 


polygonisation dans le ferrosilicium s’effectue selon 


le méme mécanisme. Cependant ces aspects ne 
suffiraient pas a eux seuls pour décrire le phénoméne 
parce que les étapes du recuit sont largement 
espacées, les observations successives sont faites 
sous faible grossissement optique (X 200) et non 
mémes endroits; et enfin la 


exactement aux 


méthode de détection des sous-grains n’est pro- 


Nous 


signalerons tout particuliérement la figure 4 du 


bablement pas d’une extréme sensibilité. 


mémoire original concernant un gros cristal 
déformé par laminage. Aprés le premier recuit de 
10 minutes 4 950° la sous-structure comporte des 
bandes paralléles et un réseau cellulaire dont il 
subsiste, aprés le recuit ultérieur de 1 heure a 
1200°, 


d’alignements de points a |’intérieur de trés gros 


des restes trés apparents, sous forme 


domaines, généralement trés alongés dans la direc- 


tion des bandes primitives, et limités par des 


lignes épaisses. 

On peut se demander jusqu’a quel point l'état 
de polygonisation typique, celui que nous obtenons 
au recuit de 45 minutes a 600°, est stable. Certains 
auteurs ont dit avoir trouvé encore la polygonisa- 
tion dans des monocristaux portés jusqu’au 
voisinage du point de fusion du métal, mais nous 
preuves expérimentales sont 


estimons que 


insuffisantes, car il doit étre difficile d’affirmer que 


ces 


des traces de déformations ne se sont pas produites 
sous l’effet de contrainte mécanique, par exemple, 
au début du refroidissement, ou comme consé- 
quence de la formation d’oxyde superficiel. La 
rétrogradation apparente de la _ polygonisation 
typique vers une étape antérieure, effectivement 
constatée avec notre éprouvette N° 3 aprés un 
nouveau heure 30 a 600°, ne 


qu’étre attribuée a une déformation non intention- 


recuit de 1 peut 
nelle pendant les manipulations. 

En tous cas, pour cette éprouvette N° 3 la sous- 
structure au stade du recuit 45 minutes a 600° 
présente des signes indiscutables de ‘‘dissolution’’ 
partielle de certains sous-joints qui ne sont plus, 
en effet, des lignes continues, mais des alignements 
de points distincts (figures 15, 25 et 28). Dans 
l’éprouvette N° 4 traitée 2 heures 4 600° nous avons 
vu qu'il existe a la fois des sous-joints ponctués 
et continus limitant de larges domaines ot peuvent 
étre parfois devinées des traces de sous-structure 
secondaire (figure 4). Toutes ces observations sont 
l’instabilité, sinon de toutes les 


des indices de 


fronti¢éres des domaines de polygonisation, au 
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moins de certaines d’entre elles. Le fait qu’un 


sous-joint initialement sous forme d’une ligne 
continue se transforme en une séquence de points 
traduit : (1°) son appauvrissement en 
(2°) la 


qu'il sépare 4 prendre la méme orientation. Si ce 


distincts 


dislocations ; tendance des domaines 
processus se poursuivait, il conduirait a une diminu- 
tion du nombre des sous-grains et peut-étre a leur 
disparition compléte, c’est-a-dire au rétablissement 
de l‘homogénéité d’orientation et de perfection 
du, réseau dans la masse entiére du grain. La 
vérification de cette hypothése exigerait une 
éprouvette épaisse, une atmosphére de recuit non 
oxydante et de grandes précautions pendant les 
manipulations. On devra aussi tenir compte de 
certaines remarques concernant les conclusions 
tirées des aspects micrographiques, et que nous 
allons rapidement discuter. 

Les micrographies montrent la raréfaction des 
microdomaines d’attaque sélective 4 mesure que 
le recuit progresse, mais il ne faudrait pas tirer de 
cet effet des conclusions trop absolues du point de 
vue de phénoménes qui se déroulent a |’échelle de 


Nous 


affrmer qu’il existe une relation entre les points 


la maille atomique. pouvons seulement 


de dissolution préférentielle et la présence de 
certaines dislocations. Le fait qu’une attaque ne se 
produise plus 1a ot elle était observée 4 un stade 
antérieur peut seulement s’interpréter comme la 
preuve certaine d’une diminution de la concentra- 
tion des dislocations a cet endroit, et non comme 
celle de leur disparition compléte. 

D’ailleurs, les micrographies électroniques sur 
l’éprouvette déformée nous avaient révélé des 
points de dissolution de l’ordre de 0,1 micron, 
c’est-a-dire invisibles au microscope optique. Par 
conséquent il n’est pas exclu que la disparition 
d’une attaque constatée sous les plus forts grossisse- 
ments du microscope optique corresponde a une 
simple diminution de son intensité. Un indice assez 
sérieux en faveur d’une telle hypothése est fourni 
par la micrographie figure 4: le large sous-grain 
bien délimité (sauf a sa partie inférieure comprise 
entre les deux fléches) contient des segments a 
peine résolus qui marqueraient des restes sous- 
structure antérieure. Toutefois, étant donné que 
ces aspects sont a l’extréme limite des possibilités 
du microscope employé, nous ne sommes pas en 
mesure d’affirmer qu’ils existent a l’intérieur de 
tous les sous-grains. En tout cas les rayons X 
prouvent que ce spécimen est dans l'état polygonisé 
typique, c’est-a-dire que la majorité des domaines 
ont acquis une taille et un degré de perfection du 


JACQUET: 


réseau suffisants pour étre visibles sur les dia- 
grammes. 

Caractéristiques du film solide coloré. Quelques 
aspects du film coloré, aux différentes étapes du 
recuit, méritent d’étre maintenant discutés. 

La disparition compléte des bandes de colora- 
tions différentielles entre 400 et 500°, c’est-a-dire 
au moment ot! commence a évoluer d’une facon trés 
sensible la microstructure d’attaque, est en faveur 
de l’origine que nous avons attribuée a ces bandes, 
a savoir l’hétérogénéité de répartition des tensions 
avec la 
homogénéité de la déformation plastique dans le 


internes, elles-mémes en relation non- 
masse de chacun des grains. Rappelons que dans 
ses expériences sur les feuilles polycrystallines de 
chlorure d’argent déformées, Nye a observé la 
disparition progressive des bandes biréfringentes 
pendant le recuit [5]. 

L’identité de coloration générale de tous les 
grains, qui caractérisait l’alliage a l’état brut de 
déformation, existe encore aprés le recuit de 3 
heures 4 500°. A ce stade les variations locales de 
teinte d’un grain donné correspondant aux attaques 
(points isolés, frontiéres plus ou moins continues 
des sous-grains) sont bleu foncé, ce qui s’explique 
ici encore, par un maximum d’épaisseur du film, 
simple conséquence de la dissolution préférentielle. 
En outre, le film est également plus épais sur une 
bande étroite de part et d’autre des joints inter- 
granulaires. Ce phénoméne traduit une réactivité 
chimique plus grande de la solution solide dont 
l’origine n’est pas claire, et qui n’existe d’ailleurs 
pas pour les joints de macles. 

I] est trés remarquable que la coloration spéci- 
fique de l’orientation cristallographique du grain 
ne réapparaisse qu’aprés le recuit final, c’est-a-dire 
45 minutes 4 600°, au moment ot le microscope et 
les rayons X indiquent l'état de polygonisation 
typique caractérisé par le petit nombre des sous- 
grains et par la perfection du réseau de chacun 
d’eux. A toutes étapes 
d’orientation serait inhibé 
d’imperfection encore élevé qui se traduit sur les 


les précédentes |’effet 


donc par le degré 
micrographies (sous-joints secondaires) et sur les 


diagrammes de rayons X. 


IV. Resumé et Conclusions 


1° La trés grande sensibilité de la méthode 
d’attaque anodique a permis d’observer comment 
évolue, au 200 
et 600°, la microstructure des éprouvettes faible- 


cours de recuit successifs entre 


ment déformées par traction, étudiées dans la 
Premiére Partie du travail. 
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2° Ainsi ont pu étre mis en évidence dans le 


laiton a polycristallin deux faits importants : la 
polygonisation des grains, stade ultime du traite- 


ment thermique, et l’existence d’étapes inter- 


médiaires intéressantes du point de vue des 


processus donnant naissance 4a l'état polygonisé. 
3° Les 


microdomaines d’attaque sélective sont 


aspects observés confirment que les 


bien en 
relation avec la distribution de certaines disloca- 
tions, car ils sont, d’une facon trés générale, en 
accord avec le mécanisme de polygonisation fondé, 
selon la terminologie moderne, sur les modes de 
réarrangement des dislocations dans le réseau 
cristallographique perturbé. 

1° Toutefois, la théorie classique manquait 
jusqu’ici d’appui expérimental pour préciser, d’une 
part les premiers stades de réarrangement, d’autre 
de croissance des domaines 


part le processus 


déja polygonisés. 


L’évolution de la microstructure a l’échelle du 
microscope optique apporte a ce double point de 
vue quelques renseignements qu’il conviendrait, 
d’ailleurs, de confronter, avec les idées théoriques. 
200° 


micro- 


5° Le premier recuit de 14 heures a 


provoque une nette transformation de la 
structure de déformation, mais a une échelle qui 
est au-dela du pouvoir de résolution optique. Les 
un 


aspects beaucoup plus confus suggérent ac- 


croissement du nombre de microdomaines de dis- 
solution préférentielle et leur extension dans des 
zones initialement non réactives. 

6° L’examen des mémes endroits attaqués 
apres les traitements a 400, 500 et 600° montre que 
dés le recuit de 3 heures 4 400° pour quelques uns 
des grains, et aprés 1 heure a4 500° pour la majorité 
d’entre eux, les attaques sélectives amorcent des 
contours qui se précisent ensuite et restent stables 
jusqu’au stade ultime de la polygonisation. Ces 


contours définissent des domaines relativement 
volumineux a |’intérieur desquels d’autres points 
d’attaque disparaissent progressivement. 

7° On est ainsi conduit a penser que les parois 
constitués de rassemblements de dislocations pré- 
sentent des degrés de stabilité thermique variables. 
Les plus stables constituent les sous-joints que 
nous avons appelés primaires. Ils délimitent des 
sous-grains qui persistent encore aprés 45 minutes 


a 600°. Les autres sont les sous-joints secondaires 


qui n’existent plus au moment ot la polygonisation 


typique est incontestable. 

8° Jusqu’au stade ot les rayons X montrent 
l’apparition de la polygonisation (voir Appendice) 
de 


les phénoménes de croissance apparente et 
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perfectionnement du réseau des sous-grains se- 


raient donc étroitement associés. Cependant, méme 
a cet état tous les sous-joints ne sont pas équiva- 


lents. Les attaqués en lignes continues, 


doivent séparer des domaines de désorientation 


uns, 


mutuelle celle des domaines 


séparés par des alignements de points plus ou 


plus grande que 
moins espacés. Ces deux formes peuvent d’ailleurs 
coexister sur un méme contour fermé. 

9° Le probléme de la stabilité des sous-joints 
de polygonisation typique n’a pas été abordé. II 
est d’ailleurs difficile, car l’on devra éviter toute 
possibilité d’apparition de traces de déformation 
plastique pendant les expériences. 

Certains aspects micrographiques indiquent que 
la stabilité thermique n’est probablement pas 
identique pour tous les sous-joints, ce qui lais- 
serait prévoir une croissance des domaines par un 
mécanisme analogue a celui conduisant a la 
polygonisation typique. 

10° 


plastique se traduit sur les microstructures de 


La grande hétérogénéité de la déformation 


recuit. A une température donnée les divers grains 
et les différentes régions de chacun d’eux ne sont 
pas au méme état. La localisation des deux types 
de sous-joints et leurs stabilités thermiques rela- 
tives sont en relation avec |’intensité des déforma- 
tions telle que la révélent les stries d’attaque a 
l’état initial non recuit. 

faisceaux apparaissent dans les zones périphériques 


Les sous-joints continus rassemblés en 


des grains riches en glissements, donc ou les 
courbures du réseau sont les plus grandes. IIs 
prennent alors une orientation générale perpendi- 
glissement 


grain 


seul 
S’il 


régions ot sont encore visibles des traces d’un 


culaire au systéme de encore 


apparent. existe dans le méme des 
deuxiéme systéme d'orientation assez proche de 
90° par rapport a !’autre, les sous-joints se forment 
parallélement a ce deuxiéme systéme. 

Dans les portions de moindre déformation, 
c’est-a-dire a plus faibles courbures du réseau, les 
sous-joints sont limités par des alignements de 
points discrets, conséquence probable de la pauv- 
reté relative en dislocations du signe en excés. 
Cette sous-structure est seule présente dans les 
grains voisins des tétes des éprouvettes ot |’effort 
de traction était minimum. 

12° 


la microstructure, la méthode d’attaque anodique 


Outre les dissolutions sélectives définissant 


produit sur la surface un mince film solide de 


composés sulfurés dont les caractéristiques de 


coloration se sont révélées aussi d’une grande 
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sensibilité a l’évolution thermique de la solution 
solide déformée. 

Les bandes de coloration différentielles qui 
existent dans les grains déformés, et que nous avons 
attribuées aux tensions internes, s’estompent a 
400° et disparaissent complétement aprés 1 heure 
a 500°. Les colorations spécifiques de |’orientation 
des grains (effet d’épitaxie) qui se manifestent sur 
l’alliage recristallisé non déformé, ne réapparais- 
sent qu’au stade de la polygonisation typique, 
c’est-a-dire sous-grains relativement 
peu nombreux ont atteint un degré de perfection 
suffisant. 

13° 
d’indice de 
utilisée pour l’étude de l’évolution de la micro- 


quand les 


A aucun stade nous n’avons pu observer 


recristallisation dans  1l’éprouvette 


structure de recuit. En revanche, un exemple 
unique d’apparition d’un trés petit grain a été 
trouvé dans l’éprouvette déformée par traction 
et flexion et portée a 600°. Ce résultat doit étre 
souligné, car il prouve la possibilité d’étudier sur 
une méme éprouvette de laiton de section variable 
les relations encore peu connues entre la poly- 


gonisation et la recristallisation. 
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APPENDICE 


Examens qualitatifs aux rayons X de la 
polygonisation d’une solution solide 
cuivre-zinc a 65/35.* 


Mme. A. R. WEILL{ 


On a effectué un certain nombre de diagrammes de rayons 
X en retour, focalisés ou non, sur les éprouvettes étudiées au 
microscope par P.A. Jacqet. On a observé en particulier 
divers degrés de polygonisation aprés recuits 4 600° suivant 
le taux de la déformation initiale. Aux déformations les plus 
faibles correspondent les polygonisations Jes plus fines qui se 
traduisent par des chapelets ou des essaims de taches fines, 
nettes et trés voisines. Lorsque l’éprouvette soumise a une 
faible traction subit des traitements étagés, on observe aprés 
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un premier recuit d’une dizaine d’heures A 200° un accroisse- 
ment de la perturbation du réseau cristallographique. Ce résul- 
tat semble devoir étre interprété par l’intervention d’une ten- 
dance a l’équipartition des dislocations préalablement dis- 
tribuées de maniére trés hétérogéne. Les traitements thermi- 
ques a 400°C et 4 500°C provoquent des réarrangements 
localisés, plus aisés 4 observer un microscope qu’aux rayons 
X, du moins lorsque les examens sont effectués par les mé- 
thodes banales sur des échantillons massifs et polycristallins. 
On peut cependant, en s’appuyant sur les résultats obtenus 
par micrographie apercevoir des groupes de taches diffuses 
indiquant l’accolement de domaines encore trés imparfaite- 
ment cristallisés et sensiblement désorientés. Cette étape 
précéde la formation de blocs élémentaires faiblement déso- 
rientés les uns par rapport aux autres. Ces arrangements, 
caractéristiques de la polygonisation finale, ne sont généralisés 
dans la solution solide cuivre-zinc 4 65% de cuivre qu’aprés 
recuit 4 600°. 


QUALITATIVE X-RAY EXAMINATIONS OF THE 
POLYGONIZATION OF A 65/35 COPPER-ZINC SOLID 
SOLUTION 
A number of X-ray back-reflection photographs, using both 
focused and non-focused beams, have been taken on the 
samples studied by means of microscopic methods by P. A. 
Jacquet. In particular, various degrees of polygonization, 
which depend on the amount of initial deformation, have 
been observed after annealing at 600°. The finest polygoniza- 
tions correspond to the smallest deformations; the polygon- 
ization is indicated by arrays or randomly distributed groups 
of fine spots, which are well defined and very closely spaced. 
When a sample is extended very slightly and then annealed 
in steps, an increase in the distortion of the lattice is observed 
after the first annealing step of about ten hours at 200°. 
This result should probably be interpreted as a tendency 
towards an equipartition of the dislocations, which are at 
first distributed in a very heterogeneous way. Heat treatments 
at 400° and at 500°C lead to localised rearrangements, which 
are more easily observed by means of a microscope than with 
X-rays, at least when the common methods of examination 
are used on massive, polycrystalline samples. It is possible, 
however, by correlating the results obtained from micro- 
graphic examination with those obtained by means of X-rays, 
to notice groups of diffuse spots which indicate the joining 
of still very imperfectly crystallized and perceptibly mis- 
oriented domains. This stage preceeds the formation of 
elementary blocks, which are slightly misoriented with 
respect to one another. In the copper-zinc solid solution 
containing 65% of copper, those arrangements which are 
characteristic of the final polygonization, appear only after 

annealing at 600°. 


QUALITATIVE RONTGENOGRAPHISCHE UNTER- 
SUCHUNGEN DER POLYGONISATION EINER FES- 
TEN KUPFER-ZINK LOSUNG (65/35) 

Von den von P. A. Jaquet mikroskopisch untersuchten 
Proben wurden eine Reihe von Réntgenriickstrahlaufnahmen, 
sowohl mit fokusiertem als auch mit nichtfokusiertem 
Strahlengang, hergestellt. Nach Gliihung bei 600° C wurden 
verschiedene Polygonisationsgrade beobachtet, deren Ausmass 
von dem Ausmass der vorhergehenden Verformung abhing. 
Die schwachste Polygonisation entsprach der geringsten 
Verformung; diese Polygonisation zeigt sich im Réntgenbild 
als Reihen oder ungeordnete Gruppen feiner Schwarzungs- 
flecken, die wohldefiniert oder nahe benachbart sind. Wenn 
eine Probe leicht gedehnt und dann schrittweise gegliiht 
wird, zeigt sich nach der ersten Gliihung von 10 Std. bei 
200° C ein Anwachsen der Gitterverzerrung; dieses Ergebnis 
lisst sich wohl als eine gleichmassigere Verteilung der vorher 
sehr heterogen verteilten Versetzungen deuten. Gliihungen 
bei 400° und 500° C fiihren zu Ortlichen Umgruppierungen, 
die sich leichter mikroskopisch als réntgenographisch nach- 
weisen lassen, wenn man die tiblichen Untersuchungsmetho- 
den an massiven Proben anwendet. Es ist jedoch 
moglich, die mikroskopischen und réntgenographischen 
Ergebnisse miteinander in Beziehung zu setzen; man findet 
Gruppen diffuser Schwarzungsflecken, die darauf hindeuten, 


grossen 
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dass die noch immer ziemlich fehlgeordneten und missorien- 


tierte! 3ereiche beginnen, sich zusammenzulagern. Dies 
geschieht, bevor sich eine Struktur Elementarblécken 
die gegeneinander leicht missorientiert bildet 
Kupfer-Zink Legierungen, die 65°% Kupfer in fester | 
enthalten, ige Strukturen, die fiir das endgii 
Polygonisationsgefiige charakteristisch sind, erst 
ungen bei 600° C 


von 


sind, 


Itige 
h- 


treten derar 
nach Glii 


aul. 


Introduction 


En méme temps que se poursuivaient les 


examens au microscope, on a effectué par les 
méthodes courantes de diffraction de rayons X un 
sur les mémes 


certain nombre de 


éprouvettes (N° 3 et N° 4) au 


diagrammes 
cours de leurs 
traitements. 

Bien qu’il ne s’agisse aucunement d'une étude 
systématique, ces quelques sondages ont mené a 


la- 


des observations qui paraissent devoir étre sig1 
lées, notamment en ce qui concerne I|’influence sur 
le réseau cristallographique des premiers et des 
derniers traitements effectués sur l’éprouvette 
N° 3 (P. A. Jacquet, mémoire II, tableau I). 

Nous nous proposons donc de décrire ces expé- 
riences et de suggérer une interprétation plausible 


des résultats. 


Résultat des Observations 


Une premiére éprouvette (N° 4) a été examinée 
aux rayons X aprés que les observations au micro- 
scope aient permis de reconnaitre que la poly- 
gonisation des grains y était quasi-générale. 

On a pris un diagramme en retour avec un foyer 
bien défini* formé de deux lignes d’intensités 
inégales. Sur le cliché focalisé la grande majorité 
des taches, sinon toutes, montre qu’il s’agit a la 
réflexions caractéristiques du_ cobalt 


fois des 


(anneau 400 en a, encadré par les anneaux 420 et 
331 en 8) et de réflexions de Laue dues au spectre 
continu (figure 1). 


Les agrandissements de groupes de_ taches 


montrent l’accolement des domaines, et la finesse 


de certains d’entre eux (figure 2) prouve la qualité 
On 


retrouve en effet l’image exacte du foyer donnée 


de la cristallisation des blocs élémentaires. 


par nombre de ceux-ci. 


La polygonisation est encore visible sur un 


diagramme en retour du type banal (figure 3a) 


pris avec un foyer quelconque et la radiation du 
cuivre. L’avantage de cette méthode est de per- 
mettre la comparaison avec les diagrammes pris 
(voir P. A. 


figure 22) sur un échantillon faiblement étiré ou 


antérieurement Jacquet, mémoire I, 


sur une piéce témoin non déformée (figure 3b 


*L’appareil a été utilisé avant achévement du réglage du 
foyer. On disposait au moment de |’étude d’un foyer bilinéaire. 
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été déformée assez 


L’éprouvette n° 4 
irréguliérement on a cherché si d’autres types de 


ayant 


polygonisation, —plus fins ou plus grossiers — 
apparaissaient en dehors de la partie utile. En 
fait les clichés pris en ces différents points sont tous 
trés comparables, quoique la finesse des taches soit 
légérement variable. 

Par exemple, dans la région du congé, prés de la 
téte, on obtient un diagramme focalisé dont les 
taches sont trés finement subdivisées en éléments 
bien nets (figure 4). 

En se fondant sur les critéres de reconnaissance 
de la polygonistaion obtenus sur ces échantillons 
‘massifs et polycristallins on a entrepris de scruter 
l’éprouvette N° 3, aprés les différents traitements 
thermiques qu’elle devait subir (voir tableau I, 
mémoire de P. A. Jacquet, I]éme partie). 

Le point milieu de la partie utile de l’éprouvette 
a été systématiquement examiné aprés chaque 
traitement. La région du congé, qui a subi une 
plus faible déformation a été analysée aprés les 
premiers et les derniers traitements. 

L’influence du traitement a 200° sur I’éprouvette 
se déduit des diagrammes reproduits a la figure 5 
dont la partie supérieure est relative au milieu 
de l’éprouvette, la partie inférieure a la région du 
congé. Les diagrammes de gauche et de droite ont 
(3,8 
kg/mm?) et a la suite d’un traitement de 14 heures 
a 200°. 

Au centre, l'état écroui se traduit par des taches 


été pris respectivement aprés la_ traction 


larges, déplacées de la position théorique des 
anneaux,* et des taches de Laue trés floues (figure 
5a). Aprés traitement, les réflexions caractéristiques 
prennent une notable extension périphérique, 
restant peu nettes et discontinues (figure 5b). 

Le diagramme pris dans la région du congé, 
plus faiblement écrouie que la précédente, est 
caractérisé par des taches moins étalées que les 
précédentes (figure 5c). Le traitement a pour 
effet de produire une multiplication des réflexions 
qui dépasse largement ce que l’on serait en droit 
d’attendre d’une simple amélioration de la qualité 
cristalline des domaines réflecteurs (figure 5d). 

Dans ces deux régions, l’effet obtenu est sur- 
prenant et dépasse le simple rétablissement 
géométrique qui résulterait de la disparition des 
distorsions. 


Examinons maintenant le centre de l’éprouvette 


*En fixant la distance film échantillon 4 43mm environ, on 
recueille sur le film plan, a partir du centre, les anneaux 
(333) B, (420) a, (422) 8, et (331) a, avec la radiation du 
cuivre. 
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au cours des traitements a 400°, 500° et a 600°. 
Les diagrammes ordinaires (figure 6a et 0) évoluent 
vers la formation de plus en plus précise de l’an- 
neau Debye Scherrer, les arcs sont souvent ponc- 
tués, mais ce n’est que lorsque l’on atteint la tem- 
pérature de 600° que la polygonisation est franche- 
ment marquée par une trés fine subdivision des 
taches (figure 6c). A ce méme stade de recuit 
(traitement final de 600°), la région du congé 
présente une polygonisation plus nette encore que 
le centre (figure 6d) : il n’y a plus d’arcs Debye 
Scherrer mais des taches en essaims, d’aspect 
analogue a celles obtenues par |’examen de |’échan- 
tillon N° 4 (comparer avec la figure 3a). 

Les diagrammes focalisés, pris au centre de 
l’éprouvette aprés les derniers traitements a 400°, 
500° et 600° présentent a des degrés divers des 
signes plus ou moins nombreux de polygonisation. 

Aprés 3 heures a 400° (figure 7a) on voit quelques 
réflexions nettes, jamais franchement isolées, se 
dessiner dans des taches floues. Ces mémes signes 
sont plus marqués, plus fins aussi et plus nom- 
breux, aprés le dernier traitement a 500° (figure 7d). 
Dans le premier cas, on ne peut parler de poly- 
s'appuyant sur les résultats 


gonisation qu’en 


obtenus au microscope, dans le second cas, les 
rayons X se suffisent 4 eux-mémes. 

Enfin aprés avoir porté l’échantillon a 600° 
(figure 7c) on retrouve l’aspect caractéristique de 
la polygonisation, bien que les domaines élémen- 
taires soient souvent encore indiqués par des 
taches floues, en tout cas bien moins nettes que 
celles obtenues dans le cas de |’éprouvette N° 4 
(comparer la figure 7c avec les figures 1 et 4). 

En résumé, malgré la faible dispersion des 
clichés, qui n’autorise pas la mesure de la déso- 
rientation des domaines, on peut juger qualita- 
tivement du mécanisme des phénoménes précédant 
la polygonisation. 

Les domaines écrouis se morcellent en éléments 
plus ou moins perturbés et ceci dans tout |’échan- 
tillon dés le traitement 4a 200°. L’affinement des 
blocs élémentaires se continue ensuite, tandis que 
leur désorientation décroit, conformément a la 
théorie. 

Aux stades ultérieurs (recuits 4 400° et 500°) on 
voit se dessiner sur certaines taches des signes de 
polygonisation qui se précisent lorsque les recuits 
sont prolongés. 

Ce n’est qu’en portant |’échantillon 4 600° que 
ces marques sont généralisées et de netteté beau- 
coup plus accusée. 

Dans la région ot la déformation initiale était 


region mike 
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JACQUET: 


_le plus faible la désorientation des domaines sera 
la plus faible, sans toutefois étre aussi réduite que 
dans le cas de l’échantillon de référence (cf. figures 


6c, 6d et 3a). 


Discussion des Résultats 

Cherchons a analyser le phénoméne observé par 
le microscope et par les rayons X et que produit 
un traitement thermique de 14 heures A 200° sur 
un échantillon trés faiblement déformé. 

La micrographie montre la trés grande hétéro- 
généité de la déformation plastique : a la forte 
densité de glissements, donc de dislocations, au 
voisinage du joint de grain correspond un état de 
fortes tensions, bien différent de celui qui régne 
vers le milieu du grain.* I] en résulte des variations 
du paramétre moyen de la solution solide ce qui se 
traduit par l’allongement radial des taches du 
diagramme (figures 5a et 5c). 

Le traitement a 200° doit permettre aux disloca- 
tions de se disposer d’une maniére moins hétéro- 
géne, correspondant a un état de plus faible énergie 
—du méme coup s’opére une sorte de nivellement 
des tensions. 

Le microscope montre que la réactivité de la 
surface augmente alors considérablement,** et 
ceci en tous points, cependant que l’allure des 
diagrammes de rayons X change radicalement. 
Au centre de l’éprouvette, si les taches perdent leur 
allongement radial au bénéfice de leur extension 
périphérique, elles se divisent en méme temps en 
chapelets aux éléments irréguliers (figure 56). Dans 
la région du congé on assiste 4 une multiplication 
considérable des domaines réflecteurs, sans que 
des relations de voisinage ne se fassent jour. 

Dans le premier cas le microscope révélait de 
second—ou la 
faible, 


donc 


nombreux glissements, dans le 


déformation est sensiblement plus ces 


marques étaient trés rares. Il n’est pas 


des 
dif- 
férente dans chaque cas, la sous-structure soit 


répartition 
étant 


autrement surprenant que la 


dislocations avant le traitement bien 
également différente aprés un méme revenu. 

Les observations faites aux rayons X peuvent 
étre rapprochées de celles de Wood et de ses colla- 
borateurs [1; 2], reprises et interprétées par G. B. 
Greenough et Mrs. E. Smith [3] comme indiquant 
différents stades de la polygonisation de |’alumi- 
nium au cours du fluage ; bien que, dans le cas du 
laiton, déformation et recuit soient opérés en deux 
temps. 

Sans pouvoir préciser—dans l’attente de nou- 


**Mémoire II de P. A. Jacquet (figures 7 et 8). 
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velles expériences plus systématiques, le mécanisme 
du réarrangement des dislocations, on peut cepen- 
dant envisager deux processus, d’ailleurs apparen- 
tés, et menant tous deux, aprés une série de 
nouveaux traitements a deux états polygonisés 
quelque peu différents. 

Au centre, dés le premier traitement, on se 
trouve en présence de sous-grains trés perturbés, 
mais dont l’accolement est esquissé. Les traite- 
ments ultérieurs auront pour effet de diminuer la 
densité des dislocations dans les sous-grains en 
défauts de signes 


facilitant les annulations de 


contraires, et en réduisant déjA a partir des 


traitements a 500°, mais surtout a 600°, la désorien- 
tation des domaines élémentaires adjacents. 


Dans la région du congé, des domaines de 


cristallisation réguliére, dont les réflexions sont 


déja trés fines aprés le traitement a 200°, se re- 
600° en De 


nouvelles expériences seront nécessaires pour pré- 


groupent a essaims polygonisés. 
ciser l’évolution au cours des stades intermédiaires. 
Il se peut, étant donné que la composition de 
l’alliage est trés voisine de celle qui correspond 4a la 
limite de stabilité de la phase a—d’ailleurs difficile 
a déterminer avec précision [4]—que l’on se trouve 
en présence de modes de diffusion des atomes, ou 
d’interaction entre atomes de deux espéces et dis- 
locations d’un type trés particulier. 

On sait par ailleurs que Harrington et Jester 
[5] ont étudié pour des laitons a 85/15 et a 65/35 
thermiques modérés 


l’influence de _ traitements 


de différentes durées (entre 150° et 225°, et de 4 


4 100 heures) sur la conductibilité électrique des 


éprouvettes. Toutefois ce qui risque de rendre la 


comparaison fallacieuse, c’est que ces échantillons 


avaient subi préalablement des laminages extréme- 
ment importants, soit 37% ou 60% de réduction. 

I] peut étre intéressant cependant de noter en 
vue de nouvelles études systématiques sur les 
conséquences des faibles déformations dans les 
laitons a, que dans le cas de ces trés forts laminages, 
les auteurs observent au revenu un accroissement 
du durcissement, maximum au bout de 4 heures de 
traitement a 200° pour le laiton 65/35 le moins 
déformé. Tandis que le laiton le plus déformé 
(60%) 
traitement est 


lorsque le 
LOO 


pareillement 


s’adoucit trés sensiblement 


prolongé jusqu’a heures, 
37% et 


conserve la dureté acquise. Dans le méme temps, 


l’autre déformé a traité 


la conductibilité électrique augmente. 


Pour leurs résultats, les auteurs 


émettent Il’hypothése d’un durcissement structural 


expliquer 


par formation d’un précipité. 


Cette hypothése est aujourd’hui tout a fait 


= 
*Mémoire I de P. A. Jacquet (figure 16). ee 
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exclue, non seulement parce que le précipité en 
question n’a jamais été observé, mais surtout parce 
que l’allure de la limite de séparation des phases a 
et 6 a précisément la courbure inverse de celle qui 
est observée lorsqu’il y a précipitation. 

A l’époque déja, Maddigan, dans la discussion 
du mémoire de Harrington et Jester suggérait un 
mécanisme de migration des dislocations expli- 
quant l’accroissement de dureté, et simultanément 
la formation de germes de recristallisation. 

Encore une fois, bien que les conditions des 
expériences soient enti¢érement différentes, puisque 
dans le cas des faibles déformations il n’est pas 
question de recristallisation, il est intéressant de 
rapprocher le phénoméne que nous avons étudié 
d'un cas plus complexe, mais de grande importance 
pratique—ou l’effet que nous signalons pourrait 
persister, tout en demeurant localisé et sans doute 
mélé a celui de recristallisation. 

Si nous n’avons pas fait de mesures de dureté, 
l’observation au microscope de la surface trés 
réactive aprés le traitement a 200°,* l’allure des 
diagrammes de rayons X correspondants, semblent 
tous deux indiquer une augmentation de la dureté. 

L’accroissement de conductibilité constaté par 
les mémes auteurs pose une question intéressant 
la maniére dont les dislocations entrainent les 
lacunes du réseau en se réorganisant, et les consé- 
quences de leurs migrations sur l’état d’ordre ou 


de désordre cuivre-zinc du réseau. 


Conclusion 

En résumé on ne peut par les techniques que 
nous avons employées ici qu’entrevoir les grandes 
lignes du phénoméne, mais le fin détail de l’évolu- 
tion échappe. I] serait nécessaire de recourir du 
point de vue des rayons X a des méthodes comme 
celles de Guinier ou Tennevin [6] ou 4a des examens 
par microfaisceaux [7] pour préciser les dimensions 
des domaines élémentaires aux différents stades 
précédant la polygonisation. Ceci permettrait de 
préciser les hypothéses avancées au sujet des migra- 
tions de dislocations, et comme lI’a indiqué P. A. 
Jacquet, le microscope électronique serait égale- 
ment d’un grand secours pour l'étude des sous- 
joints. 

Dans parait 


état actuel des expériences, il 


difficile d’invoquer une autre interprétation de 


*Mémoire II de P. A. Jacquet (figure 8). 
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celle qui découle du mécanisme le plus simple de 
ceux qui se présentent a l’esprit, étant donné que 
les dislocations doivent se répartir suivant |’état 
énergétique le plus bas. Une faible énergie thermique 
serait suffisante, vu l’état de tension de la matrice, 
pour amorcer des migrations et des annulations de 
défauts de signes contraires, sans toutefois qu’un 
réseau de sous-joints puisse s’établir. Le traitement 
de 14 heures a 200° assurerait en quelque sorte une 
équipartition des perturbations par rapport a 
l’état antérieur. 

Les modifications de structure créées par ce 
mécanisme évolueraient lors des traitements a 400 
et 500° vers des réorganisations plus radicales, la 
mobilité des dislocations devenant alors plus 
grande. 

Dans le cas des déformations préalables les 
moins accentuées, le premier traitement semble 
surtout épurer les sous-grains en annihilant un 
certain nombre de défauts. La ot les glissements 
étaient apparus en grand nombre, les relations 
d'orientation entre domaines élémentaires se des- 
sinent déja pour se confirmer aux cours des traite- 
ments ultérieurs aux températures de 400° et 500°, 
quand les mouvements de dislocations sont plus 
amples. 

A partir du traitement a 600°, et dans les deux 
cas étudiés, apparaissent des signes caractéristiques 
de la polygonisation, avec cette différence que dans 
la région préalablement la moins déformée les 
essaims sont plus ramassés, dans l'autre cas la 
désorientation des domaines élémentaires est plus 
grande. 


Nous 


Friedel de nous avoir fait bénéficier de son expé- 


remercions bien vivement M. Jacques 


rience pour |’interprétation de nos résultats. 
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A RELAXED VACANCY MODEL FOR DIFFUSION IN CRYSTALLINE 
METALS* 


N. H. NACHTRIEB and G. S. HANDLERt 


A mechanism for diffusion in solid metals is proposed in which the rate-limiting atom movements 


occur within small regions of disorder in the crystal. The disordered regions consist, 


on the average, 


of 12 to 14 atoms which have relaxed inward around a lattice vacancy, and have an energy content 
about the same as the equivalent number of atoms in the liquid state. 


UN MODELE DE LA DIFFUSION DANS DES METAUX CRISTALLINS, BASE SUR DES 
LACUNES RETICULAIRES, RELACHEES 


On propose un mécanisme de diffusion 


dans des 


métaux solides, dans lequel les mouvements 


atomiques qui limitent la vitesse ont lieu au sein de petites régions désordonnées du cristal. Ces 
régions désordonnées consistent, en moyenne, en 12 a 14 atomes qui ont été relachés vers l’intérieur 


autour d’une lacune réticulaire, et dont l’énergie est approximativement 


nombre équivalent d’atomes a 1’état liquide. 


EIN SPANNUNGSFREIES LEERSTELLENMODELL DER 
KRISTALLINEN MI 


Es wird ein Diffusionsmechanismus in festen Metallen 
keitsbegrenzenden Atombewegungen innerhalb kleiner fehlgeordneter Bereiche des Kri 
Diese fehlgeordneten Bereiche bestehen im Durchschnitt a 


la méme que celle d’un 


DIFFUSION IN 
rALLEN 


vorgest hlagen, bei de m die 


geschwindig 
St ills € rfolge 


is 12 bis 14 Atomen, die um eine 


leerstelle gruppiert sind und sich in diesem Komplex spannungsfrei anordnen. Der 
dieser Anordnung ist etwa gleich dem der gleichen Anzahl von Atomen im fliissige1 


Introduction 


Atom movements in crystalline solids have been 
best explained in terms of lattice imperfections, 
notably vacant lattice sites and interstitial atoms. 
The latter are believed to be responsible for the 
diffusion of small atoms in a host lattice of atoms 
of large radius, while the former provide the 
widely accepted mechanism for self-diffusion in 
pure metals and in alloys in which the atom radii 
are not widely different (i.e., substitutional solid 
The 


fundamentally correct 


solutions). vacancy model is apparently 


for such and its 


cases, 


essential features will doubtless be retained in 
more elaborate theories of solid state self-diffusion. 
It shares with other mechanisms a rather serious 
defect, however; it offers no ready means of 
predicting the rates and activation energies for 
diffusion or of relating these kinetic quantities to 
the bulk physical properties of metals. Its real 
value has been qualitative conceptual, rather 
than quantitative. Even the most thorough-going 
discussion of the energy of formation and move- 
ment of vacancies in copper by Huntington and 
Seitz [1] disagrees with experiment by about 35 per 
cent. 

The point of view advanced in this paper is that 
consistent with experimental 


it may be more 


evidence to consider a model for diffusion in which 


the elementary acts are not the creation and move- 


*Received February 4, 1954. 
tInstitute for the Study of Metals, University of Chicago. 
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ment of a simple vacancy, but rather the creation of 
a small region of disorder whose movement through 
the crystal is the origin of exchange. Two essential 
differences are implied in this notion: (1) that the 
energy of formation of the imperfection must take 
into account a larger region of the crystal, and 
(2) that the elementary atom movements are not 
isolated events, but cooperative motions involving 
a number of atoms. 

The basis for regarding diffusion as a kind of 
small-scale cooperative phenomenon is a relation 
which has been found to exist between the activa- 
tion energies for diffusion in cubic metals and their 
fusion [2]. The simple relation 


latent heats of 


AH = 16.5 


obtained from a study of the effect of hydrostatic 


pressure on the rate of self-diffusion in sodium, 


applies to six f.c.c. and b.c.c. metals and to a-white 
phosphorous within experimental error, as Table | 
shows. The relation does not apply to lead with the 
same precision, although our recent measurements 
on this metal give an activation energy more nearly 
in agreement with equation (1) than does the less 
precise determination of Hevesy, Seith, and Keil 
[3]. It is interesting to note that no similar relation 
exists between the activation energy for diffusion 
and the latent heat of vaporization. Taken at face 
value, equation (1) suggests that diffusion in cubic 
The 


simple vacancy model, on the other hand, would 


metals is in some way related to fusion. 


lead one to expect a connection with sublimation. 


istand 
ie 
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TABLE I 
CALCULATED ENTHALPIES OF ACTIVATION 


FOR DIFFUSION 


OBSERVED AND 


AH (calc) 


AH (obs) 


Substance Structure 
cal/g atom 


f.c.c. 
Ag 
Cu f.c.c. 


50,280 
44,850 
50,920 


51,000 
45,950 

48,000 

| 54,000 { 
61,900 
59,700 
27,900 | 

| 24,500* 
9 360* 


10,450 


3060 
2730 
3110 


60,790 


59,640 
19,650 


3700 
3630 
1190 


Co f.c.c. 
Fe f.c.c. 
Pb f.c.c. 


9,920 
10,450 


601 
636.2 


P, (white) 
Na b.c.c. 


*Data of the authors, not yet published. 


The Enthalpy of Activation 

On any lattice imperfection model of diffusion we 
may regard the ‘‘experimental”’ activation energy 
as consisting of two terms: (1) an enthalpy of 
formation, AH,, of the particular lattice defect 
which is antecedent to diffusion, and (2) an 
enthalpy of activation, AH2, for the movement of 
atoms involved in measurable diffusion over 
macroscopic distances. AH, is the difference in 
heat content of an infinitely large crystal containing 
N lattice defects of the appropriate kind and the 
same crystal devoid of such defects. We assume 
that the equilibrium density of such imperfections 
in a pure substance is determined solely by the 
temperature and pressure. In the simple vacancy 
theory the lattice imperfections are considered to be 
discrete voids whose spherically inscribed volume 
is about equal to the atom volume. The energy of 
formation of such a void would be twice the latent 
heat of vaporization per atom if the atom were 
taken to the vapor. 

It is here that the present model departs from the 
discrete vacancy theory, by the proposal that the 
vacancy volume is locally distributed. In effect, the 
vacancy dissolves in the lattice as a result of the 
inward relaxation of the neighboring atoms. We 
shall refer to such dispersed vacancies and to the 
complex of atoms most closely associated with the 
excess volume as ‘‘relaxions,’’ and retain the term 
‘“‘vacancy”’ in its familiar sense to denote a discrete 
Several 


suggested. How many atoms comprise a relaxion? 


atom void. questions are immediately 


What is the basis for expecting an inward, rather 


than an outward, relaxation of atoms around a 


vacancy? What is the energy of formation of a 
relaxion? What is the configuration of atoms within 
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a relaxion? Finally, what is the equilibrium con- 
centration of relaxions? 

In an attempt to answer the first question, let 
us note two inferences which may be drawn from 
equation (1): 

1. The invariance of AH over a wide range of 
temperatures implies that the average number of 
atoms associated with a relaxion is constant. 

2. The coefficient 16.5 is somewhat larger than 
the number of nearest neighbors in a f.c.c. lattice 
(12) and of the sum of the nearest and next nearest 
neighbors in a b.c.c. lattice (14). 

Let us draw the naive conclusion that the num- 
ber of atoms most closely associated in a relaxion 
is of the order of 12 to 14, realizing that it is 
somewhat arbitrary to set any definite boundary 
on the disordered region.* We may expect the en- 
ergy changes associated with these displacements 
to be related to the latent heat of fusion and the 
volume change to be related to the volume change 
on melting later). The 
relaxion size with temperature implied by (1) is at 


(see independence of 
first surprising. One might have expected the size 
distribution as well as the number distribution to 
depend exponentially upon temperature, according 
to such heterophase fluctuation theories as Frenkel 
[4] has discussed. The reason for the invariance of 
relaxion size with temperature appears to be the 
short-range character of the interatomic forces. 
Relaxation of atoms about a vacancy is accom- 
panied by a decrease in free energy, and most of the 
energy change arises from the movement of the 
nearest (and in the case of b.c.c. lattices, next 
nearest) neighbors. 

That an 
displacement of the atoms surrounding a vacancy 


inward, rather than an outward, 


is to be expected may be argued on logical grounds 


if a suitable potential function can be found. 


No rigorous method is known, however, for com- 


puting the potential energy of an atom in a 


metallic crystal. Pair potential functions are 


incorrect in principle, although useful for rough 
estimates if the forces are sufficiently short range. 
form of 


Regardless of the exact the potential 


function, we recognize that it must have the pro- 
perty of repulsion for sufficiently close interatomic 
distances and attraction for great separations. For 
any crystal of minimum energy there is a balance 


*We neglect in this approximation contributions to the 
relaxion energy which might be described as interfacial 
energy or strain energy. Their effect would be to decrease 
the number of atoms which are regarded to comprise a re- 
laxion. Properly, of course, there is no interface and the use 
of an interfacial energy term is somewhat artificial. 
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between the forces of attraction and repulsion 
appropriately summed over all atoms in the crystal. 
The last two statements can be true only if the net 
forces between nearest neighboring atoms are 
repulsive. It then follows that removal of an atom 
from the interior of a metallic crystal must result 
in an inward 


neighbors.* Removal of an ion from the interior 


movement of its nearest former 
of an ionic crystal, on the other hand, would result 
in outward relaxation of the neighboring ions 
because of the repulsion of their Coulomb fields. 


Energy of Formation of Relaxions 


An exact calculation of the energy of a relaxion 


relative to the perfect crystal would require a 


detailed balance of all interactions and is not 


approximate 
calculation with an admittedly imperfect 


possible with potential functions. 
A rough 
function is nevertheless worth while, merely to 
indicate that large relaxation energies are involved. 
Slater [5] has represented the energies of the alkali 


metals by means of a Morse function: 


(2) 

where Uy is the energy of the crystal at 0°K, Z is 
the latent heat of vaporization (26.2 kcal/g atom 
for sodium), 79 is the nearest interatomic distance 
(3.72A), and a is a parameter derived from com- 
pressibility measurements (0.67 for sodium). Such 
a function disregards all interactions between 
atoms farther apart than nearest neighbors, and 
in so doing ignores the fact that the net force 
The 


energy per atom pair for a b.c.c. structure will then 


between nearest neighbors is_ repulsive. 


be given by 

(3) 

Relaxation of the eight nearest atoms surrounding 
the vacancy and of the six next nearest atoms to a 


closest-packed — 13.0 
Combined with the 26.2 kcal required to produce a 


configuration gives kcal. 


vacancy and a surface atom gives 13.2 kcal as the 


energy of formation of a relaxion. The agreement 


with the observed activation energy (10.45 kcal 


very instructive 
which Hilsch 
su pended bv 


worth calling attention to the 
magnet model of a two-dimensional crystal 
has described. Rod-form magnets axially 
threads from a central point take up a close-packed hexagonal 
array ina plane. The repulsive forces are due to the magnetic 
dipole interaction, and vary as 1/r*; the simulated attractive 
forces are the restoring gravitational component, and vary 
as r for small displacements. Such a model shows complete 
inward relaxation of the surrounding magnets when a central 
one is released from the array to simulate a vacancy. 


is 
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is as good as can be expected in view of the crude 
assumptions which underlie the calculation. 

sodium, 
Table I 


lattice is close-packed, how- 


Equation (1), first obtained for b.c.c. 
applies equally well to f.c.c. metals, as 
indicates. The f.c.c. 
ever, and no relaxation about a vacancy is possible 
if the atoms are regarded as hard spheres. Pre- 
take 


place if inward relaxation is to occur in such struc- 


sumably, considerable polarization must 


tures. 


Structure of Relaxations 


In the foregoing we have discussed in rough 
terms the energy, AH;,, required to form a lattice 
imperfection involving 12 to 14 atoms by a sym- 
metrical relaxation about a vacancy and have 
proposed that it amounts to about 12 to 14 times 
the latent heat of fusion per gram atom. Such a 
region would have a density about 7 to 8 per cent 
lower than that of the normal crystal if the vacancy 
within it. We 
believe that the density is only 3 to 4 per cent lower, 
for the last 


If this is so, such a region would have about the 


volume were entirely localized 


reasons to be discussed in section. 
same heat content as the same number of atoms 
in the liquid state. A symmetrical relaxion would 
then be one of the configurations of the liquid 
state. Atom movements within a relaxion resulting 
from the absorption of phonons would cause the 
configuration to progress through less symmetrical 
the liquid 


atom arrangements more typical of 


state. Within a relaxion atoms are considered to 
squeeze or roll past one another, but the movement 
of any one atom would entail the correlated move- 
ment of the remaining atoms.f In effect, atom 
movements within a relaxion are considered to take 
place with a rate and activation energy comparable 


to that observed for diffusion in liquids. 


Activation Enthalpy for Atom Movement 


If the enthalpy of relaxion formation is taken 
to be AH, = 14L, 
the enthalpy of activation for atom movements, 
about 2.5 Lp. 1600 


cal in 


for sodium, there remains for 


This amounts to about 
reasonably 
(2580 cal) 


the case of sodium, in 
agreement with the experimental value 
for the 
sodium. With such comparative freedom for atoms 


activation energy for diffusion in liquid 


to pass from one configuration in a relaxion to 


tIn this connection it is interesting to call attention to 
Zener’s ring model (Acta Cryst. 3, 1950, 346), 
wherein a ring of 4 atoms cooperatively rotates through an 
angle of 90 degrees in the elementary diffusion act. 


diffusion 


Oc A 
& 


SOO 


no macroscopic 
the 


there would still be 
diffusion if the 


particular lattice site where it was formed. Propa- 


another, 
relaxion were anchored to 
gation of a symmetrical relaxion would constitute 
a vacancy wave which would produce macroscopic 
diffusion in the same manner as the movement of a 
discrete We that a 
relaxion moves through the crystal with a Brown- 


vacancy, however. assume 
ian-like course because of scattering by phonons. 
The 
“freezing” 
activation energy of the order of Lm. Since ‘the 


process may be likened to ‘melting’ and 


one or two atoms at a time with an 


activation for diffusion in monatomic 


liquids is of comparable magnitude, we think it 
likely that the cooperative movement* of atoms 


energy 


within a relaxion is a process of similar probability. 
that the 
vacancy, interstitial, dir- 


In effect, this is to propose various 
diffusion mechanisms... 
ect exchange, and ring rotation... are partial 
truths and that an eclectic approach may be nearer 


to the true situation. 


Concentration of Relaxions 


If we assume that relaxions move through a 
metal lattice by a process which is comparable to 
small-scale melting, it is possible to make a simple 
Let X 


are 


estimate of their concentration. 
the 


present in relaxions at a given temperature and 


average 
represent fraction of all atoms which 
pressure, and let the average number of atoms 
per relaxion be denoted by g. Then if D, and D, 
are the the 


and liquid at a given temperature, the fractional 


self-diffusion coefficients for solid 


number of relaxions is simply 


(4 X 1D, 
g g 


D, can be estimated from the Stokes-Einstein 
equation 
kT 


Omnr 


For sodium, however, unpublished experimental 
diffusion coefficients in the liquid state are avail- 
able,t together with the activation energy for 


*Observation of the magnet model is instructive in this 
Readjustments involving many magnets occur 
The motions are so rapid and 
complex that it has not been possible to observe a relaxion 


connection. 
when a vacancy is created. 


wave. 

*+Mr. Robert E. Meyer 
diffusion in sodium between 
laboratory. The measured D, is 
101.7° and the activation energy is 2580 cal/g atom. These 
values may be compared with 4.17 X 107° cm? sec! and 
2470 cal/g atom, obtained by use of Andrade’s data (Proc. 
Roy. Soc. Lond. A157, 1936, 264) for the viscosity of liquid 
sodium at the same temperature and with the ionic radius 
(0.95A) for r in equation 5. 


has measured the rate of self- 
101.7°C and 176.5°C in this 
4.15 cm? sec™ at 
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extrapolation of the data to the undercooled range. 


Figure 1 shows a plot of log D versus 1/7 for 


liquid and solid sodium. Table II lists the relevant 


TABLE II 


CONCENTRATION OF RELAXIONS IN SODIU} 


D, (obs) 


9.22X10- 1.151075 8.04 10-5 
1.31X10-§ 2.08107 6.29 x10-4 
5.261078 3.001075 1.76107 
1.431077 3.88107 3.68107 2.631074 
1.651077 4.00107 4.131073 2.951074 
*Calculated from D,; = 1.33 X 107-3 exp(—2580/RT) (un- 
published data of Mr. R. E. Meyer for self-diffusion in liquid 
sodium). The results are not materially altered if D, is cal- 
culated from viscosity data with the Stokes-Einstein equation. 


D, (calc)* X n 

5.74X 1076 
4.49 «1075 
1.26 X 10-4 


0.3 
39.4 
69.3 
94.2 

5 


97. 


i) 


ul 


35 


) 


@ 


o 
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FiGuRE 1. Diffusion in solid and liquid sodium. 

data, together with the fractional number of re- 
for five temperatures. The 
values range 5.74 at 0.3°C to 
2.95 X 10-4 (extrapolated to the melting point), 


laxions calculated 


from 


and are consistent with general estimates of the 
fractional numbers of vacancies present in metals 


correspondingly near to their melting points. 


Activation Volume for Diffusion 


Further evidence that diffusion in solid metals 
may be regarded as a small scale cooperative 
phenomenon having some of the characteristics of 
melting may be deduced from the effect of hydro- 
static pressure on the rate of self-diffusion. The 
activation volume for diffusion is defined in a com- 
pletely general way by the relation 


(6) 


| 
| 
| 
| 
| 
| | 
H 
! 
LOG Xx 
oO a 
Le 
MP 
\ 
| 
| 
2 3 4 
+ xic 
= AV 
oP T _ 
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where AF is the activation free energy. AV ae:, 
like the activation free energy, enthalpy, and 
entropy, is a composite quantity and can be 
regarded as consisting of a volume change for the 
formation of N AV,, 
change for their movement and the movement of 
atoms within them, AV». Following Zener [6] we 
may define AF by means of the expression 


relaxions, and a volume 


2 —A4F/RT 
ve 


(7) 
where v is the average lattice vibrational frequency, 
a is the lattice parameter, and y is a constant 
determined by the lattice geometry and the 
assumed jump mechanism. Its value is unity for 
b.c.c. lattices for a vacancy mechanism. 

The limitations of equation (7) must now be 
noted. It was derived for mechanisms in which the 
elementary jump distance is well defined and 
geometrically related to the parameter. 
Moreover, it is implicit that a single characteristic 
lattice frequency with sufficient 
approximation to the truth. In the relaxion model, 


lattice 


may be used 
however, many atom movements take place on a 
scale small compared to the lattice parameter and 
unrelated to it in any simple manner. Further, the 
dominant vibration frequency in a relaxion must 
be somewhat lower than in a flawless portion of a 
crystal. In the face of these apparent objections, we 
nevertheless use equation (7) for the following 
reasons. Measureable diffusion occurs only when 
interchanged atoms are left in the wake of a moving 
relaxion. Only those movements of atoms within a 
relaxion contribute to diffusion which involve 
displacements amounting to mass rotation by one 
atom distance. Lesser movements are merely 
anharmonic vibrations which restore the atoms to 
their original sites on the perfect lattice. Such 
relaxions with sub-marginal heat content do not 
contribute to diffusion until an energy fluctuation 
(absorbed phonon) occurs. y is a constant, and its 


particular value will not affect the value of the 


derivative 


d log D ne) 


AV act = — RT dP 


(8) 
Finally, it is the variation of » with P which 
concerns us, not », itself. Griineisen’s relation shows 
that for sodium » increases only 16 per cent for a 
20 per cent increase in crystal density, and since a? 
and » vary in opposite ways with pressure, their 
product is constant to within 4 per cent for pres- 
sures up to 12,000 atmospheres. Without serious 


error we could have taken AV,., to be —RT 


HANDLER: 


DIFFUSION 801 


[d log D/dP],. In other words, this amounts to 
ignoring the change in the entropy of activation 
with pressure. 

the fractional variation ot 
AVact aNd AV usion aS a function of pressure up to 
12,000 atmospheres at 90°C for sodium. We note 


volume 


Figure 2 shows 


that equation (8) gives the activation 
referred to one mole of relaxions, and that for 


comparison with the volume change on fusion per 


| 


DIFFUSION 90°C. | 


FUSION 


| 
4 8 
PRESSURE (ATM. X 10>) 


AGI3-2 


FicurE 2. Volume changes (fusion and diffusion) for 


sodium as a function of pressure. 


gram atom it must be divided by the number of 
atoms in a relaxion. The interesting point to note 
is that the two quantities are of similar magnitude, 
and their variation with pressure is also similar. 
We should expect AV,,; to be larger than AV tusion, 
since the former includes AV, the activation vol- 
ume for the movement of atoms and relaxions. 
An experimental determination of the activation 


volume for liquid diffusion would now be interest- 


ing. 
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A STUDY OF THE PLASTIC DEFORMATION OF COPPER SINGLE 
CRYSTALS* 


C. R. CUPP} and B. CHALMERS} 


Single crystals of copper having uniform rectangular cross-sections, and of known orientations, 
were tested in axial tension using a ‘‘soft”’ tensile machine in which the applied load was independent 
of the resulting strain. During the course of stepwise loading of each specimen, a delay was found to 
occur between the beginning of the addition of each small stress increment and the resumption of 
plastic strain. The length of the delay time, in the order of a few seconds, was found to depend to 
some extent on the length of the waiting period, prior to the addition of a stress increment, during 
which time the load on the specimen is constant. The effect may be considered as a type of yield point 
phenomenon. Other results of this work indicated an effect of dissolved hydrogen on the mechanical 
properties of the specimens, and a transition point in the stress-strain curves of the specimens during 
the early stages of plastic strain. 


UNE ETUDE DE LA DEFORMATION PLASTIQUE DE MONOCRISTAUX DE CUIVRE 
Des monocristaux de cuivre de section réctangulaire, uniforme, et dont l’orientation était connue, 
furent soumis a une extension axiale dans un appareil de traction permettant d’appliquer une charge 
indépendamment de la déformation résultante. Lors de l’application étagée d’une charge A chaque 
échantillon, on a constaté qu'il y avait un délai entre le commencement de |’addition de chaque 
petit accroissement de charge et la reprise de la déformation plastique. II fut constaté que la durée 
du délai (de l’ordre de quelques secondes) dépendait, dans une certaine mesure, de la durée de la 
période d’attente qui précédait l’addition d’un accroissement de tension et pendant laquelle la 
charge sur l’éprouvette restait constante. Cet effet peut @tre considéré comme un phénoméne de 
limite d’écoulement. D’autres résultats de cette recherche indiquent un effet de l’hydrogéne dissous 
dans le métal sur les propriétés mécaniques des éprouvettes et un point de transition dans les courbes 
tension-déformation des éprouvettes en question, pendant les premiers stades de la déformation 
plastique. 
UNTERSUCHUNG DER PLASTISCHEN VERFORMUNG VON 
KUPFEREINKRISTALLEN 


EINE 


Kupfereinkristalle mit gleichférmigem rechteckigem Querschnitt und mit vorbestimmten 
Orientierungen wurden unter einachsigem Zug untersucht; es wurde eine ‘‘weiche’’ Zugmaschine 
benutzt, bei der die angelegte Last von der resultierenden Dehnung unabhangig war. Wenn man 
die einzelnen Proben schrittweise belastete, zeigte sich eine zeitliche Verzégerung zwischen dem 
Anlegen der zusatzlichen ausseren Spannung und dem Wiederbeginn der plastischen Verformung. 
Die Lange dieser zeitlichen Verzégerung, die von der Gréssenordnung einiger Sekunden war, hing 
zu einem gewissen Grade davon ab, wie lange man bis zum niachsten Belastungsschritt wartete, 
d.h. die Probe unter konstanter Belastung hielt. Man kann diesen Effekt als eine Art Fliesspunktser- 
scheinung betrachten. Andere Ergebnisse dieser Untersuchung deuten auf einen Einfluss des gelésten 
Wasserstoffes auf die mechanischen Eigenschaften der Proben hin; ausserdem zeigte sich ein Umkehr- 
punkt in den Spannungs-Dehnungskurven in den ersten Stadien der plastischen Verformung der 
Proben. 


the static stress-strain 
curve exhibits a definite yield point, and on other 


steels which do not exhibit definite yield points. 


annealed steel for which 


Introduction 
A number of investigators have observed and 
It was concluded that a definite time delay in the 
initiation of plastic deformation is associated only 


studied the delay time which may occur between 

(or increase) of a 

resulting 
associated 


and 
Such 
the 


the application stress, 
the 


observations 


with materials for which the static stress-strain 


curve exhibits a definite yield point. In later work, 


observation of the strain. 


are closely with 


existence of yield phenomena. The present paper 
describes a delay effect that has been observed in 
single crystals of copper; it appears to be distinct 
from any of the effects described previously. The 
delay phenomena reported in the literature are the 
following: 

Clark and Wood [1] made a series of rapid-load 
tests, using stresses exceeding the room-tempera- 
ture static-elastic limit, on a 0.19 per cent carbon 
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Wood and Clark [2] studied the influence of tem- 
perature on this time delay. In order to compare the 
results of rapid load tests with more conventional 
test results, static tests were made on 0.17 per cent 
carbon steel at temperatures of — 60°C, 23°C, 65°C, 
121°C 
approximately 


and Stepwise loading was used, allowing 


two minutes to elapse between 


points. It was noted that the static stress-strain 
121°C 


clearly the phenomenon of strain ageing. At these 


ro 


relationships obtained at 65°C and show 


temperatures appreciable strain ageing evidently 
takes place in the approximately two-minute inter- 
val between successive load increments. During the 
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performance of these tests, it was noted that “‘in 


several instances, the secondary yield points 
exhibit a definite delay time for the resumption of 
plastic deformation.’’ Except that these tests were 
on polycrystalline alloy specimens, and the plastic 
strain somewhat higher, the effect described in the 
quotation above is similar to that studied in the 
present work. In another study, Wood and Clark 
[3] investigated the effect of the presence and near- 
absence of carbon and nitrogen upon the delayed- 
yield phenomenon in steel. The delay was found 
to occur in steel which had been wet-hydrogen 
treated to remove the static upper yield point. 
They concluded that in order to remove com- 
pletely the effects of carbon and nitrogen upon the 
mechanism of yielding, the concentrations of those 
elements would have to be reduced to considerably 
lower values than were present in the wet-hydrogen 
treated material. 

Gensamer and Mehl [4] tested single crystals 
and polycrystals of iron by dead-weight loading in 
increments of between 70 g/mm? and 140 g/mm? 
and plotting strain-versus-time curves after each 
increment of stress. The load increments were ad- 
ded at intervals varying from six hours to five days. 
In all cases for stresses above the yield point, there 
was an initial delay time before flow began; the 
rate of extension then reached a maximum and 
finally decreased to zero. When the next increment 
of stress the behaviour 
observed. A valid comparison of these particular 
observations with others cannot be made since the 
strain sensitivity was not indicated, and the purifi- 


was added, same was 


cation of the specimens reduced the carbon content 
only ‘“‘to the limit for detection under the micro- 
scope,’ which may be a relatively high interstitial 
impurity content which would affect the plastic 
properties of the material. 

McReynolds [5], while studying stepped stress- 
strain curves of pure (99.996% Al) polycrystalline 
aluminium, apparently observed a phenomenon 
which is similar to that studied in the present work. 
This was not mentioned in the text but it may be 
seen in Figure 2 of McReynold’s paper that, after 
holding the stress constant for 15 minutes and then 
increasing the stress, the strain did not increase 
to any marked degree until a fairly large stress 
increment had been made. 

The presence of a yield point in body-centered 
cubic and close-packed hexagonal metals contain- 
ing small quantities of interstitial solute elements is 
well known. This, and the absence of well-estab- 
lished yield points in face-centered cubic metals 
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have been discussed recently by Smallman et al. [6] 
who observed yield points at liquid-air tempera- 
tures in single crystals of commercially pure 
aluminium and in 
aluminium containing copper, zinc and hydrogen. 
In all cases, ageing treatments at elevated tempera- 
tures were needed to induce the yield points. 


binary alloys of superpure 


Under similar conditions superpure (greater than 
99.99% 
phenomenon. 
The purpose of this paper is to present evidence 


Al) aluminium crystals gave no yield 


of a yield phenomenon in single crystals of copper, 
some observations on the effect of hydrogen on 
the mechanical properties of the crystals, and some 
observations on a transition in the stress-strain 


curve of copper crystals. 


Experimental Procedure 

Specimens were prepared from copper supplied 
by Messrs. Johnson, Matthey and Co., Ltd. who 
reported the major impurities to be silver 
(0.0003%-0.0005%), nickel (0.0003°%), and lead 
(<0.0004%) with faintly detectable amounts of 
gallium and calcium. 

The single crystals were grown in a machined 
graphite was fitted with 
cover and heated in argon in a furnace which has 
been described by Gow and Chalmers [7]. The 
crystals were usually grown in pairs originating 
from the same nucleus so that two crystals of the 
same crystallographic orientation could be com- 
pared after different thermal treatments. The 
crystals were separated by electrolytic cutting in 
order to prevent strains introduced into the 
crystal by mechanical working. Each crystal was 


boat which a suitable 


approximately 53-6 in. long, 3 in. wide, and 3/16 in. 
thick. The crystallographic orientation of each 
specimen was determined from Laue back-reflec- 
tion patterns by means of Greninger’s technique 
[8]. The specimens were each annealed for periods 
of time ranging from two to six days (the majority 
for six days) in vacuum (<5 X 10-'mm Hg), 
purified hydrogen, or argon. In all cases, the 
annealing temperature was in the range 975°- 
1000°C. 

An optical extensometer was carefully clamped in 
position on a specimen, and the specimen then 
mounted balanced 
machine. Descriptions of the extensometer and the 
testing machine are to be found elsewhere [9]. 


in the soft’’ tensile testing 


A slowly increasing tensile load was applied to the 
specimen until the elastic limit had been reached. 
It was possible to record a few stress-strain 
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measurements prior to the onset of plastic deforma- 
tion. These strain measurements, however, can be 
accepted only as approximations. Once the elastic 
limit of the specimen had been exceeded, small 
amounts of load were added to the specimen at 
recorded time intervals. The increment of stress in 
the specimen at each loading was in the order of 
10-20 g/mm?*. After the addition of a load incre- 
ment to the specimen, the total load and the 
specimen’s elongation were measured and recorded. 
At the end of a desired time interval, hereafter 
called the ageing time (usually in the order of 
minutes), during which the specimen remained 
under a constant load, the elongation was again 
recorded in some cases, and in all cases another 
load increment was added to the specimen. The 
time interval, called the delay time 
(in the order of seconds), between the beginning of 
the addition of a load increment and an increase 
of plastic extension was carefully measured and 


hereafter 


recorded. 

In order to eliminate the possibility that a 
spurious delay time was introduced by the machine 
or by the method of observation, it became 
necessary to examine the 
For this purpose, motion pictures were used to 
record the behaviour of the light beam reflected 
from the optical extensometer on the specimen. 
The delay time was recorded on film by photo- 
graphing the reflected light beam and, in the same 
field, a small electric light which indicated the time 
required for the addition of a load increment. To 
show that the delay time could not be due to the 
equipment or procedure, similar photographs were 
made when the extensometer was mounted on the 
steel ring shown 
spring steel and 


procedure critically. 


system shown in Figure 1. The 
was made of black oil-tempered 
was designed so that a given load increment on the 
spring, mounted in place of a specimen, would 
cause the same amount of extension as that 
occurring (on an average) in the copper crystals 
due to the same load increments. Thus the distance 
between the gauge marks on the brass dummy 
bars shown increased the same amount as on a 
specimen under an equal load. However, the ring 
remained elastic, while the copper specimen had 
deformed plastically. 

The specimen extensions were recorded to the 
nearest micron (strain = 2 X 10-*°cm/cm on a 
5 cm gauge length); the stresses were recorded to 
the nearest g/mm? in the range 0-300 g/mm?’, the 
sensitivity of the measuring system decreasing 
somewhat above that. 
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Steel test spring with brass dummy bars. 


FIGURE 1. 


Observations 


As has already been stated, a marked delay was 


found to occur between the beginning of the 


addition of a load increment and the observed 
onset of continued plastic strain. This delay was 
measured by using a stopwatch and visual observa- 
tions, and was confirmed by photographing the 
elongation of the crystal specimens as indicated by 
the light beam from the optical extensometer. 
The rate of loading during the addition of a stress 
increment was also measured, and from this 
information, and the delay time recorded during 
each stress increase, some portions of the stress- 
strain curves of typical crystals have been devel- 
oped in detail, and are shown in Figures 2-5. 


The figures located under each constant-stress 
portion of the curves indicate the ageing time in 
minutes during which the specimen was held at the 
indicated stress level. Usually a sequence of three 
or four measurements was recorded, with a shorter 


ageing time for each subsequent step of the 


sequence. In most cases it may be seen that the 


rise in stress, prior to an increase in plastic strain, 
is dependent on the length of the ageing time at 
which the specimen had been held before the load 
was increased. The curved portions of the stress- 
strain curves are quite arbitrary since no attempt 
was made to determine the exact strain value at the 
time of completion of a load addition. However, 
the curved sections show reasonably well the be- 
haviour of the specimens. It may be seen that there 
the stress- 


are two distinct types of “steps’’ on 


strain curve. The most common type has a rounded 
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FIGURE 2. Portion of stress-strain curve for crystal 11A. 


FIGURE 3. Portion of stress-strain curve for crystal 11B. 
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FiGuRE 4. Portion of stress-strain curve for crystal 12B. 

corner resulting from the fact that plastic strain 
was detected prior to the completion of a load 
increment addition. The other type of step has a 
sharp transition from the vertical rise in the stress 
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FiGuRE 5. Portion of stress-strain curve for crystal 15. 
to the horizontal increase in strain at a constant 
stress. This results from the delay time being equal 
to, or longer than, the time required for the 
addition of a load increment. 

Figure 6 shows a number of curves of delay 
times plotted against the waiting period prior to 
each delay measurement. The curves are numbered 
as sequences, with each succeeding set of measure- 
ments being made on the crystal at higher stress 
level. It may be seen that the delay times increased 
with the ageing period. The shortest waiting period 
is shown as one-half minute. This minimum ageing 
time was chosen since both visual and photo- 
graphic records indicated that an elapsed time of 
between 10 and 30 seconds was required for the 
rate of strain of the crystals to become impercept- 
ible. When the copper crystals were immediately 
subjected to a higher load, there was no delay 
time and, therefore, no yield point. It was men- 
tioned that it took from 10 to 30 seconds after the 
completion of a load addition before the rate of 
strain became too slow for detection. Therefore, an 
immediate reloading simply increased the already 
perceptible rate of strain. 

In testing the steel spring system described 
earlier, it was found that the delays, following 


ageing periods of the same order as those used for 


FIGURE 6. Ageing-time versus delay-time curves for 


crystal 11B. 


806 
| 
| 
Or f 4 o 
r= 
S* 
~ 
a 500} ] 
2 a 60 70 
| 3 
> | 
TRAIN cm/cm x 104 
3 
800r- he) 
/ 
/ 
/ 
/ 
2 
3 
750 J > STALL LOADED AT MAXIMUM RATE FOR 3 SECONDS 
® 
6 / RESTRICTE > 
2 / 
6 
60 0 90 
: 
| 


CUPP ano CHALMERS: PLASTIC DEFORMATION 


the copper, were too short to be readily measured 800 
by visual observations. Photographic records 
indicated that the delays were less than one-half 
second so that, for the crystal specimens, any 
delay above one-half second was entirely due to 
the behaviour of the copper, and could not be due 
to inertia or friction in the testing equipment. 
Also, unlike the behaviour of the metal crystals, 
perceptible deflection of the steel spring ceased 
within one-quarter second after loading had 
stopped. 

The stress-strain curves for some typical speci- 
mens of particular interest are shown below in 
Figures 7-11 and the specimens’ orientations are 
shown in Figure 12. The long dashes to zero stress 
on some of these diagrams indicate the course of 
the stress-strain curve during unloading, and the 
shorter dashes show the curve during reloading to 
the same stress. The solid circles on the curve for 
crystal No. 15 indicate that the measurements 
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Stress-strain curve for crystal 14. 


FiGurRE 10. Stress-strain curve for crystal 15. 
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FIGURE 7. Stres-strain curves for crystals 7A and 7B. 
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Stress-strain curves for crystals 11A and 11B. FiGuRE 11. Stress-strain curve for crystal 16. 


Ficure 8. 
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FiGurRE 12. Crystallographic orientation of specimens. 
were obtained while the base of the specimen was 
packed in solid carbon dioxide. All curves are 
drawn through the stress-strain conditions at the 
end of the ageing periods, and do not show the 
steps which are given, in detail, elsewhere. 

The crystals 7A and 7B (Figure 7) are of the 
same orientation but were annealed in 
for 72 hours and 50 hours respectively. The critical 
resolved shear stress was approximately the same 
for each crystal, but the rate of work-hardening 
for crystal 7B was considerably higher than that 
for 7A. 

Crystals 11A and 11B (Figure 8) are of the same 
orientation and were annealed, prior to testing, for 
146 hours. Crystal 11A was annealed 41 hours 
in hydrogen, and 105 hours im vacuo, while 11B 
was im vacuo the entire time. In this case the 
critical resolved shear stress was exactly the same 
for each crystal, while the rate of work-hardening 
was the same for each in the first part of the plastic 
region of the stress-strain curve, and greater in the 
second part of the curve (which started at a 
lower strain) for crystal 11A. In all cases where 
identical crystals were annealed for equal times in 
different atmospheres, the specimen annealed in 
hydrogen had a higher rate of work-hardening and, 
in two instances, a slightly higher critical resolved 
shear stress. 

Each of crystals 14, 15 and 16 (Figures 9-11) has 
two definite rates of work-hardening in the plastic 
region of the stress-strain curves. Table I shows the 


vacuo 


region of easy glide and the path (in degrees) _ 


which the pole of the specimen axis traverses 


during classical single slip. 


TABLE I 
Crystal number 
Region of easy glide (cm/cm X10*) 
Single slip path (degrees) 


Summary and Discussion 


A type of yield phenomenon has been observed 
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in single crystals of “‘superpure’’ copper tested at 
room temperature. A new feature of the present 
results is that the yielding has been found to occur 
in a face-centered cubic material with less than 
0.002 per cent. substitutional impurities present. 
It has been found that ageing for a few minutes 
in situ at 26°C, and under the maximum load to 
which the specimen had been subjected up to the 
time of ageing, is effective in producing yielding. 


Since a ‘‘soft’’ tensile machine was used, it was 


impossible to obtain a fall in load at the beginning 
of plastic deformation. However, the sudden yield- 


ing and subsequent rapid deformation was indicat- 
ive of the presence of a yield point which could be 
obtained by suitable ageing treatment, and which 
was absent if ageing was not allowed. 

It is interesting to note that the stress-strain 
curves shown in Figures 2—5 resemble the stepped 
stress-strain curves found for various alloys [10; 11]. 
However, the stepped curves for the alloys were 
obtained by loading the specimens at a steady and 
quite rapid rate, while the present curves result 
from discontinuous and slow loading. In other 
work on alloys [12], discontinuous, but rapid, 
loading was used. 

The dislocation theory mechanism proposed by 
Cottrell to explain strain-ageing effects and yield 
phenomena accounts for the behaviour which has 
been observed here. It has already been pointed 
out [6; 12] that a substitutional solute should be 
able to cause a yield point which would be expected 
to be weaker than the well-known yield point in the 
iron-carbon system. This is in agreement with the 
present observations. 

The consistent effect of developing a higher 
rate of work-hardening and/or a higher critical 
resolved shear stress by annealing one of two 
identical crystals in hydrogen would suggest that 
this atom in solution affects the slip mechanism. 
However, the effects of minor crystalline sub- 
structures should be determined before it is 
definitely concluded that the hydrogen alone is 
responsible for the effect. 

Liicke and Lange [13] have shown that crystals 
of aluminium stretched in tension show easy glide, 
provided they are pure and have orientations 
which avoid double slip. Figure 13 shows their 
results on two crystals of pure aluminium, one of 
which, A, deformed initially by single slip and show- 
ed a region of easy glide in which hardening was very 
small, while the other, B, deformed by multiple 
slip and began hardening immediately. Curve B 
is similar to some results obtained here, but curve 
A does not indicate the sharply defined region of 
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more rapid work-hardening which has been found 
for copper crystals. The two regions of easy glide 
and more difficult glide may be seen in all the 
stress-strain obtained with the single 
crystals of copper. A similar transition point in the 
stress-strain curve been observed in 
crystalline aluminium-base alloys [16], 


curves 


has poly- 


in high- 


gm/mmée 


SHEAR STRESS 


FiGURE 13. Stress-strain curves of aluminium 


crystals (after Liicke and Lange). 


pure 


purity aluminium single crystals (17; 18), and in 
copper crystals [19]. Masing and Raffelsieper [14] 
have shown that the region of easy glide in alu- 
minium became smaller the the 
orientation was to one giving multiple slip, and 
this has been confirmed here as shown in Table I. 
It should however, be noted that the increase in 


nearer initial 


the rate of work-hardening took place long before 


multiple slip would normally be expected to 


operate. 
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NOTE ON THE DISORIENTATION AND IMPURITY SUBSTRUCTURES 
IN ZINC SINGLE CRYSTALS* 


K. F. HULME} 


The systematic distribution of impurity when crystals are grown from the melt under certain 
conditions has been investigated for the case of zinc. The relationship of this impurity substructure to 
disorientations within the crystal has been studied using the Berg-Barrett technique; it was found 
that in some cases the disorientation boundaries and the impurity-rich regions coincided. The results 
are discussed briefly in the light of the theory of dislocations. 


UNE 


] NOTE SUR LES SOUS-STRUCTURES QUI PROVIENNENT DE L: 
DESORIENTATION ET I U 


DES IMPURETES, DANS DES MONOCRISTA 
DE ZINC 


On a fait une investigation, dans le cas du zinc, de la distribution systématique des impuretés, 
lorsque des cristaux sont formés, sous certaines conditions, 4 partir du métal liquide. La méthode 
de Berg-Barrett fut utilisée pour la détermination de la relation entre la sous-structure due aux 
impuretés, et la désorientation au sein du métal. On a constaté que dans certains cas les joints des 
régions désorientées et les régions d’impuretés coincident. Ces résultats sont britvement discutés 
en termes de la théorie des dislocations. 


\ 
X 


BEMERKUNGEN ZUR FEHLORDNUNGS- UND VERUNREINIGUNGSFEINSTRUKTUR 
IN ZINKEINKRISTALLEN 

Die systematische Verteilung von Verunreinigung in unter gewissen Bedingungen aus der Schmelze 

geziichteten Kristallen wurde an Zinkkristallen untersucht. Das Verhaltnis dieser Verunreinigungs- 

struktur zu Fehlordnungen innerhalb des Kristalls wurde mit Hilfe der Berg-Barrett Technik unter- 

sucht. Es zeigte sich, dass in einigen Fallen die Fehlordnunsgrenzen und die an Verunreinigung 

reichen Gebiete zusammenfielen. Die Resultate werden kurz im Rahmen der Theorie der Versetzungen 


diskutiert. 


Introduction 


and his co-workers have 


published several papers on the imperfections of 


Chalmers recently 
single crystals of metals grown from the melt. 
One of these papers [1] described observations of 
disorientations within single crystals. The crystals 
investigated were found to be divided into parallel 
rods by low-angle boundaries; the direction of the 
axes of the rods was intermediate between the 
direction of maximum temperature gradient during 
growth and a prominent crystallographic direction 
(in the case of tin the [110] direction). The dimen- 
sions of the rods and the disorientations between 
them depended on the growth conditions; rod 
diameters of 1 mm, and disorientations of 2 degrees 
were typical for tin grown at the rate of 10 cm/hr. 

In another paper [2], a second type of imperfec- 
tion was described; this was the effect of impurities 
in the melt on the growing crystal. Buerger [3] 
had recorded an example of this substructure and 
the association with impurity in the melt had been 
made by Smialowski [4]. A smooth growth front 
advancing into an impure melt is only possible 
under certain conditions; when these conditions 
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are not satisfied the solid-liquid interface becomes 
and the impurity in the resulting 
crystal is concentrated into the walls of an 
impurity substructure. Rutter and Chalmers [2] 
made observations on the growth front by pouring 
the remaining melt away when growth of a single 
crystal they found that the 
corrugation produced a roughly hexagonal network 
in most cases; the onward movement of this pattern, 
as growth proceeded, caused the crystal to be 
divided into hexagonaloid pencils with impurity 
concentrated in the walls between the pencils. 
Autoradiography was used to prove that the 
impurity lay in the walls of the structure. The 
connection with the etching patterns previously 
observed on single crystals by Buerger [3] and 
Smialowski [4] was obvious. The axes of the pen- 
cils were parallel to the axes of the disoriented 
rods described above, although the two types of 
imperfection were otherwise quite distinct; the 
diameter of the pencils was dependent on the 
speed of growth but was typically 0.05 mm for 
40 cm/hr Back-reflection Laue 
photographs of a crystal displaying this impurity 
substructure showed that there could be random 
orientation differences of up to 15’. [2, p. 22]. 

The present paper is an account of some further 


corrugated 


was incomplete; 


growth rate. 


work on these two types of imperfection in crystals 
of zinc. 
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The Preparation of the Crystals and 
Microscopical Examination 


The crystals were grown from 99.99 per cent+ 
purity zinc (“Tadanac’’) in an atmosphere of 
99 per cent purity argon by the travelling furnace 
method. A graphite boat was used to hold the zinc; 
it was 15 cm long, 2 cm wide and 7 mm deep; 
the orientation of the crystals grown was con- 
trolled by seeding with a small crystal of pre- 
determined orientation. The technique followed 
closely that described in a paper by Chalmers 
[5]. The speed of travel of the furnace was 2 cm/hr 
for all the crystals described below. 

After removal from the boat the crystals were 
subjected to a crystallographic etching reagent [6]. 
This not make orientation 
visible; this was in contrast to the observations of 
Teghtsoonian and Chalmers [1], although it must 
be noted that their tin crystals were grown at a 
somewhat higher growth-rate. 

After light mechanical polishing of the surface 
to be examined with “Brasso” on a ‘‘Selvyt’’ pad 


did any differences 


the crystals were electrolytically polished in 20 per 
cent CrO; solution; a current at the lower end of 
the polishing range made the impurity structure 
conveniently visible for low-power microscopical 
examination. This was due to the fact that during 
electrolytic polishing the impurity-rich portions 
dissolve most rapidly. The surface profile thus 
produced was readily detectable under the micro- 
scope when the surface was slightly out of focus. 

Measurements showed that for crystals grown 
by the method described above the temperature 
gradient at the solid-liquid interface falls during 
growth. The impurity content of the bulk melt also 
rises slowly during growth as a result of convection 
in the melt. The criterion for the appearance of 
the impurity substructure therefore becomes satis- 
fied at a well-defined stage during growth; there- 
after, the substructure prevails. For crystals of 
zinc grown as described above the last 2 cm to 
grow invariably showed this substructure; Figure 1 
shows the top surface of a crystal and it is seen that 
the impurity substructure has started at a reason- 
ably well-defined plane; in the photograph the 
growth direction was from left to right. In Figure 2 
a cross section very near the end of another crystal 
is shown; it shows the typical roughly hexa- 


ganoloid cells described by previous workers. 

In agreement with the observations of Smial- 
owski [4] it was found that when growth took place 
along a direction in the basal plane the hexagona- 
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loid cells were greatly elongated and became in 
fact lamellae parallel to the basal plane. This 
lamination occurred when the basal plane was 
horizontal in the boat during growth and thus did 
not appear to have a direct relationship to possible 
convective flow in the melt across the interface; 
the streamlines of the convective flow would be 
perpendicular to the lamination. Figure 3 is a 
cross section perpendicular to the growth direction 
of a crystal showing this type of impurity sub- 
structure; the crystal had been slightly deformed 
by hand after electropolishing to cause slip lines 
which delineate the basal plane; the slip lines are 
visible between the heavy black lines which are 
the impurity-rich regions. 


Description and Use of the Berg-Barrett 


Technique 


The Berg-Barrett technique has been used to 
study the orientation differences in a crystal 
showing the impurity substructure. The technique, 
originally used by Berg [7], improved by Barrett 
[8] and recently used by Honeycombe [9], in a 
study of deformation bands, is a form of X-ray 
microscopy. 

The surface from which the Berg-Barrett photo- 
graphs described below were obtained was a 
cross section a few millimetres from the termina- 
tion of growth of a crystal grown and prepared by 
the method given above. The orientation, which 
was determined by a back-reflection Laue photo- 
graph, was such that the growth axis was inclined 
at 85 degrees to the [0001] direction and 11 degrees 
to the [2110] direction; the impurity substructure 
was therefore in the form of laminations parallel 
to the trace of the basal plane. 

The X-rays 
line source 1 cm X 1 copper 
0.02 mm Ni filter the 
obtained consisted predominantly of the CuKa,e, 
doublet. The specimen was held in a goniometer 


72 cm. from the source. When the specimen had 


used were those from a vertical 


mm ona target; a 


was used and radiation 


been oriented correctly, Bragg reflection occurred 
the 
plate placed close to the surface and approximately 


from surface and a fine-grain photographic 


parallel to it was used to record an X-ray image of 


the surface. Kodak Maximum Resolution Plates 


were very suitable and graininess of the image was 
at 
the subsequent microscopical examination of the 


not observable the magnifications used during 
plate. The photographic plate was screened from 
the incident X-ray beam and was placed as close 


to the specimen as possible without interfering 


OCA 
a 


814 


with the incident beam. It was found to be most 
convenient to the 
surface of between 5 and 20 degrees and Bragg 


use angles of incidence on 
angles between 5 and 45 degrees. 

Figure 4 is a mosaic obtained from three micro- 
graphs of a single Berg-Barrett photograph of the 
surface; it is a negative as are also Figures 5 and 6. 
(By this is meant that blackening indicates X-rays 
have been reflected strongly from that region of 
the crystal and vice versa.) Light scratches were 
scribed on the surface of the specimen to assist 


comparison between various photographs of the 


same area. Two, which appear as broad white 
horizontal lines on Figure 4, are parallel to the 
trace of the basal plane and two others which are 
not straight run roughly vertically across the area. 
The end of a fifth is seen at the right. In this 
photograph the projection of the incident X-ray 
beam on 
horizontal scratches and runs from right to left 


the surface was parallel to the two 


across the photograph. 

Figures 5 and 6 are enlargements of another 
Berg-Barrett photograph of the same area; in this 
photograph the projection of the incident X-ray 
beam on the surface was perpendicular to the 
top to bottom. 
The area covered by Figure 5 corresponds to the 
bottom left-hand area of Figure 4, whereas Figure 
6 corresponds to the top right-hand area of Figure 
4. Although the Bragg planes operative were not 
ascertained, detailed leads to the 
conclusion that the reflection used for Figures 5 
and 6 was different from that used for Figure 4. 
Dust particles stuck to the emulsion are visible 


horizontal scratches and from 


comparison 


in some of the photographs; these are difficult to 
avoid and impossible to remove if they are picked 
up when the emulsion of the plate is wet. 

An optical micrograph of the surface was taken 
after the X-ray photographs had been obtained; 
unforeseen attack of the surface had taken place 
since electropolishing and has considerably reduced 
the visibility of the impurity substructure. The 
lamellae can be made out running horizontally in 
Figure 7, which corresponds to the left-hand lower 
portion of Figure 4. The appearance of the crystal 
before the corrosion was very similar to Figure 3, 
except that in this case there was no intentional 
deformation and therefore no slip lines. 


The Interpretation of the Photographs 

The details of the X-ray photographs are attri- 
buted to the following effects: 

1. Parts of the crystal which are disoriented so 
that they fail to satisfy the Bragg condition will 
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appear white. This is exemplified by the scratches 
and by the block-like regions in the top right of 
Figure 4. Further, the X-ray source is not of 
uniform intensity and the selection by neighbouring 
areas of the crystal of different portions of the source 
will result in intensity differences; these variations 
of intensity will be smooth if the crystal has no 
disorientation the source 
itself has smooth variations of intensity, but if 
there are disorientations the parts of the crystal 
on different sides of the disorientation boundary 
will select X-rays from widely differing points on 
the source and a sharp change of intensity will be 
observed between the X-ray images. There are 


boundaries, provided 


examples of this in Figure 4 also. 

2. Adjacent the 
disorientation boundary separating them will not 
only select their X-rays from different parts of the 


portions of crystal with a 


source (provided this is possible) but will send off 
their reflected rays at different angles. In the 
photographs this will result in the images of the two 
parts of the crystal either overlapping a little or 
failing to meet; the disorientation boundary will 
be seen as a black line in the first case or a white 
one on the second. Figures 4, 5 and 6 show this 
effect. Disorientations may be measured by this 
means, except components of disorientations cor- 
responding to rotations about the normal to the 
Bragg reflecting plane used. Typical disorientations 
as shown in the photographs are of the order 5’. 

3. The intensity of X-rays reflected will also be 
affected by any variation in the extinction. It is 
thought that disorientation boundaries and the 
impurity-rich regions may be effective in reducing 
the extinction although the result on the photo- 
graphs—black lines—is difficult to disentangle 
from the overlap effect mentioned above. The fact 
that slip lines on deformed crystals appear as 
regions of increased reflecting power on Berg- 
Barrett photographs is known [7] and lends sup- 
port to the view that dislocation boundaries cause 
reduced extinction in their immediate neighbour- 
hood. Many of the black lines in Figures 4, 5 and 
6 are attributed to this effect, especially those 
running perpendicular to the basal planes. 

4. The fact that the incident 
strictly monochromatic but consists of the CuKa,e, 
doublet means that in fact two images of each 
point of the surface will be formed. The Bragg 


radiation is not 


condition is: 
\ = 2d sin 6 


The angular difference between the two images is 
then given by 66 = 6\/2d cos 6 ~ 3’ in this case. 


HULME: SUBSTRUCTURES IN Zn SINGLE CRYSTALS 


No spurious black or white lines will appear on the 
photographs from this effect but where there are 
details they will be blurred. 

The conclusions to be drawn from a comparison 
of Figures 4, 5, 6, and 7 are as follows: 

(1) Twins have been produced near the scratches; 
they are responsible for the jagged edges of the 
scratches and the inclination of their traces to the 
basal plane trace is in agreement with the computed 
value for the cross section. The dark vertical lines 
coming down from some of the more prominent 
twins in Figure 4 are thought to be accommodation 
kinks made visible because of effect (3) above. 

(ii) The disorientation boundary running step- 
wise downwards in the top right of Figure 4, which 
is seen by reason of effects (1) and (2), is a strong 
one; it is also visible in Figure 6 as a white line. 
The fact that there is an overlap in Figure 4 and 
the opposite in Figure 6 is not necessarily inconsis- 
tent; the reflections used are different. 

(iii) The crystal is split into blocks by low-angle 
boundaries. Figure 4 shows this very strikingly. 

(iv) Where the boundaries run approximately 
horizontally in the X-ray photographs they coin- 
cide with the impurity-rich regions. The general 
trend and the spacing of the lines correspond in 
Figures 5 and 7 and the bottom left of Figure 4. 
A detailed comparison of a line of recognizable 
shape is possible. This is the line running from left 
to right starting from the extreme left vertical 
scratch in Figure 4, four lines below. the bottom 
horizontal scratch; compare it with the first line 
below the horizontal scratch in Figure 5 and the 
fourth line below the bottom scratch in Figure 7 
(the scratches appear of different width in the 
three cases). 

Discussion 

The block-like structure revealed by the X-ray 
photographs brings to mind the mosaic structure 
postulated by Darwin [10] to explain the intensity 
of X-ray reflections; but block dimensions in the 
range 10-4cm to 10~*cm were needed by this theory 
whereas the dimensions of the blocks in Figure 4 


are larger than 10~*cm. Also it must be remembered 


that a systematic distribution of the impurity 
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exists in the crystal from which the photographs 
were obtained. 

The low-angle boundaries in the cry stal can be 
regarded as arrays of dislocations; experimental 
evidence of this has been provided by Vogel et al 
[11]. A possible mechanism for the production of 
the the 
boundaries they found in tin has been given by 
Whatever the 


method of production of dislocations, it appears 


dislocations responsible for low-angle 


Teghtsoonian and Chalmers [1]. 
that during the rearrangement behind the solid- 
liquid interface the impurity-rich layers of the 
impurity substructure provide resting places for 


The 


atoms and dislocations is well known [12] and the 


many of them. interaction between solute 


fact that the interaction is greater for edge disloca- 
tions than screw dislocations may have some rela- 
tion to the fact that the low-angle boundaries in 
crystals grown from the melt found by Chalmers 
and Teghtsoonian [1] and Vogel [11] consisted of 


edge dislocations. 
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THE EFFECT OF SHORT-TIME MODERATE FLUX NEUTRON 
IRRADIATIONS ON THE MECHANICAL PROPERTIES 
OF SOME METALS* 


F. W. KUNZ and A. N. HOLDENT 


Single crystals of iron, lead and zinc were irradiated at room temperature to a total flux of 10'8 
nvt to determine the effect of neutron irradiation on the mechanical properties of these metals. 
The flow stress of the iron and zinc crystals as measured from load versus elongation curves was 
markedly increased after the neutron exposure. The flow stress of the lead crystals remained unchanged 
after irradiation. Irradiated iron crystals were annealed at temperatures ranging from 200°C to 
500°C for times ranging from one to 10‘ minutes, following which they were tested in tension to 
determine the extent of recovery of the mechanical properties. The extent of recovery was determined 
by comparing the observed yield strength of the partially recovered crystals with yield strength 
of crystals in both the irradiated and unirradiated condition. An equation of the form r = A exp 
(Q/kT) was found relating the time for any fixed amount of recovery to the absolute recovery tempera- 
ture. The determined activation energy for recovery Q is equal to the activation energy for self- 
diffusion in iron. Various radiation hardening mechanisms are also critically reviewed. 


ET DE L’IRRADIATION DE COURTE DUREE PAR UN FLUX MODERE DE 


EUTRONS SUR LES PROPRIETES MECANIQUES DE CERTAINS METAUX 


On a irradié des monocristaux de fer, de plomb et de zinc, 4 la température ambiante, jusqu’a 
un flux total de 10'8&nvt, en vue de déterminer |’effet de l’irradiation aux neutrons sur les propriétés 
mécaniques de ces métaux. La tension d’écoulement du fer et du zinc, mesurée a partir de la courbe 
charge-élongation, était considérablement plus élevée aprés |’irradiation aux neutrons. La tension 
d’écoulement des cristaux de plomb restait inchangée aprés l’irradiation. Les cristaux irradiés de 
fer furent recuits 4 des températures allant de 200°C a 500°C pendant des temps allant d’une minute 
a 104 minutes, ensuite ils furent soumis a des essais de traction en vue de déterminer le degré de la 
restauration des propriétés mécaniques. Le degré de la restauration fut déterminé en comparant la 
tension d’écoulement des cristaux partiellement restaurés a la tension d’écoulement des cristaux 
a l'état normal et a l'état irradié. On a trouvé une équation de la forme rt = Aexp(Q/kT) qui relie 
le temps nécessaire pour une restauration déterminée a la température absolue de restauration. 
L’énergie d’activation déterminée pour la restauration, Q, est égale a l’énergie d’activation pour 
liffusion dans le fer. Divers mécanismes de durcissement par irradiation sont revisés d'une 


ritique. 


DIE WIRKUNG EINER KURZEN NEUTRONENBESTRAHLUNG MASSIGER 
INTENSITAT AUF DIE MECHANISCHEN EIGENSCHAFTEN EINIGER 
METALLE 


Eisen-, Blei- und Zinneinkristalle wurden bei Zimmertemperatur mit einer Geamteinstrahlung 
von 8 nvt bestrahlt um die Wirkung von Neutronenbestrahlung auf die mechanischenEigenschaften 
dieser Metalle zu ermitteln. Die aus Last-Dehnungskurven gemessene Fliesspannung der Eisen- 

Zinkkristalle nahm nach der Neutronenbestrahlung merkbar zu, wahrend sich in den Bleikri- 
die Fliesspannung nicht durch Bestrahlung andert. Die bestrahlten Eiseneinkristalle wurden 
inem Temperaturbereich zwischen 200°C und 500°C gegliiht. (Gliihzeiten zwischen einer und 

‘ Minuten) Danach wurden sie unter Zug untersucht, um das Ausmass der Erholung der mecha- 
nischen Eigenschaften zu bestimmen. Das Ausmass der Erholung wurde durch Vergleich der Streck- 
grenzen von teilweise erholten, bestrahlten und unbestrahlten Proben ermittelt. Es zeigte sich, 
dass eine Gleichung der Form r = A exp (Q/kT) die fiir ein festgesetztes Ausmass der Erholung 
erforderliche Zeit mit der absoluten Gliihtemperatur in Beziehung setzt. Die so ermittelte Aktivie- 
rungsenergie der Erholung Q ist gleich der Aktivierungsenergie der Selbstdiffusion in Eisen. Es 
werden ausserdem verschiedene Vorstellungen tiber den Mechanismus der Strahlungsverfestigung 
kritisch diskutiert. 


I ao crystals provided the first information of a funda- 
ntroduction mental nature about radiation damage to mechani- 


Until recently very little was known about the cal properties. Blewitt found that the critical 
effect of neutron irradiation on the mechanical _ shear stress for slip in copper was increased mark- 
properties of metals. The .extent of knowledge edly by exposure to neutrons in a reactor, but that 
only that the indentation hardness of the strength of the crystals, after extensive plastic 


included 
metals was increased by such radiation and that flow had occurred, was not seriously different from 
the increase in hardness was less marked for metals that of unirradiated specimens. In other words, 
hardened by some other means prior to irradiation. the flow curves for irradiated and unirradiated 
The work of Blewitt et a/. [1] with copper single copper crystals merge at higher strains. 
—$____ Blewitt et al. [2] also observed that the recovery 


rom radiation-induced damage to the mechanicz 
tKnolls Atomic Power Laboratory, Schenectady, New 3 ul 
York. 
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properties of copper required annealing in the 
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neighborhood of 300°C for times consistent with 
the activation energy for self-diffusion in copper. 
Because of the useful results obtained by Blewitt 
with copper crystals, it seemed important that 
similar studies be made with single crystals of other 
metals, particularly those with different crystal 
structures. Such studies are described in this paper. 
In addition, both X-ray and elastic- 
constant measurements with 
crystals in order to reveal if possible the nature of 
the defects causing damage and these results are 
reported. Finally, an attempt has been made to 


studies 


were made poly- 


assess several mechanisms for the effect of radiation 
on mechanical properties, in so far as is possible 
with certain critical experiments either to be 
carried out or to be confirmed. 


Experimental Methods 


Large iron crystals were grown in 0.037 inch- 
thick decarburized strip steel by a strain-anneal 
technique. Tensile specimens were machined from 
the crystals and subsequently carefully annealed. 
Two or more tensile specimens of the same orienta- 
tion were cut from each crystal, so that an un- 
irradiated control specimen was available for 
comparison with each specimen irradiated. One 
very large iron crystal was cut into sixteen (16) 
identical tensile specimens, and all but two were 
irradiated. The fourteen (14) irradiated crystals 
were given recovery treatments at various tem- 
peratures and for various times to determine the 
activation energy for recovery from mechanical 
damage. Another large iron crystal was cut into 
eight (8) specimens, four of which were irradiated. 
The effect of varying strain rate on both irradiated 
and unirradiated crystals was studied with the 
eight specimens. 

Zinc crystals were grown by progressive solidifi- 
cation in glass tubes. These crystals were about 
They 


0.180 inch in diameter and 6 inches long. 
were cut in half so that in every case two 3-inch 
long crystals of identical orientation were available, 
one for a control test and the other for irradiation. 

Lead crystals 0.125 inch in diameter were grown 
in split graphite molds by a progressive solidifica- 
tion technique. They were also 6 inches long and 
cut in half to provide similar pieces for irradiation 
and control. 

Tensile tests on all crystals were done at room 
temperature in a screw-loading tensile machine with 
automatic recording of crosshead motion and load. 
Care was taken to use identical initial crosshead 


separations and identical rates of crosshead travel 
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for each set of irradiated and unirradiated crystals. 
However, different initial separations and rates of 
motion were used for different metals. 

All irradiations were done at Brookhaven for 
periods of about one week in an air-cooled portion 
of the reactor. Fluxes were approximately 10” 
thermal neutrons/cm?/sec and temperatures were 
less than 50°C. 

In addition to the single crystal tensile data, 
X-ray diffraction data were obtained from poly- 
crystalline specimens of zinc, brass, copper and 
magnesium. These specimens were carefully mach- 
ined and annealed and the positions of Debye rings 
were determined with either a Geiger counter X-ray 
spectrometer or a focusing back-reflection film 
camera. Duplicate specimens of each metal were 
irradiated to 2.4X10'§ nvt and were examined in 
the same manner. The work was difficult because 
of the the 


specimens, and a technique of shielding all but the 


increased background of irradiated 
entrance slit of the Geiger counter was used to 
carry out this study. The background was main- 
tained at the same high level during examination of 
the unirradiated specimens by keeping an irradiated 
sample in a nondiffracting position proximal to the 
specimen being studied. 

Finally, polycrystalline specimens of copper and 
aluminum were machined to the form of cylinders 
suitable for use with the ultrasonic pulse equipment 
for measuring elastic constants as described by 
[3]. 
annealed and the elastic properties measured both 


Reynolds These cylinders were carefully 
before and after irradiation. 

In all tensile tests and X-ray examinations both 
the control specimen and the irradiated specimen 
were tested or examined on the same day to elimi- 
nate any chance variation in equipment or tech- 
nique. This was not done with elastic measurements, 
as the same specimen was measured before and 


after irradiation. 


Results 


Iron—The effect of 10'8 nvt of radiation on the 
plastic flow behaviour of iron crystals is shown for 
two typical crystals in Figure 1. In these tests the 
yield stress was increased about 90 to 100 per cent 
by irradiation. The early flow stress was raised by 
irradiation but after some 16 per cent elongation 
the two curves came together and there was little 
or no difference thereafter. The tensile strength 
of irradiated and unirradiated crystals was the 
same within experimental error. The ductility of 
the irradiated crystals was not decreased. In fact, 


@ 
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the irradiated crystals fractured at a greater per 
cent elongation. 

The results of the recovery tests on the sixteen 
identical iron crystals were as follows: The yield 
stress of the crystals after irradiation as determined 
with two crystals was about 10,500 psi. The yield 
stress before irradiation as determined with two 
annealed crystals was 7,000 psi. The yield stress of 
each of the remaining twelve irradiated crystals 
after annealing for differing times at either 300, 
275, 250 or 225°C, was found to lie at some value 
between 7,000 and 10,500 psi. These yield stress 
values are indicated for each specimen on Figure 2 
where yield stress is plotted against the logarithm 
of the annealing time. A cross-plot of the logarithm 
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Ficure 1. Effect of irradiation on mechanical behavior 
of pure iron single crystals. 
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FIGURE 2. The effect of temperature on the recovery of 
irradiated single crystals of iron. 
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of the time at half recovery of yield stress r against 
1/T, as shown in Figure 3 gives a line whose 
slope indicates an activation energy of 3.1 ev. 
This value is precisely the value for self-diffusion in 
iron [4]. 

The effect of strain rate on the stress strain curve 
of an iron crystal is shown in Figure 4 for an 
unirradiated crystal and in Figure 5 for an irradia- 
ted crystal of the same orientation. 

Zinc—The results of both 
annealed and 2.4X10'* nvt irradiated zinc single 
crystals are shown in Figures 6, 7 and 8. The 


tensile tests on 


crystals used to obtain Figures 6 and 7 were of 
quite soft orientations and deformed several per 
cent by slip before twinning occurred. The crystal 
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FIGURE 3. Temperature dependence of the recovery time 
for neutron irradiated iron single crystals. 
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rates for non irradiated iron sheet crystal of identical orienta- 
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of Figure 8 was of an orientation that twinned 
almost immediately. It was found that crystals 
having soft orientations were strengthened several 
times by irradiation, particularly for the early 
stages of plastic flow. Crystals with twinning 
orientations were apparently little affected by 
irradiation since they could be deformed at about 
the same stress irradiated as unirradiated. 
Lead—The effect of neutron irradiation on the 
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FiGcurE 5. Nominal stress vs. elongation at various strain 
rates for irradiated iron sheet crystals of identical orientation. 
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FicureE 6. The effect of neutron 
crystals of similar orientation. 


irradiation on zinc single 


FicureE 7. The effect of neutron irradiation on zinc single 
crystals of similar orientation. 
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tensile behavior of lead single crystals is shown in 
ultimate 
strength of the lead crystals were not affected 
seriously by 2.4 10'8 nvt. The ductility, however, 
as measured by per cent elongation to fracture was 


Figures 9 and 10. The flow stress and 


increased by irradiation, in one case by a factor of 
the necking in 
single crystals of lead (i.e., thin knife-edge) it is 
difficult to say whether the load-elongation curve 


2.5 Because of nature of these 
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FicurE 9. The effect of neutron irradiation on lead single 
crystals of similar orientation. 


FicurE 10. The effect of neutron irradiation on lead single 
crystals of similar orientation. 
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gives a true picture of the increase in ductility. 

X-ray examination—In the case of copper and 
magnesium, there was some line-broadening but 
no detectable line shift. The zinc proved too 
radioactive to study with the Geiger counter even 
with 2 inches of lead covering all of the Geiger 
counter except its slit system. The brass showed 
both line broadening and line shift. The line shift 
in brass, however, was of the nature of an isotropic 
expansion. This expansion was more accurately 
confirmed with a focusing back-reflection camera. 

Elastic constants—The results of elastic measure- 
ments after 2.4X10'* nvt of radiation compared 
with the elastic measurements before irradiation 
are shown in Table I for 2S aluminum and for two 


TABLE I 


RESULTS OF THE ELASTIC CONSTANT MEASUREMENTS 


cm/sec dynes dynes ratio 


cm? cm? 


Al #1 Annealed 6.46 3. 2.63 .09 
Al #1 Irradiated 6.30 : 2.65 Os 


.348 
336 


Al #2 Annealed 6.47 .28 .344 
Al #42 Irradiated 6.27 


Cu #1 Nat. Res. 


Corp. Annealed 4.63 
9 


Cu 4l Irradiated 4.62 


Cu #2 OFHC 
Annealed 4.71 ‘ 8 3.01 
Cu #2 Irradiated 4.72 3.02 


different grades of copper. The precision of a single 
value of velocity is about 0.02105 cm/sec, but 
the reproducibility of the velocity is about 0.1 «105 
cm/sec. 

In all cases, the changes observed after irradia- 
tion are small, and they are not consistent as to 
magnitude or direction. For all practical purposes, 
one can say that the exposure to neutrons reported 
here had no effect on elastic properties. 


Discussion 


It is now that irradiation hardens 


(raises the yield and early flow stress) all common 


apparent 


metal crystal structures—face-centered cubic, body 
centered cubic, and hexagonal close packed. It is 
also certain that recovery of mechanical properties 
from radiation damage requires a process with an 
activation energy equal to that for self-diffusion in 
the metal. 

In the case of low melting-point metals such as 


ACTA METALLURGICA, 


VOL. 2, 1954 


lead, radiation recovery must proceed at room 
temperature. No ready explanation for the apparent 
increase in ductility of lead has occurred to the 
authors. Small increases in strain-to-fracture values 
were also observed with irradiated iron. 

The X-ray results have thus far indicated only 
line-broadening slight isotropic expansion. 
The elastic measurements have shown little or no 
much higher 


and 
change. Evidently exposures to 
neutrons will be required to obtain changes that 
can be interpreted in the case of both the X-ray 
and elastic constant measurements. Plastic mech- 
sensitive to the 
by radiation 


anical measurements are more 


submicroscopic defects produced 


than either elastic or X-ray measurements. 


Radiation Hardening Mechanisms 


If we assume that the damage produced in a metal 
by high-energy neutron radiation consists of atoms 
in interstitial lattice positions and lattice vacancies 
from which the atoms have been knocked, the 
mechanical behavior of metals might be affected 
in at least three ways. First, the random defects 
may interfere with the motion of dislocations. 
Second, the defects may anchor dislocations in the 
Cottrell fashion. Third, the defects may agglomer- 
ate and cause precipitation hardening of the metal. 

Random defects—Let us first that 
interstitials or vacancies simply impede the motion 


consider 


of dislocations because they are regions of high 
local compression (or tension) which interfere with 
dislocation motion. It is obvious that a high den- 
to hamper 
seriously a dislocation in motion. Furthermore, if 


sity of defects would be required 
the effect of single randomly positioned defects on 
the 

activation 


dislocations is principal cause of 
the 


recovery from radiation hardening should be con- 


moving 


radiation hardening, energy for 
sistent with the activation energy for diffusion of 


vacancies and interstitials.* We know, however, 
from the measurements made here and by Blewitt 
that from radiation 
hardening requires the same activation energy as 
ten 
the 


and co-workers recovery 


self-diffusion, which is from two to times 


greater than the which defects 


should move. 
Cottrell anchoring—A second possible effect of 


energy at 


*The activation energy values for diffusion of vacancies or 
interstitials are still equivocal. Huntington [5] has assigned 
the values of 0.25 ev for interstitially displaced atoms and 0.7 
ev for vacancies in copper. Overhauser [6] agrees with 0.7 ev 
for vacancies but insists that interstitials require an even high- 
er energy. It seems certain that both defects must move with 
an activation of 1.2 ev or less. 


Specimen V_X10° VsX10° GX10" EX10" Poisson 
0 
- 2.30 4.71 12.58 0.336 
2.26 4.55 12.21 0.342 
. 0.337 
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vacancies and interstitially displaced atoms on 
mechanical properties is that of segregation at 
dislocations and consequent anchoring of the dis- 
locations in the Cottrell [7] fashion. Pure edge 
dislocations in any of the simple metal structures 
would not be anchored in this way, since the 
displaced atom or the vacancy would merely add 
on or subtract from the extra plane of the disloca- 
tion and cause a jog in its singular line that does 
not impede its motion. Marx, Cooper, and Hen- 
derson [8] have suggested that many of the inter- 
stitials and vacancies in fact might be swept out by 
plastic deformation. Displaced atoms or vacancies 
cannot cause a jog in a screw dislocation, nor can 
they anchor screw dislocations under all conditions. 
In face-centered cubic structures screw dislocations 
cannot be anchored by either interstitials or vac- 
ancies since the stress fields of these defects are 
spherical while the field of a screw dislocation is 
amost pure shear and there can be practically no 
interaction. In body-centered cubic metals screw 
dislocations will again not be anchored by vacan- 


cies, but the interstitial in body-centered cubic 
1 


distortion 


metals will prefer a 3, }, 0 position where it does 


produce a_ shear and therefore can 
anchor the screw component of any dislocation. 
It was pointed out recently by Ardley and 
Cottrell [9] that interstitial defects can anchor the 
half-dislocations that are the glide units in face- 
centered cubic metals. Such dislocations have the 
added advantage that they cannot be annihilation 


half- 


dislocations cannot be jogged. One might also 


sinks for vacancies or interstitials since 


point out that the hardening produced in copper by 
radiation manifests itself in a yield point type of 


initial the 
brass—that is, it behaves as if hardened by a 


flow curve similar to flow curve for 
Cottrell mechanism. 

It is apparent from the foregoing discussion 
that one probably can select the proper combination 
of displaced atom or vacancy and dislocation type 
for Cottrell anchoring in any crystal structure. 
The problem in a Cottrell mechanism is to explain 
readily the unique value of activation energy for 
recovery from the 
diffusion activation energy. It is doubtful that so 


radiation damage, i.e., self- 
large or so precise a value of activation energy 
would come out of a calculation of the interaction 
of the various appropriate dislocations with dis- 
placed atoms or vacancies, although such calcula- 
tions have not been made. 

To a first approximation the local strain resulting 
from an interstitially displaced iron atom is but 
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little than that resulting from a true 


interstitial carbon atom. This is apparent if one 


greater 


calculates the size of a carbon atom as Cottrell 
[10] has done from Lipson and Parkers [11] experi- 
mental data on martensite dilatation. The evident 
large size of the carbon atom probably arises from 
the lack of metallic binding of that atom. The 
importance of the similarity in size of the carbon 
and the displaced atoms lies in the fact that their 
interactions with dislocations should also be simi- 
lar, and the recovery process for any Cottrell- 
anchoring radiation damage mechanism should 
require a lower activation energy than that for 
self-diffusion. 

Agglomeration of defects—A third possible mech- 
anism for the effect of vacancies and interstitially 
displaced atoms on mechanical properties is the 
formation of interstitial agglomerates. The agglo- 
merates form on close-packed planes strictly 
analogous to stacking faults, but compressed into 
an interstitial layer. Their formation is energeti- 
cally feasible because any addition to the agglo- 
merate shares among two or more interstitials the 
burden of distorting the local lattice. The formation 
is kinetically feasible because of the high mobility 
of the interstitially displaced atoms. 

The effect of such agglomerates is to harden a 
metal just as precipitation from supersaturated 
The 
impede dislocation motion, and conceivably might 
Cottrell 


(three or 


solution hardens certain alloys. particles 


even anchor dislocations in the fashion 


if the agglomerate is very small four 


g 
The agglomerate offers the further advan- 


atoms). 
tage that it may be stable at relatively small size 
thus 
energies to bring about recovery. A weak point in a 

that 
If the 


agglomerates are large one might expect an effect 


and may require self-diffusion activation 


damage theory based on agglomerates is 


X-ray evidence for agglomerates is lacking. 


similar to the stacking fault effects observed by 
Paterson [12] or Warren and Warekois [13], but if 
they are small (three to ten atoms) the effect may 
be one of isotropic expansion. The latter effect is all 
that we have observed. It is possible that agglomer- 
ates may show up similar to Guinier-Preston zones 
in precipitation. 

Critical experiments—Of the three possibilities 
discussed here, and there are no doubt still others, 
the formation of interstitial agglomerates seems 
most feasible to the authors, at least until certain 
critical experiments have been done. 

Recent work by Overhauser [6] has shown that 


copper irradiated with deuterons at 78°K recovers 
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all but 25 per cent of the damage to electrical 
conductivity on warming to room temperature. 
The remaining 25 per cent of damage requires 
annealing to bring about 


higher temperature 


recovery. These experiments may indicate that at 
low irradiation temperatures (78°K) most of the 
damage consists of random interstitially displaced 


atoms and lattice vacancies which would affect 
the mechanical properties but little while seriously 
affecting the electrical properties. Warming up 
could then cause diffusion of the interstitials and 
considerable annihilation by interstitial-vacancy 
collision. Nevertheless, many small agglomerates 
of interstitials could form during the warm-up and 
these would be stable up to self-diffusion tempera- 
tures and could cause the remnant of conductivity 
damage and most of the radiation hardening. The 
critical check for such behavior is to irradiate a 
copper crystal at 78°K without warming the 
crystal between the irradiation and the tensile 
test. The mechanical behavior of such an irradiated 
crystal tested at 78°K should show little hardening 
over a similar but unirradiated crystal tested at 
78°K. Finally, a crystal that had been irradiated 
at 78°K, warmed to room temperature, and cooled 
back to 78°K should show considerable hardening 
in the low-temperature test. The low temperature 
mechanical test is a critical test for either the 
Cottrell or the agglomerate mechanism of radiation 
hardening, since either will require interstitial 
diffusion. The tests are, of course, difficult to 
make.* 

Another critical test for agglomerate formation is 
to measure the electrical conductivity change in 
directions normal and parallel to the close-packed 
basal planes in an hexagonal crystal during irradia- 
tion. Since plate agglomerates can only form 
parallel to the basal planes, the AR/R values in the 
two directions should show a difference during any 
plate formation. Such measurements should be 
made on both room temperature and cold (78°K) 


irradiated crystals as well as on crystals cold 


*Such a test was made recently in a rather preliminary 
fashion by Blewitt and co-workers at Oak Ridge, and though 
the results have not been published and the conditions 
during the irradiation are not positively known, it is fair to 
assume that apparently either diffusion of defects is not 
required for radiation hardening or the defects diffuse more 
rapidly than has yet been suggested. The test should be 
repeated. Meanwhile, the authors are indebted to Blewitt for 
this preliminary information. 
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irradiated and subsequently warmed to room 
temperature. 

One might predict on the basis of a Cottrell 
mechanism that radiation damaged metals should 
strain-age. If, after dislocations had been released 
from the anchoring interstitially displaced atoms 
by some form of plastic deformation, and if the 
load were released and the specimen aged, a 
subsequent test should show that the dislocations 
had been re-anchored. Of inter- 
stitially displaced atoms once freed from disloca- 
tions annihilated by and 


perhaps many would be swept out by the deforma- 


course, many 


would be vacancies 


tion itself, but some aging ought to occur. 
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X-RAY LINE BROADENING FROM METALS DEFORMED AT LOW 
TEMPERATURES* 


M. S. PATERSONt 


Comparative measurements of the X-ray line broadening in copper, aluminium and _ nickel, 
plastically deformed by various amounts at room temperature and at liquid air temperature, have 
been made and the behaviour at room temperature of specimens previously deformed at the low 
temperature studied. Also, some measurements have been made of the effects of change of tempera- 
ture or of direction of straining during the deformation. 

It appears that recovery or self-annealing does not, in general, limit the line broadening, but sup- 
port is given to the hypothesis that the broadening is due to internal stresses which cannot exceed the 
yield stress of the cold-worked metal. Stress-strain tests on specimens similar to the line-broadening 
specimens show that the course of the line-broadening with increasing plastic deformation is roughly 
parallel to the yield stress versus strain curve, and the internal stresses estimated from the observed 
line broadening are of the same order of magnitude as the macroscopic yield stress. The influence of 
the temperature of deformation is practically the same on both the line broadening and the yield 
stress at large plastic strains. 

Finally, the origin of the internal stresses mainly responsible for X-ray line broadening is discussed 
briefly and it is suggested that the major contribution to the broadening arises from elastic distortion 
of the glide lamellae. 


L’'ELARGISSEMENT DES RAIES DES RAYONS X PROVENANT DE *TAUX 
DEFORMES AUX BASSES TEMPERATURES 


On a mesuré l’élargissement des raies de rayons X dans le cas du cuivre, de l’aluminium et du 
nickel, déformés plastiquement a des degrés différents, 4 la température ambiante et a la température 
de l’air liquide. Une étude a été faite du comportement a la température ambiante d’échantillons 
précédemment déformés aux basses températures. On a aussi mesuré l’effet de changements de 
température et de la direction de tension pendant la déformation. I] apparait que la restauration, 
ou “‘l’auto-recuit,”’ ne limite, en général, pas l’élargissement des raies, toutefois, on considére comme 
plausible I"hypothése que l’élargissement est dfi aux tensions internes qui ne peuvent pas dépasser 
la tension d’écoulement du métal écroui. Des essais tension-déformation sur des éprouvettes semb- 
lables a celles des essais d’élargissement des raies montrent que l’évolution de ce dernier, en fonction 
de l’augmentation de la déformation plastique est approximativement paralléle 4 la courbe de la 
tension d’écoulement en fonction de la déformation. Ces essais montrent aussi que les tensions 
internes estimées a partir de l’élargissement observé des raies sont du méme ordre de grandeur que 
la tension macroscopique d’écoulement. Aux grandes déformations plastiques l’influence de la 
température de déformation sur |’élargissement des raies et sur la tension d’écoulement est prati- 
quement la méme. Pour terminer, on discute briévement I’origine des tensions internes, dont dépend 
avant tout l’élargissement des raies. Il est aussi suggéré que la contribution la plus importante a 
l’élargissement des raies provient de la distorsion élastique des lamelles de glissement. 


VERBREITERUNG DER RONTGENLINIEN IN BEI TIEFEN TEMPERATUREN 
VERFORMTEN METALLEN 


Vergleichende Messungen der Linienverbreiterung der Réntgenreflexionen in Kupfer, Aluminium, 
und Nickel, die bei Zimmertemperatur und der Temperatur der fliissigen Luft in verschiedenem Masse 
plastisch verformt worden waren, wurden durchgefiihrt; ausserdem wurde bei Zimmertemperatur 
das Verhalten von bei der Temperatur der fliissigen Luft verformten Proben untersucht. Weiterhin 
wurden einige Messungen iiber den Einfluss der Anderung der Temperatur oder der Richtung der 
Verzerrung wahrend der Verformung angestellt. 

Es scheint, als ob Erholung im allgemeinen nicht das Ausmass der Linienverbreiterung 
begrenzt; das vorliegende Material unterstiitzt die Hypothese, dass die Linienverbreiterung auf 
inneren Spannungen beruht, die nicht grésser als die Fliesspannung des kaltbearbeiteten Metalles 
sein k6nnen. Spannungs-Dehnungskurven von Proben, die den zur Messung der Linienverbreiterung 
aufgenommenen Kurven entsprachen, zeigten, dass der Verlauf der Linienverbreiterung bei wach- 
sender plastischer Verformung anndhernd parallel der Fliesspannung-Verzerungskurve verlauft; 
die aus den beobachteten Linienverbreiterungen geschatzten inneren Spannungen sind von gleicher 
Gréssenordnung wie die makroskopische Fliesspannung. Im Gebiet grosser plastischer Ver- 
formungen beeinflusst die Verformungstemperatur die Linienverbreiterung und die Fliesspannung 
in gleicher Weise. 

Der Ursprung der fiir die Linienverbreiterung der Réntgenreflexionen im wesentlichen verant- 
wortlichen inneren Spannungen wird kurz diskutiert, und es wird die Hypothese dargelegt, dass die 
elastische Verzerrung der Gleitlamellen den Hauptbeitrag zur Linienverbreiterung darstellt. 


. tion lines from metals has been studied extensively, 
1. Introduction very little attention has been given to the behav- 


Although the influence of plastic deformation at iour at lower temperatures. Wilson and Thomassen 


room temperature on the breadth of X-ray diffrac- [1] and Hutchison [2] have shown that, in the case 
of aluminium, plastic deformation at a low tem- 
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respectively) can give rise to a greater X-ray line 
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broadening than is observed after deformation at 
room temperature. 

In the present work, more extensive experiments 
have been made on several metals to study the 
influence of increasing amounts of plastic deforma- 
tion at liquid nitrogen temperature on the X-ray 
line broadening. In addition, a close comparison 
of the strain-hardening behaviour with the line 
broadening has been made from _ stress-strain 
measurements. A preliminary note on some of the 
line-broadening measurements has already been 


published [3]. 


2. Materials and Specimens 


The metals used were high-conductivity copper, 
commercially-pure aluminium and commercially- 
pure nickel. The specimens were cut from cold- 
drawn wires of about 0.5 mm diameter, which were 
annealed so that the metal was in a recrystallized 
and strain-free condition. 


3. X-ray Line-Broadening Experiments 


(a) Mode of Deformation 

Torsion was chosen as the mode of deformation 
because of the ease with which it can be carried out 
at liquid nitrogen temperature and followed by an 
X-ray exposure at the same temperature. Since the 
depth of penetration of the X-ray beam is small 
compared with the specimen diameter, the observed 
line broadening corresponds to the plastic strain 
at the surface of the specimen. Only in the case of 
aluminium is the depth of penetration of the X-ray 
beam appreciable, the plastic strain varying by 
about 10 per cent over the portion of the specimen 
contributing significantly to the intensity of 
the reflection. 

The torsion apparatus was attached to a Unicam 
single crystal X-ray camera. The lower specimen 
chuck assembly, which was screwed to the spindle 
in place of the usual specimen holder, was free to 
move longitudinally so that the specimen did not 
buckle the 
torsion. 

During the experiments at low temperature, 
both specimen chucks were immersed in liquid 


when it elongated slightly during 


nitrogen, * a thin stream of which was also allowed to 
flow down the specimen to ensure that its tempera- 
ture was very close to that of liquid nitrogen. 
The upper chuck was surrounded by a funnel- 
shaped reservoir; the annular gap between its 
lower opening and the chuck could be adjusted in 


*Liquid oxygen was used in the experiments on nickel. 
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the liquid 
into the 
The 


rate at which 
the 
surrounding the 


chucks were mounted on ‘‘Paxolin’”’ 


control the 


flowed 


order to 
specimen 
chuck. 


nitrogen down 


reservoir lower 
assemblies in 
order to insulate them thermally from the body of 
the apparatus. 

This arrangement permitted experiments of the 
following nature. A specimen of annealed metal 
the liquid 
nitrogen and then plastically deformed by a speci- 


could be cooled to temperature of 
fied amount; while the specimen remained at the 
low temperature, the X-ray exposure could be 
made. Furthermore, the same specimen could be 
deformed by successive, known amounts and X-ray 
exposures made after each increment of strain, 
without raising its temperature during the whole 
course of the experiment. 
(b) Measurement of X-ray Line Breadth 

A back-reflection, photographic method, using 
flat film, was chosen for the X-ray measurements 
The 


experimental conditions were rigidly standardized 


in order to obtain maximum sensitivity. 
during the whole series of experiments, so that for 
any particular metal the instrumental broadening 
(that is, the incidental broadening due to finite 
size and divergence of X-ray beam, etc.) was con- 
stant, and the total line breadth for an annealed 
specimen was taken as its measure. By correcting 
for this broadening (see later), the broadening due 
solely to the effects of the plastic deformation 
could be obtained. Table I summarizes the radia- 


TABLE I 


RADIATIONS USED AND REFLECTIONS STUDIED 


Sin 6 for Ka lines at 
room temperature 


(311) (331) (420) 


Specimen Target 


Copper Mn 
Cu - 


0.964 
- 0.928 


0.953 


Nickel Cu Ni 0.953 0.978 


Aluminium Co None 0.96: 0.988 


tions used and the reflections studied in the present 
experiments. The use of filters has been avoided 
where practicable in order to keep the duration of 
experiments at low temperature as short as 
possible. 

The pinhole collimator gave an X-ray beam 
wider than the specimen, so that the effective 


divergence of the beam was governed by the dia- 


Fie 
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meter of the specimen and the first pinhole (0.5 mm). 
Since the specimen was a wire in a vertical position, 
the effective collimation of the beam was best in a 
horizontal plane, and the line-breadth measure- 
ments were always made on the horizontal diameter 
of the diffraction ring. 

A manually operated, null-method microphoto- 
meter (Dobson type) was used for the measurement 
of the variation of density across the diffraction 
the X-ray photographs. A sufficient 
length of the film was scanned on each side of a 
line in order to permit the interpolation of the 
background density across the line. The density 
distribution of the line itself was then found by 


lines on 


subtracting this background from the measured 
density distribution. The exposure times in the 
experiments were adjusted so that the maximum 
density was kept within the density- 
exposure range of the film. 


linear 


The measure taken for the line breadth is the 
“integral breadth,”’ that is, the area of the intensity 
distribution curve of the line divided by the 
maximum ordinate. 

(c) Correction to Line-breadth Measurements 

Firstly, the measured line breadths have been 
corrected for the a-doublet of the incident radiation. 
Using a procedure identical with that described by 
Rachinger [4], a sufficient number of lines were 
resolved to allow a set of correction curves to be 
constructed for obtaining the breadths of the single 
a-components for all the lines. 

In X-ray photographs made at low temperatures, 
the diffraction lines are shifted to slightly higher 
angles than at room temperature, so that the line 
breadths do not correspond exactly to the same 
geometrical conditions as apply at room tempera- 
approxi- 
which is 


tures. The angular broadening will vary 
mately in proportion to tan @ (or sec 8, 
practically the same at large @), and the angle at 
which the diffracted X-ray beam strikes the film 
will be different. Therefore, after correcting for the 
a-doublet, the line breadths for low temperature 
conditions have been corrected to correspond as 
nearly as possible to the same angles of diffraction 
as_ those room temperature; the 
breadths corresponding to the two temperatures 


measured at 


are then directly comparable. The change is only 
of the order of a few per cent (the correction factors 
used are given in Table II), except in the case of the 
(420) reflection from aluminium. 

Finally, correction was made for the instrumental 
broadening. Strictly, it should have been applied 
breadths before the 


to the low-temperature 


DEFORMATION AT 


LOW TEMPERATURES 


TABLE II 


Low-TEMPERATURE CORRECTION FACTORS 
Nickel 
(331) 


Aluminium 
(420) 


Copper 
Reflection (311) 


(331) (420) 


Low temperature 
correction 
factor 


0.98 


0.97 84 0.99 


0.96 
corrections mentioned in the previous paragraph, 
but in the present work no significant error will 
arise from the reversed order of these corrections. 
The method used for the instrumental broadening 
correction is described elsewhere [5]. It is based on 
Jones’ method [6], but the basic integral equation 
is solved directly by numerical means, avoiding 
assumptions about the shapes of the lines; in fact, 
the true shape of the broadened line is given by 
the calculation. In the present experiments, the 
correction for instrumental broadening was carried 
out by this method for lines of various breadths, 
obtained from the different metals, for both room 
temperature and low temperature conditions. 
The a-doublet corrections need not have been made 
previously but some saving in labour resulted since 
the calculations of the instrumental broadening 
corrections of a single a-component take less time 
than for a doublet and the effect of varying doublet 
separation has already been eliminated. The same 
curve for the shape of the diffraction line from 
annealed specimens was used in all the calculations 
since it was found to be substantially the same for 
different metals, with a breadth of approximately 
0.01 radians. 

With the results of these calculations, the cor- 
rection graph shown in Figure 1 was obtained; 
within the limits of experimental error it seems 
possible to use a common mean curve for the 
different metals. This curve has been used for cor- 
recting all the experimental results for instrumental 
broadening (in the case of nickel where the value 
of the instrumental broadening was slightly diff- 
erent from that on which Figure 1 is based, the 
correction curve was plotted in the form used by 
Jones). 

(d) Accuracy 

At least two films were exposed for each condi- 
photometer 
the 


since 
both 
horizontal diameter of the Debye-Scherrer rings, 


tion of the specimen. Thus, 


measurements were made at ends of 


four measured values of line breadth were ob- 


tained; the average of these has been taken as the 
observed line breadth. From consideration of the 


825 

. 
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scatter in the individual measurements, it is esti- 
mated that the error made in comparing the 
corrected values of line broadening should not be 
more than about +5 per cent, or at most +10 per 


FiGuRE 1, Correction curve for instrumental broadening. 
cent. The absolute accuracy is more difficult to 
estimate but the results are unlikely to be more 
than about +20 per cent in error. 


4. Results of X-ray Line-broadening 
Measurements 


The manner in which the X-ray line-broadening 
develops with increasing plastic deformation, 
both at room temperature and at liquid-nitrogen 
temperature,* is shown in Figures 2, 3(a) and 4 for 
copper, aluminium and nickel, respectively. The 
low temperature results refer to experiments in 
which the specimen was kept at the low tempera- 
ture during both deformation and X-ray exposure. 


FIGURE 2. Effect of plastic deformation on broadening of 
(311) reflection from copper. 1: Deformation at room tempera- 
ture. 2: Deformation at low temperature. 3: Deformation at 
low temperature after strain 1.09 at room temperature. 
4: Deformation at room temperature after strain 1.36 at low 
temperature. 


*See footnote p. 824. 
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In further experiments, the line breadth was 
measured immediately after the specimen, deformed 
at the low temperature, had been brought to room 
temperature and then at subsequent times on 
remaining at room temperature. For copper, the 
line breadth was the same, within limits of experi- 
mental error, after the specimen had been brought 
to room temperature as it was at the low tempera- 
ture (allowing for the slightly different angles of 


FicureE 3. (a) Effect of plastic deformation at room 
temperature (R.T.) and at low temperature (L.T.) on broad- 
ening of (331) and (420) reflections from aluminium. 

(b) The recovery of the line broadening from aluminium at 


room temperature. 
. 


AE 


LINE BROADENING 


FicurE 4. Effect of plastic deformation at room tempera- 
ture (R.T.) and at low temperature (L.T.) on broadening of 
(331) and (420) reflections from nickel. 


diffraction) and no subsequent change of line 
breadth was observed even after the specimen 
had remained for nine months at room tempera- 
ture. The line breadth for a specimen deformed at 
room temperature also showed no recovery after 
nine months. 

In the case of aluminium, appreciable slow 
changes in line breadth occurred at room tempera- 
ture, subsequent to deformation at liquid nitrogen 
temperature. This is shown in Figure 3(b), which 
refers to specimens for which the initial conditions 
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corresponded to the final points in Figure 3(a). 
It is seen that a specimen deformed at room 
temperature showed similar recovery of the line 
breadth when measurements 
several months. 


were made after 
In the case of nickel which had been deformed at 
the low temperature, there appeared to be a 
slight recovery (about 10 per cent) in line breadth 
during a period of one month at room temperature. 
The curves 3 and 4 in Figure 2 refer to measure- 
ments on the course of the line-broadening in 
copper when, in one case, a specimen was deformed 
at liquid-nitrogen temperature to a plastic shear 
strain of 1.36 and the deformation then continued 
at room temperature, and when, conversely, the 
deformation was continued at liquid-nitrogen 
temperature after an initial plastic shear strain of 
1.09 at room temperature. Additional 
ments confirm the existence of the initial ‘‘dip’’ in 


measure- 


the first curve. 


5. Stress-Strain Tests 


(a) Experimental 

A simple apparatus for making torque and twist 
measurements small specimens 
designed in order to study the stress-strain behav- 
iour of specimens under conditions similar to those 
used in the line-broadening experiments. The 
specimens of copper, aluminium and nickel used 
in the stress-strain experiments were taken from 
the respective batches of specimens that had been 
prepared for the line-broadening experiments. 

The general design of the apparatus is shown in 
Figure 5. The torque applied to the specimen S 
is indicated by the elastic twist in the beryllium- 
copper wire D connecting the spindle C and the 
upper specimen chuck assembly Q, A, as shown by 
the movement of the pointer E over the scale F. 
Since there are no bearings or other sources of 
friction between the torque-measuring device and 
the specimen, the torque applied to the beryllium- 
copper wire is equal to the torque applied to the 
specimen, provided it is not set into oscillation. 
The torque-measuring device was calibrated by 
attaching to its lower end a disc of known moment 
of inertia in place of the chuck assembly and 


wire was 


measuring the period of natural torsional oscilla- 
tion of the system. The angular twist in the speci- 
men is measured by the rotation of the upper chuck 
assembly, the lower chuck being fixed to the 
frame. 

The stress-strain tests can readily be done at 
liquid-nitrogen temperature by surrounding the 
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specimen and chucks with a Dewar flask of liquid 
nitrogen. The ‘‘Paxolin’’ pieces P, Q serve for 
thermal insulation. 

The apparatus was of ample sensitivity to give 
results of greater accuracy than was required for 


FicurE 5. Apparatus for measuring torque-twist curves 
of small metal wires. 


comparing them with the X-ray line-broadening 
results. 
For obtaining shear stress-strain curves from the 


torque-twist measurements, the method described 
by Nadai [7] has been used. Since, owing to the 


assumptions underlying this method, it is only 


valid for simple experiments in which the condi- 
tions are constant throughout, it cannot be applied 
where the temperature or direction of straining has 
been changed during the course of the experiment. 
In the latter cases, only torque-twist curves can 
be given, but 
conclusions about the course of the stress-strain 


these permit some qualitative 
curves. 

In deriving the shear stress-strain curves, a 
correction has been made for the slight increase in 
length and the accompanying decrease in diameter 


of the specimen during torsion. In the apparatus, 


| 
| | | 
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| | 
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|| 
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the upper chuck is free to move longitudinally, and 
rough measurements were made of the magnitude 
of the longitudinal strain in order to carry out the 
corrections (detailed measurements of this nature 
have been made by Swift [8]). It was interesting 
to note that greater longitudinal strains were 
observed at liquid-air temperature than at room 


temperature for a given strain; thus, the longitud- 


inal strain during torsion appears to depend on the 
degree of strain-hardening. 
(b) Results 
The stress-strain curves in shear for copper, 
aluminium and nickel, both at room temperature 
and at liquid-nitrogen temperature, are given in 
Figure 6. These curves correspond to the line- 
broadening curves of Figures 2, 3(a) and 4. 
Figure 7 gives the torque versus surface shear 
strain curves for copper obtained when the tem- 
perature was changed during the course of the 
the used in the corres- 


deformation; sequences 


FiGuRE 6. Stress-strain curves in shear for copper, alu- 
minium and nickel at room temperature and at low tempera- 
ture. 


FIGURE 7. Torque-twist curves for copper. 1: At low tem- 
perature after straining to 1.09 strain at room temperature. 
2: At room temperature after straining to 1.36 strain at low 
temperature. 3: Cyclic straining at room temperature. 
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ponding line-broadening experiments have been 
followed (c.f., Figure 2). The dashed lines indicate 
the course of the torque curves when the tempera- 


ture is constant throughout the experiment. 


6. Reversed Deformation at Room Tempera- 
ture 


A copper specimen was given a surface plastic 
shear strain of 0.8 by twisting in one direction and 
the broadening of the (311) line was found to be 
0.021 radians. The specimen was then twisted in 
the opposite direction; after a strain of 0.05 the 
line-broadening was 0.019 radians, but when a 
strain if 0.8 had been reached (so that the total 
algebraic strain was zero), the line-broadening 
was 0.021 radians again. Thus, there is possibly a 
slight decrease in the line-broadening at first when 
the but after 
reversal of no significant 


twisting in opposite direction, 


complete the strain, 
change is observed. The final line-broadening is 
smaller, however, than would be caused by the 
same absolute strain applied unidirectionally. 

In another experiment a copper specimen was 
given successive 0.05 increments of surface plastic 
shear strain in opposite directions (that is, the wire 
was twisted back and forth) until a total absolute 
strain of 2.2 had been reached, the total algebraic 
strain being zero. The line-broadening resulting 
from this cyclic straining was 0.009 radians, only 
one third of that resulting from the same absolute 
strain applied unidirectionally. Also, the diffraction 
ring was not uniform, indicating much less dis- 
orientation in the crystals than in the case of 
unidirectional straining. 

The curve 3 in Figure 7 shows the manner in 
which the torque needed for plastic deformation at 
room temperature increases during cyclic straining 
with 0.05 plastic strain amplitude, as described in 
the previous paragraph. Here the torque is plotted 
against the total absolute value of the plastic 
shear strain. Although a stress-strain curve cannot 
be derived directly from this result, it suggests 
that the cyclic straining is accompanied by a 
hardening than is_ unidirectional 


lower strain 


straining. 


7. Discussion 


(a) Influence of Temperature 

The results described in § 4 show that the X-ray 
line-broadening arising from plastic deformation 
at low temperatures is greater than that arising 
from an equal plastic strain at room temperature. 
Furthermore, if the metal that has been deformed 


at the low temperature is brought to room tem- 


if 
7 
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perature, its line-broadening is found not to change 
appreciably within the time needed for an X-ray 
exposure (about 3 hour); at most, there appears a 
slow recovery subsequently. These observations 
show that, in general, the apparent limiting of the 
line-broadening of a metal during cold-work at 
room temperature cannot be due to a recovery, or 
self-annealing, which is effective at room tempera- 
ture within the time of an X-ray exposure. For 
recovery is unlikely to be appreciable at liquid- 
nitrogen temperature, and the much greater line- 
broadening that would be expected to result from 
deformation at this temperature should disappear 
rapidly when the specimen is brought to room 
temperature [3]. 

The observation of greater line-broadening after 
deformation at low also 


plastic temperature 


argues against the view that the metallic grain 


contains an “elementary crystalline unit’’ (crystal- 
lite), with a size characteristic of the metal, into 
which the grain has been fragmented when the 
limit to the line-broadening at room temperature is 
reached [9; 10]. The existence of a fundamental 
unit of smaller size would have to be assumed at 
lower temperatures. 

A comparison of the yield-stress versus plastic- 
strain curves (Figure 6) with the line-broadening 
versus plastic-strain curves of Figures 2, 3(a) and 
4 for 


similarity. Not only are the curves of roughly 


each temperature reveals a considerable 
parallel course, but, for the larger strains, the 
yield-stress and line-broadening values developed 
at the low temperature are greater by approxi- 
mately the same factor than the values developed 
at room temperature for a given metal. 
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The experiments on copper in which the tem- 
perature was changed during the deformation also 
reveal a general similarity between the behaviour 
of the yield stress and the line-broadening, except 
in the neighbourhood of the strain at which the 
temperature was changed (the stress-strain curves 
are assumed to be qualitatively similar to the 
torque-twist curves of Figure 7). 

It would appear, therefore, that the X-ray line 
broadening in a metal is closely 
The 


versus plastic strain flattens out in a 


cold-worked 


related to its yield stress. curve of line- 
broadening 
similar manner to the stress-strain curve, and the 
temperature at which the deformation is carried 
out has a similar influence on both curves. This 
supports the hypothesis that the line-broadening is 
which 


the 


due mainly to internal stresses cannot 


exceed the current yield stress of metal 
during the course of its deformation [11; 12; 13]. 
The influence of the temperature of deformation 
on the development of the line-broadening would, 
therefore, be a consequence of the influence of the 
temperature of deformation on the strain-harden- 
ing. 

(b) X-ray Line Broadening and Internal Stresses 
14; 15, etc.] have 


estimated the magnitude of the internal stresses 


9 


A number of workers [13; 


corresponding to the observed line-broadening and 
compared it with the macroscopic tensile strength 
of the metal, showing that the two quantities are 
of the The 


measurements permit a more direct comparison of 


same order of magnitude. present 
line broadening and stress-strain properties, so the 
quantities in Table III have been derived, for 


certain values of plastic shear strain, from the 


TABLE III 


INTERNAL STRESSES DEDUCED FROM LINE-BROADENING 


Line- 


Metal Reflection 


broadening 


Crystallite Average Corresponding Measured yield 


size internal internal stress in shear 


cm 


strain 


stress (kg (kg 


Copper, after strain 

2.5 at room temp. 
Copper, after strain 
2.5 at low temp. 


(311) 0.00287 


(311) 0.00470 


0.00135 
0.00260 
0.00232 
0.00570 


(331) 
(420) 
(331) 
(420) 


Aluminium, after strain 
1.5 at room temp. 
Aluminium, after strain 

1.5 at low temp. 


0.00215 
0.00385 
0.00300 


(331) 
(420) 
(331) 
(420) 


Nickel, after strain 
2.5 at room temp. 

Nickel, after strain 
2.5 at low temp. 


0.00193 


0.00327 
0.00094 
0.00104 
0.00164 
0.00228 


0.00172 
0.00209 
0.00240 
0.00299 


— 
2.82 21 20.7 
ee 1.67 36 35.5 
1 SS 6.5 8.0 
4.34 7 
2.84 11.5 15.2 
1.98 16 
2.34 36 35.3 
1.3838 14 
1.68 50 54.5 
0.00550 1.32 63 
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curves of Figures 2, 3(a), 4 and 6. The average 
internal strain e corresponding to the line-broaden- 
13 cot 6, and the 
Young’s modulus for polycrystalline metal* used 


ing 8 has been obtained from « = 


in estimating the internal stresses. An accurate 
calculation of the internal stresses cannot be made 
since the lack of knowledge on the nature of the 
system of internal stresses prevents the approp- 
riate values of the elastic moduli being chosen. 
However, Table III shows that, at large plastic 
strains, there is a complete agreement in order of 
magnitude between these estimated internal stres- 
ses (column 6) and the macroscopic yield stress 
in shear (column 7); the close numerical agreement 
is most probably fortuitous. Thus, if the line- 
broadening is due mainly to internal stresses, the 
current value of the yield stress seems, in general, 
to set a limit to the line-broadening during the 
course of plastic deformation. 

Alternatively, the present experiments provide 
suitable data for use in Bragg’s theory of the 
[16]. The 


stresses fall within the range predicted by 


metals measured yield 


the 


strength of 


theory. 
(c) The Nature of Internal Stresses 
Responsible for X-ray Line-Broadening 

The inadequacy of macroscopic residual stresses 
or intercrystalline (Heyn) stresses to account for 
the observed magnitude of the broadening, the 
occurrence of considerable line-broadening from 
single crystals [17], and the extent of the internal 
stresses deduced by Warren and Averbach [18] 
suggest that the internal stresses mainly responsible 
for X-ray line-broadening in cold-worked metals 
within the individual 
crystals. It seems likely that these stresses arise 


occur in small regions 
from the inhomogeneous elastic distortion of the 
glide lamellae (that is, the regions between the 
glide zones or “slip bands’’). Nye’s studies on 
silver chloride [19] indicate that the most promi- 
nent internal 
elastic bending of the glide lamellae. Also, bending 
of the glide lamellae is evident in many photo- 


stresses correspond to complex 


micrographs of deformed metals. A rough estimate 


_ *The values used were: Copper 11,000 kg mm~*; Alumin- 
ium 7,000 kg mm~?; Nickel 21,000 kg mm~?. 
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bending needed to 
not be un- 


that the amount of 
explain the line-broadening would 
reasofMable: if the half-thickness of the lamellae is of 


the order of 10-* cm, then the radius of curvature 


shows 


corresponding to a maximum strain of 10-* would 


be of the order of 0.1 cm. Of course, the situation 
will usually be more complicated than this on 
account of multiple glide. 


Acknowledgements 


The author is indebted to Professor E. Orowan, 
F.R.S. for suggesting the initial experiments and 
for stimulating discussions and suggestions through- 
out the progress of the work. The work was done 
in 1947 and 1948 during the author’s tenure of the 
Angas Engineering Scholarship (University of 
Adelaide) and an Australian Council for Scientific 
and Industrial Research Studentship. 


References 


. Witson, J. E. and THomassen, L. Trans. Am. Soc. 
Metals 22 (1934) 769. 

. Hutcuison, T. S. Nature 162 (1948) 374. 

3. PATERSON, M. S. and Orowan, E. Nature 162 (1948) 
991. 
RACHINGER, W. A. J. Sci. Instrum. 25 (1948) 254. 

. Paterson, M.S. Proc. Phys. Soc. A63 (1950) 477. 

3. Jones, F. W. Proc. Roy. Soc. A166 (1938) 16. 

. Naval, A. Plasticity (New York, McGraw-Hill, 1931), 
p. 126. 

. Swirt, H. W. 
9. Woop, W. A. 
. Woop, W. A. and RACHINGER, W. A. 
93; J. Inst. Metals 75 (1949) 571. 

. VAN ARKEL, E. A. Physica 5 (1925) 208. 

. SToKEs, A. R., Pascor, K. J., and Lipson, H. 
151 (1943) 137. 
Meacaw, H. D. 
(1945) 279. 

. Haworts, F. E. Phys. Rev. 52 (1937) 613. 

. Smitu, C. S. and SticiKey, E. E. Phys. Rev. 64 (1943) 
191. 

. BraGG, Str LAWRENCE. Strength of Solids (Physical 
Society, 1948), p. 26; Proc. Camb. Phil. Soc. 45 (1949) 
125. 


Engineering 163 (1947) 253. 
Proc. Roy. Soc. A172 (1939) 231. 
Nature 161 (1948) 


Nature 


and Stokes, A. R. J. Inst. Metals 71 


Z. Phys. 74 (1932) 647. 
J. Appl. Phys. 21 


7. CaGLioti, V. and Sacus, G. 
. WarREN, B. E. and AvERBACH, B. L. 
(1950) 595. 
NYE, J. F. 
(1949) 47. 


Nature 161 (1948) 367; Proc. Roy. Soc. 200 


1 

] 

] 

1 

1 

1 


THE RESISTIVITY-TEMPERATURE-CONCENTRATION 
RELATIONSHIPS IN THE SYSTEM NIOBIUM-TITANIUM* 


S. L. AMES and A. D. McQUILLANt 


The resistivity of a series of 8-phase niobium-titanium alloys has been measured over the temper- 
ature range 88°K to 1173°K. The form of the resistivity-temperature-concentration relationships 
is abnormal, particularly at low temperatures. Additions of titanium to niobium cause a progressive 
increase in resistivity and a decrease in the temperature coefficient of resistance until, in 8-phase 
alloys containing less than 25 at.% niobium, the temperature coefficient of resistivity becomes 
negative. Although the 8-phase in alloys containing less than 20 at.% niobium cannot be retained 
at low temperatures, extrapolation of the isothermal resistivity-concentration curves for the 8 
solid-solution to zero niobium content seems to indicate that pure 6-titanium would show a semi- 
conducting type of behaviour at temperatures approaching the absolute zero. The validity of the 
extrapolation is discussed. : 


LES RELATIONS ENTRE LA RESISTIVITE, LA TEMPERATURE ET LA 
CONCENTRATION DANS LE SYSTEME COLOMBIUM-TITANE 

On a mesuré la résistivité d’une série d’alliages colombium-titane sous la forme de la phase 8, 
dans l’intervalle de température allant de 88°K a 1173°K. Les relations entre la résistivité, la 
température et la concentration sont anormales, surtout aux basses températures. 

Des additions de titane au colombium causent une augmentation progressive de la résistivité 
et une diminution du coefficient de température de la résistance; finalement, dans les alliages de la 
phase 8 contenant moins de 25 pour cent en atomes de colombium, ce coefficient devient négatif. 
Quoiqu’il ne soit pas possible de retenir aux basses températures la phase 8 dans des alliages contenant 
moins de 20 pour cent en atomes de colombium, une extrapolation des courbes résistivité-concentra- 
tion pour la solution solide 6 jusqu’a une teneur nulle en colombium, parait indiquer que le titane 
pur se comporterait comme un semi-conducteur aux températures proches du zéro absolu. La validité 
de cette extrapolation est discutée. 


DIE BEZIEHUNGEN ZWISCHEN WIDERSTAND, TEMPERATUR UND 
KONZENTRATION IM SYSTEM NIOB-TITAN 


Der Widerstand einer Reihe von 8-Niob-Titan Legierungen wurde in einem Temperaturbereich von 
88°K bis 1173°K gemessen. Die Form der Beziehung zwischen Widerstand, Temperatur und Konzentra- 
tion ist anormal, vor allem bei tiefen Temperaturen. Titanzusatze rufen eine stetige Zunahme des Wider- 
standes des Niobs und eine Abnahme des Temperaturkoeffizienten des Widerstandes hervor, bis 
in 6-Legierungen, die weniger als 25 Atomprozent Niob enthalten, der Temperaturkoeffizient des 
Widerstandes negativ wird. Obwohl 8-Legierungen mit weniger als 20% Niob bei tiefen Tempera- 
turen nicht bestandig sind, scheinen doch die auf Nb-0 extrapolierten isothermen Widerstand- 
Konzentrationskurven der 8-festen Lésungen darauf hinzudeuten, dass reines B-Titan bei Tempera- 
turen in der Nahe des absoluten Nullpunktes ein halbleiterahnliches Verhalten zeigen wiirde. Die 
Berechtigung einer solchen Extrapolierung wird diskutiert. 


Since the resistivity of a normal pure metal tends 


I. Introduction to zero at the absolute zero of temperature, it 


The resistivity-temperature curve of pure metal- 
lic titanium has been determined by several inves- 
tigations [1; 2] and its general form established. 
Figure 1 shows the curve obtained for the iodide 
titanium used in this investigation. The discon- 
tinuity observed at 1155.7°K (882.5°C) is due to 
the the 
temperature, close-packed hexagonal a-titanium to 


allotropic transformation from low- 
the high-temperature, body-centred cubic §-titan- 
ium. The curve for 8-titanium is unusual in having 
an extremely low temperature coefficient. In the 
limited temperature region over which the resist- 
ivity of 8-titanium has been determined, its in- 
crease in resistivity with temperature appears to be 


fairly linear, although Wyatt [2] has reported a 


slight discontinuity in slope in the curve at | 173°K. 


*Received March 29, 1954. 
tDepartment of Physical 
Birmingham, England. 
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would be expected that the resistivity-temperature 
curve of 8-titanium (if this form of titanium could 
exist below the temperature of the transformation) 
would bend steeply towards zero resistivity in the 


FIGURI 1. Resistivity-temperature curve of iodide 
titanium used in present investigation. Experimental points 
have been omitted, these being extremely numerous and 
showing little scatter. The resistivity p is in ohm cm. units. 


@ 
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temperature range between 1155.7°K and absolute 


zero. 

An extrapolated value of the room temperature 
resistivity of §-titanium can be derived from 
previously published results. Adenstedt, Pequignot 
and Raymer [3], in an investigation of the vana- 
for the 


temperature 


dium-titanium system, obtained values 


room resistivity and 
coefficient of 


solutions. The room temperature resistivity-con- 


temperature 


resistance of a series of 8 solid- 


centration curve obtained by these workers is 
remarkably linear and does not show the usual 
parabolic form resulting from solid-solution scat- 
tering of the conduction electrons (usually expres- 
sible as a function c(1—c) where c is the atomic 
fraction of one component of the binary system). 
If this curve is extrapolated to zero vanadium 
content, the pure 
titanium at thus obtained is 
slightly greater than that of 8-titanium at 1173°K. 
Furthermore, the temperature coefficient of resis- 
tance at temperature, of 
titanium alloys extrapolated to zero vanadium 
that 8-titanium 


very low or even a negative temperature coefficient 


estimated resistivity of 


room tem I erature 


room 8-vanadium- 


content, indicates pure has a 
of resistance at this temperature. If the figures for 
the coefficient of 


resistance of pure 8-titanium at room temperature 


resistivity and temperature 
are valid, then the behaviour of this material is 
far from that to be expected of a normal metal. 
Such a conclusion warrants further investigation. 

The fact that the allotropic transformation of 
pure titanium cannot be suppressed prevents the 
direct determination of the resistivity of 8-titanium 
the 
information 


Further 
the 


transformation 
the 
resistivity-temperature curve can, therefore, only 


below temperature. 


about probable form of 


be obtained by extrapolation from a series of 


resistivity-temperature curves for various con- 
centrations of an addition element which stabilizes 
the 6-phase. The present investigation was carried 
out in order to provide the data necessary for this 
type of approach. 

The 
niobium, tantalum and molybdenum all possess the 
this 


systems of titanium with vanadium, 


characteristics essential for investigation. 
Each of these elements depresses the allotropic 
transformation temperature of titanium, and is 
soluble in 8-titanium at elevated temperatures over 
the whole range of composition. In these systems, 
furthermore, it is possible to retain the 8-phase by 
water-quenching alloys which, under equilibrium 


conditions, would be two phase (a + 8) at room 
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temperature. At concentrations below a critical 
amount of any of the above mentioned elements, 
however, a diffusionless transformation of 8- to 
a-phase takes place during quenching. The occur- 
rence of this type of transformation imposes a 
lower limit for the concentration of the addition 
element in retained 8-phase solid-solutions. Of the 
was 


four elements, niobium 


selected as being most suitable for three reasons: 


possible alloying 
(1) the atomic size of niobium is almost exactly 
equal to that of titanium, (2) it is in the adjacent 
group of the periodic table and would not, there- 
fore, be expected to differ greatly in electronic 
structure that of and (3) the 
difference between the melting point of niobium 
and titanium, although large, is not great enough 


from titanium 


to make the production of homogeneous titanium- 
niobium alloys excessively difficult. 


II. Experimental Procedure 


High-purity iodide titanium containing a small 
amount of zirconium (= 0.2 at.%), prepared by 
the Foote Mineral Company, and spectrographi- 
cally pure niobium supplied by Messrs. Johnson, 
Matthey, Ltd., were used as the starting materials 
for the preparation of a series of niobium-titanium 
alloys. In order to obtain homogeneous specimens, 
resulting melting the component 


ingots from 


metals together in an arc-furnace 
cold-rolled to thin sheets, which were then coiled 
and remelted. After hot-forging to break up the 
as-cast structure and removal of the contaminated 


surface layers, the alloys were cold-swaged to 2 mm 


argon were 


diameter rod. The rods were sealed into evacuated 
silica tubes, homogenised for 70 hours at 1000°C 
and then cooled by plunging the silica tubes, 
unbroken, into water. Under these conditions of 
cooling, it would seem probable that all alloys 
containing less than 35 at.% niobium might 
possibly contain some precipitated a-phase, as 
may be seen from the titanium-rich portion of the 
constitutional diagram of the niobium-titanium 
system, determined by Hansen, Kamen, Kessler and 
McPherson [4] and shown in Figure 2. The broken 
the the M, 


temperature of the diffusionless 8- to a-phase 


line superimposed on diagram is 
transformation for this system obtained by Duwez 
[5]. The alloys containing 20, 25 and 34 at.% 
niobium were therefore reheated to 900°C for 15 
minutes in a molten tin bath, water-quenched, 
and subsequently surface-cleaned by pickling in 
Micro- 
examination revealed that the specimens consisted 


a hydrofluoric acid-nitric acid solution. 


,aqQ ¢ 
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entirely of retained 8-phase, as is illustrated by 
Figure 3 which shows the microstructure of a 20 
at.% niobium alloy. 

In order to minimise the 
contamination of the alloys, which occurs even at 


effects of surface 
very low pressures, the surface area/volume ratio 
of the resistance specimens was kept as low as 
possible. Furthermore, the necessity of maintaining 
the whole specimen at a uniform temperature 


FiGURE 2. Constitutional diagram of titanium-rich 
portion of niobium-titanium system after Hansen et al. [4]. 


The M, boundary is taken from Duwez [5]. 


Microstructure of water-quenched 20 at.‘ 


per cent 


FIGURE 3. 
niobium-titanium alloy. Retained 8. Etched in 2 
H.F., 2 per cent H2O:2 in water. 150X. 


severely limited the length of specimen which could 
be used. Both these considerations would lead to 
the choice of a specimen with a very low resistance 
and hence to a loss in accuracy in the measurement 


of this quantity. The actual choice of specimen size 
and form used was the result of a compromise 


between the two requirements, a rod 4 cm in length 
and 2 mm diameter being eventually selected. 
The the apparatus 


arrangement of resistance 
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used is illustrated in Figure 4. The current and 
potential contacts to the specimen were made of 
titanium metal in order to reduce the effect of 
contamination of the alloys at high temperatures 
by diffusion, and took the form of small titanium 
blocks and screws. The screws were found to have 
no tendency to loosen or stick even after heating 
for some hours at temperatures in the neighbour- 
hood of 900°C. In order to facilitate the operation 
of changing specimens, the thermocouple, current, 


cold- 


setting plastic plug which was mounted in the 


and potential leads were all sealed into a 


apparatus by means of a demountable O-ring seal. 
The vacuum obtainable within the apparatus was 
of the order of 1000°C. 
A double-balance bridge method [6] was used for 


10-§ mm of mercury at 


measurements of resistance. 
For the determination of the resistivity-tempera- 
ture curves at temperatures above room tempera- 


the contained in a 


ture, specimen assembly, 


FIGURE 4. Arrangement of the apparatus for 


temperature resistance determinations. 

continuously evacuated silica tube as shown in 
Figure 4, was inserted in a tube furnace having a 
constant temperature region 9 in. in length. When 
low-temperature resistivity readings were required, 
the assembly was removed from its silica envelope 
a Dewar flask through which cold 


Whether the 


taken 


and placed in 


dry gas could be passed. high- 


temperature measurements are before or 
after the low 


material in the case of high niobium alloys. This is 


temperature measurements is im- 


not true, however, for quenched alloys in which 
the retained 8-phase is metastable at low tempera- 
tures. Such alloys are found to precipitate a-phase 


on heating above a certain temperature which 


depends on the composition of the particular alloy. 


It is necessary, therefore, in determining the 


resistance-temperature relationship for these speci- 
mens, to take measurements with increasing 
temperature starting from the lowest temperature. 


At the onset of 6-phase precipitation, which was 
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marked by a pronounced discontinuity in the slope 
of the resistance-temperature curve, measurements 
were discontinued and the specimen was heated at 
950°C to rehomogenise. Its resistance was then 
determined at a series of decreasing temperatures 
from 950°C 


again prevented further measurement. The curves 


until the precipitation of a-phase 
for titanium-rich alloys have, therefore, a tempera- 
ture region in which no experimental values can 
be obtained. It is, however, possible to estimate with 
a reasonable degree of probability, the form of the 
curves within the region in which the 6-phase is 


decomposing. 
The specific resistivity of the 8-phase alloys could 


not be determined when using the arrangement 
shown in Figure 4 because of the uncertainty in the 
effective length of the specimen between the poten- 
tial contacts. In order, therefore, to permit the 
the 
resistance to specific resistivity values, the specific 


conversion of experimental results from 
resistivity of each alloy specimen was obtained at 
room temperature from an independent experiment 
using knife-edge potential contacts, the separation 
known. The 
resistivity values for titanium-rich alloys which 


of which was accurately specific 
had been quenched in order to retain the 6-phase 
are subject to some error because of the necessity 
of removing surface contamination occurring 
during quenching by a pickling treatment which 
causes changes in the diameter of the specimen 
rods and slight surface pitting. The accuracy with 
which the mean diameter of the specimens can be 
measured is thus reduced, the estimated uncer- 
tainty in the values of the specific resistivity of the 
specimens concerned being about 2 per cent. 
The probable error in the values of the resistance 
of all the specimens as a function of temperature is 
0.5 per cent, no allowance being made for thermal 


dilation. 


III. Results 


In order to eliminate the temperature-indepen- 
dent contribution of the solid-solution scattering 
to the resistivity of the alloys, the experimental 
results for each alloy have been plotted in Figure 
5 in terms of the ratio of the resistivity at a given 
temperature to the resistivity of the same alloy at 
1173°K. This 
was chosen to allow the resistivity-temperature 


particular reference temperature 


curve of pure 8-titanium to be included in the series 
of curves. The results given in Figure 5 may be 
converted to a specific resistivity scale by combin- 
them with the temperature specific 


ing room 
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the series of 


as a function of alloy 


resistivity measurements of same 
alloys which are plotted 
concentration in Figure 6. 

The isothermal resistivity-concentration curve 
of niobium-titanium alloys shows a form very 
similar to that obtained by Adenstedt ef a/. for the 
vanadium-titanium system, the curve of which is, 
for comparison, also presented in Figure 6. Like 


Pr 


173 


FicureE 5. Relative resistivity temperature curves 


for a series of niobium-titanium alloys. Because of the large 
number and the small amount of scatter in the experimental 
points, these have been omitted. 


FiGuRE 6. Resistivity p in ohm cm at room temperature 
of 6-phase titanium alloys as a function of addition element. 
Niobium-titanium (present investigation). 
Vanadium-titanium (after Adenstedt et al. [3]). 


those for vanadium alloys, the results for niobium 
do not exhibit the expected parabolic form, al- 
though a slight distortion of the otherwise steeply 
sloping resistivity-concentration curve in Figure 6 
at about 85 at.% niobium may indicate that a 
component due to solid-solution scattering is 
present, but 


another effect. 


is almost completely masked by 
Extrapolation of our results to 
zero niobium content is difficult, firstly because the 
curvature is apparently increasing continuously 
with increasing titanium concentration, and sec- 
ondly because no estimate of the extent of the 
solid-solution scattering contribution for titanium- 
rich alloys is possible. It would be imagined, 
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unless a very large decrease in 
takes 
than 20 
resistivity of 


however, that 
with place in 
at.% 


pure 


resistivity concentration 


alloys containing less 
the 
titanium at 


below 140 X 10-* ohm cm. This is in agreement 


8-phase 
niobium, estimated 


room-temperature cannot lie much 
with the extrapolated result from the resistivity- 
temperature curve of Adenstedt et al. The small 
difference between this value and that for stable 
B-titanium at 1173°K (143 XK 10-* ohm 
cannot be reconciled with the assumption that 


cm) 


8-titanium behaves as a normal pure metal, in 


which an approximately fourfold increase in 
resistivity would be expected to occur on heating 
from room temperature to 1173°K. 

The form of the family of relative-resistivity 
temperature curves given in Figure 5 is also 
anomalous, especially at low temperatures. With 
the 


low 


increasing titanium content, temperature 


coefficient of 
decreases until, for the 25 and 20 at.% niobium 


resistance at temperatures 
alloys, it becomes negative. The results plotted in 
Figure 5 have been used to derive the isothermal 
resistivity-concentration curves at a number of 


temperatures, shown in Figure 7. The shape of 


Ficure 7. Isothermal relative-resistivity/concentration 
curves for 8-phase niobium-titanium alloys, derived from the 
results shown in Figure 5. 


these curves indicates that there is a tendency 
for the magnitude of the rate of increase in resist- 
ivitvy with increasing titanium content to become 
progressively larger at lower temperatures. If 
this trend were to be continued at niobium con- 
tents below those which could be investigated, it 
would seem that pure §-titanium should have a 
resistivity-temperature curve which, at tempera- 
tures below 473°K, rises steeply with decreasing 
temperature. Since the temperature coefficient of 
resistance of 8-titanium is positive at 1173°K, the 
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hypothetical resistivity-temperature curve would 
have a minimum lying between 473° and 1173°K. 
This is the type of curve to be expected of an 
intrinsic semi-conductor. 

The evidence on which the foregoing argument is 
based depends largely on the resistivity values for 
metastable 8 solid-solutions. Before discussing the 
results further, therefore, it is necessary to consider 
the factors which may affect the reliability of these 
values. The first of these is the possibility that 
retained 8-alloys undergo a reversible martensitic 
transformation at low temperatures, which could 
perhaps cause an increase in resistivity of the 
alloys with decreasing temperature, of the type 
that the 
obtained for 8-phase titanium-rich alloys are not, 


observed. In order to be sure results 


due to a microscopically visible 
the 20 at.% 


alloy was subjected to a further micrographical 


at any rate, 


transformation, niobium-titanium 
examination after prolonged immersion in liquid 
air. On reheating to room temperature, no trace of 
martensitic a-phase was found, nor was any of 
the surface rumpling which would be expected to 
occur if a reversible martensitic change had taken 
place at temperatures below room temperature 
observed. If a transformation did take place on 
cooling to liquid-air temperature, it must, therefore, 
have occurred on a submicroscopical scale. X-ray 
examination of the specimen at room temperature 
showed no trace of lines due to the hexagonal 
lattice of a-titanium, although this again is not 
absolutely conclusive since submicroscopic a-phase 
formed by a martensitic transformation would be 
expected to give rise to diffuse X-ray reflections. 

One further piece of evidence is available which 
would suggest that no _ reversible martensitic 
taking 
alloys. The low-temperature, resistance-tempera- 


change is place in metastable 8-phase 


ture curves of these materials were identical when 


obtained by heating or 


cooling experiments. 


Since hysteresis would be expected to occur if a 
martensitic change were present, it may be con- 
cluded, therefore, that all the available evidence 
suggests that no decomposition of metastable 
8-phase alloys takes place. 

There is another possible cause of error in 
the 


which applies only to the 20 at.% niobium alloy. 


interpretation of resistivity measurements 
During the course of this work it was found that 
slight plastic deformation at room temperature of 
this alloy when in the retained condition causes 
the formation of a small amount of a-phase by a 


shear mechanism, as may be seen in Figure 8. 
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Such behaviour has previously been observed by 
Machlin and Weinig [7] in a metastable molybden- 
ium-titanium alloy. It is probable, therefore, that 
in mounting the 20 at.% 
resistance apparatus, some martensitic a-phase was 
produced in the neighbourhood of the potential 
contacts. As the pressure due to the contacts was 
extremely localised, it is felt that the errors thus 
introduced the low-temperature resistance 
measurements would not be great. In order to test 


niobium specimen in the 


into 


the 


after 


FiGuRE 8. Microstructure of retained §-phase in 
20 at.% niobium-titanium alloy, shown in Figure 3, 
plastic deformation. 175X. 


whether the presence of some martensitically 
produced a-phase in the resistance specimen would 
enhance the possibility of further transformation 
on cooling to liquid air temperature, the specimen 
shown in Figure 8 was cooled in liquid air and 
surface 


reexamined. No additional a-phase or 


rumpling was observed. 


IV. Discussion 


Assuming, on the basis of the above discussion, 
that no the metastable 6-phase 
titanium-niobium 


breakdown of 


alloys is occurring, detailed 
consideration of the trends shown by the whole 
series of niobium-titanium alloys seems to indicate 
that even small additions of titanium to niobium 


have anomalous resistivity effects. The resistivity- 


temperature curves of niobium-rich alloys (Figure 


5) show a flattening at about 570°K which becomes 
more pronounced as the titanium content increases. 
The effect appears to be a development from the 
change in curvature observed in the resistivity- 
120°K. 


Additions of titanium increase the temperature at 


temperature curve of pure niobium at 


which this change takes place and also increase its 
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magnitude. It is unfortunately not possible to 
follow the effect in alloys containing less than 
50 at.% niobium because the temperatures at 
which it would be expected to occur lie within the 
region in which a-precipitation prevents measure- 
ments from being made. It is possible, however, that 
further development of the same effect in alloys 
containing more than 50 per cent at.% titanium is 
responsible for the progressively decreasing values 
of the temperature coefficient of resistance of 
alloys containing increasing concentrations of 
titanium. On the other hand, in view of the S-shape 
of the isothermal resistivity-concentration curves at 
73°K and 273°K seen in Figure 7, it is more 
probable that two combining effects are present, 
one more effective in niobium-rich alloys and the 
other in titanium-rich alloys. 

The existence of semiconducting properties in a 
metal implies a full electron band with a finite 
gap between it and the conducting electron band. 
If 8-titanium could exist below the transformation 
temperature and behaved as a semi-conductor, it 
is difficult to see how it could comply with this 
requirement and yet remain body-centred cubic. 
At present, therefore, can be 
offered for the anomalous resistivity results in the 


no explanation 


8-phase niobium-titanium alloys. 

It is of some importance to obtain further 
the 
centration curves in other titanium systems with 


information on resistivity-temperature-con- 
elements as different as possible from niobium. 
Preliminary experiments on the hydrogen-titanium 
system have shown that additions of hydrogen 
produce only small changes in resistivity in titan- 
ium. 
transformation in titanium [8] and it is hoped that 
the current this 
system will yield information which may supple- 


Hydrogen is known to depress the B—-a 


results of a investigation on 


ment that presented here. 
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THE STRUCTURE OF THE Co,W,C, PHASE* 
N. SCHONBERG+ 


The formula of the ternary so called x-phase in the Co-W-C system has been found to be CosW.C,. 
The structure has been determined from X-ray powder photographs. The crystal axes of the hexagonal 
unit cell with the atoms in the space-group Dg, — P6;/mmc are c = a = 7.826 A. The cell contains 
two formula units CosWsC,y. Three Co and 15 W atoms are located at the corners of slightly deformed 
octahedra oriented in such a way that each atom is common for two such octahedra. The remaining 
three Co and three W-atoms occupy the greatest lattice holes of the resulting framework. Two 
C-atoms are situated at the centres of trigonal prisms of six W-atoms and six C-atoms at the centres 
of octahedra of one Co and five W-atoms. These interstitial groupings of C-atoms are characteristic 
of the WC and W.C structures respectively. The low affinity of carbon for cobalt is evident from the 
low Co-C coordination number. The intermetallic coordination number is high (10 to 12). 


LA STRUCTURE DE LA PHASE Cos3W,C, 


Il a été trouvé que la formule de la phase ternaire x du systtme Co-W-C est Co;W,C,. La structure 
fut déterminée au moyen de diagrammes de diffraction de rayons X, en employant la méthode des 
poudres. Les axes de la maille hexagonale, dont les atomes sont disposés dans le groupe spatial 
— P63/mmc sont c =a =7, 826A. La maille contient deux unités de formule Trois 
atomes de Co et 15 atomes de W se trouvent aux coins d’octaédres légérement déformés, qui sont 
orientés d’une maniére telle que chaque atome est commun a deux des octaédres en question. Les 
trois atomes de Co et les trois atomes de W restants occupent les plus grands des espaces libres du 
réseau résultant de l’arrangement décrit plus haut. Deux atomes de C se trouvent aux centres de 
prismes trigonaux de six atomes de W, alors que six atomes de C se trouvent aux centres des octaédres 
formés d’un atome de Co et cing atomes de W. Ces groupements interstitiels des atomes de C 
sont caractéristiques de WC et W-C respectivement. La faible affinité du carbone pour le cobalt 
apparait d’une facon évidente du petit nombre de coordination de Co-C. Le nombre de coordination 
intermétallique est élevé (10-12). 


DIE STRUKTUR DER Co3W,Cy-PHASE 

Die Formel der ternaren sogenannten Phase im System Co-W-C wurde zu Cos3W,C, bestimmt. 
Die Struktur wurde réntgenographisch aux Pulveraufnahmen bestimmt. Die Achsen der hexagonalen 
Elementarzelle mit Atomen in der Raumgruppe De,*— P63;/mmc sind c = a = 7, 826 A. Die Elemen- 
tarzelle enthalt zweimal die Formeleinheit Co3;W»C,y. Drei Kobalt-und 15 Wolframatome befinden 
sich in den Ecken leicht verformter Oktaeder, die so angeordnet sind, dass jedes Atom zwei solchen 
Oktaedern gemeinsam angehdrt. Die restlichen drei Co und drei W Atome befinden sich in den 
gréssten Gitterléchern des so entstandenen Skeletts. Zwei C Atome befinden sich in den Mittel- 
punkten der aus sechs W Atomen bestehenden trigonalen Prismen, und sechs C Atome in den 
Mittelpunkten der aus einem Co Atom und fiinf W Atomen gebildeten Oktaeder. Diese Zwischen- 
gitteranordnungen sind fiir die WC resp. W2C Struktur charakteristisch. Die geringe Affinitat von 
Kohlenstoff und Kobalt zeigt sich deutlich in der niedrigen Co-C Koordinationszahl. Die inter- 
metallische Koordinationszahl ist gross (10-12). 


Introduction 


In 1952 [1] Rautala and Norton published dia- 
grams of stable and metastable equilibria in the 
Co-W-C addition to the 
Co;W;C, their study revealed the existence of two 


system. In n-phase, 
double carbides, called 6 and x, of the proposed 
compositions CosWeC and CosW oC, respectively. 
The n-phase was first studied by Adelskéld, Sun- 
delin, and Westgren [2] although the isomorphous 
iron-tungsten carbide was known earlier [3]. The 
CozW,C phase reported by Kislyakova [4] is 
obviously identical with the 6-phase, and the same 
formula is given by Kiessling [5; 6]. According to 
the two last-mentioned authors the only difference 
in the configuration between the n- and @-phases is 


*Received March 30, 1954. ae 
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that 16 W- 
atoms in a 16-fold atomic position in the latter case. 
the 


between the two phases Kiessling has designated 


16 Co-atoms have been replaced by 


In order to accentuate close relationship 
them by and 2, respectively. 

While a two-phase range evidently exists be- 
tween the two n-carbides, many of the analogous 
n-oxides [7; 8] have the homogeneity limits closel) 


Me;’ Me,;”’O 
two 


corresponding to the compositions 
Me,’ Me,”’O without 
phase range. This has been observed for the follow- 


and intermediate 


any 
ing combinations of atoms: Me’ = Mn, Fe, Co, Ni, 
Cu, and Me” = Ti [7]. On the other hand the 
n-oxides and nitrides of Me’ = Mn, Fe, Co, Ni and 
Me” = Mo, W 
ranges with the phase composition corresponding 
(O or N) [8]. 


The present structure determination was started 


have fairly narrow homogeneity 
to the general formula Me;’ Me,’’ 


to see if any Co-C bonds exist in the lattice and 


A 
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whether the C-atoms are located at the centres of 
metal atom octahedra—as in the W2C and 7-phases 
—or at the centres of trigonal prisms, as in WC. 


Experimental 


Finely powdered metals—Co (Riedel—de Haén, 
puriss.) and W (Séderfors, 99.9 per cent)—and 
carbon (soot) were used as starting materials for 
the preparations. Powder mixtures with the Co/W 
ratios equal to 3:8, 1:3, 3:10 and the W/C ratios 
equal to 5:2 and 3:1 were pressed into brickettes 
weighing 5-10 g and sintered in graphite or zir- 
conia crucibles in a graphite tube resistance furnace 
at a temperature of 1600°C for one hour. The 
phase analysis and structure determination was 
performed by means of powder photographs taken 
in focusing cameras of the Guinier type using 
monochromatized Cu-Ka and Cr-Ka radiation. For 
measurements of the high-angle reflections addi- 
tional photographs were taken with Hagg-Phrag- 
mén type focusing cameras. It was evident from the 
phase analysis that the composition of the phase 
corresponds to the formula Co;W,C, rather than 
The 
ingly homogeneous sample gave the composition 
Coe. o0- 


chemical analysis of a seem- 


Discussion of the Structure 


According to Rautala and Norton the x-phase 
has hexagonal symmetry with the crystal axes 
c = a = 7.848 A, which was confirmed in the 
present study. The c/a ratio differs from unity to 
such a small extent that it is hardly possible to 
detect it in the photographs. A slight broadening of 
several diffraction lines could be seen, but in spite 
of the good resolution powder in the Guinier cam- 
eras it was not possible to separate the coinciding 
hkl reflections. Attempts to replace a small fraction 
of the W-atoms with Ti or Nb and thereby to cause 
a deformation of the lattice were in vain. As the 
ratios between the sin? @ values are comparatively 
small integers it is possible to index the photographs 
using rather small unit cells of cubical, tetragonal 
or orthorhombic symmetries. An excessively great 
percentage of absent reflections makes the choice 
of any of these cells most unlikely, however. 

The observed dimensions of the phase were 
c=a=7.826A (V = 415.1 A). The observed 
density was 14.8 which corresponds to two formula 
units Co;W,C, per unit cell, giving a calculated 
density value of 15.05. 

The powder reflections with h = kand/ = 2n+1 
are absent in the photograph. The space-group 
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with the highest symmetry for which this condition 
is characteristic is D¢»,4—P63;/mmc. The unit cell 
contains 6 Co-, 18 W- and 8 C-atoms, and the 
atoms have to be distributed over probable com- 
binations of four 2-fold, two 4-fold, two 6-fold and 
three 12-fold positions. If the Co-Co, Co-W, and 


W-W mean distances are assumed to be at least 
2.50, 2.60 and 2.70 A respectively, it is evident that 


the combinations with all atoms in 2-, 4-, and 6-fold 
positions have to be excluded. Hence 12 W-atoms 
are assumed to be located in 12 (z) x,0,0, or 12 (J) 
x,y,1/4, or 12 (k) x,2x,z. The 12 (72) position is 
characterized by the absence of reflections with 
h-k = 3n and odd 7? and can be excluded because 
the 301 reflection is very strong. A calculation of a 
few p|F\? values shows that the 12(j) position is 
also most unlikely. For the remaining 12 (k) posi- 
tion the following limits are valid for the para- 
meters: 0.18 < x < 0.22 and 0 < z < 0.08. From 
considerations of space the remaining two groups 
of 6 W and 6 Co-atoms, then both have to be 
located in the position 6 (A) x,2x,} with an ordered 
or disordered distribution, because all other com- 
binations will give some abnormally small inter- 
metallic distances. Before the calculation of the x, 
parameters it is seen that the only possible posi- 
tions for the C-atoms are 2 (c) 3, 3, 3 and 6 (g) 3,0,0, 
if the W-C distances are assumed to be at least 
2.10 A. The limits for the parameters in 12 (R) can 
then be restricted the probable limits 
0.19 <x <0.21 and 0.06 <2z< 0.08. The x- 
parameters for the Co- and W-atoms will then lie 
within the limits 0.88 <x <0.92 and 0.52 <x <0.57. 
The intensity distribution in the photograph shows 
that the 6 Co+6 W-atoms are distributed at 
random over the two 6 (h) positions. A systematic 
variation of the parameters within the limits given 


within 


above and a comparison between the calculated 
b| F\? values and the observed intensities—for the 
reflections 100, 101, 201, 112, 300, 301, 212, and 
203—showed that good agreement is obtained for 
the values given below. 


3Co+ 3 Win 6 (A) x,2x,4 with x = 0.890 (I) 
3Co+ 3 Win 6 (h) x,2x,4 with x = 0.555 (IT) 
12 W in 12 (Rk) x,2x,z with x = 0.205 and 
z = 0.075 
in 2 (c) 
Cc in 6 (g) 4,0, 


The calculated and observed intensities are com- 
pared in Table I 
listed in Table II. 

The metal atoms in the 6 (h) II and 12 (k) posi- 


and the interatomic distances are 
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TABLE I 


CALCULATED AND OBSERVED INTENSITIES FOR THE CosWsC, PHASE. 
Cu-Ka@ RADIATION. 


hkl Sin%@catc. 
1,0,0 0.0129 aca 
1,0,1 0226 
1,1,0 0388 
0,0,2 
2,0,0 
1,0,2 
2.0,1 
1,1,2 
2,1,0 
2,0,2 | 
2,1,1 
1,0,3 
3,0,0 
3,0,1 
2,1,2 
2,0,3 
3,0,2 
0,0,4 } 
2.2.0 
3,1,0 
1,0,4 
3,1,1 
2,1,3 
2,2,2 
1,1,4 
3,0,3 
4,0,0 
3,1,2 } 
2,0,4 } 
4,0,1 
3,2,0 
4,0,2 } 
2,1,4 
3,2,1 
3,1,3 } 
1,0,5 | 
4,1,0 | 
3,0,4 
4,1,1 
4,0,3 
2,0,5 | 
4,1,2 
2,2,4 | 
5,0,0 | 
3,1,4 
5,0,1 
3,2,3 > 
2,1,5 | 
3,3,0 
0,0,6 
4,1,3 | 
3,0,5 | 


0388 


0517 0516 
0614 
0776 
0905 


0614 


0908 


1002 0999 
1163 
1260 
1293 
1390 


1161 
1262 
1292 
1394 


tions form a framework of slightly deformed octa- 
hedra with all their corner atoms common for two 
such octahedra. The octahedral centres are occu- 
pied by C-atoms in the positions 6 (g) }4,0,0; 


hkl Sin*@ cate. 
4,2,0 | 
5,0,2 
4,0,4 
1,0,6 


3621 


4009 4008 


1394 


4499 


3,0,6 
6,0,1 
4,3,0 
5.0.4 | 
43,1 
5,1,3 
3,2,5 
1,0,7 | 
5,2,0 
6,0,0 
3,3,4 | 
2,2,6 | 
5,2,1 | 


5044 


5168 


5560 


5658 


0 

5916 59 | 
40 { 


5949 
23 | 


0,3,0; 3,3,0; 3,0,3; 0,3,3; 4 
atoms in the 6 (4) I position are located in the six 


3,3. The remaining metal 


resulting lattice holes in the unit cell and have 
metallic 10-coordination, while the former atoms 
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Leate, Teate, Tobs 
0 0 2 
0 0 3621 24 25 
62 75 6 
21/ 0 
51 75 4,2,1 3717 3715 g 10 
20 | 3,3,2 3880 3885 8 15 
57 75 1,1,6 
0 0 5,1,0 0 
67 125 12,2 8 25 
78 3,2,4 
0 | 200 2.0.6 9 
196 | 5,1,1 2 
47 40 5,0,3 4106 5 0 
371 350 3,1,5 0 
180 200 4,1,4 $267 0 0 
205 200 5,1,2 4397 = 13 40 
l 2,1,6 32 
5? 25 4.2.3 4493 8 10 
21 4.0.5 6 
5 5 6,0,0 4655 4656 17 200 
2 184 
0 5 4753 4754 63 75 
3 4785 4779 39 40 
13 25 10 
lie 6 2 
2 0 0 4882 4884 88 125 
954 13 22 | 
27 > 40 2 | 
13 | 14 
6 0 5041 | 75 
27 
5? 75 | 
45 | 5140 5134 1 25 
6 4,1,5 | 
6 > 15 4,3,2 
4 | 5170 10 
0 0 3,1,6 
6/ 2,0,7 5270 0 
9 5 5,2,2 5431 5434 10 10 
23 40 6,0,3 5528 3 0 
17/ 6,1,0 5 ) 
0) 0 5,1,4 } — 5570 6 } 10 
2/ 4.0.6 1 | 
3 15 6,1,1 ) l | 
10 3 0 
l 5,0,5 1 
228 > 200 2,1,7 } 
0 | 5,2,3 75 
26 25 3,0,7 
7/ 6,1,3 25 
45 200 3,2,6 
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TABLE II 


INTERATOMIC DISTANCES IN THE CosWs3C, PHASE. 


Interatomic 
Atom distance, A 


(Co,W) in 6 (A) I 


Surrounding atoms 


(Co,W) in 6 (A) I 
(Co,W) in 6 (A) II 
W in 12 
W in 12 
(Co,W) in 6 (h) I 
(Co,W) in 6 (h) II 
4 W in 12 (k) 

4 W in 12 (k) 

2 (Co,W) in 6 (h) I 
1 (Co,W) in 6 (h) I 
2 (Co,W) in 6 (A) II 
2 (Co,W) in 6 (A) II 


2.60 


bo 


2.76 


bo 


(Co,W) in 6 (a) Il 


W in 12 (k) 


Win 12 (k 
2 (Co,W) in 6 (h) II 
4Win 12 (k) 


Cin2@ 


C in 6 (g) 


bo 


are surrounded by 12 metal atoms at contact 
distances. As a mean the observed Co-W and W-W 
distances are 2.61 and 2.96 A respectively. The 


intermetallic W-W distances are thus 5 per cent 
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greater than those in the pure metal corrected for 
12-coordination. It is of to note that 
2 C-atoms are located in trigonal prisms of 6 W- 
atoms and 6 C-atoms in octahedra of 1 Co + 5 W- 
atoms and that the interatomic metal-carbon 
distances in the two types of interstitial groupings 
agree well with those observed in WC and W.C 


interest 


respectively. 
Acknowledgement 


The author wishes to thank Professor G. Hagg for 
his kind interest in this study. A grant from Statens 
Tekniska Forskningsrad is gratefully acknowledged. 


References 


. RAvuTALA, P.and Norton, J.T. Trans. A.I.M.E. 4 (1952) 
1045. 
. ADELSKOLD, V., SANDELIN, 
anorg. Chem. 212 (1933) 401. 
3. WESTGREN, A. Jernkontorets Ann. 117 (1933) 1. 
4. Kistyakova, E. N. Zhur. Fiz. Khim. 17 (1943) 108. 
5. KIEssLInG, R. Discussion of the paper by P. Rautala, 
and J. Norton, J. Metals 5 (1953) 745. 
}. KIEssLING, R. Symposium on the Reactivity of Solids, 
Gothenburg, Sweden, June 9-13, 1952. 
. KARLSSON, N. Nature 168 (1951) 558. 
3. SCHONBERG, N. Acta Chem. Scand. (1954). In press. 


A., and WESTGREN, A. Z. 


840 
58 
62 
2.62 
62 
2.99 
03 
85 
2 2G 
} 
03 | 
1 W in 12 (k) 74 
2 W in 12 01 > 2.96 
2 W in 12 (k) 02 | 
| 10 
13 


THERMAL DIFFUSION IN SOLID ALLOYS* 
L. S. DARKEN} and R. A. ORIANIt 


_The phenomenon of thermal diffusion (Ludwig-Soret effect) has been observed in three solid 
binary alloys, aFe-N, aFe-C, and Au-Cu. The interstitial solutes migrate to the higher temperature 
region of the specimen, as also does Cu in Cu-Au. The quantity, heat of transfer, appearing in the 
thermodynamic equations is interpreted as arising from the asymmetric dissipation of activation 
energy after a unit step in diffusion. For the case of vacancy mechanism of diffusion an explicit 
relation is developed with which the experimental results are rationalized. 


LA DIFFUSION THERMIQUE DANS LES ALLIAGES SOLIDES 


Ona observé la diffusion thermique (l’effet Ludwig-Soret) dans trois alliages binaires, solides, Fe-N a, 
Fe-C a, et Au-Cu. Les solutés interstitiels se déplacent vers les régions de haute température, ce qui est 
aussi le cas de Cu dans Cu-Au. La grandeur dite chaleur de transport, qui apparait dans les équations 
thermodynamiques, est interprétée comme provenant de la dissipation asymétrique de |'énergie 
d’activation aprés un déplacement unitaire dans le processus de diffusion. On a développé une relation 
explicite pour le cas du mécanisme lacunaire de diffusion au moyen de laquelle les résultats expéri- 
mentaux sont rendus rationnels. 


DIE THERMISCHE DIFFUSION IN FESTEN LEGIERUNGEN 


Die Erscheinung der thermischen Diffusion (Ludwig-Soret Effekt) wurde an drei festen binaren 
Legierungen, Fe-N, Fe-C und Au-Cu beobachtet. Die Lésungsatome in Zwischengitterplatzen wandern 
inden warmeren Teil der Probe; das gleiche Verhalten zeigt Cu in Cu-Au. Die in den thermodyna- 
mischen Gleichungen erscheinende Grdsse, die Ubertragungswarme, wird folgendermassen interpratiert: 
Sie riihrt von der asymmetrischen Abfuhr der Aktivierungsenergie nach einem elementaren Diffu- 
sionsschritt her. Fiir den Fall des Leerstellenmechanismus der Diffusion wurde eine explicite 
Beziehung abgeleitet, die die experimentellen Ergebnisse verstandlich macht. 


The establishment of a concentration gradient in gen in a-iron and of carbon in a-iron, together with 


a binary solution by means of a temperature 
gradient has long been known as thermal diffusion 
when the phenomenon occurs in the gaseous state, 
and as the Ludwig-Soret effect when in the liquid 
state. Much experimental work has been done on 
this effect in mixtures of organic liquids and in 
aqueous solution of inorganic salts [1-5]; Ballay [6] 
investigated the Ludwig-Soret effect in liquid 
metals. The amount of work done on 
diffusion in the solid state is much less. Reinhold 
(7; 8] and collaborators studied the phenomenon in 
solid solutions of various salts; however, Jost [9] 
notes that deGroot [10] points out that not all the 
concentration change observed by Reinhold can 
be attributed to the Soret effect since large con- 
centration differences were observed only if the 
hot and cold parts of the system belong to different 
phases. Ballay [6] has looked for the Soret effect in 
three solid alloys with negative results. As a by- 


thermal 


product of an investigation on the electro-migration 
of carbon in austenite, Lebedev [11] observed the 
diffusion of carbon to the hotter section of a speci- 
men heated by passage of alternating current. 
The present paper reports a few measurements 
on thermal diffusion in gold-copper alloys, of nitro- 


*Received April 5, 1954. 
+Research Laboratory, United States Steel Co., Kearny, 
NJ. 
tResearch Laboratory, General Electric Co., Schenectady, 
ACTA METALLURGICA, VOL. 2, 


NOV. 1954 


a simple atomistic interpretation of the relevant 


phenomenological equations which adequately 


rationalizes the observations. 


Experimental 


The apparatus employed to observe thermal 
diffusion in Fe-N alloys is shown in Figure 1. That 
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FiGcurE 1. Apparatus for thermal diffusion in iron alloys. 
for Fe-C alloys was similar except for replacement 
of the threaded end parts of the specimen by copper, 
in an attempt to minimize decarburization. The 
temperature gradient was established by providing 
good thermal contact between one end of the speci- 
men and a large mass held at a high temperature, 
while the other end of the specimen was allowed to 
lose heat through a copper cooling fin to the ambient 
air. The magnitude of the temperature difference 


@ 
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NCH 
- | J 
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was varied by varying the size of the cooling fin. 
A blank run with a specimen drilled completely 
through showed that the temperature gradient was 
substantially uniform. The temperature was meas- 
ured by a platinum-rhodium 
thermocouple pushed in hard against the bottom 
of the thermocouple well. 


fine platinum, 


The specimens for Fe-C thermal diffusion were 
made from ingot iron (Mn, 0.028%; P, 0.014%; 
S, 0.029%; Si, 0.003%; C, 0.016%). 
Fe-N thermal first 
then nitrided to 0.021% N by equilibration with 
nitrogen 1000°C. The 
copper-plated, diffusion-annealed, and then pre- 


Those for 


diffusion were decarburized, 


gas at specimens were 
pared for metallographic examination. For the 
Fe-N alloys, this preparation consisted of holding 
the specimen at 500°C for ten minutes to put 
nitride in solution, followed by holding at 300°C 
for one hour to develop nitride ‘‘needles.’’ It should 
be emphasized that the nitrogen was completely in 
solution during the diffusion anneal. The metallo- 
graphic examination showed a greater predomi- 
nance of nitride needles toward the hot end of the 
specimen. Subsequently, four equal sections (0.25 
cm) were made, with the cuts normal to the axis of 
the temperature gradient, and used for nitrogen 
analyses by the distillation of ammonia method. 

Since rates in substitutional solid 
solutions are much smaller than those in inter- 
stitial solutions, a different type of apparatus was 
necessary to observe thermal diffusion in gold- 


diffusion 


copper alloys. This device is shown in Figure 2, 


SPECIMENS | THERMOCOUPLES 


MOLYBDENUM 
CYLINDER 


MG, 


HEATING 
COIL 
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FiGuRE 2. Schematic diagram for apparatus for thermal 
diffusion in gold-copper alloys. 


and consists of a long molybdenum cylinder 
surrounded by a heating element. Three specimens 
in the form of fine wires, 0.4 mm diameter by 5 mm, 
are inserted into 0.4 mm diam X 1.5 mm holes in 
the face of the molybdenum cylinder. The top 
ends of the three specimens are similarly inserted 
into holes in the lower face of a short molybdenum 
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cylinder which acts as a cooling fin. The length of 
specimen in the space between the two molyb- 
denum cylinders is about 2 mm. The temperatures 
are measured by fine platinum, platinum-rhodium 
thermocouples. The entire assembly is within a 
glass envelope and 
degassing. The diffusion anneal (described later) 
took place under 5 mm Hg pressure of argon to 


which permits evacuation 


suppress vapor-phase transfer of metal. 

After the diffusion anneal, the specimens were 
enclosed in separate Pyrex ampoules under argon, 
held at 500°C for 24 hours and water-quenched in 
order to retain the disordered solid solution. The 
compositions along the axis of the specimen were 
measured by taking a series of Debye-Scherrer 
diffraction patterns using a fine pencil of X-rays 
the diameter of which was about twice the specimen 
diameter. After calculation of the lattice parameter, 
ay, the composition can be obtained from the 
composition-lattice parameter data of Johansson 
and Linde [12]. 


Experimental Results 


Table I presents the results on the effect of a 


temperature gradient on the concentration of 


TABLE I 


THERMAL DIFFUSION OF NITROGEN IN a-IRON 
(original YN = 0.021) 


Run 


Sample sections Temp. °C Time, hrs. % Nitrogen 


A 1 .028 
2 .020 
3 .017 
4 (cold end) 019 


(hot end) 766 


1 .026 
2 .016 
3 .018 
4 (cold end) 5 021 


(hot end) 


.033 
.019 
.013 

010 


(hot end) 


4 (cold end) 


nitrogen in ferrite. It will be noticed that the loss of 
nitrogen was small, probably because the slight 
oxide film was an effective barrier to the diffusion 
of nitrogen. These results are shown in Figure 3 
to show clearly the pronounced tendency of nitro- 
gen to migrate to the hot end and to emphasise the 
minimum in two of these curves. Such minima (or 
maxima) are to be expected whenever the tempera- 
ture of the cold end is so low that the diffusion in 


— 
| 
756 
2 96 
3 
622 
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that region is effectively frozen, and the demand of 
the hot end of the specimen for solute or for solvent 
must be met by the zone of the specimen at inter- 
mediate temperature. However, in run C where 
the cold-end temperature was considerably higher 
than in the other two runs, and where the holding 
time was four times longer, there is no trace of a 
minimum; extensive thermal diffusion occurred 
throughout the entire specimen. These results give 
no evidence that a steady state was attained. 


RUN A, 24 HRS 
RUN B, 24 HRS 


RUN C, 96 HRS 


2 3 
DISTANCE FROM HOT 


END 
COLD 
END 


FiGURE 3. Thermal unmixing in iron-nitrogen alloys. 

The data for the thermal diffusion of carbon in 
ferrite, shown in Table II, are rather less convincing 
because, due to decarburization, the carbon 
content nowhere rose significantly over the original 
value. However, keeping in mind the relative 
immobilization of carbon at the cold end, and hence 
giving greater weight to the carbon contents of 
sections 1 and 2 of the specimens, it seems clear 
that there has been a consistent relative enrich- 
ment in carbon in section | at the expense of section 
2. The general form of the carbon distribution is 


somewhat similar to that for nitrogen distribution 


TABLE II 
THERMAL DIFFUSION OF CARBON IN a-IRON 
(original %C 


A 77 .018 
010 

.014 

(cold end) 018 

1 (hot end) 015 
2 48 009 
3 013 
4 (cold end) .015 
1 (hot end) 016 
2 007 
3 009 
4 (cold end) O11 
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for the shorter time runs, in that the concentration 
change in the colder end is small and a minimum 
concentration is found near the center. It seems 
that 


small at the colder end and became progressively 


reasonable to suppose decarburization was 
more severe toward the hotter end. On this hypo- 
thesis only the hotter end would in each case have 
contained considerably more carbon if decarburiza- 
had Thus 
appears to migrate in a thermal gradient in 


the 


ferrite 
the 


tion been avoided. carbon in 


same direction as nitrogen—toward higher 
temperature region; this is also the same direction 
of migration as found by Lebedev for carbon in 
austenite.* 

For study of thermal diffusion in gold-copper 
alloys, two samples which contained 26.5 at.% 
Au were used. Figure 4 shows the lattice parameter 
along the axis of one of these specimens after a 
diffusion run lasting 32 days, hot end at 830°C, 
cold end at 435°C. Since in this region the variation 
of lattice [12] 
2 at.% Au per 0.01 Kx, there has been an enrich- 


ment in gold towards the lower temperatures by 


parameter with composition is 


about 0.4 at.%, and an impoverishment in gold at 
the hotter end by about 1.4 at.%. 
Because the X-ray beam had an appreciable 


K, 


| 
| 


LATTICE PARAMETER 
~ 
So 


435 


FIGURE Thermal unmixing in gold-copper alloys. 


diameter, some two times larger than the specimen 
must 
the 


diameter, the observed diffraction pattern 


correspond to an average composition in 
region observed. The diffraction pattern from the 
hot end was clearly double and gave rise to two 
definite lattice parameters; this corresponds to a 
region of the specimen completely within the high- 
temperature molybdenum cylinder. It is presumed 
that the double diffraction pattern arises because 


in this isothermal zone a steep concentration 


gradient was established due to the depletion of 
gold at, and just beyond, the interface of the cylin- 


* From Lebedev’s [11] Figure 3 one can estimate that the 
original per cent carbon was 0.35 to 0.40 and that the final per 
cent carbon after 20 hours in a temperature gradient of un- 
known magnitude was about 0.6% in the hotter zone and 
about 0 3% in the colder zone. 


| 
0 30-766" 
8o3°% = 
0204 
%N 
0.104 522" 
| 
HOT 
END 
3.770}—- 
| 
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der by virtue of the temperature gradient at this 
The 


regions of nearly constant composition, one at the 


point. isothermal diffusion produced two 
point of minimum gold content, and the other at 
the far end of the specimen. The curve of Figure 4 
has been drawn in accordance with this hypothesis. 
The cold end of the specimen displays the same 
immobilization of diffusion that was evident in 
the case of the Fe-C alloys. 

The second specimen of 26.5 at.% Au unfor- 
tunately underwent some loss of copper by oxida- 
tion during the heat treatment prior to the measure- 
ment of lattice parameters. However, the Debye- 
Scherrer pattern from the hot end also showed two 
definite lattice parameters, so that thermal diffu- 


sion must have occurred. 


Discussion 


In the case of the iron-nitrogen alloys, the flux 
J of nitrogen may be represented phenomenolo- 
gically [13] for linear diffusion (at low concentra- 
tion) in the presence of thermal and concentration 
gradients as: 


where D is the ordinary diffusivity; D’ is the ther- 
coefficient, C is 
nitrogen, 7 is temperature and x is distance along 
the axis of the cylinder. The first term on the right 
is obviously the Fick’s law term. This equation 


mal diffusion concentration of 


may be very simply applied for either of two 
simple cases. The first corresponds to sufficiently 
long time that state is achieved 
J =0. In this —dInC/dT = D’'/D, 
Soret coefficient, designated sy. Thus at steady 


and 
the 


steady 


event 


state a plot of In C or log [%N] against T would 
the Soret 
temperature 


be expected to be almost linear as 


not strongly 
dependent. Such a plot for run C, shown in Figure 
the 


temperature end, and hence indicates that steady 


coefficient is usually 


5, exhibits curvature particularly at low 
state was not fully achieved. The slope of this 
curve at the highest temperature, where steady 
state would be approached more rapidly, corres- 
— 0.021, or to a 


change of a factor of almost ten per 100 degrees. 


ponds to sr = concentration 
This value corresponds to a minimum estimate 
since the true steady-state value may be even 
higher. The extent of thermal separation is sur- 
prisingly large in comparison to that [9] observed 
in gases and liquids. 

The second simple case pertains to times suffic- 
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iently short that the first (Fick’s law) term in the 
equation for the flux may be ignored. Treating 
runs A and B in this manner as short time runs, 
and considering the flux across the plane of the 
minimum (Figure 3), where 0C/dx is zero at both 
the initial and final times, permits an approximate 
evaluation of D’. As this method is rather sensitive 
to the small errors in the nitrogen balance a de- 
tailed description does not seem warranted. It 
leads again to a Soret coefficient of about —0.02. 
This method also leads to a low value by virtue of 
the neglected term. In spite of the uncertainties it 
supports the previous estimate. 


0.7 


0.6 


° 
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2+L0G 
° re) 


700 
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Ficure 5. Plot for estimating Soret coefficient for nitrogen 
in ferrite (Run C). 


An estimate of the Soret coefficient for the case 
of the gold-copper alloy may be made with the aid 
of an equation developed by deGroot [13; 14] for 
the progress with time of the separation under the 
action of a thermal gradient. Utilizing the observed 
enrichment in copper of 1.4 atomic cent, 
Sr = — 0.0002. 


These observations can also be treated from the 


per 


point of view of the thermodynamics of irreversible 
processes [13]. For the case of a binary solution in 
mechanical equilibrium under a temperature grad- 
ient, 


(1) 


grad 


] 


in whith c; is the mass fraction of component 7; 


ac aT 
Le 
Ox Ox 02 a 
fe) 
600 800 
= 
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4, is the chemical potential per unit mass of com- 
ponent 1; h; is the partial specific enthalpy of 
solution of 7; T is the absolute temperature; J; is 
the flux of 7 relative to the center of mass of the 
system, in g/sec/cm?; and Ly is a phenomenological 
coefficient with the 
coefficient that would appear in the equation for 
isothermal diffusion. The ‘‘heat of transfer’’ Q*; 
can be shown by the Onsager 
reciprocity relations to be given by J,=Q*:Ji= — 
Q*,J2 at zero temperature gradient, where J, is 
the energy flux. Thus, Q*; is the energy transported 
by unit mass of either component relative to the 
center of mass of the system. 

Starting with a homogeneous binary solid solu- 
tion, directly upon impressing a gradient of tem- 


positive sign—it is same 


application of 


perature, grad c, = 0, so that initially, 


grad 


— — hi + ha) 
Thus, the sense of J; will be the sense of grad T 
when the quantity (Q*, — 4; + he) is negative. 
At subsequent times, the concentration gradient 
established by the temperature gradient will tend 
to be counteracted by diffusion driven by the 
concentration gradient, so that a steady state of 
zero net mass flow will eventually obtain. In these 
circumstances, the Soret coefficient s7, a measure 
of the separation effected by the temperature 
gradient, may be defined as 


_ the) 


dln Ci 


The last equality is valid only for an ideal solution; 
the Dy. is the diffusivity for ordinary isothermal 
diffusion; and Dj. is analogously 
diffusivity for thermal diffusion. Thus, the larger the 
heat of transfer, the larger the unmixing effected 


an defined 


by a given temperature difference. 

The thermodynamic theory cannot take 
further into the elucidation of the Soret effect; 
the all-important quantity Q*; must be interpreted 
and evaluated in terms of some explicit kinetic 


one 


model, since the amount of energy transferred by a 
unit step of the diffusion process depends upon the 
details of the mechanism of that process. Denbigh 
[15] has stressed that an activated process provides 
the opportunity for a transfer of energy from one 
zone to another in a medium. Hiby and Wirtz 
[16], independently of thermodynamic considera- 
tions, carry through a kinetic analysis in which 
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the energy of detachment of an atom from its 
neighbors in a liquid solution is thought of as 
referring to the region at temperature 7 of the 
origin of the diffusing atom, and the energy of 
hole formation refers to the region, at 7 + dT, 
to which the atom is going. By equating, at the 
stationary state, the rates of jumping in either 
direction, they obtain 


(Gun iz) — (Jou — 
RT . 
in which gj is the energy of detachment of atom 7 
from its neighbors, and q;z, is the energy for forma- 
tion of a hole. The assumption is usually made that 
= 

Prigogine, de Brouckere, and Amand [3] adopt 
the kinetic scheme of Hiby and Wirtz, but proceed 
to express the energies of detachment in terms of 
;, between nearest 
(€1:€22)?. Denbigh [15] 


pairwise binding energies, €;;, 
neighbors, and assume «2 = 
has endeavored to correlate the thermodynamic 
heat of transfer with the energies of detachment, 
and concludes that the thermodynamic and kinetic 
formulations are equivalent if 
= — Giz) — — 

for an ideal solution. He then formulates the ener- 
gies of detachment in terms of nearest-neighbor 
interactions. 

inter- 


laid 


preting the energy of transfer in terms of the 


Thus, the emphasis has been on 
binding energies of the atoms in their normal rest 
positions. This appears inherently wrong, since 
such an interpretation purports to explain the 
details of a dynamic process by the properties of 
the initial and final states. It is now stressed that 
the heat of transfer is associated, and in principle 
the the 
statistical concentrates 


manner in which, on 


fluctuation 


calculable from, 
everage, a 
energy about a small region, and from the manner 
in which the activation energy is dissipated into 
the lattice after the unit step of diffusion. More 
specifically, the difference in spatial distribution of 
the 
diffusion step is the controlling factor behind the 
heat of transfer. Although the theory of lattice 
dynamics is at present inadequate to make this 


activation energy before and after a unit 


concept quantitative, a simple formulation is 
possible when the unit diffusion step is an atom- 
vacancy exchange. 
Considering such a mechanism for diffusion in 
solid solutions, then J; can be produced by atom | 
exchanging with a vacancy from left to right, or by 


atom 2 exchanging with a vacancy from right to 
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left. Each such unit process is characterized by its 
own activation energy per atom, « and ¢€2, respect- 
ively, assuming a sufficiently random distribution 
of atomic species so that all vacancies are essent- 
ially alike. In general, «; need not equal e:. By a 
statistical fluctuation energy has been concentrated 
in a region about a vacancy, so that an exchange of 
an atom with the vacancy is possible. This excess 
thermal energy collects itself into the potential 
energy of an activated complex; the probability 
of the exchange of species 7 with the vacancy will 
be proportional to (P,;)e~®/*7, where P,; is the 
probability of finding a vacancy adjacent to an 
atom of species 7. After any one such exchange, the 
potential energy of the activated complex will be 
reconverted to kinetic energy having in general a 
spatial distribution about the region considered 
different from that characterizing the activated 
complex. For purposes of formulation, a portion of 
this energy may be thought of as residing in the 
lattice matrix about the atom-vacancy couple, so 
that the " of this portion of 
€; remains Another fraction, 
ni€i, may be considered to travel with the jumping 
atom, third fraction, 
considered to travel with the vacancy. Thus, any 


“center of gravity 
essentially fixed. 


whereas the vie;, may be 
one atom-vacancy exchange may move the “‘center 
of gravity’”’ of the activation energy along with 
the jumping atom or with the vacancy. If the 
former is the case, then heat must be supplied to 
the region of origin of the atom in order to keep it 
at constant temperature; on the other hand, if 
more energy moves with the vacancy than with 
the atom, then heat must be removed from the 
region of the origin of the atom in order to maintain 
isothermal conditions. Since Q*,; is the net heat 
supplied, one may write 


(4) 


0 —es/kT 


0 

1€ 
where n°; is the number of t-atoms per gram of 
solution, and P,,; has been set equal to Py,» = P, 


for simplicity. 
Therefore, equation (2) becomes 


(5) Ji(t=0) = —LuP, 


0 —€,/kT 
[nie 


917-¥1) 2 € * (N2— V2 )€2 


where (—/,+h2) has been being 


usually of too small a magnitude to be considered. 


neglected as 


If one considers the case of thermal diffusion in iron 


alloys, letting C or N be component 1, then 
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€, <2 by virtue of the interstitial nature of the 
carbon and that the exponential 
factors are of overriding importance in establishing 


nitrogen, so 


the inequality 
0 —€,/kT 0 —€,/kT 


Hence, in order to describe the experimental 
finding that carbon and nitrogen migrate to the 
hotter side, one must conclude that (y;—) < 0; 
that is, when carbon or nitrogen in iron exchanges 
an interstitial vacancy, the vacancy takes 
it a larger fraction of the activation energy 
does the solute atom. This result is perhaps 


with 
with 
than 
not too surprising when one considers that the 
newly formed vacancy is in a much looser medium 
than is the interstitial atom, so that the atoms 
surrounding the vacancy are able to partake of 
vibrations of larger amplitude, that is, of greater 
energy. The heat of transport is therefore negative 
—heat must be removed from the region of origin 
of the diffusing atom in order to maintain isother- 
mality. Conversely, if a temperature gradient is 
forced upon the system, carbon or nitrogen must 
diffuse to the higher temperature, the heat of 
transfer being discharged into the lower tempera- 
tures behind the diffusing atom. 

The case of the thermal diffusion in the gold- 
copper alloy cannot be analyzed so unambiguously 
because «, and e, cannot be so disparate as for 
interstitial alloys. Since Cu is a smaller atom than 
Au, €cy is probably smaller than e,,, so that letting 
1 = Cu, ee"? > e-*/kT. (It might be remarked 
that, in the case of substitutional alloys, the e; 
refers to the experimental activation energy per 
atom less the energy for forming a vacancy; in 
interstitial alloys, the vacancies presumably have 
no temperature dependence, so that here e; is in 
fact the experimental activation energy per atom.) 
However, the other factors in each of the two 
terms within the brackets in equation (5) retain 
importance. The small numerical difference be- 
tween the two terms, reflected in the small magni- 
tude of the separation effect observed in Au-Cu, 
cannot be ascribed to any specific factor. The 
magnitude, and even the sign, of the Soret effect in 
substitutional solutions appear to depend on the 
fine details of the dissipation of the activation 
energies of the two possible exchanges. 

Other diffusion 
transport due to the asymmetry in the dissipation 


mechanisms have heats of 
of the activation energy. However, no simple way 
is apparent for their formulation. In general, it 
appears that the Soret effect in solid solutions is in 


A 


DARKEN 


principle a means for the study of diffusion dyna- 
mics, but present theoretical treatments are 
inadequate for the treatment of the empirical 
results. 
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ETCHPITS AND DISLOCATIONS ALONG GRAIN BOUNDARIES, 
SLIPLINES AND POLYGONIZATION WALLS* 


S. AMELINCKXft 


This paper describes some preliminary results of a study of the distribution of dislocations in 
crystals of rock salt by means of the etching process. It is shown that a one to one relation can be 
established between dislocations and etchpits. This applies as well to dislocations in small angle 
grain boundaries, as to dislocations produced by slip. Both Taylor and Burgers dislocations etch. 
In particular, formulae for the dislocation density in asymmetrical pure tilt boundaries are verified. 
The mixed character (tilt and twist) of a particular boundary could be visualized. 

It was further shown that etchpits are produced along slip traces, visible as well as invisible ones. 


LES FIGURES D’ATTAQUE ET LES DISLOCATIONS LE LONG DES JOINTS INTER- 
CRISTALLINS, LES LIGNES DE GLISSEMENT ET LES PAROIS DE POLYGONISATION 


On décrit dans cet article quelques résultats préliminaires d’une étude de la distribution de dis- 
locations dans des cristaux de sel gemme au moyen du processus d’attaque. On montre qu’il est 
possible d’établir une relation directe, d’unité pour unité, entre les dislocations et les figures d’attaque. 
Ceci s’applique aussi bien aux dislocations dans des joints intercristallins 4 petit angle qu’aux dis- 
locations produites par glissement. Les deux types de dislocations (de Taylor et de Burgers) apparais- 
sent sous l’attaque. Il a été possible, en particulier, de vérifier des formules donnant la densité des 
dislocations dans des joints asymétriques qui résultent d’une inclinaison simple entre les deux 
cristaux. Le caracttre mixte d’un joints résultant d’une inclinaison et d’une rotation des cristaux a pu 
étre représenté. 

UND VERSETZUNGEN AN KORNGRENZEN, GLEITLINIEN UND 
POLYGONISATIONSGRENZEN 

Die vorliegende Arbeit beschreibt einige vorlaufige Ergebnisse einer Untersuchung von Verset- 
zungen in Steinsalzkristallen mit Hilfe einer Atztechnik. Es zeigt sich, dass eine direkte Beziehung 
zwischen Versetzungen und Atzgruben nachgewiesen werden kann, und zwar sowohl fiir Versetzungen 
in Kleinwinkelkorngrenzen als auch fiir Versetzungen, die im Gleitprozess erzeugt wurden. Sowohl 
laylor-als auch Burgersversetzungen lassen sich 4tzen. Es wurden speziell die Formeln der Verset- 
zungsdichte in asymmetrischen reinen Neigungskorngrenzen experimentell verifiziert. Die ver- 
schiedenen Komponenten (Neigungs-und Verwerfungskomponenten) einer bestimmten Korngrenze 
konnten auf diese Weise deutlich gemacht werden. 

._ Weiterhin wurde gezeigt, dass sowohl auf sichtbaren als auch auf unsichtbaren Gleitspuren 
Atzgruben entstehen. 


ATZGRUBEN 


cible way. Their polygonal shape was used at the 


Introduction 


In the course of a study of the etching process— 
mainly of rock salt—some results were obtained 
which permit the conclusion that a one-to-one 
relationship was established between etchpits and 
dislocations. The dislocations were of both types 
(Taylor and Burgers); they were either initially 
present in the crystal (in sub-boundaries) or created 
by deformation. We give here some preliminary 
results. (The detailed account has to be reserved 
for publication as part of a thesis at Ghent Uni- 


versity.) 
Experimental Procedures 


Fresh cleavage faces of “‘single’’ crystals of rock 
salt grown from the melt were etched with alcohol, 
then washed in ether, and rapidly dried on filter 


paper. In the described way, small well-developed 


polygonal etchpits could be obtained in a reprodu- 
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same time to orient the specimen. 

Three kinds of specimens were investigated: 

(a) Well-annealed specimens. A substructure of 
small angle boundaries, similar to the veining 
structure of annealed aluminium single crystals 
[1], was found. A great number of the boundaries 
could be resolved into separated etchpits. 

(6) Specimens deformed by compression. Separ- 
ated etchpits were developed along the slip traces. 

(c) Bent and annealed specimens. Dislocation 
walls, due to polygonization, could be visualized by 


means of etchpits. 


Observations 


We will now summarize some of the results which 
were obtained. 

(a) Sub-boundaries 

The cleavage faces were found to consist of 
slightly disoriented crystal grains. This could be 
shown by means of the interference method intro- 
duced by Francon [2]. This method shows small 


orientation differences as differences in colour. 


PLATE | \ll figures red ced to two-t 
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Etching revealed the existence of a ‘veining’ 
structure similar to that found in annealed alu- 
minium single crystals [1]. Rows of etchpits were 
developed along the boundaries of the crystal 
blocks. In many cases well separated etchpits were 
obtained (see Figures 1 and 2). 

The relation 3’ = b/D (8 = angle of tilt,’ = Bur- 
gers-vector, D = distance between dislocations) 
for a symmetrical pure tilt boundary was recently 
verified on germanium crystals by Vogel, Pfann, 
Corey and Thomas [3]. The distance D was simply 
derived from the distance between etchpits. The 
measurement of the angle @ is difficult when the 
crystals are of microscopic size. From the observa- 
tion of resolved etchpits, verification of more 
general formulae is, however, also possible without 
knowledge of the angle 3. This can be done in a 
simple way in two cases. 

1. When a pure tilt boundary changes orienta- 
tion, the dislocation density should change, as can 
be derived from formulae developed by Read and 
Shockley [4]. When p is the density of the sym- 
metrical boundary, the total density p’ of disloca- 
tions in an asymmetrical boundary making an 
angle @ with the direction of the symmetrical one 
should be: 


(1) p’ = p(sin ¢@ + cos ¢) 
2. When three (in general asymmetrical) pure 
tilt boundaries meet, the following relation should 


hold 


3 


Sin $; + cos ¢; 


; 

where p’; are the total dislocation densities and ¢; 
the angles of the boundaries with the direction of 
the symmetrical boundary. 

This relation follows from the fact that >> 3; = 0; 

=1 

it holds for a simple cubic lattice. In what concerns 
the present case the rock salt lattice can be con- 
sidered as such. There are indeed sets of mutually 
(110) and (110), 
with slip vectors which are also mutually perpen- 


perpendicular slip planes, e.g., 


dicular. 

The relations (1) and (2) could now be verified 
by measuring distances between etchpits and 
angles ¢. 

Figure 3 represents three pure tilt boundaries 
which meet in P. Inset (a) is an enlargement of a 
part of PB, while (b) is an enlargement of part of 


PA. 


Measurements give: 
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Boundary 


Devs 

l4u 
3.34u 
4.29u 


BP 46.7 46 2 
AP 29.9 

CP 23.3 22 
*Expressed in dislocations per 100xz. 
**% angles are measured in the same region where dis- 
locations are counted. 


We have now indeed very approximately: 28.5 
+17.9 ~ 46.7, so that (2) is satisfied within the 
accuracy of the measurements. Part of the boun- 
dary PA changed orientation. Measurements give: 


Boundary Peale, 


29.9 8.5 


first part 2 
second part 10) 29 


3 
The agreement between 28.5 and 29.3 is good. 

These observations prove in a striking way the 
dislocation structure of small-angle grain boun- 
daries. They allow further the conclusion that one 
etchpit developed with the described method really 
corresponds to one dislocation. 

That the substructure is a genuine structure of 
the crystal is proved by the observation that both 
halves of a cleaved specimen produce etch patterns 
which are rigorously mirror images, even when 
etched in slightly different condition. 

Detailed observation of some grain boundaries 
in well-annealed specimens revealed a regular suc- 
cession of etchpits of different development. The 
boundary of Figure 4 shows a regular alternation of 
etchpits of different depths. This structure cannot 
be a coincidence as the same sequence is continued 
all along the boundary. This particular structure 
simply results when a slight difference in dissolu- 
tion velocity is assumed between two successive 
attack. Such a 
example, exist between the points of emergence of 


centres of difference could, for 
Taylor dislocations and Burgers dislocations. It is 
indeed to be expected, when the crystal is suff- 
ciently well annealed, that impurities will concen- 
trate along Taylor dislocations, but much less or 
not at all along pure Burgers dislocations [5]. This 
could result in a slightly different rate of dissolu- 
tion. It is not impossible that the difference in 
geometry between the two dislocations alone is 
sufficient to cause a difference in dissolution rate. 
In every case we feel that the only explanation for 
the observed etch pattern of this particular grain 
boundary is that it consists of a regular alternation 
of Tay lor and Burgers dislocations. 

[t will be seen on the photographs that a number 
random 


of etchpits seem to be distributed at 


within the “grains.’’ They correspond, however, to 


Lie 
% 
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real features as even the patterns of these etchpits 
were exact mirror images on both halves of a 
cleavage. It was found that after a long anneal 
their number decreases and that they also tend to 
arrange themselves so as to form very small-angle 
boundaries. We think that these randomly distri- 
buted etchpits might find their origin in the three- 
lines 


network of single dislocation 


dimensional 
which was postulated by Mott [6]. 
(b) Sliplines 

It was already shown on aluminium crystals that 
slip lines could be etched [7]. It proved difficult, 
however, to get well-resolved etchpits so that there 
was some doubt as to the exact relation between 
etchpits and dislocation density. Two other authors 
have since confirmed the possibility of producing 
etchpits along slip lines [8; 9]. In none of these cases 
could a clear-cut correspondence be reached. In the 
case of rock salt, we believe that a one-to-one corres- 
pondence could be established. This follows from 
the arguments under (a) and from the fact that for 
the sliplines the distance between etchpits could in 
some cases be kept larger than in grain boundaries 
so that even better resolution is possible. 

Specimens were treated in two ways: (1) A 
freshly cleaved specimen was deformed while under 
observation, until slightly visible sliplines were 
developed, and then etched. (2) A specimen was 
deformed, cleaved and both halves etched. 

The experiments under (2) gave etch patterns 
which were again exact mirror images of both the 
etch pattern of the substructure and the etch pat- 
tern of the slip traces. This proves again that the 
process is reproducible, and it permits the retention 
of a “replica’’ of the dislocation structure of a 
specimen. This opens the way to experiments con- 
cerning the evolution of a distribution of disloca- 
tions under the heat treatment or 
strain. It is hoped to follow strain-induced move- 
ment of a single dislocation in this way. Moreover, 


influence of 


by cleaving away thin slices, the distribution of 


dislocations in the interior of a crystal can be 
reconstructed. 

The experiments on sliplines confirmed that 
etchpits are formed at both Taylor and Burgers 
dislocations. This follows from the following con- 
siderations. When, for instance, slip occurs along 
a (101) plane in a cleavage prism of NaCl com- 
pressed along [100], will in 
general reach (001) as well as (010). The slip vector 
being 3[101], the loops will cut the (001) face with a 
Burgers component, while the (010) plane will be 
cut as pure Taylors. The slip traces on (001) will be 


dislocation loops 
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parallel to the cube edge while they will form an 
angle of 45 degrees with the cube edge on the (001) 
plane. Thus visible sliplines will only be produced 
on the (001) face. Etching, however, takes place not 
only along the visible trace on (001) but also along 
the trace with (010). Figure 2 gives an example of 
slip traces of both types. 

As can be seen, dislocations in boundaries etch 
somewhat more easily than dislocations produced 
by slip. This will be evident from the argument 
given above about the effect of annealing (forma- 
tion of Cottrell atmosphere). The experiments 
under (2) prove further that the etching of slip 
lines does not depend upon the presence of a step, 
as might be thought if only visible slip lines would 
etch. 

(c) Polygonization 

Specimens were bent under water and then 
annealed during various intervals of time and at 
different temperatures. In a typical case the speci- 
mens were found to be polygonized after 6 hours 
at 650°C. The polygonization of rock salt was 
already studied earlier by Konobejevsky and 
Mirer [10], by means of ordinary Laue photographs. 

Our specimens were prisms bent about the [010] 
axis. When cleaved along the (100) or (001) face, 
polygonal cleavage faces were produced. On these 
faces the polygonization could be seen directly by 
means of the observation method of Frangon, 
which is very sensitive to orientation differences. 
The polygon domains are seen as narrow, differ- 
ently coloured, strips [11]. 

The side face, i.e., the (010) face, was etched. 
Photograph 5 gives an example of the etch patterns 
obtained. It is evident that the dislocation walls 
have two orientations. They are situated in planes 
(101) or (101); some of the walls contain parts 
belonging to two of the planes. 


Conclusions 


From the observations it is now clear that not 
only chemical attack takes place most easily at 
dislocations [12], but also simple dissolution. It is 
further proved that both screw and edge disloca- 
tion are etched. 

The observations illustrate in a striking way the 
theory concerning the dislocation structure of 
small-angle grain boundaries, as formulated by 
Burgers [13] and Read and Shockley [4]. It even 
proved possible to see directly such fine details as 
the succession of two different types of dislocations. 

The etching at dislocations produced by slip 
seems now to be proved unambiguously. A detailed 
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analysis of the geometry of dislocations produced 


by slip has not yet been made, but the described 
method seems promising. The procedure of cleavage 
for producing fresh surfaces has a marked advan- 
tage over electrolytic polishing as no complication 
due to surface layers of foreign substances are to be 
feared. 
Acknowledgments 

This work is part of a research scheme supported 
by I.R.S.1.A. (C.E.S.). I wish to thank Professor 
Dr. W. Dekeyser for his continued interest in this 
work. 


References 


1. LacomBeE, P. Report of a conference on the Strength 
of Solids, University of Bristol (London, Physical Society). 
2. Francon, M. Revue d’optique 31 (1952) 65. 


3. VOGEL, F. L., PFANN, W. G., Corey, H. E., and THomas, 


E.E. Phys. Rev. 90 (1953) 489. 
READ, W. T. and SHOCKLEY, W. Phys ‘v. 78 (1950) 


aiv. 


. COTTRELL, A. H. Dislocations and Plastic Flow in 


Crystals (Oxford University Press, 1953). 

Mott, N. F. Phil. Mag. 43 (1952) 1151. 

See also HepGEs, J. M. and MiTcHELL, J. W. Phil. 
Mag. 44 (1953) 223. 

\MELINCKX, S. Phil. Mag. 44 (1953) 1048. 


8. JAcQguET, D. A. Comptes Rendus 237 (1953) 1248. 
. ABpou, A. H. Phil. Mag. 45 (1954) 105. 
. KONOBEJEVSKY, S. and Mrrer, I. Z. Krist. 81 (1932) 69. 


AMELINCKX, S. Nature. In press 


2. GEVERS, R., AMELINCKX, S., and DEKEYSER, W. Natur- 


wiss. 19 (1952) 448. 

GeveErsS, R. J. Chem. Phys. 50 (1953) 321. See also 
Horn, F. H. Phil. Mag. 43 (1952) 1210. 

3URGERS, J. M. Proc. Kon. Ned. Akad. Wet. 42 
(1939) 293. 


8 

10 


STRAIN HARDENING IN FACE-CENTRED CUBIC METAL CRYSTALS* 
J. SAWKILL{ and R. W. K. HONEYCOMBE}{ 


Gold single crystals have been deformed in a shear apparatus of the type developed by R6hm and 
Kochendérfer. Metallographic examination revealed that the deformation mainly did not occur by 
slip on the octahedral system oriented for shear, but rather on the system which would operate 
during tensile deformation. Bending occurred in the vicinity of the grips. 

A comparison has been made of the tensile deformation of aluminium and gold crystals. In both 
cases, deformation bands of two types were observed, but the size of these inhomogeneities and the 
disorientations resulting from them were much smaller in the gold crystals. The shapes of the stress- 
strain curves, and in particular, the occurrence of easy glide were very dependent on orientation in 
both metals. The possible effect of deformation bands on the duration of e: asy glide, and on strain- 
hardening is discussed. 


LE DURCISSEMENT PAR DEFORMATION DES CRISTAUX DE METAUX CUBIQUES 
A FACES CENTREES 


On a soumis de monocristaux d’or 4 une déformation dans un appareil de cisaillement du type 
concu par Rohm et Kochendérfer. Un examen métallographique a permis de constater que la dé- 
formation se produisait avant tout sur les plans qui auraient opéré pendant une déformation par 
traction et non pas sur le systéme octaédrique qui était orienté pour le cisaillement. I] y avait de 
la flexion au voisinage des mordaches. On a comparé la déformation par traction des cristaux d’or 
a celle des cristaux d’aluminium. Dans les deux cas on a constaté la présence de bandes de déformation 
de deux types, mais l’étendue de ces hétérogénéités et des désorientations qui en résultaient était 
beaucoup plus faible dans les cristaux d’or. La forme des courbes tension-déformation et en particulier 
l’app: ities du glissement facile dépendaient beaucoup, dans les deux cz s de l’orientation. L’effet 
possible des bandes de déformation sur la durée du glissement facile et sur le durcissement par 
déformation est discuté. 


SPANNUNGSBEDINGTE VERFESTIGUNG IN KUBISCH-FLACHENZENTRIERTEN 
METALLKRISTALLEN 

In einer der von R6hm und KochendoOrfer 4hnlichen Scherungsapparatur wurden Goldeinkristalle 
verformt. Die metallographische Untersuchung zeigte, dass die Verformung im wesentlichen nicht 
du r¢ . Gleitung auf den fiir Scherung giinstig orientierten Oktaederebenen erfolgt, sondern auf dem 
Gleitsystem das bei Zugverformung wirksam sein wiirde. In der Nahe der ~~ Fats rn treten Biegungs- 
ers¢ he inungen auf. 

Die Zugverformung von Aluminium- und Goldkristallen wird verglichen; in beiden Fallen wurden 
zwei Arten von Deformationsbandern beobachtet; das Ausmass dieser Inhomogenitaéten und die 
auftretenden Fehlordnungen waren jedoch in den Goldkris tallen viel geringer. Die Form der 
Dehnungskurve und vor allem das Auftreten der “‘leichten Gleitung”’ hing in beiden Metallen stark 

von der ee ab. Der Einfluss, den die Deformationsbander méglicherweise auf die Dauer 
g’’ und auf die spannungsbedingte Verfestigung haben, wird diskutiert. 


LI — lattice within their confines. Kink bands separate 
- Introduction blocks of the crystal differing in orientation from 
In recent years metallographic investigations each other which are relatively free from macro- 


[1; 2; 3; 4] have shown that inhomogeneities play scopic distortion, and which occupy a much larger 


an important part in the deformation of pure volume than the bands. It has been shown that 


aluminium. These inhomogeneities, which can be’ kink bands, when present, contribute largely to the 
broadly classified as deformation bands, are X-ray asterism streaks whereas the undistorted 
regions of the crystal which differ in orientation blocks give rise to the intensity maxima often 
from the mother crystal, the difference increasing imposed on these streaks. 

with the amount of deformation. Two types of The other type of deformation band known to 
deformation band have been distinguished by occur in deformed aluminium is the band of secon- 
Honeycombe [4]. On one hand there are kink bands, _ dary slip [4; 5]. These are lamellar regions initially 
the nature of which has been studied by several approximately parallel to the operative slip plane 
workers. These are essentially narrow bands initi- in which primary slip is very weakly developed or 
ally normal to the slip plane and to the slip direc- absent. After heavier deformations these regions 
tion and which involve a double curvature of the are revealed as preferred sites for slip on a secon- 


————_-—_—— .—_—- — dary plane, or frequently step-like slip alternately 
‘Received April 14, 1954. on the primary and secondary planes. These bands 

lurgy, University of Sheffield, now at P.C.S. Laboratory, too, result in disorientations which will give rise to 

Cambridge, England. s re intensity maxima in X-ray asterisms, but they do 
tSenior Lecturer in Physical Metallurgy, University of 

Sheffield, England. not in the early stages involve lattice bending. 
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SAWKILL ann HONEYCOMBE: STRAIN HARDENING 


It has been suggested [4; 20] that deformation 
bands are one of the causes of strain-hardening in 
cubic metal crystals in so far as they act as barriers 
to the passage of the primary slip processes, but 
this view is now far from being widely accepted. 
This hypothesis would receive strong support if it 
were found that cubic metal crystals deformed so as 
to avoid the formation of deformation bands 
showed a much smaller degree of strain-hardening. 
During the last twenty years a number of attempts 
have been made to deform metal crystals by pure 
shear without the occurrence of inhomogeneities or 
asterisms. Some success has attended experiments 
on hexagonal metal crystals [6] which in any case 
show much lower rates of strain-hardening than 
cubic metal crystals. However, similar experiments 
with cubic metals have been without avail until 
recently Réhm and KochendOrfer [7] claimed to 
have deformed aluminium crystals by pure shear 
along the slip plane in a slip direction; the deforma- 
tion appeared to be accompanied by much less 
strain-hardening than in a normal tensile test. 
the 
crystals recovered completely on annealing. This 


Furthermore, asterisms were absent and 
work has been criticised by Read [8] on the grounds 
that the method of testing used was incapable of 
giving a pure shear. It thus seemed that further 
experimental work was needed to settle this 
question. 

A survey of the recent literature on the deforma- 
that 


aluminium greatly preponderate. While the rea- 


tion of metals reveals investigations on 
sons for this are not far to seek, there exists a real 
the 


phenomena in this metal will lead to generalisa- 


danger that ease of study of deformation 
tions which may later be found to be invalid. For 
this reason the present work on shearing of crystals 
was done primarily with gold single crystals. The 
second part of the paper is a comparison of the 
behaviour of gold and aluminium crystals of similar 
room 


orientations when deformed in tension at 


temperature. 


II. Preparation of Crystals 
Single crystals of gold of square cross section 
(approximately 3 mm X 3 mm X 80 mm) and 
purity 99.995 per cent, were grown from the melt 
in a split graphite mould. A variation of the 
Bridgman technique was used for growing the 


crystals. The mould sat vertically in an evacuated 
Mullite tube, which was surrounded by a furnace 
wound to produce a marked temperature gradient. 
Instead of moving the mould through the furnace 


all parts were stationary, and once the gold was 
molten the temperature was lowered by reducing 
the current in the furnace windings by means of a 
motor-controlled variac. A light aqua-regia etch 
determined whether the crystals were single or not. 
The single crystals were electropolished in the 
manner described by Kushner [9] and the orienta- 
tions were determined by the back-reflection Laue 
method. 

Single crystals of aluminium (99.99 per cent) 
were prepared by a variation of the strain-anneal 
method with dimensions 3 mm X 3mm X 300 mm 
lengths of 7.5 cm were cut from these crystals and 
were electropolished. 


III. The Shear Experiments 


(a) Previous Work 

Bausch [10] attempted to deform metal crystals 
by simple shear along the slip plane in the slip 
direction by gripping short, carefully oriented 
specimens, and by moving the grips relative to 
each other so as to exert a shearing stress. Bausch, 
and also Burgers and Lebbink [11] who repeated 
the experiments with aluminium, found that the 
deformation was accompanied by X-ray asterisms, 


More 


recently R6hm and Kochendérfer [7] confirmed 


indicating that it was not homogeneous. 


these results but found that no asterisms occurred 


in the X-ray patterns when the length of the 


specimen was markedly increased. Figure 1 shows 


FicureE 1. (a) Before deformation. After deformation 


schematically the type of test they carried out. 
Figure la shows the specimen prior to deformation 
with an octahedral plane normal to the longitu- 
dinal axis of the specimen and a [110] direction in 
that plane parallel to the subsequent direction of 
shear. On moving the grips parallel to each other 

that the 


in opposite directions it claimed 
result shown in Figure 1) was obtained, namely, a 


was 


simple shearing of the crystal. Measurement of the 


force F and the angle y enabled a shear stress- 
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strain curve to be calculated. Plotting their results 
in this way, Réhm found a 
linear hardening curve very similar to that obtained 


and Kochendo6rfer 
for hexagonal metals. Furthermore, asterism was 
absent below about 25 per cent slip. Below this 
strain no slip lines were visible to the naked eye, 
but this is hardly surprising as the state of the 
surface was unsuitable for careful observations. 
Read [8] has criticised this method of deformation 
on the grounds that the stress distribution is highly 
complicated and is unlikely to lead to pure shear 
over the whole length of the crystal. He concluded 
that deformation was due to both slip on the slip 
plane, and to rotation of the lattice due to plastic 
bending at the ends, combined with an axial elonga- 
tion required to prevent motion of the ends towards 
each other. Read also suggested that the rotation 
at the ends might explain the lack of slip and aster- 
ism in the middle of the crystal, for in these regions 
the strain may actually have been small. To over- 
come these difficulties Read pointed out that if the 
ends were allowed to move freely then the axial 
force would become very small. Measurement of 
the rotation of the central part of the crystal in 
these circumstances should lead to the evaluation 
of the contribution of the two components of the 
More recently 
has examined experimentally the 


deformation referred to above. 


991 


Kanzaki [22] 
stress-strain relationships of this mode of deforma- 
tion in copper crystals, and has also concluded that 
much of the deformation is due to bending. 
(b) Present Work 

A number of gold single crystals were grown but 
none had an octahedral plane normal to the longi- 
tudinal axis. Figure 2 shows the orientations of 


No 
Ficure 2. Orientations of gold crystals used in the shear 
experiments. 


three crystals, Au 3, 5, and 7, which by a simple 
rotation resulted in an octahedral plane in the 
position shown in Figure 3a. A further rotation 
brought a [110] direction parallel to the intended 
direction of shear. The crystals were fixed in the 


required position by mounting the ends in steel 
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cups using Woods metal. Finally the mounted 
crystal was placed in the shear apparatus, which 
will not be described in detail as it follows the same 
principle as that used by R6hm and Kochendorfer 
except that one grip could slide towards the other 
during deformation if desired. Figure 4 shows the 
shearing jig with a crystal in position. It was 
constructed so that it could be used in a Hounsfield 


| 


( 
SAYA 
FIGURE 3. 
deformation. (c) 
direction M. 


(a) Gold crystal before deformation. (b) After 
After deformation allowing motion in 


tensometer whereby a tensile stress imposed by the 
machine resulted in the displacement of one grip 
relative to the other such that the perpendicular 
the same. At 
several stages during the deformation, the electro- 


distance between them remained 
polished crystal was examined microscopically and 
by X-ray 
taken with the X-ray beam parallel to the direction 
of application of the load. The main observations 


diffraction. Some photographs were 


were: 

1. Slip lines were observed microscopically at 
very small deformations. 

2. From the beginning of deformation two 
slip systems operated. 

3. Plastic bending was observed near the ends, 
with consequent rotation of the lattice between 
(Figure 3b). The bending was limited to a few 
millimetres near the grips. 
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4. No kink bands were observed microscopi- 
cally. 

5. There was no measurable asterism over the 

unbent part of the crystal, but some was observed 
near the grips. 
The observed slip traces were plotted on a stereo- 
graphic projection and it was found that one of 
these was the shear plane for which the crystal was 
oriented (Figure 3a). The other system taking 
part in the deformation was that which had the 
highest shear stress for a load along the crystal 
axis; that is, it was the system which would nor- 
mally operate first in a tensile test. Microscopic 
observations indicated that the majority of the slip 
occurred on this system. For example, Figure 5 is a 
photomicrograph of the middle of crystal Au 3 
after fairly heavy apparent shear. The traces of the 
shear plane for which the crystal was oriented are 
very few whereas the tension slip system is markedly 
developed. The rotation of the lattice relative to the 
original position in the middle of the crystals be- 
came substantial as the deformation proceeded and 
in the case of Au 7 amounted to 40 degrees at the 
end of the experiment, the duration of which was 
determined by the magnitude of the axial load, for 
the crystals in all cases eventually pulled out of the 
Wood’s metal grips. 

In order to make a comparison with Réhm and 
Kochend6rfer’s results, the shear stress-strain 
curve for crystal Au 7 was plotted assuming that 
deformation had occurred by pure shear. Figure 6 


Aug in tension 


approx Rohm and 
Kochendorter for Al 
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FiGurE 6. Shear stress-strain curves for Au 6 in tension, 
Au 7 in shear compared with the results of Réhm and 
Kochendorfer. 


shows that the resulting curve lies much higher than 
that ) 
aluminium crystals, but it does not show such strong 


obtained by RG6hm and KochendOrfer for 


apparent strain-hardening as crystal Au 6, which 
The 


results, however, show that the plotting of a shear 


was deformed in_ tension. metallographic 
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stress-strain curve for this type of test is not 
justified, and no definite conclusions can be drawn 
from its shape. 

Finally, following Read’s suggestion, free lateral 
movement of the grips was allowed in the direction 
M (Figure 3c) 


previously localised near the grips now extended 


with the result that the bending 


over most of the length of the specimen. In these 
circumstances an analysis of the type suggested by 
Read was clearly impossible. 
IV. The Tension Experiments 

Liicke and Lange [12] have shown that the shape 
of the stress-strain curves of high-purity aluminium 
crystals is markedly dependent on the orientation 
of the crystals relative to the tension axis. Crystals 
with orientations away from the boundaries of the 
stereographic triangle show a region between 0 and 
5 per cent extension where the rate of hardening is 
small; this is the so-called easy-glide range which 
may persist up to strains of 20 per cent in silver and 
gold crystals [18]. The curves subsequently showed 
more rapid work-hardening. In three crystals, this 
rapid hardening occurred from the beginning of the 
deformation. Two of these crystals had orienta- 
tions near [100] and then rapid hardening was 
ascribed to the multiple slip which occurs from the 
beginning of the deformation for these orientations 
The third crystal had an orientation on the [111]- 
[110] boundary such that for a tensile stress, the 
resolved {110} 
directions in the same octahedral plane. Current 


shear stress was equal for two 
dislocation theories [9; 10] of strain-hardening do 
not explain why this orientation should give a high 
strain-hardening curve. 

From Liicke and Lange’s detailed investigation 
it thus emerges there are three orientations which 
would bear further detailed study: 

(a) The symmetrical orientations in which two 
or more separate slip planes operate from the 
beginning of deformation. The cube orientation is a 
good example as no less than four different planes 
can take part in the deformation. 

(6) The symmetrical orientations in which slip 
can take place in two different directions on the 
same slip planes. 

(c) The “typical” orientations towards the centre 
of the stereographic triangle. Crystals in this 
region show easy glide. 

An understanding of the behaviour of these three 
different types of crystal should throw light on the 
problem of strain hardening. To this end, alu- 


minium crystals (99.99 per cent purity) of these 
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orientations were prepared, and were examined 
microscopically and by X-rays in some detail 
during tensile deformation. At the same time, for 
reasons already mentioned, it was deemed advis- 
able to do a similar set of experiments with gold 
crystals. A number of these were grown, amongst 
which were three in the categories a, b and c above, 
and thus a direct comparison could be made of the 
behaviour of aluminium and gold of high purity. 
1. Aluminium 

The the 
referred to are given in Figure 7. Crystal Al 1, as 


orientations of aluminium crystals 


ite) 


FIGURE 7. Orientations of gold and aluminium crystals 
pulled in tension. 


might be expected from its proximity to [100], did 
not deform uniformly. The primary slip plane was 
different in two major parts of the crystal, and 
altogether four different slip planes were observed. 
A typical region is illustrated in Figure 9 after 10 
per cent strain. A general characteristic of this type 
of crystal is that the operative slip systems are not 
uniformly distributed. The primary slip bands 
occurred in packets with large regions between 
them which were deficient in primary slip and were 
preferred regions for slip on the other almost 
equally favoured planes. Small amounts of slip on 
these alternative planes minimised the passage of 
primary slip in these regions, but there was no 
evidence that the slip on these planes occurred 
prior to the primary slip. Rather the primary slip 
occurred initially in isolated bands which subse- 
quently spread laterally by addition of other bands. 
During this process, the secondary slip occurred in 
the empty regions, i.e., in the region where slip on 
the alternative planes can occur without inter- 
ruption. 

In the earliest stages of the deformation, these 
symmetrically oriented crystals show a peculiar 
rumpling (Figure 8) which covers the entire surface 
of the crystal and appears unrelated to the sub- 
sequent slip. It is now clear that this phenomenon 
is directly connected with the deformation and is in 
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fact a manifestation of what Brown and Honey- 
combe [13] have called ‘‘micro-slip,’’ while Kuhl- 
mann-Wilsdorf and Wilsdorf [14] have used the 
term ‘‘elementary structure’ to describe the same 
phenomenon. In the case of nonsymmetrically 
oriented crystals, micro-slip occurs as very closely 
spaced lines involving displacements of 150A or 
less; these are parallel to the subsequently formed 
coarse slip which is a familiar manifestation of 
plastic deformation. However, in symmetrically 
oriented crystals, the micro-slip does not occur 
exclusively on one set of planes, but wanders on a 
very fine scale from one to another because more 
than one plane is in a favoured orientation. This 
results in a microscopic rumpling in which crystallo- 
graphic directions are very difficult to discern. 

As has been previously reported, no kink bands 
were observed in crystals with orientations of 
type a above. The dominant microscopic feature is 
the marked inhomogeneity of the slip which results 
in almost macroscopic bands of secondary slip, 
which develop from the early stages of the defor- 
mation, becoming progressively disoriented from 
adjoining regions of the crystal as deformation 
proceeds. Crystal Al 2 was close to the [111]-[110] 
boundary; however, Figure 10 shows a photo- 
micrograph of this crystal after about 11 per cent 
extension in tension. The expected primary system 
has operated but there are pronounced bands of 
secondary slip. In addition, kink bands have oc- 
cured and are clearly visible in the photograph, it 
contrast to the behaviour of Al 1. It was difficult to 
associate the structures in the bands of secondary 
slip with any given slip system. 

Crystal Al 3 behaved in what, for convenience, 
has been referred to as a typical way. Slip occurred 
primarily on a single slip system and kink bands 
developed in the usual way. Bands of secondary 
slip were far less pronounced, which is to be expected 
because the crystal orientation is well away from 
the boundaries of the stereographic triangle. 

Stress-strain curves were plotted for the three 
crystals (Figure 11). For the purposes of comparison 
with Liicke and Lange’s results the curves were 
plotted on a shear stress-shear strain basis; they 
coincided almost exactly with those of Liicke and 
Lange. Al 3 showed a small region of easy glide 
whereas Al | hardened rapidly from the beginning, 
however, Al 2 hardened most rapidly of the three. 


The only difference between Al 2 and Al 3 which 


could be observed in the microstructure was that 
in the former there were marked bands of secondary 
slip. 
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2. Gold 

In all, five crystals were examined during tensile 
deformation. Crystals Au 6, 9, and 13 were de- 
formed at room and 
curves obtained. Crystals Au 11 and Au 12 were 


temperature stress-strain 


deformed at 275°C and 575°C respectively but in 


these two stress-strain curves were not 


obtained. All crystals were subjected to X-ray and 


cases, 


metallographic examinations. The orientations of 
the crystals are plotted in Figure 7. 

Crystal Au 9 had an orientation similar to that of 
Al 1, and multiple slip could be expected at a very 
early stage of the deformation. As in the case of the 
aluminium crystal, the primary slip plane differed 
in different parts of the crystal. The primary slip 
was again in bunches separated by pronounced 
bands of secondary slip, in which there was little 
evidence of individual slip bands. At the later 
stages of the deformation, three slip planes other 
than the primary one were detected. No kink bands 
were observed at any stage of the deformation, and 
after 30 per cent tensile strain, the asterism in X- 
ray back reflection Laue photographs was only 
about 2 degrees. The asterism did not appear to 
correspond to bending about the usual [211] axis of 
rotation. 

Crystal Au 13 can be compared with Al 2 as the 
orientations are very similar, being close to the 
[11i]-[110] boundary. The microstructure (Figure 
12) had a general similarity to that of the corre- 
sponding aluminium crystal (Figure 10), although 
the slip was on a finer scale and was somewhat 
masked by the early appearance of microslip. 
Bands of secondary slip were present although they 
were not as pronounced as in Al 2. Striations were 
visible within the bands although again they could 
not be related to any octahedral plane. Kink bands 
were observed although they were very fine and 
closely spaced (0.02 mm apart), and the rotations 
associated with them small; this is supported by 
the X-ray Laue patterns which after 33 per cent 
extension only revealed asterisms with a spread of 
l4degrees. So far as could be determined, the axis 
of rotation was the classical [211]. 

Crystal Au 6 corresponded closely with Al 3, both 
having orientations towards the centre of the stereo- 
graphic triangle. The crystal deformed by slip on a 
single system but no kink bands could be detected 
optically at any stage of the deformation. X-ray 
Laue patterns were taken at different points along 
the specimen and in general no marked asterisms 
were observed. This suggested that either the kink 
bands were absent or the disorientations associated 
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with them were very small. Bearing in mind that the 
spacing of these bands is dependent on the tem- 
perature of deformation, some qualitative experi- 
ments were carried out at elevated temperatures 
on crystals with similar orientations to Au 6. Au 11 
was deformed at 275°C but again no kink bands 
could be observed; however, when Au 12 was 
575°C, 


microscopically (Figure 13). It was confirmed that 


deformed at kink bands were observed 
they occurred initially on a (110) plane perpen- 
dicular to the active slip direction. At a tensile 
strain of 30 per cent the asterism spread was 
5 degrees and the axis of rotation was [211] normal 
to the slip direction which adequately describes the 
rotation in a kink band. The band spacing at this 
temperature was about 0.1 mm. 

The stress-strain curves for Au 6, 9, and 13 were 
converted to shear-stress/shear-strain curves (Fig- 
ure 11). It is interesting to compare their behaviour 
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FicureE 11. Shear stre train curves for gold and 


aluminium crystals deformed in tension. 


with those of the aluminium crystals of similar 
orientation, bearing in mind the fact that the two 
metals were deformed at very different tempera- 
tures relative to their melting points. Au 9 and Al 1 
had similar types of hardening curve—rapid ini- 
tially, but gradually falling off—whereas Au 6 and 
Al 3 showed initially a region of easy glide followed 
by more rapid strain-hardening. However Au 13 
gave a very different stress strain curve to Al 2, 
although the orientations were quite similar. Au 13 
had a prolonged region of easy glide covering about 
15 per cent glide strain, while Al 2 showed the most 
rapid hardening of the three chosen orientations. 


V. Discussion 


The shear experiments have shown that with 


gold crystals, pure shear was in no case obtained. 
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The work of Réhm and Kochenddrfer is not 
entirely convincing because no microscopic exam- 
ination of their crystals was made to determine 
whether slip had occurred exclusively on the one 
suitably oriented system. In the present experi- 
ments such observations have been made and it was 
clear that slip did not occur solely on the octa- 
hedral system oriented for shear; in fact, most of 
the deformation appeared to take place on the 
octahedral plane along which the resolved shear 
stress was greatest for a tensile stress along the 
cry stal The 
Read's interpretation of this type of deformation, 


axis. observations clearly support 
namely, that it is a combination of plastic bending 
in the vicinity of the grips and of tensile deforma- 
tion along the greater part of the specimen. In the 
experiments with gold the initial position of the 
long axis of the crystal was in no case horizontal; 
this may account for observed differences in the 
shape of the shear stress-strain curve (Figure 6). 
R6hm and KochendOrfer observed little asterism 
in their crystals after deformation, and it had thus 


been assumed that the deformation was particu- 


larly homogeneous. It would be surprising if 
asterisms were absent in X-ray photographs taken 
in the vicinity of the grips; the present experiments 
have clearly shown bending in these regions. The 
small amount of asterism in the middle of the 
crystals could arise from two causes. Firstly, the 
actual deformation there might be quite small, 
particularly if much bending had occurred in the 
vicinity of the grips. Secondly, as we have shown, 
at least two slip systems take part in the deforma- 
tion of the central part of the crystals even in the 
early stages; crystals where this occurs during 
simple tension do not develop kink bands and, as a 
consequence, the asterisms are usually not severe. 
So it is reasonable to assume that kink bands were 
absent in their shear experiments, but this does not 
imply that the deformation necessarily took place 
by pure shear. 

In the present experiments on gold, little asterism 
was detected in the central portion of the ‘‘sheared”’ 
crystals even after large strains, but this was also 
true for the gold crystals deformed in tension. So to 
associate absence of asterism with homogeneity of 
deformation is a dangerous simplification. In ten- 
sile deformation of aluminium, it has been estab- 
lished that the asterism streaks arise principally 
from kink bands [15]. Clearly, then, the extent of 
the asterism depends primarily on the extent of the 
to a lesser 


disorientations within the bands and 
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extent on the number of bands impinged on by the 
X-ray beam. Earlier work on aluminium [4] and 
the present work on gold have shown that for a 
given deformation several factors influence the 
extent of the disorientations within kink bands. 
These are 

(a) The temperature of deformation. The higher 
this is, the larger the disorientations in the indivi- 
dual bands, and the larger the spacing between the 
bands, 

(b) The orientation of the crystal. In 
cases, such as crystals of symmetrical orientation, 


extreme 


the bands are absent, but in between extremes the 
spacing varies with the orientation as do the indi- 
vidual disorientations, 

(c) The purity and nature of the metal. In general, 
impurities tend to reduce the size of kink bands and 
also their spacing. Different metals do not behave 
identically. 

The comparative tensile experiments on alu- 
minium and gold have shown that the behaviour of 
aluminium is not unique and that similar pheno- 
mena occur in gold. In the tensile experiments on 
gold at kink were 
detected in only one crystal, and then they were 


bands 


room temperature, 


much finer than those observed in similar alu- 
minium crystals. This observation is in keeping 
with the temperature dependence of the size of 
kink bands. Aluminium crystals deformed further 
from the melting point, e.g., in liquid air, develop 
kink bands but these are usually so fine that they 
are not detected microscopically until after rela- 
tively heavy The 
deformed at 575°C confirmed this trend by develop- 
ing bands much coarser than those produced during 
deformation at Again the 
asterism observed was greater (5 degrees) and the 
spacing of the bands was 0.1 mm compared with 
0.02 mm at room temperature. 

The same general influence of orientation holds 


deformations. crystal 


room temperature. 


with gold and aluminium. Crystals of both metals, 
with orientations close to the boundaries of the 
stereographic triangle, show marked formation of 
bands of secondary slip. The stress-strain curves of 
aluminium and gold crystals with orientations 
near the centre of the stereographic triangle both 
show easy glide while the orientations near [100] 
strain harden rapidly from the beginning of the 
deformation. 

An anomaly exists in the case of crystals with 
orientations near the [111]-{110] boundary. Both 
show kink bands and bands of secondary slip, but 
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whereas the aluminium initially hardens rapidly, 
the gold shows an initial pronounced region of 
small hardening. The stress-strain curve for Al 2 
is very similar to that for a crystal used by Liicke 
and Lange; both crystals had an orientation on the 
[111]-{110] boundary. Here the two preferred slip 
systems involve different slip directions in the 
same plane. Microscopically, one cannot easily 
differentiate between these two systems for they 
produce the same primary slip traces. Measure- 
ment of the lattice rotation with respect to the 
stress axis indicates that crystal Al 2 slips primarily 
on one system, but it is likely that there will be 
interference from the other system. These results 
on aluminium may be of importance in view of the 
fact that recent work by Edwards, Washburn, and 
Parker [21] shows that zinc crystals harden more 
the that 


shear stresses are the same for two slip directions 


when orientation is such the resolved 
in one plane. The gold crystal Au 13 near the 
[111]-{110] boundary behaved entirely differently 
although it appeared to exhibit the same micro- 
scopical phenomena. Clearly, there is a need for 
further investigation of orientations near this 
boundary, for these results as they stand cannot be 
satisfactorily explained. The exact significance of 
shear stress-strain curves in such circumstances is 
also in doubt. 

In the early stages of plastic deformation, the 
influence of orientation on hardening is already 
evident. At strains less than 1 per cent the familiar 
coarse slip is an infrequent occurrence, but the 
crystal surfaces are already uniformly covered with 
micro-slip, the spacing of which is such (less than 
150 A) that 


adjacent slip planes becomes a feasible mechanism 


interaction between dislocations on 
of hardening. In symmetrically oriented crystals 
the micro-slip is not confined to one slip system, 
but forms a network over the whole crystal. It is 
suggested that this multiple micro-slip is largely 
responsible for the initial marked increase in strain- 
hardening in these crystals. With other orientations, 
the initial hardening due to micro-slip on one sys- 
tem is followed by a region of easy glide during 
which the coarse slip develops. 

Cottrell [17] has suggested that the easy glide 
range in cubic metal crystals is equivalent to the 
usual stress-strain curves of hexagonal crystals, and 
represents a region of laminar flow with low harden- 
ing. In this view the end of easy glide represents 
the onset of turbulent slip characterised by the 
development of kink bands and associated secon- 
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Andrade Henderson [18] have 


shown that the range of easy glide in silver and 


dary slip.* and 
gold crystals increases with decreasing tempera- 
ture. Furthermore, it also depends on the crystal 
orientation. These factors have also been referred 
to as significant variables in the development of 
The the 
that the length of the easy glide range is dependent 


kink bands. present authors take view 


on the extent of the disorientations developing in 
because they are a 
effectiveness of the 
of dislocations. At 


individual kink bands, 
the 


the 


the 
measure of bands as 


barriers to passage low 
temperatures the disorientations are smaller and 
the easy glide range is longer. The above experi- 
ments have shown that in gold the individual kink 
bands involve smaller disorientations for a given 
strain and so are less effective barriers than those in 
aluminium. There should thus be a correlation 
between the extent of easy glide and the disorienta- 
tions as shown by X-ray diffraction, Andrade and 
Henderson’s results confirm this. 

The hypothesis implies that kink bands have a 
hardening influence; however, a recent theoretical 
study by Mott [16] indicates that piled up disloca- 
band cannot contribute 


tions in a deformation 


substantially to the hardening as no long-range 
field 


oriented crystals harden very 


stress exists. Furthermore symmetrically 
rapidly from the 
beginning of the deformation without the forma- 
tion of kink bands. However, it is well known that 
slip bands do stop abruptly in kink bands, parti- 
cularly in the later stages of deformation when 
they are preferred regions for slip on other systems. 
Cottrell has put forward the view that the presence 
of this secondary slip leads to hardening by kink 
bands as there is full opportunity for sessile dislo- 
that 


the 


cations to be produced. It is now suggested 


the onset of secondary slip is controlled by 
amount of rotation within the kink band, so the 
resulting hardening will depend on those variables 
which influence the magnitude of the kink band, 
viz., temperature of deformation and orientation. 
As the temperature of deformation is raised, the 


kink bands become coarser, the disorientations 
larger, and consequently the secondary slip occurs 
stage. So the easy glide range is 


at an earlier 


restricted and eventually eliminated. 


Crystals of symmetrical orientations develop slip 


Honevcombe on alumi 


*Unpublished experiments by ium 
support the view that kink bands are pronounced only after 
the end of easy glide. The easy glide range increased with 


decreasing temperature. 
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on alternative systems at a much earlier stage of 
the deformation, as shown by the appearance of 
bands of secondary slip. This could account for 
their more rapid rate of work-hardening and the 
absence of easy glide. 

Easy glide appears to occur only in metals of 


high purity and in some solid solutions free from 


second-phase impurities (e.g. alpha-brass). In these 
cases, well-defined slip bands are present, and it is 
possible to observe where large dislocation pile-ups 
occur; the mean free path of a slip band or group of 
dislocations is large, i.e., of microscopic dimensions 
and it is considered that in these circumstances the 
microscopic inhomogeneities such as kink bands 
have considerable influence. Andrade and Hen- 
derson’s observations [18] that surface films on 
silver markedly influence the extent of easy glide 
is in keeping with this viewpoint. In less pure 
metals, and in alloys with fine precipitates, the 
mean free paths of dislocation groups are often so 
small that no slip bands are observed microscopi- 
cally. In these cases the fine dispersions of a second 
phase limit the movement of the slip packets, and 
thus must play a significant role in the work 
hardening. 
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DEFORMATION TEXTURES OF FACE-CENTRED CUBIC METALS* 
E. A. CALNANTt 


A number of investigations of the deformation of single crystals have shown that the crystals tend 
to rotate past the orientation where duplex slip would start before the second slip plane begins to funct- 
ion. The effect is very slight in aluminium but marked in a-brass. Starting from these observations the 
present treatment shows how such differences lead to the different deformation textures of, on the 
one hand, aluminium and copper, and on the other, a-brass and certain copper base solid solution 
alloys. The method follows that previously described in a series of papers by Calnan and Clews but 
gives more detailed consideration to the derivation of sheet rolling textures. 


TEXTURES DE DEFORMATION DE METAUX CUBIQUES A FACES CENTREES 


Plusieurs investigations de la déformation de monocristaux ont permis de constater que les cristaux 
tendent a tourner au-dela de l’orientation pour laquelle le glissement double commencerait, avant 
que le deuxiéme plan de glissement commence a fonctionner. Dans l’aluminium cet effet est trés 
faible, mais il est plus marqué dans le laiton a. En partant de ces observations, le présent traitement 
montre comment de telles différences ménent aux différentes textures de déformation, d’une part 
de l’aluminium et du cuivre, et d’autre part du laiton a et de certains alliages du cuivre sous forme 
de solution solide. Cette méthode suit celle qui fut décrite antérieurement dans une série d’articles 
de Calnan et Clews, mais elle considére avec plus de détails la détermination des textures de laminage 
dans les tdéles. 


DEFORMATIONSTEXTUREN IN KUBISCH-FLACHENZENTRIERTEN METALLEN 


Eine Anzahl Untersuchungen der Verformung von Einkristallen haben gezeigt, dass die Kristalle 
die Tendenz haben, iiber die Orientierung, bei der Doppelgleitung beginnen wiirde, hinaus zu rotieren, 
ehe die zweite Gleitebene aktiv wird. In Aluminium ist der Effekt nur gering, in a-Messing jedoch 
recht ausgepragt. Die vorliegende Arbeit geht von diesen Ergebnissen aus und zeigt, wie derartige 
Unterschiede zu den verschiedenen Deformationstexturen von Aluminium und Kupfer einerseits, 
von a-Messing und gewissen Kupferlegierungen des festen Lésungstyps andererseits, fiihren kénnen 
Die angewandte Untersuchungsmethode wurde bereits in einer Serie von Arbeiten von Calan und 
Clews beschrieben; in der vorliegenden Studie wird jedoch mehr auf die Einzelheiten der Ableitung 
der Walztexturen eingegangen. 


are the rolling textures of Hu, Sperry, and Beck 


Introduction [5], who used Geiger-Muller Counter methods for 


their determinations. These can be described 


adequately only by reference to the actual pole 


The deformation textures of face-centred cubic 
metals have been the subject of many experimental 
investigations, see for example Barrett [1], and it figures since, for instance, their description of the 


aluminium rolling texture as a scatter around 


(7, 12, 22) [845] near (123) [121] does not account 


has been established beyond doubt that while 
aluminium and copper have very similar textures, 
entirely for all the intensity maxima in the pole 
Table I that the 


certain copper base solid solutions including 70-30 
brass The 
matter has not been resolved in the various treat- 


ficure. However, it is clear from 
two types of textures are those corresponding to 
copper and 70-30 brass, which are: (i) drawing 
[111] with an intermediate [100] texture 


have a markedly different texture. 


ments which have been proposed for the explana- 
tion of textures on the basis of the operative slip textures: 


(ii) com- 


mechanisms, Barrett [1], since all these metals slip 
on the {111}(110) system and should accordingly 
have the same texture. In the light of some recent 
experimental work, Murphy and Calnan, [2] on 
the behaviour of a-brass single crystals in tension, 


the present paper shows how the differences in 


texture may be explained and in so doing presents a 
more satisfactory method for the prediction of 
cubic rolling textures than that 
viously by Calnan and Clews [3; 4]. 

The experimentally determined 
listed in Table I. The only fully quantitative results 


described pre- 


are 


textures 
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for copper, and [111] alone for brass; 
pression and compression rolling textures: [110] 
with a spread to [311] and [100] for copper, [110] 
with a spread to [311] and [111] for brass; (iii) 
rolling textures: a texture near [121] for 
copper, and (110) [112] for brass. 

The treatment for the prediction of deformation 
textures which is being extended here is based on a 
knowledge of the deformation modes of the metal, 
that is to say, the particular crystallographic slip 
and twinning systems. In view of the generally 
satisfactory tlfis method for 


body-centred cubic metals, Calnan and Clews [4], 


results obtained by 


Calnan [6], hexagonal metals, Calnan and Clews 
[7], Williams and Eppelsheimer [8], and 


ortho- 


= 
a4 
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TABLE I 
DETERMINED DEFORMATION TEXTURES IN 
FACE-CENTRED CuBIc METALS 


EXPERIMENTALLY 


Deformation Metal Texture Reference 


Drawing* Cu Hibbard [15] 
Au 
Ag 
Ni 
Pb 
Al 
Cu solid solu- 
tions with > 
1% Al, 5% 
Zn, 30% Ni 


(111) 
a4 


+ [100 Hibbard[16] 
component 

after 50% 

reduction 

which 

vanishes after 

95% reduction 

Cu solid [111] Hibbard [16] 
solutions 
>2% Al, 


8% Zn 


with 


Hibbard and 
Trout [17] 


[110] with a 
spread to 
[100] and [311] 


Compression Cu solid 
solutions with 
> 1% Al, 

5% Zn, 30% Ni 
Cu solid [110] with a Hibbard and 
solutions with spread to [111] Trout [17] 
> 2% Al, and [311] 
8% Zn some concen- 

tration at [111] 


[110] with a 
spread to Levenson[18] 
[100] and [311] Barrett [1] 

= p. 447 


and 


“Compres- Al 


sion 


Barrett and 


Rolling”’ 
(rolling Ni 
with many 
passes, 

each pass 
30 brass [110] with a 
spread to [111] 
and [311] and 
some concen- 


tration at [111] 


“Scatter 


ina 
different 
direction) 


Rolling 


Hu, Sperry and 


Beck [5] 


around 
orientations 
near (123) 
{121],”” see 
pole figure. 
Cu 
70-30 brass _—[110] [112] 

*The only pure tension experiments are those of Calnan 
and Williams [19] who found some evidence in aluminium of a 
texture near [211] rather than [111]. 

tEarlier workers reported an additional [100] component 
but these results corresponded to lesser reductions than that 


used by Hibbard. 


rhombic metals, Calnan and Clews [9], it is reason- 
able 


centred cubic textures in the behaviour of 


to look for the origin of the different face- 
their 
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relevant differences are: 


The 


(a) in aluminium and copper the active and latent 


single crystals. 
slip systems work-harden equally such that when 
crystal rotation has taken place to give equal 
resolved shear stresses on two systems these both 
come into operation, whereas in a-brass consider- 
able inequality has been observed to occur in 
certain Sachs [10], Maddin, 
Mathewson and Hibbard [11], (®) the cross-slip 
(slip on two planes in the common slip direction) 


Goler and 


cases, 


observed in a-brass [11, Joc. cit.] is of a much more 
that 
minium Cahn [12]. The essential features of the 


pronounced character than found in alu- 
recent experimental observations of Murphy and 
Calnan is that the existence of the unequal harden- 
ing referred to in (a) above has been demonstrated 
for a range of orientations in the neighbourhood 
of the [100] [111] boundary of the unit triangle and 
that it can be shown how cross-slip is the logical 
outcome of such an effect. The fundamental cause 
for this effect 
Ardley and Cottrell [13] who have shown that in 
a-brass a yield point is obtained when the zinc 


could well be that proposed by 


content exceeds about one per cent and have 


explained this on the basis of ‘“atmospheres’’ of 
zinc atoms locking the dislocations. However, the 
the 


slip 


treatment is 
the 


starting point of the present 


observation of unequal hardening of 
systems and so the treatment is independent of 
any atomic scale explanation of the hardening 


phenomena. 


Tension and Compression Textures 


The derivation of the tension texture is illustra- 
ted for the case of equal hardening on all the slip 
systems, i.e., for copper, by Figure 3 of the original 
Calnan and Clews paper [3], Figure 1 of the present 
paper. The arrows I and II indicate respectively 
the rotations resulting from single and duplex 
slip. The relative amounts of the two components 
are expected to depend upon the path which the 
effective stress, T;, follows from the stress axis 
orientation to a minimum of resolved shear stress. 
The part of the path which lies wholly within the 
unit triangle produces single crystal slip and the 
part along a unit triangle boundary produces duplex 
slip. For a grain of original applied stress axis u 
near the [100] [111] boundary the path which T, is 
most likely to follow (the line of quickest descent) 
is almost entirely along the boundary. Therefore 
duplex slip is the most likely mode and the grain 
the direction II. There is a small 


will rotate in 


possibility of some single-crystal slip—that is to 


866 
| 
Al 
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say, slightly more slip on one of the duplex sys- 
tems, which results in the general direction of 
rotation deviating slightly from the pure duplex 
direction II towards the single-crystal direction I. 
From such considerations the general trends of 
rotation shown in Figure 2 are derived. 

the case of a-brass where the 


Consider now 


A 


FiGurRE 1. Lines of quickest descent from the shear stress 
peak, F, and directions of rotation due to single crystal slip 
(— I) and duplex slip (— II) in copper under tension. 


boundary dividing the areas of primary and con- 
jugate slip is no longer the [100] [111] line but is 
removed to the position shown in Figure 3, Murphy 
and Calnan [2]. This increases greatly all the single- 
crystal path lengths for the movement of the effective 
stress and correspondingly increases the likelihood 
of single crystal rotations. The general trends of 
rotation are thus as shown in Figure 3. The major 
difference between Figures 2 and 3 is that for the 
latter, a-brass, there is no longer a tendency for 
orientations to rotate towards [100] and thence 


101 


FiGuRE 2. General trends of rotation in under 


tension. 


copper 
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FIGURE 3. General 
AA’ is boundary between primary and con 


trends of rotation in 


tension 


proceed along the boundary towards [211]; instead 
they move much more directly towards [211]. 
There is some complication in the neighbourhood 
of [111]. Although no direct evidence is available 
for the nature of the boundary between primary 
and conjugate slip in this vicinity, it seems highly 
probable that it may be deduced by extrapolation 
of the known part. It 
Kuhlmann-Wilsdorf and Wilsdorf [14] that mixed 
slip (a common slip plane, two active slip direc- 


has been suggested by 


tions) should be more prevalent in brass. It will be 
seen that the highest probability for this to occur 


is for orientations along the [110] [111] boundary, 


the systems being the primary one (111) [101] and 


The rotations 


the system (111) [011], Figure 4. 


tele) 


FIGURI 


slip in a@-brass un 

corresponding to these systems are respectively 
towards [101] and [011], the resultant being along 
circle including [110], [111] and [001]. 


Figure 4 shows how the stress axis under this rota- 


the great 


tion moves across the [100] [111] boundary to a 
point a, thence with mixed slip on the conjugate 
system, approximately parallel to [101] [111] [010], 
111 


J 


to b, followed by mixed slip on the plane 
back towards the original unit triangle. The result 
of such a complication may well be to cause some 
persistence of the (1 l 1] tension texture in brass. 


Thus the pure tension textures for both copper 


101 
A 
q 
21 
/ 
/ 
/ 
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/ 
Lie 
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110 elie) 
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and brass are ultimately [211] but with the former 
there [100] and [111] 
textures while for brass there should be a more 


should be intermediate 
persistent [111] intermediate texture. 

The compression textures may be deduced in 
similar fashion. Figures 5 and 6 show the trends of 


FiGurRE 5. General trends of rotation in under 


compression. 


copper 


FiGuRE 6. General trends of rotation in a-brass under 


compressit nm. 


rotation for copper and brass respectively and it 
will be seen that the former leads to an intermed- 
iate [100] texture which is absent in brass. The 
effect of cross-slip, which is more prevalent in 
brass, is to make the [111] orientations persist in 
compression but to a lesser extent than in tension. 
The experimentally determined drawing and com- 
pression rolling textures are not strictly comparable 
with these pure tension and compression textures 
and therefore comparison with experiment will be 


postponed until the predicted drawing and rolling 


textures have been derived. 
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Drawing Textures 
The process of wire-drawing will be simulated in 
the present treatment by a tensile stress in the 
together with a circular 
array of compressive stresses perpendicular to this 


direction of drawing 
direction. The compressive stresses correspond to 
the complex stresses exerted by a circular die on 
the material being drawn through it. Thus for a 
grain with tension axis denoted by a certain point 
in the unit triangle, there are compressive stresses 
operative at every point on the great circle normal 
to the tension axis. 

Consider the case of copper. The tension rota- 
tions lead to [111], [211], and [100] and thus the 
radial compressive stresses tend to become aligned 
along one of the great circles C;, C. and C3, corres- 
ponding to these points, Figure 7. The radial 


00! 


061 


FiGuRE 7. Standard stereographic projection illustrating 
the derivation of the drawing texture in face-centred cubic 
metals, 


stresses will not be equally favourable for initiating 
slip and the predominating ones will be those 
nearest the centres of their particular unit triangles. 
The resulting compression rotations towards the 


appropriate (110) directions are shown by the 


arrows in Figure 7. It will be seen that on C, and 
C; the compression rotations are exactly equal and 
opposite in successive triangles along the great 
circle and that there is consequently no disturbance 
of the For Cs, the 
compression rotations are not balanced and there 


tension texture. however, 


will be a general rotation of the great circle to- 
wards C, so bringing the tension axis to [111] 
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Thus a double fibre texture will result having [111] 
and [100] as fibre axes. After severe deformation 
the [111] and [100] intermediate tension textures 
decrease in intensity, leaving a single [211] texture. 
This will have the effect of finally eliminating the 
[100] drawing texture and causing some spread to 
the [111] component. The ultimate texture will 
thus be an axis between [111] and [211] where the 
tension rotation towards [211] is balanced by the 
compression rotations towards [111]. 

In a-brass the [100] intermediate component of 
the tension texture is absent, Figure 3, and thus 
there will be no tendency for the compression 
stresses to be aligned on the great circle C; and 
hence intermediate [100] 
These results are in accord with the experimental 
observations listed in Table I bearing in mind the 
fact that the observed textures designated [111] do 
comprise some spread around this point. It would 


no drawing texture. 


be useful nevertheless to have some further quanti- 
tative measurements on 


spread of orientation for comparison with predic- 


the magnitude of this 


tion. 


Sheet Rolling Textures 


As in previous attempts to derive the sheet 
rolling texture, the process will be simulated by 
compression parallel to the rolling plane normal 
and tension in the rolling direction, perpendicular 
to the rolling plane normal. Thus a grain may have 
its rolling plane normal (compression axis) repre- 
sented by a point p in the unit triangle [100] [110] 
[111], Figure 8, and its rolling direction (tension 
axis) at a particular point on the great circle p’ 
whose pole is p. The polycrystalline aggregate 
will therefore be represented by compression axes 
all over the triangle [100] [110] [111] and tension 


FicurE 8. Standard stereographic projection illu 
the derivation of the sheet rolling texture of a-brass. 
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axes all over the area 90 degrees from this triangle, 
.k. The effect of 
taneous tension and compression rotations has now 


viz., the areas a,b,c.. simul- 
to be considered, that is to say, to a particular 
compression axis must be applied the appropriate 
compression rotation compounded with the rota- 
tion of this point resulting from the appropriate 
tension rotation of the tension axis, and vice versa 
for the tension axis orientation. 

Since the component rotations of compression 
and tension for copper and brass have been shown 
above to be different it may be expected that the 
resulting sheet textures are different. The respects 
in which they differ must now be demonstrated in 
detail. Consider first the somewhat simpler case of 
brass. For compression axes in the unit triangle 
[100] [110] [111] the 


rotations over the triangle may be reasonably 


variation of compression 
adequately described by the two typical orienta- 
tions ~ and gq, for which the compression rotations 
are those shown by the arrows —. The tension 
axes lying on the corresponding great circles p’ and 
qg’ are rotated by the compression as shown by 
similar arrows. The effect of these rotations in the 
also 


triangles a, b, c, etc., where in each there are 


the tension rotations shown in Figure 3, will now 
be discussed for each of the triangles in turn. In 
triangle a the tension rotation towards [112] is in 
general accord with the compression arrows —, 
and the 110) 


[112] will be reached. In triangle 6 some orientations 


mutually satisfactory end-point 


adjacent to the boundary with triangle a will move 
into the latter and join the (110) [112] texture. 
The remainder will move towards [111] but be- 
tween this point and [121] the tension and compres- 
sion rotations are almost in opposition. However, 
referring to Figure 4 it will be seen that the tension 
rotations may continue out of triangle 5 to meet the 
great circle boundary [110] [111] [001], especially as 
the most favourable slip system for triangle 6 is the 
(111) [110] which is a mixed slip system of the 
primary compression system (111) [101]. From the 
[110] [111] [001] boundary 
[112] without 
[110] 


a tension rotation will 
the 
texture 


take place towards disturbing 


compression end-point and so the 
(110) [112] will be reached. In 


tension and compression lead to the vicinity of 


triangle ( also both 


111] and it seems likely that here also the effect 
will occur by which the tension rotations lead out of 
the triangle, parallel to [110] [111], and so to tri- 
110) [112]. 


Similar arguments may be applied to the rota- 


angle a and the end-point 


which will reach the vicinity 


tions in d, e, f, and g, 
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of [111] and thence move to the end-point (110) 
[112]. The latter is also the immediate end-point 
for triangles h and j and probably for k, while the 
orientations in / rotate out of the triangle to join 
(211 


by all the orientations and may therefore be expec- 


triangle a. Thus a texture of (110) is reached 
ted to form the complete rolling texture. 

This result is in good agreement with the experi- 
mental pole figure of Hu, Sperry, and Beck [5] 


Figure 9. The small spread around the (110) 


FIGURE 9. (111) pole figure of “inside texture’’ of 95 per 
cent rolled strip of commercial 70.30 brass (Hu, Sperry and 
Beck). 


211 
the fact that all the material has not quite reached 


texture which they observed may be due to 


the end-point after 95 per cent reduction or to 
experimental variations in the rolling procedure. 
The isthmus across the centre of the pole figure 
must be due to material with a (111) plane in the 
rolling plane and may perhaps be the retention of a 
small amount of this (111) component of the com- 
pression texture mentioned previously. With very 
severe rolling it would presumably disappear. 
Turning now to the case of copper and alumin- 
ium, the tendency of both compression and tension 
rotations to lead first towards [100] before turning 
towards [110] and [211] respectively, together with 
the inability of an orientation to cross the boundary 
of a unit triangle without changing its slip system, 
immediately introduces considerable complica- 
tions. It will be appreciated that the following 
explanation is by no means rigorous but in view 
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of the complexity of the problem, in particular the 


rapid variation of rotation direction for small 
orientation differences, an analytical treatment of 
the polycrystalline case presents great difficulty. 

Consider the orientations in detail, Figure 10. 
In the primary compression unit triangle | there 
are three quite distinct directions of rotations 
corresponding to the regions (i), (ii) and (ii). For 
compression axes in region (i) the tension axes 


must lie mainly in the areas bounded by the great 


FiGureE 10. Standard stereographic projection illustrating 
derivation of the sheet rolling texture of copper. 


circles [001] [110] [001] and [011] [110] [011]. The 
the arrow in 


compression rotation indicated by 
region (i) corresponds to a rotation about [110] 
which when applied to the tension axes tends to 
sweep them from the [011] [110] [011] great circle 
to the [001] [110] [001]. Compounding this rotation 
with the tension rotations appropriate to each 
triangle in turn it will be seen that in triangle a the 
tension rotations lead to [001] and [111] and finally 
to [112], all of which are on the compression end- 
point great circle [001] [110] [001] and thus the 
mutually satisfactory texture (110) [112] is reached. 
In the part of triangle ) under consideration, that 
between [011], [111], and [121], 
rotations will pull some tension axes into triangle a 


the compression 


to join the (110) [112] texture while some remain 
in the neighbourhood of (110) [111]. The rolling 
direction for the latter texture is not a true end- 
point and there will be some spread of rolling direc- 
tion towards [121] with a consequent small spread 
on the rolling plane normal (compression axis 
(110). Such 
triangles are summarized in Table II. 


near conclusions for the various 
The region (ii) of the compression unit triangle 
may then be considered. To this there correspond 


tension axes in the area bounded by the great 
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TABLE II 


COMPONENTS OF ROLLING TEXTURE OF COPPER 


Area 
over Textures 


Compression Tension which ——— 


axis region axis tension 


region axes 


{110} 
(112) 


Spread 
{311} 


near 
{110} 
(111) 


initially 
occur 
(meas- 
ured in 
unit 
triangles) 


(110) 
[112] near 
(110) 


(171) 


near 
(110) 
(111) 


wh wh co 


Totals 


DEFORMATION 


a (110) 
[112] 


Totals 


b 


10 100 


50 


Totals 


Weighted grand totals (relative) 
*The areas (i): (ii): (iii) are 7: 3: 15. The individual region 
totals are multiplied in these ratios before adding into the 


grand total. 
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circles [001] [010] [001] and [001] [110] [001]. The 
compression rotation is represented by a rotation 
about [001], which swings tension axes across from 
[001] [010] [001] to [001] [110] [001]. In triangle a 
this clearly leads again to the (110) [112] texture. 
In triangle 6 the tension rotation towards [121], 
that is to say, about an axis in the general region of 
[101], will tend to swing the compression axis into 
triangle II and is likely to join with the spread of 
texture which develops from orientations in region 
(iii). Geometrically equivalent textures to this and 
the (110) [112] occur for the other triangles as 
listed in Table II. 

There now remains the more complex region (iii) 
of the compression triangle I. The tension axes lie 
approximately between [011] [O11] [011] and [011] 
[110] [011]. The compression rotation corresponds 
to a rotation about [011], i.e., sweeping tension 
axes from [011] [110] [011] to [011] [011] [011]. The 
tension rotations in the neighbourhood of the latter 
great circle, shown by arrow —, would tend to 
accumulate the tension axes around [010] and [001] 
at the time when the compression axis in triangle I 
has reached [100]. These textures of (100) [010] and 
(100) [001] are not final end-points, since the 
tension rotations now lead towards [121], [121], 
[112], or [112]. Consider the first of these tension 
rotations which corresponds to a rotation about 
[101]. This will swing the compression axis out of 
triangle I into II as shown by the arrow — t. The 
compression axis reaching the neighbourhood of 
[311] coincides with the tension axis reaching [121]. 
The compression rotation in triangle II, however, 
represented by the arrow — c, tends to throw the 
tension axis away from [121] towards the interior 
of triangle b, and it seems possible that the tension 
axis moves round to the neighbourhood of the 
(011] [111] boundary. Certainly in this latter region, 
extending from [121] to the adjacent point of the 
[011] [111] boundary, as shown by the broken line, 
the tension rotations are directly opposed to the 
compression rotation —c of triangle II. It thus 
appears that this will be a very persistent texture, 
that is to say, compression axes near [311] and ten- 
sion axes from [121] across to the [011] [111] 
boundary. 

Similar arguments may be applied to the other 
triangles. For example, for triangle e the tension 
rotation from [010] towards [121] throws the com- 
pression axes back from [100] to the vicinity of 
[311] as does also the rotation [001] [112] in triangle 
h. These textures as listed in Table II for the 


compression region (iii) are all of equivalent form, 
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similar to (311) [121] although based on different 
triangles, except for triangles k and / for which 
the tension rotations throw the compression axis 
towards [101]. Although the derivation of this 
texture has been made on the basis of movement 
first to the neighbourhood of (100) [010] and (100) 
[001] it is by no means certain that such complete 
movement actually occurs. It is possible that the 
irregular movements of adjacent grains enable 
them to reach the final texture of opposing tension 
and compression rotations by rather shorter paths, 


and this may be especially so for orientations 


initially in the vicinity of the final texture. 
Summing up the textures in Table II, it appears 
that there are three components: (a) the spread of 
orientation near (311) [112], (b) the straight- 
forward (110) [112] texture, and (c) a component 
The relative amounts of these 


near (110) [111]. 
textures, obtained by totalling for the various 
tension axis triangles and then weighting the totals 
in proportion to the compression axis region areas, 
can only be considered as very approximate. The 
results can be described by saying that the major 
component (a) is about twice as important as 
component (b) while (c) is present in only a very 
small amount. 

These components must now be combined on a 
pole figure for comparison with the experimental 
results. Considering the representation of the spread 
component (a) it will be seen from Figure 11 that 
such a texture consisting of a small spread of orien- 
tation near [311] with a somewhat larger spread 
from [112] to the adjacent [111] [011] boundary can 
15-degree 


conveniently be represented by a 


rotation about [111] of the texture with rolling 


FiGureE 11. Lines C and T show the spread of orientation 
obtained by rotating the texture with (311) as rolling plane 
and rolling direction 90 degrees from [311] on the (111}{011} 
line by 15 degrees about [111]. 
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plane normal [311] and rolling direction 90 degrees 
from [311] on the [111] [O11] line. Although it 
should be pointed out that other rotation axes 
slightly removed from [111] operating on slightly 
different textures could also give generally similar 
spreads of orientation, the [111] axis may be taken 
as typical of these axes. On the (111) pole figure, 
Figure 12, the poles of the individual components 


FiGurE 12. (111) pole figure. © spread of orientation near 


311)[112]. A (110){112]. (110){1T]). 


are shown, and from these and the symmetrical 
orientations of the same form (the ‘‘mirror-image”’ 
poles) combined in the proportions derived above, 
the semi-quantitative pole figure of Figure 13a 
may be drawn. One feature here requires special 
attention. The maximum about 30 degrees from 
the centre of the pole figure which corresponds to a 
certain pole in the texture (a) has no spread at 
all since this is the actual [111] rotation axis. This 


FIG 


FiGURE 13a. Predicted (111) pole figure for copper. Spread 
of orientation of 5 degrees on each pole position of Fig. 12. 
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maximum, and its ‘‘mirror image,” will therefore 
be particularly intense since the number of grains 
to which it corresponds is elsewhere spread over a 
much larger area of the pole figure. 

In Figure 13b is shown the experimental pole 
figure of Hu, Sperry, and Beck [5] and it will be 
noted at once that the high-intensity maxima near 
the centre of the figure, which have hitherto been 
somewhat difficult to interpret, are explained by 
the rotation axis poles of the texture (a) just dis- 


FiGuRE 13b. Experimental (111) pole figure of tough 
pitch copper strip, 96 per cent reduction. Hu, Sperry and 
Beck [5]. 


cussed. These predicted maxima, 30 degrees from 
the centre, do not agree precisely with the observed 
positions, 22 degrees from the centre for copper 
and 25 degrees for aluminium. The 
maxima correspond to positions of the compression 
axis in triangle I, Figure 10, a few degrees from 
[311] towards [211] and since such positions also 
argument above, the 


observed 


conform to the general 
discrepancy, though interesting, is not considered 
serious. The synthesis of the complete texture 
from textures (a) and (b) in the relative propor- 
tions of 2: 1 implies that isolated maxima of the 
as intense as isolated 


former should be _ twice 


maxima of the latter. In this particular case com- 


parison may be made between the texture (a) 


maximum 30 degrees from the centre of the pole 
the (b) maximum in the 


direction, 1.e., the 


figure with texture 
transverse 90 degrees from 


DEFORMATION 


TEXTURES 


rolling direction on the periphery. It will be seen 
that experimentally the magnitudes 
2400-1600, (b) 870-800. In view of the assumptions 
this seems satisfactory 


are: (a) 


in the treatment, 
ment. Hu, Sperry, and Beck have reported very 


agree- 


slight differences in the textures of aluminium and 
copper; for example, the positions of the very 
maxima the The 
above hardly permits a detailed differentiation 


strong near centre. treatment 
between these two textures, but it is feasible that 
such a difference might result from a very slight 
difference in slip behaviour, by no means as marked 
as that between copper and brass, but of the same 
general type. 

To sum up briefly: in copper some of the grains 
go to the spread of orientation near (311) [112] 
and some to the (110) [112] texture, while in 
a-brass the predominance of single crystal slip and 
the ability of the stress axis to cross the unit 
triangle boundary enables all the grains to attain 
the (110) [112] texture so that the (311) [112] 
texture does not form. 

There remains to comment on the predicted com- 
pression textures and the observed compression and 
compression rolling textures. The compression rota- 
tions in Figures 5 and 6 indicate the development of 
(110) textures for both copper and brass but with 
an intermediate (100) texture for the former and 
some persistence of the (111) texture for brass due 
to cross-slip. This is in accord with Hibbard and 
after 90-degree 


Trout’s textures 


reduction. The treatment here predicts that. after 


compression 


very severe reduction only a (110) texture should 
occur, but there are no experimental results by 
which this may be verified. 

Much more 
been obtained by Barrett and his co-workers using 
compression rolling, i.e., rolling with many passes, 


severe reductions have, however, 


each pass in a different direction. They concluded 
that the wide scatter of orientations to [100] and 
[311] in the case of aluminium would exist after 
any reduction but little altered in 
reduction from 98 to 99.9 per cent. The predictions 


since it was 
for compression rolling are the textures in the 
compression unit triangles of I, II, etc. of Figures 
8 and 10. Since it was concluded in discussion of 
Figure 8 that for a-brass the compression end-point 
[110] is attained ultimately for all orientations, 
the final compression rolling texture should be 
[110], with previously some spread via [311] to 
[111]. Barrett’s 
show the spread to [311] and [111] refer to 97 per 
cent reduction so it is not quite certain whether the 


observations on a-brass_ which 
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final end-point has in fact been attained. For 
copper or aluminium, on the other hand, Figure 10, 
the opposition of tension and compression rotations 
does indeed produce the spread of orientations via 
[100] to [311] from the final end-point [110] in 
accord with observation, and it is possible that not 
even 99.9 per cent reduction is sufficient to elimi- 
nate the cyclic movement of orientations in this 
spread. 


Conclusions 


Although the treatment leaves much to be 
desired in the procedure for deriving the crystal 
rotations resulting from the simulation of rolling 
textures by simultaneous tension and compression, 
it may now claim to demonstrate how metals of the 
same crystal structure and slip systems develop 
quite different deformation textures. These differ- 
ences are bélieved to stem directly from the funda- 
mental effect of foreign atoms in the lattice and 
may thus provide a useful link between macro- 
scopic properties and atomic behaviour. The 
establishment of such a link may well prove 
valuable in that it is much more convenient to 
measure preferred orientations and deduce the slip 
behaviour, and hence the behaviour of the foreign 
atoms, than to attempt to measure the two last 


effects directly. 
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ELECTRON-OPTICAL OBSERVATIONS OF TRANSFORMATIONS IN 
EUTECTOID STEEL* 


G. W. RATHENAU{ and G. BAASt 


The transformation of austenite into pearlite and vice versa has been studied on pure eutectoid 
steel by direct observation, applying electron-emission microscopy. 

Pearlite colonies generally cross austenite grain boundaries. Strain induced grain boundary migra- 
tion occurs within the austenite. Stimulation of austenitic twins has been observed on austenitizing 
partially transformed austenite. 


OBSERVATIONS AU MOYEN DU MICROSCOPE A EMISSION ELECTRONIQUE DES 
TRANSFORMATIONS DANS L’ACIER EUTECTOIDE 


On a étudié la transformation de l’austenite en perlite, et vice-versa, dans un acier eutectoide, 
pur, en se servant du microscope a émission électronique. Des amas de perlite traversent, en général, 
les joints intercristallins de l’austenite. Dans l’austenite, on constate l’existence d’une migration 
des joints induite par la déformation. 

Une stimulation de macles austenitiques fut observée lors de l’austenitisation d’austenite partiel- 
lement transformée. 


ELEKTRONENOPTISCHE BEOBACHTUNGEN DER TRANSFORMATION 


IN EUTEKTOIDEM STAHL 
Die Umwandlung von Austenit in Perlit und von Perlit in Austenit wurde an reinem, eutektoidem 
Stahl durch direkte Beobachtung des Vorgangs am Elektronenemissionsmikroskop untersucht. 
Im allgemeinen iiberschreiten Perlitgruppen die Korngrenzen des Austenits. Innerhalb des 
Austenits erfolgt spannungsinduzierte Korngrenzenwanderung. Anregung zur Bildung von Austenit- 


zwillingen wurde bei der Riickumwandlung von teilweise transformiertem Austenit beobachtet. 


Grain growth in metals and alloys has been 
observed directly in application of electron- 
emission microscopy [1]. Applying a newly devel- 
oped electron-emission microscope, which allows 
resolution of details of the order of 10-5 cm, the 
authors have in the past studied two kinds of 
grain growth: the recrystallization in homogeneous 
NiFe alloys with a pronounced rolling texture [2] 
and the formation of new crystals during the phase 
transformation a = y in SiFe [3]. This paper deals 
with the formation of pearlite in eutectoid steel 
and the reverse process of austenitizing as studied 
directly with the emission microscope. 


Experimental 


Eutectoid carbon steel of high purity (0.81% C 
by weight) prepared in the high vacuum melting 
apparatus of J. D. Fast [4], has been used through- 
out. Specimens as in Figure 1 were prepared. They 
were heated by a tungsten filament. A magnified 
image of their polished surface S was formed by 
the electrons which were emitted after either Cs or 
Ba or both had been evaporated on to this surface. 
By this activation with electropositive atoms the 
work function for electron emission is reduced. 
Furthermore, contrast is obtained in the electron 
optical image of the surface since absorption of 
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activator atoms by metals depends on the exposed 
lattice plane. Therefore grains of identical compo- 
sition, but different orientation are represented with 
different brightness. In a heterogeneous alloy the 
different phases can also be recognized by a 
difference in brightness. When comparing light- 
optical (after suitable etching) and _ electron- 
optical images of the same spot of pearlite, excellent 
agreement was found. 

A description of the electron-emission microscope 
and its handling will be given elsewhere. 


Growth of Pearlite Colonies 
within a Matrix of Austenite 


The cooling of the austenite specimen which 
had been heated to above 1000°C occurred by its 
radiation after the current through the filament in 
Figure 1 had been reduced.§ Generally the nodules 
of pearlite originated at grain boundaries or 
imperfections of the surface as shown in Figure 2. 
This figure does suggest already that a colony. of 
pearlite can pass over an austenite grain boundary 
without change of orientation of the composing 
ferrite and cementite, the brightness of these 
constituents being the same for two parts of a 
pearlite colony at either side of the original boun- 
dary between two austenite grains. Figure 3 gives a 
typical example of the crossing of grain boundaries 


§The austenite pearlite transformation was observed at a 
temperature of about 700°C, that is to say just below the 
eutectoid temperature. 
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by pearlite colonies. Figure 4 shows an austenitic 
twin boundary being crossed by a pearlite colony. 
The photographs make clear that in the pure alloy 
an individual lamella of cementite as well as of 
ferrite generally crosses an austenite boundary. 
Sometimes a change of direction of the lamella 
which may be sudden (Figure 5d), or continuous, 
is to be seen near the crossing of the boundary. 

Hull Mehl [5] formerly gave incidental 
examples of such crossing. However, G. V. Smith 


and 


and Mehl [6] found indications of an orientation 


and ferrite in 


austenite 


VL LLL, 


relationship between 


F 


FIGURE 1. Schematic representation of specimen. S: 
polished surface represented in the electron optical image. 
F: filament. 


pearlite. C. S. Smith [7], on the other hand, gives 
another interpretation of the experimental results 
obtained by G. V. Smith and Mehl and regards 
the orientations as being distributed at random 
except for the avoidance of certain orientations. 
This avoidance, he suggests, is caused by the well- 
known fact that only highly disordered boundaries 
can move at measurable speed, lateral diffusion 
along them being extremely high. Our experiments 
are inadequate to test this hypothesis. They do 
indicate, however, that one and the same pearlite 
colony can grow in different austenitic grains with 
rates varying at most by about a factor of 10 
(Figures 5d and f). 

We have observed that often the grain boundary 
between two austenitic grains migrates when a 
pearlite colony approaches. Generally the boundary 
between the austenite grains moves towards the 
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approaching pearlite colony as is shown in Figures 
5b, 5d and 6 and schematically sketched in Figure 

The following explanation is probably approp- 
riate. The changes in volume accompanying the 
eutectoid transformation give rise to imperfections 
of the austenite lattice, which are the more num- 
erous the smaller is the distance to the moving 
pearlite-austenite A grain boundary 
motion towards the approaching pearlite therefore 


interface. 


FicurRE 7. Schematic representation of grain boundary 
displacement between austenite grains A and B. According 
to our explanation, grain B is strained by changes in volume 
accompanying the eutectoid transformation. Therefore, 
movement of boundary towards approaching pearlite P 
may reduce strain energy. 


may reduce the strain energy. Strain induced 
grain boundary migration in high-purity Al has 
been described and discussed by Beck, Sperry and 


Hu [8]. 


Austenitizing of Pearlite 


On heating a material which had been completely 
transformed into pearlite a great number of germs 
of austenite are formed which coalesce into larger 
grains. 

We reheated the eutectoid steel, after it had 
been into pearlite, to a 
temperature just above the eutectoid temperature. 
It turned out that, as shown in Figure 8, the pear- 
lite starts to be absorbed by the austenite crystal 
from which it originated. At first, cementite 
lamellae remain within the retrans- 
formed austenite (Figures 8b and 8c). 

It can be seen from Figures 8 and 9 that the 
retransformed austenite crystal forms many twins. 


partially transformed 


undissolved 


Generally one colony of pearlite produces during 
transformation only one of the possible sets of 
spinel twins. Often, the number of twins which are 
formed at the austenite-pearlite interface during 
the initial stages of retransformation is of the same 
order of magnitude as the number of ferrite lam- 
ellae in the same area. During the growth of the 


Ny 
A B S=—p A 
a 


stent grall bo 


Figure 3a at a later moment 
line. FrGuRE 4.—Coherent tw 
where former twin Na b n located ts still visible, owt ¢ to insul 

DY dotted line 


grain boundaries indica 1 by dashed 


4 % 
i 
. 
2a 2b 
4 
Sa 3b 
ee \ 
40 
=. 
om / 
j 10 . 
\ A 4 AS 
4 
/ 
3c 
PLATE I. FiGure 2.—Origin of pearlite nodule 1) at boundal retwet stenite tn 
\ustenite grai FiGuRE 3.—Crossing of ndaries by pearlite coloni Bes 


itectoid 


just below the « 
at left bottom 
Pearlite colon, 


Sudden 


»pearlite transformatio1 
b) Pearlite invasion 
( 


. survey of austenite 
tween (a) and (f) 4 minutes. (a) Austenite matrix 
te grain boundary towards approaching pearlite 

in grains A and B of (a 
\t right bottom corner 


ment of austen 
ache Different rates of growth of same pearlite colony i1 
ge in direction of pearlite lamellae at boundary between grains B and C of 
uhampered crossing of austenite grain boundary by pearlite colony. At E, again, grain-boundary displace 
e) Coherent boundaries of twins T; and T> crossed by pearlite colonies 
f icf. (e)] ) Growth of auster 


ment towards approaching pearlite 
ferent rates of growth of same pearlite colony in grains B and C of (a g 


f) Dif 
ht increase of temper 


ite hy slig 


re 
4 
‘ 
- 
b 
U 
c qd 
j 
© 
I] FIGURE 
p ture 1¢ be 
aT 
878 


PLATE III. FiGure 6—Displacement of boundary between two au 
in the direction of approaching pearlite. Migrating boundary is hinder 
by arrow in (c). Dotted line indicates austenite pearlite boundary 


879 


ty 
b 
Cc d 
stenite {and B 


d 


8 


\ustenite grain A from thr ides invaded by pearlite, indicated as P;, P2 and P3. Part of austenite-pearlite 


Ee I\ FIGURE 8 bove the eutectoid temperature; time between 


indicated by dotte isformation of pearlite to austenite. Pearlite areas 7?;, P2 and Ps are 
ementite lamellae of P,; are clearly visible In P. tormatio of nearly 
his area. (c) and (d) Course of austenitizing process. Twins in area P, are 


have been retransformed in the same austenite orientatior 


6 
| | 
| 
880 


PLATE V. F1iGURE 9—(a) Austenite grain A with its twi 
grain A of (a) is reabsorbed by this grain. Retransformed a 
austenitizing process. During growth of retransformed auste 
at many spots and it does so in the orientation of the original grair 


10, 
j 
T 
o 
‘ 
: 
f ath T > 
b C 
¥ 
| 
~~ SVS € 
9 
transformatio b) Pearlite colony formerly grown into 
he same orientatio is tW l ( d ind (¢ Course of 
nh same orientation as tw l this austenite tw ns again 
1 of (a 
R88 


19054 

i 


RATHENAU anp BAAS: EU 


twins twinning back occurs and it does so in the 
orientation of the original austenitic crystal 
(Figures 8 and 9). Probably the generation of 
twins is to be explained by the hindrance of grain 
growth of the original austenitic grain by 
dissolved cementite. That set of twins might be 
chosen of which the boundary energy at the boun- 
dary of the yet undissolved cementite within the 
austenite region is minimum. It is not yet clear 
why the orientation of the secondary twins is 
always that of the original crystal. Burgers and 
co-workers [9] have described a similar phenomenon 
in which a twin of an aluminium crystal after its 


un- 


creation by ‘‘stimulated nucleation’”’ 
higher rate than the stimulating crystal. It might 
be worth while to investigate whether the rate of 
growth of the original Al crystal was hampered by 
insoluble impurities clinging to its boundary, and 
whether the nucleation of a twin at its surface was a 
relatively cheap way out to continue rapid grain 
growth. It is also conceivable that slip accompany- 
ing the transformation is at the base of the observed 
twinning, [10]. 
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LETTERS TO THE EDITOR 


The Influence of Aluminum on the 
Occupation of Lattice Sites in the TiAl 
Phase* 


During the course of the development of alloys 
based on the y-titanium aluminum (TiAl) phase, it 
was found desirable to know the effect of aluminum 
additions on the crystal structure of the alloy. The 
gamma-phase is stable from the equiatomic com- 
position (36 weight per cent aluminum) to 70 
atomic per cent aluminum (60 weight per cent) at 
the peritectic temperature of 1340°C [1].f At the 
equiatomic composition, stoichiometric TiAl, the 
structure is isomorphous with CuAu, an ordered 
face centered tetragonal [2; 3]. Coordinates of the 
atoms in the unit cell are as follows: 

Titanium atoms: (0,0,0), (1/2,1/2,0) 
Aluminum atoms: (1/2,0,1/2), (0,1/2,1/2) 
This gives a structure composed of alternate layers 

of titanium and aluminum atoms. 
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FicurE 1. The titanium-aluminum phase diagram. 

At aluminum compositions greater than the 
equiatomic composition, the lattice adjustment 
might involve: (a) breakdown of long range order, 
(6) preservation of long-range order but the evacu- 
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ation of titanium sites, (c) preservation of long- 
range order as much as permitted by the replace- 
ment of titanium atoms by aluminum atoms, 
(d) some compromise of (a) with (6) or (c). A 
quantitative study of the intensity of the diffrac- 
tion lines as a function of alloy content was selected 
as a method for determining by which of the alter- 
natives the lattice adjusts itself to the increasing 
aluminum content. A Norelco Geiger counter 
spectrometer with filtered characteristic copper 
radiation was used for this work. 

To provide a basis for comparison, the ratios of 
intensities of the (220) line to the (110) line were 
calculated for conditions (6) and (c). The calcula- 
tions were based on the standard intensity equation 
and included Lorentz and polarization factors, an 
absorption factor and an approximation of the 
Debye-Waller temperature factor. For the Norelco 
spectrometer, the Lorentz and polarization factors 
are identical to that for the conventional powder 
cameras. However, because the angle of incidence 
is equal to the Bragg angle, the absorption term is 
constant [4] and equal to 1/2 where uz is the absorp- 
tion coefficient. Atomic scattering factors were 
taken from a standard source [5]. Values for the 
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Lorentz and polarization factors and the mass 
absorption coefficients were taken from the Metals 
Reference Book [5]. In computation of terms, it was 
assumed that TiAl had lattice constants a = 3.978 
kX and c = 4.066 RX. Data from reference[1]showed 
that it was possible to assume lattice constants to be 
very nearly unchanged with increases in aluminum 
content. A characteristic temperature of 400°K was 
assumed to be reasonable, since TiAl has a single 
crystal structure and metallic properties. The 
characteristic temperatures of titanium and alu- 
minum [5] are 342° and 394°K, respectively. 
Powders were filed or crushed from homo- 
genized lump samples of alloys containing 36, 38, 
40, 42, 44, 46 and 48 weight per cent aluminum. 
The powders were sealed in Vycor bulbs and 
re-solution treated for 10 minutes at 1200°C and 


TABLE I 


COMPARISON OF OBSERVED AND CALCULATED LINE INTENSI- 
TIES IN THE PHASE TIAL 


Radio intensity (220) /(110) 
Atomic — — 
per cent 
Al Measured 


Calculated 


Al in Ti sites Vacant Ti sites 


50 .25 1.221 1.221 
52.1 

54.2 .50 

55 

56.2 

58.2 

60 

60.2 

62.1 

65 7 113.11* 
70 2.72 4.624 


*Ratio becomes infinite at 63.6 atomic per cent Al. 


water quenched. The powders were then screened 
through a 200-mesh screen before mounting in the 
specimen holder. 

The measured and calculated line intensity data 
are summarized in Table I and graphically pre- 
sented in Figure 1. The measured data unambigu- 
ously demonstrate that aluminum atoms replace 
titanium atoms on (0,0,0) or (3,3,0) sites but other- 
wise preserve long range order. Were a breakdown 
of long-range order to occur simultaneously, the 
curve of measured data would be expected to lie 
on a curve of generally steeper slope. 

The authors wish to express their appreciation 
to the Wright Air Development Center, U.S. Air 
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Diffraction Studies of Possible Ordering in 
a-brass*t 


Recently there has been some evidence to point 
to possible ordering in the a-brasses. Matsumoto, 
Saito, and Sugihara have concluded from their 
specific heat measurements that there is a pos- 
sibility of ordering in the a-brasses [1]. In particular 
they observed an anomally in the specific heat 
curves for the a-brasses for the temperature range 
from 200 to 260°C and explained these results 
upon the basis of a change in local or short range 
order in a-brass at these temperatures. In connec- 
tion with the study of radiation damage effects in 
a-brass ordering has been suspected. Rosenblatt 
has annealed 70-30 a-brass, previously annealed at 
350°C and cooled to room temperature, at 190°C 
for six weeks. He observed a decrease of .90+.03% 
in the electrical resistivity of a-brass measured at 
— 196°C after the anneal at 190°C [2]. 

A series of diffraction experiments was carried 
out to determine whether order in a-brass could be 
detected by this method. A single crystal of 70-30 
a-brass was cut on the (110) face and annealed at 
190°C for 6 [3]. This temperature 
chosen from examination of 


weeks was 


heat 


the specific 
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anomaly as the most likely temperature at which 
some degree of order would be produced. After 
this anneal the crystal was first examined with 
X-rays for possible superlattice reflections. Any 
appreciable long range order should easily be 
detected in a single crystal by the presence of 
superlattice reflections whose integrated reflections 
would be proportional to the square of the Bragg 
and Williams Long Range Order Parameter, S. 
Examination of the crystal with X-rays did not 
reveal such reflections. 

On comparing the structure factor of a super- 
lattice reflection to that of a fundamental reflection 
for the case of neutron diffraction one finds it to be 
10 to for 
case in 


about 100 times more favorable than 
the X-ray diffraction. The diffraction 
experiments were continued using neutron diffrac- 
tion techniques to detect the possibility of both 
long and short range order in a-brass, and maximum 
values were assigned to the degree of order in 
a-brass at 190°C. 

The single crystal was mounted in transmission 
and the counter slits were made large enough so as 
to include all the radiation scattered by the crystal 
as it passed through the Bragg position. The crystal 
was rotated such that the (110) family of planes 
reflected. In Figure 1 the solid curve is the observed 


OBSERVED SCATTERING (CORRECTED) 
-----— SCATTERING FOR PERFECT ORDER (S=!) 


COUNTS /MINUTE 


40° 
28 

Neutron scattering from a-brass minus back- 

and change in irradiated 

for perfect order, S = 1. 


FiGuRE l. 
ground corrected for absorption 
volume and predicted scattering 


neutron scattering from a-brass minus the back- 
ground with no sample in the beam in counts per 
minute, corrected for absorption and change in 
irradiated volume. The dashed curve indicates the 
expected (110) superlattice reflection for perfect 
long range order and the half wavelength compo- 
nent of the primary beam diffracted from the 
(220) fundamental reflection. The wavelength 
producing the observed peak at the (110) position 
was determined by observing the transmission of 
this reflection through a set of samarium filters. 
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Figure 2 


through Sm of a 1.08 A beam of neutrons contain- 


shows curves for the transmission 


ing varying percentages of half wavelength 
contamination. The open circles correspond to the 
observed transmission of the (110) reflection. The 
wavelength the (110) reflection is 
almost entirely due to half wavelength and at most 


about 1 per cent of the reflection is due to full 


producing 


TRANSMISSION 


— | 
20 «107° 
ATOMS OF Sm/cm? 


Ficure 2. Transmission through Sm filters of 1.08 A 
neutron beam containing varying percentages half wave- 
length contamination and observed transmission of (110) 
reflection. 


wavelength. The integrated (110) reflection due to 
full wavelength was found to be at most .13 per 
cent of the theoretical value for perfect order 
corresponding to a maximum value for S of .0365. 
The intensity of the main beam was observed and 
the integrated (110) reflection was computed using 
the coherent cross sections ¢,.o,(Cu) = 7.3 barns 
and ¢¢o,(Zn) = 4.1 barns and a Debye tempera- 
ture of 313°K. The observed (220) reflection was 
1.3 per cent larger than calculated by this method. 

In order to detect the possible short range order 
scattering from a-brass a careful examination was 
made of the diffuse scattering along the (110) 
direction of the crystal. This scattering was put in 
absolute units of barns/atom by standardizing 
diffuse intensities with vanadium. Figure 3 shows 
the observed diffuse scattering from 
Assuming the ordering process in a-brass and 
Cu;Au to be similar the diffuse scattering to be 
expected from a-brass for three temperatures 
above the critical temperature, T., was computed. 
Of the three computed curves the solid curve 
corresponds to the scattering from the short-range 
order expected for a temperature T = 1.02 T.., 
the curve with one dash to a temperature T=1.10 


a-brass. 


T., and the curve with two dashes to a temperature 


X des _| 
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with Rosenblatt’s results. A critical temperature as 


low as predicted would account for the difficulty 


of producing and detecting order in a-brass. 
D. T. KEATING 


Brookhaven National Laboratory 


BARNS /ATOM 


20° 
28 


FicurE 3. Diffuse scattering and expected short-range 
order scattering from a-brass using coefficients for T/T. = 1.02, 
1.10 and 1.26. 


T = 1.26 T,. These diffuse scattering curves were 
computed from Cowley’s short-range order co- 
efficients in Cu;Au for the temperature indicated 
[4] and the diffuse scattering equation 


Ipite Fine (Cu) + | inc (brass) — 7 Fine(Cu) } 


a a 


KZ, 


la ma 


Gimn exp + mhz + 


where o;,-(Cu) = .7 barn, and o;,,.(brass) =.586 
barn were used. 

The diffuse scattering and hence the short range 
order corresponding to the first two temperatures 
would probably be noticeable in the observed 
pattern. However, the scattering corresponding to 
the last temperature and hence the short range 
order is too small to be detected. The maximum 
amount of short range order in a-brass at 190°C 
is roughly that corresponding to a temperature 
1.26 or more T,. From this one would predict a 
critical temperature of about 95°C or lower. 

Order was not detected by diffraction techniques. 
A maximum value for S in a-brass at 190°C is 
.0365. Assuming the ordering in a-brass and Cu;Au 
to be similar the short range order present pro- 
bably does not exceed that expected to be present 
at a temperature of 1.26 7... The critical tempera- 
ture is probably 95°C or lower. Thus a small amount 
of order is permitted and probably would agree 


Upton, New York 
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The Superlattice in Sendust* 


The magnetic and electrical properties of iron 
rich Fe-Si-Al alloys have been studied in some 
detail, principally in Japan [1], in an attempt to 
discover suitable substitutes for high nickel alloys. 
In particular, the magnetic alloy Sendust, contain- 
ing 8-11% Si, 4.5-8% Al, exhibits peak initial and 
maximum permeabilities and lowest resistivity, 
magnetostriction and crystal anisotropy at a com- 
position close to 9.6% Si, 5.5% Al. From electrical 
and magnetic measurements, Yamamoto [1] con- 
cluded that a superlattice of the Fe;Al type is 
formed in Sendust cooled slowly from 900°C and 
that the disordered state is retained by quenching 
from around 600°C. Later X-ray work by Ogawa 
and Matsuzaki [2] confirmed that a superlattice 
Fe;(Si,Al) exists at room temperature in slowly 
cooled Fe-Si-Al alloys over a range of compositions. 
Up to the present time, however, no X-ray work 
appears to have been reported on other than slowly 
cooled alloys. 

Arising from work in these laboratories [3], a 
limited investigation has been undertaken to 
determine the transition temperature for the order- 
disorder transformation in Sendust. The material 
used was an alloy of composition by weight 9.7% 
Si, 5.5% Al, remainder Fe, corresponding to an 
atomic composition 15.4% Si, 9.4% Al, 75.2% Fe. 
The cast alloy was ground to powder of 300 mesh 
and then homogenised by heating for 3 hours at 
1000°C, after which a number of samples were 
enclosed in evacuated silica tubes and subjected to 
the following different heat treatments for subse- 
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quent X-ray examination (using unfiltered iron 
radiation): 

(a) Annealed for 24 hours at 900°C, furnace- 
cooled to 650°C, held at this temperature for 24 
hours and then furnace-cooled to room temperature. 

(6) Heated for 24 hours at 900°C and then oil- 
quenched. 

(c) Heated for 10 minutes at 1350°C and then 
water-quenched. 

In addition, diffraction patterns were obtained 
from a sample of the (as ground) cold-worked pow- 
der and from a specimen held at 900°C in a high- 
temperature camera during the course of the 
exposure. 

In all the 
centred cubic structure and exhibited the 111, 200, 
311, 222, 
Fe;Al type of superlattice as described by Bradley 
and Jay [4]. Since, for the X-ray wavelengths 
available, the scattering factors of iron and silicon 
are almost identical, it was not possible to deter- 
mine whether the atoms of these two elements 


cases, patterns indicated a face- 


331 and 420 lines corresponding to an 


take up ordered positions with respect to each 
other. 

The 3lla@ and 4008 reflections on some of the 
films were microphotometered and the relative 
peak intensities J, and half breadths B, are given in 
Table 1. 


TABLE 1 


MICROPHOTOMETER MEASUREMENTS 


Bs /Baoo 


Sample 


Anneated and furnace-cooled 1.0 
Oil-quenched from 900°C 0.9 
Water-quenched from 1350°C 1.0 
Cold worked (ground in ball 

mill) 


The lattice parameters at 24°C for the annealed 
and water-quenched samples were found to be 
5.6846 and 5.6854 + 0.0002 A respectively. 

The above observations lead to the following 
conclusions: 

(1) A superlattice of the Fe;Al type exists in 
Sendust after a wide variety of heat treatments, 
even including rapid quenching from a temperature 
close to the melting point (approximately 1400°C). 
The ordered structure is also maintained up to at 
least 900°C. 
critical temperature for the order-disorder trans- 


It therefore appears either that the 


formation lies very close to or above the melting 
point, as in Cu,Sb, or that the transformation 
cannot be suppressed by quenching. 

inten- 


(2) Quantitative measurements of line 


1954 


sities show that the superlattice lines decrease in 
intensity with cold work or rapid cooling from high 
temperatures. This is probably due to a reduction 
in the degree of order. Owing to uncertainties con- 
nected with extinction effects and the fact that 
Sendust is a ternary alloy, no attempt has been 
made to estimate the degree of order in the samples 
after the different treatments. 

An alternative explanation for the reduction in 
intensity of the superlattice lines could be that, on 
quenching, some of the sample transforms to a 
partially ordered superlattice with the FeAl type 
of structure, as in the binary Fe-Al system for 
aluminium in excess of 25 atomic per cent [4]. It 
seems unlikely, however, that this is the case 
because (a) the J22/J4q9 ratio decreases on quench- 
ing instead of increasing as in the Fe-Al system; 
(b) the Isoo/I229 ratio from visual inspection does 
not increase markedly, if at all; (c) the 311-reflec- 
tion is still present; and (d) the lattice spacing 
increases instead of decreasing. 

(3) The small increase in lattice parameter on 
quenching from 1350°C is with the 
interpretation placed upon the intensity measure- 
ments, viz., a reduction in the degree of order with 


consistent 


rapid cooling [5]. 

(4) Measurement of line breadths showed no 
appreciable increase in breadths of the superlattice 
lines compared with the main lines on quenching. 
Although the measurements had to be made at 
fairly low @ values (~35°), they indicate that no 
significant change from long range to short range 
order occurs on quenching. 

The authors desire to thank Mr. K. Bailey for the 
preparation and heat treatment of the samples of 
Sendust, and the Chief Scientist, Department of 
Supply, Australia, for permission to publish this 
note. 
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Grain Boundary Shear in Aluminum* 


Grain-boundary shear, as well as what appears to 
be alternate shear and grain boundary migration, 
has been observed in (99.995%) 
aluminum deformed in creep. 

Tricrystal test pieces, which had been grown 
from the melt, were used. They were 10 cm long, 
2 cm wide and 0.4 cm thick and were of the form 
shown in the heavy outline of Figure 1. In the 


high-purity 


FicureE 1. Front surface of tricrystal specimen (sche- 


matic). 


drawing AC and BD are the traces of the boun- 
daries subjected to shear when a tensile load is 
applied to the specimen. Points A and B are the 
ends of two mica inserts which were removed after 
the tricrystal was grown; the cuts at C and D were 
made with a fine saw. Before the specimens were 
tested, they were electropolished and scribed with 
a set of fine scratches to act as fiducial marks. 

In the preliminary tests seven specimens of the 
type shown tested. All had 
crystals oriented in the same way; the two outside 
crystals had a (100) direction parallel to the 


were component 
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the front 
surface: the centre crystal had a (110) direction 


specimen axis and perpendicular to 
parallel to the specimen axis and (100) perpendi- 
cular to the front surface. One complete boundary 
trace was observed through a window in the furnace 
and scratch positions were measured on either side 
of the boundary trace during the test. Specimen 
temperatures were kept at 550 + 2°C and the loads 
applied per unit boundary area under shear varied 
from 350 to 500 grams/cm?’, being constant for any 
one test. 

Observations 

All of the specimens tested showed appreciable, 
and approximately uniform, boundary shear along 
the central portion of the four boundary traces. 
Curves relating boundary shear with time, as 
measured on one boundary trace during the test, 
were obtained for four of the seven specimens 
tested. The major parts of the resultant curves were 
straight lines, indicating a constant rate of shear 
near 10-° mm/minute. Two of the four specimens 
showed a higher rate of shear in the early part of 
the test; the others remained essentially constant. 
The total average boundary shear of the four 
specimens ranged from 0.07 mm to 0.14 mm with 
deformation of the component crystals over the 
averaged region of the specimen being less than 
0.01 mm. Tests were continued for times ranging 
from 80 to 210 hours. 

All of the boundary traces observed appeared to 
show some evidence of boundary migration, either 
along their entire length or in isolated regions. The 
boundaries moved irregularly in a direction per- 
pendicular to the specimen axis away from the 
centre crystal, for distances which varied appre- 
ciably along any one boundary trace. It did not 
appear that they moved continuously since periodic 
traces of their position appeared to be left on the 
specimen surface. At each of these boundary traces, 
the fiducial mark showed a sharp discontinuity. 
From this it would appear that shearing of one 
crystal with respect to its neighbour took place by 
an alternate shear and boundary migration pro- 
cess. It is not clear whether shear actually stops 
when the boundary migrates or whether the rate 
of boundary movement is too rapid to observe any 
effect of the shear on the fiducial scratches. With 
magnifications of 1000 the scratch steps at the 
boundary traces still appeared sharp and the 
scratch segments between the trace lines straight. 
In several cases, near the end of the boundary 
where a few large steps were formed, it was clearly 
observed during the test that the first step appeared 
at the boundary, increased in size, and then stopped 
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increasing when a new boundary trace and subse- 
quent step appeared. 

Some of the observations discussed above are 
Figure 2 is a 


illustrated in Figures 2, 3 and 4. 
composite photograph of a specimen surface after 


deformation, in which the boundary traces are 
vertical. The positions of the horizontal fiducial 
scratches are indicated by the arrows. The right 
boundary has sheared, as shown by the steps in 
the scratches crossing it, but shows little boundary 
migration. The entire left boundary on the other 
hand has migrated as well as sheared. Figure 3 is a 
more detailed picture of this boundary at one 
scratch showing the steps in the scratch. Figure 4 
is a photograph of another specimen showing boun- 
dary migration similar to that of Figure 2, in which 
the lower part of the specimen has been etched. 
Initially the boundary trace was a straight line at 
1, which on the etched portion is shown to be at 2, 
the final boundary position. 

Figure 3 also shows families of fine lines of 
varying length inclined to the boundary traces. 
These lines are confined nearly entirely to the sur- 
face between the initial and final boundary. It is 
believed that these are traces of slip lines of {111} 
planes because of their regularity and direction. 

The observed behaviour of the boundaries under 
shear suggests that a mechanism analogous to the 
“strain induced boundary migration’’ described 
by Beck [1], could be operative. In the present 
investigation the boundaries subjected to shear 
were not microscopically straight. As a result, 
when shear took place, strains would be introduced 
in the component crystals in the vicinity of the 
boundary, a preponderance of this strain probably 
being confined to the crystal more favourably orient- 
ed for deformation to take place. Following Beck’s 
mechanism, when the difference in strain of the 
crystals at the boundary becomes sufficiently 
large, the boundary will move in such a manner 
that the less strained crystal will grow at the 
expense of its more highly strained neighbour, 
stopping when it has swept through thestrained 
region. Further shear would then take place at this 
new boundary position and the process would be 
repeated. 

This could then account for the periodicity of 
the boundary shear and migration process observed. 
[It could also account for the irregular shape of the 
boundary traces, the orientation of the material 
swept through by the boundary, and that occasion- 
ally no boundary movement occurs on segments of 
the initial boundary when sheared. The slip lines 
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observed above could be a manifestation of the 
strains in the vicinity of the boundary produced 
during shear. 

A more extensive investigation is under way in 
which it is hoped to obtain more complete data on 
the reproducibility of boundary shear rates, as 
well as the dependence of shear rates on tempera- 
ture, stress, and relative orientation of the crystals 
forming the boundary. 

This paper was published by permission of the 
Deputy Minister, Department of Mines and Tech- 
nical Surveys, Ottawa, Ontario. 


F. WEINBERG 


Physical Metallurgy Division, Mines Branch, 
Department of Mines and Technical Surveys 
Ottawa, Ontario, Canada 
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Equilibrium Segregation of Silicon at Grain 
Boundaries in Nickel-Iron-Copper- 
Molybdenum Alloys* 


In a study of the microstructures of high- 
purity nickel-iron-copper-molybdenum soft mag- 
netic alloys it has been noticed that etching effects 
occur which closely resemble those reported by 
Perryman [1] for tin bronzes. 

A number of alloys containing between 0.01 and 
0.03% silicon have been examined microscopically 
after various heat treatments. The nominal com- 
position of the alloys was 77% Ni, 14% Fe, 5% Cu, 
4% Mo. Spectrographic analysis showed that the 
strongest impurity was silicon. Other impurities 
were manganese and magnesium, about 0.005% of 
each being present in all alloys. 

Specimens were prepared for microscopical 
examination by chemical polishing and electrolytic 
etching under standard conditions. The polishing 
bath contained 20 ml acetic, 10 ml nitric, and 4 ml 
hydrochloric acid; for electrolytic etching, a bath 
of 20% (by volume) sulphuric acid was used with a 
potential difference of 3 volts. 

The first evidence of equilibrium segregation was 
found in specimens annealed in pure hydrogen at 
1050°C for three hours and furnace-cooled. The 
intensity of etching increased with silicon content, 
and within any particular specimen varied greatly 
from one grain boundary to another (Figure 1). 


*Received May 15, 1954. 
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Twin boundaries were very lightly etched indeed 
and were frequently observed only through relief. 


If specimens in this condition were heated to 
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800°C for ten minutes and quenched in hydrogen, 
these effects could be largely, but not entirely, 
suppressed. (Quenching from 700°C did not pro- 
duce suppression.) They returned, however, after 
reheating to 600°C. In a specimen containing 0.02% 
silicon grain boundary segregation could be de- 
tected after twenty minutes and was quite pro- 
nounced after one hour. 

The explanation of these effects seems to be that 
the equilibrium concentration of silicon is higher 
at the boundaries than in the crystals themselves, 
especially at temperatures below 800°C. The nature 
of the etching suggests that the concentration of 
silicon at a boundary depends on the disorientation 
between the grains meeting at the boundary. 


R. E. S. WALTERS 


Post Office Engineering Dept. 
Research Branch, 
Dollis Hill, 


London, England 
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BOOK REVIEW 


Procedures in Experimental Metallurgy 


by Seybolt and Burke. New York: John Wiley 
and Sons Inc. 

When, in 1939, Strong’s book— Procedures in Ex- 
perimental Physics—was published, several direc- 


tors of research laboratories remarked that this 
was the most valuable book to their organizations 
that had appeared for many years. The companion 
volume by Seybolt and Burke for men working 
with metals is in the same category. It is certain 
to save hours, weeks or months of labor for count- 
less graduate students and research men in indus- 
trial and governmental laboratories concerned with 
studies of metals. While the authors state that it 
was written for physicists and physical chemists 
or other investigators new to the study of metals, 
there will be few metallurgists who cannot also 
get new ideas on experimental techniques from the 
volume. 

The chapter headings indicate the scope of the 
book: (1) Methods of Obtaining High Tempera- 
tures; (2) Measurement of High Temperatures; 
(3) Control of Temperature; (4) Refractories; 
(5) Controlled Atmospheres; (6) Vacuum Systems; 
(7) Melting and Casting; (8) Heat Treating 
Techniques; (9) Fabrication of Metals; (10) Pow- 
der Metallurgy; (11) Preparation of Pure Metals 


and (12) Preparation of Metal Single Crystals. 

The book aims at helping the experimentalist 
decide on the best experimental procedure by 
informing him of the pitfalls and difficulties of 
several approaches and methods of overcoming 
these troubles. In several months use of the book 
and discussions with other users of the book, I 
have found that everyone has been helped with 
ideas from this book. At times, additional ideas 
have appeared from other sources but even in 
these cases, the book must be credited with a 
stimulation effect. 

Two of the most useful items in the book are a 
table on the properties and applications of ceramic 
materials and a table on commercially available 
pure metals, with their sources identified. 

The only criticism is that the details of many 
operations are omitted or given in too brief a 
form. For example, if you wish to know how to 
make a high-frequency coil with flattened copper 
tubing, this book will not help you. The research 
worker or experimentalist gets a lot of help but in 
general he is still going to have to conquer the bugs 
that differentiate between a successful procedure 
and one that, for him, does not work. 


R. M. Brick 
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